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PREFACE 


The  current  excitement  in  the  scientific  community  about  the  III-V 
nitrides  was  reflected  in  this  First  International  Symposium  on  Gallium 
Nitride  and  Related  Materials  (ISQN-1).  The  symposium  consisted  of  nine 
half-day  oral  sessions  (25  invited  and  54  contributed  talks)  and  four  poster 
sessions  (113  presentations).  The  attendance  was  very  high  for  all  sessions, 
with  an  estimated  peak  of  over  550  attendees  at  one  of  the  sessions. 

The  symposium  reflected  the  large  amount  of  work  that  has  taken  place 
since  the  field  exploded  about  two  years  ago  with  the  announcement  of 
commercial  blue  light  emitting  devices.  The  invited  talk  program  was 
designed  to  give  a  thorough  review  of  the  state  of  the  art  in  the  field.  The 
large  number  of  contributions,  in  the  form  of  talks  and  poster  presentations, 
showed  much  progress  in  understanding  lU-V  nitrides,  and  in  the  production 
of  optoelectronic  devices  based  on  these  materials.  These  proceedings 
represent  the  current  state  of  understanding  in  the  field,  reflecting  about 
75%  of  the  work  presented  at  the  symposium. 

The  procedures  for  the  second  gathering  in  this  series  was  decided 
during  the  week  of  the  symposium.  It  was  agreed  that  every  effort  should  be 
made  to  unify  the  community.  The  suggestion  of  the  Japanese  delegation 
was  to  unite  the  efforts  of  the  ISQN-1  with  those  of  the  Topical  Workshop  on 
QaN,  held  in  Nagoya  in  October  1995,  and  to  produce  a  single  unified 
international  conference  series  with  the  second  meeting  to  be  held  in  Japan 
in  1997.  It  was  decided  that  this  series  of  meetings  would  alternate  between 
the  United  States,  Japan  and  Europe.  Thus,  the  Second  International 
Conference  on  Nitride  Semiconductors,  ICNS'97,  is  currently  being  planned 
to  be  held  in  Tokushima,  Japan,  in  October  1997,  and  will  be  chaired  by 
Professor  I.  Akasaki,  and  organized  together  with  Professors  S.  Yoshida,  S. 
Sakai,  R.  Kishino,  S.  Nakamura,  and  K.  Hiramatsu. 

It  is  with  much  enthusiasm  for  the  future  of  III-V  nitrides  that  we  present 
these  proceedings  for  publication  by  the  Materials  Research  Society. 


F.  A.  Ponce 

R.  D.  Dupuis 

S.  Nakamura 
J.  A.  Edmond 

December  1995 
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Crystal  Growth  >  Substrates  and  Early  Stages 


ISSUES  AND  EXAMPLES  REGARDING  GROWTH  OF  AIN,  GaN  AND 
AlxGai.xN  THIN  FILMS  VIA  OMVPE  AND  GAS  SOURCE  MBE 


Robert  F.  Davis,  T.  W.  Weeks,  Jr.,  M.  D.  Bremser,  S.  Tanaka  ,  R.  S.  Kern, 

Z.  Sitar,  K.  S.  Alley,  W,  G.  Perry  and  C.  Wang 

North  Carolina  State  University,  Department  of  Materials  Science  and  Engineerins 
Raleigh,  NC  27695-7907 


ABSTRACT 

Organometallic  vapor  phase  epitaxy  (OMVPE)  and  molecular  beam  epitaxy  (MBE)  are  the  most 
common  methods  for  the  growth  of  thin  films  of  AIN  and  GaN.  Sapphire  is  the  most  common 
substrate,  however,  a  host  of  materials  have  been  used  with  varying  degrees  of  success  Both 
growth  techriiques  have  been  employed  by  the  authors  to  grow  AIN,  GaN  and  AlxGai-xN  thin 
films  primarily  on  6H-SiC(0001).  The  mismatch  in  atomic  layer  stacking  sequences  along  the 
growth  direction  produces  double  positioning  boundaries  in  AIN  and  the  alloys  at  the  SiC  steps; 
this  sequence  problem  appears  to  discourage  the  two-dimensional  nucleation  of  GaN  Films  of 
these  materials  grown  by  MBE  at  650°C  are  textured;  monocrystalline  films  are  achieved  between 
850  C  (pure  GaN)  and  1050°C  (pure  AIN)  by  this  technique  and  OMVPE.  Donor  and  acceptor 
doping  of  GaN  has  been  achieved  via  MBE  without  post  growth  annealing.  Acceptor  doping  in 
CVD  material  requires  annealing  to  displace  the  H  from  the  Mg  and  eventually  remove  it  from  the 
material.  High  brightness  light  emitting  diodes  are  commercially  available;  however,  numerous 
concerns  regarding  metal  and  nitrogen  sources,  heteroepitaxial  nucleation,  the  role  of  buffer  layers, 
surface  migration  rates  as  a  function  of  temperature,  substantial  defect  densities  and  their  effect  on 
film  and  device  properties,  ohmic  and  rectifying  contacts,  wet  and  dry  etching  and  suitable  gate  and 
field  insulators  must  and  are  being  addressed.  Selected  issues  surrounding  the  growth  of  these 
matenals  with  particular  examples  drawn  from  the  authors’  research  are  presented  herein. 

DISCUSSION  OF  III-N  DEPOSITION  ISSUES 

The  growth  of  III-N  thin  films  have  been  achieved  primarily  via  several  configurations  of 
organometallic  vapor  phase  epitaxy  (OMVPE)  [1-7]  and  molecular  beam  epitaxy  (MBE)  [8-14], 
There  are  numerous  growth-related  issues  both  generally  and  specifically  associated  with  each  of 
these  techniques  which  have  and  continue  to  emerge  and  receive  attention.  These  problems  have 
not,  however,  been  sufficiently  deleterious  to  prevent  the  development  and  commercialization  of 
very  bright  light  emitting  diodes  over  a  wide  range  of  wavelengths  (see  e.g.,  [15])  and  the 
fabrication  of  field  effect  transistors  with  good  properties  [16]. 

The  most  substantive  issue,  at  present,  is  the  lack  of  single  crystal  nitride  wafers. 
Sapphire(OOOl)  is  the  most  commonly  used  substrate.  However,  its  lattice  parameters  and 
coefficients  of  thermal  expansion  are  substantially  different  from  that  of  any  of  nitrides.  The  same 
is  true  for  GaAs  and  Si  which  have  also  been  employed;  only  SiC  and  AIN  have  atom-atom 
distances  in  the  closest  packed  planes  which  differ  by  ~l%-a  not  insignificant  amount.  These 
differences,  the  termination  of  sapphire  with  O,  the  likelihood  of  a  larger  surface  energy  for  AIN 
(and  perhaps  for  GaN)  than  for  sapphire,  the  differences  in  stacking  sequences  along  [0001] 
between  SiC  and  the  nitrides  and  the  formation  of  strong  Si-N  bonds  on  Si-terminated  SiC(OOOl) 
surfaces  make  difficult  the  nucleation  of  AIN  and  AfyGai.xN  alloys  on  sapphire  and  GaN  on  all 
substrates  at  high  temperatures. 

It  has  been  shown  by  Yoshida  [17]  and  by  Amano  et  al.  [18]  for  MBE  and  OMVPE  growth, 
respectively,  of  GaN  on  sapphire  that  a  thin  AIN  buffer  layer  deposited  initially  at  low  temperature 
improves  the  microstructure  and  reduces  the  n-type  electrical  conductivity  of  the  undoped  GaN 
The  AIN  is  amorphous  or  partially  crystalline  when  deposited  via  OMVPE  and  some  MBE 
g-ocesses;  annealing  results  in  crystallization.  However,  as  shown  by  Hiramatsu  et  al.  [19]  and 
Qian  et  al.  [20],  the  resulting  films  are  preferentially  oriented  along  [0001],  misofiented  by  <3*^  in 
the  basal  plane  and  contain  low-angle  boundaries.  The  initial  crystallites  of  the  GaN  epilayer 
reportedly  undergo  geometric  selection  via  grain  orientation  competition  until  an  oriented  domin 
structure  emerges,  as  shown  in  Fig.  1  [19].  The  same  is  believed  to  be  true  for  GaN  buffer  layers 
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(1)  AIN  buffer  layer 


Figure  1.  Growth  sequence  of  GaN  films  deposited  on  AIN  previously  deposited  on  sapphire 
(from  Ref.  19). 

deposited  at  similar  temperatures  on  sapphire  [21,  22]  using  the  s^^^^^^^sp^ctive  de^^^ 
techniques.  The  orientation  relationships  after  annealing  are  AlN/GaN(0001)i|Al203(0001)  aiid 
AlN/GaN[i2i0]llAl2O3  [lOlO].  This  two-step  approach  has  been  adopted  almost  universally  for 
OMVPE  and  MBE  deposition  on  sapphire.  .  ^ 

In  contrast,  Weeks  et  al.[7]  have  shown  that  AIN  or  GaN  deposited  via  OMVPE  on  6H- 
SiC(OOOl)  wafers  in  the  range  of  500-950°C  resulted  in  random  polycrystalline  material,  with  the 
GaN  being  electrically  conductive.  The  sequential  deposition  of  AIN  or  AlxGai-xN  and  GaN  at 
>1100°C  and  lOSO^C,  respectively,  on  this  substrate  resulted  in  monocrystalline  and  electrically 
insulating  films  of  all  materials.  However,  defects  form  at  the  SiC  steps  as  a  result  of  different 
metal/nonmetal  stacking  arrangements  along  [0001]  in  the  SiC  and  the  AIN  (or  iMxGai-xN  alloys), 
as  described  below.  This  is  likely  to  be  even  more  serious  at  a  SiC/GaN  interface  because  of  the 
larger  atom-atom  distance  in  the  GaN.  This  may  be  the  primary  factor  which  tends  to  discourap 
the  nucleation  of  GaN  on  SiC  to  a  greater  degree  than  AIN.  That  this  is  true  is  indicated  by  the 
research  of  Hughes  et  al.[14]  who  employed  GaN(OOOl)  films  deposited  via  OMVPE  on  6H- 
SiC(OOOl)  as  the  substrate  for  subsequent  MBE  growth  of  GaN  in  the  temperature  range  or  600- 
800°C  The  structural  and  optical  properties  of  the  MBE  GaN  were  improved  relative  to  that 
grown  on  AIN  at  the  same  temperature  via  this  process;  however,  the  growth  rate  was  markedly 
less  (-0.25  iim/hr)  than  normally  achieved  via  OMVPE.  u  ^  * 

The  difficulty  of  achieving  two-dimensional  nucleation  on  GaN  may  also  be  caused  by  the  tact 
that  6H-SiC(0001)  has  the  lower  surface  energy.  If  the  sum  of  the  surface  energy  of  the  substrate 
and  that  of  the  substrate/film  interface  (usually  the  much  smaller  quantity)  is  less  th^  the  surface 
energy  of  the  film,  the  film  will  undergo  nucleation  of  three  dimensional  islands  which  will 
continue  to  grow  as  islands  until  material  fills  the  spaces  between  them.  The  resulting  film  is 
almost  invariably  strongly  textured  and  polycrystalline,  at  least  at  the  outset  of  growth.  The 
present  authors  have  found  that  the  addition  of  five  per  cent  (the  lowest  concentration  so  far 
investigated)  or  more  of  AIN  to  GaN  results  in  the  nucleation  of  two-dimensional  islands  directly 
on  the  SiC  substrates  at  a  growth  temperature  >1050°C.  As  in  the  case  of  pure  AIN,  these  islands 
quickly  coalesce  and  the  mode  of  growth  changes  to  layer-by-layer.  This  indicates  that  the  addition 
of  the  AIN  lowers  the  surface  energy  of  the  film  below  that  of  the  SiC.  This  is  unlikely  to  be 
caused  by  the  small  reduction  in  lattice  parameter  which  is  affected  by  the  addition  of  the  AIN. 

Finally,  it  is  also  likely  that  the  rates  of  desorption  of  Ga  and  N  from  foreign  surfaces  and/or 
the  rate  of  decomposition  (sublimation)  of  islands  of  GaN  at  elevated  temperatures  markedly 
exceed  those  from  the  surface  of  a  contiguous  two-dimensional  GaN  film.  Thus,  while  nucleation 
is  difficult  the  growth  of  a  two-dimensional  GaN  film,  having  formed,  is  more  easily  facilitated 
even  at  T>1000“C.  These  phenomena  would  be  closely  coupled  with  the  much  lower  bond  energy 
of  GaN  relative  to  AIN  which  does  not  sublime  at  the  temperatures  used  for  thin  film  growth  of 
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either  material.  This  would  explain  the  difficulty  of  achieving  nucleation  on  any  substrate  (except 
another  nitride)  at  elevated  temperatures. 

Given  the  situation  described  in  the  previous  paragraph,  it  is  not  surprising  that  there  is 
considerable  research  to  lower  the  nitride  film  growth  temperature,  to  improve  the  rate  of 
nucleation  and  to  reduce  the  surface  volatility  but  achieve  monocrystalline  nitride  films.  This  is 
especially  true  for  GaN,  InN  and  their  alloys.  This  is  usually  manifest  in  the  use  of  various  plasma 
techniques  to  decompose  one  or  more  of  the  reactants  in  both  OMVPE  and  MBE  processes. 
However,  surface  migration  rates  of  the  reactant  species  and/or  their  products  diminishes 
exponentially  with  substrate  temperature,  and  this  reduction  in  thermal  energy  may  not  be  fully 
compensated  by  energetic  reactants  from  the  plasma  or  ion  bombardment  of  the  surfaces,  even  it 
were  desired.  This  invariably  results  in  textured  polycrystalline  films.  High  temperature  growth 
should  result  in  monocrystalline  films.  A  negative  factor  in  the  case  of  SiC  substrates  is  that  the 
larger  coefficient  of  thermal  expansion  of  the  nitrides  relative  to  SiC  often  results  in  cracking  of 
thick  (>  5|i.m)  nitride  films.  This  potential  for  cracking  is  increased  with  an  increase  in  growth 
temperature  on  this  substrate.  A  final  factor  which  tends  to  discourage  low  temperature  growth  is 
the  dramatically  reduced  rate  of  the  decomposition  of  ammonia,  the  principal  N  source  in  OMVPE 
and  therefore,  the  reduced  rate  of  thin  film  growth.  Additional  concerns  regarding  ammonia  under 
particular  growth  situations  are  noted  below. 

The  conversion  of  Si  and  GaAs  to  a  SixNy  material  and  GaN,  respectively,  have  also  been 
employed  with  marginal  success,  relative  to  the  use  of  sapphire  and  SiC.  The  reasons  for  this  lie 
in  the  material  which  is  formed  and  it  relationship  either  to  the  subsequently  grown  GaN  film  or  the 
underlying  substrate.  The  SixNy  material  is  amorphous  which  compounds  the  problem  of 
nucleation  of  a  monocrystalline  III-N  film.  By  contrast,  GaN  forms  on  the  GaAs;  however,  the 
mismatches  in  the  lattice  parameters  and  coefficients  of  thermal  expansion  are  considerable  and 
veiy  high  densities  of  line  and  planar  defects  (especially  if  cubic  GaN  is  formed)  and  significant 
stresses  occur  in  the  film  at  temperature  and  on  cooling.  Moreover,  the  temperatures  of  significant 
vaporization  of  As  from  GaAs  as  well  as  the  components  of  ZnO  are  well  below  the  desired 
growth  temperatures  for  AIN,  GaN  and  most  of  the  III-N  alloys. 

Another  topic  of  considerable  concern  and  debate  is  the  choice  of  metal  and  N  sources.  A  host 
of  metal  sources  have  been  examined  for  use  in  OMVPE  and  MOMBE,  again  commonly  to  reduce 
growth  temperature  or  enhance  nucleation.  However,  trimethyl-  or  triethyl-  species  remain  the 
sources  of  choice  because  of  purity  and  availability.  Ammonia  is  the  leading  nitrogen  source  for 
OMVPE  and  MOMBE.  However,  several  interesting  challenges  are  encountered  in  the  use  of  this 
gas  for  the  growth  and  doping  of  the  nitride  films.  One  of  these  is  encountered  in  low  temperature 
growth  such  as  might  be  used  for  MOMBE  and  for  some  of  the  studies  noted  above.  By  analogy 
with  GaAs-based  materials,  the  presence  of  As  on  the  growing  surface  assists  in  the  decomposition 
of  the  Ga(or  other  metal)-containing  metallorganics,  and  the  surface  mobilities  of  both  Ga  and  As 
are  sufficient  such  that  low  temperature  growth  of  monocrystalline  films  is  readily  achieved. 
However,  the  N  on  the  growing  surface  of  GaN  (or  other  nitrides)  films  does  not  assist  in  the 
decomposition  of  the  metallorganics,  at  least  to  anywhere  near  the  degree  that  As  does  in  GaAs. 
Thus,  to  achieve  respectable  rates  of  film  growth,  one  must  elevate  the  substrate  temperature  to 
greater  than  800°C.  As  such,  the  temperature  of  MOMBE  and  gas  source  MBE  of  the  nitrides  are 
approaching  those  of  MOCVD  as  a  function  of  time. 

In  previous  times  of  intense  study  of  III-N  film  growth,  oxygen  doping  via  the  thermal 
decomposition  of  water  vapor  contained  in  the  ammonia  and  the  formation  of  H-Mg  complexes 
(and  those  of  other  p-type  dopants  such  as  Zn)  on  the  growing  surface  of  GaN  (and  very  likely  on 
other  nitrides)  were  a  significant  problem  in  MOVPE  and  the  metal  hidride  process  routes.  The 
ammonia  produced  at  this  writing  is  significantly  cleaner  than  even  that  produced  even  three  years 
ago,  but  continued  reduction  in  water  vapor  must  be  achieved  and  new,  more  effective  purifiers  for 
this  gas  must  be  developed.  The  problem  of  the  formation  of  H-Mg  complexes  is  much  more 
difficult,  as  the  reactive  H  from  the  ammonia  will  always  be  on  the  surface  at  the  sites  of  thermal 
decomposition.  The  use  of  H  scavengers  such  as  Cl  would  result  in  significant  etching  of  the 
growing  film.  As  such,  the  use  of  species  containing  both  N  and  the  desired  metal  species  as 
single  source  dopants  well  as  RF  plasma  decomposition  of  N2  have  been  and  continue  to  be 
studied  in  attempts  to  surmount  the  aforementioned  difficulties  with  ammonia  in  MOVPE 
deposition  processes. 
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In  contrast  there  has  been  a  concerted  effort  to  avoid  the  use  of  ammonia  in  MBE  deposition. 
Electron  cyclotron  resonance  (ECR)  plasma  units  and  a  growing  number  of  RE  plasma  systems 
are  at  present,  the  most  commonly  used  for  producing  reactive  nitrogen  species.  However,  film 
damage  from  these  energetic  N  sources  is  being  reported  with  greater  frequency  Modifications  to 
the  MBE  system  including  positively  charged  grids  surrounding  the  substrate  and  shrouds  adjacent 
to  the  ECR  source  to  deflect  the  energetic  species  have  been  used  with  success.  Azides  have  also 
been  used;  however,  due  to  their  considerable  instability,  this  employment  is  not  likely  to  grow. 
As  such,  and  despite  the  aforementioned  problems,  the  use  of  ammonia  for  MBE  growth  is  being 

more  frequently  reported.  ..  .  . ,  •  i  ■  i  i 

The  following  sections  describe  research  in  MBE  and  OMVPE  of  nitrides  within  the  authors 

laboratories  which  is  pertinent  to  some  of  the  topics  noted  above. 

EXPERIMENTAL  PROCEDURES 
Molecular  Beam  Epitaxy 

Films  of  AlNfOOOl)  have  been  deposited  at  NCSU  in  the  range  650-1050“C  on  vicinal  a(6H)- 
SiC(OOOl)  cut  toward  <1120>  and  at  650°C  on  sapphire.  The  substrates  were  degrease^ 
dipped  into  a  10%  HE  solution  to  remove  the  thermally  grown  oxide  layer,  placed  in  the  MBE 
system  having  a  base  pressure  of  >10-9  jorr  and  desorbed  at  700-1000  C  prior  to  deposition. 
Reactive  nitrogen  species  were  produced  from  purified  N2  in  a  compact  ECR  plasma  source  at  a 
pressure  of  »1  5x10-4  Xorr  and  50  -100  W.  Aluminum  (99.999%  pure)  was  evap^orated  from  a 
Lndard  effusion  cell  held  at  1260‘^C.  The  growth  rate  was  -  60  nm/min.  Films  of  GaN  have  been 
deposited  on  -15  nm  AIN  buffer  layers  at  substrate  temperatures  in  the  range  of  650  -  850  C  using 
Ga  evaporated  at  990°C  and  a  similar  ECR-derived  source  of  N  The  growth  rates  (M 
thicknesses)  of  the  AIN  buffer  layers  and  the  GaN  films  were  1000  Mr  (150-200  A)  ^^0 
Mr  (4000-5000  A),  respectively.  Donor  and  acceptor  doping  of  the  GaN  were  achieved  by  the 
evaporation  of  Si  or  Ge  and  Mg,  respectively.  No  post-growth  annealing  was  necessary  to  achieve 
p-type  character. 

Organometallic  Vapor  Phase  Epitaxy 

Buffer  layers  and  films  of  AlN(OOOl)  and  GaN(OOOl),  respectively,  as  well  as  Al^^Gai.xN  alloy 
films  have  been  grown  via  this  technique  only  on  vicinal  6H-SiC(0001)  wafers  held  on  a  SiC- 
coated  graphite  susceptor  contained  in  an  RF  heated,  cold-wall,  vertical,  pancake-style  diffusion 
pumped  deposition  system.  The  continuously  rotating  susceptor  was  heated  to  the  AIN  deposition 
temperature  of  1 100°C  in  3  SLM  of  flowing  H2  diluent.  Hydrogen  was  also  used  as  the  carrier 
gas  for  the  various  metalorganic  precursors.  Deposition  of  -100  nm  AIN  was  initiated  by 
triethylaluminum  (TEA)  and  ammonia  (NH3)  into  the  reactor  at  23.6  ^lmol/mln  and  1.5  SLM 
respectively.  The  system  pressure  was  45  Torr.  The  TEA  flow  was  subsequently  te^nated  tl^ 
substrate  temperature  decreased  to  950°C  and  the  system  pressure  increased  to  90  Toir  for  GaN 
growth  The  flow  rate  of  triethylgallium  (TEG)  was  maintained  at  24.8  pmol/min.  The  growth 
rate  for  GaN  was  -0.9  ^inVhr.  The  AlxGai.xN  alloys  were  achieved  by  changing  the  ratios  of  the 
flow  rates  of  the  A1  and  Ga  metallorganics  while  keeping  the  ammonia  flow  rate  constant.  Silicon 
doped  n-type  GaN  and  AlxGai-xN  were  achieved  via  the  addition  of  S1H4  (8.2  ppm  in  a  balance  of 
N2)  at  flow  rates  between  0.05  nmol/min  and  15  nmol/min.  Magnesium  doped,  p-type  sarriples 
of  GaN  were  accomplished  via  the  incorporation  of  bis-cyclopentadienylmagnesiu^^ 
flow  rate  of  0.2  pmol/min.  The  latter  were  subsequently  annealed  at  700  C  and  900  C  at  700  Torr 
in  3  SLM  of  N2  for  20  minutes  at  each  temperature. 

Characterization 

The  structural,  microstructural,  optical  and  electrical  characteristics  of  the  epitaxial  A.1N  and/or 
the  GaN  thin  films  and  those  of  the  alloys  were  analyzed  using  scanning  electron  microscopy 
(SEM),  conventional  and  high  resolution  transmission  electron  microscopy  (TEM^  douWe-c^ 
x-ray  rocking  curve  (DCXRC)  measurements  and  photoluminescence  (PL)  (15  mW  H^-Gd Jasw  (l 
=  325  nm))  It  8K  (GaN  only).  Each  TEM  sample  was  examined  along  either  the  <1100>  or  the 
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<2110>  zone  axes  to  observe  the  structure  of  the  substrate  surface  or  the  deposited  films, 
respectively.  Thermally  evaporated  A1  served  as  the  ohmic  contacts  for  the  electrical  measurements 
of  the  GaN. 

RESULTS  AND  DISCUSSION 
Aluminum  Nitride 


The  monocrystalline  AIN  grown  on  both  vicinal  and  on-axis  6H-SiC(0001)  surfaces 
simultaneously  at  1050°C  using  MBE  received  extensive  examination  via  HRTEM  in  terms  of 
initial  growth  mode  and  interface  defects.  It  is  believed  that  these  results  are  similar  for  the  AIN 
films  deposited  via  OMVPE  at  1 100°C.  All  films  exhibited  a  sh^  interface.  Essentially  atomically 
flat  AIN  surfaces,  indicative  of  the  two  dimensional  growth  discerned  in  earlier  NCSU  research 
were  obtained  using  on-axis  substrates.  Island-like  and  'valley'  features  were  observed  on  the 
vicinal  surface,  as  shown  in  Fig.  2.  The  latter  formed  perpendicular  to  the  substrate  surface  when 
the  boundaries  of  coalescence  between  the  island-like  areas  occurred  at  a  step  due  to  the 
misalignment  between  the  islands.  Coalescence  via  two-dimensional  growth  of  the  islands  features 
at  Si/C  bilayer  steps  gave  rise  to  double  positioning  boundaries  (DPBs)  as  a  result  of  the 
misalignment  of  these  steps  with  the  AIN  bilayers  in  the  growing  film.  The  film  thickness  within 
these  features  varied  from  3-4  to  7-8  Al/N  bilayers.  The  quality  of  thicker  AIN  films  was  strongly 
influenced  by  the  concentration  of  DPBs  formed  at  the  outset  of  growth,  as  shown  by  the  low 
angle  boundaries  oriented  perpendicular  to  the  growth  surface  in  Fig.  3.  No  other  line  or  planar 
defects  were  observed.  The  films  deposited  on  sapphire  at  650°C  were  columnar  but  with  a  smooth 
surface.  The  RHEED  patterns  of  the  final  surfaces  were  highly  streaked  with  easily  observed 
Kikuchi  lines.  The  potential  for  AIN  as  an  active  electronic  semiconductor  materials  is  considerable 
and  is  enhanced  by  the  availability  of  SiC  substrates.  However,  research  regarding  the  optimum 
growth  conditions  and  the  repetitive  achievement  of  n-  and  p-type  doping  are  necessary  before  the 
material  can  be  considered  as  a  host  for  active  devices. 

The  characteristics  of  the  AIN  films  deposited  via  MOVPE  on  6H-SiC  were  essentially  the 
same  in  the  first  several  monolayers  in  microstructure  and  surface  smoothness  as  those  deposited 
via  GSMBE.  The  double  position  boundaries  observe  in  Fig.  2  stopped  after  a  few  tens  of 
monolayers,  and  growth  to  >1000  A  resulted  in  the  much  improved  films  suitable  for  the 
deposition  of  high  quality  monocrystalline  GaN(OOOl)  films  as  described  below. 

Gallium  Nitride 


RHEED  analysis  of  the  GaN  films  grown  via  GSMBE  showed  Kikuchi  lines  indicating  good 
crystal  quality.  SEM  observations  revealed  the  surface  morphology  to  be  smooth  and  featureless. 
Cross-section  HRTEM  revealed  sharp  interfaces  between  the  substrate  and  buffer  layer  and  buffer 
layer  and  GaN.  The  GaN  also  showed  low-angle  grain  boundaries  propagating  from  the  interface. 
Observation  along  different  diffraction  vectors  also  revealed  inversion  domain  boundaries  and 
dislocations.  Resistivity  and  Hall  measurements  of  these  0.5  |im  films  could  not  be  made  owing  to 
their  high  resistivity.  However,  they  were  found  to  be  easily  doped  n-  and  p-type  with  Si  and  Mg, 
respectively,  without  any  post  deposition  processing. 

Research  concerned  with  the  deposition  of  AlN/GaN  layered  structures  on  6H-SiC  substrates 
has  also  been  achieved  by  GSMBE.  Coherent  interfaces  (no  relaxation  by  misfit  dislocations)  were 
observed  for  bilayer  periods  smaller  than  6  nm.  By  contrast,  completely  relaxed  individual  layers 
of  GaN  and  AIN  with  respect  to  each  other  were  present  for  bilayer  periods  >20  nm. 
Cathodoluminescence  showed  a  shift  in  the  emission  peak  from  3.42  eV  for  a  sample  with 
individual  10  nm  thick  GaN  wells  and  AIN  barriers  to  4.1 1  eV  due  to  the  quantum  size  effect  for 
samples  having  1  nm  thick  individual  layers  These  last  studies  also  showed  that  there  exists  a 
constant  offset  of  170  meV  between  the  experimental  and  calculated  values.  Since  this  offset  is 
present  only  for  the  pseudomorphic  structures,  it  has  been  related  to  the  strain-induced  band  gap 
shift  of  the  two  materials. 

GaN  films  deposited  via  OMVPE  directly  on  6H-SiC(0001)  substrates  at  900°C  and  45  Ton* 
had  columnar  grains,  faceted  surfaces  and  net  carrier  concentrations  (no-nA  >  1  x  10^^  cm-3).  In 
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Figure  3.  TEM  of  AIN  thin  film  grown  directly  on  vicinal  6H-SiC  substrate  showing  low  angle 
boundaries  originating  from  and  oriented  perpendicular  to  the  substrate 
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Figure  4.  Cross-sectional  TEM  micrograph  of  a  2.7  pm  GaN(OOOl)  film  deposited  at  950°C  and 
90  Torr  via  OMVPE  on  a  high  temperature  (1 100°C)  monocrystalline  AIN  buffer  layer 
previously  deposited  on  a  vicinal  6H-SiC  substrate. 

contrast,  both  the  AIN  buffer  layers  and  the  subsequently  grown  GaN  films  deposited  on  similar 
Sic  substrates  were  monocrystalline  with  no  misorientation  or  low-angle  grain  boundaries,  as 
determined  by  selected  area  diffraction  (SAD)  and  microstructural  analysis  via  TEM.  The  stacking 
fault  density  was  also  very  low.  These  results  are  apparent  in  the  representative  cross-sectional 
TEM  micrograph  shown  in  Fig.  4.  Inserts  in  the  micrograph  show  SAD  patterns  from  the  top 
layer  of  GaN  and  the  GaN/AlN  interface.  Overlapping  spots  from  the  6H-SiC  substrate  are  seen  in 
the  latter  SAD  pattern.  The  growth  of  GaN  on  the  HT-AIN  buffer  layer  was  two-dimensional  after 
the  initial  coalescence  of  GaN  islands  which  occurred  within  the  first  several  hundred  angstroms  of 
growth.  The  dislocation  density  within  the  first  0.5  pm  of  the  GaN  was  approximately 
1  X  10^  cm-2,  as  determined  from  plan- view  TEM  analysis  by  counting  the  number  of 
dislocations  per  unit  area.  This  defect  density  is  about  an  order  of  magnitude  lower  than  that  for 
thicker  GaN  films  deposited  on  sapphire(OOOl)  substrates  using  low-temperature  buffer  layers. 

The  low-temperature  (8K)  PL  spectra  of  the  undoped  OMVPE-derived  GaN  films  revealed  an 
intense  near  band-edge  emission  at  357.4  nm  (3.47  eV).  The  FWHM  value  of  this  bound  exciton 
peak  was  4  meV.  A  very  weak  donor-acceptor  (DA)  defect  peak  was  observed  at  379  nm  (3.26 
eV)  with  two  associated  LO-phonon  replicas  only  after  a  250X  magnification  of  the  spectrum. 
Two  LO-phonon  replicas  of  the  bound  exciton  peak  and  a  broad  peak  centered  at  »545  nm 
(2.2  eV),  commonly  associated  with  deep-levels  (DL)  in  the  band  gap,  were  observed  at  this 
magnification.  The  PL  intensity  of  the  blue  emission  from  the  p-type  samples  was  increased  by  the 
700°C  anneal  and  was  dramatically  decreased  by  the  subsequent  900°C  anneal. 

Undoped  high  quality  GaN  films  grown  on  HT-AlN  buffer  layers  on  vicinal  6H-SiC(0001) 
were  too  resistive  for  measurements.  The  controlled  introduction  of  SilLj.  allowed  the  reproducible 
achievement  of  donor  carrier  concentrations  within  the  range  of  ~1  x  10^ '  cm‘3  to 
~1  X  10^0  cm'3.  The  room  temperature  mobility  of  the  former  =375  cm^/V-s.  Similar 
measurements  made  on  the  annealed  Mg-doped  samples  revealed  p-type  GaN  with  a  net  hole 
carrier  concentration  of  nA-nD  ~  3  x  10^^  cm'^,  a  resistivity  =  7  Q-cm  and  a  hole  mobility  of  -  3 
cm^A^-s.  Four-point  probe  and  Hg-probe  C-V  measurements  verified  p-type  GaN. 
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Figure  5.  TEA  and  TEG  flow  rates  as  a  function  of  AlxGai.xN  alloy  composition 
AlxGaj^N 

AlxGai_xN  films  have  been  grown  for  A1  mole  fractions  of  0  <  x  <  1,  as  shown  in  Fig.  5.  The 
alloy  concentrations  were  determined  via  AES  by  depth  profiling  through  multi-layer 
heterostructures,  one  of  which  is  shown  in  Fig.  6.  GaN  and  AIN  served  as  the  necessary 
standards.  AlxGai_xN  films  for  0  <  x  <  0.3  were  then  simultaneously  deposited  directly  on  vicinal 
and  on-axis  6H-SiC(0001)  substratesw/V/jow/  the  use  of  the  customary  high-temperature  AIN 
buffer  layers.  These  films  were  electrically  insulating  as-grown.  The  A1  mole  fractions  were 
determined  by  low-temperature  CL  measurements  as  described  below.  Similar  to  findings  for 
GaN  film  growth,  the  DCXRC  measurements  revealed  smaller  FWHM  values  for  AlxGai.xN  films 
grown  on  the  on-axis  substrates  as  compared  to  simultaneously  deposited  films  grown  on  vicinal 
substrates.  Also,  the  FWHM  values  expand  with  increasing  A1  mole  fraction.  These  results  are 
shown  in  Fig.  7  where  FWHM  values  are  plotted  versus  alloy  concentration  for  AlxGai-xN  films 
simultaneously  deposited  on  vicinal  and  on-axis  6H-SiC(0001)  substrates. 

The  low-temperature  (8K)  CL  spectra  of  the  AlxGai-xN  films  with  x  <  0.5  showed  strong  near 
band-edge  emission.  As  expected,  the  energy  positions  of  these  peaks  shifted  towards  higher 
energy  with  increasing  x,  as  shown  in  Fig.  8.  The  dashed  line  in  the  graph  shows  the  peak 
position  for  AlxGai-xN  where  x  =  0.  A1  mole  fractions  were  assigned  from  the  near  band-edge 
peak  positions  using  a  bowing  parameter  of  b  =  0.98  eV,  as  determined  by  Khan  et  al.  [46]. 

Apparent  in  Fig.  8  is  the  increased  FWHM  values  of  the  energy  peaks  with  increasing 
values  of  x.  AlxGai.xN  films  grown  on  the  on-axis  substrates  showed  a  similar  trend.  The 
broadening  of  the  near  band-edge  peak  is  possibly  due  to  increased  fluctuations  in  the  alloy 
compositions  of  AlxGa^xN  films  for  increasing  values  of  x  [46].  Also,  the  CL  peak  intensities 
were  0.1  to  1  order  of  magnitude  stronger  for  undoped  AlGaN  films  grown  on  vicinal  substrates 
than  for  films  grown  on  the  on-axis  substrates.  This  phenomenon  is  being  further  investigated. 
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Figure  6.  Cross-section  TEM  micrograph  of  a  7-layer  AlxGai.xN  heterostructure. 


Figure  7.  DCXRC  FWHM  values  versus  alloy  concentration  for  AlxGai-xN  films  simultaneously 
deposited  on  vicinal  and  on-axis  6H-SiC(0001)  substrates. 
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Figure  8.  Low-temperature  (8K)  CL  of  AlxGai.xN  films  with  x  <  0.5. 


CONCLUSIONS 

The  two  most  primary  methods  for  the  deposition  of  III-N  thin  films  are  OMVPE  and  gas 
source  MBE,  with  the  former  being  the  more  commonly  employed.  Numerous  research  issues 
related  to  thin  film  growth  by  these  techniques  as  well  as  device  preparation  remain  including  metal 
and  nitrogen  sources,  heteroepitaxial  nucleation,  the  role  of  buffer  layers,  surface  migration  rates 
as  a  function  of  temperature,  substantial  defect  densities  and  their  effect  on  film  and  device 
properties,  ohmic  and  rectifying  contacts,  wet  and  dry  etching  and  suitable  gate  and  field 
insulators.  The  authors  have  deposited  monocrystalline  epitaxial  thin  films  of  both  AIN  and  GaN 
by  both  techniques  on  6H-SiC(0001)  substrates  at  elevated  temperatures  using  an  AIN  buffer  layer 
for  the  latter  material.  Misalignment  of  the  steps  heights  at  the  SiC  surface  results  in  the  formation 
of  double  positioning  boundaries  in  the  AIN;  however,  these  defects  do  not  extend  into  the  GaN 
films.  The  line  defect  density  in  the  GaN  is  approximately  one  order  of  magnitude  less  than  is 
found  in  material  grown  on  sapphire.  The  optical,  microstructural  and  electrical  characteristics  of 
the  GaN  films  are  equal  to  those  reported  for  material  deposited  on  sapphire.  AlxGai-xN  films 
(0<x<l)  were  grown  directly  these  substrates  at  1050  or  1100°C.  Chemically  abrupt 
heterojunctions  were  demonstrated.  All  films  possessed  a  smooth  surface  morphology  and  were 
free  of  low-angle  grain  boundaries  and  associated  oriented  domain  microstructures.  The  PL  spectra 
of  the  GaN  films  deposited  on  both  vicinal  and  on-axis  substrates  revealed  strong  bound  exciton 
emission  with  a  FWHM  value  of  4  meV.  The  spectra  of  these  films  on  the  vicinal  substrates  were 
shifted  to  a  lower  energy,  indicative  of  films  containing  residual  tensile  stresses.  DCXRC 
measurements  revealed  smaller  FWHM  values  for  the  AlxGai_xN  films  grown  on  on-axis 
6H-SiC(0001)  substrates  compared  to  simultaneously  deposited  films  grown  on  vicinal  substrates. 
These  values  increased  with  increasing  values  of  x.  The  CL  spectra  of  the  AlxGai.xN  films  for 
X  <  0.5  showed  strong  near  band-edge  emission.  FWHM  values  of  the  main  energy  peak 
increased  with  increasing  A1  mole  fraction.  Controlled  n-type  Si-doping  in  GaN  was  achieved  for 
net  carrier  concentrations  ranging  from  approximately  2xl0‘^  cm‘^  to  1x10^0  cm*^.  Mg-doped,  p- 
type  GaN  was  achieved  with  nA-no  =  3  x  lO^^cm'^,  p  ~  7  i^-cm  and  p  ~  3  cm^/V-s. 
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ABSTRACT 

In  this  paper  we  review  recent  developments  in  the  growth  of  bulk  GaN  crystals  by  a 
high-pressure,  high-temperature  method.  We  also  provide  information  on  various  physical 
properties  of  bulk  GaN  material.  Then,  some  preliminary  results  on  the  homoepitaxial  growth 
of  GaN  are  given.  In  the  second  part  of  this  paper  we  discuss  the  following  problems:  the  possible 
origin  of  the  large  free  electron  concentration  in  undoped  GaN  material,  the  parasitic  effect  of 
yellow  luminescence  and  the  nature  of  2n-  and  Mg-acceptors. 


INTRODUCTION 

A  successful  fabrication  of  the  superbright  green  and  blue  {lnGaAI)N  light  emitting  diodes 
(LEDs)  confirms  that  lll-V  nitrides  play  a  dominant  role  with  respect  to  other  semiconductor 
families  in  the  development  of  short-wavelength  optoelectronics  [1],  The  short  life  time  of  II- 
VI  -  based  devices,  due  mainly  to  the  low  energy  of  defects  formation  in  these  compounds, 
currently  prevents  commercialization.  The  performance  of  GaN-based  LEDs,  on  the  other  hand, 
despite  large  lattice  mismatch  and  differences  in  thermal  expansion  between  the  sapphire 
substrate  and  constituent  epitaxial  layers,  is  surprisingly  high.  This  finding  suggests  that  the 
presence  of  a  large  number  of  extended  defects,  e.g.  dislocations,  need  not  be  detrimental  to  the 
development  of  LED-related  applications  for  nitrides. 

Semiconductor  lasers  operating  in  the  blue  and  ultraviolet  range  of  the  spectrum 
represent  the  next  goal  to  be  achieved.  It  is  a  common  belief  that  the  inadequate  structural 
quality  of  lll-V  nitride  epitaxial  films  is  the  main  limitation  here.  Different  approaches  to  the 
solution  of  the  above  problem  have  been  proposed  very  recently.  Low/high  temperature  buffer 
layers  made  of  GaN  or  AIN  films  lead  to  a  significant  improvement  In  the  quality  of 
heteroepitaxially  grown  layers  of  various  nitrides  [2-6].  Another  idea  consists  of  using  new 
substrates  with  properties  well  matched  with  the  nitride  compounds.  For  example,  LiGa02, 
LiA102  [7]  or  AIMg204  [8]  have  been  found  very  promising.  However,  the  use  of  GaN  single 
crystals  as  substrates  for  the  homoepitaxial  growth  of  GaN  represents  the  most  natural  way  to 
overcome  difficulties  caused  by  a  large  lattice  mismatch  and  differences  in  thermal  expansion 
between  the  substrate  and  an  epitaxial  film.  Homoepitaxy  has  become  possible  owing  to  the 
growth  of  wurtzite  GaN  crystals  In  the  form  of  platelets  with  dimensions  of  a  few  millimeters.  A 
high-pressure,  high-temperature  method  has  been  employed  for  this  purpose  [9]. 
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The  other  important  aspect  of  the  existence  of  well-characterized  bulk  single  crystals  of 
GaN  consists  in  the  opportunity  of  using  them  as  a  standard  and  reference  material.  Strain 
effects,  present  in  GaN  layers  grown  on  lattice  mismatched  substrates  with  a  different  thermal 
expansion,  modify  various  properties  of  GaN  films.  For  example,  excitonic  transitions  studied 
by  photoluminescence  exhibit  not  only  a  broadening  of  the  related  bands  but  also  a  shift  of  their 
energetic  positions  [10]. 

The  purpose  of  this  review  paper  Is  to  describe  the  method  used  for  the  growth  of  GaN 
bulk,  single  crystals.  Properties  of  this  material  will  be  also  discussed.  Then,  we  will  present 
some  preliminary  results  on  the  homoepitaxial  growth  of  a  GaN-film  on  a  GaN-substrate.  The 
second  part  of  this  paper  is  devoted  to  studies  which  were  undertaken  with  the  purpose  of 
answering  some  basic  questions  about  the  nature  of  GaN  which  have  implications  for  devices,  In 
particular:  i)  an  origin  of  a  dominant  donor  in  undoped  GaN  material,  ii)  a  radiative 
recombination  mechanism  leading  to  the  parasitic  effect  of  a  yellow  luminescence,  and  iii) 
optical  properties  of  2n-  and  Mg-acceptors. 

HIGH-PRESSURE,  HIGH-TEMPERATURE  GROWTH  OF  GaN  CRYSTALS 

Due  to  the  very  high  melting  temperature  of  GaN  (the  estimated  value  is  2800K)  at  a 
corresponding  equilibrium  pressure  of  nitrogen  (about  4  GPa)  [9],  bulk  crystals  of  GaN  cannot 
be  obtained  by  typical  equilibrium  methods,  e.g.  the  Czochralski  or  Bridgman  methods  in  which 
stoichiometric  melts  are  used.  Therefore,  the  lower-temperature  method  consisting  of  growth 
from  a  solution  should  be  applied.  The  Synthesis  Solid  Diffusion  method  was  chosen  for  the 
crystal  growth  of  GaN  [9].  The  formation  of  a  thin  polycrystalline  film  of  GaN  on  the  Ga  surface, 
its  dissolution  and  transport  into  the  cooler  part  of  the  solution  results  in  the  nucleation  and 
growth  of  GaN  single  crystals  on  the  internal  surface  of  the  film.  Growth  should  be  carried  out 
under  conditions  where  GaN  is  still  stable.  Use  of  high  temperature  (which  requires  applying 
high  pressure  of  nitrogen)  ensures  a  maximum  solubility  of  nitrogen  in  the  liquid  gallium. 
Usually,  it  means  that  the  temperature  and  pressure  of  N2  should  be  between  1 500-1 900K  and 
1-2  GPa,  respectively.  In  every  experiment  a  large  number  of  crystals  (20-50)  was  grown, 
of  size  0.1-10  mm.  We  have  not  yet  succeeded  in  finding  a  relation  between  growth  conditions 
and  crystal  quality.  Instead,  the  density  of  extended  defects  depends  on  crystal  size. 
Platelets  of  bulk  GaN  are  oriented  perpendicularly  to  the  hexagonal  c-axis  and  one  surface  is 
usually  flat  with  a  low  concentration  of  extended  defects  in  the  neighboring  area.  This  surface 
is  suitable  for  homoepitaxial  growth. 

The  bulk  GaN  crystals  possess  a  high  concentration  of  free  electrons,  nn,  caused  by  an 
Individual  type  or  a  group  of  point  defects,  values  between  lO'^^  -10^0  cm‘3  have  been 
measured  by  means  of  the  Hall  method,  infrared  reflectivity  and  Raman  spectroscopy  [11] 
(undamped  plasmon-phonon  modes).  The  blue  shift  of  the  absorption  edge  has  been  assigned  to 
this  high  electron  concentrations  via  the  Burstein-Moss  effect  [12].  Mobilities  of  conducting 
electrons  range  from  30  to  90  cm^/Vs. 
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HOMOEPUAXIAL  GROWTH  OF  GaN 


The  most  popular  form  of  GaN  crystals  is  an  epitaxial  layer  grown  on  a  foreign  substrate 
{sapphire,  SiC  ,  and  others).  The  lattice  mismatch  induces  a  high  concentration  of  unwelcome 
defects.  Moreover,  the  difference  in  the  thermal  expansion  between  a  layer  and  a  substrate 
induces  thermal  strains  during  cooling  of  the  grown  GaN  film.  These  strains  are  not  relaxed  at 
low  temperatures.  Thus,  the  knowledge  of  thermal  expansion  coefficients  (TECs)  is  especially 
important  in  epitaxial  growth.  We  will  Illustrate  this  problem  below,  comparing  TECs  of  bulk 
GaN  and  epitaxial  films  of  GaN  grown  by  molecular  beam  epitaxy  (MBE)  on  sapphire.  The 
following  results  have  been  obtained  [13]  (Figure  1): 

a)  the  c-lattice  constant  values  of  the  GaN  layer  and  the  bulk  crystal  are  identical  within  the 
experimental  error  (at  the  300-760K  temperature  range); 

b)  the  lattice  constant  a  is  smaller  for  the  layer  at  room  temperature.  The  difference 
decreases  down  to  zero  at  about  800K  (by  extrapolation); 

c)  the  lattice  mismatch  between  the  substrate  and  the  layer  decreases  at  elevated  temperatures. 
At  higher  temperatures  a  change  of  concentration  of  misfit  defects  takes  place.  This  result  is 
unexpected,  as  for  GaAs  on  Si  [14]  and  InP  on  GaAs  [15],  the  similar  thermal  strains  remain 
unrelaxed.  However,  the  crystallographic  structure  of  these  compounds  is  similar.  In  the  case 
of  GaN  on  sapphire  the  crystallographic  structures  are  different.  Additionally,  the  presence  (in 
the  epitaxial  sample  studied)  of  an  AIN  buffer  layer,  which  has  a  smaller  lattice  constant  and 
TEC  than  those  of  GaN,  can  influence  the  process  of  stress  relaxation  in  the  GaN  layer. 


temperature  (K)  temperature  (K) 

Fig.  1.  Temperature  dependence  of  GaN  lattice  constants  for  bulk  crystal  and  MBE  grown  layer 
on  sapphire,  (a)  lattice  constant  a  parallel  to  the  interface  and  (b)  lattice  constant  c 
perpendicular  to  the  interface. 
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The  above  discussion  Illustrates  how  important  and  useful  is  the  idea  of  homoepitaxial 
growth  of  GaN  film  on  GaN  bulk  crystal.  Both  MOCVD  (metalorganic  chemical  vapor 
deposition)[16]  and  MBE  methods  have  been  successfuly  applied.  We  will  describe  the  results 
obtained  very  recently  In  Warsaw.  Bulk  GaN  substrate  crystals  were  grown  by  the  high- 
pressure.  high-temperature  method  described  above.  The  GaN  platelets  (the  hexagonal  c-axis 
pependicular  to  the  surface)  had  areas  of  a  few  mm^  and  relatively  flat  surfaces  which  were 
used  for  the  MOCVD  growth  without  any  mechanical  or  chemical  treatment.  The  growth 
temperature  was  close  to  1 000°C  and  the  deposited  films  were  1 .5  pm  thick.  GaN  layers  were 
grown  directly  on  single  crystal  substrates  without  deposition  of  a  low  temperature  nucleation 
layer. 


Fig.  2.  The  photoluminescence  and  reflectance  measured  on  the  same  surface  of  the 
homoepitaxially  (MOCVD)  grown  GaN  film  on  the  bulk  GaN  crystal. 

The  photoluminescence  and  reflectance  of  the  layers  were  studied  in  a  variable 
temperature  range.  Figure  2  illustrates  the  results  characteristic  of  the  exciton  region  at 
T=4.2K.  The  spectrum  is  dominated  by  two  strong  and  narrow  lines  at  energies  of  3,4666(2) 
and  3.4719(2)  eV,  These  lines  are  likely  related  to  donor  and  acceptor  bound  excitons.  Since 
their  FWHM  are  1.0  meV  and  1.8  meV  respectively,  these  lines  are  the  most  narrow  ones 
observed  to  date  in  GaN.  Moreover,  four  weak  lines  a,  b,  A,  B  with  energies  Ea=  3,4755(2)  eV, 
Eb=  3.4774(3)  eV,  Ea=  3.4780(3)  eV,  and  £3=  3.4835(5)  eV  are  observed.  The  two 
luminescence  lines  A  and  B  correspond  exactly  with  the  reflectance  dispersion  lines  (see  Fig. 
2).  In  addition,  in  the  reflectance  spectrum,  there  is  a  third  line  at  Eq=  3.502(1)  eV.  These 
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are  the  free  exciton  lines  formed  with  participation  of  holes  originating  from  the  crystal-field 
and  spin-orbit  split  valence  band.  Comparison  of  these  results  with  positions  of  free  excitons  in 
MOCVD  layers  grown  on  sapphire  [1 7]  shows  that  the  center  of  gravity  of  the  exciton  lines  in 
the  latter  case  is  shifted  to  higher  energies:  3.485  eV,  Eb=  3.493  eV  and  Eq=  3.518  eV. 

This  effect  would  be  an  indication  of  a  strain  existing  in  GaN  layers  grown  on  sapphire.  It  is 
important  to  note  that  the  homoepitaxially  grown  sample  studied  here  exhibited  negligible 
yellow  luminescence,  usually  present  in  bulk  GaN  crystals. 

DOMINANT  DONOR  IN  UNDOPED  GaN 

One  of  the  fundamental  questions  concerning  basic  properties  of  GaN  material  concerns 
the  origin  of  n-type  conductivity  in  undoped  crystals.  In  the  bulk  samples,  the  concentration  of 
conduction  electrons  ranges  from  10^^  to  10^®  cm'^.  In  undoped  MBE  or  MOCVD  grown 
epitaxial  films  the  electron  concentrations  are  of  the  order  10^^  cm'^,  Maruska  and  Tietjen 
[18]  and  llegems  and  Montgomery  [19]  suggested  that  the  autodoping  is  due  to  native  defects, 
since  concentrations  of  contaminants  are  lower  by  a  few  orders  of  magnitude  than  the  highest 
observed  electron  concentrations. 


Fig.  3.  Raman  spectra  of  bulk,  single  crystal  of  GaN  at  two  values  of  pressure.  The  peaks  labelled 
Ai{TO),  E-j(TO),  and  E2  correspond  to  the  phonon  modes.  Their  appearance  results  from  a 
depolarization  of  the  laser  light  due  to  strain  in  the  diamond  anvils.  The  peak  L5  appears  above 
20  GPa.  The  inset  shows  the  pressure  dependence  of  the  L5  peak  energy.  The  solid  line 
represents  a  linear  extrapolation  of  the  peak  energy  to  ambient  pressure. 
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The  residual  donor  was  tentatively  assigned  to  the  nitrogen  vacancy,  [18-21]. 
Technologically,  it  is  likely  that  appears  during  the  growth  because  of  the  very  high  nitrogen 
equilibrium  pressure  at  the  growth  temperatures.  This  implies  that  the  growth  occurs  under 
Ga-rich  conditions.  So  far,  however,  the  dominant  donor  has  not  been  positively  identified  with 
a  nitrogen  vacancy. 

Recently,  ab  initio  calculations  of  electronic  structure  of  GaN  native  defects  were 
performed  by  Boguslawski  et  al.  [22]  and  Neugebauer  and  Van  de  Walle  [23].  They  showed  that 
Vfg  introduces  a  resonant  level  inside  the  conduction  bands  at  about  0.8  eV  above  the  band 
minimum.  Idea  of  the  verification  of  the  above  theoretical  prediction  is  based  on  the  fact  that 
the  pressure  coefficient  of  the  bottom  of  the  conduction  band  is  usually  higher  than  that  of  the 
resonance.  Consequently,  at  sufficiently  high  pressures  a  crossover  should  occur  between  the 
two  levels.  The  resonance  should  become  a  genuine  gap  state  that  traps  conducting  electrons. 
After  the  crossover,  free  electrons  would  disappear  from  the  conduction  band  and  would  occupy 
this  deep  state  located  in  the  band  gap  of  GaN.  A  number  of  experiments  verifying  this 
expectation  have  been  performed  [24,25].  For  example,  a  decay  of  the  infrared  absorption  at 
pressures  higher  than  20  GPa  was  observed.  One  expects  at  this  spectral  region  only  absorption 
due  to  the  free  electrons  and  phonons.  The  latter  contribution  should  change  weakly  with 
pressure.  Therefore,  the  observed  drastic  decrease  of  infrared  absorption  at  high  pressures  is 
related  to  a  decrease  of  the  conducting  electron  concentration. 

Raman  scattering  measurements  were  also  performed.  Figure  3  shows  the  difference 
between  the  spectra  taken  at  low  and  high  pressures.  It  can  be  seen  that  the  spectrum 
corresponding  to  32.2  GPa  contains  additional  peaks.  Especially  significant  is  the  presence  of 
the  longitudinal-optical  mode  (L5),  which  was  suppressed  at  lower  pressures  by  a  high  free- 
electron  concentration  (phonon-plasmon  interaction  [12]).  To  justify  the  proposed 
interpretation  of  the  role  of  nitrogen  vacancy,  its  electronic  structure  under  hydrostatic 
pressure  has  been  calculated  [24].  The  results  show  that  the  vacancy-induced  resonance, 
located  at  0.8  eV  above  the  bottom  of  the  conduction  band  (at  ambient  pressure),  moves  down 
with  pressure  at  a  rate  of  5  meV/GPa.  The  resonance  crosses  the  bottom  of  the  conduction  band 
at  about  18  GPa. 

Another  explanation  of  the  experimental  findings  was  considered.  The  Interstitial  Ga  also 
introduces  a  resonance  which  crosses  the  bottom  of  the  conduction  band  at  about  20  GPa. 
However,  the  formation  energy  of  a  nitrogen  vacancy  is  significantly  lower  than  that  of  a  Ga- 
interstitial  [23]  which  suggests  that  the  nitrogen  vacancy  is  the  defect  more  likely  responsible 
for  high  concentration  of  the  conducting  electrons. 

YELLOW  LUMINESCENCE 

Luminescence  spectra  for  many  GaN  materials  (bulk  and  epitaxial  films)  contain  in 
addition  to  the  band-edge  luminescence,  the  band  of  a  yellow  luminescence.  The  origin  and  nature 
of  this  parasitic  effect  Is  still  not  clear.  The  yellow  luminescence  peak  has  a  broad  and 
symmetrical  shape  and  is  centered  usually  at  about  2.2-2.3  eV.  A  basic  question  which  arises 
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concerns  the  mechanism  of  the  radiative  recombination  producing  the  yellow  luminescence.  Two 
qualitatively  different  approaches  have  been  proposed.  According  to  the  model  discussed  by  Ogino 
and  AokI  [26]  ,  the  initial  state  of  the  considered  transition  Is  a  shallow  donor  (with  a  level 
depth  of  25  meV)  and  the  final  state  is  a  deep  acceptor  (about  0.86  eV  above  the  valence  band).  A 
competitive  model  has  been  Introduced  very  recently  by  Glaser  et  al.  [27].  They  proposed  a 
scheme  of  radiative  transition  of  electrons  between  a  deep  double  donor  of  A-|  character  (with  a 
depth  of  about  0.8  eV)  and  an  acceptor  state  of  effective  mass  character.  This  transition  is 
preceded  by  a  nonradlative  transfer  of  an  electron  between  a  shallow  donor  and  the  A^  state. 
Both  approaches  predict  a  strong  electron -lattice  interaction  associated  with  the  localized  defect 
state  involved  in  the  yellow  emission. 


Fig.  4.  Pressure  dependence  of  the  ye//ow-luminescence  band  energy  in  two  different  samples 
of  GaN  ;  bulk,  single  crystal  (open  squares)  and  epitaxial  layer  grown  by  MBE  method  (open 
triangles).  The  broken  line  is  drawn  to  guide  the  eye.  Insert  shows  spectra  of  the  yellow 
luminescence  of  the  bulk  GaN  sample  for  different  hydrostatic  pressure  magnitudes. 

According  to  the  second  model,  the  appearance  of  the  localized  level  In  the  upper  part  of 
the  band  gap  does  not  influence  the  pressure  variation  of  the  yellow  luminescence  energy.  The 
experiment  performed  by  us  [28]  supports  the  first  model.  The  saturation  of  the  luminescence 
shift  at  pressures  above  about  20  GPa  can  be  clearly  seen  on  Figure  4.  Very  recent  results  of 
time  resolved  photoluminescence  studies  in  GaN  epitaxial  layers  confirm  our  experimental 
finding  [29].  However,  the  microscopic  nature  of  the  defect  responsible  for  the  yellow 
luminescence  remains  an  open  question. 
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Zn  AND  Mg  ACCEPTOR  STATES  IN  GaN 

For  a  long  time  the  most  serious  stumbling  block  to  GaN  applications  'was  a  very  high 
intrinsic  electron  concentration.  Recently,  p-type  conductivity  in  GaN,  AIGaN,  and  InGaN  alloys 
has  been  achieved  by  means  of  Mg  doping  [1,30].  Mg  acceptor  is  responsible  for  the 
luminescence  band  observed  at  energies  exceeding  3  eV.  Zn  is  a  particularly  useful  dopant  which 
increases  the  brightness  of  the  luminescence  in  GaN  material.  GaN:Zn  exhibits  an  efficient  blue 
luminescence  band  with  a  maximum  centered  at  about  2.9  eV  [31].  Introducing  Zn  into  GaN 
crystal  may  produce  a  semi-insulating  materia!  [19]. 

At  present,  MOCVD  is  the  superior  growth  technique  for  devices  based  on  lll-V  nitrides. 
All  devices  obtained  by  this  method  require  post-growth  treatment  to  electrically  activate  Mg- 
acceptor  dopant.  Formation  of  electrically  inactive  hydrogen-acceptor  complexes  during  MOCVD 
growth  is  the  widely  accepted  explanation  of  the  observed  low  p-type  doping  efficiency  in  as- 
grown  GaN  [32].  The  other  factor  limiting  this  efficiency  might  result  from  the  high  value  of 
Zn-  and  Mg-  acceptor  activation  energies.  As  follows  from  the  experimental  studies,  the  Zn- 
acceptor  level  is  situated  at  about  0.3  eV  and  the  Mg-acceptor  level  only  about  0.15  eV  above  the 
valence  band  maximum  (VBM)  [33].  The  increased  distance  to  the  VBM  for  the  Zn-level 
suggests  stronger  localization  of  the  related  acceptor  state  with  respect  to  Mg-dopant.  However, 
since  the  estimated  location  of  the  hydrogenic-like  acceptor  state  in  GaN  is  about  0.1  above  the 
VBM,  the  question  arises  as  to  what  extent  the  Mg-related  state  represents  an  effective  mass 
acceptor.  The  experiment  described  below  [34]  was  performed  to  answer  this  question. 

Temperature-  and  pressure-induced  evolution  of  the  photoluminescence  bands  originating 
from  the  radiative  recombination  of  electrons  to  acceptor-  related  states  were  examined.  Mg 
and  Zn  were  introduced  to  a  GaN  host  during  the  high-pressure,  high-temperature  growth.  The 
concentration  of  zinc  was  estimated  to  be  around  10"*  9  cm*3.  The  concentration  of  Mg  was 
higher,  which  resulted  in  the  red-shift  (up  to  0.2  eV)  of  the  GaN  energy  gap.  Samples  doped  by 
both  impurities  exhibited  n-type  conductivity  with  a  small  decrease  in  electron  concentration 
with  respect  to  to  the  undoped  bulk  GaN  material. 

With  application  of  pressure,  photoluminesce  bands  related  to  Mg  and  Zn  shift  to  higher 
energies  at  a  rate  similar  to  the  change  of  the  GaN  band  gap.  This  Is  in  agreement  with  the 
radiative  recombination  models  for  which  the  initial  state  consists  of  a  conduction  band  state  or 
a  shallow  donor  state.  The  luminescence  in  GaN:Zn  does  not  change  its  position  with  temperature. 
In  contrast,  the  temperature  evolution  of  the  luminescence  in  our  highly  doped  GaN:Mg  sample 
resembles  the  change  of  the  GaN  band  gap  (Figure  5).  This  fact  may  be  attributable  to  the 
shallow  character  of  the  acceptor  state  formed  by  Mg.  Zn-related  states  have  more  localized 
character  and  exhibit  a  stronger  electron-lattice  coupling  effect.  Results  of  the  theoretical 
calculations  [34]  confirm  these  experimental  findings.  The  wave  function  of  VBM  at  r  point  Is 
composed  about  90%  of  p-states  of  nitrogen  (p(N))  and  10%  of  d-  and  p-states  of  Ga.  The  Mg- 
acceptor  state  has  a  contribution  of  the  83%  of  p(N)  and  thus,  it  has  the  character  of  the 
shallow  acceptor  state,  A  deeper  location  of  this  state  with  respect  to  the  effective-mass 
acceptor  state  may  be  due  to  the  chemical  shift  contribution.  On  the  other  hand,  the  Zn-state 
contains  42%  p(N),  48%  d(Zn),  and  8%  p(Zn),  which  corresponds  to  the  much  more  localized 


22 


character  of  Zn  acceptor  state.  It  has  been  suggested  [34]  that  variation  of  electron-lattice 
coupling  might  be  responsible  for  the  lack  of  Zn-luminesce  shift  with  temperature. 
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Fig.  5.  Photoluminescence  spectra  of  Mg  doped  bulk,  single  GaN  crystal  for  different  pressure 
magnitude  (T=80K).  Increase  of  the  luminescence  intensity  at  the  low  energy  part  of  the  plot 
(seen  at  5.5  and  7.8  GPa)  is  due  to  the  yellow  luminescence  band.  Insert:  the  temperature 
dependence  of  the  shift  of  Mg-related  luminescence  band  energy.  The  solid  line  illustrates 
changes  of  GaN  band  gap  with  temperature. 

SUMMARY 

One  of  the  main  purposes  of  this  paper  was  to  demonstrate  that  GaN  bulk,  single  crystals  of 
a  few  mm2  size  can  be  obtained  through  high-pressure,  high-temperature  growth.  Platelets 
with  dimensions  up  to  3  mm  represent  homogeneous  crystals  with  very  narrow  X-ray  rocking 
curves  (less  than  40  arc  sec).  At  present,  crystals  with  dimensions  up  to  5  mm,  though  of 
lower  crystallographic  quality  ,  can  be  used  as  substrates  in  the  homoepitaxial  growth  of  GaN 
films.  A  significant  improvement  in  the  quality  of  photoluminescence  (excitonic  lines  of  1  meV 
FWHM  !)  and  reduction  in  the  concentration  of  extended  defects  with  respect  to  the 
heteroepitaxial  films  of  GaN  have  been  observed  for  MOCVD  grown  layers  of  GaN  on  the  GaN 
substrates. 

Further  development  of  the  high-pressure,  high-temperature  growth  of  GaN  bulk  single 
crystals  with  perfect  homogeneity  and  larger  dimensions  is  expected. 
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Studies  of  basic  properties  of  GaN  crystals  have  supplied  valuable  information  which 
bring  us  nearer  to  a  complete  identification  and  understanding  of  the  rote  of  defects  responsible 
for  n-type  character  of  undoped  GaN  and  the  yellow  luminescence  effect.  With  respect  to  highly 
efficient  p-type  doping,  it  will  be  worthwhile  looking  for  an  acceptor  which  forms  a  more 
shallow  state  than  that  introduced  by  magnesium. 
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Abstract 

We  present  a  study  of  the  growth  of  cubic  GaN  films  on  (001)  GaAs  by  molecular 
beam  epitaxy.  Our  investigations  focus  on  the  nucleation  stage  as  well  as  on  the 
subsequent  growth  of  GaN.  The  phenomenon  of  epitaxial  growth  at  this  extreme 
mismatch  (20%)  is  demonstrated  to  arise  from  a  coincidence  lattice  between  GaAs  and 
GaN.  The  presence  of  a  high-density  of  stacking  faults  in  the  GaN  layer  is  explained 
within  this  understanding  as  being  a  natural  consequence  of  the  coalescence  of  perfectly 
relaxed  nuclei.  We  furthermore  analyze  the  growth  kinetics  of  GaN  via  the  surface 
reconstruction  transitions  observed  upon  an  impinging  Ga  flux,  from  which  we  obtain 
both  the  desorption  rate  of  Ga  as  well  as  the  diffusion  coefficient  of  Ga  adatoms  on  the 
Ga-stabilized  GaN  surface.  The  diffusivity  of  Ga  is  found  to  be  very  low  at  the  growth 
temperatures  commonly  used  during  molecular  beam  epitaxy,  which  provides  an 
explanation  for  the  microscopic  surface  roughness  observed  on  our  samples. 

Introduction 

Epitaxial  layers  of  GaN  and  the  related  InGaN/AlGaN  heterostructures  are  now 
routinely  fabricated  in  device  quality  on  both  AI2O3  and  SiC  substrates.  In  fact,  the 
current  throughput  of  GaN-based  blue  light-emitting  diodes,  which  became  commercially 
available  in  1993,  reportedly  exceeds  a  million  per  month.^  Despite  this  achievement, 
severe  technological  problems  still  exist.  For  the  case  of  AI2O3  substrates,  these  problems 
mainly  result  from  the  incompatible  cleavage  planes  of  the  substrate  and  GaN,  paired 
with  the  extreme  hardness  and  chemical  inertness  of  AI2O3  as  well  as  its  insulating 
properties.  SiC,  on  the  other  hand,  suffers  from  its  comparatively  poor  quality  and  high 
cost.  In  either  case,  the  resulting  device  is  still  too  expensive  to  be  acceptable  for  true 
mass-applications  such  as  full-color  displays.  These  technological  problems  could,  in 
principle,  be  circumvented  by  the  use  of  substrates  compatible  with  the  established 
technology  such  as  Si  or  GaAs.  Indeed,  several  groups  have  achieved  epitaxial  growth  of 
cubic  and  hexagonal  GaN  films  on  these  substrates,  although  the  quality  of  the  resulting 
GaN  films  is  still  much  inferior  compared  to  that  of  their  counterparts  on  AI2O3  or  SiC.^ 
Here,  we  review  our  investigation  of  the  growth  of  cubic  GaN  films  on  (001)  GaAs  by 
plasma-assisted  molecular  beam  epitaxy  (MBE).  We  present  detailed  studies  of  the 
nucleation  stage  as  well  as  of  the  subsequent  growth  of  GaN.  For  achieving  epitaxial 
growth,  nucleation  of  the  first  monolayers  of  GaN  has  to  take  place  under  N  rich 
conditions,  which  gives  rise  to  the  formation  of  a  connected  epitaxial  cubic  template  after 
deposition  of  a  few  monolayers.  The  phenomenon  of  epitaxial  growth  at  this  extreme 
mismatch  (20%)  is  demonstrated  to  arise  from  a  coincidence  lattice  between  GaAs  and 
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GaN.  During  the  subsequent  growth,  a  well-controlled  surface  stoichiometry  is  required 
for  preserving  the  phase  purity  of  the  GaN  film.  The  surface  reconstructions  of  cubic  GaN 
allow  the  in  situ  measurement  and  control  of  the  effective  V/ni  ratio  impinging  onto  the 
growth  front.  Furthermore,  we  quantitatively  analyze  the  reconstruction  transitions 
observed  upon  an  impinging  Ga  flux,  from  which  we  obtain  both  the  desorption  rate  of 
Ga  and  the  diffusion  coefficient  of  Ga  adatoms  on  the  Ga-stabilized  GaN  surface.  The 
low  diffusion  coefficient  obtained  is  in  quantitative  agreement  with  that  expected  from 
the  cohesive  strength  of  GaN,  and  explains  the  microscopic  surface  roughness  observed 
by  atomic  force  microscopy  for  our  GaN  films. 

Experimental 

GaN  films  are  grown  on  exactly  oriented  (<0.1°  off)  GaAs  (001)  substrates  using  a 
custom-made  MBE  system  equipped  with  a  DC  glow-discharge  plasma  source  for 
dissociating  molecular  N2.  The  source  is  operating  at  a  power  of  1.5kVx20mA  and  a 
pressure  of  1-5x1 0'"^  Torr  in  the  growth  chamber.  Nucleation  and  growth  are  monitored 
in  situ  by  reflection  high-energy  electron  diffraction  (RHEED),  using  an  incident  angle  of 
1-3°  and  an  acceleration  voltage  of  15  kV.  The  RHEED  patterns  are  recorded  by  a  CCD 
camera  and  analyzed  by  an  image  processing  system.  Substrate  temperatures  used  in  this 
work  range  from  500°C  to  800°C.  (All  temperature  values  quoted  in  this  paper  are 
thermocouple  readings  following  a  three-point  calibration,  assuming  (i)  the  (2x4)-c(4x4) 
reconstruction  transition  of  GaAs  to  occur  under  an  AS4  flux  of  8x10’^  Torr  at  490°C,  (ii) 
the  desorption  of  the  native  oxide  of  GaAs  to  take  place  at  580°C,  and  (iii)  the  growth 
rate  of  GaAs  as  measured  by  RHEED  intensity  oscillations  to  drop  at  temperatures  above 
630°C.)  The  Ga  flux  used  in  this  study,  as  determined  by  RHEED  intensity  oscillations 
during  the  GaAs  buffer  layer  growth,  ranges  from  3.0x10^^  to  1.5x10^'*  atoms/cm^s, 
corresponding  to  nominal  growth  rates  of  0.03-0.15  monolayers  (ML)/s  for  GaN.  The 
morphology  of  the  samples  is  examined  ex  situ  by  atomic  force  microscopy  (AFM).  The 
microstructure  is  studied  by  cross-sectional  high-resolution  electron  microscopy  (HREM) 
using  a  JEOL  4000  FX  microscope  operating  at  400  kV.  The  <110)-oriented  cross- 
sections  are  prepared  using  conventional  ion-milling  techniques. 

Results  and  Discussion 

Prior  to  the  growth  of  GaN,  an  atomically  smooth  surface  is  established  by  the 
deposition  of  a  100  nm  thick  GaAs  buffer  layer  at  580-620°C  followed  by  a  2  min 
annealing  at  the  growth  temperature.  The  nucleation  of  GaN  is  initiated  on  the  (2x4) 
reconstructed  GaAs  surface  by  closing  the  arsenic  shutter  and  opening  the  Ga  and  N 
shutters.  The  RHEED  pattern  then  invariably  switches  to  an  apparently  N-induced  (3x3) 
reconstruction,  the  atomic  configuration  of  which  is  as  yet  unknown.  The  substratq 
temperature  is  set  to  580-620°C  at  the  beginning  of  GaN  growth  and  increased  after 
deposition  of  a  few  (typically  5)  ML  to  620-680°C  without  interrupting  the  growth. 
Simultaneously,  the  Ga  flux  is  increased  from  about  3.0x10*^  to  1.5x10^^^  atoms/cm^s. 
The  RHEED  pattern  observed  at  this  stage  consists  of  diffuse  transmission  spots  at  the 
position  for  cubic  GaN.  These  spots  elongate  and  transform  into  streaks  within  about  10 
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nm  of  growth.  Depending  on  the  V/III  ratio  used,  either  a  (2x2)  or  a  c(2x2)  surface 
reconstruction  becomes  visible  during  growth. 

Figure  1  shows  both  a  HREM  (a)  and  an  AFM  (B)  micrograph  of  GaN  layers  obtained 
in  this  way. 


*  100  nm 


Figure  1  (a)  HREM  micrograph  of  the  interface  region  between  a  GaN  layer  and  the  (001) 
GaAs  buffer  layer.  Note  the  sharp  heterointerface  and  the  periodic  array  of  Lomer 
dislocations  at  the  interface,  (b)  AFM  micrograph  of  a  100  nm  thick  GaN  layer  on  (001) 
GaAs.  The  rms  roughness  measured  is  0.5  nm.  The  edges  of  the  rectangular  features  on  the 
surface  run  along  the  (110)  directions. 
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The  HREM  micrograph  (a)  demonstrates  that  epitaxial  growth  of  GaN  on  (001)  GaAs 
has  been  obtained.  In  fact,  despite  the  lattice  mismatch  of  20%  between  GaN  and  GaAs, 
the  layer  is  single-ciystal  in  the  sense  that  a  grain  structure  is  detected  neither  on  the  scale 
displayed  in  Fig.  1  (a)  nor  on  the  largest  scale  accessible  by  transmission  electron 
microscopy  (not  shown  here).  The  interface  between  GaN  and  GaAs  is  remarkably  well- 
defined  and  exhibits  only  monolayer  fluctuations.  A  high  density  array  of  Lomer  (90°) 
dislocations  appear  at  the  interface.  Secondly,  stacking  faults  of  a  much  lower  density, 
which  apparently  originate  from  the  interface,  run  through  the  GaN  layer.  Some  of  these 
stacking  faults  mutually  terminate  when  intersecting.  The  AFM  micrograph  (b)  shows  the 
surface  of  a  GaN  layer  grown  under  the  c(2x2)  surface  reconstruction,  corresponding  to  a 
N/Ga  ratio  of  one.  The  surface,  while  being  quite  smooth  on  a  macroscopic  scale,  is 
microscopically  rather  rough,  and  consists  of  a  densely-packed  array  of  highly  regular 
rectangular  features.  In  fact,  although  the  rms  roughness  measured  from  this  and  similar 
surfaces  over  a  lateral  scale  of  1  |Lim^  is  impressively  low  (0.5  nm),  peak-to-valley  values 
of  up  to  4  nm  are  observed  between  adjacent  rectangles.  It  has  to  be  pointed  out  that  these 
rectangular  features  on  the  GaN  surface  do  not  correspond  to  a  grain  or  columnar 
structure  of  the  layer. 

Two  important  questions  arise  from  the  micrographs  displayed  in  Fig.  1.  First  of  all, 
which  factors  determine  the  epitaxial  nucleation  of  GaN  on  GaAs,  and  which  are  the 
primary  defects  created  in  this  stage?  Secondly,  which  factors  determine  the  surface 
morphology  of  a  cubic  GaN  layer,  and  how  can  we  possibly  improve  it?  These  two 
questions  will  be  considered  separately  in  the  following  two  paragraphs. 

Nucleation 

Empirically,  we  found  that  the  epitaxial  growth  of  GaN  on  (001)  GaAs  is  by  no  means 
trivial  to  achieve,  but  is  critically  depending  on  the  growth  conditions  in  the  very  first 
stage  of  deposition,  i.e.,  during  nucleation.  For  example,  the  deposition  of  the  first  GaN 
MLs  with  the  same  Ga  flux  used  for  growth  (i.e.,  a  N/Ga  ratio  of  one)  results  in  the 
formation  of  comparatively  large  three-dimensional  (3D)  nuclei  with  large  rotational 
misorientations  to  each  other  due  to  a  high  density  of  60°  dislocations.  Further  growth 
onto  this  kind  of  template  leads  to  a  polycrystalline  GaN  deposit  with  grain  sizes  on  the 
order  of  10  nm.  On  the  other  hand,  the  brute  force  concept  of  depositing  an  amorphous 
GaN  layer  to  avoid  formation  of  3D  nuclei,  which  is  used  with  much  success  for  the 
growth  of  wurtzite  GaN  on  (0001)  Al203,^  also  does  not  suffice  for  our  purpose. 
Recrystallization  of  this  amorphous  deposit  at  680°C  leads  to  randomly  oriented  grains 
with  predominantly  wurtzite  structure  within  a  highly  disordered  polycrystalline  matrix, 
and  further  deposition  onto  this  kind  of  template  results  in  the  well-known  columnar 
growth  of  hexagonal  GaN.  It  is  clear  that,  for  achieving  solid  phase  epitaxy,  a  higher 
temperature  is  needed  than  that  we  can  reach  in  view  of  the  limited  thermal  stability  of 
our  substrate.  These  problems  led  us  to  the  concept  of  depositing  a  very  thin  nucleation 
layer  under  conditions  which,  while  strongly  limiting  adatom  kinetics,  still  allow 
formation  of  crystalline  GaN.  The  conditions  used  for  this  purpose  are  those  detailed 
above.  In  Fig.  2,  we  show  the  AFM  (a)  and  HREM  (b)  micrographs  obtained  from  such  a 
nucleation  layer. 
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Figure  2  (a)  AFM  micrograph  of  a  5  ML  thick  GaN  deposit  on  (001)  GaAs.  The  rms 
roughness  measured  is  1  nm.  (b)  HREM  micrograph  of  the  5  ML  thick  GaN  film  whose 
surface  morphology  is  shown  in  (a).  The  GaN  deposit  is  highly  connected  and  forms  indeed 
an  epitaxial  layer.  Lomer  dislocations  are  formed  each  5  interatomic  distances. 

The  AFM  micrograph  (a)  reveals  a  quite  smooth  surface  (rms  roughness  1  nm), 
particularly  on  a  microscopic  scale,  with  large,  highly  anisotropic  terrace-like  features. 
The  edges  of  these  terraces  run  along  the  <110)  directions,  and  they  are  thus  supposed  to 
originate  from  the  anisotropic  step  structure  of  our  GaAs  buffer  layer.  3D  nuclei  are  not 
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observed.  The  HREM  micrograph  (b)  of  this  nucleation  layer  most  impressively  shows 
that  the  5  ML  GaN  deposit  forms  a  connected,  epitaxial  layer.  The  mismatch  between 
GaN  and  GaAs  is  seen  to  be  relieved  by  Lomer  dislocation  formed  each  5  interatomic 
distances.  The  phenomenon  of  a  regular  periodic  spacing  of  these  dislocations  is  observed 
along  both  <110)  directions  and  for  all  of  our  epitaxial  GaN  layers  [see  also  Fig.  1(a)]. 
The  periodicity  is  broken  just  at  those  locations  from  which  stacking  faults  originate. 

These  observations  lead  us  to  the  following  understanding  of  the  epitaxial  growth  of 
GaN  on  GaAs.  Coincidentally,  the  lattice  misfit  between  these  materials  almost  exactly 
corresponds  to  a  ratio  of  integers  (5/4),  i.e.,  the  residual  misfit  i={r\aGaN-^^caAs)l^<^GaAs 
between  GaN  and  GaAs  is  essentially  zero  if  and  only  if  n=5  and  m=4.  In  fact,  taking  the 
most  accurate  values  for  the  lattice  constants  available  at  growth  temperature,  namely, 
aGav=0.455±0.01  nm  and  ac7aA^=0.568886  nm,  we  obtain  f=  -0.02±0.2%.  Thus,  an  array 
of  Lomer  dislocations  with  a  period  of  5  GaN  lattice  planes  will  essentially  account  for 
the  entire  misfit.  Individual  nuclei  supposedly  relax  by  the  direct  nucleation  of  Lomer 
dislocations  during  lateral  growth,  as  suggested  by  Fig.  2(b),  making  these  dislocations 
the  primary  defect  at  the  interface  with  no  immediately  obvious  reason  for  generating 
other  defects.  However,  the  spacing  of  these  individual  nuclei  will  not  necessarily  be  in 
phase  with  respect  to  their  dislocation  array,  and  upon  their  coalescence  the  periodicity  of 
the  dislocation  array  will  thus,  in  general,  be  broken.  These  locations  are  centers  of  very 
high  local  strain  (a  6/5  ratio,  for  example,  corresponds  to  a  residual  misfit  f  of-4%),  and 
we  believe  that  these  local  strain  concentrations  are  responsible  for  the  secondary  defects 
in  our  layers,  namely,  the  stacking  faults.  The  occurrence  of  a  "magic  mismatch"  between 
GaN  and  GaAs  provides  an  explanation  of  the  phenomenon  of  epitaxial  growth  for  a 
strain  for  which  epitaxy  of  covalently  bonded  materials  is  usually  no  longer  achieved. 
This  "magic  mismatch"  also  helps  to  understand  why  the  structural  quality  of  our  GaN 
films  rivals  that  of  GaN  layers  grown  on  (001)  SiC  and  (001)  MgO,  substrates  which  both 
have  a  considerably  smaller  lattice  mismatch  to  GaN.  However,  the  remaining  problem  of 
the  generation  of  a  high  density  of  secondary  defects,  which  is  an  inevitable  consequence 
of  the  statistical  nature  of  nucleation,  seems  difficult  to  overcome,  since  its  solution 
would  amount  to  a  spatial  synchronization  of  the  dislocation  arrays  formed  independently 
in  individual  nuclei.  Attempts  in  this  direction,  which  are  based  on  the  idea  of  regular  step 
arrays  with  a  distance  of  4  GaAs  interatomic  spacings  [here  provided  by  (711)  surfaces], 
are  underway  in  this  laboratory. 

Growth  kinetics 


We  now  turn  to  the  question  which  factors  determine  the  surface  morphology  of  GaN 
layers  on  (001)  GaAs.  As  described  in  detail  elsewhere, we  have  found  that  the  most 
important  factor  for  determining  the  phase  purity  of  cubic  GaN  films  is  the  N/Ga  ratio 
during  growth.  A  high  N/Ga  ratio  leads  to  the  formation  of  hexagonal  domains  within  the 
layer,  which  subsequently  deteriorates  the  structural  and  morphological  quality  of  the 
layer!  A  low  N/Ga  ratio  gives  rise  to  smooth  films  of  high  structural  quality,  which  are, 
however,  intersected  by  large  (~1  pm)  GaN  crystals  formed  within  Ga  droplets  on  the 
surface  of  the  growing  film.  Macroscopically  smooth  ("mirrorlike")  films  are  only 
obtained  with  a  N/Ga  ratio  close  to  one. 
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We  have  also  demonstrated  that  the  surface  reconstructions  of  GaN  and  their 
transitions  upon  an  impinging  Ga  and/or  N  flux  provide  a  means  for  controlling  the 
surface  stoichiometry  during  growth."^  The  N/Ga  flux  ratio  required  to  grow  smooth  films 
was  shown  to  correspond  to  the  region  between  the  (2x2)  and  the  c(2x2)  surface 
reconstructions. 

Here,  we  go  one  step  further  and  analyze  the  surface  reconstruction  transitions 
quantitatively.  For  this  purpose,  we  develop  a  simple  model  of  the  surface  kinetics  which 
accounts  for  the  basic  processes  involved,  namely,  adsorption,  diffusion,  desorption,  and 
incorporation  of  the  surface  species  present  on  the  GaN  (001)  surface.  The  basic 
equations  of  our  model  are  given  by 

=  2fe.(l/2-9,)  +  D„/‘^^~^‘^n  +  YN(l/2-9,)-j^e,. 

=  2jo.(e,  -  e,) + Do, 

=  2jG.e,  +  2k„n“, 

where  0i  and  62  denote  the  Ga  dimer  coverage  related  to  (2x2)  and  c(2x2)  domains,  n 
the  amount  of  excess  (liquid)  Ga,  joa  and  Jn  the  Ga  and  N  flux,  Dg^the  diffusion  rate  of 
excess  Ga  adatoms  impinging  onto  62,  Yca  and  Yn  the  rates  of  Ga  and  N  desorption,  and  kn 
the  rate  coefficient  of  excess  Ga  desorption.  The  first  term  of  each  equation  accounts  for 
adsorption  of  Ga,  building  up  the  0i  phase  and  subsequently  the  accompanying  phases  02 
and  n.  In  much  the  same  way,  the  second  terms  account  for  diffusion  of  Ga  adatoms 
impinging  onto  02  domains  having  a  size  proportional  to  the  coverage.  In  other  words,  the 
diffusion  rate  is  defined  as  the  ratio  of  diffusion  coefficient  Dca  and  domain  size  L^.  The 
third  terms  describe  the  desorption  of  N,  Ga  dimers  (02)  and  excess  Ga  (n),  where  the 
latter  phase  has  been  assumed  to  eventually  form  hemispherical  droplets  where 
desorption  takes  place  from  the  droplets'  surface  which  is  of  order  2/3.  The  last  terms, 
finally,  stand  for  the  incorporation  of  Ga  and  N  adatoms  into  the  crystal,  i.e.,  actual 
growth. 

Finally,  we  have  to  relate  the  surface  coverage  calculated  by  means  of  the  above 
equations  to  the  quantity  experimentally  observed,  namely,  the  RHEED  intensity  of  the 
half-order  beam.  Although  the  intensity  in  RHEED  is,  in  general,  to  be  calculated  by 
dynamical  diffraction  theory,  there  are  certain  instances  for  which  the  use  of  the 
kinematical  approximation  is  justified.^  These  instances  include  the  present  case  of  the 
half-order  beam  related  to  the  (2x2)  reconstruction.  Within  the  kinematical 
approximation,  we  thus  write  for  the  intensity  of  the  half-order  reconstruction  streak 
along  a  ( 1 1 0)  azimuth^ 


d0^(t) 

dt 

d0,(t) 

dt 

~dn(t) 

dt 


i(t)=[e,(t)-0j(t)f. 


33 


Figure  3  shows  RHEED  transients  at  (a)  620°C  and  (b)  680°C  upon  the  supply  of  1.5 
ML  Ga  onto  a  (2x2)  reconstructed  surface  on  a  logarithmic  scale. 


Figure  3  Logarithmic  display  of  RHEED  intensity  transients  upon  a  1.5  monolayer  Ga 
dose  at  (a)  620°C  and  (b)  680°C.  The  points  represent  experimental  data,  and  the  bold  solid 
lines  show  the  best  fit  of  our  model  using  diffusion  rates  of  (a)  0.06/s  and  (b)  0.55/s. 
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The  maximum  intensity  corresponds  in  each  case  to  that  of  the  (2x2)  reconstruction, 
while  the  intensity  drop  is  associated  to  the  transition  towards  the  c(2x2)  reconstructed 
surfaces.  It  is  obvious  from  these  experiments  that  the  half-order  streak  first  vanishes 
upon  the  impinging  flux  of  Ga,  but  recovers  in  a  finite  time  once  the  supply  has  ceased. 
Note  that  the  recovery  time  is  substantially  shorter  at  higher  temperature.  The  simplest 
explanation  for  this  effect  consists  in  the  initial  adsorption  of  Ga,  thus  forming  the  c(2x2) 
surface  phase  which  is  distinct  in  coverage  and  symmetry  from  the  (2x2)  surface  phase, 
followed  by  the  isothermal  desorption  of  the  species  building  up  these  phases.  The 
amount  of  Ga  supplied  exceeds  the  maximum  coverage  of  1  ML  reached  for  the  c(2x2) 
reconstruction,  and,  thus,  the  influence  of  the  diffusion  of  excess  Ga  (n)  is  quite 
important.  The  experimental  data  are  compared  to  simulations  of  our  model  where  all 
parameters  have  been  kept  constant  except  for  the  diffusion  rate  The  sensitive 
dependence  of  the  transient  behavior  on  this  parameter  is  evident. 

To  go  further,  we  next  extract  the  actual  diffusion  coefficient  Dca  from  these 
measurements  of  the  diffusion  rate.  The  determination  of  Doa^  \}  requires  knowledge 
of  the  domain  size  L,  which  is  acquired  here  by  scanning  tunneling  microscopy 
investigations  of  our  GaN  films.  These  studies  show  that  the  surface  reconstruction  is 
disordered  on  an  atomic  scale.  As  a  worst-case  approximation,  the  surface  domain  size  \} 
has  been  assumed  to  be  on  the  order  of  one  unit  cell. 

In  Fig.  4,  we  present  the  temperature  dependence  of  the  diffusion  coefficient  Dca- 


Tt'-C) 

700  680  660  640  620  600 


Figure  4  Arrhenius  representation  of  the  diffusion  coefficient  Doa.  The  solid  squares  are 
experimental  data.  The  solid  line  is  a  least-square  fit  of  an  exponential  to  the  data.  For  the 
diffusion  coefficient  i>Ga=DocJ:p(-£D/*:j?r)  we  obtain  Do=0.007  cmVs  and  £^=2.48  eV. 

Our  assumptions  results  in  a  preexponential  factor  of  0.007  cm^/s,  which  is  in  fact 
consistent  with  the  expected  "universal"  Do=v/4No,  where  v  is  the  frequency  of  thermal 
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vibrations  and  No  is  the  surface  site  density.  The  diffusivity  is  characterized  by  an 
activation  energy  of  2.48  eV,  i.e.,  twice  that  obtained  for  GaAs.^  This  finding  is 
consistent  with  the  theoretically  expected  scaling  of  the  surface  diffusivity  with  the 
cohesive  strength  of  the  material.®  Note  that  this  activation  energy  may  originate  from  the 
temperature  dependence  of  the  domain  size  L^,  which  is  determined  by  diffusion  of  Ga  on 
the  (2x2)  reconstructed  surface,  rather  than  by  which  accounts  for  diffusion  of  excess 
Ga  on  the  c(2x2)  domains.  In  any  case,  it  is  clear  that  the  diffusion  coefficient  for  Ga 
adatoms  on  the  Ga  stabilized  (001)  GaN  surface  is  too  low  to  obtain  a  truly  smooth 
surface. 

Summary  and  Conclusion 

We  have  shown  that  the  phenomenon  of  epitaxial  growth  of  GaN  on  (001)  GaAs  arises 
from  a  coincidence  lattice  between  GaAs  and  GaN.  The  presence  of  a  high-density  of 
stacking  faults  within  the  GaN  layer  is  thus  understood  as  being  a  natural  consequence  of 
the  coalescence  of  perfectly  relaxed  nuclei.  We  have  furthermore  analyzed  the  growth 
kinetics  of  GaN  via  the  surface  reconstruction  transitions  observed  upon  an  impinging  Ga 
flux,  from  which  we  have  obtained  both  the  desorption  rate  of  Ga  and  the  diffusion 
coefficient  of  Ga  adatoms  on  the  Ga-stabilized  GaN  surface.  The  low  diffusivity  of  Ga 
provides  an  explanation  for  the  microscopic  surface  roughness  observed  on  our  samples. 

Possible  remedies  for  these  two  major  problems  identified  in  this  work,  namely,  the 
high  stacking  fault  density  and  the  microscopic  surface  roughness,  include  the  following 
strategies.  Firstly,  in  order  to  avoid  the  coalescence  of  "out  of  phase"  nuclei  and  thus  the 
formation  of  the  consequential  stacking  faults,  it  is  required  to  synchronize  the  formation 
of  dislocation  arrays  in  spatially  separated  nuclei.  This  task  might  be  achieved  by  a 
surface  with  a  highly  uniform  array  of  steps  four  interatomic  distances  apart.  If,  for 
example,  the  step  array  runs  straight  along  a  (110)  direction,  such  a  surface  would  be 
formed  by  a  {711}-plane.  However,  the  inevitable  statistical  fluctuation  of  the  terrace 
widths  on  such  surfaces  might  render  this  simplified  view  as  being  rather  too  idealistic. 
Secondly,  the  most  straightforward  way  for  enhancing  the  diffusivity  of  surface  adatoms 
is  a  higher  growth  temperature.  Since  the  temperatures  used  in  this  work  are  actually 
limited  by  the  thermal  stability  of  the  GaAs  substrate.  Si  seems  an  attractive  candidate  in 
that  it  shares  most  of  the  advantages  of  GaAs  while  simultaneously  offering  additional 
ones,  such  as,  particularly,  a  higher  thermal  stability.  However,  the  growth  of  a  III-V 
compound  on  a  group  IV  substrate  brings  about  also  additional  complications  related  to 
the  formation  of  antiphase  domain  boundarys,  and  it  is,  at  present,  not  clear  which  of 
these  factors  will  eventually  be  most  important  for  the  quality  of  the  GaN  layer. 
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ABSTRACT 

The  development  and  device  applications  of  the  InGaAlN  system  have  progressed 
dramatically  with  improvements  in  crystalline  quality  by  achieved  through  a  buffer  layer,  the 
realization  of  p-type  doping,  and  the  growth  of  ternary  alloys.  As  a  substrate,  sapphire  is  mainly 
used  for  epitaxial  growth  because  of  the  lack  of  a  GaN  bulk  crystal.  However,  many  cracks  in 
GaN  film  can  still  be  observed  and  its  X-ray  rocking  curve  width  is  less  than  100  arc  seconds. 
This  is  are  thought  to  be  due  to  the  lattice  constants  and  thermal  expansion  coefficients  of  GaN  and 
sapphire  differ  by  13.8%  and  by  -34.2%,  respectively.  These  values  are  extremely  lai'ge  in 
comparison  with  the  corresponding  values  for  InP  and  GaAs.  Lattice-matching  growth  thus 
remains  a  basic  problem  in  growing  the  high-quality  epitaxial  films  necessary  for  high- 
perfonnance  devices. 

This  paper  reviews  attempts  at  lattice-matching  growth.  Lattice-matching  growth  of  InGaN  on  a 
house-made  ZnO  substrate  and  near-lattice-matching  growth  of  GaN  on  SiC  and  NdGaOs 
substrates  have  been  proposed  and  performed,  and  the  effects  of  lattice-matching  have  been 
confirmed.  Various  types  of  surface  planes  commercially  available  sapphire  substrates  are  also 
discussed. 

INTRODUCTION 

Recent  progress  in  research  on  an  InGaAlN  system  has  been  remarkable  since  the  InGaAlN 
quaternary  system  has  proposed  as  a  promising  material  in  the  fabrication  of  high  performance 
optical  devices  in  wavelength  regions  shorter  than  orange.  High-quality  GaN  films  have  been 
grown  on  (0001)  sapphire  substrates  by  using  buffer  layers  of  AIN  [1]  and  GaN  [2]  grown  at  low 
temperatures  by  metalorganic  vapor  phase  epitaxy  (MOVPE),  because  unfortunately  no  substrate 
for  the  homoepitaxial  growth  of  InGaAlN  systems  exists  yet.  In  molecular  beam  epitaxy  (MBE), 
high  quality  GaN  has  been  grown  using  nitrogen  radicals  as  the  nitrogen  source  [3,4]. 

Conduction  type  control  has  also  been  carried  out.  N-type  GaN  has  been  obtained  by  Si- 
doping  using  silane  [5].  P-type  GaN  has  been  obtained  by  Mg-doping,  and  post-growth 
treatment,  that  is,  through  the  low-energy  electron-beam  irradiation  (LEEBI)  [6]  and  thermal 
annealing  [7].  In  MBE,  conduction  type  control  has  been  achieved  without  the  use  of  any  post¬ 
growth  treatment  [4]. 

The  most  difficult  part  of  growing  an  InGaAlN  system  is  InN  growth  because  the  equilibrium 
vapor  pressure  of  nitrogen  is  several  orders  of  magnitude  higher  than  AIN  and  GaN  [8].  A  single 
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crystal  of  InN  has  been  successively  grown  under  high  flow  rate  ratios  of  group  V  to  group  III 
sources  [8].  This  success  has  made  composition  control  possible.  The  quality  of  InGaN  has 
improved  at  a  growth  temperature  of  800°C  such  that  photoluminescence  has  been  observed.  At 
present,  using  the  growth  methods  mentioned  above,  an  InGaN/AlGaN  double-heterostructure 
(DH  structure)  has  been  fabricated  and  a  candela-class  DH  light-emitting-diode  (LED)  has  been 
obtained  [9].  Optically  pumped  stimulated  emission  from  a  GaN/AlGaN  DH  structure  has  also 
been  demonstrated  [10].  However,  no  laser  diode  (LD)  with  an  InGaAlN  system  exists  which 
oscillates  with  current  injection.  Present  demand  requires  an  LD  with  an  InGaAlN  system  to  be 
fabricated.  To  achieve  this,  much  higher  quality  material  through  lattice-matching  growth  on  a 
substrate  needs  to  be  attained.  Of  course,  the  lattice  matching  between  respective  layers  of 
configuring  devices  is  also  important.  This  has  not  been  as  large  a  problem  in  the  device  lifetimes 
of  InGaAlN  LEDs  up  to  now,  however,  the  strain  due  to  lattice-mismatch  may  decrease  lifetime  in 
devices  such  as  ZnSe-based  blue-green  LDs  and  LEDs.  Lattice-matching  growth  has  been  a  basic 
technique  of  epitaxial  growth  throughout  its  history. 

In  this  paper,  lattice-matching  growth  is  reviewed.  The  substrate  materials  suitable  for 
complete  and  near  lattice-matching  growth  are  described.  The  control  of  composition  of  InGaN 
which  is  important  for  light  emitting  devices  and  lattice-matching  growth  is  also  shown. 

SUBSTRATE  FOR  InGaAlN  SYSTEM 

The  relationship  between  the  lattice  constant  and  band-gap  energy  is  a  basic  consideration  in 
device  fabrication  and  substrate  selection.  Figure  1  shows  this  relationship  and  the  lattice  constants 
of  some  candidate  substrate  materials  for  the  InGaAlN  system  are  indicated  by  the  dotted  lines 
[11].  We  can  see  from  this  figure  that  DH  structures  can  be  configured  using  lattice-matching. 
Although  sapphire  is  similar  to  GaN,  it  does  not  have  a  wurtzite  structure.  The  lattice-mismatch 
between  GaN  and  (0001)  sapphire  is  13.8%  as  shown  in  Table  1.  In  addition,  this  table  also 
includes  thermal  expansion  mismatch  which  is  as  important  as  lattice  constant  for  epitaxial  growth. 
In  particular,  sapphire  with  various  types  of  commercially  available  planes  are  compared  in  Table 
2.  'Fhis  table  shows  the  relationship  of  orientation,  lattice-mismatch  and  crystallographic  symmetry 
between  a  GaN  epitaxial  film  and  a  sapphire  substrate.  From  the  viewpoints  of  lattice-mismatch 
and  crystallographic  symmetry,  (0110)  sapphire  seems  the  most  suited  to  GaN  growth.  The  c-axis 
of  a  GaN  film  grown  on  a  (0110)  sapphire  substrate  inclines  to  that  of  this  substrate.  This  means 
that  twins  may  generate  in  an  epitaxial  film.  This  is  the  only  disadvantage  of  a  (0110)  plane  in 
comparison  with  a  (0001)  plane.  Lattice-mismatch  of  NdGa03  with  an  orthorhombic  crystal 
structure  is  calculated  in  Table  1.  This  structure  has  been  regarded  as  pseudo-cubic  because  the 
lattice  constants  along  with  the  a-  and  b-axes  are  almost  the  same  [12].  NdGa03  has  been  used  in 
the  epitaxial  growth  of  super-conductive  oxide  material  [13].  Lattice  mismatching  of  (0001)  6H- 
SiC  and  (101)  NdGa03  to  GaN  is  smaller  than  that  of  GaAs  to  Si.  The  use  of  (1 1 1)  MgAl204  has 
recently  been  proposed  [14].  This  material  can  be  cleaved  and  this  property  is  useful  in  fabricating 
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Figure  1  Relationship  between  bandgap  energy  and  lattice  constant  Dotted  lines  show  atomic 
spaces  in-plane  corresponding  to  GaN. 


Table  1  Lattice  and  thermal  mismatch  between  GaN  and  substrates. 


SUBSTRATE 

LAniCE  MISMATCH 
(%) 

THERMAL  EXPANSION 
MISMATCH  {%) 

(0001)  SAPPHIRE 

13.8 

-25.5 

(0110)  SAPPHIRE 

-1.9,  2.6 

9  ,  62 

{0001)6H-SiC 

3.4 

25 

(101}NdGaO3 

1.2 

20.6 

BDUQISH 

9.5 

MISMATCH  =  GaN -SUBSTRATE 
GaN 


Table  2  Relationships  of  orientation,  lattice  mismatch  and  crystallographic  symmetry 
between  GaN  epitaxial  film  and  sapphire  substrate.  After  ref.  15. 


1  INTERFACE  PLANE 

IN  -  PUNE 

UmCE  MISMATCH 
(%) 

CRYSTALLOGRAPHIC 

SYMMETRY 

(01T3)/(01T0) 

IBOmi 

•2.6 

COINCIDENCE 

1.9 

(0001)/ (0001) 

iSBiem 

13.8 

COINCIDENCE 

[0110]// [2110] 

13.8 

(0001)/{2fl0) 

[0110]// [01  TO] 

-0.4 

NON  COINCIDENCE 

[2110]// [0001] 

1.9 

(21  TO)/ (011 2) 

13.8 

COINCIDENCE 

[0001]// [0111] 

1.1 

{01T0);M-PLANE,  {0001):C-PLANE,  (2TT0);A-PLANE, 

01T2);R-PLANE 
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laser  cavities.  In  this  table,  there  is  no  difference  in  thermal  expansion  mismatch  between 
mateiials. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Epitaxial  films  were  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE).  The  source  gases 
were  trimethylindium  (TMI),  triethylgallium  (TEG),  and  purified  ammonia.  Both  carrier  and 
bubbling  gases  were  purified  hydrogen  and  nitrogen  for  GaN  and  InGaN  growth,  respectively. 
The  reactor  pressure  was  held  at  76  Torr. 

GaN  GROWTH  ON  fflliOi  SAPPHIRE  SUBSTRATE 

Sapphire  substrates  were  degreased  with  organic  solvents.  Next,  these  substrates  were 
cleaned  in  hydrogen  at  1 150  °C  for  10  minutes  and  then  their  surfaces  were  nitrided  in-situ  in  an 
ambient  of  ammonia  at  1 150  °C  for  5  minutes  just  before  growth.  Ammonia  was  introduced  into 
the  reactor  at  2.5  standard  liters  per  minute  (slm).  The  flow  rate  ratio  of  ammonia  to  triethylgallium 
(TEG)  (V/ni  ratio)  was  5.5  x  10^,  and  the  growth  temperature  was  1000°C. 

The  surface  morphology  of  GaN  films  simultaneously  grown  on  ((X)0.1)  and  (0110)  sapphire 
substrates  was  examined  using  the  differential  interference  micrographs  [15].  The  GaN  film  on  the 
(01  iO)  substrate  had  no  characteristic  patterns  or  projections,  and  only  a  relatively  flat  surface  was 
observed.  On  the  other  hand,  GaN  on  the  (0001)  substrate  exhibits  peculiar  hexagonal  patterns. 
The  surface  roughness  of  approximately  a  l-pm  thick  piece  of  film  was  measured  with  a  surface 
profilometer.  The  magnitude  of  the  surface  roughness  of  GaN  on  a  (01  iO)  substrate  was  about  50 
nm  on  one  order  of  magnitude  smaller  than  that  on  the  (0001)  substrate. 

Electron  concentration  and  the  mobility  of  undoped  GaN  films  was  evaluated  by  Hall 
measurements  at  room  temperature.  The  dependence  of  both  characteristics  on  growth  temperature 
are  shown  in  Fig.  2  in  comparison  with  the  (0110),  (0001),  (01 12),  and  (2110)  substrates.  Both 
characteristics  improved  by  using  high  growth  temperatures.  GaN  on  the  (01 10)  substrate  showed 
the  best  characteristics. 

The  photoluminescence  (PL)  spectra  of  GaN  films  on  both  (0110)  and  (0001)  substrates  are 
compared  in  Fig.  3.  Excitation  was  carried  out  using  a  helium-cadmium  laser  with  a  wavelength  of 
325  nm.  The  PL  intensity  of  the  film  on  the  (0110)  substrate  was  more  than  three  times  greater 
than  that  on  the  (0001)  substrate,  despite  the  fact  that  the  film  grown  on  the  (0001)  substrate  had 
approximately  four  times  higher  carrier  concentration. 

The  above  results  suggest  that  the  crystalline  quality  of  GaN  film  grown  on  sapphire  (0110) 
substrates  is  better  than  that  grown  on  (0001)  substrates,  and  that  (0110)  substrates  are  more 
suitable  for  GaN  growth. 
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Figure  2  Dependence  of  electron  mobility  and  carrier  concentration  on  growth  temperature  in 
comparison  with  the  (0110),  (0001),  (0112),  and  (2110)  substrates. 
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Figure  3  Room  temperature  PL  spectra  of  GaN  grown  on  (0110)  (M-plane)  and  (0001)  (C-plane) 
sapphire  substrates. 
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GaN  GROWTH  ON  (OOOn  6H-SiC  SUBSTRATE 

(0001)  6H-SiC  not  only  has  a  lattice  constant  closer  to  GaN  than  sapphire,  but  it  is  also  vastly 
different  from  sapphire  in  terms  of  crystallographic  structures.  In  contrast  to  the  centrosymmetric 
structure  of  sapphire,  SiC  has  polarity  along  the  [0(X)1]  axis.  The  polarity  of  GaN  has  been 
overlooked  because  most  researchers  have  used  the  nonpolar  substrate  of  sapphire.  GaN  polarity 
can  be  expected  to  appear  on  the  polar  planes  of  SiC. 

The  substrates  used  were  low-resistivity  n-type  (0001)  6H-SiC  grown  by  the  Acheson 
method.  As  SiC  has  a  chemically  stable  nature,  the  substrates  were  prepared  for  epitaxial  growth 
[16].  Degreasing  in  organic  solvents,  oxidizing  in  oxygen  ambient  at  1100°C  over  10  hours,  and 
removing  oxide  with  hydrofluoric  acid  were  performed.  The  substrates  were  then  heated  in 
hydrogen  at  1 150°C  for  10  minutes  just  before  growth.  The  substrate  polarity  of  SiC  substrates 
was  discriminated  by  the  dependence  of  oxidation  rate  on  the  polarity  [17].  To  study  the  substrate 
polarity  dependence  of  GaN  films,  they  were  simultaneously  grown  on  (000 l)c  and  (OOOl)si  SiC 
substrates.  As  a  comparison,  sapphire  substrates  were  used  in  the  same  run. 

Surface  morphologies  of  GaN  films  were  observed  through  a  scanning  electron  microscope. 
The  film  on  ((XX)l)si  SiC  showed  a  featureless,  rather  smooth  surface  in  contrast  that  the  film  on 
(OOOl)c  SiC.  The  latter  had  prominent  hexagonal  pyramids  similar  to  the  film  on  (0001)  sapphire. 
PL  spectra  at  room  temperature  consisted  on  three  emission  peaks:  near-edge  emission  at  365  nm 
and  two  broad  deep  bands  near  425  and  560  nm  as  shown  in  Fig.  4.  Although  the  near-edge 
emission  intensity  is  almost  constant  in  these  films,  the  broad  emission  near  425  nm  of  GaN  on 
(OOOl)si  SiC  is  much  smaller  than  those  of  GaN  on  (000 l)c  SiC  and  on  ((K)01)  sapphire. 


WAVELENGTH  (nm) 

Figure  4  Room  temperature  PL  spectra  of  GaN  on  (0001 )si  SiC  (a),  (0001 )c  SiC  (b)  and  (0001) 
sapphire  (c). 
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The  polarity  of  GaN  was  determined  from  X-ray  photoelectron  spectroscopy  (XPS)  using 
Frommer’s  method  [18].  This  method  has  been  proposed  to  discriminate  GaP  polarity,  and  it  is 
based  in  principle  on  the  dependency  of  the  chemical  shift  in  the  XPS  signal  of  Ga  atoms  on  Ga-P 
and  Ga-0  bonds.  Frommer  reported  that  additional  higher-energy  peak  appeared  in  the  Ga  2p3/2 
spectrum  from  {lll}Ga  GaP.  This  higher-energy  peak  was  assigned  to  surface  Ga-0  bonds. 
When  this  peak  was  observed,  the  surface  of  GaP  was  thought  to  have  terminated  by  Ga.  The  Ga 
2p3/2  photoelectron  spectra  from  GaN  are  shown  in  Fig.  5.  It  should  be  noticed  that  the  spectra 
from  the  film  on  (0001 )c  SiC  shift  towards  higher  energy.  For  the  XPS  spectra  of  GaN,  the 
electronegativity  difference  between  nitrogen  and  oxygen  are  significantly  smaller  than  the 
difference  between  phosphorus  and  oxygen.  This  inadequate  difference  in  electronegativity 
between  nitrogen  and  oxygen  leads  to  small  binding-energy  shift  and  makes  it  difficult  to  resolve 
the  present  spectra  based  on  the  contribution  from  Ga-N  and  Ga-0  bonds.  From  Fig.  5,  GaN 
films  on  (OOOl)si  and  ((X)01)cSiC  substrates  were  terminated  with  gallium  and  nitrogen, 
respectively.  The  details  describing  this  determination  process  are  reported  in  ref.  [16]. 

Currently,  bulk  single  crystals  of  SiC  are  grown  using  a  modified-Lely  method.  High  quality 
SiC  substrates  with  diameter  over  one  inch  have  been  fabricated.  GaN  homojunction  LEDs  have 
been  fabricated  on  SiC  substrates  [19]. 


PHOTOELECTRON  ENERGY  (eV) 

Figure  5  Ga  2p3y2  photoelectron  spectra  from  GaN  on  ((XX)l)si  and  ((XX)l)c  SiC. 


GaN  GROWTH  ON  (0111  NdGaOs  SUBSTRATE 

GaN  films  were  grown  on  NGO  (Oil)  substrates  by  the  hydride  VPE  at  810  and  850°C  using 
NH3  and  HCl  as  source  gases,  and  N2  as  a  carrier  gas  [12].  GaN  film  quality  depended  on 
growth  conditions  and  the  best  results  were  obtained  for  a  film  grown  at  a  low  growth  rate  after 
nitridation  of  the  substrate  surface  by  the  NH3  gas,  GaN  (0001)  films  had  been  confirmed  to  be 
grown  on  substrates  from  the  X-ray  diffraction  measurement  and  to  be  grown  along  the  c-axis 
with  good  lattice-matching  to  substrates  from  the  TEM  observation.  PL  spectra  measured  at  room 
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temperature  from  GaN  films  grown  on  a  NGO  (01 1)  and  a  (0001)  sapphire  are  shown  in  Fig,  6 
[12],  The  near-band  edge  emission  were  observed  for  both  films.  This  emission  for  the  GaN  film 
on  a  NGO  substrate  is  sharper  than  that  of  the  GaN  film  on  a  sapphire  and  the  emission  of  a  longer 
wavelength  region  for  the  GaN  film  on  a  NGO  substrate  is  much  weaker.  These  results  show 
NGO  substrates  is  effective  for  the  growth  of  high  quality  GaN  film. 


300  400  500  600  700  800 

Wavelength  (nm) 


Figure  6  Comparison  of  room-temperature  PL  spectra  of  GaN  films  (a)  on  (01 1)  NGO  and  (b)  on 
(0(X)1)  sapphire, 

GaN  GROWTH  ON  (1  in  MgAl204  SUBSTRATH 

GaN  films  were  grown  by  MOVPE  with  a  low-pressure  horizontal  chamber  [14].  The  source 
gases  were  TMG  and  NH3.  The  30  nm  thick  GaN  buffer  layer  grown  at  500°C  was  used.  After 
annealing  this  layer  at  1030°C,  the  thick  GaN  film  was  grown.  The  morphology  of  GaN  on  (1 11) 
MgAl204  was  specular,  while  the  morphology  of  GaN  on  (001)  MgAl204  was  very  rough.  From 
X-ray  diffraction  measurement,  the  GaN  film  was  found  to  be  (0001)  oriented.  The 
crystallographic  orientation  relationships  between  the  GaN  film  and  the  MgAl204  substrate  are  as 
follows:  (0001)GaN//(lll)MgAl204,  (liOO)GaN//(21  UMgAhOa-  The  full  width  of  half¬ 
maximum  (FWHM)  value  of  X-ray  rocking  curves  for  GaN  are  shown  in  Fig.  7  [14],  in 
comparison  with  MgAl204  and  sapphire  substrates.  The  FWHM  decreased  as  the  thickness 
increased.  The  dependence  was  nearly  the  same  for  both  substrates,  although  the  very  narrow 
FWHM  value  of  36  arcseconds  has  been  reported  on  sapphire  substrates.  The  FWHM  value  for  a 
3.6  pm  thick  GaN  grown  on  MgAl204  was  310  arcseconds,  comparably  to  the  typical  data  for  the 
GaN  grown  on  the  sapphire  substrate.  PL  characteristics  were  also  investigated  and  were  the  same 
spectra  for  both  MgAhOa  and  sapphire  substrates.  Therefore,  MgAl204  is  found  to  be  suitable  for 
the  substrate  of  GaN  growth. 
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Figure  7  Comparison  of  room-temperature  PL  spectra  of  GaN  films  (a)  on  (0001)  sapphire  and 
(b)  0n(in)MgAl2O4. 


T  ATTICE-MATCHING  GROWTH  OF  InGaN  ON  (000 n  ZnO  SI  JBSTRATE 

InGaN  growth,  which  is  important  in  lattice-matching  growth  on  a  ZnO  substrate,  is  first 
described.  The  flow  rate  ratio  of  ammonia  to  the  sum  of  group  III  sources  was  increased  from 
2,000  to  20,000,  and  the  growth  temperature  was  varied  from  500  to  800°C.  InGaN  films  were 
grown  on  (0001)  plane  sapphire  substrates  treated  with  the  same  method  used  for  GaN  growth  as 
explained  above. 

The  relationship  between  the  indium  mole  fraction  and  the  group  in  flow  rate  ratio  of  TMI  to 
the  sum  of  TMI  and  TEG  (TMI/(TMI+TEG))  as  a  function  of  growth  temperature  is  shown  in  Fig. 
8  [20].  The  ammonia  flow  rate  was  fixed  at  20  1/min  throughout.  At  growth  temperatures  of 
500°C  and  700°C,  the  VAH  flow  rate  ratio  (mole  ratio)  was  kept  at  20000  because  indium  droplets 
appeared  on  the  surface  when  V/EI  flow  rate  ratios  were  less  than  15000.  However,  for  growth  at 
800°C,  TEG  was  supplied  at  17  |i.mol/min  and  the  VAH  flow  rate  ratio  reached  about  4000.  This 
figure  shows  that  the  indium  mole  fraction  varied  linearly  with  TMI/(TMl4-TEG)  at  a  growth 
temperature  of  500°C.  At  800°C,  the  indium  mole  fraction  increased  steeply  with  TM]y(TMI-hTEG) 
when  that  ratio  was  more  than  0.8.  From  this  figure,  the  incorporation  efficiency  of  indium  can  be 
found  to  decrease  with  increasing  temperature  from  500°C  to  800°C,  probably  because  the  vapor 
pressure  of  indium  is  higher  than  that  of  gallium.  InGaN  with  an  indium  content  of  22  %  can  be 
lattice-matched  to  (0001)  ZnO  substrate  as  shown  by  Fig.  1. 
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Figure  8  Relationship  between  indium  mole  fraction  of  InGaN  and  flow  rate  ratio  of  indium  to  the 
sum  of  group  III  sources. 

ZnO  bulk  crystals  were  grown  by  the  flux  method  and  its  wafers  were  fabricated  in  our 
laboratory  because  ZnO  wafers  are  not  commercially  available.  The  treatment  of  ZnO  substrates 
just  before  InGaN  growth  was  briefly  investigated  because  no  clear  report  have  yet  been 
published.  The  Zn-surface  was  smoothed  by  etching  with  nitric  acid  for  10  minutes  except  for  the 
groove  created  by  slicing  and  polishing.  The  O-surface  was  quite  rough.  Therefore,  the  Zn- 
surface  was  used  for  epitaxial  growth.  To  avoid  degradation  of  the  substrate  surface  in  reduced 
atmospheres  such  as  ammonia,  the  substrate  was  kept  in  a  nitrogen  atmosphere  until  growth,  and 
the  substrate  temperature  was  gradually  raised  to  the  growth  temperature.  At  the  growth 
temperature,  the  nitrogen  in  the  reactor  was  exchanged  for  ammonia  and  group  HI  sources. 

The  X-ray  diffraction  of  InGaN  with  an  indium  content  of  22  %  grown  at  500° C  on  the  Zn- 
surface  of  a  (0001)  plane  ZnO  substrate  are  shown  in  Fig.  9  [20].  Only  diffraction  from  the 
(0002)  planes  of  InGaN  and  ZnO  could  be  observed.  The  difference  in  diffraction  angle  between 
both  peaks  was  0.44  degrees.  This  coincides  with  the  lattice-constant  difference  along  with  the  c- 
axis  between  the  ZnO  substrate  and  the  InGaN  film  which  is  lattice-matched  along  with  the  a-axis, 
thus  confirming  the  lattice-matching  in-plane  between  InGaN  and  ZnO.  The  InGaN  on  ZnO  had  a 
spotty  pattern  under  reflection  high  energy  electron  diffraction  (RHEED).  For  comparison,  InGaN 
was  also  grown  on  sapphire  grown  without  surface  nitridation  at  the  same  time.  This  InGaN  on 
sapphire  showed  rings,  which  indicated  that  the  film  was  polycrystalline.  X-ray  rocking  curve 
width  was  also  compared  between  InGaN  on  ZnO  and  on  sapphire  having  nitrided  surfaces  at 
growth  temperatures  from  5(X)  to  800°C.  All  the  films  were  from  0.3  to  0.5  fim  thick.  For  growth 
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temperatures  greater  than  500°C,  an  initial  20  nm  layer  of  InGaN  was  grown  at  500°C  for  surface 
protection.  Thick  InGaN  was  successively  grown  at  higher  temperatures.  X-ray  diffraction  line 
width  narrowed  for  growth  at  higher  temperatures.  The  X-ray  diffraction  line  width  of  InGaN 
grown  on  ZnO  was  about  20  %  smaller  than  that  of  films  grown  on  sapphire  substrates.  Thus, 
using  lattice-matched  substrates  was  shown  to  improve  the  crystalline  quality  of  InGaN. 
However,  the  minimum  width  of  30  arc  minutes  was  still  quite  large  in  comparison  with  state-of- 
the  art  III-V  material  such  as  GaAs,  because  of  the  poor  crystalline  quality  of  ZnO,  insufficient 
surface  treatment  and  the  nonoptimized  growth  conditions  of  InGaN.  Further  improvement  of  the 
crystalline  quality  of  InGaN  films  is  expected  as  these  factors  are  removed. 


Figure  9 
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X-ray  diffraction  line  of  InGaN  grown  a  (0001)  ZnO  substrate.  The  composition  of 
InGaN  was  selected  to  lattice-match  with  ZnO. 


CONCLUSIONS 

Near  and  complete  lattice-matching  growth  to  (0110)  sapphire,  (0001)  6H-SiC  and  house- 
made  ZnO  substrates  was  reviewed.  Effects  of  lattice-matching  were  described  such  as  the  ready 
growth  of  single  crystals  and  improvements  in  electrical  and  optical  characteristics.  The  surface 
polarity  of  epitaxially  grown  GaN  on  SiC  substrates  with  polarity  was  also  discussed. 

These  InGaAlN  films  with  higher  quality  than  present  films  are  expected  to  achieve  high 
performance  in  light-emitting-devices  such  as  LDs  and  allow  device  fabrication  with  high  yields. 
For  these  purposes,  lattice-matching  growth  is  essential.  Currently,  it  is  impossible  to  fabricate  a 
GaN  wafer  because  the  equilibrium  nitrogen  vapor  pressure  over  GaN  is  extremely  high  [21]. 
Therefore,  we  will  have  to  examine  the  usefulness  of  various  crystals  in  lattice-matching  growth  in 
the  literature  and  to  grow  bulk  crystals. 
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ABSTRACT 

We  report  the  use  of  ScAlMg04  as  a  substrate  for  the  epitaxial  growth  of  wurzitic  GaN.  The 
low  misfit  (+1.8%)  allows  coherent  epitaxy  of  GaN,  as  observed  by  RHEED.  The  congruent 
melting  of  ScAlMg04  makes  Czochralski  growth  possible,  suggesting  that  large,  high  quality 
substrates  can  be  realized.  Boules  about  17mm  in  diameter  are  reported.  We  have  used  nitrogen- 
plasma  molecular  beam  epitaxy  to  grow  GaN  epitaxial  films  onto  ScAlMg04  substrates.  Band-gap 
photoluminescence  has  been  observed  from  some  of  these  films,  depending  primarily  on  the 
deposition  conditions.  A  3x3  superstructure  has  been  observed  by  RHEED  on  the  GaN  surfaces. 
Structural  analysis  by  x-ray  diffraction  indicates  very  good  in-plane  alignment  of  the  GaN  films. 
We  also  report  thermal  expansion  measurements  for  ScAlMg04. 

INTRODUCTION 

The  availability  of  an  appropriate  substrate  for  epitaxial  growth  is  crucial  to  the  practical 
application  of  new  semiconductor  materials.  The  factors  determining  appropriateness  include 
crystallographic,  physical,  chemical,  and  economic  parameters.  For  the  wide  band-gap 
semiconductor  GaN,  the  most  appropriate  substrate  for  practical  applications  such  as  light- 
emitting-diodes  (LED’s)  has  proven  to  be  c-plane  sapphire.[l]  However,  sapphire  has  one 
drawback:  a  huge  lattice  mismatch  with  GaN.  The  -13%  misfit  results  in  a  very  large  dislocation 
density  in  GaN  epitaxial  films  on  sapphire[2].  For  epitaxial  growth,  13%  is  almost  the  largest 
misfit  that  can  be  tolerated  while  still  getting  a  well-aligned  film.  The  surprisingly  high  quality  of 
GaN  films  that  have  been  obtained  on  sapphire  may  be  due  to  an  interfacial  AIN  reaction  layer.[3, 
4] 

In  this  paper,  we  report  epitaxial  growth  of  GaN  on  a  material  with  is  the  YbFe204 
structure.[5]  This  structure-type  is  a  rhombohedral  layered  structure,  with  hexagonal  a-lattice 
constants  between  3.236  (ScMgA104)[6]  and  3.489A  (YFeZn04).[6]  The  structure  can  be 
considered  to  be  a  superlattice  of  rock-salt-like  layers  and  wurtzite-like  layers.  The  oxygen  lattice  is 
near  to  close-packed.  The  smallest  of  the  known  YbFe204-type  materials,  ScAlMg04  is  well 
matched  (+1.8%)  to  the  hexagonal  face  of  wurtzite-structure  GaN.  A  more  complete  report  of  this 
work  has  been  published  elsewhere. [7] 

PREPARATION  AND  CHARACTERIZATION  OF  ScAlMg04  CRYSTALS 

Two  types  of  ScAlMg04  substrate  crystals  were  prepared  and  used  for  epitaxial  growth. 
Platelets  as  large  as  1  cm  across  were  grown  by  slow  cooling  of  a  stoichiometric  melt.  A  50g  batch 
prepared  from  stoichiometric  amounts  of  MgO,  SC2O3  and  AI2O3  was  placed  in  an  Ir  crucible.  The 
sample  was  melted  using  RF  induction  heating  under  an  N2  atmosphere.  The  sample  was  then 
cooled  slowly  to  yield  crystals  approaching  1  cm  diameter  and  1  mm  thick,  although  many  of  these 
had  low  angle  grain  boundaries.  Flat  flakes  were  peeled  from  the  micaceous  crystal  mass  and 
soldered  with  indium  to  molybdenum  heater  blocks  for  epitaxial  growth. 

A  compelling  reason  to  consider  ScAlMg04  as  a  potentially  practical  substrate  for  GaN 
epitaxial  films  is  that  it  can  be  grown  by  the  CzochralsW  method.  Thus,  the  techniques  needed  to 
produce  large  diameter,  high  quality  crystals  on  an  industrial  scale  are  already  well  established.  A 
melt  of  stoichiometric  composition  was  prepared  by  mixing  44.01g  MgO  and  75.31g  SC2O3, 
forming  the  mixture  into  a  pellet,  placing  the  pellet  into  a  conventional  iridium  crucible  together 
with  55.68g  AI2O3,  and  heating  the  charged  crucible  under  N2  in  a  conventional  RF  induction 
furnace.  The  starting  materials  were  commercially  available,  and  of  at  least  99.99%  purity. 

The  charge  was  completely  molten  at  about  1900*^0.  At  this  point,  a  thin  iridium  rod  was 
dipped  into  the  liquid  and  a  button  of  polycrystalline  ScAlMg04  was  formed  on  the  tip  of  the  rod. 
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The  rod  with  solidified  ScAlMg04  thereon  was  slowly  raised  (initially  at  2.5  mm/hr)  and  rotated  at 
15  rpm.  After  about  1.5  hours  the  pull  rate  was  gradudly  increased  to  4  mm/hr.  Pull  conditions 
were  regulated  under  computer  control  by  maintaining  weight  gain  to  yield  a  boule  having  a  neck 
(about  7mm  in  diameter,  about  60mm  long)  that  blended  smoothly  into  the  main  body  of  the  boule, 
about  60mm  long.  This  was  done  to  favor  the  growth  of  a  limited  number  of  relatively  large 
crystals  in  the  boule.  Away  from  the  seed  end  of  the  boule,  the  crystallites  were  large  enough  to 
separate  with  a  razor  blade  into  20mm  diameter  near-single  crystal  slices.  The  slices  were  then 
mounted  on  a  polishing  block  with  black  wax  and  polished  with  emery  paper  until  they  were  flat 
on  a  cleavage  plane.  The  slices  were  flipped  and  the  process  repeated  on  the  reverse  side,  followed 
by  polishing  of  the  intended  growth  surface  with  LINDE  A®  and  LINDE  B®  polishing  compound. 
The  surface  chips  rather  easily,  so  considerable  care  is  required  during  this  stage,  so  as  not  to 
gouge  the  surface.  After  a  final  polish  using  Syton®  on  polishing  paper,  the  slices  were  soldered  to 
heater  blocks  with  indium. 

The  substrates  are  somewhat  flexible,  but  will  break  into  flakes  rather  than  cleave,  as 
expected  from  a  micaceous  material.  They  are  clear  and  insulating.  Low  angle  grain  boundaries 
were  visible  in  some  substrates 

GaN  EPITAXIAL  GROWTH 

Nitride  growth  was  done  in  a  Riber  molecular  beam  epitaxy  (MBE)  system  with  a  custom 
nitrogen  plasma  source.  The  plasma  source  is  described  in  Reference  [8]  The  substrates  were 
heated  to  700°C  in  vacuum,  then  exposed  to  the  nitrogen  plasma  at  a  temperature  between  600  and 
650°C  briefly  before  starting  the  GaN  deposition.  The  nitrogen  plasma  is  excited  with  10-20  watts 
of  RF  power  in  nitrogen  at  65-85  mTorr.  The  RHEED  (reflection  high  energy  electron  diffraction) 
pattern  was  observed  through  the  whole  process.  Exposure  to  nitrogen  resulted  in  a  marked 
improvement  in  the  RHEED  pattern  of  the  substrate.  The  substrate  was  then  exposed  to  a  Ga  beam 
by  opening  the  Ga  furnace  shutter,  starting  the  growth.  The  Ga  furnace  temperature  was  set  to 
obtain  GaN  growth  rates  between  350  and  5(K)0  A/hr.  The  RHEED  pattern  remains  bright  at  the 
start  of  GaN  growth,  in  contrast  to  growth  on  AI2O3,  for  which  the  RHEED  pattern  is  sharply 
reduced  in  intensity  at  the  start  of  growth.  For  low  growth  rates,  the  streaks  become  brighter  and 
sharper  to  the  end  of  the  growth,  as  seen  in  Figure  1.  Figure  1  shows  the  RHEED  pattern  we 
observe  in  films  of  high  quality  after  cooling  to  250°C  in  vacuum.  This  3x3  reconstruction,  which 
we  have  confirmed  by  low  energy  electron  Effraction  (LEED)  and  also  observe  in  the  best  of  our 
films  on  sapphire,  may  be  a  result  of  nitrogen  loss  at  the  surface. 

GaN  FILM  CHARACTERIZATION 

After  the  films  are  removed  from  the  growth  chamber  they  are  un-soldered  from  the  heater 
block.  The  filnis  are  smooth  as  seen  under  a  Nomarski  microscope,  although  under  some  growth 
conditions  gallium  droplets  can  form.  No  peeling  is  observed,  although  our  first  film  had  some 
surface  chipping  remaining  from  the  surface  preparation.  The  films  are  further  characterized  by  x- 
ray  diffraction,  optical  transmittance,  and  by  photoluminescence.  The  film  crystallinity  was 
examined  using  a  4-circle  x-ray  diffractometer  using  monochromated  Cu  Ka  radiation.  In  addition 
to  the  usual  0-20  and  co  scans,  scans  on  in-plane  diffraction  peaks  of  the  film  and  substrate  were 
used  to  measure  the  azimuthal  order.  This  measurement  is  a  particularly  relevant  to  large  misfit 
epitaxial  systems,  as  discussed  in  Reference  [9).  The  diffractometer  resolution  was  insufficient  to 
resolve  the  0-20  peak  widths.  0)  (rocking)  scans  on  the  substrate  (0018)  peak  revealed  two 
crystallites  in  the  measured  region  with  a  0,3°  difference  in  orientation,  each  with  O)  peak  widths  of 
0.5°.  The  (0  0  4)  rocking  curve  for  the  film  showed  0.8°  wide  peaks.  These  numbers  are  to  be 
cornpared  with  the  0.37°  rocking  curve  width  measured  for  G^  grown  concurrently  on  sapphire, 
which  had  an  co  peak  width  limited  instrumentally  to  0.22°.  The  <j)  scans  of  substrate  and  GaN 
azimuthal  peaks  indicated  only  the  3  peaks  spaced  at  120°  intervals  for  the  rhombohedral  sapphire 
and  ScAJMg04,  and  the  6  expected  peaks  in  the  hexagonal  GaN.  Figure  2  shows  the  (j)  scan  peaks 
in  detail.  The  ScAlMgO^  substrate  again  reveals  two  crystallites,  misoriented  in  ^  by  0.4°;  the 
sapphire  peak  again  exhibits  the  instrumental  resolution.  The  azimuthal  broadening  of  the  GaN 
peaks  is  clearly  app^ent,  and  is  similar  for  growth  on  sapphire  and  growth  on  ScAIMg04.  The 
Matthews  theory  of  island  rotations  for  large  misfit  systems[10]  predicts  that  the  (j)  width  on 
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sapphire  should  be  a  factor  of  3  larger  than  that  on  ScAlMg04,  which  we  do  not  see  in  the  data. 
This  suggests  that  island  nucleation  is  not  the  principle  source  of  the  azimuthal  broadening  in  this 
film. 


_  Figure  2.  Azimuthal  scans  on  in-plane 

Figure  1.  RHEED  pattern  along  the  <1  1  2  0>  diffraction  peaks  for  GaN  films  on  sapphire  and 
azimuth  of  ScAlMg04 ,  showing  the  3x3  on  ScAlMg04 .  The  peak  width  for  the  sapphire 

superstructure  observed  after  cooling  in  vacuum  (116)  peak  is  essentially  the  instrumental 
to  250°C.  resolution.  GaN  peaks  rotated  60°  from  the 

substrate  peaks  are  used  to  avoid  interference. 

A  comparison  of  the  photoluminescence  (PL)  spectra  of  0.16|am  thick  GaN  films  grown  on 
ScAlMg04  and  on  sapphire  in  the  same  growth  run  was  made.  The  emission  spectra  of  both 
samples  look  very  similar  for  both  temperatures  and  the  intensity  is  roughly  the  same.  These 
spectra  are  dominated  by  the  donor-acceptor  pair  transition  at  3.26  eV  and  its  phonon  replicas.  At 
room  temperature  we  observe  a  band  edge  pei^  at  3.37  eV  although  the  main  emission  features  are 
broad  bands  with  their  maxiraums  around  2.0  and  1.7  eV. 

The  PL  results  show  that  the  band  edge  emission  from  thin  GaN  films  grown  on  ScAlMg04 
and  on  sapphire  is  roughly  comparable.  Films  of  superior  quality  have  been  grown  on  sapphire  by 
MOC  VD;  these  films  are  typically  an  order  of  magnitude  thicker  than  our  MBE  films.  We  find  that, 
between  sapphire  and  ScAlMg04,  the  luminescence  intensity  is  much  more  dependent  on  growth 
conditions  than  on  the  substrate  type.  Considering  the  crystal  quality  of  the  substrate,  which  has  to 
be  improved,  the  luminescent  properties  of  GaN  films  grown  on  ScAlMg04  look  very  promising. 

DISCUSSION 

What  should  be  clear  from  our  results  is  that  ScAlMg04  is  a  very  promising  substrate 
material  for  epitaxial  growth.  What  should  also  be  clear  is  that  ScAlMg04  substrates  are  not  the 
magic  solution  to  all  problems  facing  the  realization  of  practical  high  performance  GaN  based 
devices.  Although  we  can  expect  further  improvement  in  film  properties  when  truly  single  crystal 
ScAIMg04  substrates  are  available,  we  do  not  observe  the  dramatic  improyenients  that  we  might 
naively  expect  from  an  order  of  magnitude  reduction  of  misfit.  This  could  indicate  either  that  misfit 
dislocations  are  not  the  primary  limitation  to,  for  example,  luminescence  properties  in  our  films,  or 
that  new  types  of  defects  are  introduced  by  the  substrate. 

We  note  that  since  a  small  fraction  of  InN  will  increase  the  film  lattice  constant,  substrates 
with  positive  misfits  to  GaN  can  be  perfectly  lattice  matched  to  alloys  in  the  (In,Ga,Al)N  system. 
Thus  the  +1.8%  misfit  for  ScAlMg04  should  be  perfecfly  lattice  matched  to  Iiio  i6Gao.84N  and 
Ino  30^-0  7oN,  while  the  -3%  misfit  to  6H-SiC  cannot  be  eliminated  in  this  manner. 


53 


CONCLUSION 


The  initial  results  reported  here  indicate  that  ScAlMg04  ^  promising  substrate  material  for 
GaN  epitaxial  growth.  Although  growth  conditions  for  GaN  on  ScAlMg04  may  have  to  be  re¬ 
optimized  to  benefit  from  the  order-of-magnitude  reduction  in  the  misfit,  we  anticipate  that  when 
large,  high  quality  single  crystals  are  available,  growth  on  ScAlMg04  will  result  in  epitaxial  films 
surpassing  the  quality  of  those  currently  produced  on  sapphire.  This  may  be  a  crucial  step  towards 
the  realization  of  high-performance  GaN-based  opto-electronic  devices. 
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ABSTRACT 

A  method  of  producing  epitaxial  GaN  on  single-crystal  Hf  has  been  developed.  The  metal 
substrate  is  formed  by  a  strain-anneal  process  yielding  macroscopic  (5-mm)  grain  sizes,  followed 
by  polishing,  chemical  etching,  and  Ar  ion  sputtering  at  elevated  temperature  in  ultrahigh  vac¬ 
uum.  The  growth  is  conducted  by  plasma-assisted  molecular  beam  epitaxy  using  an  initial  passi¬ 
vation  layer  deposited  at  low  temperature  and  subsequent  growth  at  700  °C.  The  resulting  films 
are  in  registry  with  the  hep  substrate  lattice  as  observed  by  reflection  high-energy  electron  diffrac¬ 
tion  during  growth  and  verified  by  plan-view  transmission  electron  microscopy.  High-resolution 
x-ray  rocking  curve  linewidths  of  the  GaN  and  Hf  [10T2]  peaks  are  as  narrow  as  900  and  180  arc 
seconds,  respectively.  The  [0002]  peak  separation  confirms  the  approximately  2.7%  mismatch  in 
the  c  axis  spacing.  Initial  photoluminescence  observations  at  20  K  of  a  (donor-bound  exciton) 
peak  at  3.467  eV  are  consistent  with  the  assumption  of  a  nearly  strain-free  film  resulting  from  the 
exact  basal-plane  lattice  match  and  close  thermal  coefficient  match  between  GaN  and  Hf. 

INTRODUCTION 

The  goals  of  optoelectronic  device  development  in  the  III-N  materials  system  require  high- 
crystal-quality  strain-free  films,  first  for  the  advancement  of  fundamental  understanding  of  the 
materials  and  second  for  the  fabrication  of  high-performance  devices  such  as  laser  diodes.  It  is  by 
now  widely  appreciated  that  the  “device-quality”  CVD-grown  GaN  on  sapphire  has  a  very  high 
dislocation  density  [1]  and  in  general  will  be  under  compressive  stress  due  to  the  thermal  coeffi¬ 
cient  mismatch,  although  special  processing  techniques  apparently  allow  substantial  relaxation  of 
the  thermal  strain.  In  contrast,  films  grown  on  SiC  or  Si  are  put  in  tension  during  the  cool-down 
from  growth  temperatures.  In  the  absence  of  any  viable  bulk  GaN  growth  technology,  there  is  a 
compelling  incentive  to  develop  lattice-matched  heteroepitaxial  substrates.  The  group-lVB 
refractory  metals  Ti,  Zr,  and  especially  Hf  comprise  an  intriguing  alternative  that  has  been  under 
development  by  the  present  authors. 

The  characteristics  of  these  metals  that  suit  them  particularly  well  for  the  present  applications 
can  be  summarized  as  follows: 

•  Hexagonal  close-packed  lattice  (induces  wurtzite-structure  nitride  films). 

•  Exact  basal-plane  lattice  match  between  Hf  and  GaN. 

•  Small  mismatch  along  the  c  axis  (2.7%.) 

•  Solid  solutions  can  match  a  range  of  AlGaN  and  InGaN  lattice  parameters. 

•  Close  thermal  expansion  coefficient  match  between  Hf  and  GaN  (about  4.6%  mismatch). 

•  Low  vapor  pressure  at  nitride  growth  temperatures. 

•  High  thermal  and  electrical  conductivity  (built-in  ohmic  contact  and  heat  sink). 
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Along  with  these  notable  advantages  come  several  challenges,  principally  the  facts  that  single- 
crystal  Hf  is  not  readily  available  and  GaN  is  not  thermodynamically  stable  on  Hf.  The  former 
problem  is  addressed  in  the  present  work  with  a  strain-anneal  process  of  grain  growth  that  pro¬ 
duces  macroscopic  (cm-sized)  grains  exhibiting  crystal  quality  (as  measured  by  x-ray  diffraction) 
that  substantially  exceeds  what  is  available  from  pulled  or  deposited  Hf  crystals.  In  the  future, 
the  bulk  crystal  growth  methods  will  be  improved,  particularly  as  the  present  work  demonstrates 
an  incentive  for  doing  so.  The  second  problem  has  been  overcome  via  a  plasma-assisted  molec¬ 
ular-beam  epitaxial  growth  process.  These  advances  and  the  resulting  GaN  materials  properties 
are  the  subject  of  this  report. 

SUBSTRATE  PREPARATION 

The  conventional  approach  to  the  growth  of  single-crystal  metals  usually  involves  pulling 
the  crystal  from  a  melt  using  an  oriented  seed  crystal.  However,  in  the  case  of  Ti,  Zr,  and  Hf,  this 
approach  is  difficult  because  these  molten  metals  are  extremely  reactive  and  cannot  easily  be 
contained  in  a  crucible.  Many  researchers  have  employed  the  zone-melting  approach  and  have 
produced  reasonably  large  single  crystals  of  Ti  and  Zr.  These  crystals,  however,  are  of  little  use 
for  our  application  because  they  contain  large  densities  of  defects  as  a  result  of  the  bcc-to-hcp 
transformation  that  occurs  via  a  mechanical  shear  process  upon  cooling  from  the  melt.  The  tem¬ 
peratures  of  this  transformation  in  Ti,  Zr,  and  Hf  are,  respectively,  1155, 1139,  and  2016  K. 

An  alternative,  the  strain-anneal  method,  requires  that  the  sample  receive  a  small,  though 
critical,  amount  of  deformation.  The  level  of  this  critical  deformation  varies  depending  on  the 
material,  but  1%  to  5%  is  typical.  If  less  than  this  critical  amount  of  strain  is  applied,  no  grain 
growth  will  occur,  while  for  amounts  greater  than  this  critical  amount  the  grain  size  is  increas¬ 
ingly  refined.  The  mechanism  by  which  strain-annealing  grain  growth  occurs  is  usually 
described  in  the  following  way  [2,  3, 4].  The  application  of  a  small  level  of  strain  provides  a  gen¬ 
eral  level  of  deformation  throughout  the  sample.  It  is  inevitable,  however,  that  this  strain  will  not 
be  uniform  on  a  microscopic  scale  and,  as  a  consequence,  some  grains  will  contain  more  strain 
energy  than  others.  When  the  sample  is  heated  to  a  temperature  that  is  sufficient  to  allow  grain 
boundary  motion,  boundaries  that  separate  regions  of  higher  strain  from  those  with  lower  strain 
will  move  such  that  a  few  strain-free  grains  grow  at  the  expense  of  the  highly  strained  ones. 

It  is  known  from  investigations  of  recrystallization  that  the  difference  in  strain  energy 
between  the  two  grains  has  to  be  greater  than  a  critical  amount  in  order  to  obtain  this  strain- 
induced  grain  boundary  motion.  The  key  to  obtaining  very  large  grains  by  this  method  is  to  have 
this  process  begin  at  only  a  few  points  throughout  the  sample.  If  there  are  too  many  nucleation 
sites  then  the  final  grain  size  will  be  smaller.  Consequently,  successful  implementation  of  this 
process  for  the  formation  of  large  oriented  grains  requires  careful  control  of  the  amount  of  defor¬ 
mation  introduced.  Also,  recrystallization  during  the  temperature  ramp-up  must  be  avoided. 
Factors  such  as  the  purity  of  the  material  and  the  temperature  of  deformation  can  have  substantial 
influence  on  the  final  grain  size  that  is  obtained.  Deformation  in  excess  of  the  critical  amount 
results  in  a  higher  nucleation  rate  of  strain-free  material  and  hence  the  final  grain  size  decreases 
with  increasing  deformation. 

Using  this  approach,  Ti  and  Zr  treatments  have  been  developed  that  result  in  grain  sizes  of  1 
cm  or  greater.  To  date,  other  than  our  own  success  reported  here,  we  are  not  aware  of  any 
attempts  to  grow  large  grains  of  hafnium.  Large-grain  polycrystals  of  titanium  have  been  pre¬ 
pared  by  both  the  strain-anneal  method  and  the  phase-change  method  (repeated  cycling  through 
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Figure  1.  Optical  micrograph  of  the  grain  structure  Figure_2.  High-resolution  x-ray  rocking  curve  of  the 
in  a  strain-annealed  Hf  sample.  The  largest  grains  Hf  [1012]  peak  showing  a  full-width  ofIBO  arc  sec- 
are  about  5  mm  in  diameter.  onds. 


the  transformation  temperature).  Churchman  prepared  samples  by  deforming  and  then  annealing 
at  860  ®C  for  up  to  200  hours;  the  individual  crystals  were  greater  than  1  cm  in  diameter  [5]. 
Anderson  et  al  prepared  samples  with  individual  grains  up  to  5  cm  in  diameter  using  the  phase- 
change  method  [6].  The  samples  were  heated  at  1200  °C  for  4  hr  and  then  cooled  to  850  °C  where 
they  were  held  for  3  to  5  days  to  grow  the  large  grains  of  the  hep  phase.  This  process  was 
repeated  at  least  three  times  before  the  final  grains  were  formed.  In  all  of  these  experiments,  high- 
purity  titanium  was  used  and  care  was  taken  during  heat  treatment  not  to  introduce  any  oxygen  or 
nitrogen.  Large-grain  Zr  has  been  obtained  using  similar  approaches  [7,  8]. 

Our  typical  strain-anneal  Hf  process  begins  with  99.999%  Hf  polycrystalline  ingots  (the 
quoted  purity  does  not  necessarily  consider  Zr,  which  is  commonly  present  at  the  percent  level). 
Bar-shaped  samples  are  deformed  by  rolling  from  950  °C  to  various  strains.  Annealing  in  vacuum 
is  carried  out  at  1700  ®C,  slightly  below  the  transformation  temperature,  for  up  to  8  hr.  Wafers  are 
sliced  from  the  bar  and  polished  by  conventional  metallographic  methods.  A  polishing  etch  of  HF 
+  HNO3  reveals  the  grain  structure  as  in  Figure  1.  In  this  case  the  largest  grains  are  approxi¬ 
mately  5  mm  in  diameter. 

To  make  use  of  such  a  sample  for  epitaxial  growth  experiments,  it  is  essential  to  determine 
the  orientation  of  individual  grains.  Furthermore,  use  of  the  strain-anneal  technique  for  demon¬ 
stration  devices  will  entail  some  means  to  control  the  grain  orientation  as  well  as  to  increase  the 
grain  size.  The  orientation  is  determined  by  electron  back-scattering  diffraction  patterns  (EBSP),  a 
well-established  technique  in  scanning  electron  microscopy  in  which  computerized  algorithms 
automatically  detect  the  Kikuchi  bands  in  the  patterns  of  back-scattered  electrons  [9,  10].  By  this 
means,  individual  grain  orientations  have  been  established  in  order  to  conduct  high-resolution  x- 
ray  diffraction  scans.  A  rocking  curve  of  the  Hf  [1012]  diffraction  is  given  in  Figure  2,  showing  a 
full- width  of  approximately  180  arc  seconds.  This  value  is  about  4  times  better  than  that  of  the 
deposited  bulk  crystals  obtained  to  date. 

It  will  be  appreciated  that  the  benefits  of  lattice  matching  accrue  only  for  near-basal-plane 
oriented  grains,  since  there  exists  about  2.7%  mismatch  along  the  c  axis  (with  the  GaN  lattice 
spacing  the  larger  one).  Direct  control  of  the  strain-anneal  grain  orientation  has  not  been 
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attempted  yet,  but  in  principle  can  be  effected  by  orientation  and  controlled  deformation  during 
the  annealing  cycles.  Another  less  direct  approach  has  also  given  usable  results.  Because  of  the 
elastic  anisotropy  of  the  crystallized  material,  the  texture  changes  with  deformation.  For  low  lev¬ 
els  of  strain,  the  annealed  material  tends  to  have  grains  with  their  basal-plane  normals  perpendic¬ 
ular  to  the  rolling  direction,  but  otherwise  with  no  apparent  preferential  direction.  However,  if  the 
strain  is  greater  than  a  critical  amount  (on  the  order  of  20%),  the  annealed  material  basal  planes 
evolve  further,  toward  parallelism  with  the  rolling  plane.  Taking  advantage  of  this  effect  has  pro¬ 
duced  large-grained  samples  with  a  distribution  of  vicinal  orientations  from  T  -  15°  from  the 
basal  plane.  The  GaN  growths  are  conducted  on  these  and  other  samples. 

EPITAXIAL  GROWTH 

Chemical  reactivity  of  the  substrate  represents  the  greatest  challenge  to  the  use  of  Hf  for 
growth  of  the  group-lll  nitrides.  This  reactivity  suggests  that  MBE  is  the  preferred  growth  tech¬ 
nique  since  the  alternative,  MOCVD,  offers  less  direct  control  of  the  flux  of  the  reactive  species  to 
the  substrate.  Like  Si,  the  hexagonal  refractory  metals  have  a  strong  affinity  for  oxygen,  which 
means  that  regardless  of  the  cleaning  procedure,  any  Hf  substrate  placed  in  the  MBE  system  will 
have  a  surface  layer  of  native  oxide.  This  oxide  must  be  removed  in  situ  before  the  Hf  lattice  can 
act  as  a  template  for  epitaxial  growth.  Unlike  Si,  whose  native  oxide  decomposes  at  high  temper¬ 
ature  into  a  volatile  sub-oxide  species  via  the  reaction  Si  +  Si02  =  2SiO  (g),  the  refractory  hexag¬ 
onal  metals  do  not  have  a  volatile  sub-stoichiometric  oxide.  Thus,  the  oxides  of  Hf  must  be 
removed  either  by  ensuring  that  the  oxygen  partial  pressure  in  the  UHV  chamber  is  below  the 
equilibrium  oxidation  potential  or  via  a  physical  process  such  as  sputtering. 

The  equilibrium  oxygen  potential  needed  to  cause  the  chemical  breakdown  of  hafnium  oxide 
via  the  reverse  formation  reaction  Hf02  — >  Hf  +  O2  (g)  at  reasonable  temperatures  is 
extremely  low,  for  example,  10“^^  atm  at  1200  °C.  An  alternative  would  be  to  use  (at  a  higher 
pressure)  dry  hydrogen  to  effect  the  chemical  reduction  of  the  oxide.  At  1200  °C,  Hf02  can  be 
chemically  reduced  via  the  reaction  Hf02  +  2H2  (g)  =  Hf  2H2O  (g)  by  ensuring  that  the  H20:H2 
ratio  is  below  10“^^.  The  chemical  reduction  approach  has  the  drawback  that  at  the  total  pres¬ 
sures  and  maximum  heater  temperature  that  are  used  in  the  MBE  growth  chamber,  the  kinetics  of 
the  reaction  will  be  extremely  slow.  This  problem  may  be  partially  alleviated  by  using  plasma- 
activated  hydrogen,  possibly  in  combination  with  Ar  ion  sputtering  of  the  surface. 

Satisfactory  results  have  been  obtained  with  Ar  sputtering  alone,  although  possible  surface 
damage  has  not  yet  been  analyzed.  The  electron-cyclotron-resonance  source  used  to  activate 
nitrogen  for  the  GaN  growth  process  is  operated  at  100  W  with  an  Ar  gas  flow  of  2  seem  to  pro¬ 
duce  ions.  The  growth  stage  is  isolated  from  its  mounting  flange  and  the  chamber  walls  so  that 
electrostatic  biasing  is  possible.  Because  the  substrate  is  conducting,  a  dc  bias  of  approximately  - 
500  V  can  be  used  to  accelerate  the  ions.  Using  this  technique  for  15  min  with  the  substrate  at 
800  °C,  we  have  obtained  clear  electron  diffraction  patterns  of  Hf  substrates  as  in  Figure  3a.  The 
bright  and  streaky  RHEED  patterns  indicate  a  reasonably  flat  and  crystalline  surface. 

Another  aspect  of  the  surface  chemistry  challenge  is  the  reactivity  of  the  substrate  with  the 
deposited  nitride.  A  simple  thermodynamic  analysis  shows  that  GaN  is  not  stable  on  Hf  and  will 
react  to  form  HfN  and  one  of  a  series  of  Ga^^Hfj^  intermetallic  compounds.  Therefore,  it  is 
required  to  control  the  growth  temperature  and  reactant  flux  in  such  a  way  as  to  preserve  a  kineti- 
cally  stable  interface.  One  approach  that  has  been  successful  is  to  deposit  a  monolayer  of  N  on 
the  sputter-cleaned  Hf  surface.  This  layer  is  thought  to  protect  the  clean  Hf  surface  from  reaction 
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(a) 


with  background  contaminants.  The  tempera¬ 
ture  is  moved  to  an  intermediate  value  that 
will  enable  GaN  epitaxy  without  interfacial 
reactions  taking  place.  Temperatures  as  low 
as  300-400  °C  are  effective,  whereas  temper¬ 
atures  of  500  °C  and  higher  appear  to  induce 
undesirable  reactions.  After  an  initial  GaN 
layer  has  been  nucleated  (see  Figure  3b),  the 
temperature  is  raised  to  700  °C  and  growth  is 
carried  out  at  approximately  0. 1  jitm  /  hr.  We 
have  demonstrated  that  specular  GaN,  1.0-pm 
thick,  can  be  grown  on  single-crystal  Hf  sub¬ 
strates  by  such  low-temperature  passivation 
methods.  An  example  of  the  RHEED  pattern 
obtained  after  a  12-hr  growth  is  shown  in  Figure  3c.  The  pattern  is  single-crystal  and  predomi¬ 
nantly  two-dimensional. 


Figure  3.  RHEED  patterns  (10  kV)  obtained  from 
an  Ar  sputter-cleaned  Hf  surface  showing  basal 
texture  (a);  after  nucleation  of  the  300  °C  passiva¬ 
tion  layer  (b);  and  at  the  end  of  a  1.2-pm  GaN 
growth,  showing  replication  of  the  initial  grain  struc¬ 
ture  (c). 


MATERIALS  CHARACTERIZATION 

X-ray  diffraction  studies  of  this  material  revealed  no  obvious  interfacial  reaction  products, 
that  is,  no  strong  diffraction  peaks  except  those  belonging  to  GaN  and  Hf.  High-resolution  x-ray 
rocking  curve  linewidths  of  the  GaN  [0002]  peak  are  in  the  range  of  15  arc  minutes,  about  2  times 
greater  than  the  “standard”  MBE-grown  material  on  a  non-native  substrate  (sapphire).  At  this 
point,  the  crystal  quality  is  believed  to  be  limited  by  the  Hf  substrate  quality — both  crystallinity 
and  surface  topography,  which  is  still  being  analyzed.  The  separation  of  the  GaN  and  Hf  [0002] 
diffraction  peaks  is  consistent  with  the  c-axis  mismatch  value  quoted  above,  confirming  that  the 
intended  epitaxial  relation  actually  occurs.  Plan- view  TEM  study  confirms  that  the  material  is  sin¬ 
gle  crystal,  even  when  the  substrate  orientation  is  well  away  from  the  basal  plane,  where  optimum 
lattice  matching  occurs.  In  all  cases  observed,  the  film  is  in  registry  with  the  substrate  lattice  and 
there  is  no  extended  microstructure  (except  that  due  to  the  substrate  grain  structure  itself). 

Low-temperature  photoluminescence  of  not-intentionally-doped  GaN/Hf  films  shows  several 
features  in  the  near-band-edge  region,  as  well  as  lower  energy  peaks  that  could  represent  transi¬ 
tions  related  to  unintentional  acceptor  or  deep-donor  levels.  The  principal  near-band-edge  peak 
occurs  at  3.467  eV  with  a  full-width  of  about  14  meV  at  20  K.  The  spectral  position  appears  to 
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match  that  of  the  shallow-donor-bound  exciton  observed  in  GaN  grown  on  thick  (>50  ^im) 
relaxed  quasibulk  GaN  produced  by  vapor-phase  transport  growth.  This  observation  would  sup¬ 
port  the  claim  that  the  present  films  are  largely  strain-free.  Further  details  of  the  optical  charac¬ 
terization  will  be  presented  subsequently. 

CONCLUDING  DISCUSSION 

It  is  important  to  note  that  the  elimination  of  misfit  strain  by  lattice  matching  GaN  to  Hf  will 
promote  layer-by-layer  growth.  If  lower  temperature  epitaxy  can  be  achieved,  the  N-stoichiome- 
try  problem  that  has  plagued  MBE-grown  GaN  can  be  alleviated  because  the  N  supersaturation  is 
increased.  On  the  other  hand,  the  surface  mobility  required  to  maintain  a  two-dimensional 
growth  mode  generally  requires  higher  temperatures.  These  trade-offs  involved  in  optimizing  the 
GaN/Hf  growth  process  have  not  yet  been  documented.  However,  the  present  work  has  demon¬ 
strated  for  the  first  time  the  feasibility  of  epitaxial  growth  of  GaN  on  Hf,  including  methods  for 
preparing  single  crystals  of  Hf,  cleaning  them  in  situ,  and  nucleating  metastable  GaN  layers  that 
enable  growth  of  good  quality  GaN  films. 
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ABSTRACT 

We  propose  a  MgAl204  substrate  for  GaN-based  laser  diodes.  We  grew  GaN  epitaxial  layers 
using  metal-organic  vapor  phase  epitaxy  on  a  MgAl20^  substrate.  The  GaN  on  the  MgAl^O^  showed 
a  narrow  X-ray  diffraction  peak  of  310  arcsec,  a  photoluminescence  dominated  by  the  band-edge 
emission,  and  good  electronic  properties.  The  optical  cavity  was  fabricated  by  cleaving  the  GaN 
on  the  MgAl^O^,  and  the  stimulated  emission  from  the  cavity  using  optical  pumping  was  observed. 
We  also  fabricated  a  light  emitting  diode  (LED)  with  a  AlGaN/InGaN  double-heterostructure.  The 
electroluminescence  was  dominated  by  the  band-edge  emission  of  InGaN  with  a  narrow  FWHM  of 
13.5  nm.  The  characteristics  of  LED  on  the  MgAl204  were  comparable  to  that  on  a  Al^Oj  substrate. 
MgAl^O^  is  feasible  as  a  substrate  for  laser  applications. 

INTRODUCTION 

GaN  and  related  alloy  compounds  of  InGaN  and  AlGaN  have  a  direct  band-gap  that  is  suitable 
for  making  optical  devices.  The  band-gap  energy  can  also  be  varied  in  a  wide  range,  from  the  1.9 
eV  of  InN  to  the  6.2  eV  of  AIN.  GaN  devices  are  more  tolerant  of  higher  operating  temperatures, 
due  to  their  larger  band-gap  when  compared  with  other  III-V  semiconductors  and  Si.  The  growth 
techniques  for  GaN  have  recently  made  progress,  and  high  quality  GaN  devices  can  be  fabricated 
[1].  For  example,  high-intensity  blue  to  yellow  light  emitting  diodes  (LEDs)  have  been  fabricated 
[2-3].  However,  a  laser  diode  using  these  materials  has  not  yet  been  made. 

The  important  challenge  for  realizing  GaN-based  laser  diodes  is  the  fabrication  of  optical 
cavity.  It  is  difficult  to  make  a  cavity  by  cleavage  when  epitaxial  layers  are  grown  on  a  sapphire 
(AI2O3)  substrate.  This  is  because  sapphire  has  little  tendency  toward  cleavage  and  the  cleavage 
direction  of  sapphire  is  different  from  that  of  GaN.  One  way  to  make  a  cavity  mirror  is  polish,  but 
it  is  not  suitable  for  a  commercial  production.  For  this  reason,  it  is  necessary  to  develop  a  new 
technique  such  as  the  use  of  a  different  cleavable  substrate,  dry  etching,  and  selective  growth.  We 
think  that  the  use  of  a  cleavable  substrate  is  the  best  way,  because  the  method  is  simple  and  the 
cleaved  facet  has  an  ideal  flatness  for  a  cavity  mirror.  If  we  use  metal-organic  vapor  phase  epitaxy 
(MOVPE)  as  the  growth  method,  the  substrate  material  requirements  are  as  follows:  1)  It  must  be 
stable  both  thermally  and  chemically,  because  MOVPE  growth  of  GaN  is  conducted  at  about  1000°C 
in  a  reducing  atmosphere  of  ammonia  and  hydrogen.  2)  The  lattice  constant  and  thermal  expansion 
coefficient  should  match  GaN.  3)  The  cleavage  direction  must  match  with  that  of  GaN. 

6H-SiC  is  known  to  be  a  good  material  as  the  substrate  for  GaN  growth  [4-6].  It  can  be 
cleaved  in  the  same  direction  as  GaN,  and  high-quality  GaN  epitaxial  layers  have  been  grown  on  it. 
However,  cracks  are  easily  generated  in  the  GaN  layer  on  6H-SiC.  We  investigated  the  feasibility 
of  other  cleavable  substrates  and  found  that  spinel  (MgAl^O^)  was  an  attractive  material  [7].  Other 
researchers  have  reported  simmilar  findings  [8]. 

In  this  paper,  we  evaluated  spinel  as  a  substrate  for  laser  applications.  We  investigated  the 
surface  morphology.  X-ray  diffraction,  and  the  optical  and  electrical  properties  of  GaN  on  spinel. 
We  fabricated  an  optical  cavity  using  cleavage  and  performed  a  stimulated  emission  experiment 
using  optical  pumping  from  the  cavity.  We  also  fabricated  LEDs  that  consisted  of  an  AlGaN/ 
InGaN  double-heterostructure.  The  characteristics  of  LEDs  on  the  spinel  and  the  sapphire  were 
compared. 
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EXPERIMENT 


GaN  epitaxial  layers  were  grown  by  low-pressure  MOVPE  on  a  (1 1 1)  oriented  spinel  substrate. 
The  growth  pressure  was  200  torr,  and  the  growth  temperature  was  between  1000°C  and  1040°C. 
Ammonia  and  trimethyl-gallium  (TMG)  were  used  as  the  source  gases,  with  respective  flow 
rates  of  2  standard  liters  per  minute  and  1  standard  cubic  centimeter  per  minute.  Hydrogen  was 
used  as  the  carrier  gas.  The  growth  rate  was  1.8  pm  per  hour.  The  low-temperature  buffer  layer 
was  deposited  at  500°C  for  1  minute  before  the  growth.  The  n-type  and  p-type  doping  were  done 
using  SiH^  and  Cp^Mg,  respectively.  We  annealed  the  p-type  GaN  after  growth  at  800°C  for  10 
minutes  in  a  nitrogen  atmosphere  to  activate  the  acceptor  [9-10]. ‘ 

RESULTS 


duality  of  GaN  on  Spinel 


We  investigated  the  surface  morphology  using  an  interference  microscope.  GaN  surface  was 
specular,  which  shows  that  the  spinel  has  sufficient  stability  to  resist  the  severe  GaN  growth 
environment.  No  cracks  were  observed  in  the  GaN  layer.  This  is  probably  because  the  thermal 
expansion  coefficient  of  spinel  is  larger  than  that  of  GaN,  which  causes  the  compressive  residual 
stress  in  the  GaN  layer.  When  the  residual  stress  is  tensile,  as  in  the  case  of  SiC  and  Si,  the 
tendency  for  the  GaN  layer  to  crack  becomes  large. 

The  X-ray  diffraction  measurements  showed  that  the  GaN  on  the  (111)  spinel  was  single 
crystal  and  was  (OOOl)-oriented.  Figure  1  shows  the  full  width  at  half  maximum  (FWHM)  values 
of  X-ray  rocking  curve  at  the  (0002)  diffraction  peak  of  GaN.  We  compared  the  FWHM  on  the 
spinel  and  the  sapphire  substrate  [1,11-13].  The  FWHM  of  a  3.6-|am-thick  GaN  layer  on  the  spinel 
substrate  was  310  arcsec,  and  was  comparable  to  the  typical  value  on  the  sapphire  substrate.  Very 
narrow  FWHMs  have  been  recently  reported  on  sapphire  substrates.  We  believe  that  the  same 
results  can  be  obtained  on  the  spinel  if  the  growth  conditions  are  optimized. 

Photoluminescence  measurements  were  performed  at  room  temperature  using  a  He-Cd  laser 
operating  at  10  mW.  The  excitation  intensity  was  0.4  kW/cm^  The  photoluminescence  was 
dominated  by  band-edge  emission  at  363  nm,  but  weak  deep-level  emission  bands  were  also  observed 
at  around  440  nm  and  550  nm.  When  we  compared  the  spectra  of  GaN  on  the  spinel  and  the 
sapphire,  the  relative  deep-level  emission  intensity  to  the  band-edge  emission  was  comparable 
around  440  nm,  but  weaker  around  550  nm  for 


the  spinel.  Although  we  do  not  know  the  exact 
origin  of  these  deep-level  emissions,  it  is  clear 
that  using  a  spinel  substrate  does  not  increase  these 
deep-level  emissions.  We  evaluated  the  band- 
edge  emission  intensity  using  a  pulsed  nitrogen 
laser  at  an  excitation  intensity  of  about  100  kW/ 
cm^  to  avoid  the  intensity  change  due  to  the 
fluctuation  of  the  residual  carrier  concentration. 
When  we  changed  the  GaN  layer  thickness,  the 
shapes  of  the  photo-luminescence  spectra  did  not 
vary.  But,  the  photoluminescence  intensities 
decreased  drastically  for  an  epitaxial  layer 
thickness  of  less  than  3)im,  indicating  the  presence 
of  high-density  non-radiative  recombination 
centers  in  the  GaN  epitaxial  layer  near  the  spinel 
substrate.  This  phenomenon  was  not  observed 
on  the  sapphire  substrate.  Secondary  ion  mass 
spectrometry  (SIMS)  showed  that  only 
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Fig.  1.  FWHM  of  X-ray  rocking  curves  for  GaN  on 
spinel  and  sapphire  substrates. 
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magnesium  diffused  into  the  GaN  epitaxial  layer  among  the  elements  composing  the  spinel.  The 
diffusion  reached  to  about  1.2  |Ltm  from  the  interface.  It  is  our  view  that  magnesium  diffusion 
caused  the  non-radiative  recombination  centers  near  the  interface,  and  that  they  gradually  disappeared 
as  the  growth  proceeded.  For  practical  purposes,  the  reduction  of  emission  intensity  can  be  avoided 
by  growing  a  buffer  layer  with  a  thickness  greater  than  3  |im. 

We  investigated  the  electrical  properties  using  Hall  measurement  for  the  undoped,  n-doped, 
and  p-doped  GaN  on  the  spinel  and  the  sapphire  substrates.  The  thickness  of  the  GaN  layer  was 
about  3.2  )im.  The  undoped  GaN  was  semi-insulating  on  both  substrates.  The  electron  mobility  of 
the  GaN  with  the  n-type  carrier  concentration  of  2x10’*  cm'^  was  250  cmWs  on  spinel,  and  220 
cm^/Ws  on  sapphire.  The  hole  mobility  of  the  GaN  with  the  p-type  carrier  concentration  of  1x10” 
cm'^  was  10  cm^fVs  on  both  substrates.  No  differences  were  seen  in  the  GaN  electorical  properties 
between  the  spinel  and  the  sapphire. 

We  found  that  many  characteristics  for  spinel  were  comparable  to  those  for  sapphire.  This 
shows  that  spinel  may  be  a  good  alternative  for  sapphire  substrate. 

Optical  Cavity 

The  cleavage  direction  between  the  epitaxial  layer  and  the  substrate  must  coincide  to  make  a 
cavity  mirror  using  a  cleaved  facet.  The  cleavage  direction  of  GaN  is  deduced  from  the  direction  of 
epitaxial  layer  cracks  to  be  [1 120],  and  that  of  spinel  is  [1 10].  The  epitaxial  relationships,  which 
were  investigated  using  asymmetric  X-ray  diffraction,  told  us  that  the  cleavage  direction  of  GaN  is 
the  same  as  that  of  spinel.  We  cleaved  the  3.6-|im-thick  GaN  and  a  100-jj.m-thick  spinel  substrate 
wafer,  and  obtained  a  smooth  cleaved  GaN  facet.  The  GaN  was  cleaved  on  the  (lIOO)  plane,  which 
was  normal  to  the  surface.  The  spinel  was  cleaved  on  the  (100)  plane,  which  was  inclined  at  55 
degrees  from  the  surface,  although  an  uncleaved  part  of  the  spinel  was  also  observed  near  the 
interface.  We  consider  that  the  uncleaved  part  is  formed  due  to  the  difference  in  the  angle  between 
the  cleaved  facet  of  the  GaN  and  that  of  the  spinel. 

To  investigate  whether  the  cleaved  facet  of  the  GaN  on  spinel  acts  as  the  cavity  mirror,  we 
performed  the  stimulated  emission  experiment  using  optical  pumping  in  the  edge  emitter 
configuration.  The  cavity  was  formed  by  cleavage,  and  its  length  was  600  jim.  A  pulsed  nitrogen 
laser  was  used  as  the  pumping  light.  The  pulse  width  of  the  nitrogen  laser  was  10  ns  with  operating 
frequency  of  14  Hz,  while  the  intensity  of  each  pulse  was  about  0.5  mJ.  The  pumping  light  was 
perpendicular  to  the  surface.  This  yielded  the  maximum  power  density  of  1.2  MW/cm^.  Then,  the 
light  emitted  from  the  cleaved  facet 
was  measured  at  room  tempera¬ 
ture.  Figure  2  shows  the  change 
in  emission  intensity  with  an 
increase  in  incident  power.  The 
emission  intensity  increased  super- 
linearly.  The  spectrum  was  broad 
at  low  incident  power,  and  the  peak 
wavelength  of  this  spontaneous 
emission  was  370  nm.  A  narrow 
peak  appeared  at  a  longer  wave¬ 
length  of  380  nm  when  the  incident 
power  exceeded  the  threshold. 

These  results  indicate  that  the 
narrow  emission  that  appeared 
above  threshold  is  the  stimulated 
emission.  The  threshold  value 
which  was  decided  from  the 
spectrum  change  was  about  0.2 
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Fig.  2.  Stimulated  emission  by  optical  pumping  in  edge  emitter 
configuration  at  room  temperature. 
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MW/cm^.  We  also  observed  the  stimulated  emission  in  the  surface  emitter  configuration,  which 
was  the  same  as  reported  one  on  the  sapphire  substrate  [14],  and  the  threshold  value  was  about  1 
MW/cml  The  threshold  value  in  the  edge  emitter  configuration  was  about  1/5  that  of  the  surface 
emitter  configuration.  Although  we  did  not  get  direct  proof  of  the  lasing,  such  as  the  Fabry-Perot 
mode  and  the  far  field  pattern,  the  reduction  in  the  threshold  value  indicates  that  the  light  is  coupled 
with  the  cavity.  This  shows  that  the  cleaved  facet  of  GaN  on  the  spinel  substrate  acts  as  a  cavity 
mirror.  Previous  reports  on  the  observations  of  the  stimulated  emission  from  the  GaN  layer  in  the 
edge  emitting  configuration  were  done  on  a  sapphire  substrate  [15-16],  and  on  a  SiC  substrate  [4]. 
Their  threshold  values  were  0.6  MW/cm^  and  0.8  MW/cm^  on  the  sapphire,  and  3.4  MW/cm^  on  the 
SiC  substrate.  Our  threshold  value  is  comparable  to  these  reported  ones,  indicating  the  high-quality 
of  the  epitaxial  layer  and  the  cavity  mirror. 


LED  Characteristics 

We  fabricated  LEDs  consisting  of  AlGaN/InGaN  double-heterostructure  on  a  spinel  substrate. 
Figure  3  shows  the  structure  of  the  LED.  Low-temperature  GaN  buffer,  undoped  Alg  QjGaQ  ^jN,  n- 
doped  Alj,  osGa^j  gjN,  n-doped  GaN, 

undoped  In^j  Q^Ga^,  ^^N,  p-doped  ^Ni(p-eiectrode) 

Al^p^Ga^j^jN,  and  p-doped  GaN  ^ 


were  sequentially  grown  on  the 
spinel  substrate,  with  a  respective 
thickness  of  30  nm,  1.2  pm,  2.2 
pm,  60  nm,  30  nm,  0.6  pm,  and 
0.2  pm.  Carrier  concentration  of 
the  n-doped  and  p-doped  layer  was 
2x10^*  cm’^  and  1x10*''  cm‘^, 
respectively.  Electrodes  were 
formed  in  a  stripe  pattern.  Part  of 
the  epitaxial  layers  was  dry-etched 
to  expose  n-doped  GaN  layer.  An 
n-type  Ti/Pt/Au  electrode  was 
formed  on  the  exposed  n-doped 
GaN  layer.  Ni/Ti  was  used  as  the 
p-type  electrode.  The  width  of  p- 
type  electrode  was  80  pm,  and  the 
length  of  the  diode  was  about  600 
pm.  The  electroluminescence 
measurements  was  performed 
using  a  pulsed  current  with  the 
pulse  duration  of  10  ps  and  a 
repeating  frequency  of  5  kHz. 
Figure  4  shows  the  electro¬ 
luminescence  of  the  LED  at  room 
temperature  operated  at  50  mA  to 
200  mA,  with  a  corresponding 
current  density  of  104  A/cm^  to  417 
A/cm^.  The  inset  shows  the 
current-voltage  characteristics. 
The  LED  showed  clear  rectifying 
characteristics.  The  turn  on  voltage 
was  about  4  V.  The  peak  wave¬ 
length  and  FWHM  in  the  electro- 
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Fig.  3.  AlGaN/InGaN  double-heterostructure  LED. 
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Fig.  4.  Electroluminescence  of  LED  at  room  temperature.  Inset 
shows  the  I-V  characteristics. 
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luminescence  was  380  nm  and  13.5 
nm,  respectively.  When  we 
increased  the  operating  current,  the 
peak  wavelength  did  not  varied. 

This  indicate  that  the  emission 
originated  in  the  near-band-edge 
transition  of  such  as 

band-to-band,  band-to-acceptor, 
and  donor-to-band  transition.  We 
believe  that  the  lasing  will  be 
achieved  if  we  scceed  in  increasing 
the  current  density  by  making  a 
better  p-type  contact.  We  also 
compared  the  electroluminescence 
of  LEDs  fabricated  on  the  spinel 
with  that  on  the  sapphire  substrate, 
as  shown  in  Figure  5.  The  LED 
structures  were  simultaneously 
grown  on  spinel  and  sapphire  in  the 
same  growth  run.  The  intensity  on  spinel  was  comparable  to  that  on  the  sapphire.  The  peak 
wavelength  for  sapphire  was  about  8  nm  longer  than  that  for  spinel.  This  is  probably  due  to  the 
temperature  inhomogeneity  in  the  susceptor  which  was  used  in  the  growth.  The  magnitude  of 
wavelength  shift  corresponds  to  the  temperature  difference  of  5°C.  The  current-voltage 
characteristics  were  also  almost  the  same.  From  these  results,  we  conclude  that  the  problem  does 
not  exist  with  using  the  spinel  substrate. 

CONCLUSION 

We  proposed  spinel  as  a  substrate  for  laser  applications.  We  investigated  the  surface 
morphology,  X-ray  diffraction,  and  the  optical  and  electrical  properties  of  GaN  on  spinel.  From  the 
results,  it  was  shown  that  there  were  no  serious  problems  in  terms  of  GaN  quality  with  using  spinel 
as  the  substrate  material.  We  fabricated  the  optical  cavity  using  cleavage  and  observed  the  stimulated 
emission  using  optical  pumping  from  the  cavity.  The  threshold  value  in  the  edge  emitter  configuration 
was  about  1/5  that  of  the  surface  emitter  configuration,  which  indicates  that  the  cleaved  facets  act 
as  cavity  mirrors.  We  also  fabricated  AlGaN/InGaN  double-heterostructure  LEDs  on  the  spinel 
substrate.  The  electroluminescence  was  dominated  by  the  band-edge  emission  of  InGaN  with  a 
narrow  FWHM  of  13.5  nm.  The  LED  fabricated  on  the  spinel  showed  the  comparable  characteristics 
to  those  on  the  sapphire  substrate.  We  believe  that  it  is  possible  to  achieve  current  injection  lasing 
on  the  spinel  substrate. 
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ABSTRACT 

Hexagonal  GaN  films  grown  on  non-isomorphic  substrates  are  usually  characterized  by 
numerous  threading  defects  which  are  essentially  boundaries  between  wurtzite  GaN  domains 
where  the  stacking  sequences  do  not  align.  One  origin  of  these  defects  is  irregularities  on  the 
substrate  surface  such  as  surface  steps.  Using  Si  <11 1>  substrates  and  a  substrate  preparation 
procedure  that  makes  wide  atomically  flat  terraces,  we  demonstrate  that  reduction  of  these 
irregularities  greatly  improves  the  crystalline  and  luminescent  quality  of  GaN  films  grown  by 
plasma-enhanced  molecular  beam  epitaxy.  X-ray  rocking  curve  width  decreases  from  over  1 
degree  to  less  than  20  minutes,  while  PL  halfwidth  decreases  from  over  15  meV  to  less  than  10 
meV. 


INTRODUCTION 

The  Group  III  nitrides  have  great  potential  for  optoelectronic  devices  operating  across  the 
entire  visible  spectrum  and  into  the  ultra-violet  [1].  However,  growth  of  nitride  materials  has  been 
plagued  by  dense  networks  of  threading  defects  in  almost  all  nitride  epitaxial  layers  grown  to  date 
by  molecular  beam  epitaxy  (MBE)  [2]  and  metalo-organic  chemical  vapor  deposition  (MOCVD) 
[3].  The  threading  defects  are  generally  identified  as  stacking  mismatch  boundaries  (SMBs), 
originating  from  the  intersection  of  two  domains  where  the  stacking  sequences  are  not  aligned. 
Recent  work  demonstrated  that  in  wurtzite  epitaxy  on  non-isomorphic  substrates  each  substrate 
surface  step  has  a  high  probability  of  leading  to  an  SMB  [4].  A  natural  avenue  for  exploration  is 
to  reduce  the  number  of  surface  steps  and  observe  whether  the  density  of  threading  defects 
decreases.  Unfortunately,  most  substrates,  whether  mechanically  or  chemically  polished,  are  far 
from  atomically  smooth  and  contain  a  very  high  density  of  surface  steps.  Previous  attempts  to 
grow  wurtzite  GaN  on  Si  have  generally  yielded  unsatisfactory  results  [5-7].  However,  the  Si 
<1 1 1>  surface,  when  treated  with  certain  etches,  is  reported  to  exhibit  atomically  flat  terraces 
extending  for  thousands  of  angstroms  [8-10],  greatly  increasing  the  distance  between  surface 
steps  and  thus  decreasing  their  density.  In  this  work  we  have  systematically  investigated  substrate 
preparation  procedures  for  improving  the  growth  of  GaN  on  Si  <11 1>  by  decreasing  the  density 
of  substrate  steps. 
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EXPERIMENT 


Three-inch  n-type  50  ohm-cm  <11 1>  ±  0.10°  silicon  substrates  from  Virginia 
Semiconductor  were  used  in  this  work.  All  substrate  preparations  began  with  a  standard  RCA 
cleaning  procedure  [11]  (without  thermal  oxide  growth).  Later  substrate  preparations  produced 
H-termination  through  immersion  in  a  1%  HF  solution  for  20  seconds.  Successful  H-termination 
was  evidenced  by  a  hydrophobic  surface  afterwards.  Substrates  with  extended  atomically  flat 
terraces  were  prepared  using  solutions  of  7:1  NILFiHF  (buffered  oxide  etch)  mixed  with  NH4OH 
to  raise  the  pH  to  various  values  from  6.5  to  9.25.  Atomic  force  microscopy  (AFM)  was 
performed  on  the  silicon  substrates  under  ambient  conditions  using  a  TopoMetrix  Explorer  in 
contact  mode  to  assess  the  effects  of  various  substrate  preparation  schemes.  GaN  growth  was 
performed  by  plasma-enhanced  MBE  using  a  Perkin  Elmer  430  system  previously  described 
elsewhere  [12,13].  Buffer  layers  of  AIN,  GaN,  or  InN  were  deposited  as  the  substrate 
temperature  was  ramped  from  400°C  to  760°C.  GaN  films  were  grown  to  final  thicknesses  of  1-2 
microns.  X-ray  double-crystal  rocking  curves  (DCRC)  were  measured  to  assess  crystal  quality 
through  the  mosaic  model.  Photoluminescence  (PL)  was  employed  to  assess  the  presence  of 
defects  through  the  effects  on  carrier  recombination  processes.  Samples  were  prepared  for 
transmission  electron  microscopy  (TEM)  using  the  rod-and-tube  method  by  first  mechanically 
thinning  to  a  thickness  of  about  20  microns  and  then  ion-milling  to  electron  transparency  with  4.5 
keV  argon  ions.  The  samples  were  observed  in  cross-section  with  a  JEM-4000EX  high-resolution 
electron  microscope  (HREM)  operated  at  400  keV. 


RESULTS 

Preparation  of  Si  <11 1>  substrates  for  GaN  epitaxy  went  through  three  stages  of 
development.  The  first  stage  was  epitaxial  growth  on  a  standard  RCA-cIeaned  Si  surface.  GaN 
growth  on  such  surfaces  was  immediately  polycrystalline  as  shown  by  reflection  high-energy 
electron  diffraction  (RHEED).  The  x-ray  DCRC  exhibited  a  flill-width-at-half-maximum  (FWHM) 
value  of  over  1.1  arcdegrees,  while  the  PL  halfwidth  was  15  meV  (4K).  Reference  values  for  GaN 
grown  on  sapphire  substrates  under  similar  conditions  are  7  arcminutes  and  6  meV  (4K), 
respectively.  TEM  revealed  that  the  GaN  was  extremely  faulted,  and  that  the  Si  starting  surface 
contained  hills  and  valleys,  sometimes  on  the  scale  of  many  tens  of  angstroms.  AFM  was  used  to 
examine  the  Si  starting  surface  after  the  RCA  cleaning  procedure,  and  it  was  found  to  have  a 
roughness  of  50-100  angstroms.  This  roughness  could  have  been  decreased  somewhat  with  a 
thermal  oxidation  step  prior  to  RCA  cleaning  [14].  The  polycrystalline  growth  of  GaN  was 
attributed  to  an  oxide  layer  left  on  the  Si  surface  by  the  last  stage  of  the  RCA  cleaning  procedure. 
The  absence  of  an  ordered  starting  surface  led  immediately  to  polycrystalline  groAvth  since  the 
amorphous  oxide  did  not  provide  a  crystal  lattice  for  subsequent  GaN  epitaxy.  The  difficulties 
experienced  with  obtaining  a  RHEED  pattern  before  growth  support  this  idea. 

In  the  next  stage  of  silicon  substrate  preparation,  all  oxide  was  removed  after  the  RCA 
cleaning  procedure.  Oxide  removal  was  accomplished  by  a  brief  dip  in  dilute  HF,  leaving  the 
sample  with  a  H-terminated  surface  [15].  This  surface  is  very  resistant  to  subsequent  oxidation 
[9].  After  the  substrate  was  heated  to  800°C  in  the  growth  chamber,  the  H  was  desorbed  and  the 
7x7  reconstruction  of  the  Si  surface  was  observed  by  RHEED.  This  indicated  a  clean  Si  surface 
free  from  oxide.  According  to  RHEED,  subsequent  GaN  growth  was  single-crystal  and  the  x-ray 
DCRC  FWHM  decreased  dramatically  to  28  arcminutes. 
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The  final  stage  of  Si  substrate  preparation,  after  RCA  cleaning,  oxide  removal,  and  H- 
termination,  utilized  NRjFiHFiNITjOH  solutions  to  produce  Si  surfaces  with  extended  atomically 
flat  regions  and  widely  spaced  substrate  steps.  There  were  many  solution  mixtures  and 
immersion  times  that  produced  flat  terraces,  and  many  that  did  not.  One  successful  formula  was 
to  mix  commercial  7:1  NlTjFiHF  (buffered  oxide  etch)  with  NH4OH  to  reach  a  final  pH  of  9.25 
(approximately  3:1  mixture),  and  then  immerse  the  substrate  for  3  seconds.  Afterwards  the 
surface  was  hydrophobic,  implying  H-termination,  and  RHEED  showed  7x7  reconstruction  of 
the  Si  surface.  AFM  images  demonstrated  the  presence  of  extended  flat  terraces  as  shown  in 
Figure  1.  This  most  recent  stage  of  surface  preparation  achieved  considerable  improvement  over 
the  previous  results.  X-ray  DCRC  FWHM  decreased  to  just  under  20  arcminutes,  and  PL 
halfwidth  decreased  to  just  under  10  meV  (4K). 


Onm  1235niin  2470  nm 


FIGURE  1:  AFM  image  of  the  Si  <11 1>  surface  after  RCA  cleaning,  oxide  removal,  H- 
termination,  and  NH4F:HF:NH40H  etching.  The  lines  are  atomic  bilayer  steps  and  exhibit  60° 
angles  characteristic  of  the  Si  <11 1>  surface.  The  bumps  are  approximately  40-70  angstroms 
high,  and  their  origin  is  currently  unexplained. 

The  progression  of  x-ray  DCRC  FWHM  is  shown  in  Figure  2.  The  greatest  improvement 
was  from  stage  one  to  stage  two  where  the  growth  became  single  crystal.  However,  there  was  a 
significant  improvement  from  stage  two  to  stage  three,  suggesting  that  the  decrease  in  the  surface 
step  density  led  to  improvement  in  the  GaN  quality.  The  improvement  in  the  PL  halfwidths  from 
stage  one  to  stage  three  is  demonstrated  in  Figure  3. 
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FIGURE  2:  X-ray  double-crystal  rocking  curves  for  MBE-grown  GaN  on  Si  <11  ]>  with 
substrate  surface  preparation  consisting  of:  (1)  RCA  cleaning;  (2)  RCA  cleaning,  oxide  removal, 
and  H-termination;  (3)  RCA  cleaning,  oxide  removal,  H-termination.  and  NH4F:HF:NH40H 
etching. 
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FIGURE  3:  PL  (4K)  of  MBE-grown  GaN  on  Si  <11 1>  with  substrate  surface  preparation 
consisting  of;  (a)  RCA  cleaning;  (b)  RCA  cleaning,  oxide  removal,  H-termination,  and 
NH4F:HF:NH40H  etching. 

The  goal  of  an  unblemished  surface  with  maximum  distance  between  substrate  steps  has 
not  yet  been  reached.  The  Si  surfaces  displayed  extended  terraces,  but  they  also  contained 
unexplained  bumps  approximately  40-70  angstroms  high  and  of  varying  sub-micron  diameters. 
The  origin  of  these  bumps  has  not  been  satisfactorily  explained,  and  they  are  the  subject  of 
ongoing  debate  in  the  literature  [16].  Our  efforts  to  remove  (water  rinsing)  or  avoid  [17]  the 
bumps  have  proven  unsuccessful.  These  bumps  are  certainly  detrimental  to  growth,  and  occur 
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with  a  density  on  the  order  of  10’°  cm'^,  which  is  the  same  density  of  threading  defects  observed 
in  GaN  grown  by  MOCVD  on  traditional  substrates  [3]. 

Figure  4  is  an  HREM  micrograph  of  wurtzite  GaN  grown  by  MBE  on  Si  <11 1>, 
illustrating  the  successes  and  limitations  of  the  current  work.  The  Si  substrate  is  atomically  flat  in 
this  region.  The  thin  buffer  layer  is  heavily  faulted,  and  it  absorbs  the  lattice  mismatch.  Buffer 
layer  optimization  (including  whether  even  to  use  a  buffer  layer)  is  the  subject  of  ongoing  work. 
The  grown  GaN  is  ordered,  and  is  single-crystal  from  RHEED.  The  GaN  contains  a  high  density 
of  domain  boundaries  near  the  interface,  but  other  micrographs  show  that  the  domain  boundaiy 
density  decreases  considerably  with  increasing  distance  from  the  interface.  Many  of  the  domains 
are  slightly  tilted,  suggesting  broadening  contributions  to  the  x-ray  DCRC  PWEM  in  the  mosaic 
model.  The  GaN  interface-region  domains  in  this  micrograph  are  much  smaller  than  those 
observed  in  the  best  GaN  grown  on  SiC  and  sapphire. 


FIGURE  4:  High-resolution  electron  micrograph  of  wurtzite  GaN  grovm  on  an  atomically  flat 
region  of  Si  <1 1 1>  with  a  thin  buffer  layer. 


CONCLUSIONS 

Despite  the  marked  improvements  in  the  quality  of  MBE-grown  GaN  on  Si  <1 1 1> 
resulting  from  modified  surface  treatments,  the  results  have  not  approached  those  achieved  on 
sapphire  and  SiC.  X-ray  DCRC  FWHM  of  20  arcminutes  and  PL  linewidth  of  10  meV  (4K)  are, 
however,  substantial  improvements  over  previous  results  for  MBE  growth  of  GaN  on  Si.  It  may 
be  that  other  factors  such  as  lattice  mismatch  and  thermal  mismatch  will  ultimately  limit  the 
possibilities  for  GaN  epitaxy  on  Si,  but  there  is  still  room  for  improvement  in  buffer  layer 
optimization  and  Si  <11 1>  surface  preparation,  particularly  in  producing  an  unblemished 
terraced  surface.  Producing  even  better  Si  <11 1>  surfaces  still  holds  promise  for  further 
reduction  of  defect  density  and  improvement  in  GaN  crystallinity. 
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ABSTRACT 

Hydrazoic  acid,  HN3,  was  shown  to  be  an  extremely  reactive  molecule  and  an  effective 
precursor  species  for  ‘active  nitrogen'.  At  room  temperature,  hydrazoic  acid  dissociatively 
chemisorbed  on  GaAs  (110)  surfaces  to  form  the  NH  radical  and  N2.  At  473  K,  the  NH  fragment 
reacted  with  the  substrate,  broke  Ga-As  bonds  and  formed  GaN  and  AsN  species.  At  673  K,  an 
anionic  exchange  mechanism  commenced;  the  surface  became  completely  depleted  of  As  and  a  thin 
film  of  GaN  formed.  When  the  surface  was  dosed  at  773  K,  a  20  A  thick  GaN  film  was  grown. 
This  evidence  demonstrates  that  hydrazoic  acid  is  highly  reactive  at  comparatively  low  surface 
temperatures  and  offers  a  viable  alternative  to  ammonia  as  a  nitrogen  precursor  gas. 

INTRODUCTION 

The  m-V  nitrides  of  A,  Ga  and  In  are  direct  band  gap  semiconductors  which  form 
complete  solid  solutions  with  each  other  and  are  candidate  materials  for  high  frequency 
microelectronic  and  optoelectronic  devices.  The  latter  devices  would  be  operative  within  the 
orange  (InN)  to  ultraviolet  (GaN  and  AN)  range  of  the  spectrum.  However,  these  materials, 
particularly  GaN  and  InN,  possess  a  high  vapor  pressure  at  the  growth  temperatures  of  vapor 
phase  epitaxy  (VPE)  (800  -  1 100°C)  and  molecular  beam  epitaxy  (MBE)  (500  -  700°C).  TTie 
primary  experimental  problem  is  the  difficulty  of  maintaining  sufficient  reactive  N  in  the  vicinity  of 
the  growing  film  to  counteract  the  tendency  for  nitrogen  loss.  The  use  of  electron  cyclotron 
resonance  plasmas  has  allowed  the  deposition  temperature  to  be  decreased  in  the  MBE  technique, 
but  the  flux  of  reactive  N  species  is  limited.  In  the  case  of  VPE,  the  presence  of  a  substantial 
partial  pressure  of  ammonia,  especially  in  the  case  of  InN  deposition,  allows  the  growth 
temperature  to  be  increased,  but  with  a  concomitant  increase  in  the  N  vapor  pressure  from  the 
growing  nitride.  The  desired  alternative  is  a  system  which  allows  for  the  production  of  copious 
amounts  of  reactive  N  species  and  deposition  at  reduced  temperatures  where  the  rate  of 
vaporization  is  low. 

We  are  investigating  the  use  of  HN3,  hydrazoic  acid,  as  such  a  nitrogen  precursor  species. 
Its  major  advantage  over  other  precursors,  such  as  molecular  nitrogen  and  ammonia,  is  that  its 
bond  energy  to  produce  the  highly  active  radical  species  NH  is  only  0.5  eV  (compared  to  bond 
dissociation  energies  of  9.8  and  4.5  eV  for  nitrogen  and  ammonia  respectively).[l]  In  order  to 
investigate  the  reactivity  of  hydrazoic  acid,  the  non-polar  (1 10)  surface  of  single  crystal  wafers  of 
GaAs  was  dosed  with  controlled  exposures  of  HN3.  The  subsequent  reactions  of  the  crystal  with 
HN3  were  studied  as  a  function  of  crystal  temperature  using  x-ray  photoelectron  spectroscopy  as 
the  main  diagnostic  tool. 
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EXPERIMENT 


The  microcheraistry  of  hydrazoic  acid  interactions  with  GaAs  crystal  surfaces  was  studied 
in  an  ultrahigh  vacuum  apparatus  which  comprises  a  turbomolecular  pumped,  liquid  nitrogen 
trapped  ultrahigh  vacuum  ceil  interfaced  to  an  ion-pumped  analysis  chamber.  The  diagnostics 
available  in  the  analysis  chamber  are  x-ray  photoelectron  spectroscopy  (XPS)  and  low  energy 
electron  diffraction  (LEED).  The  sample  is  transferred  between  chambers  using  a  linear  motion 
feedthrough  with  sample  heating  (1200  K)  and  cooling  (130  K)  capabilities.  We  utilized  a 
commercially  available  pulsed  beam  source,  the  General  Valve  Iota-1,  to  dose  the  surface.  The 
pulse  length  was  set  such  that  an  individual  pulse  of  gas  delivered  a  dose  of  approximately  10i5 
molecules  cm-2  of  HN3  to  the  substrate  surface  during  each  pulse, 

Hydrazoic  acid,  HN3,  was  synthesized  according  to  the  procedure  described  by  Setzer  in 
which  HN3  was  made  by  the  reaction  of  sodium  azide  with  a  slight  excess  of  stearic  acid  in  a 
thick- walled  Pyrex  vessel. [2]  A  stainless  steel  cylinder  was  used  to  collect  the  hydrazoic  acid 
vapor  using  a  Teflon  and  stainless  steel  gas  handling  system.  The  cylinder  was  subsequently 
back-filled  to  a  pressure  of  one  atmosphere  with  argon  or  helium  in  order  to  stabilize  the  acid. 

Mass  spectra  of  the  gas  samples  indicated  the  presence  of  an  oxygen  contaminant. 

The  GaAs  (1 10)  substrates  were  mounted  in  the  chamber,  Ar+  etched  for  30  minutes  at 
1  keV  to  remove  any  traces  of  carbon  or  oxygen  contamination,  and  annealed  at  580  “C  for 
60  minutes.  X-ray  photoelectron  spectroscopy  (XPS)  and  low  energy  electron  diffraction  (LEED) 
patterns  of  the  samples  indicated  that  surface  order  had  been  restored  and  a  gallium  rich 
reconstruction  (Ga/As  =  1.3)  had  formed. [3]  The  samples  were  then  exposed  to  doses  of 
hydrazoic  acid  that  were  determined  by  setting  both  the  pulse  length  and  number  of  pulses.  XPS 
spectra  were  taken  using  PHI  15  keV  Mg  and  A1  Ka  X-ray  sources  and  a  PHI  double-pass 
cylindrical  mirror  electron  energy  analyzer  operated  at  a  bandpass  of  25  and  50  eV  depending  on 
the  particular  transition  being  studied.  All  spectra  are  referenced  to  the  As  3d  transition  at  41.5 
±0.2  eV. 

RESULTS 

Figures  1-3  present  a  series  of  XPS  spectra  showing  the  reactions  of  GaAs  (110)  with 
hydrazoic  acid  as  a  function  of  substrate  temperature  during  the  dosing  cycle.  Each  individual 
experiment  shown  involved  exposure  to  doses  sufficiently  high  to  saturate  any  possible  reaction 
path  (-10^8  cm-i).  Figure  1  presents  the  N  Is  spectra.  At  310  K  (slightly  above  room 
temperature),  only  one  peak  is  observed  which  is  indicative  of  the  presence  of  NH  and  N2  species 
adsorbed  on  the  surface.  This  assignment  has  been  made  by  and  confirmed  by  groups  led  by  Lin 
[4,5]  and  White  [6,7].  The  absence  of  a  peak  above  400  eV  indicates  that  there  is  no  undissociated 
hydrazoic  acid  present  on  the  surface  at  ^ese  temperatures.  The  Ga  and  As  2p3/2  spectra  shown  in 
Figures  2  and  3  show  no  indication  of  any  nitride  formation  since  the  recorded  spectra  are  identical 
with  those  recorded  on  clean  GaAs  surfaces.  From  the  poor  signal-to-noise  ratios  of  the  nitrogen 
spectra,  we  estimate  that  at  3 10  K,  a  monolayer  of  hydrazoic  acid  dissociatively  chemisorbs  to 
form  dinitrogen  and  amido  radicals  on  the  surface.  There  is  no  evidence  for  any  breakage  of  Ga¬ 
As  bonds.  Furthermore,  most  of  these  nitrogen  adspecies  desorb  from  the  surface  when  it  is 
heated  to  473  K  and  within  our  ability  to  detect  them,  they  are  completely  desorbed  by  573  K 

At  473  K,  a  different  situation  obtains.  The  nitrogen  spectrum  shown  in  Figure  1  shows 
evidence  of  a  slight  shoulder  to  lower  binding  energies  compared  to  the  previous  NH/N2  peaks. 
This  shoulder  occurs  precisely  where  one  would  expect  to  find  a  peak  for  GaN  and  AsN.[4-7] 
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Comparing  the  intensity  of  the  shoulder  to  the  main  peak,  we  estimate  that  no  more  than  a 
monolayer  of  GaN/AsN  is  formed.  The  Ga  2p  peak  shows  a  slight  shift  upward  of  ~  0.2-0.3  eV 
and  the  As  2p  peak  shows  slight  evidence  of  a  shoulder  at  higher  binding  energies;  this  data  is 
consistent  with  the  formation  of  both  AsN  and  GaN.  It  should  also  be  noted  that  the  ratio  of 
arsenic  to  gallium  remains  constant  throughout  the  dosing  process. 

A  radical  transition  in  the  observed  chemistry  takes  place  when  the  sample  is  dosed  at 
673  K.  Note  that  the  N  Is  peak  corresponding  to  NH/N2  has  disappeared  and  been  totally  replaced 
by  a  peak  corresponding  to  GaN/ AsN.  Furthermore,  the  integrated  intensity  of  this  peak  is  several 
times  greater  than  that  of  the  nitrogen  peak  found  at  310  K  and  is  thus  indicative  of  a  nitride  film 
that  is  several  layers  thick.  The  Ga  2p  spectrum  has  also  shifted  0.5  eV  to  higher  binding  energy 
from  clean  GaAs  indicating  the  formation  of  several  layers  of  GaN.  The  As  2p  spectrum  shows 
two  distinct  peaks;  one  at  that  found  for  bulk  GaAs  and  one  which  corresponds  to  AsN  which  is  at 
~2.3  eV  higher  binding  energy.  But  even  more  illuminating  is  the  loss  of  integrated  intensity  of  the 
As  peak  and  growth  in  the  Ga  peak  intensity.  The  Ga  intensity  has  increased  by  50%  while  the  As 
intensity  has  fallen  by  over  half.  This  trend  is  indicative  of  an  anionic  exchange  mechanism  where 
the  NH  radical  reacts  with  the  arsenic  to  form  volatile  AsN: 

NH  +  GaAs  AsN  (g)  +  GaN  (s)  +  1/2  H2,  (1) 

leaving  behind  the  thermally  more  stable  gallium  nitride.  This  same  behavior  is  observed  in  the 
reactions  of  GaAs  with  fluorine  atoms  and  molecules  to  form  GaFs  thin  films,  albeit  at  lower 
temperatures.[3,8,9]  The  observation  of  some  AsN  residue  is  the  result  of  the  fact  that  the  GaN 
layer,  at  sufficient  thickness,  acts  as  a  diffusion  barrier  to  the  volatilization  of  the  AsN  species. 


Figure  1.  N  Is  transition  XPS  spectra  of  GaAs(l  10)  substrates  after  having  been  dosed  to 
saturation  with  hydrazoic  acid  as  a  function  of  substrate  temperature. 
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Figure  2.  Ga  2p3/2  transition  XPS  spectra  of  GaAs(llO)  substrates  after  having  been  dosed  to 
saturation  with  hydrazoic  acid  as  a  function  of  substrate  temperature. 


BINDING  ENERGY  (eV) 

Figure  3.  As  2p3/2  transition  XPS  spectra  of  GaAs{l  10)  substrates  after  having  been  dosed 
saturation  with  hydrazoic  acid  as  a  function  of  substrate  temperature. 
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As  deposition  takes  place  at  higher  temperatures,  one  expects  the  film  to  grow  thicker 
before  the  reaction  product  layer  acts  as  a  diffusion  barrier.  We  observe  precisely  this  behavior! 

The  integrated  intensity  of  the  nitrogen  spectrum  of  GaAs  dosed  at  773  K  (not  shown)  is  several 
times  that  found  at  673  K.  Furthermore,  the  Ga  2p  peak  has  completely  shifted  to  higher  binding 
energies  consistent  with  the  formation  of  a  GaN  thin  film  which  is  on  the  order  of  three  times  the 
escape  depth  of  this  transition  or  20-25  A.  The  arsenic  peak  has  almost  completely  disappeared 
indicating  that  it  has  been  completely  replaced  in  this  reaction  product  region.  Note  that  there  is 
still  a  trace  of  some  AsN  which  must  reside  at  the  interface  of  the  GaN  and  GaAs. 

Figure  4  summarizes  the  data  by  presenting  a  graph  showing  the  thickness  of  the  GaN  film 
formed  by  dosing  with  hydrazoic  acid  as  a  function  of  substrate  temperature.  At  310  K,  no  GaN 
film  is  formed;  HN3  dissociatively  chemisorbs,  but  does  not  break  any  GaAs  bonds.  At  473  K,  a 
monolayer  of  GaN/AsN  is  formed  before  the  reaction  stops.  At  673  K,  a  GaN  layer  ~  6  A  thick 
forms  with  an  AsN  layer  found  at  the  GaN/GaAs  interface.  At  773  K,  the  GaN  layer  can  be 
grown  to  a  thickness  of  20  A  before  the  anionic  exchange  mechanism  is  cut  off  by  the  inability  of 
the  AsN  to  diffuse  to  the  surface.  We  estimate  that  the  thickness  of  the  GaN/GaAs  interface  region 
which  contains  undesorbed  AsN  to  be  ~  SA. 

DISCUSSION 

Gallium  arsenide  surfaces  were  found  to  be  surprisingly  reactive  towards  hydrazoic  acid. 
Lin  and  co-workers  [4,5]  had  shown  that  when  gallium  arsenide  was  dosed  with  hydrazoic  acid  at 
low  temperatures,  the  HN3  desorbed  from  the  surface  below  200  K  with  no  trace  of  any  reaction. 
Apparently,  at  room  temperauire  and  above,  the  surface  becomes  reactive  and  HN3  dissociatively 
chemisorbs  upon  adsorption.  As  the  substrate  temperature  is  increased  to  473  K,  Ga-As  bonds  are 
broken  and  GaN  and  AsN  species  are  formed.  But  even  at  this  temperature,  the  reaction  is  limited 
to  the  topmost  layer.  At  673,  on  the  other  hand,  a  preferential  etching  process  leading  to  anionic 
exchange  occurs.  Subsurface  arsenic  is  removed  by  the  formation  and  desorption  of  volatile  AsN, 
leaving  behind  GaN.  This  behavior  is  similar  to  that  found  for  the  fluorination  reactions  of  GaAs 
which  lead  to  the  formation  of  GaF3  thin  films.[3,8,9]  The  thickness  of  the  thin  film  that  can  be 
formed  in  this  fashion  is  extremely  temperature  sensitive.  At  673  K,  the  thin  film  is  limited  to  5-6 
A;  at  773  K,  a  20  A  GaN  film  can  be  formed.  This  temperature  effect  is  caused  by  the  fact  that  the 
forming  GaN  film  acts  as  a  diffusion  barrier  to  the  inward  path  of  the  active  nitrogen  species  and  to 
the  desorption  of  subsurface  AsN. 

This  observed  reactivity  of  hydrazoic  acid  at  relatively  low  temperatures  indicates 
that  HN3  is  an  excellent  source  of  neutral  forms  of  'active  nitrogen'  which  does  not  require  any 
sort  of  discharge  or  excitation.  Recent  work  of  John  Russell  at  the  Naval  Research  Laboratory  has 
indicated  that  HN3  will  also  readily  react  with  crystalline  aluminum  surfaces  to  form  epitaxial 
layers  of  AIN  as  well.  [10]  Thus,  it  would  seem  that  if  a  low  temperature  form  of  metallic  gallium 
or  aluminum  is  provided  at  the  surface,  binary  or  ternary  metal  nitride  films  could  be  readily  grown 
on  arbitrary  surfaces  at  reduced  temperatures.  Organometallic  species,  such  as  diethyl  gallium  and 
aluminum,  are  excellent  choices  of  metal  atom  precursors.  They  decompose  at  temperatures  well 
below  that  required  for  metal  nitride  growth  (<  750  K).  It  would  seem  that  film  growth  could 
readily  be  accomplished  using  heated  pulsed  nozzles  of  both  metal  and  nitrogen  precursor 
molecules  such  as  diethylgallium  and  hydrazoic  acid.  We  note  that  Lin  and  co-workers  have 
grown  epitaxial  a-GaN  films  on  sapphire  using  a  low  pressure  chemical  vapor  deposition  system 
using  hydrazoic  acid  and  triethylgallium  at  850  K.[l  1] 
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Figure  4.  GaN  film  thickness  as  a  function  of  substrate  temperature  during  deposition. 
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ABSTRACT 


We  have  demonstrated  growth  of  crystalline  GaN  on  Si  substrates  by  using,  for  the  first 
time,  a  novel  inorganic  precursor  C^GaNs  and  ultra-high-vacuum  chemical  vapor  deposition 
techniques.  Cross-sectional  electron  microscopy  of  the  highly  conformal  films  showed  columnar 
growth  of  wurtzite  GaN  while  Auger  and  RBS  oxygen-  and  carbon-resonance  spectroscopies 
showed  that  the  films  were  pure  and  highly  homogeneous.  In  addition  to  the  high  growth  rates 
of  70-500  A  per  minute,  the  low  deposition  temperature  of  550-700  °C,  and  the  nearly  perfect 
GaN  stoichiometry  that  we  obtain,  another  notable  advantage  of  our  method  is  that  it  provides  a 
carbon-free  growth  environment  which  is  compatible  with  p-doping  processes. 


INTRODUCTION 


The  potential  of  the  group  III  nitrides,  InN,  GaN,  and  AIN,  for  microelectronic  and 
optoelectronic  applications  is  well  recognized  [1],  In  principle,  bandgap  variation  ranging  from 
1.8  eV  (InN)  to  6.3  eV  AIN  can  be  achieved  by  suitable  alloy  combinations.  The  use  of  GaN  in 
the  fabrication  of  light  emitting  diodes  has  been  demonstrated  [2],  but  fabrication  of  blue-laser 
diodes  and  other  high-power,  high-frequency  and  high-temperature  GaN-based  devices  has  not 
yet  been  realized.  A  major  reason  is  that  the  growth  of  good  quality  epitaxial  nitride  films  is 
hindered  by  the  lack  of  suitable  substrate  material,  and  achieving  p-type  doping  is  another 
serious  difficulty.  A  further  problem  is  the  high  background  of  n-type  carrier  concentration 
caused  primarily  by  nitrogen  deficiencies. 

Much  attention  has  recently  been  given  to  the  nature  of  the  structural  defects  present  in 
wurtzite  GaN  films  grown  by  CVD  [3]  and  molecular  beam  epitaxy  [4]  methods,  and  it  is  clear 
that  such  factors  as  the  substrate  orientation  and  the  nature  of  any  buffer  layers  have  a  major 
influence  on  the  thin-film  microstructure.  Moreover,  it  has  recently  been  concluded  that  a  high 
density  of  threading  defects  originating  at  the  substrate-film  interface  must  be  considered  as 
inevitable  whenever  materials  that  are  nonisomorphic  with  GaN  are  used  as  the  substrate  [5]. 
Consequently,  not  only  is  there  a  pressing  need  to  develop  GaN  films  of  better  quality  but 
alternative  substrates  also  need  to  be  investigated. 

We  are  exploring  new  ways  to  grow  nitride  films  using  novel  synthetic  approaches.  Our 
primary  aim  is  to  utilize  simple  inorganic  precursors  that  would  allow  us  to  grow  stoichiometric 
materials  (no  nitrogen  vacancies),  in  a  carbon-free  environment  which  should  not  interfere  with 
p-doping  processes.  The  ultimate  objective  is  to  grow  defect-free  layers  on  suitable  substrate 
materials  that  would  promote  crystalline  perfection.  In  this  report  we  describe  our  first  synthetic 
approach  which  primarily  involves  surface  decomposition  of  a  unimolecular  precursor,  Cl2GaN3, 
with  a  “preformed”  strong  GaN  bond,  at  very  low  pressures  in  a  custom-built  UHV-CVD  system. 
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We  have  prepared  this  single  source  inorganic  precursor  which  is  free  of  C  and  H  via  single-step 
synthesis  at  nearly  quantitative  yields. 

Previous  synthetic  routes  to  GaN  utilizing  single  source  precursors  with  preformed  GaN 
bonds  include  decompositions  of  EtsGa-NHa  and  related  adducts  [6],  Et2GaN3  [7],  (Me2GaN3)n 
and  ((Me2GaNH(NMe2))2  [8]-  The  major  disadvantages  of  these  methods  is  carbon 
incorporation  in  the  films  and  low  growth  rates.  The  precursor  synthesis  and  characterization  as 
well  as  the  deposition  procedure  to  obtain  highly  conformal  films  of  stoichiometric  GaN  are 
discussed  below. 


SYNTHESIS  AND  GROWTH 


Precursor  synthesis 

We  have  prepared  azidodichlorogallane  in  nearly  quantitative  yields  from  a  convenient 
single  step  synthesis  involving  the  reaction  of  GaCls  with  trimethylsilyl  azide  as  shown  below. 

GaCls  SiMe3N3  - ►  Cl2GaN3  +  SiMe3Cl 

The  compound  is  a  colorless,  air-sensitive  solid  that  sublimes  readily  and  melts  with  some 
decomposition  at  210  °C.  It  is  not  as  air-sensitive  as  GaCls  and  the  trimethyl  gallium  or  triethyl 
gallium  precursors  currently  used  in  GaN  CVD  processes.  It  reacts  rapidly  but  in  a  remarkably 
mild  manner  with  liquid  water  and  it  is  not  sensitive  to  shock.  The  FTIR  spectrum  reveals  the 
strong  azide  stretch  at  2184  cm-1  and  the  characteristic  Ga-N  and  Ga-Cl  stretches  at  450  and  385 
cm-1  respectively.  Additional  vibrations  at  350  and  250  indicate  bridging  N-Ga-N  stretching 
and  bending  modes  respectively.  Electron  impact  mass  spectroscopic  analysis  shows 
(Cl2GaN3)3  -  Cl)  as  the  highest  mass  peak  at  511  amu  and  a  fragmentation  pattern  that  is 
consistent  with  a  trimeric  presumably  six-membered  Ga-N  ring  structure  as  shown  in  figure  1. 


Figure  1.  Proposed  trimeric  structure  of  dichlorogallium  azide 


Synthetic  procedure  for  azidodichlorogallane. 

To  a  frozen  solution  of  GaCl3  (15.0  g,  85.2  mmol)  in  CH2CI2  (80  mL)  at  -196  °C  was 
added  Me3SiN3  (11.3  raL,  85.1  mmol)  by  syringe.  The  mixture  was  allowed  to  slowly  warm  to 
room  temperature  and  stirred  for  18  h.  The  CH2CI2  was  removed  under  reduced  pressure  and  the 
residue  was  sublimed  (100  °C,  10'^  mm  Hg)  to  give  14.5  g  (79.5  mmol,  93%)  of  Cl2GaN3  as  a 
white  powder.  MP  209-211  °C.  IR  (Nujol);  3359  (w,  'OasNB+VgNa),  2403  (m,  2xa)sN3),  2184 
(vs,  DasNs),  1205  (vs,  'UsN3),  1097  (w,  comb),  759  (s,  5N3),  551  (m,  YN3),  452  (s,  'OMN),  429  (s, 
uMN),  383  (s,  vMCl),  348  (m,  5MNM),  250  (s,  6MNM)  cm-1.  eimS:  511  {(Cl2GaN3)3  -  Cl)}. 
Anal,  calcd.  for  Cl2GaN3:  Cl,  38.8.  Found:  Cl,  37.96 
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Deposition  Procedure  u 

The  UHV  reactor  used  in  this  study  consists  of  a  cold-wall,  inductively  heated  3-inch 
quartz  tube  equipped  with  a  water  jacket  connected  to  a  recirculator  bath  filled  with  ethylene 
glycol.  The  bath  can  provide  wall  temperatures  ranging  from  -20  to  80  °C.  The  temperature  of 
the  susceptor  was  measured  by  an  optical  pyrometer  through  a  quartz  window.  The  reaction  tube 
is  attached  to  a  load-locked  UHV  stainless-steel  chamber  equipped  with  a  differentially  pumped 
Inficon  PPG  mass  spectrometer  capable  of  in  situ  gas  sampling  through  several  micrometer  size 
orifices.  The  pumping  system  consists  of  a  high-capacity  corrosion  resistant  turbomolecular 
pump  that  was  used  to  obtain  ultrahigh-vacuum  (approximately  7-9  x  10-9  Xorr)  before  and  after 
each  deposition.  It  was  also  used  as  a  process  pump  during  deposition.  In  a  typical  experiment 
the  susceptor  and  the  substrates  were  loaded  on  a  quartz  boat,  pumped  in  the  load  lock  to  lO' 
torr  and  then  passed  into  the  reactor  using  a  magnetically  coupled  manipulator.  The 
was  switched  to  the  process  turbopump  and  the  temperature  of  the  susceptor  was  adjusted  to  650 
°C  while  the  reactor  wall  temperature  was  maintained  at  70  °C  by  circulating  preheated  ethylene 
glycol.  The  precursor  was  held  70  °C  in  a  quartz  reservoir  directly  connected  to  the  reaction 

chamber  and  transported  into  the  reactor  by  sublimation  at  a  pressure  of  1-2  x  10"^.  The  reaction 
pressure  remains  remarkably  constant  throughout  the  deposition  and  can  be  increased  or 
decreased  proportionally  by  increasing  or  decreasing  the  precursor  reservoir  temperature.  The 
pressure  in  the  reactor  is  constantly  monitored  with  a  cold  cathode  gauge.  The  gaseous  precursor 
decomposes  thermally  at  temperatures  as  low  as  550  °C  and  pressures  of  10’^  Jorr  to  grow  GaN 
films  on  silicon  substrates.  Most  depositions,  however,  were  earned  out  at  650-700  L  because 
the  lower  temperature  depositions  resulted  in  substantial  chlorine  incorporation  (3-4  at.  %)  in  the 
films.  At  700  °C  the  deposition  time  was  typically  30  minutes  giving  thicknesses  ranging  from 
2000-15000  A  and  the  growth  rate  increased  from  70  A  per  minute  to  500  A  per  minute  as  the 

reaction  pressure  increased  from  1  x  10-4  to  1  x  10-3  Xorr.  This  clearly  suggests  that  the  growth 
rate  is  dependent  on  the  amount  of  gaseous  precursor  available  during  deposition.  There  was  no 
obvious  film  formation  or  precursor  degradation  on  the  warm  reactor  walls  during  growth.  It 
appears,  however,  that  the  heated  wall  ensured  complete  transport  of  the  vaporized  precursor 
through  the  hot  zone  and  that  eventually  the  entire  precursor  supply  was  vaporized  from  the 
reservoir  We  never  observed  any  nonvolatile  residues  that  might  have  originated  from  precursor 
degradation  during  sublimation.  Decomposition  of  the  precursor  occurred  only  on  the  hot 
substrate  and  the  graphite  susceptor.  No  solid  byproduct  residues  were  observed  down-stream 
from  the  deposition  zone  indicating  that  virtually  no  precursor  remains  undecomposed,  and  all 
byproducts  were  in  the  form  of  gaseous  species  which  were  constantly  removed  by  the  process 
turbopump.  Mass  spectroscopic  analysis  of  the  byproducts  showed  that  only  elemental  nitrogen 
and  GaCls  were  formed  at  all  deposition  temperatures  and  pressures. 


CHARACTERIZATION 


Depositions  of  Ga-N  materials  from  dichlorogallium  azide  in  the  UHV  reactor  were 
performed  at  550-700  °C.  Rutherford  backscattering  spectroscopy  (RBS)  in  the  random  mode 
was  routinely  used  to  determine  the  gallium  and  nitrogen  concentration  and  the  film  thickness. 
Elastic  carbon  and  oxygen  resonance  reactions  were  also  used  to  check  for  carbon  and  oxygen 
impurities.  Auger  electron  spectroscopy  depth  profiles  were  used  to  obtain  the  gallium  and 
nitrogen  distribution  and  also  to  show  the  absence  of  oxygen  or  any  other  impurities.  The 
microstructure  of  all  materials  was  characterized  by  cross-sectional  transmission  electron 

microscopy  (TEM).  ,  , 

RBS  analyses  of  the  films  deposited  at  550  °C  revealed  a  slight  excess  more  nitrogen 
relative  to  gallium  and  the  films  also  contained  2-4  at.  %  of  chlorine.  Cross-sectional  TEM 
images  showed  columnar  GaN  growth  and  selected  area  electron  diffraction  patterns  indicated 
that  the  material  had  the  wurtzite  structure.  In  situ  annealing  of  the  samples  between  800-1000 
°C  under  high  vacuum  resulted  in  stoichiometric  wurtzite  GaN  having  chlorine  content  of  less 
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than  1  at.  %.  The  crystallinity  of  the  annealed  samples  was  substantially  improved  and  the 
columnar  grains  extended,  as  shown  in  Fig.  2,  from  the  interface  through  the  entire  length  of  the 
layer. 


Figure  2.  Cross-sectional  electron  micrograph  showing  columnar  growth  of  wurtzite  GaN 


Higher  annealing  temperatures  at  10-8  Xorj.  resulted  in  a  slight  increase  in  grain  size  but  also 
caused  substantial  surface  roughness  as  was  observed  from  examinations  of  the  surface 
morphology  by  atomic  force  microscopy  (AFM).  Figure  3  shows  AFM  images  of  the  as- 
deposited  and  annealed  samples  illustrating  the  significant  increase  in  surface  roughness  that 
resulted  from  a  high  temperature  (1000  °C)  heat  treatment  at  10-8  xorr. 


Figure  3.  GaN  film  as-deposited  at  650oc  (left)  and  GaN  film  annealed  at  lOOOoC 
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RBS  analyses  of  2000  to  15000  A  films  deposited  at  700  °C  revealed  stoichiometric  GaN 
with  chlorine  contents  less  than  1  at.  %.  High  resolution  transmission  electron  microscopy 
showed  that  this  material  was  also  columnar  and  that  the  columns  were  significantly  larger  than 
those  obtained  at  550  °C.  In  fact,  the  column  size  is  virtually  identical  to  that  of  the  annealed 
samples  described  previously.  These  results  imply  that  the  Cl  impurity  content  is  lower  and  the 
crystallinity  is  better  for  films  produced  at  higher  deposition  temperatures  and  that  the  GaN 
stoichiometry  is  independent  of  the  deposition  temperature  and  film  growth  rate.  Annealing  of 
the  films  grown  at  7(W  °C  GaN  improved  the  crystallinity  slightly  and  resulted  in  an  increase  of 
the  surface  roughness.  RBS  carbon  and  oxygen  resonance  analyses  did  not  show  any  carbon  or 
oxygen  impurities  and  Auger  (Fig.  4)  depth  profiles  revealed  constant  elemental  content  through 
the  layer.  Ellipsometric  scans  of  samples  obtained  at  500  °C  and  at  700  °C  indicated  a  bandgap 
of3.4eV. 

Decomposition  reaction  mechanism 

We  chose  Cl2GaN3  for  thermal  CVD  precursor  of  GaN  because  the  azide  group  should 
eliminate  nitrogen  and  the  chloride  ligands  could  potentially  eliminate  CI2.  The  intended  overall 
reaction  is 

Cl2GaN3  - >  CI2  +  GaN  +  N2 

However,  mass  spectroscopic  examination  of  the  volatile  byproducts  showed  that  only  nitrogen 
and  GaCl3  formed  in  depositions  between  500-700  °C  from  the  decomposition  of  Cl2GaN3. 
Controlled  pyrolysis  experiments  of  this  compound  in  a  horizontal  hot-wall  reactor  produced 
only  solid  byproducts  which  were  collected  in  a  liquid  nitrogen  trap  and  were  identified  by 
infrared  spectroscopy  and  by  melting  point  measurements  as  gallium  trichloride.  Although  N2 
was  produced  from  the  controlled  pyrolysis  of  Cl2GaN3,  we  again  did  not  detect  any  other 
byproducts  such  as  chlorine  gas.  The  lack  of  CI2  elimination  and  the  production  of  substantial 
quantities  of  GaCl3  suggest  a  disproportionation  reaction  of  the  gaseous  (Cl2GaN3)3  triraer  as 
shown  in  Fig.  4. 
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>  GaN  +  2  GaClj  +  4  Nj 


Figure  4.  Probable  decomposition  pathway  of  (Cl2GaN3)3  to  yield  GaN,  N2  and  GaCl3 


SUMMARY 


We  have  achieved  synthesis  of  stoichiometric  GaN  by  thermal  low-pressure 
decomposition  of  Cl2GaN3  in  a  cold  wall  UHVCVD  reactor.  Our  inorganic  precursor  is 
conveniently  prepared  in  nearly  quantitative  yields  and  is  not  as  air-sensitive  as  the  trimethyl 
gallium  and  triethyl  gallium  molecules  which  are  currently  used  in  GaN  CVD  processes.  More 
importantly,  it  incorporates  the  stoichiometry  of  the  nitride  phase  and  decomposes  readily  at  500- 
700  °C  at  extraordinarily  high  rates  of  70-500  A/rainute  to  produce  films  with  thickness  up  to 
15000  A  on  Si  substrates.  The  most  striking  advantages  of  our  method  are  the  high  deposition 
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rales,  the  stoichiometric  character  of  the  films  and  the  simplicity  of  the  deposition  process.  Next 
we  will  focus  our  efforts  on  growing  defect-free  epitaxial  films  on  sapphire,  SiC  and  other 
structurally  consistent  substrates. 
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ABSTRACT 

Single  source  precursors  which  contain  preformed  gallium-nitrogen  and  aluminum-nitrogen 
bonds  are  being  considered  for  the  growth  of  gallium  and  aluminum  nitride  because  of  their 
potential  for  overcoming  problems  associated  with  conventional  precursors.  Presented  is  the 
evaluation  of  dimethylgallium  azide,  Me2GaN3  (1),  bisdimethylamidogallium  azide, 
(Me2N)2GaN3  (2),  and  bisdimethylamidoaluminum  azide,  (Me2N)2AlN3  (3)  as  potential 
precursors  for  AIN  and  GaN  film  growth.  The  compounds  were  evaluated  for  stability,  ease  of 
transport,  temperature  of  decomposition  and  quality  of  film  deposited.  Amorphous  thin  films  of 
GaN  with  a  band  gap  of  3.4  eV  were  deposited  with  2  at  250  ^C.  Increasing  the  substrate 
temperature  to  580  ^C  resulted  in  the  deposition  of  epitaxial  GaN  films.  Polycrystalline  AIN 
films  were  grown  with  3  at  600  ®C. 

INTRODUCTION 

The  AIGaInN  quaternary  alloy  system  is  uniquely  suited  for  numerous  device  applications 
because  the  band  gap  can  be  varied  from  1.9  to  6.2  eV  by  changing  the  alloy  composition.^ 
Growth  of  epitaxial  group  III  (Al,  Ga,  In)  nitride  films  has  been  hindered  by  a  lack  of  suitably 
lattice  matched  substrates,  the  large  equilibrium  dissociation  temperature  pressure  of  N2  from  the 
nitrides  at  typical  growth  temperatures  and  predeposition  reactions  with  the  commonly  employed 
metal-organic  chemical  vapor  deposition  (MOCVD)  precursors.  The  most  successful  films  have 
been  grown  at  temperatures  in  excess  of  900  ®C  by  MOCVD.  However,  high  growth 
temperatures  may  limit  compatibility  and  incorporation  of  group  III  nitrides  with  existing 
fabrication  technologies  and  devices.  Attempts  to  lower  deposition  temperature  include  activated 
nitrogen  sources  and  alternative  precursors.  While  the  use  of  alternate  nitrogen  or  gallium 
sources  has  resulted  in  lower  deposition  temperatures,  the  deposited  films  are  usually 
polycrystalline.  We  have  devised  a  new  class  of  single-source  group  III  nitride  precursors  that 
embodies  labile  amido  substituents  and  an  azide  nitrogen  source.  One  such  precursor  2,  has  been 
examined  in  detail  and  found  to  deposit  epitaxial  films  of  GaN  at  580 

EXPERIMENTAL 

Solid  1  was  prepared  from  dimethylgallium  chloride  and  sodium  azide  (eq  2).  Solids  2 
and  33  were  prepared  in  high  yields  by  means  of  the  two-stage  procedure  summarized  below  (eq 
1  and  2).  Complete  details  on  synthesis  and  structure  of  compounds  1,^  and  2^  have  been 
published  previously. 


*  Current  address  is  IBM,  Watson  Research  Center,  Yorktown  Heights,  NY  10598 
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MCl3  +  2  RiRaNLi 


(RiR2N)2MCI  +  LiCI  (1) 


-78  oc 
25 

(R,R2N)2MC1  +  NaN3  - ^  (R,R2N)2MN3 +NaCl  (2) 

CH2CI2 

dibenzo- 1 8-crown-6 

2:  Rj  =  R2  =  Me  M  =  Ga 
3:  R,  =R2  =  Me  M  =  A1 

Film  growth  experiments  with  compounds  1,  2,  and  3  were  conducted  in  a  low  pressure 
hot  wall  reactor  MOCVD  reactor  (Analysis  Reactor)  attached  to  a  X-ray  photoelectron 
spectroscopy  (XPS)  tool  to  enable  in-situ  sample  transfer  without  exposure  to  ambient 
conditions.  GaN  and  AIN  films  were  grown  on  Si  [001]  substrates  which  were  mounted  on 
molybdenum  stubs  with  indium  foil.  Substrates  were  cleaned  with  methanol  and  acetone  before 
use.  Precursors  were  sublimed  from  a  glass  saturator  at  65-84  ^C.  Ultra-high  purity  nitrogen  was 
used  as  the  carrier  gas  flowing  at  250  seem.  The  N2  was  prewarmed  and  scrubbed  by  a  Puratrem 
metal  alloy  getter  operating  at  250  ^C.  Substrate  deposition  temperatures  varied  between  480- 
500  oc,  reactor  pressure  was  maintained  at  10  torr  for  all  depositions.  XPS  analyses  were 
performed  using  a  VG  ESCALAB  Mark  I  spectrometer  with  Mg  Ka  (1253.6  eV)  and  AI  Ka, 
(1486.6  eV)  x-rays  as  the  excitation  sources,  operating  at  275  W  and  450  W,  respectively.  The 
base  pressure  of  the  analysis  chamber  was  6  x  lO'^^  Torr  and  during  sample  irradiation  never 
exceeded  5  x  lO'^^Torr.  Sputter  cleaned  Ag[  100]  was  used  for  calibration  of  the  spectrometer. 
The  Ag(3d5/2)  peak  had  a  full  width  at  half  maximum  value  of  1.7  eV  and  a  binding  energy  of 
368.2  eV  when  the  spectrometer  is  operated  at  a  pass  energy  of  50  eV.  The  GaN  standard  was 
grown  by  atmospheric  pressure  MOCVD  ex-situ  of  the  Analysis  Reactor  with  triethylgallium 
and  ammonia  at  1050 

RESULTS 

Compounds  and  2^  are  colorless  nonpyrophoric  solids  (m.p.  =  60  ^C).  They  do  not 
enflame  in  air,  but  slowly  decompose  when  exposed  to  ambient  conditions.  Compound  1  is  a 
polymer  in  the  solid  state.  The  basic  repeating  unit  (CH3)2GaN3  forms  a  spiral  along  the  a-axis 
of  the  orthorhombic  unit  cell.  The  gallium  atoms  in  the  chain  are  bridged  by  a  single  nitrogen  of 
the  azide  group.  Compound  2  which  combines  labile  amido  ligands  and  an  azide  nitrogen 
delivering  substituent  is  a  polymeric  chain  of  dimers  with  the  azide  substituent  bridging  two 
gallium  centers.  Compound  2  (0.01  Torr  at  90  ^C)  has  a  lower  vapor  pressure  than  compound  1 
(0.05  Torr  at  60  ^C).  Compound  3  is  a  colorless  solid  with  a  low  melting  point,  65-67  ^C,  and  is 
readily  decomposed.  Careful  Schlenk  technique  is  necessary  during  synthesis  and  handling  to 
prevent  premature  decomposition.  A  dimeric  structure  for  compound  3  is  suggested  by 
similarity  arguments  with  compound  2,  the  detection  of  the  dimer  by  mass  spectroscopy  and  the 
equivalence  of  the  and  resonances.^ 

Pyrolysis  experiments  with  compounds  1,^  and  2^  were  conducted.  The  azide  ligand  of 
compound  1  was  observed  to  decompose  at  375  ®C  and  the  methyl-gallium  bond  to  cleave  at  425 
®C.  Decomposition  of  2  was  observed  at  250  ^C  with  cleavage  of  the  Ga-NMe2  bond. 

Film  growth  experiments  with  compounds  1,^  2^  and  3  were  conducted  in  a  chemical 
beam  epitaxy  (CBE)  reactor  at  low  growth  pressures  (lO'^  to  lO"^  Torr),  A  minimum  film 
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growth  temperature  of  450  with  compound  1  was  utilized  to  ensure  cleavage  of  the  methyl- 
gallium  bond.  Crystalline  quality  of  the  GaN  films  grown  with  compound  1  is  independent  of 
the  substrate  template.  Highly  oriented  wurzitic  (0002)  polycrystalline  GaN  films  were  deposited 
on  sapphire,  (100)  and  (111)  GaAs,  and  amorphous  quartz.  In  agreement  with  thermolysis 
results,  amorphous  GaN  was  grown  at  250  with  compound  2.  Epitaxial  growth  of  GaN  on 
(0001)  sapphire  was  observed  at  higher  deposition  temperatures.  Film  growth  at  600  with  3 
was  observed  by  scanning  electron  microscopy  but  no  discernible  x-ray  diffraction  pattern  was 
obtained. 

The  crystalline  quality  of  the  films  deposited  in  the  Analysis  Reactor  was  poor  relative  to  the 
films  grown  in  the  CBE  reactor.  However,  no  attempt  was  made  to  optimize  deposition 
conditions  in  the  Analysis  Reactor.  XPS  results  are  summarized  in  Figures  1-4. 

DISCUSSION 

The  GaN  and  AIN  films  deposited  with  1,  2,  and  3  in  the  Analysis  reactor  and  the  GaN 
standard  had  a  surface  contamination  layer  consisting  primarily  of  carbon  and  oxygen.  The 
surface  of  the  films  were  cleaned  by  sputter  etching  with  argon  for  30  minutes.  A  reduction  in 
both  carbon  and  oxygen  is  observed  after  etching  of  the  film  surface.  However,  sputter  etching 
of  the  nitride  films  resulted  in  preferential  removal  of  nitrogen  as  evidenced  by  a  marked 
decrease  in  N(ls)  signal  intensity  making  quantitative  assessment  of  the  nitride  films  difficult 

(Fig.  1). 

The  as  deposited  GaN  films  grown  with  1  and  2  had  a  Ga  3d  binding  energy  of  19.9  eV. 
After  a  3  hour  air  exposure  of  a  GaN  film  grown  with  1,  the  Ga/0  ratio  decreased  from  1.0  to 
0.69  and  the  maxima  of  the  Ga  3d  spectra  shifted  to  a  higher  binding  energy  20.2  eV  (Fig.  2  and 
3)  implicative  of  Ga203  formation  on  the  surface.  Sputter  etching  of  the  GaN  films  grown  with 

1  and  2  shifted  the  maxima  of  the  Ga  3d  peak  to  lower  binding  energy  of  18.7  eV  (Fig.  2) 
suggesting  the  formation  of  metallic  gallium.  Only  a  small  0,1  eV  shift  from  19.6  to  19.5  eV  was 
observed  in  the  Ga  3d  peak  after  sputtering  the  GaN  standard.  The  GaN  films  appear  to 
decompose  during  sputter  etching  with  loss  of  nitrogen  and  formation  of  metallic  Ga.  The 
resultant  films  are  composed  of  metallic  Ga  and  GaN  (Fig.  3).  This  degradation  of  GaN  film 
quality  during  sputter  etching  has  been  previously  observed.'^ 

The  as  deposited  GaN  films  grown  with  1  and  2  had  a  Ga/N  peak  area  ratio  of  1.0  and  2.0, 
respectively.  The  as  deposited  GaN  standard  had  a  Ga/N  peak  area  ratio  of  0.40.  After  sputter 
etching  and  loss  of  nitrogen,  the  Ga/N  ratio  of  the  GaN  standard  doubled  to  0.80  as  did  the  Ga/N 
ratio  of  the  GaN  films  grown  with  1  and  2  to  -1.8  and  2.5,  respectively.  The  nitrogen  present  in 
the  GaN  films  grown  with  1  and  2  and  in  the  GaN  standard  is  bound  as  the  nitride  (Fig.  4).  A 
small  shift  from  397.3  to  396.9  eV  is  observed  in  the  N(ls)  binding  energy  after  sputtering  (Fig. 
2).  In  literature,  the  N(ls)  binding  energy  on  silicon  surfaces  is  397.4-397.7  and  is  396.6  eV  on 
metal  surfaces.®  The  shift  to  lower  binding  energy  observed  for  the  GaN  films  grown  with  1  and 

2  is  eonsist  with  the  formation  of  metallic  Ga  after  sputtering. 
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Figure  1.)  N  Is  X-ray  photoelectron  spectra  from  GaN  standard  after  sputtering  and  GaN  films 
grown  with  1  as  deposited,  after  3  h  air  exposure  and  after  sputtering  Figure  2.)  Ga  3d  X-ray 
photoelectron  spectra  from  GaN  standard  after  sputtering  and  GaN  films  grown  with  1  as 
deposited,  after  3  h  air  exposure  and  after  sputtering. 


3.)  4.) 


Figure  3.)  Comparison  of  Ga  3d  spectra  from  GaN  films  grown  with  (a)  1  and  (b)  2  after 
sputtering.  Figure  4.)  Comparison  of  N  Is  spectra  from  GaN  films  grown  with  (a)  1,  (b)  2,  and 
(c)  3  after  sputtering. 
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The  XPS  results  for  AIN  film  growth  with  compound  3  differs  from  the  GaN  results.  The  as 
deposited  films  grown  with  compound  3  contain  relatively  large  amounts  of  aluminum  (45.5%), 
carbon  (21.6%),  and  oxygen  (17.8%)  relative  to  nitrogen  (15.1  %).  In  contrast  to  the  GaN  films, 
sputter  etching  improved  the  A1  (60.5%)  to  nitrogen  (24.1  %)  ratio.  A  reduction  in  carbon  to 
12.6%  and  oxygen  to  2.7%  was  observed  as  well.  After  sputter  etching,  a  small  shift  (0.2  eV) 
from  396.5  to  396.7  eV  to  higher  binding  energy  in  the  N(ls)  spectrum  is  observed  indicative  of 
the  improved  Al/N  ratio. 


Figure  5.)  A1  2p  spectra  from  AIN  film  grown  with  3  after  sputtering. 

The  A1  2p  peak  at  73.6  eV  (Fig.  5)  is  a  mixture  of  AIN  (74.1)  eV^  and  aluminum  carbide  or 
methyl  aluminum  at  (73.4).  The  binding  energies  for  these  two  types  of  carbon  (methyl  or 
carbide)  bound  to  aluminum  are  known  to  be  nearly  identical.  The  C  (Is)  peak  at  281.7  eV 
attributed  to  aluminum  carbide,  because  the  carbon  binding  energy  is  observed  at  a  lower  binding 
energy  than  methyl  carbon  bonded  to  aluminum  at  283.4  eV  or  bulk  carbon  at  285  eV.'O 

CONCLUSIONS 

In  summary,  a  new  class  of  GaN  and  AIN  single-source  precursors  has  been  developed 
which  feature  labile  amido  leaving  groups  and  an  azide  nitrogen  delivering  moiety.  These 
precursors  were  successfully  used  to  deposit  GaN  and  AIN  films  in  a  CBE  reactor  and  by  low 
pressure  MOCVD. 
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ABSTRACT 

The  surface  chemistry  of  Triallylamine  (TAA),  (C3H5)3N  on  Si(lll)  has  been  studied  by 
adsorption  under  UHV  conditions  and  in-situ  characterization.  High  Resolution  Electron  Energy 
Loss  Spectroscopy  (HREELS)  yields  the  spectrum  of  vibration  modes  at  the  surface,  and  X-ray 
Photoelectron  Spectroscopy  (XPS)  yields  the  chemical  bonding  and  the  partial  concentration  of 
the  different  adsorbates  in  the  near  surface  region.  The  tertiary  amine  TAA  physisorbs  at  RT 
without  dissociation.  Successive  annealing  steps  of  the  physisorbed  phase  induce  the  dissociation 
of  the  amine  at  400  °C.  At  higher  temperatures  the  allyl  groups  are  partially  desorbed  and  the  rest 
fully  dissociated  at  600  °C,  where  the  hydrogen  leaves  the  surface  and  the  nitrogen  and  carbon 
start  to  diffuse  into  the  Si  substrate.  A  very  similar  behaviour  is  observed  for  the  adsorption  of 
TAA  on  a  heated  Si  substrate.  The  coadsorption  with  Triethylgallium  (TEG)  in  the  temperature 
range  500-800  °C  does  not  induce  significant  changes  in  the  reaction  at  the  Si  surface.  A 
negligible  quantity  of  Ga  is  detected  at  the  surface  after  codeposition  in  the  whole  investigated 
temperature  range.  The  growth  of  a  GaN  phase  has  not  been  observed,  neither  on  Si(l  1 1)  nor  on 
Al203(0001)  substrates. 

INTRODUCTION 

The  growth  of  Ill-Nitride  semiconductor  materials  represents  a  difficult  task,  as  compared 
with  the  other  III-V  compounds,  due  to  the  poor  efficiency  in  the  incorporation  of  N.  In  fact,  the 
high  equilibrium  vapor  pressure  of  nitrogen  requires  either  the  use  of  a  large  throughput  and  high 
substrate  temperatures  for  the  thermal  dissociation  of  ammonia,  as  in  MOCVD  growth  processes, 
or  a  plasma  generation  to  get  highly  reactive  N,  as  in  ECR-  or  RF-pIasma  assisted  MBE.  In  the 
latter  growth  processes,  especially  in  ECR  sources  energetic  ions  are  created  which  degrade  the 
material  quality  by  introducing  point  defects.  A  further  intrinsic  disadvantage  in  the  MOCVD 
growth  of  nitrides  is  the  large  H  background  pressure  during  growth,  which  has  been  shown  to 
passivate  Mg  acceptor  dopants. 

Reduced  substrate  temperatures,  a  hydrogen  free  process,  impinging  molecules  of  thermal 
energy  together  with  the  possibility  for  selective  growth  could  be  achieved  by  MOMBE  if  new 
precursors  can  be  identified  as  replacement  for  the  more  stable  NH3.  The  substitution  of  organic 
radicals  for  each  hydrogen  in  the  ammonia  results  in  the  formation  of  amines,  whose  stability 
decreases  by  increasing  the  number  of  replaced  H,  from  primary  (RNH2)  down  to  tertiary  (R3N) 
amines.  A  further  important  point  is  the  stability  of  the  attached  organic  rests,  after  the  N-R  bond 
has  been  broken;  favourable  for  a  carbon  free  nitride  layer  growth  is  that  the  R  complexes 
possibly  leave  the  surface  without  further  dissociation,  i.e.  they  should  be  stable  at  typical  growth 
temperatures. 
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Triallylamine  is  a  tertiary  amine  and  the  allyl  radical  which  is  formed  after  dissociation 
from  the  N  atom  is  more  stable  than  e.g.  alkyl  radicals  with  single  C  bonds.  Each  carbon  in  the 
allyl  radical  CH2=CH-CH2  is  sp^  hybridized,  giving  rise  to  a-bonds  with  each  neighbor  atom;  the 
remaining  three  p  electrons  contribute  to  a  'one  and  a  half  7i-bond  among  the  C  atoms 
(mesomery  or  delocalized  C=C  bond).  TAA  has  been  successfully  employed  in  MOCVD  for  the 
doping  of  II- VI  semiconductors  [1]. 

In  a  MOMBE  process,  due  to  the  reduced  gas  pressures  as  compared  with  MOCVD,  the 
reactions  among  the  different  precursors  take  place  at  the  substrate  surface  rather  than  in  the  gas 
phase.  Surface  analysis  methods  are  therefore  particularly  suited  to  follow  the 
reaction/dissociation  paths  and  the  incorporation  at  the  growing  surface.  After  each  deposition 
step,  in-situ  High  Resolution  Electron  Energy  Loss  Spectroscopy  (HREELS)  yields  the  spectrum 
of  vibration  modes  at  the  surface  and  X-ray  Photoelectron  Spectroscopy  (XPS)  the  chemical 
bonding  and  the  partial  concentration  of  the  different  adsorbates  in  the  near  surface  region.  Due  to 
its  conductive  properties  and  the  absence  of  any  spectral  feature  in  the  infra-red  region,  a  silicon 
substrate  has  been  chosen  for  the  adsorption  experiments.  The  insulating  sapphire  has  been 
investigated  at  the  end  of  this  study  to  verify  the  potential  of  TAA  as  a  precursor  in  the  GaN 
growth,  which  is  known  to  give  the  best  results  on  this  substrate  so  far. 

EXPERIMENTAL 

The  experiments  were  carried  out  in  a  three-unit  UHV  system,  equipped  with  a  deposition 
and  two  analysis  chambers  [2],  The  gases  (TAA  and  TEG)  were  introduced  into  the  deposition 
unit  through  separated  Baratron  controlled  gas  lines.  The  HREELS  spectra  are  all  measured 
under  reflection  geometry  (dipole  scattering  regime)  with  a  primary  beam  energy  E=5  eV,  an 
incidence  angle  0=60°  and  a  resolution  (FWHM)  of  3  meV  for  the  electron  beam  in  the 
spectrometer.  For  the  XPS  analysis  monochromatized  Al-K«  radiation  (hv=1486.6  eV)  was  used 
with  different  pass  energies  corresponding  to  overall  resolutions  of  1.6,  0.56  and  0.42  eV,  chosen 
depending  on  the  intensity  of  the  different  measured  core  levels.  The  Si(lll)  substrates  were 
prepared  in-situ  by  annealing  at  820  °C  for  15  minutes  giving  a  (7x7)  surface  reconstruction  as 
confirmed  by  Low  Energy  Electron  Diffraction  and  HREELS. 

TAA  ADSORPTION  ON  Si(l  1 1) 

Fig.  1  shows  the  HREEL  spectrum  after  1  minute  exposure  to  triallylamine.  Two  main  spectral 
regions  are  identified.  The  stretching  bands  of  CHx  complexes  at  2700-3300  cm'*  and  a  broad 
band  between  900  and  1500  cm'*.  On  both  sides  of  this  latter  region  at  750  cm'*  and  at  1650  cm'* 
two  small  structures  are  also  observed.  For  comparison  the  IR  absorption  spectrum  of  TAA  is 
superimposed  as  a  shaded  area  [3]  and  an  overall  good  agreement  is  found,  which  gives  evidence 
of  molecular  adsorption  at  RT.  Assignements  for  each  of  the  single  bands  are  also  given  in  the 
figure.  A  few  points  should  be  mentioned  which  are  as  follows.  The  presence  of  the  broad  band 
on  the  lower  energy  side  is  a  fingerprint  of  the  molecular  adsorption  of  TAA.  The  shoulder  at 
2800  is  due  to  a  >CH  stretching  mode  under  the  assumption  that  this  group  is  bonded  to  N-CH2 
and  therefore  reveals  the  presence  of  the  N-allyl  bond.  The  stretching  mode  at  1650  cm'*  (v  C=C) 
is  a  hint  for  the  existence  of  the  allyl  group.  The  vibration  at  750  cm'*  corresponds  to  the  Si-C 
stretching  mode. 
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FIG.  1  -  HREEL  spectrum  (continuous 
line)  measured  after  the  adsorption  of 
TAA  on  Si(lll)  at  RT  (1  minute, 
I>rAA=2.5  10'*  Torr).  The  IR  absorption 
spectrum  (shaded)  is  reported  for 
comparison  and  the  assignement  of  the 
principal  vibration  modes  is  also 
indicated,  (v:  stretching  mode;  p: 
rotation  mode;  r,ct>:  twisting  mode,  6: 
scissor  mode). 


The  core  level  XPS  (not  reported)  also  confirm  the  molecular  physisorption  of  TAA  on  Si(l  1 1)  at 

RT.  The  N-ls  experimental  spectrum  is  fitted  with  just 
one  component  at  399.7  eV  which 

0  50  ,00  «0  «,  corresponds  to  the  bonding  of  nitrogen  in  organic 

compounds;  the  C-ls  core  level  shows  a  two  component 
structure  at  284.9  eV  and  286.2  eV  assigned  to  the  C-C 
and  C-N  bonds,  respectively. 

I  After  RT  adsorption  the  thermally  induced  dissociation 
of  TAA  has  been  studied  by  successive  annealing  and 
characterization  cycles.  Fig.  2  shows  the  HREEL  spectra 
measured  at  RT  after  each  annealing  step.  Up  to  300  °C 
the  main  loss  features  characterizing  the  TAA  molecular 
physisorption  are  retained.  The  Si-C  stretching  mode  at 
750  cm*  gains  intensity  which  shows  that  N-allyl  bonds 
are  increasingly  broken  and  the  allyl  radicals  chemisorb  at 
the  Si  surface.  At  400  °C  the  fingerprint  loss  region  for 
molecular  TAA  adsorption  is  no  more  recognized  and  also 
the  typical  shoulder  on  the  low  energy  loss  side  of  the 
CHx  band  is  missing.  Partial  dissociation  together  with 
desorption  of  the  allyl  groups  are  observed:  elemental 
hydrogen  remains  at  the  surface  (v  Si-H  at  2100  cm**)  and 
the  overall  intensity  of  the  loss  spectrum  decreases  as  is 
seen  from  the  increasing  magnification  factor.  The  spectra 
are  all  normalized  to  the  elastic  peak  intensity  at  zero 
ENERGY  LOSS  energy  loss  (not  shown).  At  500  "C  the  trend  to 

desorption  and  further  dissociation  of  the  allyl  groups 


FIG.  2  -  Normalized  HREEL  spectra 
measured  after  the  adsorption  of  TAA  on 
Si(lll)  at  RT  and  after  successive 
annealing  steps  (5  min)  at  the  indicated 
temperature. 


continues  and  at  600  °C  the  surface  is  nearly  free  of 
hydrogen  and  carbon  hydrides.  The  evolution  of  the  Si-C 
stretching  band  with  its  shift  towards  higher  loss  energies 
is  a  hint  for  carbon  diffusing  into  the  Si  substrate  at 
increasing  temperatures.  In  fact,  the  only  structure  that  is 


left  at  800  °C  shows  an  energy  loss  very  close  to  that  of 
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the  Fuchs  Kliewer  phonon  vibration  in  SiC.  The  HREEL  spectra  do  not  give  information  about 
the  nitrogen  at  the  highest  annealing  temperatures,  since  no  further  losses  can  be  identified,  once 
the  TAA  molecule  is  broken  or  it  happens  to  be  superimposed  to  the  Si-C  mode.  It  will  be  shown 
in  the  following  that  XPS  reveals,  even  if  in  very  small  quantity,  N  incorporation  with  the 
formation  of  a  Si^Ci-xN^  matrix  at  800  °C. 

After  having  studied  the  thermally  induced  dissociation  of  TAA,  adsorbed  on  Si(lll)  at 
room  temperature,  deposition  of  the  triallylamine  on  the  substrate  held  at  elevated  temperatures 
has  been  performed.  The  deposition  time  amounts  to  5  minutes  and  the  amine  pressure  is 
pTAA=2.5xl0‘®  Torr.  Each  deposition  is  performed  on  a  freshly  prepared  Si  surface  and  the 
temperature  range  500-800  °C  is  chosen  to  be  of  interest  for  a  nitride  growth  process.  The 
HREEL  spectra  measured  after  each  deposition  resemble  those  reported  in  Fig.  2  at  the 
corresponding  temperature,  showing  that  the  gas  molecules  arriving  at  the  heated  substrate  first 
adsorb  and  then  dissociate,  by  following  the  same  path  as  before. 


FIG.  3  -  Core  level  pliotoelectron  spectra  measured  after  the  adsorption  of  TAA  on  Si(lll)  heated  at  the 
indicated  temperature  (circles).  The  adsorption  time  is  5  min  and  prAA=2.5xl0‘*  Torr.  The  left  panel  shows  the 
N-ls  and  the  right  one  tlie  C-ls  core  level  excitation.  The  single  components  and  the  model  spectra  resulting 
from  the  fitting  procedure  are  indicated  as  continuous  lines. 


Fig.  3  shows  the  N-ls  and  C-ls  core  level  spectra  measured  by  XPS  after  each  deposition. 
Relative  intensities  have  to  be  considered  only  within  one  core  level  series  and  not  between 
different  core  levels.  At  increasing  deposition  temperatures,  the  relative  amount  of  N  and  C 
deposited  at  the  surface  increases.  Up  to  700  °C  the  N-ls  core  level  shows  a  component  at  about 
398  eV  binding  energy  which  is  attributed  to  the  N-Si  chemical  bond  and  its  shift  to  higher 
binding  energy  at  increasing  temperature  is  a  sign  of  N  diffusing  into  the  Si  matrix  [4].  The  new 
component  at  400.3  eV  appearing  at  800  °C  corresponds  to  the  N-C  bonding  state.  The  C-ls  core 
level  shows  a  similar  developement  with  the  deposition  temperature.  The  component  at  the  lower 
binding  energy  corresponds  to  the  Si-C  bond,  it  shifts  towards  higher  energies  with  increasing 
temperatures  up  to  284.2  eV  at  800  °C.  A  similar  shift  has  been  observed  in  amorphous  Sii.xCx  at 
increasing  carbon  concentration  [5].  The  N-ls  component  developing  at  higher  binding  energy, 
285.7  eV  at  800  °C,  is  attributed  to  the  N-C  bonding  state. 

Both  core  level  spectra  in  Fig.  3  indicate  the  tendency  of  nitrogen  and  carbon  incorporation 
in  the  Si  substrate  with  increasing  temperature.  The  relative  concentrations  calculated  from  the 
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XPS  core  level  intensities  show  the  formation  of  a  SiC  like  phase  with  about  5%  of  N  at  800  °C. 
These  concentrations  are  determined  within  the  photoelectron  escape  depth  which  is  about  20  A. 
It  should  be  mentioned  that  the  XPS  spectra  measured  during  the  thermally  induced  dissociation 
of  TAA  at  the  Si  surface  give  one  and  the  same  picture. 

The  results  discussed  so  far  show  that  triallylamine  is  easily  dissociated  at  the  Si(lll) 
surface  heated  to  typical  growth  temperatures  between  500  and  800  °C.  However,  on  Si  the 
carbon  incorporation  is  very  high  and  a  C:N  intensity  ratio  of  11:1  is  calculated  from  the  XPS 
results.  This  value  is  very  close  to  the  one  in  the  molecule,  9:1,  suggesting  that  TAA  completely 
dissociates  so  that  the  allyl  groups  do  not  effectively  desorb.  This  is  not  surprising  by  considering 
the  relatively  high  bond  strengths  of  C-Si  and  N-Si,  104  and  105  kcal  mof',  respectively,  as 
compared  with  typical  carbon  hydrides  bonds,  e.g.  1 04  kcal  mol  *  for  the  dissociation  of  the  first 
C-H  bond  in  CH4.  This  means  that  substrate  materials  other  than  Si  have  to  be  considered  in 
order  to  verify  the  potential  of  TAA  for  nitride  growth.  Before  addressing  this  point  the  surface 
reaction  after  the  codeposition  of  triallylamine  and  triethylgallium  on  Si(l  1 1)  has  been  studied. 

TAA/TEG  CODEPOSITION  ON  Si(l  1 1) 


Triethylgallium,  (C2H5)3Ga,  is  the  typical  gallium  source  used  in  III-V  growth  processes  by 
MOMBE.  In  this  experiment,  TEG  and  TAA  are  deposited  on  a  heated  Si(lll)  surface  in  the 
temperature  range  500-800  ”C.  The  reported  results  are  obtained  with  a  partial  pressure  ratio 
Ptaa:Pteg  =  5x10'*  :  5x10"^  Torr  =  10:1;  no  significant  difference  has  been  observed  by  applying 
other  ratios  in  the  range  from  1 : 1  up  to  100: 1 . 


TEMPERATURE  ('C) 


FIG.  4  -  (a)  Ga-2p3/2  core  level  excitation  spectra  measured  after  the  codeposition  of  TAA  and  TEG  on  Si(l  1 1)  at 
the  indicated  temperatures.  The  single  components  resulting  from  the  fitting  procedure  are  given  as  continuous 
lines.  Relative  concentrations  ,  within  the  photoelectron  escape  depth,  X~20A,  as  calculated  from  tlie  XPS  core 
level  intensities  for  (b)  silicon  and  carbon,  (c)  nitrogen  and  gallium. 


The  HREEL  spectra  and  the  XPS  N- Is  and  C-ls  core  level  spectra,  not  reported  for  space 
reasons,  resemble  in  their  behavior  those  observed  in  the  previous  section  (Fig.  2  and  Fig.  3).  The 
presence  of  TEG  does  not  induce  significant  differences  with  respect  to  the  adsorption  picture  for 
TAA,  and  it  is  this  latter  which  predominantly  contributes  to  the  measured  spectral  features.  Fig. 
4  shows  the  Ga-2p3/2  core  level  excitation  together  with  the  relative  concentrations  of  the  different 
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chemical  species  involved,  as  determined  by  the  XPS  core  level  intensity.  The  binding  energy  of 
1118  eV  at  500  °C  agrees  with  the  literature  data  for  TEG  on  Si  [6];  a  maximum  in  intensity  is 
revealed  at  600  ®C.  However  the  relative  concentration  of  Ga  in  the  near  surface  region  is  almost 
negligible  in  the  whole  temperature  range,  Fig.4c.  The  codeposition  experiment  results  in  the 
formation  of  a  SiC  like  phase  (Fig.  4b)  containing  a  small  percent  of  nitrogen  ,  as  in  the  case  of 
only  TAA  deposition. 

A  possible  explanation  for  the  negligible  sticking  coefficient  of  TEG  in  this  experiment  is 
that  the  Si  surface  is  nearly  saturated  with  carbon  atoms  and  complexes  and  no  sites  are  available 
for  the  adsorption  of  Ga,  leaving  TEG  mostly  in  the  gas  phase.  No  trace  of  GaN  formation  has 
been  revealed  in  the  investigated  temperature  range,  even  at  600  °C  where  TEG  is  known  to 
dissociate  at  the  surface  and  still  has  a  desorption  rate  low  enough  to  allow  growth  of  III-V 
compounds  in  a  MOMBE  process  [7]. 

CONCLUSIONS 

It  might  be  possible  that  the  Si  substrate  chosen  for  the  study  of  the  surface  reaction  is  not  the 
best  choice  for  the  growth  of  nitride  phases  by  the  used  source  materials.  In  fact  it  is  known  that 
mask  materials  like  SiNx  are  not  able  to  catalyze  the  metal  alkyl  source  and  for  this  reason  allow 
selective  growth  in  MOMBE.  Many  codeposition  runs  with  TAA  and  TEG  have  therefore  been 
performed  in  the  temperature  range  600-800  ®C  on  Al203(0001)  substrates,  which  is  known  to  be 
the  best  substrate  for  GaN  growth  so  far.  However  even  on  this  substrate  we  did  not  succeed  in 
growing  GaN  with  TEG  and  TAA  sources  and  the  substrate  remained  completely  free  of  any 
adsorbate,  independent  of  the  chosen  growth  parameters.  A  steric  effect  might  be  the  cause  of  the 
observed  lack  of  adsorption  and  growth;  furthermore  the  formation  of  C=N  bonds  during  the 
dissociation  of  these  amines  might  not  be  excluded.  It  should  be  mentioned,  in  conclusion,  that  to 
our  knowledge  the  only  gas  processes  which  successfully  showed  the  growth  of  GaN  either  use 
atomic  Ga  in  combination  with  e.g.  ammonia  [8]  or  TEG  with  activated  nitrogen  [9].  In  the  first 
case  the  presence  of  Ga  at  the  surface  catalyzes  the  dissociation  of  NHs,  whereas  in  the  other  case 
enough  reactive  nitrogen  is  provided  by  the  plasma  source,  which  catalyzes  the  dissociation  of  the 
alkyl  metal. 
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ABSTRACT 

Gas  phase  reactions  between  trimethylgalhum  (TMG)  and  ammonia  were  studied  at  high 
temperatures,  characteristic  to  MOCVD  of  GaN  reactors,  by  means  of  insitu  mass  spectroscopy  in 
a  flow  tube  reactor.  It  is  shown,  that  a  very  fast  adduct  formation  followed  by  elimination  of 
methane  occurs.  The  decomposition  of  TMG  and  the  adduct  -  derived  compounds  are  both  first 
order  and  have  similar  apparent  activation  energy.  The  pre-exponential  factor  of  the  adduct 
decomposition  is  smaller,  and  hence  is  responsible  for  the  higher  full  decomposition  temperature 
of  the  adduct  relative  to  that  of  TMG. 

INTRODUCTION 

The  emergence  of  metal  organic  vapor  phase  epitaxy  (MOVPE)  as  the  major  technique  for 
the  growth  of  GaN  for  device  structuresfl],  has  resulted  in  an  increased  activity  in  understanding 
the  growth  process.  The  growth  of  device-quality  GaN  is  complicated  by  gas  phase  interactions 
between  trimethylgallium  (TMG  or  (CHsjsGa)  and  ammonia,  NH3.  These  interactions  can  lead 
to  changes  in  the  nature,  or  the  gas  phase  depletion  of  growth  nutrients,  leading  to  a  degradation 
in  the  growth  uniformity,  quality  and  efficiency [2].  The  main  gas  phase  reaction  is  a  strong  adduct 
formation  between  NH3  and  TMG[3].  In  this  study,  we  have  directly  monitored  this  gas  phase 
reaction  in  order  to  better  understand  its  impact  on  the  growth  process.  The  reactions  have  been 
monitored  over  the  temperature  range  of  200-800°C  which  is  typically  encountered  in  the  gas 
phase  environment  of  the  MOVPE  reactor,  as  the  growth  nutrients  are  transported  to  the  growth 
front. 

The  gas  phase  reactions  of  both  TMG  and  NH3,  individually,  are  relatively  understood. 
The  decomposition  temperature  of  TMG  was  found  to  be  370  -  500°C[4,5,6,7]  under  most 
experimental  conditions.  It  is  decomposed  in  stepwise  first  order  reactions,  where  at  each  step  one 
CHs-Ga  bond  is  broken.  The  reaction  products  are  dependent  on  the  ambient  gas,  but  it  is  agreed, 
however,  in  all  studies,  that  methane  is  the  main  product  released  in  the  decomposition.  The 
apparent  activation  energy  measured  for  the  first  methyl  group  is  -58-60  kcal/mol  and  35.4 
kcal/mol  for  the  second[4].  Under  similar  conditions  of  temperature,  ammonia  is  quite  stable.  The 
gas  phase  decomposition  of  NH3  is  generally  second  order  with  a  high  activation  energy  [8]. 

At  low  temperatures,  a  Lewis  acid  -  Lewis  base  interactions  between  TMG  (electron 
acceptor)  and  NH3  (electron  donor)  can  form  the  intermediate  adduct  compound, 
Trimethylgalliummonamine  [TMG:NH3][3]; 

( 1 )  ( CH^ )3Gfl  +  NHj  <=>  ( C//3 )^Ga\NH^ 

The  structure  and  thermodynamic  of  this  adduct  at  low  temperature  have  been  intensely 
studied[9,10,l  1].  It  has  a  moderate  melting  point  of  31°C  and  has  a  low  vapor  pressure  of  about  1 
Torr  at  room  temperature.  The  strength  of  the  Ga-N  coordination  bond  was  estimated  to  be  21 
kcal/mol  [12].  Recent  studies[13]  show  that  above  90°C  one  methane  molecule  per  one  Ga  atom 
is  eliminated,  and  a  six  member  ring  Cyclo(triammido-hexamethyltrigallium)  [(CH3)2Ga:NH2]3  is 
formed  in  the  reaction: 
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(2)  ?,{{CH^)o,Ga-.NH2)=^  {{CH-^)2Ga:NH2\  +  ?>CH^ . 

This  overall  reaction  has  been  suggested  to  proceed  in  two  steps.  The  first  step  is  the  hydrogen- 
elimination  reaction  with  the  subsequent  release  of  a  CH4[12].  The  second  step  is  the 
oligimerization  of  this  specie  into  the  three  member  ring. 

(3)  (C//3)3Gfl: =»  {CH2,)2Ga\NH2  +  C//4 

(4)  3{(CH^)2Ga-.NH2)=^[(CH-i).iGa-.NH2\ 

The  estimated  energy  required  for  the  elimination  process  is  49  kcal/mol  [12]. 

The  gas  phase  reaction  between  (CH3)3Ga  and  NH3  at  elevated  temperatures, 
characteristic  of  MOVPE  growth  environments  (~200®C-1100°C)  is  still  not  understood.  The 
actual  significance  of  adduct  formation  at  these  higher  process  temperatures  has  not  been 
determined,  despite  the  potential  impact  it  may  have  on  reactor  modeling  and  optimization  and  on 
process  design. 

EXPERIMENT 

We  studied  the  high  temperature  gas  phase  reactions  between  TMG  and  NH3  by  means  of 
in  situ  mass  spectrometry  within  a  flow  tube  isothermal  reactor  [15],  shown  in  fig.  1.  The  gas 
phase  decomposition  of  TMG,  NH3,  and  the  combined  TMG-NH3  systems  in  H2  and  D2  were 
studied  over  the  temperature  range  of  200-800°C.  A  two  temperature  zone  reaction  furnace  was 
used.  This  reactor  circumvents  any  premature  decomposition  of  the  TMG  prior  to  mixing  and 
reaction  with  the  NH3,  and  avoids  any  unintentional  adduct  formation  at  room  temperature.  The 
two  primary  reactants,  TMG  and  NH3,  were  allowed  to  mix  in  the  first  hot  zone  of  the  reactor, 
that  was  kept  in  150*^0.  This  adduct  and  its  initial  reaction  products  are  transported  to  the  second 


Figure  1:  Schematic  of  the  experimental  system 

temperature  zone  were  they  undergo  decomposition.  The  reacted  stream  was  sampled  from  within 
the  hot  isothermal  regions  of  the  reactor  through  ~75  pm  diameter  quartz  nozzle.  The  gas  was 
further  expanded  in  molecular  flow  and  sampled  by  a  residual  gas  analyzer  (RGA).  The  inlet  gas 
stream  always  contained  0.5%  of  Ar  during  all  experiments,  to  allow  for  data  normalization  and 
to  avoid  gas  expansion  artifacts.  Data  were  obtained  as  function  of  temperature  through  the 
continuous  ramping  of  the  reactor  temperature.  The  TMG  mole  fraction  in  the  inlet  of  the  reactor 
was  0.015  -  0.05.  Measurements  of  the  co-pyrolysis  of  TMG  and  ammonia  utilized  both  NH3,  as 
well  as  deuterated  ammonia  (ND3),  in  order  to  label  the  products  and  to  distinguish  between 
possible  reaction  pathways.  All  experiments  were  done  at  a  pressure  of  76  Torr.  Peaks  at  m/e 
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values  of  16,  17,  20,  30,  69,  84  and  99  were  monitored  corresponding  to  molecular  fragments 
CH4,  CH3D,  ND3,  CjHe ,  Ga,  CH3Ga  and  (CH3)2Ga  respectively. 

RESULTS 

The  gas  phase  homolysis  of  TMG  in  H2  and  D2  was  carried  out  and  compared  to  previous 
FTIR  measurements  of  TMG  decomposition  in  H2  [7]  as  a  reference,  and  served  as  a  base  line  for 
understanding  the  decomposition  of  TMG  in  H2/NH3.  Since  the  electron  impact  in  the  RGA 
immediately  breaks  the  adduct  Ga-N  bond[14],  the  peaks  at  m/e  =  69,  84  and  99,  characteristic  of 
TMG  decomposition,  are  also  indicative  of  the  primary  adduct  (CH3)3Ga:NH3  and  the 
downstream  product  (CH3)2Ga:NH2.  However,  as  shown  in  fig.  2,  differences  between  the 
reaction  in  H2  and  in  H2  /  NH3  ambients  were  found  in  the  ratio  of  the  m/e  =  69  and  84  to  that  of 
m/e  =  99  peaks.  This  constant  ratio  in  the  peak  height  between  the  TMG/H2  and  TMG/H2/NH3 
cases  indicates  that  there  is  a  gas  phase  reaction  occurring,  leading  to  a  thermally  stable  product, 
presumably  an  adduct,  up  to  temperatures  of  500°C. 


Figure  2:  The  relative  peak  height  of  TMG  decomposition  in  hydrogen  and  hydrogen  / 
ammonia  ambients 

The  temperature  dependence  of  decomposition,  within  the  TMG/H2  and  TMG/H2/ND3 
systems  is  presented  in  fig.  3.  The  decomposition  of  TMG  in  H2  follows  trends  previously 
reported[4,5,6,7].  The  principal  reaction  product  is  methane,  CH4,  with  ethane,  C2H6,  being  found 
at  higher  temperatures.  For  the  second  case,  several  trends  are  readily  noted.  There  is  reaction 
between  TMG  and  ND3  resulting  in  the  elimination  of  a  single  CH3D  molecule  over  the 
temperature  range  of  200®C  to  ~500°C.  No  further  reaction,  beyond  this  initial  release  of  methane 
is  noted  until  a  temperature  of  -SOO^C.  Also  noted  is  the  decrease  in  the  TMG  (adduct)  -  derived 
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peaks  that  occurs  at  about  50"C  higher  than  the  TMG/H2  mixture.  The  full  decomposition  results 
in  the  stepwise  elimination  of  CH3D.  A  total  of  three  CH3D  per  one  TMG  molecule  are  formed  at 
high  temperatures.  In  both  cases,  the  simple  mass  balance  between  the  calibrated  peak  heights  of 
all  carbon  based  peaks  accounts  for  all  of  the  initial  carbon  in  the  form  of  CH4  and  C2H6.  Another 
important  observation  is  the  1:1  release  of  methane,  CH3D  (deuterated  methane,  m/e=17),  to 
TMG  feed  upon  mixing  TMG  and  ND3  at  high  temperature.  A  single  methane  molecule  is 
immediately  released  over  the  relatively  lower  temperature  range.  This  result  most  likely 
represents  high  temperature  adduct  formation  followed  by  very  fast  elimination  reaction,  similar 
to  that  proposed  for  the  low  temperatures  [12],  Fig.  4  shows  Arrhenius  plots  of  the  decay  of  the 
m/e=99  signal  for  both  systems,  fitted  to  first  order  reaction.  The  apparent  activation  energy  for 
the  TMG/H2  is  48.7±3  very  close  to  that  calculated  from  FTIR  measurements.  For  the  case  of 
TMG/H2/NH3  the  overall  apparent  activation  energy  for  the  elimination  of  the  last  two  methyl 
groups  is  50.5±1  kcal/mol.  This  value  is  very  close  to  the  previously  measured  for  the  homolysis 
of  TMG  in  H2. 

DISCUSSION 

While  a  complete  reaction  model  for  the  high  temperature  decomposition  of  TMGiNDi 
species  can  not  be  obtained  from  these  measurements,  several  conclusions  can  be  made 
concerning  the  gas  phase  chemistry  within  a  MOVPE  growth  environment.  The  formation  of  a 
gas  phase  adduct  occurs  at  an  extremely  high  rate  within  our  flow  tube  reactor.  The  gas  phase 
species,  presumably  TMG:ND3  adduct  follows  the  same  reaction  path  as  adducts  formed  at  lower 
temperature,  and  immediately  self-eliminates  a  CH3D  molecule  at  all  temperatures  monitored.  The 
isotopically  tagged  ND3  clearly  identifies  that  this  reaction  occurs  through  the  transfer  of  a 
deuterium  from  the  ND3  to  a  CH3  on  the  TMG.  The  formation  of  the  trimeric  cyclic  compound  is 
predicted  at  low  temperatures,  however  our  experimental  system  would  not  be  capable  of 
determining  these  high  molecular  weight  species.  This  methane-eliminated  species  is  quite  stable 


Figure  3:  Temperature  dependence  of  TMG  decomposition  in  hydrogen  and  hydrogen  / 
ammonia  ambient 
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over  the  temperature  range  of  200-500°C.  The  shift  in  decomposition  temperature,  while 
possessing  a  similar  activation  energy  to  the  TMG/H2  pyrolysis,  indicates  that  the  reduction  in  the 
value  of  the  pre-exponential  factor  in  the  kinetic  rate  expression  is  responsible  for  the  higher 
stability  of  the  adduct  compared  to  that  of  TMG.  Unlike  TMG/H2-based  pyrolysis,  we  see  very 
little  CjHe  in  the  reaction  products,  even  at  high  temperatures.  The  predominance  CH3D  and  the 
lack  of  CjHe  or  CH4  both  indicate  that  the  homolysis  of  methyl  radicals  with  their  subsequent 
reaction  with  excess  ND3  or  H2  in  the  gas  phase  is  unlikely.  The  self-elimination  of  CH3D  from 
the  initial  adduct  reaction  product,  appears  to  be  the  dominant  reaction  pathway.  Decomposition 
proceeds  until  three  CH3D  molecules  are  removed  per  initial  (CH3)3Ga  molecule.  Final 
downstream  reaction  products  have  not  been  identified  up  to  this  point. 

The  implication  of  these  studies  for  the  design  and  operation  of  MOVPE  reactors  for  GaN  growth 
is  several  fold.  In  most  or  all  MOVPE  growth  systems  operating  at  conventional  pressures  (1-760 


1 OOD/T 

Figure  4:  Arrhenius  plots  of  TMG  decomposition  in  hydrogen  and  hydrogen  / 
ammonia 

Torr),  little  (CHslsGa  exists  in  the  growth  environment  during  NH3  -  based  GaN  growth.  The 
rapid  adduct  formation  reaction,  together  with  the  immediate  release  of  a  single  methane 
molecule,  implies  that  the  dominant  gas  phase  species  within  the  reactor  is  ((CH3)2GaNH2)x.  The 
reactions  of  this  specie  in  the  gas  phase,  through  decomposition  or  further  oligimerization,  should 
be  the  principal  mechanism  by  which  the  growth  rate  and  growth  rate  uniformity  is  affected  by  the 
specific  reactor  design.  Larger  molecules,  and  eventually  particles,  will  affect  the  growth  rate 
through  differences  in  the  transport  rate  to  the  surface,  due  to  a  difference  in  diffusion  and  thermal 
diffusion  coefficients.  The  further  decomposition  of  this  species  can  be  suppressed  by  an 
appropriate  design  of  the  MOVPE  reactor.  The  reaction  kinetics  and  chemical  pathways 
determined  in  this  study  are  currently  being  used  to  provide  a  realistic  model  of  the  gas  phase 
chemistry  and  growth  rate  behavior  within  our  working  MOVPE  reactor.  Further  work  is 
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currently  in  progress,  aiming  to  understand  how  the  above  gas  phase  reactions  can  be  controlled 

to  allow  for  high  quality  growth. 
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Abstract 

The  parasitic  reactions  between  ammonia  and  commonly  used  alkyls  have  been 
studied  in  a  horizontal  OMVPE  reactor.  The  results  indicate  that  parasitic  reactions  between 
TMAl  and  NH3  is  severe,  leading  to  the  necessity  to  grow  AIN  at  low  reactor  pressure.  On 
the  other  hand,  parasitic  reactions  between  TMGa+NH^  and  TMIn+NH3  are  not  significant 
and  it  is  possible  to  grow  GaN  and  GaInN  at  any  reactor  pressure. 

Introduction 

Gas  phase  parasitic  reactions  between  group  III  and  group  V  precursors  have  been 
troublesome  in  the  development  of  OMVPE  growth  of  III-V  materials  [1-4],  especially  when 
triethyl  alkyls  are  used  as  the  group  III  precursors  at  atmospheric  pressure  for  the  growth  of 
In-containing  materials  [1-3].  The  group  III  Lewis-acid  reacts  readily  with  the  Lewis-base 
hydride  to  form  adduct  [5-6].  Usually,  the  adduct  breaks  up  when  it  passes  through  the  hot 
zone  of  the  susceptor  and  has  no  adverse  effect  on  crystal  growth.  In  some  cases,  however, 
the  adduct  undergoes  severe  elimination  reaction  to  produce  less  volatile  polymers  upstream 
of  the  susceptor  and  depletes  the  precursors  for  crystal  growth  [3,6], 

One  of  the  most  efficient  techniques  to  reduce  parasitic  reactions  (both  adduct 
formation  and  elimination  reaction)  has  been  the  use  of  low  pressure  growth,  as  was 
pioneered  by  Duchemin  et  al  [7].  Reactor  pressure  is  an  effective  parameter  because  the 
parasitic  reaction  is  a  bi-molecular  reaction.  As  the  reactor  pressure  is  reduced,  both 
reactant’s  concentrations  are  reduced.  In  addition,  the  flow  velovity  is  increased  at  low 
reactor  pressure,  leading  to  a  reduction  in  residence  time  of  the  reactants. 

In  this  paper,  the  pressure  dependence  of  GaN,  AIN,  and  GaInN  growth  efficiencies 
are  used  to  study  the  parasitic  reactions  between  the  NH3  hydride  and  trimethylgallium 
(TMGa),  trimethylaluminum  (TMAl),  and  trimethyl  indium  (TMIn).  The  results  indicate  that 
while  TMAl  reacts  strongly  with  NH3  to  deplete  reactants  when  the  reactor  pressure  is  high, 
the  reaction  between  NH3  and  other  alkyls  are  minimal,  even  at  atmospheric  pressure. 

Experimental 

The  OMVPE  growth  was  done  in  a  horizontal  quartz  reactor  with  a  rectangular  liner, 
which  is  placed  inside  a  circular  quartz  tube.  The  cross-section  of  the  rectangular  tube  is  7 
cm  wide  and  4  cm  high.  The  N  source  is  100%  ammonia  and  the  carrier  gas  is  Pd-diffused 
H2.  The  substrate  is  (OOOl)-oriented  AI2O3.  The  group  III  and  V  precursors  are  separated  in 
the  gas  manifold  and  mixed  before  they  enter  the  quartz  reactor.  The  distance  between 
reactor  entrance  and  substrate  is  about  15  cm. 

The  epilayer  thickness  was  measured  using  an  optical  interferometer.  The  light  source 
is  a  halogen  lamp  and  the  spectrum  was  detected  with  an  Inspec  IV  CCD  detector.  The 
interference  wavelength  is  used  to  calculate  the  layer  thickness.  The  results  of  the  optical 
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thickness  measurements  have  been  confirmed  by  cross-sectional  scanning  electron 
microscopy.  X-ray  measurement  was  done  using  a  QCl  double  crystal  x-ray  diffractometer 
using  a  wide  area  detector.  The  x-ray  source  is  Cu.  The  primary  crystal  is  GaAs.  The 
measured  X-ray  peaks  are  (0004)  peak  for  Wurtzite  structures. 

Results 

This  horizontal  reactor  has  been  used  to  grow  GaN  and  other  related  nitride  materials. 
The  x-ray  rocking  curve’s  FWHM  of  several  pm  thick  GaN  epilayers  varies  between  150  arc- 
sec  to  400  arc-sec.  The  electron  background  carrier  concentration  typically  is  in  the  low  10^^ 
cm'^.  The  highest  electron  mobility  is  about  600  cm^/V-sec  at  room  temperature  and  the 
bound  exciton  FWHM  at  2K  PL  measurement  is  2.4  meV.  Indium  concentration  as  high  as 
25%  has  also  been  obtained  in  this  reactor.  These  results  indicate  that  the  material  quality 
grown  using  this  reactor  is  high  and  the  observations  to  be  discussed  later  represent  what  is 
actually  happening  in  a  real  OMVPE  reactor  (rather  than  a  reactor  designed  to  do 
decomposition  study,  for  example). 

Atmospheric  growth  of  GaN  has  been  done  easily  using  TMGa  and  NH3.  Figl  shows 
the  growth  efficiency  [3]  as  a  function  growth  temperature  at  two  reactor  pressure.  The 
growth  efficiencies  show  the  typical  kinetically  limited  regime  at  low  growth  temperature  and 
the  diffusion-limited  regime  at  moderate  temperature  [8].  At  growth  temperatures  above 
1000  °C,  GaN  growth  at  atmospheric  pressure  becomes  extremely  difficult  and  no  thickness 
data  can  be  obtained.  This  is  probably  due  to  the  strong  thermal  convection  at  atmospheric 
pressure  and  high  growth  temperature.  At  a  low  growth  pressure  of  85  torr,  however,  GaN 
can  be  easily  grown  with  growth  temperature  up  to  1075  °C  (the  highest  temperature 
achievable  by  the  RF  generator)  with  high  quality.  The  slight  drop  in  growth  efficiency  at 
high  temperature  for  GaN  grown  at  85  torr  is  likely  due  to  pre-deposition  of  GaN  on  the 
reactor  wall  at  such  a  high  growth  temperature  [9]. 


Tgrc) 


Fig.l ;  Growth  efficiencies  for  GaN  as  a  function  of  growth  temperature.  The  reactor 
pressure  is  either  780  torr  or  85  torr. 
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Atmospheric  pressure  AIN  growth  has  been  attempted  at  500  °C,  600  °C,  and  700  °C. 
No  epilayer  was  grown  even  after  using  a  long  growth  time  and  high  TMAl  flow  rate.  The 
growth  efficiency  of  AIN  at  atmospheric  pressure  is  estimated  to  be  less  than  100  p.m/mole. 
This  low  level  of  unmeasurable  growth  efficiency  indicates  that  TMAl  and  NH3  might 
undergo  parasitic  reaction  at  atmospheric  pressure  to  deplete  the  reactants.  Indeed,  white 
deposits  are  observed  near  the  reactor  entrance  where  TMAl  and  NH3  are  mixed. 

The  growth  of  AIN  is  possible  only  at  low  reactor  pressure.  Fig.2  shows  the  GaN  and 
AIN  growth  efficiency  dependences  as  a  function  of  reactor  pressure.  In  the  experiments,  the 
mass  flow  rates  of  the  gases  are  fixed  and  only  the  reactor  pressure  is  changed.  This  means 
that  the  flow  velocity  and  reactant  concentrations  are  varied  as  reactor  pressure  is  varied  [10- 
11].  Reactor  pressure  dependence  of  growth  efficiency  without  parasitic  reactions  has  been 
discussed  in  the  literature  [10-12].  Using  a  boundary  layer  model,  it  has  been  predicted  that 
the  growth  efficiency  does  not  depend  on  reactor  pressure  [10-11].  This  has  been  confirmed 
experimentally  [11-12].  A  recent  calculation  using  kinetic  and  transport  modeling  for  InP 
growth  also  shows  that  the  grovrth  efficiency  is  almost  pressure  independent  [13].  For  GaN 
growth,  the  growth  efficiency  is  almost  constant  at  different  reactor  pressures,  consistent  with 
the  conclusion  that  parasitic  reaction  is  minimal  between  TMGa  and  NH3.  On  the  other  hand. 


0  200  400  600  800 

Reactor  Pressure  (torr) 

Fig.2:  Growth  efficiencies  for  GaN  and  AIN  as  a  function  of  reactor  pressure.  The 
data  points  are  experimental  results.  The  curves  are  results  from  theoretical 
calculations,  assuming  that  parasitic  reactions  cause  the  growth  efficiency  to  decrease 
at  higher  reactor  pressure.  The  growth  temperature  is  600  °C. 
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AIN  growth  efficiency  shows  a  strong  dependence  on  reactor  pressure  and  the  result  confirms 
the  conclusion  that  TMAl  and  NH3  parasitic  reaction  is  severe. 

The  parasitic  reaction  is  a  bi-molecular  process  between  group  III  and  group  V 
precursors.  In  the  case  of  AIN  growth,  the  reaction  is: 

TMAl  +  NH3  =>  polymer  ( 1 ) 

and  the  rate  equation  can  be  written  as  follows 

6[pol^er]  ^  ^  *[TMAI]*[Nm]  (2) 

where  kj  is  the  reaction  rate  constant  for  equation  (1)  and  [species]  denotes  concentration  of 
the  species.  Because  the  increase  in  polymer  concentration  is  equal  to  the  decrease  in  TMAl 
concentration  and  because  [NHj]  is  almost  constant,  equation  (2)  produces 

{TMAl\  =  EXP{-k,[A7/i]t}  (3) 

where  [TMAI\q  is  the  initial  TMAl  concentration  or  TMAl  concentration  at  p=0.  Since  [NHj] 
and  residence  time  t  are  proportional  to  reactor  pressure,  p,  equation  (3)  can  be  re-written  as 

[TMAl]  =  [7M4/]„ EXP{-  A' }  (4) 

where  po  is  related  to  reactor  geometry,  NH3  concentration,  and  reaction  rate  constant  kj. 
Since  growth  efficiency  in  the  diffusion-limited  regime  is  proportional  to  input  group  III 
concentration,  the  pressure  dependence  of  growth  efficiency  can  be  expressed  as  follows; 

G,E.  =  [G.£]„EXP{- A')  (5) 

P. 

where  G.E.  denotes  growth  efficiency  and  [G.E.Jo  is  the  growth  efficiency  when  parasitic 
reaction  is  absent. 

It  is  possible  to  use  equation  (5)  to  fit  the  experimental  data  in  Fig.2  to  get  quantitative 
values  for  the  two  parameters.  The  best  fit  is  obtained  by  using  the  following  equations  for 
GaN  and  AIN,  respectively: 


G.E.™.„  =  1400EXP{-  {^)') 

(6) 

G.E.™Ga  =  1000  EXP{-  ) 

(7) 

It  is  seen  that  the  [G.E.Jq  for  GaN  is  1000  pm/mole,  smaller  than  the  value  of  1400  pm/mole 
for  AIN.  The  reason  is  not  clear.  The  parameter  po  for  GaN  growth  is  much  larger  than  that 
for  AIN  growth.  Thus,  GaN  parasitic  reaction  is  unlikely  for  this  reactor  since  the  parameter 
Po  is  as  high  as  2100  torr.  On  the  other  hand,  AIN  parasitic  reaction  will  become  a  problem  at 
reactor  pressures  higher  than  200  torr.  In  other  words,  the  parasitic  reaction  rate  constant  kj 
for  AIN  is  approximately  100  times  faster.  This  may  seem  surprising  at  first  glance  because 
one  might  think  that  the  parasitic  reaction  is  more  severe  for  a  gallium  precursor  than  for  an 
aluminum  precursor  [6],  However,  it  has  been  reported  that  while  TEGa+AsH3  does  not 
show  parasitic  reaction,  TEAl+AsHj  does  [14]. 

It  is  worthwhile  to  note  that  the  above  results  are  reactor-specific  and  other  reactor 
geometry  may  produce  a  different  degree  of  parasitic  reactions.  For  example,  it  is  possible  to 
grow  AIN  even  in  an  atmospheric  reactor  if  the  flow  velocity  of  the  reactants  is  high  and  the 
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residence  time  is  short  [15],  However,  the  relative  ratios  of  parasitic  reaction  rates  elucidated 
in  this  paper  should  still  be  valid. 

The  parasitic  reactions  between  TMIn  and  NH3  is  harder  to  study,  It  is  well  known 
that  one  of  the  difficulties  in  growing  InN  and  GaInN  is  that  In-N  bond  is  weak  and  InN 
dissociates  easily.  Because  of  this  complication,  it  is  difficult  to  use  the  growth  temperature 
and  reactor  pressure  dependences  of  InN  growth  efficiency  and  In  incorporation  in  InGaN  to 
determine  the  parasitic  reactions  between  TMIn  and  NH3.  Thus,  one  can  only  draw 
conclusions  about  the  parasitic  reactions  between  TMIn  and  NH3  from  somewhat  limited 
experimental  results.  Fig.3  shows  the  PL  and  transmission  results  for  GaInN  grown  at 
atmospheric  pressure.  The  growth  temperature  is  700  °C  and  the  TMIn/TMGa  molar  ratio  is 
about  1 .  Both  the  PL  and  transmission  measurements  show  that  the  as-grown  GaInN  contains 
fair  amount  of  In.  The  PL  spectrum  is  distorted  by  thickness  interference  which  leads  to 
difficulty  in  determining  the  exact  peak  position.  The  left-most  peak  has  a  wavelength  438 
nm,  which  would  corresponds  to  about  26%  of  In  in  the  GaInN  solid  [16].  The  results 
suggest  that  parasitic  reaction  between  TMIn  and  NH3  is  not  severe. 
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Fig.3  Room  temperature  PL  and  transmission  for  a  GaInN  layer.  The  light  spot 
size  for  the  transmission  measurement  is  much  larger  than  the  laser  excitation 
spot  size  for  PL  measurement.  That  is  why  interference  fringes  are  observed  in 
the  PL  spectrum  and  not  in  the  transmission  spectrum. 


Replacing  TMGa  with  the  same  molar  flow  rate  of  TEGa  for  the  growth  of  GaInN 
does  not  produce  any  significant  change  in  the  In  solid  composition  in  GaInN.  Thus,  the 
parasitic  reaction  between  TEGa  and  NH3  is  also  not  severe  as  compared  to  that  between 
TMAlandNH3. 

Summary 

In  summary,  the  OMVPE  growth  efficiencies  of  GaN,  AIN  and  AlGaN  have  been 
studied  as  a  function  of  growth  temperature  and  reactor  pressure.  For  GaN  growth,  the 
growth  efficiency  is  almost  independent  of  growth  temperature  and  reactor  pressure.  This 
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indicates  that  mixing  TMGa  with  NH3  results  in  minimal  parasitic  reaction.  For  AIN  growth, 
the  growth  efficiency  decreases  at  higher  reactor  pressure.  The  results  indicate  that  TMAl 
reacts  strongly  with  NH3  to  deplete  the  reactants.  Thus,  it  is  better  to  grow  A1  containing 
nitride  materials  at  low  reactor  pressure  to  minimize  parasitic  reaction. 
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Part  II 

Molecular  Beam  Growth  Techniques 


EPITAXIAL  GROWTH  OF  GaN  FILMS  PRODUCED  BY  ECR-ASSISTED  MBE 


T.D.MOUSTAKAS 

Molecular  Beam  Epitaxy  Laboratory,  Department  of  Electrical  Engineering  and  Center 
for  Photonics  Research,  Boston  University,  Boston  ,  MA  02215 

ABSTRACT 

The  epitaxial  growth  of  wurtzite  and  zincblende  GaN  on  (0001)  sapphire  and 
(001)  Si  by  the  Electron  Cyclotron  Resonance-assited  Molecular  Beam  Epitaxy  (ECR- 
MBE)  method  is  discussed.  We  show  that  films  can  be  grown  in  the  layer-by-layer  mode 
when  growth  occurs  in  Ga-rich  regime.  Surface  roughening  mechanisms  are  addressed. 
The  similarity  of  photo  luminescence  data  of  Mg-doped  wurtzite  GaN  films  with  those  of 
undoped  zincblende  GaN  films  suggests  that  Mg  doping  facilitates  the  formation  of 
stacking  faults  in  the  wurtzite  structure  which  are  nucleation  sites  for  zincblende 
domains. 

INTRODUCTION 

The  full  exploitation  of  III-V  nitrides  for  various  opto-electronic  applications 
requires  significant  progress  in  a  number  of  science  areas.  Such  include,  for  example,  the 
study  of  heteroepitaxial  growth,  the  crystal  structure  and  microstructure,  impurity  doping, 
formation  of  defects,  alloying  phenomena  and  formation  of  homojunction  and 
heterojunction  structures. 

Some  of  these  phenomena  are  further  being  complicated  by  the  fact  that  the  III-V 
nitrides  can  exist  in  various  polymorphs.  All  three  binaries  (InN,  GaN,  AIN)  were  found 
to  exist  in  the  wurtzite  and  zincblende  structures  [1].  In  addition,  AIN  was  found  to 
transform  to  the  sodium  chloride  structure  under  high  pressure  [2].  The  evidence  suggests 
that  the  cohesive  energies  of  the  wurzite  and  zincblende  GaN  are  comparable  [3].  The 
two  structures  are  analogous  to  the  HCP  and  FCC  structures  in  their  stacking  sequences. 
Since  bulk  GaN  substrates  are  not  available,  films  must  be  grown  heteroepitaxially  on 
foreign  substrates.  The  majority  of  GaN  films  reported  have  been  grown  in  the  wurzite 
structure,  most  commonly  with  the  basal  planes  parallel  to  the  substrate.  However, 
epitaxial  stabilization  of  the  zincblende  phase  has  been  obtained  on  substrates  having 
cubic  symmetry  [1]. 

Examination  of  these  crystal  structures  by  0-20  XRD  scans  generally  indicate 
that  the  films  are  of  perfect  crystalline  quality.  However,  any  stacking  faults  along  the 
growth  direction  of  the  GaN  film  cannot  be  easily  detected  in  the  normal  0-20  scans. 

It  should  be  stressed  that  such  stacking  faults  are  very  common  defects  in  material  with 
FCC  and  HCP  structures  growing  along  the  (1 1 1)  and  (0002)  directions.  Such  stacking 
faults,  if  exist  in  the  wurzite  GaN  films,  should  give  rise  to  a  certain  amount  of  cubic 
GaN  component  with  the  (1 1 1)  planes  parallel  to  the  substrate.  Since  the  cohesive 
energies  of  the  two  structures  are  comparable  the  energy  of  formation  of  stacking  faults 
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must  be  negligible,  and  their  formation  may  be  instigated  by  many  factors  such  as  strain, 
impurities  and  various  growth  parameters  which  affect  the  kinetics  of  growth. 

The  transport,  optical  and  recombination  properties  must  also  be  influenced 
significantly  by  the  coexistence  of  the  two  phases  in  the  same  film.  This  is  because  the 
wurtzite  and  zincblende  structures  of  GaN  are  direct  bandgap  semiconductors  with  room 
temperature  energy  gaps  of  3.4  eV  and  3.2  eV  respectively  [1]. 

In  this  paper  we  review  the  epitaxial  growth  of  GaN  in  the  wutzite  and  zincblende 
structures  and  discuss  evidence  that  certain  experimetal  results  may  be  related  to  the 
coexistence  of  both  phases  in  the  same  film. 

EXPERIMENTAL  METHODS 

A.  Thin  Film  Growth 

GaN  films  were  grown  by  the  Electron  Cyclotron  Resonance  microwave-plasma 
assisted  Molecular  Beam  Epitaxy  method  (ECR-MBE).  The  deposition  system  is 
schematically  illustrated  in  Fig.  1 .  It  consists  of  a  Varian  Genii  MBE  unit  with  an  ASTeX 
compact  ECR  source  mounted  in  one  of  the  effusion  cell  ports.  The  base  pressure  of  the 
overall  system  is  10*'^  Torr.  A  reflection  high  energy  electron  diffraction  (RHEED)  setup 
is  an  integral  part  of  the  apparatus.  Conventional  Knudsen  effusion  cells  are  used  for  the 
evaporation  of  the  group  III  elements  as  well  as  the  dopants  (Si  and  Mg).  Active  nitrogen 
is  produced  by  passing  molecular  nitrogen  through  the  ECR  source  at  a  flow  rate,  which 
produces  a  downstream  pressure  of  1 0'^  to  lO''*  Torr. 


Fig.  1  Schematic  of  the  ECR-MBE  System 
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The  wurtzite  GaN  films  were  grown  on  (000 1 )  sapphire  substrates  while  the 
zincblende  GaN  films  were  grown  on  (001)  Si  substrates.  The  sapphire  substrates  were 
degreased  and  etched  in  H3P04:H2S04  (1:3)  for  the  removal  of  surface  contaminants  and 
mechanical  damage  due  to  polishing  and  finally  were  rinsed  in  de-ionized  water.  The  Si- 
substrates  were  degreased  and  etched  in  buffered  HF  and  outgased  to  800  °C  in  the  MBE 
preparation  chamber.  RHEED  studies  of  such  Si  wafer  at  400  °C  indicate  that  the  (001) 

Si  surface  is  unreconstructed  (ie.  1x1).  We  found  that  such  an  unreconstructed  surface  is 
required  fo  the  growth  of  cubic  GaN. 

B.  Design  and  Characterization  of  the  ECR  source 

The  ASTeX  ECR  source  is  designed  with  an  axial  solenoid  to  generate  the 
magnetic  field  required  for  ECR  operation.  The  design  of  this  source  promotes  efficient 
electron/gas  collisions  and  results  in  high  density  plasma  with  gas  ionization  efficiencies 
as  high  as  10%.  This  efficient  resonant  coupling  allows  the  source  to  be  stabily  operated 
with  growth  chamber  pressure  as  low  as  10’^  Torr.  Due  to  the  large  mean  free  path  of  the 
gaseous  species  at  these  low  background  pressures  (~1  m  at  10'"^  Torr),  the  growth  is 
carried  out  in  the  molecular  flow  regime  ,  where  the  transport  of  atoms  or  molecules  in 
both  thermal  beams  from  the  effusion  cells  as  well  as  the  beam  of  activated  nitrogen  from 
the  ECR  source  occurs  in  a  collisionless  manner.  This  low  collision  rate  coupled  with  the 
axial  magnetic  field  effects  on  the  charged  species  (electrons,  ions)  can  have  profound 
effect  on  the  operation  of  this  source  and  the  diffusional  behavior  of  the  charged  species. 
Generally,  the  electrons  in  the  plasma  are  well  confined  to  the  magnetic  field  lines  by 
their  Larmor  gyration  around  these  fields  lines  and  are  guided  down  the  divergence  of  the 
magnetic  field  and  charge  the  substrate  negatively.  The  ions,  on  the  other  hand,  are 
poorly  confined  due  to  their  comparatively  larger  mass,  however  they  do  reach  the 
substrate  because  of  the  coulombic  interaction  with  the  negatively  ch^ged  substrate  [4]. 
The  gain  in  ion  translational  kinetic  energy  along  the  magnetic  field  lines  can  effect  the 
kinetics  of  film  growth  by  depositing  additional  energy  in  the  surface  of  the  growing  film 
and  thus  influence  the  adatom  surface  diffusion.  If  the  ion  kinetic  energy  is  high  then 
displacement  of  bulk  atoms  becomes  important.  The  damage  threshold  of  GaN  was 
estimated  to  be  24  eV  [5]. 

Two  different  methods  have  been  developed  in  our  laboratory  to  control  the  ion 
species  arriving  at  the  substrate.  One  method  employs  an  off-axis  external  solenoid  which 
modifies  the  magnetic  field  lines  in  the  substrate  region  and  extracts  charged  species 
away  from  the  substrate  [6].  The  second  method  uses  a  flow  limiting  orifice  in  front  of 
the  ECR  source  [5].  The  exit  aperture  results  in  a  pressure  increase  in  the  discharge 
region  which  reduces  the  kinetic  energy  of  the  charged  species  through  collisional  losses 
with  the  background  gas  species.  The  ECR  plasmas  in  these  two  methods  were 
investigated  by  Langmuire  probe  measurements  and  optical  emission  spectroscopy  [5,6]. 
These  studies  clearly  indicate  that  the  relative  ion  density  at  the  substrate  decrease  with 
the  strength  of  the  magnetic  field  in  the  external  solenoid  and  with  reduction  in  the  size  of 
the  ECR  exit  aperture. 
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EXPERIMENTAL  RESULTS  AND  DISCUSSION 


A,  Growth  of  Wurtzite  GaN  Films 

GaN  films  having  the  wurzite  structure  were  grown  on  (0001)  sapphire  substrates. 
As  discussed  previously,  the  growth  on  sapphire  involves  three  steps  [3,7,8].  The  first 
step  is  the  conversion  of  the  surface  of  the  AI2O3  substrate  to  AIN  by  exposing  the 
substrate  to  an  ECR  nitrogen  plasma  at  800  °C  for  approximately  10  min.  The  exact 
mechanism  of  this  nitridation  is  not  well  understood  yet.  However,  the  thin  AIN  film  is  a 
single  crystal  with  atomically  smooth  surface  morphology  as  indicated  by  the  streakiness 
of  the  RHEED  pattern  in  Fig.  2a.  The  broadness  of  the  diffraction  lines  suggest  that  the 
AIN  film  is  very  thin  and  highly  strained.  It  is  also  very  likely  that  this  film  is  not 
continuos  but  it  consists  of  isolates  AIN  islands.  We  believe  that  the  nitridated  sapphire 
substrate  is  a  better  substrate  for  the  growth  of  GaN  because  of  the  smaller  lattice 
mismatch  between  AIN  and  GaN.  The  second  step  involves  the  deposition  of  a  thin  GaN- 
buffer  (200-300  A  thick)  at  550  °C.  This  thin  GaN  film  is  single  crystal  with  atomically 
smooth  surface  morphology  as  indicated  by  the  RHEED  pattern  of  Fig.  2b  .  The 
diffraction  lines  of  this  film  are  sharper  than  that  of  the  AIN  film.  The  third  step  involves 
the  deposition  of  the  rest  of  the  GaN  film  at  800  °C.  The  growth  during  this  step  is  close 
to  homoepitaxy.  The  RHEED  pattern  upon  the  completion  of  approximately  1  pm  thick 
film  is  shown  in  Fig,  2c  .  The  streakiness  and  sharpness  of  the  diffraction  lines  suggest 
that  the  film  has  atomically  smooth  surface  morphology  with  excellent  crystalline  quality. 


(a)  (b)  (c) 

Fig  2.  RHEED  data  (a)  after  substrate  nitridation ,  (b)  after  deposition  of 300  A  buffer, 
(c)  after  the  growth  of  1  pm  GaN film  at  800  °C. 


The  RHEED  patterns  of  the  GaN  films  were  found  to  depend  strongly  on  the 
microwave  power  in  the  ECR  discharge.  Fig  3  shows  the  RHEED  diffraction  patterns  for 
three  films  grown  at  18W,  20W  and  25 W.  This  data  indicates  that  films  grown  at 
relatively  low  microwave  power  have  atomically  smooth  surface  morphology,  while 
those  grown  at  25W  or  higher  have  a  rough  surface  morphology  (3  dimensional 
diffraction) 
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Postgrowth  SEM  studies  of  the  three  films,  discussed  in  Fig  3,  are  shown  in  Fig  4 
,and  their  surface  morphologies  are  consistent  with  the  RHEED  diffraction  data.  The 
films  grown  at  the  lowest  power  show  a  strong  columnar  morphology  consistent  with 
initial  island  growth.  The  surface  of  the  partially  connected  columns  are  atomically 
smooth,  which  leads  to  streaky  RHEED  diffraction  pattern  (Fig  3a).  The  films  grown  at 
intermediate  power  (20W)  show  no  evidence  of  columnar  morphology  and  their  surface 
morphology  appears  to  be  atomically  smooth.  On  the  contrary,  films  grovm  at  higher 
microwave  power  (25  W)  have  a  characteristic  surface  roughness.  The  Ga-flux  during  the 
grovv4h  of  the  three  films  was  the  same  and  the  growth  rate  was  about  2500  A/h.  We 
have  observed  that  if  the  Ga-flux  increases  in  proportion  to  the  power  in  the  ECR 
dischcirge  the  surface  morphology  of  the  films  remain  smooth.  Thus,  the  observed 
roughening  is  not  directly  related  to  the  power  in  the  ECR  discharge  but  is  related  to  the 
ratio  of  group  III  to  group  V  fluxes  [9]. 


(a)  (b)  (c) 

Fig.  3  RHEED  patterns  of  GaN films  grown  at  the  following  ECR  microwave  powers:  (a) 
J8W,  (b)  20W,  (c)  25W 


(a)  (b)  (c) 


Fig.  4  SEM  surface  morphology  of  the  GaN  films  discussed  in  Fig.  3 
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The  observed  surface  modification  with  the  power  in  the  ECR  discharge  shows 
the  effect  of  ion  assistance  on  the  film’s  “growth  modes”.  A  discussion  of  the  growth 
modes  can  be  found  in  a  recent  review  by  Peercy  et  al.  [10].  The  morphology  of  Fig  4a  is 
consistent  with  island  growth  (Volmer-Weber  mode),  the  morphology  of  Fig  4b  is 
consistent  with  layer  by  layer  growth  (Frant-vand  der  Merwe  mode),  and  the  morphology 
of  Fig  4c  is  consistent  with  formation  of  three  dimensional  clusters  on  a  microscopically 
thin  uniform  layer  (Stanski-Krastanov  mode). 

The  origin  of  the  observed  layer  by  layer  growth  is  not  understood  yet.  According 
to  Bauer  [1 1]  if  the  deposited  material  has  larger  surface  energy  than  the  substrate,  the 
growth  mode  will  be  three  dimensional.  More  recently  Bruinsman  and  Zangwill  [12] 
developed  a  phenomenological  analysis  based  on  continuous  elasticity  ,  which  predict 
that  in  the  presence  of  lattice  misfit  the  layer  by  layer  growth  is  never  the  equilibrium 
morphology  but  rather  is  metastable  with  respect  to  cluster  formation  on  a  thin  wetting 
layer.  Atomistic  simulations  by  Grabow  and  Gilmer  [13]  support  the  conclusion  that  layer 
by  layer  growth  is  the  ground  state  only  for  zero  misfit.  The  observation  of  a  layer  by 
layer  growth  of  GaN  on  (0001)  sapphire  is  probably  related  to  the  existence  of  the  GaN 
buffer,  which  acts  as  the  wetting  layer. 

The  observed  surface  roughening  with  the  power  in  the  discharge  may  result  from 
two  different  process.  In  one  process  the  extra  kinetic  energy  supplied  by  the  energetic 
plasma  increases  the  surface  diffusion  of  the  adatoms,  which  migrate  and  form  clusters  on 
the  top  of  other  clusters  and  thus  give  rise  to  three  dimensional  growth.  The  second 
process  involves  chemistry  Growth  in  nitrogen  rich  environments  increases  the 
nucleation  rate  due  to  the  strength  of  the  Ga-N  bond.  In  other  words,  the  Ga  atoms  will  be 
bonded  to  N  atoms  before  they  complete  their  migration  to  step  edges.  The  fact  that  we 
do  not  observe  surface  roughening  when  growth  proceeds  under  Ga-rich  conditions 
supports  the  chemical  interpretation.  Thus,  Ga-rich  conditions  appear  to  promote  step- 
flow  growth  in  which  condensing  material  must  reach  the  growth  ledges  by  surface 
diffusion  before  new  islands  nucleate;  otherwise  surface  roughening  occurs  [10]. 


2  2.S  3  3.5 

Energy  (eV) 


Fig.  5  Photoluminescence  spectra  for  a  GaN  film  grown  under  Ga-rich  conditions. 
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GaN  films  grown  under  Ga-rich  conditions  on  (0001)  sapphire  were  found  to  have 
very  high  crystalline  quality.  RHEED  studies  indicate  (2x2)  surface  reconstruction  during 
film  growth  and  the  x-ray  rocking  curve  has  a  full  width  a  half  maximum  (FWHM)  of  69 
Arcsec.  These  structural  data  are  discussed  in  another  paper  [9].  Photoluminescence 
measurements  at  77  K  in  one  such  film  is  shown  in  Fig.  5.  Recombination  occurs  at  3.48 
eV,  a  treinsition  associated  with  free  exciton,  with  a  FWHM  of  50  meV . 


R.  Growth  of  Zincblende  GaN  Films 

GaN  films  having  the  zincblende  structure  were  grown  on  both  n  and  p-type  (001) 
silicon  substrates.  As  discussed  previously  such  films  were  grown  in  two  temperature 
steps  [14,15].  More  specifically,  a  GaN  buffer  layer  about  300  -  900  A  thick  was 
deposited  at  temperature  of  400  °C,  and  found  by  RHEED  studies  to  have  the  zincblende 
structure  with  the  [001]  direction  perpendicular  to  the  substrate.  The  temperature  of  the 
substrate  was  then  raised  to  600  °C  and  the  rest  of  the  GaN  film  was  grown.  The 
zincblende  structure  of  these  films  was  confirmed  by  RHEED  and  ex-situ  XRD  and 
TEM  [16,17]. 

The  surface  morphologies  of  the  GaN  films,  grown  under  identical  conditions, 
were  found  to  be  smoother  on  n-type  rather  that  p-type  Si-substrates.  Fig  6  shows  two 
characteristic  surface  morphologies  observed  on  p-type  substrates.  The  sample  with  the 
smoother  surface  was  grown  at  lower  nitrogen  pressure.  The  surface  of  the  sample  shown 
in  Fig  6a  is  roughened  with  many  rectangular  shaped  “tiles”  oriented  along  the  [110]  and 
[1-10]  directions.  This  presumably  arises  because  the  GaN  surface  corresponding  to  these 
directions  are  more  closely  packed  that  the  (100)  and  (010)  surfaces  and  therefore  have 
lower  surface  energies.  The  size  of  these  “tiles”  reveals  the  size  of  the  domains.  The 
smoother  surface  morphology  of  the  films  grown  at  lower  pressure  is  consistent  with  ion 
assisted  increased  adatom  surface  diffusion. 


I - * 

(a)  I#"”  (b) 

Fig.  6  Surface  morphology  of  two  zincblende  GaN  films  grown  at  nitrogen  pressures  of 
(a)  1*10*'^  Torr  and  (b)  5*1 0■^ 
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From  the  data  of  Fig  6b  we  can  estimate  the  two  dimensional  nucleation  rate  and 
the  lateral  growth  rate  [3].  Let  J  be  the  nucleation  rate,  S  the  average  area  of  the  plateaus, 
h  the  height  of  the  plateaus  and  t  the  time  for  the  plateaus  to  grow,  which  is  limited  by 
nucleation  rate.  Then  we  have: 


JS 


V„ 


h  =  vt  =  -^ 

JS 


(1) 

(2) 


where  V;  and  v„  are  the  lateral  and  vertical  growth  rates  respectively.  Using  data  from  Fig, 
6h  {Js  K  \fjm,  h  »  100  A )  and  the  known  growth  rate  (v„  =  2000  A/h)  we  find  from 
Eqs  (1)  and  (2)  v/ «  100  v„  and  J  =  20  nuclei  /  (pm^*h). 

These  data  clearly  indicate  that  the  two-step  growth  method  leads  to  quasi-layer- 
by-layer  growth  with  very  small  two  dimensional  nucleation  rate  and  high  lateral  growth 
rate. 

XRD  [1 6]  and  TEM  [17]  studies  on  these  films  indicate  that  the  films  have  the 
zincblende  structure  with  approximately  1%  wurtzite  phase  occuring  primarily  close  to 
the  Si-GaN  interface.  This  is  to  be  contrasted  with  wurtzite  GaN  films  grown  on  Si  (1 1 1) 
which  were  found  to  have  approximately  25%  zincblende  component.  This  clearly 
suggest  that  stacking  faults  may  be  introduced  much  more  easily  when  growth  proceeds 
with  the  basal  plane  parallel  to  the  substrate.  We  believe  that  this  high  concentration  of 
stacking  faults  is  instigated  by  the  high  interfacial  strain  between  Si  and  GaN. 

C  Doping  Studies 


Wurtzite  GaN  films  grown  by  the  ECR-MBE  method  were  doped  intentionally  n- 
or  p-type  by  incorporating  Si  or  Mg  respectively  [8].  Films  with  hole  or  electron 
concentration  between  10**  - 10*^  cm  ^  have  been  obtained  without  requiring  any  post¬ 
growth  treatment  [8].  Si  was  found  to  contribute  a  shallow  donor  state  («  20  meV)  while 
Mg  contributes  a  deep  acceptor  state  («  150  meV).  Comparing  SIMS  and  Hall 
measurements  we  concluded  that  the  Mg-doping  efficiency  is  up  to  10%  [18].  The  effect 
of  hydrogen  on  p-type  GaN  was  studied  by  post-growth  hydrogenation  [18].  We  found 
that  while  hydrogen  does  not  affect  the  carrier  concentration  of  n-type  sample,  it  reduces 
the  carrier  concentration  of  p-type  samples  by  more  than  an  order  of  magnitude.  Infrared 
and  Raman  scattering  studies  in  these  samples  suggest  the  formation  of  Mg-H  complexes 
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Energy  (eV) 

Fig.  7  Photoluminescence  spectra  at  77K  of  a  lightly  Mg-doped  wurtzite  GaN  film. 


Energy  (eV) 

Fig  8.  Photoluminescence  spectra  at  77K  of  an  undoped  zincblende  GaN  film. 


The  luminescence  spectra  of  the  Mg-doped  films  at  77K  are  shown  in  Fig.  7.  Such 
data  have  been  reported  by  other  groups  as  well  [1].  These  spectra  show  a  small  peak  at 
3.46  eV  associated  with  neutral  donor  bound  excitons  and  a  strong  broad  peak  at  3.26  eV. 
At  the  low  energy  side  of  this  peak  one  can  distinguish  two  other  peaks  at  3.17  eV  and 
3.08  eV  which  can  be  accounted  for  as  one  optical  and  two  optical  phonon  replicas  of  the 
3.26  eV  transition.  These  transitions  were  observed  by  Lagerstedt  et  al  [20]  and  Ilegems 
et  al  [21]  and  the  3.26  eV  peak  was  attributed  to  Donor- Acceptor  transition  and  the  lower 
energy  peaks  were  attributed  to  phonon  replicas. 
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Luminescence  studies  of  undoped  GaN  film  grown  on  P-SiC  substrates  are  shown 
in  Fig.  8.  Structural  studies  of  this  film  indicate  that  the  film  has  primarily  the  zincblende 
structure  however,  a  small  diffraction  peak  associated  with  the  wurtzite  structure  is  also 
present.  The  data  of  Fig.  8  show  the  transitions  at  3.45  eV,  which  is  associated  with  the 
small  concentration  of  the  wurtzite  structure  and  a  broad  feature  with  three  peaks.  These 
three  peaks  are  identical  with  those  of  Fig.  7.  This  raises  the  question  whether  the  peak  at 
the  3.26  eV,  which  was  associated  with  DA  recombination,  is  instead  due  to  a  transition 
across  the  gap  of  the  zincblende  structure,  whose  gap  at  77K  is  about  3.26  eV. 

To  account  for  the  similarity  of  the  data  of  Fig.  7  and  8  we  propose  that  Mg- 
doping  of  wurtzite  GaN  instigates  the  formation  of  stacking  faults,  which  are  nucleation 
sites  for  zincblende-  GaN  domains.  This  is  probably  related  to  having  a  group  II  element 
in  a  wurtzite  structure.  The  composite  material  of  wurtzite  GaN  with  randomly 
distributed  microscopic  domains  of  zincblende  GaN  or  isolated  stacking  faults  has  a  band 
diagram  as  illustrated  in  Fig.  9.  The  quantum  wells  in  Fig.  9b  represent  domains  of  the 
zincblende  structure.  Transitions  in  these  quantum  wells  give  rise  to  the  peak  at  3.26  eV 
of  the  Mg  doped  films.  Doping  of  wurtzite-GaN  with  high  concentrations  of  Mg  will 
introduce  a  high  concentration  of  cubic  domains  and  the  Mg-  doping  of  these  domains 
will  give  rise  to  transitions  in  the  blue  part  of  the  spectrum.  This  accounts  for  the 
observation  that  GaN  p-n  junction  LEDs  emit  in  the  blue  rather  than  the  ultraviolet  part  of 
the  spectrum.  This  model  needs  to  be  verified  by  conducting  structural  studies  on  both 
lightly  and  heavily  Mg-doped  GaN  samples. 
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Fig.  9  Luminescence  transitions  in  Mg-doped  GaN  in  (a)  wurtzite  structure  (b)  mixed 
phase  structure. 
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CONCLUSIONS 


The  heteroepitaxial  growth  of  GaN  in  their  wurtzite  and  zincblende  structures  on 
(0001)  sapphire  and  (001)  Si  respectively  by  the  ECR-MBE  method  has  been  discussed. 
We  have  demonstrated  that  layer-by-layer  growth  occurs  in  the  Ga-  rich  regime  of  growth 
using  the  two  temperature  step  growth  process.  We  proposed  a  new  model  to  account  for 
the  photoluminescence  results  of  Mg-doped  GaN.  This  model  assumes  that  Mg-doping 
introduces  stacking  faults  which  are  nucleation  sites  of  cubic  domains.  The  observed 
transitions  at  3.26  eV  are  associated  with  transitions  across  the  energy  gap  of  the  cubic 
domains. 
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GROWTH  AND  PROPERTIES  OF  lll-V  NITRIDE  FILMS,  QUANTUM  WELL 
STRUCTURES  AND  INTEGRATED  HETEROSTRUCTURE  DEVICES 
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Department  of  Physics,  North  Carolina  State  University,  Raleigh  N.C.,  27695-8202 


ABSTRACT 

Growth  of  Ill-V  nitrides  by  molecular  beam  epitaxy  (MBE)  is  being  studied  at  NCSU 
using  an  rf  nitrogen  plasma  source.  GaN/SiC  substrates  consisting  of  ~3  pm  thick 
GaN  buffer  layers  grown  on  6H-SiC  wafers  by  MOVPE  at  Cree  Research,  Inc.  are 
being  used  as  substrates  in  the  MBE  film  growth  experiments.  The  MBE-grown  GaN 
films  exhibit  excellent  structural  and  optical  properties  --  comparable  to  the  best  GaN 
films  grown  by  MOVPE-as  determined  from  photoluminescence,  x-ray  diffraction,  and 
vertical-cross-section  TEM  micrographs.  Mg  and  Si  have  been  used  as  dopants  for  p- 
type  and  n-type  layers,  respectively.  AlxGai-xN  films  (x~0.06-0.08)  and  AlxGai.xN/GaN 
multi-quantum-well  structures  have  been  grown  which  display  good  optical  properties. 
Light-emitting  diodes  (LEDs)  based  on  double-heterostructures  of  AlxGai.xN/GaN 
which  emit  violet  light  at  -400  nm  have  also  been  demonstrated.  Key  issues  that  must 
be  addressed  before  Ill-V  nitride  laser  diodes  can  be  demonstrated  and  commer¬ 
cialized  are  discussed.  New  integrated  heterostructures  are  proposed  for  the 
development  of  a  variety  of  vertical-transport  devices  such  as  light-emitting  diodes, 
laser  diodes,  photocathodes,  electron  emitters  based  on  the  negative-eiectron-affinity 
of  AIN,  and  certain  transistor  structures. 

INTRODUCTION 

The  Ill-V  nitrides  are  promising  materials  for  high  temperature  electronic  and 
UV/blue/green  optoelectronic  applications  which  would  make  use  of  the  wide  range  of 
direct  energy  band  gaps  that  these  materials  possess:  from  1.9  eV  (InN),  to  3.4  eV 
(GaN),  to  6.2  eV  (AIN)  as  shown  in  Figure  1.  This  paper  reports  growth  by  molecular 


Figure  1 .  Energy  bandgap  versus  lattice  constant  for  selected  semiconductors. 
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beam  epitaxy  (MBE)  of  high  quality  GaN,  AIxGa-i-xN,  and  AIN  films  on  GaN/SiC 
substrates.  The  GaN  films  were  grown  homoepitaxially  by  rf  plasma-assisted  MBE  on 
3  pm  thick  GaN  buffer  layers  previously  grown  on  6H-SiC  substrates  prepared  by 
MOCVD  at  Cree  Research,  Inc.  By  using  this  homoepitaxial  approach,  we  have 
circumvented  the  problems  associated  with  heteroepitaxial  nucleation  of  GaN  on 
highly  lattice-mismatched  substrates  such  as  sapphire  or  SiC  and  have  instead 
concentrated  on  the  issues  associated  with  the  MBE  growth  process  itself.  We 
employed  radio  frequency  (rf)  plasma-assisted  MBE  instead  of  the  commonly  used 
ECR  plasma-assisted  MBE  to  generate  beams  of  active  nitrogen  for  film  growth.  Using 
an  rf  plasma  source,  MBE  growth  of  very  high  quality  GaN  and  AlxGai-xN  layers, 
AixGai-xN/GaN  multiple  quantum  well  (MOW)  structures,  and  blue-violet  light  emitting 
diodes  based  on  double-heterostructures  of  AlxGai-xN/GaN  have  been  achieved  at 
growth  rates  of  -0.3  pm/hr. 

Recently-measured  valence  band  offsets  for  lll-V  nitride  materials  pose  fundamental 
problems  for  vertical  transport  devices  such  as  laser  diodes.  New  approaches  to  deal 
with  vertical  transport  are  discussed.  Integrated  heterostructures  are  proposed,  which 
incorporate  graded  nitride  layers  to  eliminate  band  offsets,  for  the  development  of  a 
variety  of  vertical  transport  devices  such  as  light-emitting  diodes,  laser  diodes, 
photocathodes,  electron  emitters  based  on  the  negative-electron-affinity  of  AIN,  and 
certain  transistor  structures. 

EXPERIMENTAL  DETAILS 

The  lll-V  nitride  films  were  grown  using  a  three-chamber  MBE  system.  The  first 
chamber  is  equipped  with  an  ECR  plasma  source  for  plasma  cleaning  of  substrates 
using  various  gas  mixtures.  The  second  chamber  is  equipped  for  surface  analysis  of 
substrates  and  epilayers  at  temperature  up  to  800°C  using  Auger  electron 
spectroscopy.  The  third  chamber  is  the  main  MBE  film  growth  chamber  which  accepts 
substrates  up  to  75  mm  in  diameter,  has  provisions  for  up  to  nine  MBE  source  ovens, 
is  equipped  with  reflection  high  energy  electron  diffraction  (RHEED),  and  includes  an 
optical  pyrometer  for  measuring  substrate  temperatures. 

An  Oxford  Applied  Research  MPD21  radio  frequency  (rf)  plasma  source  was 
used  to  generate  an  active  nitrogen  flux.  The  plasma  source  was  operated  at  nitrogen 
pressures  ranging  form  5  x10“6  to  4  x  10-4  Torr  using  rf  powers  of  150  to  400  W.  The 
nitride  films  synthesized  by  MBE  during  this  study  were  grown  on  2-3  pm  thick  high- 
quality  GaN  buffer  layers  prepared  by  MOCVD  on  basal  plane  6H-SiC  substrates  at 
Cree  Research,  Inc.  The  best  MOVPE-grown  GaN  layers  exhibit  photoluminescence 
(PL)  spectra  at  298  K  dominated  by  near-edge  emission  at  3.41  eV  and  double-crystal 
x-ray  rocking  curves  as  narrow  as  85  arc  sec  FWHM  (0002).  These  GaN/SiC 
substrates  were  cleaned  prior  to  MBE  film  growth  using  trichloroethylene,  acetone, 
and  methanol  followed  by  plasma-cleaning  using  a  1:1  hydrogen/helium  gas  mixture 
to  remove  carbon.  This  was  followed  by  thermal  annealing  at  600°-800°C.  After 
cleaning,  the  GaN/SiC  substrate  surface  showed  little  or  no  carbon  or  oxygen 
contamination  [1].  The  GaN  films  were  monitored  during  MBE  growth  by  RHEED.  The 
GaN  films  displayed  a  streaky  RHEED  pattern  with  a  (2  x  2)  surface  reconstruction, 
characteristic  of  two-dimensional  layer  growth  [1].  Similar  patterns  were  observed 
during  the  growth  of  the  AlxGai-xN  films  and  AlxGai-xN/GaN  multilayer  structures. 

Selected  MBE-grown  film  samples  were  also  characterized  by  means  of 
Nomarski  interference-contrast  microscopy,  scanning  electron  microscopy  (SEM), 
transmission  electron  microscopy  (TEM),  double-crystal  x-ray  diffraction,  and  variable- 
temperature  PL.  The  PL  measurements  were  obtained  using  a  He-Cd  laser  for 
excitation  and  a  SPEX  double-grating  monochromator  equipped  with  a  cooled  GaAs 
photomultiplier  for  detection.  Photon-counting  Instrumentation  and  a  computer  were 
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employed  to  collect,  store  and  analyze  the  PL  data.  Double-crystal  x-ray  rocking 
curves  were  obtained  using  a  Blake  Industries  double-crystal  x-ray  unit  which 
employed  Cu  Ka  x-rays.  The  double-crystal  rocking  curves  were  measured  in  a 
standard  fashion  with  the  detector  fully  open  (no  aperture). 

MBE  FILM  GROWTH:  RESULTS  AND  DISCUSSION 

GaN  Films  on  GaN/SiC  Substrates 


A  representative  double-crystal  x- 
ray  rocking  curve  for  a  3  jim  thick  MBE- 
grown  GaN  film  is  shown  in  Figure  2. 
Diffraction  peaks  from  both  the  GaN  film 
and  the  underlying  6H-SiC  substrates  are 
shown.  It  is  seen  that  the  GaN  film  exhibits 
a  symmetric  (0002)  diffraction  peak  with  a 
full-width  at  half-maximum  (FWHM)  of  156 
arc  sec.  The  (0002)  GaN  diffraction  peak 
represents  a  superposition  of  diffraction 
peaks  from  the  3  jLim  thick  MBE-grown 
layer  and  the  underlying  ~3  pm  thick 
MOCVD-grown  GaN  layer  since  diffraction 
from  the  SiC  substrate  is  also  observed. 


Figure  2.  X-ray  rocking  curve. 


Vertical  cross-section  TEM  studies  were  also  conducted  on  selected  MBE- 
grown  GaN  epilayers  on  GaN/SiC  substrates.  The  TEM  photo  in  Figure  3  shows 


Figure  3.  Vertical  cross-section  TEM  photograph  of  MBE-grown  GaN  on  GaN/SiC. 
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dislocation  densities  as  low  as  10^  per  cm^ 
in  both  the  MBE-grown  GaN  layers  and  the 
underlying  MOCVD-grown  GaN  buffer 
layers.  These  results  provide  direct 
evidence  that  by  using  MBE  it  is  possible  to 
grow  GaN  which  is  comparable  in  struc¬ 
tural  quality  to  state-of-the-art  MOCVD- 
grown  GaN. 

PL  measurements  of  the  GaN 
epilayers  provide  additional  proof  of  their 
quality.  Figure  4  shows  representative  PL 
spectra  for  an  undoped  MBE-grown  GaN 
epilayer  at  295  K,  77  K,  and  4.2  K.  The 
room  temperature  PL  spectrum  is  dom¬ 
inated  by  band-edge  emission  at  3.409  eV. 
Note  that  this  band-edge  emission  peak 
has  a  FWHM  of  only  29.7  meV  -  re¬ 
markably  close  to  the  theoretical  thermal- 
broadening  limit  at  room  temperature. 
There  is  also  evidence  in  the  PL  spectrum 
at  300  K  of  deep  level  yellow-green 
emission  near  2.2  eV.  At  77  K,  the  deep 
level  emission  is  no  longer  present  and  the 
band-edge  emission  peak  has  narrowed  to 
15.8  meV  FWHM.  When  cooled  to  4.2  K, 
the  band-edge  feature,  due  presumably  to 
excitonic  emission,  splits  into  two  sharp 
peaks  having  FWHMs  of  only  4-5  meV. 
The  splitting  between  these  two  peaks 
roughly  matches  the  exciton  splitting 
observed  by  Dingle  et  al.  [2,3]. 


Figure  4.  PL  spectra  of  undoped  GaN. 


A  representative  room  temperature  PL  spectrum  for  a  0.7  pm  thick  MBE-grown 
p-type  Mg-doped  GaN  film  is  shown  in  Figure  5(a).  The  PL  emission  peak  at  3.25  eV 
is  believed  to  be  due  to  an  eiectron-to-acceptor  (e,A)  optical  transition  associated  with 
the  Mg  dopant.  If  this  is  the  case,  this  would  correspond  to  an  acceptor  ionization 
energy  Eg  for  the  Mg  acceptor  of  about  160  meV  in  GaN.  Near-band-edge  emission 
from  GaN: Mg  at  3.39  eV,  which  may  be  associated  with  an  unintentional  donor,  is  also 
seen  in  the  PL  spectrum. 


Figure  5.  295K  PL  spectra  for  (a)  GaN;Mg  and  (b)  GaNiSi  films 
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For  comparison,  the  PL  spectrum  of  a  1  pm  thick  MBE-grown  heavily-doped  n-type 
GaN:Si  is  shown  in  Figure  5(b).  In  this  case,  the  spectrum  is  dominated  by  a  very 
intense  peak  at  3.39  eV  due,  we  believe,  to  a  donor-hole  (D.h)  optical  transition 
associated  with  the  Si  donor.  If  this  is  the  case,  this  would  correspond  to  a  donor 
activation  energy  Ed  of  about  19  meV  for  the  Si  donor  in  GaN.  Hall  effect 
measurements  on  this  sample  yielded  a  room  temperature  carrier  concentration  n  = 
1.2x1 020  cnri'3  and  an  electron  mobility  Pn  =  65  cm^AZ-s. 

AlvGai^N  Films  and  AlvGa^^N/GaN  Multi-Quantum-Well  Structures 


AlxGai-xN  layers  (x-O.Oe-O.OB)  were 
also  grown  by  MBE  on  GaN/SiC  sub¬ 
strates.  Figure  6(a)  shows  a  representative 
PL  spectrum  at  295  K  for  a  1.2  pm  thick 
undoped  MBE-grown  AlxGai-xN  epilayer. 
The  emission  spectrum  is  dominated  by  a 
high  intensity  near-band-edge  emission 
peak  at  3.690  eV  with  a  FWHM  of  79.5 
meV. 

AlxGai-xN/GaN  multiple  quantum- 
well  (MOW)  structures  consisting  of  five  50 
A  GaN  quantum  wells  separated  by  four 
100  A  AlxGai-xN  barriers  were  grown  on 
GaN/SiC  substrates  by  MBE  under  the 
same  conditions.  The  structure  was 
capped  with  a  500  A  thick  AlxGai.xN  layer. 
As  shown  In  Figure  6(b),  PL  emission 
occurs  from  both  the  A^Gai-xN  capping 
layer  and  the  GaN  QWs.  The  relative  PL 
peak  intensities  depend  on  the  thickness  of 
the  AlxGai-xN  capping  layer  and  the  wave¬ 
length  of  the  excitation  source.  Note  that 
the  emission  peak  associated  with  the  GaN 
QWs  occurs  at  3.435  eV,  corresponding  to 
a  shift  to  higher  energy  by  about  36  meV 
from  that  of  the  bulk  GaN  value  (see  Fig. 
4(a)).  This  energy  shift,  we  believe,  is  due 
to  the  combined  effects  of  strain  and 
quantum  confinement  as  has  been 
reported  by  Krishnankutty  et  al.  [4]. 


ENERGY  (eV) 


Figure  6.  Photoluminescence  at  295K 
from  (a)  an  undoped  MBE-grown 
AlxGa^xN  layer  and  (b)  an  AIxGa^xN 
/GaN  MQW  structure. 


Alx^1-yN/GaN  Double  Heterostructure  LEDs 

Double  heterostructure  (DH)  LEDs  based  on  AlxGai-xN/GaN  were  grown  by 
MBE.  The  GaN  active  region  was  co-doped  with  Si  and  Mg  to  create  an  emission 
center  based  on  donor-acceptor  pair  recombination.  The  LEDs  were  fabricated  using 
photolithography  and  dry  etching  techniques  to  define  200  pm  x  200  pm  mesas. 
Electrical  contacts  to  the  p-type  layer  were  obtained  by  evaporating  100  pm  x  100  pm 
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Ni/Au  contact  pads.  The  bottom  n-type 
layer  was  contacted  by  depositing  Ni  onto 
the  backside  of  the  conducting  GaN/SiC 
substrate.  Room  temperature  current  - 
voltage  (!-V)  characteristics  of  a  typical  DH 
LED  are  shown  in  Figure  7,  The  device 
has  a  turn-on  voltage  of  3.2  V  and  a 
forward  voltage  of  4.7  V  at  20  mA.  The 
LED  emits  blue-violet  light  from  77K  to 
room  temperature.  The  peak  wavelength 
of  the  electroluminescence  (EL)  occurs  at 
400  nm  at  77  K,  as  shown  in  Figure  8.  At 
160  K,  the  peak  wavelength  shifts  to  390 
nm.  At  room  temperature,  however,  the 
emission  is  quite  broad  and  includes 
emission  from  deep  level  states.  Addition¬ 
al  work  is  undenway  at  NCSU  to  improve 
the  efficiency  of  MBE  grown  LED  devices 
and  to  shift  their  EL  spectrum  into  the 
blue/green  region  of  the  visible  spectrum. 


Ill-V  NITRIDE  CONDUCTION  BAND  AND 
VALENCE  BAND  OFFSETS. 

Important  advances  in  understanding 
the  band  structures  and  band  offsets  of  Ill-V 
nitride  materials  have  been  made  within 
the  past  two  years  by  several  research 
groups.  Benjamin  et  al.  [5]  report  convinc¬ 
ing  evidence  based  on  ultraviolet  photo¬ 
emission  spectroscopy  (UPS)  that  AIN  is  a 
negative  electron  affinity  (NEA)  material. 
That  is  to  say,  the  conduction  band  of  AIN 
lies  above  the  vacuum  energy  level 
implying  that  AIN  can  be  used  as  an 
efficient  emitter  of  electrons.  Consistent 
with  these  findings,  the  above  investigators 
also  report  the  valence  band  offset  be¬ 
tween  AIN(OOOI)  and  SiC(OOOI)  to  be  ap¬ 
proximately  0.8  eV. 

Three  other  research  groups  have 
recently  reported  values  for  the  valence 
band  offset  between  AIN  and  GaN.  Martin 
et  al.  [6]  report  a  Type  I  heterojunction 
(valence  band  edge  of  AIN  below  that  of 
GaN)  with  a  valence  band  offset  or 
discontinuity  of  AEv  =  0.8  ±  0.3  eV.  Baur  et 
al.  report  [7]  a  Type  1  heterojunction  with  a 
valence  band  discontinuity  of  AEy  =  0.5  eV. 
Segall  et  al.  [8]  also  report  a  valence  band 


Figure  7.  I  -  V  characteristics  of  LED. 
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Figure  8.  Emission  from  GaN  LED. 
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offset  between  AIN  and  GaN  of  AEy  =  0.8  eV.  In  addition,  these  researchers  report  a 
Type  1  interface  between  GaN  and  InN  with  AEy  =  0.5  eV.  These  researchers  also 
report  a  Type  1  interface  between  AIN  and  GaAs  with  AEy  =  2.0  eV  [8]. 

The  above  results  for  band  offsets  have  important  consequences  concerning  the 
transport  of  electrons  and  holes  through  interfaces  involving  lll-V  nitride  materials. 
Figure  9  summarized  these  results  by  illustrating  schematically,  in  terms  of  an  energy 
band  diagram,  how  the  conduction  and  valence  bands  of  the  binary  lll-V  nitride 
semiconductors  line  up  relative  to  one  another  and  to  other  well-known  semiconductor 


AIN  GaN  InN  AIN  GaAs  Si  SIC 

Figure  9.  Approximate  band  lineups  for  selected  semiconductors. 


materials  GaAs,  Si,  and  SiC.  It  should  be  recognized  that  Figure  9  lists  approximate 
band  offsets  among  the  various  materials  that  are  shown.  That  is  to  say,  the  band 
diagram  of  Figure  9  represents  a  best  effort  to  illustrate  band  lineups  of  the  materials 
shown  as  they  are  known  from  experiments  performed  to  date.  These  band  offsets 
may  only  be  accurate  to  within  ±0.2-0. 3  eV,  based  on  the  accuracy  of  current 
experimental  measurement  techniques.  However,  the  band  diagram  of  Figure  9 
provides  an  important  and  essential  guide  for  the  design  and  implementation  of 
"bandgap  engineered"  lll-V  nitride  vertical-transport  devices  such  as  laser  diodes. 

It  is  well-known  that  heterojunction  energy  barriers  in  excess  of  about  0.3  eV  can 
prevent  the  flow  of  carriers  (electrons  and/or  holes)  In  thin  film  devices  which  require 
vertical  transport  of  charged  carriers  across  hetero interfaces  [9].  Devices  of  this  type 
include  not  only  light  emitting  diodes  and  laser  diodes  but  also  certain  transistor 
structures,  and  electron  emitters  based  on  NEA  materials  such  as  AIN,  for  example. 
The  energy  band  diagram  of  Figure  9  clearly  shows  that  there  can  be  substantial 
energy  barriers  when  these  types  of  devices  are  based  on  lll-V  nitride  hetero¬ 
structures.  To  illustrate  this  point,  let  us  consider  current  nitride  LEDs:  All  nitride  LEDs 
fabricated  to  date  suffer  from  less-than-ideal  current-voltage  (l-V)  characteristics  as  a 
result  of  high  contact  resistances,  particularly  with  regards  to  contacts  for  p-type 
material.  As  a  consequence,  because  of  the  much  higher  current  densities  required,  it 
is  expected  that  nitride  laser  diodes  would  exhibit  high  turn-on  voltages  -  similar  to  the 
problem  that  has  plagued  blue/green  laser  diodes  based  on  ll-VI  materials. 
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The  above  analysis  can  be  understood  by  referring  to  the  energy  band 
diagrams  of  Figure  10.  The  diagrams  at  the  left  of  Figure  10  show  how  gold,  typically 
used  to  contact  p-type  GaN,  lines  up  with  the  valence  band  of  GaN  as  determined 
using  the  band  offset  diagram  of  Figure  10.  It  might  be  noted  that,  coincidentally,  the 
valence  band  of  GaN  is  located  at  the  same  energy  as  the  valence  band  of  ZnSe  [1 0]. 
Thus,  there  is  an  energy  barrier  of  about  1.6  eV  between  gold  and  the  GaN  valence 
band.  This  1 .6  eV  reversed-biased  energy  barrier  prevents  the  flow  of  holes  towards  a 
forward-biased  GaN  p-n  junction,  as  is  show  by  the  band  diagram  at  the  right  in  Figure 
10.  As  a  consequence,  high  voltages  will  accompany  the  high  current  densities 
required  for  any  future  nitride  laser  -  if  a  gold  electrode  contacting  scheme  Is 
employed. 


Au  GaN  Au  p  -  GaN  n  -  GaN  P  n  -  GaN 

Figure  10.  Band  diagrams  for  gold  on  undoped  GaN  and  for  gold  on  a  GaN  p-on-n 
junction  (left);  gold  on  a  forward-biased  GaN  p-n  junction  (right) 


INTEGRATED  HETEROSTRUCTURE  DEVICES 


The  term  integrated  heterostructure  or  integrated  heterostructure  device  (IHD)  is 
here  defined  as  a  multilayered  structure  in  which  particular  layers,  or  combination  of 
layers,  perform  distinctly  different  functions.  An  example  of  an  IHD  is  a  semiconductor 
surface-emitting  laser  which  contains  (a)  multilayers  for  optical  mirrors,  (b)  an  active 
light  generation  region  which  might  consist  of  one  or  more  additional  layers  or 
quantum  wells,  (c)  p-type  and  n-type  layers  which  supply  the  active  light  generation 
region  with  electron  and  holes  under  forward  bias,  and  (d)  additional  top  layers  for 
optically  and  electrically  coupling  the  laser  output  to  the  outside  world.  These  various 
functions  are  integrated  into  a  single  epitaxial  multilayered  structure  using  sophisti¬ 
cated  growth  techniques  such  as  molecular  beam  epitaxy  (MBE)  or  metal-organic 
chemical  vapor  deposition  (MOCVD). 

IHDs  composed  of  ll-VI  materials  have  been  developed  to  specifically  address 
the  p-type  ohmic  contact  problem  associated  with  blue/green  laser  diodes  and  LEDs. 
These  devices  incorporate  special  graded/doped  layers  which  eliminate  band  offsets 
between  the  metal/p-type  semiconductor  and  which  permit  ll-VI  light  emitters  to  oper¬ 
ate  at  low  voltages  [10,11,12].  The  basic  principle  behind  the  use  of  graded/doped 
layers  to  minimize  or  eliminate  band  offsets  is  illustrated  by  the  band  diagrams  of 
Figure  11.  At  the  left  is  shown  a  Type  1  heterojunction  for  which  appreciable  band 
offsets  exist.  If  both  semiconductors  are  doped  n-type,  then  a  large  conduction  band 
spike  occurs  at  the  heterointerface.  This  represents  a  large  potential  barrier  which 
prevents  the  flow  of  electrons  from  left-to-right  Into  the  larger  bandgap  material  under 
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Effect  of  n-type  Doping 


Effect  of  Graded  Layers  and  n-type  Doping 


Undoped  Materials  n-Type  Doping  Undoped  Materials  n-Type  Doping 

Figure  1 1 .  Effect  of  doping  (left)  combined  with  step-grading  (right). 


an  appropriate  electrical  bias.  As  a  consequence,  the  heterojunction  will  exhibit  a 
large  impedance  to  current  flow  In  this  direction. 

However,  doped  alloy  layers  of 
intermediate  bandgap  can  be  deposited 
between  the  two  semiconductor  materials 
as  shown  at  the  right  of  Figure  11.  A  well- 

known  property  of  the  equilibrium  state  is  _ 

that  the  Fermi  level  be  constant  over  the  . g  - e, 

entire  system  of  layers.  As  a  consequence, 
step-grading  along  with  n-type  doping  to-  \ 

gether  produce  the  triple-spiked  heteroint¬ 
erface  shown  at  the  far  right  in  Figure  1 1 . 

Note,  however,  that  the  barrier  heights  are 
now  only  one-third  of  the  original  conduc-  Undoped  Materials  n-Type  Doping 

tion  band  offset  of  the  heterojunction. 

Figure  12.  Continuous  grading  and  doping. 

Thus,  it  is  clear  that  by  combining  n-type  doping  with  a  continuously  graded  interme¬ 
diate  layer,  as  is  illustrated  in  Figure  12,  the  original  conduction  band  offset  asso¬ 
ciated  with  the  heterojunction  can  be  completely  eliminated.  Similar  grading/doping 
procedures  can  be  employed  to  eliminate  band  offsets  between  lll-V  nitride  layers,  as 
is  Illustrated  in  Figure  13  below 


Resonant  Tunneling  MOW  Between  n-type  Al  i-xGaxN 
and  n-type  GaN 


UjjljyyyU - 


n-type  |  n-type  I  n-type 
Ah.xGaxN  1  Ali.xGaxN/GaN  \  GaN 
MOW 


Linear  Grading  (y  =  x  to  1)  Between 
p-Type  AI^.^Ga^N  and  p-type  GaN 


Figure  13.  Examples  of  grading/doping  to  eliminate  band  offsets  between  nitrides. 
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Ill-V  NITRIDE  DEVICES  ON  SILICON  CARBIDE 


lll-V  Nitride  Laser  Diodes 


Nitride  lasers  will  most  likely  be 
vertical  devices  which  require  a  conducting 
substrate.  At  present,  the  substrate  of 
choice  is  SiC.  However,  growth  of  Ill-V 
nitrides  on  SIC  introduces  another 
heterointerface  which  can  be  the  source  of 
an  additional  barrier  to  electron  and/or 
hole  transport.  This  is  so  because  of  the 
large  band  offsets  between  SiC  and  the  III- 
V  nitrides,  as  shown  in  Figure  9.  Because 
of  differences  in  the  lattice  constant  and 
thermal  expansion  characteristics  of  these 
materials,  it  has  been  found  that  a  buffer 
layer  of  AIN  or  AIGaN  must  be  deposited 
onto  SiC  prior  to  the  growth  of  GaN. 


Use  of  Thin  versus  Thick  AIN  Buffer  Layers 


GaN  AIN  SiC  GaN  AIN  SiC 

Figure  14.  GaN/AIN/SiC  heterointerfaces. 


So  far,  all  efforts  throughout  the  world  have  involved  the  use  of  n-type  SiC  substrates 
onto  which  an  n-type  AIGaN  or  AIN  buffer  layer  is  deposited  followed  by  a  p-on-n  GaN 
diode.  Figure  14  illustrates  why  this  approach  generates  a  barrier  with  respect  to 
electron  flow  from  SiC  into  GaN.  Note  in  particular,  that  an  AIN  buffer  layer  introduces 
a  barrier  of  more  than  2  eV  for  the  flow  of  conduction  band  electrons  from  n-type  SiC 
into  n-type  GaN.  This  extremely  large  barrier  to  electron  conduction  occurs  whether  a 
thin  or  a  thick  layer  of  AIN  is  used  as  a  buffer,  even  when  the  AIN  is  doped  n-type. 


To  further  illustrate  this  point,  consider 
the  p-on-n  diode  of  Alo.5Gao.5N  deposited 
onto  an  n-type  SiC  substrate.  Figure  15 
shows  an  energy  band  diagram  of  the 
SiC/Alo.sGao.sN  heterointerface,  consistent 
with  Figure  9.  Note  that  in  this  case,  there 
is  a  conduction  band  offset  of  about  1 .4  eV 
and  a  valence  band  offset  of  about  0.5  eV, 
as  illustrated  by  the  left  diagram  of  Figure 
15.  As  a  consequence  of  the  large 
conduction  band  offset  between  these  two 
materials,  a  p-on-n  diode  of  Alo.5Gao.5N 
deposited  onto  n-type  SiC  would  behave 
according  to  the  band  diagram  at  the  right 
of  Figure  15.  Note  that  such  a  structure 


AlosGaosN  p-on-n  Diode 

Band  Lineups  Using  n-type  SiC  Substrate 


P-AI„.,6a„sN 

F 


SiC  Al  p  j.  N  n  -  SiC  n  -  Ai  o  N 

Figure  15.  p-on-n  diode  on  n-type  SiC. 


would  generate  a  large  (1 .4  eV)  energy  spike  at  the  heterointerface  and  this  would 
severely  impede  the  flow  of  electrons  from  SiC  into  n-type  Alo.5Gao.5N  when  the  p-on- 
n  nitride  diode  is  forward  biased. 

Vertical  transport  between  SiC  and  Alo.5Gao.5N  is  greatly  improved  when  a  p-type 
SiC  substrate  is  employed  and  an  n-on-p  nitride  diode  structure  is  deposited.  This  is 
illustrated  by  the  energy  band  diagram  of  Figure  16.  In  this  case,  there  is  a  valence 
band  offset  of  about  0.5  eV  at  the  heterointerface.  As  a  consequence  of  this  reduced 


132 


energy  barrier,  holes  can  flow  relatively 
easily  from  p-type  SIC  into  p-type 
Alo.5Gao.5N  and  the  nitride  diode  should 
operate  at  low  voltage.  This  situation  is 
improved  further  if  Ah-xGaxN  alloys  having 
higher  x-values  are  employed.  The  n-on-p 
structure  therefore  addresses  two  major 
problems  encountered  In  laser  develop¬ 
ment:  (1)  The  large  conduction  band  offset 
between  n-type  SIC  and  AIGaN  is  not  a 
factor,  since  a  p-type  AIGaN  layer  are 
grown  epitaxially  onto  p-type  SiC.  By 
incorporating  a  intermediate  graded  and 
doped  AIGaN  layer  it  may  be  possible  to 


AIo.5Gao.5N  n-on-p  Diode  on  p-SIC 

Band  Lineups  -  Fonward  Bias  (VBO  =  500  meV) 
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p-SiC  p-AlosGaojN  n  -  AlosGaosN 


Figure  16.  N-on-P  diode  on  p-type  SiC. 


further  reduce  the  valence  band  offset  between  the  SIC  substrate  and  the  nitride 
device  to  <0.3  eV,  so  that  hole  transport  under  forward  bias  from  the  SiC  substrate  to 
the  nitride  device  is  essentially  unimpeded.  (2)  The  n-on-p  structure  does  not  require 
a  metal  contact  to  any  p-type  nitride  layer.  Rather,  a  metal  contact  is  provided  on  the 
back  of  the  p-type  SiC  substrate  using  standard  techniques  which  employ  Pt  or  Ti/AI 
metallizations.  As  a  consequence,  the  nitride  device  can  function  at  low  voltage  when 
operating  under  forward  bias,  even  under  the  high  current  densities  required  for  laser 
diodes. 


AIN  Neaative-Electron-Affinitv  Electron  Emitter 


AIN  is  an  attractive  candidate  for 
vacuum  microelectronic  applications 
because  it  is  a  true  NEA  material.  That  is, 
at  the  AIN  surface  the  conduction  band  lies 
above  the  vacuum  level  as  shown  in 
Figure  17.  One  problem  that  a  true  NEA 
material  faces  is  the  difficulty  in  obtaining 
an  ohmic  contact  to  the  material, 
particularly  if  it  is  doped  n-type.  Here  we 
suggest  a  solution  to  this  problem  which 
employs  the  grading/doping  scheme 
described  above.  A  simple  AIN  electron 
emitter  is  shown  In  Figure  18  to  illustrate 
the  concept.  The  device  is  grown  on  an  n- 
type  SiC  substrate.  A  graded  and  doped 
layer  of  AIGaN  is  employed  to  eliminate  the 
conduction  band  offset  between  the  n-type 
SiC  substrate  and  the  AIN  overlayer  (also 
presumed  to  be  n-type).  A  surface  layer 
may  be  added  to  enhance  the  NEA 
condition  as  shown,  and  each  device  may 


AIN:  A  True  NEA  Material 


X  =  Electron  Affinity 

•  Potental  Electron  Emitter 

•  Need  Electrons  (n-type  Doping) 

•  Need  Backside  Ohmic  Contact 

Figure  17.  NEA  property  of  AIN. 


be  processed  into  a  sharp  tip  to  further  enhance  electron  emission.  Electrical  contact 
to  the  device  consists  of  a  standard  metal  contact  such  as  Ni  to  the  back  surface  of  the 
SiC  substrate.  The  device  emits  electrons  in  vacuum  when  the  anode  is  positively 
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biased  since  the  ~2.4  eV  conduction  band  offset,  which  serves  as  a  barrier  to  electron 
flow  between  SiC  and  AIN,  has  been  eliminated  by  means  of  the  graded/doped  AlGaN 
layer. 

]  -  ■■■.,  . .  ..I  Anode  (+) 


Cathode  (-) 


Metal  Contact 

Figure  18.  AIN  electron  emission  device  which  employs  an  Ali-xGaxN  grading  layer. 
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ABSTRACT 

We  report  on  the  growth  of  GaN  in  GSMBE  using  NH3  as  nitrogen  source.  Special 
focus  will  be  on  the  NH3  cracking,  where  we  applied  an  On  Surface  Cracking  technique 
(OSC).  Using  OSC  we  achieve  photoluminescence  linewidths  as  narrow  as  5.5meV  (5K) 
and  mobilities  of  220  cm^/Vs  at  room  temperature. 

INTRODUCTION 

Today,  growth  of  GaN  and  its  related  compounds  is  dominated  by  MOVPE  techniques 
[1,2].  This  is  mainly  due  to  the  fact  that  supply  of  atomic  nitrogen  seemed  to  be  very 
difficult  under  MBE  conditions.  Commonly  N2  is  used  as  nitrogen  source,  which  due  to 
the  high  binding  energy  of  9.5  eV  requires  the  application  of  a  plasma  cracking  source. 
However,  using  plasma  sources  such  as  DC,  RF,  ECR  ion  damage  during  growth  is  hard 
to  avoid  [3].  Furthermore,  the  self  biased  voltage  of  the  plasma  sources  show  sputtering 
effects  leading  to  contamination  of  the  epitaxial  structures.  Other  serious  challenges  with 
plasma  grown  nitrides  include  reproducibility  and  homogeneity. 

We  report  on  the  successful  use  of  NH3  as  nitrogen  precursor  in  MBE.  For  this  purpose 
we  employ  an  technique  entitled  On  Surface  Cracking  (OSC)  where  uncracked  ammonia 
is  injected  onto  the  growing  GaN  surface.  We  will  work  out  that  OSC  of  ammonia  provide 
an  excellent  N  source  to  MBE  growth  of  GaN.  It  is  economical,  reliable,  easy  to  maintain, 
highly  reproducible,  unsophisticated  and  does  not  require  an  expensive  plasma  source. 

EXPERIMENT  AND  RESULTS 

For  our  investigations  we  use  an  almost  standard  MBE  system  (Riber  32)  adapted  to 
group  V  gas  sources.  The  system  is  turbo  pumped,  the  attached  gas  control  and  handling 
system  is  home  made.  NH3  is  introduced  into  the  system  through  a  standard  high 
temperature  injector  (Riber  HTI  432).  Effusion  cells  are  used  to  supply  the  group  III 
species  Ga  and  Al.  Unless  otherwise  mentioned  GaN  layers  are  grown  at  growth  rates 
of  700  nm/h  to  a  thickness  of  approximately  2  //m.  By  increasing  the  growth  rate  to  1.2 
/im/h  comparable  crystal  and  optical  properties  are  achieved. 

Characterization  of  the  grown  structures  is  carried  out  by  optical  and  scanning  electron 
microscopy  (SEM),  atomic  force  microscopy  (AFM),  X-ray  diffraction  (XRD),  photolu¬ 
minescence  (PL)  and  cathodoluminescence  (CL).  Electrical  data  are  obtained  from  Hall 
and  CV  measurements.  A  quadrupole  mass  analyzer  (QMA)  is  used  for  detection  of 
background  gas  species  and  for  the  NH3  cracking  studies. 
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To  evaluate  the  suitability  of  NH3  as  nitrogen  source  for  MBE  we  first  investigate  the 
thermal  cracking  using  a  high  temperature  gas  injector.  Figure  1.  reveals  that  the  4.8 
eV  binding  energy  of  NH3  despite  being  significant  lower  than  that  of  N2  still  requires 
cracking  temperatures  above  600*^C  for  thermal  cracking  (pyrolysis). 


Figure  1:  Concentration  of  NH3,  N2  and  NH2  at  the  QMA  as  a  function  of  injector 

temperature 

A  more  detailed  study  of  the  ammonia  cracking  was  recently  published  by  our  group 
[4].  Therein  thermodynamic  equilibrium  data  are  presented  and  possible  dissociation 
processes  on  the  surfaces  are  discussed.  In  quintessence,  we  assume  that  the  dissociation 
steps  on  the  surface  can  be  described  according  to  [5]  : 


NH3,  #  NHsad 

(1) 

N’Hsad  ^  NH2ad  +  Had 

(2) 

NH2ad  +  Had  #  NHad  +  2Had 

(3) 

H Had  +  2Had  ^  Had  +  ^Had 

(4) 

2Had  ^  H2g 

(5) 

2Nad  ^  N2g 

(6) 

{g  =  gaseous  ,  ad  =  adsorpt) 

with  a  decomposition  rate  (for  T  >  550® C)  given  by 

_  KiK2[NHs] 

+  K2 

Clearly,  cracking  is  described  by  the  overall  reaction 

NH3  — >  +  |h2 

which  is  verified  by  our  QMA  data  (fig.l). 
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We  propose  that  applying  OSC  of  ammonia  on  a  GaN  surface  the  NH3  dissociation 
undergoes  reactions  similar  to  steps  (1)  to  (4),  but  that  at  least  one  nitrogen  species  can 
chemically  react  with  Ga  atoms  on  the  surface  before  being  desorbed  as  N2.  Therefore 
OSC  of  NH3  succeeds  whereas  cracking  in  the  injector  fails. 

Applying  OSC  for  GaN  growth  we  found  that  growth  can  be  accomplished  at  temper¬ 
atures  as  low  as  approx.  550° C.  This  is  in  reasonable  agreement  with  the  temperatures 
we  found  to  be  necessary  for  ammonia  cracking  (hg.l). 

However,  the  best  GaN  crystal  properties  were  achieved  at  substrate  temperatures  around 
800°C  using  a  beam  equivalent  NH3  pressure  of  approx.  10"^  torr  and  a  V/III  ratio  of 
approx.  20. 

To  produce  high  quality  GaN  films  on  sapphire  substrate  we  apply  a  short  nitridation 
step  and  use  a  thin  AIN  nucleation  layer  before  growing  the  GaN  layer.  Fig.  2  shows 


2  a)  after  nitridation  2  b)  AIN-nucleation  layer 


2  c)  2|jnn  GaN 


Figure  2;  AFM-topography  after  different  steps  of  growth 

typical  atomic  force  micrographs  of  the  (0001)  sapphire  surface  after  nitridation,  AIN 
nucleation  layer  formation,  and  2  jum  GaN  growth.  Numerous  tiny  islands  of  about  50 
nm  width  and  10  nm  height  appear  in  the  AIN  nucleation  layer  which  are  smoothened 
during  growth  of  the  GaN  layer.  The  resulting  2  fim  thick  GaN  film  is  optically  flat. 

Fig.  3  shows  photoluminescence  spectra  of  a  2  /um  GaN  layer.  We  find  narrow  near 
band  edge  emission  with  5.5  meV  linewidth  at  5K  which  increases  to  34  meV  at  room 
temperature.  Yellow  emission  often  present  between  2  to  2.75  eV  was  so  much  suppressed 
that  it  could  not  be  detected  even  at  300  K. 

Electrical  properties  of  the  layers  were  obtained  from  Hall  and  CV  measurements  at  300K. 
We  find  carrier  concentrations  in  the  low  10^^  cm""^  range  with  mobilities  of  220  cm^/Vs 
at  300  K.  Electron  concentrations  as  low  as  1  X  10^°  cm~^  were  also  measured  with  Hall 
and  verified  by  CV  measurements.  However,  since  corresponding  mobilities  are  about  160 
cm^/Vs  such  layers  are  supposed  to  probably  contain  deep  traps. 

MBE  grown  2  fj,m  thick  GaN  layers  typically  show  400  arcsec  wide  x-ray  diffraction 
linewidths  ((0002)  reflex,  Cu  K^i  lines,  omega  scans).  A  significant  improvement  in  crys- 
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Figure  3:  Photoluminescence  spectra  of  a  2  fj,m  thick  GaN  film  at  5K  and  at  300  K  in 
the  inset 


talline  quality  is  observed  when  MBE  growth  is  performed  on  0.5  /xm  thick  GaN  layers 
grown  on  sapphire  with  our  MOVPE  system.  The  MBE  growth  process  results  in  a 
linewidth  reduction  of  the  original  MOVPE  layers  from  100  to  70  arcsec  for  the  2  /xm 
thick  MBE  layers.  Herefrom,  we  conclude  that  the  crystalline  quality  of  GaN  films  is 
essentially  affected  by  the  nitridation  and  nucleation  process.  Comparing  our  MBE  and 
MOVPE  results  and  their  combination  our  data  suggest,  that  in  MBE  we  have  to  improve 
the  first  steps  of  growth  (nitridation  and  nucleation).  However,  the  excellent  crystallinity 
obtained  on  top  of  the  MOVPE  layers  reveal  that  the  general  growth  conditions  for  our 
MBE  bulk  growth  seems  to  be  appropriate. 

SUMMARY 

We  report  on  cracking  of  ammonia  in  a  high  temperature  injector.  Efficient  cracking  of 
NHs  in  a  high  temperature  gas  injector  was  verified  at  temperatures  above  600  °C  using 
QMA.  The  dominant  cracking  product  is  N2  which  is  due  its  high  binding  energy  not 
appropriate  for  growth  of  nitrides.  However,  on  surface  cracking  (OSC)  of  NH3  results  in 
excellent  GaN  material  quality.  Photoluminescence  at  5K  reveals  near  band  edge  emission 
with  linewidths  of  5.5  meV  at  3.48  eV.  Electrical  transport  measurements  show  electron 
mobilities  of  220  cm^/Vs  for  concentrations  of  2x10^^  cm"^.  GaN  layers  with  background 
carrier  concentrations  in  the  1x10^^  cm“^  range  are  found  to  have  high  concentration  on 
either  traps  or  holes.  X-ray  data  prove  a  FWHM  of  450  arcsec. 

From  those  promising  data  we  conclude  that  OSC  of  ammonia  offers  an  excellent 
N  source  for  MBE  growth  of  GaN.  It  is  economical,  reliable,  easy  to  maintain,  highly 
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reproducible,  unsophisticated  and  the  requirements  to  the  injector  are  very  low  compared 
to  every  plasma  source. 
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ABSTRACT 

The  kinetics  of  Ga  incorporation  during  gas-source  molecular  beam  epitaxy  of  GaN  are 
investigated  for  varying  substrate  temperature  and  incident  ammonia  flux.  Incident  Ga  atoms 
eventually  either:  1)  react  widi  NH3  to  form  GaN,  2)  accumulate  on  the  film  surface,  or  3)  desorb. 
Low  substrate  temperatures  lead  to  significant  Ga  surface  accumulation  due  to  the  temperature- 
dependent  reactivity  of  NH3  towards  Ga.  High  substrate  temperatures  give  rise  to  significant  Ga 
desorption.  Increasing  NH3  flux  retards  both  Ga  surface  accumulation  and  Ga  desorption.  The 
GaN  formation  rate  variation  with  substrate  temperature  peaks  near  750”C  and  increases  with  NH3 
flux.  The  observation  of  two  distinct  and  very  low  activation  energies  for  Ga  desorption  suggests 
a  relatively  complex  surface  chemistry  and  a  strong  likelihood  that  hydrogen  is  playing  an 
important  role. 

INTRODUCTION 

Group  rH-nitride  semiconductor  heterostructures  show  great  potential  for  applications  in 
ultraviolet/visible  photonics  and  high  temperature  and  high  power  electronics.’  However,  issues 
of  substrate  availability,  limited  growth  rates,  and  high  intrinsic  point  defect  generation  rates  have 
slowed  progress  in  developing  these  materials.  It  is  likely  that  a  fundamental  understanding  of  the 
surface  processes  occurring  during  growth  will  pave  the  way  towards  the  realization  of  higher 
growth  rates  and  lower  intrinsic  defect  generation  rates. 

In  this  study  we  investigate  the  kinetics  of  Ga  incorporation,  over  a  range  of  substrate 
temperature  and  incident  NH3  flux,  during  gas  source  MBE  (GSMBE)  growth  of  GaN.  The  in- 
situ  sensor  technique  of  desorption  mass  spectrometry^  (DMS)  is  employed  for  real-time 
monitoring  of  the  Ga  desorption  rate  during  GaN  growth  and  for  deteimination  of  the  Ga  surface 
accumulation  rate  via  temperature-programmed  desorption  (TPD)  measurements  pertonned 
immediately  upon  growth  interruption.^  The  GaN  formation  rate  is  then  determined  by  mass 
balance. 

EXPERIMENTAL 

Growths  were  performed  on  two-inch  indium-bonded  (0001)  sapphire  substrates  in  a  highly 
modified  Varian  360  MBE  chamber,  which  is  pumped  by  a  2400  Vs  diffusion  pump  equipped  with 
a  liquid  nitrogen-cooled  optically  opaque  baffle.  This  system  is  capable  of  producing  state-ot-the- 
ait  GaN  in  terms  of  opticcd  and  structural  properties.'*  A  contact  thermocouple  is  used  for  substrate 
temperature  sensing.  Desorption  monitoring  is  performed  with  a  differentially  pumped,  shuttered, 
quadrupole  mass  spectrometer  which  has  direct  sight  of  approximately  the  center  1.5  inch  diameter 
region  of  the  substrate.  A  novel  gas  cracker  cell^  is  used  in  the  uncracked  mode  to  supply  NH3  as 
the  nitrogen  source;  the  NH3  flux  is  controlled  by  a  manual  precision  leak  valve.  Prior  to  the 
experiments,  a  suitable  GaN  buffer  layer  of  thickness  of  ~  500  nm  is  first  deposited  to  ensure  a 
reproducible  starting  surface. 

The  GaN  formation  rate  (Rg^n),  Ga  surface  accumulation  rate  (JGa,accum)»  Ga  desorption  rate 
(^Gadworb)  during  growth  are  determined  for  the  substrate  temperature  (Tj.)  range  of  625  to  875  “C 
for  three  different  NH3  flux  (J^hs)  values:  1.0  x  10'®  torr,  1.0  x  10'®  torr,  and  1.0  x  10  '*  torr.  Tlie 
incident  Ga  flux  (jQg)  is  held  constant  at  0.30  monolayers  per  second  [(ML)/sec].  Tlie 
comesponding  V/III  incident  flux  ratio  (Inhs/Jcs)  then  varies  from  ~10  to  ~10^ 

TTie  Ga  desorption  rate  during  growth  is  determined  by  DMS  monitoring  of  the  69  amu  peak. 
The  Ga  surface  accumulation  rate  is  determined  by  integrating  the  69  amu  peak  during  TPD 
analysis^  performed  immediately  after  growth  and  normalizing  by  the  growth  time.  The  TPD 
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analysis  is  carried  out  in  the  absence  of  NH3  flux  in  order  to  eliminate  the  possibility  that  surface 
Ga  atoms,  which  accumulated  during  the  growth  cycle,  can  react  during  the  TPD  measurement  to 
form  GaN.  Additionally,  we  have  verified  that  the  underlying  GaN  does  not  dissociate  during 
TPD  andysis,  which  is  as  expected  based  on  its  relatively  high  enthalpy  of  formation  (-110.5 
kJ/mol ).  The  GaN  formation  rate  is  then  determined  by  mass  balance:  -  Joa  desorb  ‘ 

^Oa,accum* 

RESULTS  AND  DISCUSSION 


Figure  1  shows  the  variation  of  Jqa^orb 
with  time  during  the  [GaN  growthOTD] 
sequence  for  =  1.0  x  10*^  torr.  Data  is 
shown  for  three  T,  values:  a)  650  °C,  b)  700 
°C,  and  c)  750  ®C.  The  Ga  shutter  is  opened 
at  t  =  120  sec,  initiating  GaN  growth  and  Ga 
surface  accumulation.  The  Ga  desorption 
rate  JGa,d«ofb  is  significant  for  all  three  T.  and 
increases  with  increasing  T,.  At  t  =  135  sec 
growth  is  interrupted  by  closing  both  the  Ga 
and  NH3  shutters  and  closing  off  the  NH3 
supply  leak  valve.  TPD  analysis  is  initiated 
immediately  upon  growth  interruption  by 
heating  the  staple  at  constant  current, 
causing  T^  to  rise  monotonically  with  time 
from  the  growth  temperature  to  reach  a  final 
value  of  ~  875  °C  at  t  =  420  sec.  All  of  the 
surface  accumulated  Ga  desorbs  between  t  = 

280  and  420  sec,  giving  rise  to  the  observed 

Ga  TPD  pe^,  the  area  under  which  provides  pig.  1.  Plot  of  Ga  desorption  rate  vs  time  during 
a  quantitative  measure  of  the  surface  the  GaN  growth/TPD  sequence  for  three  different 
accumulated  Ga  population  resulting  from  growth  temperatures.  The  incident  NH3  flux  was 
the  GaN  film  growth.  Visual  inspection  l.OxlO’*  torr. 
shows  that  the  area  of  the  TPD  peak 

decreases  with  increasing  T^.  Similar  data  obtained  for  other  values  of  T^  and  Jnh3  show  the  same 
qualitative  behavior. 


Time  (>ec) 


Note  in  Fig.  1  that,  for  the  two  lowest  T.  values,  JGa,desorb  drops  with  time  during  GaN  growth. 
This  reproducible  phenomenon  is  not  understood  at  present,  although  it  may  be  due  to  a  drop  in 
surface  temperature  associated  with  the  change  in  surface  emissivity  accompanying  surface  Ga 
accumulation.  It  also  may  be  related  to  the  relatively  poor  GaN  surface  morphology  and  the 
relatively  high  density  of  dislocations  present  due  to  the  relatively  large  lattice  mismatch  between 
the  GaN  film  and  Ae  sapphire  substrate.  Additional  experiments  are  planned  to  discern  the 
mechanism  giving  rise  to  this  effect.  For  the  analysis  below  we  simply  use  the  average  value  of 
JGa.desorb  observod  during  GaN  growth. 

In  Fig.  2  the  (average)  magnitude  of  JGa,d«orb  during  GaN  growth  is  plotted  versus  T^  for 
varying  Jj^.  As  observed,  the  magnitude  of  J^desoA- 1)  finite  for  all  conditions  investigated,  2) 
grows  monotonically  with  T^,  3)  increases  rapidly  near  T^  ~  700  °C,  and  4)  flattens  out  for  the 
highest  Tg  values.  The  inset  shows  an  Arrhenius  plot  [ln(JGa,desorb)  vs  l/TJ  for  =  1.0  x  10’^ 
torn  Two  distinct  activation  energies  are  observed  with  two  associated  T^  regimes.  The  rate- 
limiting-step  for  Ga  desorption  is  found  to  have  an  associated  activation  energy  of  1.4  ±  0. 1  eV  for 
^  740  V  anH  0  4  +  01  f<^r  7/10  Or*  375  oq  Similar  plots  (not  shown)  for 

energy  of  1.4  eV  in  the  low  T^  regime  and  a 
The  negligible  barrier  at  higher  T,.  gives  rise 
^3.  We  interpret  this  behavior  as  follows: 
^e  surface  lifetimes  of  both  Ga  and  NH3  are  so  short  lor  T,  >  800  °C  that  they  essentially  desorb 
immediately  after  incidence  unless  they  encounter  each  other  at  the  time  of  incidence;  if  an 
encounter  is  made,  reaction  occurs.  The  likelihood  of  such  an  encounter  would  be  relatively 
independent  ofT^. 


the  two  lower  values  of  Jj^j  show  the  same  activation 
negligible  energy  barrier  for  desorption  at  higher  T^. 
to  the  flat  region  in  Fig.  2  for  the  two  lower  values  of 
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Fig.  2.  Variation  of  Ga  desorption  rate  with 
substrate  temperature  for  varying  incident  NH, 
flux.  The  relative  fraction  of  Ga  desorbed  is 
shons  on  the  right  axis.  An  Arrhenius  plot  for 
Jnh3  =  1.0x10  *  torr  is  shown  in  the  inset. 
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Fig.  3.  Variation  of  Ga  surface  accumulation 
rate  with  substrate  temperature  for  varying 
incident  NHj  flux.  The  relative  fraction  of  Ga 
accumulated  is  shown  on  the  right  axis. 


Integration  of  the  area  under  the  TPD  peak  (see  Fig.  1)  gives,  when  normalized  by  the  growth 
time,  the  Ga  surface  accumulation  rate,  which  is  plotted  in  Fig.  3  as  a  function  of  for  the  three 
values  of  Significant  Ga  surface  accumulation  occurs  at  Ae  lower  values  investigated,  with 
the  tendency  for  Ga  to  accumulate  at  the  surface  increasing  when  Jj^jis  reduced.  For  instance,  for 
growth  at  =  750  °C,  44%  of  incident  Ga  atoms  remain  on  the  surface  for  =  1.0  x  10'®  torr, 
24%  of  incident  Ga  atoms  remain  on  the  surface  for  =  1.0  x  10’^  torr,  and  negligible  Ga 
accumulation  occurs  for  =  1,0  x  10  *  torr.  The  tendency  for  Ga  to  accumulate  at  the  growth 
surface  at  low  was  previously  reported^  on  for  the  same  growth  system:  GSMBE  of  GaN  using 
NH3.  The  increase  in  accumulation  rate  for  decreased  NH3  flux  is  consistent  with  simple  mass 
action  considerations. 


By  subtracting  the  Ga  surface  accumulation  rate  and  the  Ga  desorption  rate  from  the  incident 
Ga  flux,  the  GaN  formation  rate  is  determined.  The  dependence  of  the  GaN  formation  rate  on  T^  is 
shown  in  Fig.  4  for  the  three  different  values  of  investigated.  The  GaN  formation  rate  is  seen 
to  peak  near  T^  =  750  °C,  with  the  exact 


peak  temperature  being  larger  for  increased 
J]^3.  At  lower  and  higher  T.  values  the 
GaN  formation  rate  is  reduced  due  to 
effects  of  Ga  surface  accumulation  and 
desorption,  respectively.  The  GaN 
formation  rate  is  seen  to  increase  with  Jfjjj3 
at  all  Tjj  values,  which  is  consistent  wiUi 
considerations  of  mass  action.  Note  that 
these  calculated  GaN  formation  rates  are 
consistent  with  ex-situ  analyses  on  GaN 
films*  grown  in  the  same  GSMBE  system. 

The  tendency  to  accumulate  Ga  at  low 
T^  is  explained  by  the  relatively  low 
reactivity  of  NHj  towards  Ga  at  low  T^ 
values,  as  previously  observed.^  The 
dependence  of  Ga  desorption  on  T,  is  more 
difficult  to  understand.  The  observed 
activation  energies  of  1.4  eV  and  0.4  eV  for 


Ga  desorption  are  significantly  lower  than  Fig.  4.  Variation  of  GaN  formation  rate  with 
2.8  eV,  the  enthalpy  of  vaporization  of  substrate  temperature  for  varying  incident  NHj  flux, 
liquid  Ga.^  The  presence  of  two  distinct  The  relative  GaN  formation  efficiency  is  shown  on 
activation  energies  suggests  the  presence  of  the  right  axis. 
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two  different  precursor  states  to  desorption  for  the  two  respective  regimes,  with  both  precursors 
significantly  more  weakly-bound  that  a  Ga  atom  at  the  surface  of  liquid  Ga.  It  is  difficult  to 
postulate  a  surface  Ga  species  which  would  have  such  a  small  surface  binding  energy,  unless  the 
presence  of  hydrogen,  which  is  abundant  in  this  growth  system,  is  invoked.  Indeed,  we  believe 
that  hydrogen  is  playing  a  role:  Ga  physisorbed  to  a  hydrogen-terminated  GaN  surface  would  be 
expected  to  have  a  low  surface  binding  energy.  The  presence  of  two  different  precursor  states  to 
desorption  suggests  two  different  hydrogen-terminated  sites  from  which  Ga  atoms  desorb.  We 
speculate  that  Ae  low  temperature  desorption  precursor  site,  associated  with  a  1.4  eV  desorption 
activation  energy,  is  a  hydrogen-terminated  liquid  Ga  “pool”  which  is  microscopic  in  size,  the 
population  of  which  becomes  negligible  above  ~  750  to  800  °C  (depending  on  the  incident  NH3 
flux),  which  corresponds  to  the  temperatures  above  which  negligible  Ga  surface  accumulation 
occurs.  We  speculate  that  the  high  temperature  desorption  precursor  site,  associated  with  a  0.4  eV 
desorption  activation  energy,  is  a  hydrogen-terminated  GaN  site. 

Under  the  assumption  that  hydrogen  is  playing  an  important  role  in  the  Ga  desorption  kinetics, 
we  would  expect  that  those  kinetics  will  change  significantly  for  the  case  of  non-hydrogen 
containing  growth  chemistries,  such  as  ECR  Nj-based  GSMBE  growth.  We  plan  to  perform 
similar  Ga  desorption  studies  using  alternate  growth  chemistries  in  the  near  future. 

CONCLUSIONS 

The  gas  source  molecular  beam  epitaxy  growth  of  GaN  from  atomic  Ga  and  NHj  beams  is 
characterized  by  significant  Ga  surface  accumulation  at  low  growth  temperatures  and  significant  Ga 
desorption  at  high  growth  temperatures.  These  effects  combine  to  produce  a  peaked  dependence  of 
the  GaN  formation  rate  on  temperature.  The  GaN  formation  rate  increases  with  increasing  NH  j 
flux,  with  a  concommitant  decrease  in  both  the  process  of  Ga  surface  accumulation  and  Ga 
desorption.  Two  distinct  desorption  activation  energies,  associated  with  differing  growth 
temperature  ranges,  are  observed  and  are  consistent  with  the  presence  of  two  distinct  desoiption 
precursor  states  -  one  or  both  of  which  may  involve  hydrogen.  These  results  are  consistent  with 
the  relatively  low  reactivity  of  NH3  towards  Ga  at  low  Tj.  and  indicate  a  relatively  complex  surface 
chemistry. 
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ABSTRACT 

Electron  Cyclotron  Resonance  Plasma  Assisted  Molecular  Beam  Epitaxy  (ECR-MBE)  and 
Gas  Source  Molecular  Beam  Epitaxy  (GSMBE)  have  been  used  to  grow  hexagonal  GaN  on  Si 
(111).  In  the  ECR-MBE  configuration  high  purity  nitrogen  has  been  used  as  nitrogen  source.  In 
GSMBE  ammonia  was  supplied  directly  to  the  substrate  to  be  thermally  cracked  in  the  presence 
of  gallium. 

By  a  combined  application  of  in-situ  reflection  high-energy  electron-diffraction  (RHEED)  and 
cross-sectional  transmission  electron  microscopy  (TEM)  the  growth  mode  and  structure  of  GaN 
were  determined.  The  growth  mode  strongly  depends  on  growth  conditions.  Quasi  two 
dimensional  growth  was  observed  in  ECR-MBE  configuration  for  a  substrate  temperature  of 
640°C  while  three  dimensional  growth  occured  in  GSMBE  configuration  in  the  temperature 
range  from  640  to  800°C. 

Low  temperature  (9  K)  photoluminescence  spectra  show  that  for  samples  grown  by  ECR- 
MBE  and  GSMBE  a  strong  near  band  gap  emission  peak  dominates  while  transitions  due  to  deep 
level  states  are  hardly  detectable.  The  best  optical  results  (the  highest  near  band  gap  emission 
peak  intensity)  have  been  observed  for  samples  grown  by  GSMBE  at  high  temperature  (800°C). 
This  could  be  explained  by  the  increase  of  grain  dimensions  (up  to  0,3  -  0,5  pm)  observed  in 
samples  grown  by  GSMBE  at  800®C. 


INTRODUCTION 

The  group  III  nitrides  are  intensively  investigated  because  of  their  particular  physical 
properties.  Among  them  much  interest  is  devoted  to  gallium  nitride  :  its  band-gap  (Eg  =  3.4  eV) 
gives  access  to  optoelectronics  in  the  blue  and  ultraviolet  range  [1]  and  its  high  thermal  stability 
makes  it  an  advantageous  material  for  devices  working  at  high  temperature  [2].  However,  during 
the  growth  of  GaN  we  have  to  face  serious  problems  :  GaN  can  occur  in  either  hexagonal 
(wurtzite)  or  cubic  (zinc  blende)  structure,  and  often  both  polytypes  appear  in  the  same  epitaxial 
layer,  leading  to  stacking  faults.  Moreover,  it  has  a  large  lattice  mismatch  with  substrates 
currently  used  in  microelectronics  like  Si  and  GaAs  (16.6%  and  19.9%  respectively).  Relatively 
little  work  has  been  done  on  other  substrates  that  AI2O3.  Concerning  silicon,  Lei  et  al.  [3] 
reported  GaN  growth  on  low  temperature  (400°C)  GaN  buffer  layer,  Watanabe  et  al,  [4], 
Stevens  et  al.  [5]  and  Meng  et  al.  [6]  reported  GaN  growth  on  AIN  buffer  layer  on  Si  (1 1 1)  by 
Electron  Cyclotron  Resonance  Plasma  assisted  Molecular  Beam  Epitaxy  (ECR-MBE)  and  Metal 
Organic  Chemical  Vapor  Deposition  (MOCVD). 

In  the  present  paper  we  report  GaN  growth  on  AIN  buffer  layer  on  Si  (1 1 1)  by  ECR-MBE 
and  Gas  Source  Molecular  Beam  Epitaxy  (GSMBE).  The  aim  of  this  work  is  to  compare 
structural  and  optical  properties  of  GaN  grown  by  ECR-MBE  with  GaN  grown  by  GSMBE  on 
Si  (111)  substrates. 
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EXPERIMENT 


The  GaN  and  AIN  films  were  grown  in  a  RIBER  MBE  2300  chamber.  The  home-made  2.45 
GHz  ECR  plasma  source  used  in  this  experiment  was  described  elsewhere  in  detail  [7].  In  the 
ECR-MBE,  molecular  nitrogen  (Air  Liquide  N  70)  was  supplied  to  produce  active  nitrogen 
species  via  the  plasma  source.  In  GSMBE  high  purity  ammonia  (Air  Liquide  ULSI  grade)  was 
supplied  directly  to  the  substrate  and  thermally  cracked  in  the  presence  of  gallium. 

Conventional  Knudsen  effusion  cells  were  used  for  the  gallium  and  aluminium  evaporation 
(Ga,  A1  7  N).  The  substrates  used  in  this  study  were  p-type  phosphorus-doped  (30  D  cm’’)  Si 
(111).  The  buffer  AIN  layers  were  grown  by  ECR-MBE  at  substrate  temperatures  ranging  from 
540°C  to  800°C  at  growth  rate  of  about  300  A/h.  The  GaN  layers  were  grown  by  ECR-MBE  and 
GSMBE.  The  GaN  growth  rate  in  ECR-MBE  configuration  was  200  to  500  A/h.  In  GSMBE  the 
growth  rate  was  about  0.5  pm/h.  The  in-situ  characterization  has  been  done  by  reflection  high- 
energy  electron  diffraction  (RHEED)  at  1 5  keV,  the  ex-situ  structural  characterization  by  cross- 
sectional  transmission  electron  microscopy  (TEM)  using  a  JEOL  4000  EX  microscope.  A  He-Cd 
laser  has  been  used  for  low  temperature  (9  K)  photoluminescence  observations. 

AIN  buffer  layer  growth 

Prior  to  AIN  buffer  layer 
growth,  silicon  substrates  were 
outgassed  at  200“C  and  the 
protective  oxide  was  desorbed  at 
850°C.  The  well  known  Si  (111) 

7x7  reconstruction  was  observed 
after  oxide  desorption.  The 
RHEED  patterns  of  the  AIN  films 
grown  by  ECR-MBE  at  540®C, 

640°C  and  800°C  are  shown  in 
Fig.  1.  All  films  are 
monocristalline  in  epitaxial 
relationship  with  the  silicon 
substrate:  a-AlN(OOOl)  [1120]// 

Si(lll)  [iTO]. 

GaN  growth  bv  ECR-MBE 

GaN  films  have  been  growth  by 
ECR-MBE  at  640°C  on  AIN 
buffer  layers  prepared  at  three 
different  temperatures;  540®C, 

640°C  and  800°C.  As  can  be  seen  from  Fig.  2  the  AIN  buffer  layer  growth  temperature  has  a 
strong  effect  on  GaN  RHEED  image.  A  GaN  film  deposited  on  AIN  buffer  layer  grown  at  640°C 
reveals  almost  two  dimensional  growth  mode.  For  GaN  deposited  on  AIN  buffer  layer  grown  at 
higher  (800°C)  and  lower  (540°C)  temperatures  the  GaN  growth  mode  is  intermediate  between 
two  dimensional  and  three  dimensional.  Epitaxial  relationship  of  GaN  with  AIN/Si  (111)  deduced 
from  RHEED  pattern  observation  is:  a  -  GaN  (0001)  [1120]//  a  -  A1  N  (0001)  [1120]  //  Si 
(1 11)  [110].  The  TEM  images  give  more  information  on  the  structure  of  these  layers.  Low 


ECR-MBE  on  Si  (1 1 1)  (a):  Si  (1 1 1)  7x7  ;  (b)  (c)  (d)  :a  - 
AIN  grown  on  Si  (1 1 1)  at  different  substrate  temperatures: 
(b)  -  540°C,  (c)  -  640°C,  (d)  -  800X  ;  (i)  [iTO]  e’  azimut 
(ii)  [1 120]  e'  azimut. 
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resolution  TEM  image  of  GaN  /  AIN  /  Si  (1 1 1)  is  shown  in  Fig.  3.  For  this  sample  the  AIN  buffer 
layer  has  been  grown  at  640°C.  High  density  of  dislocations  (lO'Vcm^)  is  clearly  observed  in  AIN 
buffer  layer.  The  first  250  A  contain  stacking  faults,  dislocations  and  even  some  cubic  zones.  The 
surface  of  600  A  AIN  buffer  layer  is  smooth  and  dislocations  observed  in  AIN  seems  not  to 


extend  in  GaN  epilayer.  The  crystallinity  of  GaN  films 
examined  ex-situ  by  TEM  indicates  growth  made  by  grain 
formation.  The  diameter  of  grains  is  in  the  range  of  1200  to 
1600  A  for  GaN  film  thickness  of  500/600  A.  The  GaN  surface 
roughness  depends  on  AIN  buffer  layer  growth  temperature. 
For  AIN  grown  at  540°C,  640°C  and  800°C  GaN  surface 
roughness  revealed  by  TEM  investigations  is  respectively  150 

A,  100  A,  200  A. 


GaN  grown  bv  GSMBE 

Using  ammonia  instead  of 
nitrogen  plasma  allows  to  increase 
the  growth  rate  of  GaN.  The 
RHEED  pattern  of  the  GaN  films 
grown  at  640°C  with  a  growth 
rate  of  0.6  pm/h  on  A1N/Si(lll) 
are  shown  in  Fig.  4.  The  GaN 
layer  thickness  is  about  8000  A. 


rate  ot  u.t>  pm/n  on  AiiN/biUiU  (bl 

are  shown  in  Fig  4.  The  GaN  rheED  pattern  of  a-GaN  grown  by  ECR-MBE  on 

layer  thickness  is  about  8000  A.  — ^  ^  -kt  f  /  ^Af^or- 

Unlike  the  GaN  grown  by  ECR-  “-A1N/S.(in)  i  a-GaN  growth  tempera  ure  640  C  a- 
MBE  the  RHEED  image  of  GaN  AIN  buffer  layer  growth  temperature  :(a)  -  540  C,  (b)  - 

grown  by  GSMBE  shows  three  640°C,  (c)  -  800°C  ;  (i)  [1120]  e  azimut. _ 

dimensional  growth  mode  even  for  sample  thickness  as  high  as  8000  A. 

This  three  dimensional  growth  mode  has  been  observed  for  all  growth  temperatures  under 


investigations  from  640°  to  800°C.  The  TEM  investigations  shown  in  Fig.  5  confirm  columnar 


morphology  of  GaN  epilayer  and 
extremely  rough  surface.  Many 
columns  are  terminated  by  (1011) 
facets  which  give  the  triangular  aspect 
of  the  GaN  surface.  Grain  (column) 
dimensions  increase  with  growth 
temperature.  For  the  GaN  grown  at 
640°C  the  size  of  the  grain  is  0.06-0.07 
pm  while  for  the  GaN  grown  at  800°C 
grain  size  increase  to  0.3 -0.5  pm. 


Optical  properties  of  GaN 


Photoluminescence  is  an  extremly 
powerful  tool  used  to  determine  the 
quality  of  the  sample.  Pure  GaN 
exhibits  a  band  edge  low  temperature 
photoluminescence  (PL)  with  three 
free  excitons  at  3.475  eV,  3.482  eV 
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and  (3.493  -  3.498)  eV  [8].  The 
so  called  yellow  band  observed 
around  2.2  eV  [9]  appears  in 
samples  contaminated  by  carbon 
[10]  however  its  origin  is  still 
unexplained.  Fig.  6  shows  low 
temperature  (9  K)  PL  spectra  of 
GaN  elaborated  by  ECR-MBE 
and  GSMBE.  All  spectra  are 
dominated  by  near  band  edge 
transitions.  PL  spectra  of  GaN 
grown  by  ECR-MBE  is  dominated 
by  a  3.462  eV  peak  which  can  be 
attributed  to  exciton  bound  to  neutral  donnor  D°X  [11].  A  weak  free  exciton  peak  could  be 
observed  at  3.497  eV  and  the  3.266  eV  peak  could  be  tentatively  assigned  as  donor  -  acceptor 


GaN  eurfafce 


at 

ot:  titSM 


Fig.  5:  TEM  image  of  a-GaN  grown  by 
GSMBE  on  a-AlN/Si(l  11),  a-GaN  growth 
temperature  640®C  ;  a-AlN  buffer  layer  grown 
by  ECR-MBE  at  640®C  ;  (a)  -  low  resolution 
TEM  image,  ch  -  chimney,  gb  -  grain  boundaries 


transitions  D°A°  [12]. 

The  same  transitions  are  observed  in  low  temperature  PL 
spectrum  of  GaN  grown  by  GSMBE  at  750®C  and  800°C.  In 
PL  spectrum  of  GaN  grown  at  800°C  the  transition  at  3.455 
eV  (D°X  or  A°X)  has  the  highest  intensity  of  all  samples 
under  investigation  in  this  work.  However  some  new  peaks 
appear  in  PL  spectra  of  GaN  grown  by  GSMBE  compared  to 
ECR-MBE.  Transitions  at  3.410  eV  are  not  yet  identified 
being  probably  related  with  radiative  recombinations  involving 
impurity  levels. 

The  most  striking  observation  is  the  extremely  high  quality 
of  photoluminescence  observed  in  all  samples  under 
investigation.  No  essential  differences  exist  in  PL  spectra 
between  GaN  grown  by  ECR-MBE  and  GSMBE  ;  however 
structural  properties  are  drastically  different.  Almost  two 
dimensional  growth  occured  in  ECR-MBE  ;  columnar 

-  morphology  has  been  observed  in  GSMBE. 

Comparing  our  TEM  observation  with  PL 
^  (t*)  data  the  increase  of  PL  intensity  for  sample 
grown  at  800°C  by  GSMBE  could  be 
attributed  to  high  grain  dimensions  in  this 
sample  (0.3  -  0.5  pm).  For  all  samples  under 
investigation  the  ratio  of  near  band  edge 
emission  to  the  so  called  yellow  band  was 
extremely  high  being  respectively  200,  300 
and  1000  for  a-GaN  grown  by  ECR-MBE  at 
N  grown  by  640''C  and  GSMBE  at  750°C  and  800°C. 


CONCLUSION 


ECR-MBE  and  GSMBE  have  been  used  to 


;  (b)  -  high  resolution  TEM  image  showing  grow  a  -  GaN  on  Si  (111)  substrates.  Prior 


hexagonal  chimney. 


to  GaN  growth  the  AIN  buffer  layer  has  been 
deposited  by  ECR-MBE.  Almost  two 
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dimensional  growth  occured  in  ECR-MBE  while  three  dimensional  columnar  growth  has  been 
observed  in  GSMBE  for  all  substrate  temperatures  under  investigation  (from  640®C  to  800°C). 
The  ammonia  used  in  GSMBE  considerably  increases  the  growth  rate  of  GaN.  In  our  experiment 
the  growth  rate  in  ECR-MBE  was  about  300  A/h  ;  in  GSMBE  the  growth  rate  as  high  as  0,6 
pm/h  was  easily  achieved.  Even  higher  growth  rate  (1  pm/h)  has  been  reported  by  Z.  Yang  et  al 
[13]  for  a-GaN  grown  on  AI2O3  by  GSMBE  using  a  -  GaN  low  temperature  ECR-MBE  grown 
buffer  layer.  Two  dimensional  growth  has  been  observed  even  for  substrate  temperatures  as  low 
as  750°C.  R.C.  Powell  et  al  [14]  reported  three  dimensional  to  two  dimensional  transition  for  a  - 
GaN  grown  on  Si  (111)  by 
GSMBE  at  Ts  >  770°C.  Clearly 
further  work  is  necessary  to 
explain  why  this  transition  was 
not  observed  in  our  experimental 
conditions.  The  influence  of  the 
nature  of  the  buffer  layer  on  a  - 
GaN  growth  mode  in  GSMBE 
needs  clearly  to  be  investigated. 

The  most  striking  observation  in 
our  experiment  is  the  extremely 
high  quality  of  low  temperature 
photoluminescence  spectra 
observed  for  our  samples  ;  no 
essential  differences  exist  in  PL 
spectra  between  samples  grown  by  ECR-MBE  and  GSMBE.  The  near  band  edge  transition 
intensity  increases  with  GaN  grain  dimensions  and  dominates  the  PL  spectra  despite  the  high 
density  of  dislocations  and  vertical  faults  observed  inside  the  grains. 
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ABSTRACT 

We  report  on  methods  for  the  gro-wth  of  GaN  by  MBE  directly  on  6H-SiC  substrates.  The 
films  were  doped  p-type  by  the  incorporation  of  Mg  and  the  samples  were  characterized  by 
studying  their  structure  and  morphology  by  RHEED,  XRD  and  SEM  and  their  recombination 
properties  by  photoluminescence  measurements.  The  undoped  films  were  found  to  be  atomically 
smooth  with  2x2  surface  reconstruction  and  have  an  x-ray  rocking  curve  with  a  FWHM  of  3.5 
arcmin.  The  photoluminescence  spectra  indicate  that  recombination  is  dominated  by  transition 
across  the  gap.  The  p-type  doped  films  have  a  rocking  curve  with  FWHM  of  6,5  arcmin,  and  the 
majority  of  recombination  occurs  through  D-A  transitions  at  3.26  eV. 

INTRODUCTION 

Employment  of  6H-SiC  substrates  for  the  growth  of  GaN  provides  a  number  of  advantages 
such  as  small  lattice  mismatch  (~3%),  compared  to  sapphire’s  (~13.8  %),  as  well  as  potential  for 
the  formation  of  Fabry-Perot  cavities  by  cleaving.  The  epitaxial  growth  of  GaN  on  6H-SiC 
substrates  generally  follows  the  predeposition  of  an  AIN  buffer  whose  growth  temperature  was 
reported  to  vary  from  500°  - 1 100 

The  epitaxial  growth  of  the  III-V  nitrides  directly  on  doped  SiC  is  important  for  the 
fabrication  of  vertical  devices.  The  direct  growth  of  GaN  on  SiC  for  the  fabrication  of 
heterojunction  bipolar  transistors  has  been  demonstrated^.  However,  for  the  fabrication  of  blue 
GaN  LEDs  an  AlGaN  buffer  was  employed"^.  Still,  for  the  realization  of  efficient  devices  it  is 
desirable  to  eliminate  any  buffer  layer  since  as  such  it  hinders  the  operation  of  the  device  by 
introducing  an  additional  series  resistance.  It  is  therefore  of  interest  to  identify  conditions  that 
allow  AlGaN  epitaxial  growth  directly  on  6H-SiC. 

In  this  paper  we  report  on  the  optimization  of  the  growth  of  GaN  directly  on  n-6H-SiC 
without  the  employment  of  an  intermediate  buffer.  Furthermore,  the  films  have  been  doped  p- 
type  and  preliminary  studies  of  the  junction  properties  of  the  p-GaN/n-SiC  heterojunctions  were 
conducted. 

EXPERIMENTAL  METHODS 

A  Varian  Gen  II  MBE  unit  equipped  with  an  ASTEX  compact  ECR  plasma  source  was  used 
for  the  work  reported  in  this  paper.  The  apparatus  has  been  described  in  detail  elsewhereU 
The  substrates  employed  in  this  study  were  Si-terminated  (0001)  6H-SiC^.  Prior  to  growth 
the  substrates  were  chemically  cleaned  using  the  RCA  procedure,  passivated  by  immersing  them 
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in  buffered  HF  for  5  minutes,  and  mounted  to  a  Mo  blocks  with  Mo  wires.  The  SiC  substrates 
were  degassed  in  the  MBE  buffer  chamber  at  400  °C  and  subsequently  heated  in  the  growth 
chamber  to  900  just  prior  to  growth.  Although  other  workers'  found  that  H-plasma  cleaning 
is  necessary  to  form  a  good  SiC  surface,  we  found  that  the  procedure  described  previously  lead  to 
surfaces  with  good  RHEED  patterns,  including  Kikuchi  lines  (see  Fig.  1). 

All  investigated  films  were  grown  at  800  °C  measured  by  a  thermocouple  in  the  back  of  the 
Mo  holder.  The  growth  rates  varied  up  to  0.5  pm/h  by  adjusting  the  Ga  flux  and  the  microwave 
power  in  the  ECR  discharge.  The  films  were  doped  p-type  by  subliming  Mg  from  an  effusion 
cell. 

X-ray  diffraction  (XRD)  studies  were  carried  out  in  a  four  circle,  double  crystal 
diffractometer  with  Co-  Kaj  radiation  as  the  excitation  source.  The  incoming  beam  was 
monochromated  using  a  single  Ge  crystal.  Photoluminescence  measurements  were  carried  out 
with  a  10  mW  He-Cd  laser.  A  0.5  m  grating  spectrometer  with  a  holographically  blazed  grating 
(1800  grooves/mm)  was  used  to  disperse  the  collected  light. 

EXPERIMENTAL  RESULTS 

Fig.  2  is  a  RHEED  pattern  of  an  undoped  GaN  sample.  It  is  important  to  note  that  these  data 
indicate  (2x2)  surface  reconstruction  occurring  during  the  growth  of  the  film.  Our  group  reported 
previously  surface  reconstruction  in  GaN  films  grown  on  sapphire  but  only  after  the  films  were 
cooled  down^.  The  surface  morphology  and  the  cross  sectional  view  of  the  same  film  is  shown 
in  Fig.  3.  These  data  indicate  that  the  surfaces  are  atomically  smooth  with  no  evidence  of 


Fig.  1:  RHEED  pattern  from  the  6H- 
SiC  substrate  exhibiting  Kikuchi  lines. 
The  electron  beam  is  along  the 
(11-20)  azimuth. 


Fig.  2:  RHEED  pattern  from  the  GaN 
film  exhibiting  (2x2)  surface 
reconstruction.  The  electron  beam  is 
along  the  (11-20)  azimuth. 
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Fig.  3:  SEM  cross  sectional  view  of  a  0.5  /am  thick  GaN film. 

Marker  represents  1  pm 

columnar  morphology.  In  some  areas,  however,  we  have  observed  that  the  film  maps  out 
scratches  on  the  SiC  substrate.  The  surface  morphology  of  the  p-type  films  was  similar  to  the 
undoped  films  however  the  RHEED  pattern  did  not  exhibit  surface  reconstruction. 

The  structure  of  the  films  was  further  investigated  by  XRD.  The  0-20  scans  of  the  (0002) 
peak  of  GaN  was  found  to  have  a  FWHM  of  less  than  4  arcmin  for  films  with  thickness  about  0.5 
pm.  The  best  FWHM  of  the  XRD  rocking  curve  was  found  to  be  3.5  arcmin  ,  as  shown  in  Fig.  4. 
However,  films  grown  under  various  growth  conditions  were  found  to  have  rocking  curves  with 
FWHM  up  to  9  arcmin.  For  p-type  doped  films  we  found  that  the  best  rocking  curve  has  a 
FWHM  of  6.5  arcmin  The  samples  were  also  investigated  by  conducting  /-scans.  This  study  is 
aiming  at  detecting  any  cubic  domains.  Fig.  5  shows  one  such  scan  in  the  (1-10/)  direction  where 
/  was  varied  between  0.5  -  3.5  reciprocal  lattice  units.  From  these  results  we  see  no  evidence  of 
cubic  domains.  However,  concentrations  less  than  1%  cannot  be  detected  by  x-rays  and  TEM 
studies  are  required. 


Theta  (arcsec)  Theta  (arcsec) 

a  b 

Fig  4:  a)  XRD  &-26  scan  of  the  (0002)  peak  of  GaN  and  the  (0006)  peak  of  6H-SiC.  The 
FWHM  of  the  GaN  peak  is  2.5  arcmin.  b)  XRD  rocking  curve  of  the  (0002)  for  an 
undoped  film.  FWHM  is  3.5  arcmin. 
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Intensity  (a.u.) 


The  samples  were  not  characterized  by  Hall  effect  measurements  due  to  the  conducting  SiC 
substrate.  However,  the  p-type  conductivity  of  the  films  was  ascertained  by  the  hot  probe 
method. 
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Fig.  5: 1  -scan  along  the  (1-1 01)  direction.  There  is  no  evidence  of  cubic  domains. 
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Fig.  6:  Photoluminescence  at  77K  of  an  Fig.  7:  Photoluminescence  at  77K  of  a 

undoped  GaN film.  The  FWHM  at  the  3. 45 e  V  lightly  doped p-GaN  film, 

peak  is  SOmeV. 
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Fig.  8: 1-V  characteristics  of  the  heterojunction  between  n-6H-SiC/p-GaN. 


Photoluminescence  studies  of  undoped  GaN  films,,  shown  in  Fig  6,  indicate  that  the 
recombination  is  dominated  by  transitions  at  3.45  eV  with  a  smaller,  broad  peak  at  2.2  eV.  The 
photoluminescence  of  the  p-type  films  shown  in  Fig  7  indicate  that  the  recombination  proceeds 
through  the  D-A  transitions  at  3.26  eV*. 

The  heterojunction  between  the  p-GaN  and  the  n-6H-SiC  was  also  investigated.  Ohmic 
contacts  to  SiC  were  formed  by  evaporating  sequentially  10  nm  of  Cr  and  100  nm  of  Al.  Pressure 
contacts  using  a  Au  wire  was  employed  on  the  GaN  side.  Typical  I-V  characteristics  is  shown  in 
Fig.  8.  The  reverse  breakdown  voltage  was  about  -10  V  and  the  diode  turn  on  voltage  is  between 
2-3  V.  These  devices  suffer  from  series  resistance,  however,  they  do  emit  blue  light  when  biased 
at  forward  bias  of  about  7-8  V. 

CONCLUSIONS 

The  studies  reported  in  this  paper  demonstrated  that  good  quality  GaN  can  be  grown  directly 
on  6H-SiC  without  the  employment  of  either  AIN  or  GaN  buffers.  The  films  were  found  to  have 
atomically  smooth  surface  morphologies,  exhibiting  (2x2)  surface  reconstruction  and  XRD 
rocking  curves  with  FWHM  of  3.5  arcmin.  Such  films  were  doped  with  Mg  p-type  and 
heterojunctions  between  substrate  and  film  was  found  to  be  rectifying  and  emit  blue  light  in  the 
forward  direction. 
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ABSTRACT 

The  growth  of  undoped  and  doped  GaN  and  AIGaN  films  on  off-axis  6H  SiC  substrates  was 
investigated  using  plasma-assisted  molecular  beam  epitaxy  (MBE).  Smooth  and  crack-free 
GaN  and  AIGaN  films  were  obtained;  the  best  results  occurred  at  the  highest  growth 
temperature  studied  (800°C)  and  with  a  40  to  50  nm  AIN  buffer  layer  grown  at  the  same 
temperature.  Carrier  concentrations  of  up  to  n  =  4  x  10^°  cm‘^  were  accomplished  with 
silicon,  with  a  40  to  50%  activation  rate  as  determined  by  secondary  ion  mass  spectrometry 
(SIMSf  Unintentionally  doped  Al^Gai.^N  (x~0.1)  was  n-type  with  a  carrier  concentration  of 
7  X  10‘^  cm■^  N-type  AIGaN  (x~0.1)/p-type  6H  SiC  (0001)  heterostructures  showed 
excellent  junction  characteristics  with  leakage  currents  of  less  than  0.1  nA  at  5  V  reverse  bias 
at  room  temperature  and  0.5  nA  at  200°C  operating  temperature. 

INTRODUCTION 

There  has  been  intense  interest  in  the  III-N  semiconductors  mainly  for  optoelectronics 
over  the  last  several  years.  Blue  light  emitting  InGaN/ AIGaN  diodes  (LEDs)  using 
metalorganic  vapor  phase  epitaxy  (MOVPE)  grown  layers  on  sapphire'  have  recently  become 
commercially  available.  There  have  been  recent  reports^  ''  of  blue- violet  emitting  LEDs  using 
molecular  beam  epitaxy  (MBE)-grown  material  as  well.  In  the  area  of  high  temperature,  high 
speed  electronic  device  applications  using  III-V  nitrides,  only  experimental  devices  to  date 
have  been  reported.  MOVPE  materials  have  been  used  to  demonstrate  GaN  metal- 
semiconductor  field-effect  transistors  (MESFETs)^’^  and  modulation-doped  field-effect 
transistors  (MODFETs)’  on  sapphire,  whereas  MBE  grown  materials  have  been  used  to 
fabricate  MODFETs  on  sapphire®  and  heterojunction  bipolar  transistors  (HBT)  on  6H  SiC®. 

It  is  not  clear  at  this  early  stage  which  of  the  two  film  growth  techniques  (MOVPE  and 
MBE)  will  ultimately  provide  better  quality  materials  for  high  speed  III-V  nitride  device 
development.  While  MOVPE  provides  a  higher  growth  rate  (up  to  2.5  |j.m/hr),  nitride  films 
grown  by  this  technique  must  be  electron-beam  or  thermally  annealed  to  activate  the  Mg  p- 
dopant.'"  Both  n-  and  p-type  doping  is  readily  achievable  in  the  MBE  technique,  but  the 
growth  rate  is  much  slower  (typically  0.1  jirn/hr).  Hughes  et  al."  have  recently  reported  that 
GaN  growth  rates  as  high  as  1 .0  p,mAir  can  be  achieved  by  MBE,  using  radio  frequency  (rf) 
plasma  source  instead  of  an  electron  cyclotron  resonance  (ECR)  source. 

We  have  chosen  MBE  as  the  growth  technique  for  our  initial  HI-V  nitride  epitaxial  film 
development  work.  SiC  has  been  chosen  as  the  substrate  material,  because  our  goal  is  to 
eventually  integrate  high  temperature,  high  speed  device  technology  based  on  III-V  nitrides 
with  the  silicon  carbide  device  technology  already  under  development.'^  Silicon  carbide  is 
also  a  logical  choice,  because  it  is  relatively  closely  lattice-matched  (3.5%  mismatch  to  GaN) 
and  has  the  highest  thermal  conductivity  among  the  available  substrates  for  GaN  and  AIGaN 
epitaxy. 

EXPERIMENTAL 

GaN  films  were  grown  on  6H  SiC(OOOl)  substrates  with  3°  tilt  towards  <  12 ro> (hereafter 
denoted  “off  axis”).  High  resistivity  (>1000  Q-cm)  substrates  were  used  except  for  the  n-p 
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structure  described  below.  The  experimental  set  up  and  the  SiC  substrate  cleaning  procedure 
have  been  described  in  a  separate  publication^'*  and  will  not  be  repeated  here.  GaN  films  were 
grown  at  temperatures  ranging  from  700®C  to  850°C  after  thermal  cleaning  of  the  SiC 
substrate.  Film  growth  experiments  were  performed  with  lOOA  to  500A  AIN  or  GaN  buffer 
layers  grown  at  temperatures  ranging  from  450°C  to  800®C.  A  thin  (~400A)  layer  of  AIN 
grown  at  800°C  was  found  to  provide  the  optimum  buffer  layer  for  the  subsequent  GaN  film 
growth.  GaN  films  grown  at  800°C  were  found  to  be  of  the  best  structural  and 
morphological  quality.  Other  optimum  growth  parameters  for  these  films  were  as  follows: 
plasma  power  at  25  W,  magnet  current  at  17  A,  nitrogen  flow  rate  of  2.5  seem  with  chamber 
pressure  at  2.5x10  '*  mbar,  Ga  effusion  cell  at  900“C,  and  A1  effusion  cell  at  950°C.  The  film 
growth  rate  ranged  from  600  to  lOOOA  per  hour.  Typical  film  thickness  was  about  1  |im. 

The  structural  and  morphological  quality  of  the  films  were  found  to  improve  with  increasing 
film  thickness.  Structural  quality  was  determined  by  x-ray  rocking  curve  measurement  of  the 

GaN  (0002)  reflection  using  CuKa  radiation.  Morphological  quality  was  determined  using 
optical  microscopy  and  scanning  electron  microscopy  (SEM).  Secondary  electron  mass 
spectrometry  (SIMS)  was  used  to  determine  the  compositional  profile,  including  dopant  and 
impurity  concentrations.  Hall  effect  measurements  were  performed  in  the  van  der  Pauw 
configuration  with  indium  contacts  at  the  comers  of  each  sample.  In  view  of  the  success  of 
Pankove  et  al.^  in  fabricating  an  HBT  on  a  6H  SiC  substrate  using  GaN  as  the  emitter,  we 
have  investigated  the  n-p  junction  characteristics  of  a  n-Al^  iGa^gN/p-SiC  diode.  The  test 
stmeture  and  the  results  are  shown  in  the  next  section. 

RESULTS  AND  DISCUSSION 

SEM  micrographs  of  1  |itm  thick  GaN  films  grown  on  an  off-axis  6H-SiC  substrate 
under  the  optimized  conditions  described  in  the  previous  section  showed  a  smooth,  crack-free 
surface.  X-ray  rocking  curve  full  width  at  half  maximum  (FWHM)  of  the  GaN(0002) 
reflection  ranged  between  9  and  20  arc-min.  This  is  indicative  of  reasonably  good  crystalline 
quality,  and  is  comparable  to  FWHM  values  reported  for  MBE-grown  GaN  films  on  6H-SiC 
by  other  researchers.*^  '^  Hughes  et  al.'*  have  recently  reported  a  FWHM  value  of  156  arc- 
sec  for  the  GaN(0002)  reflection  of  a  homoepitaxial  GaN  film  on  6H-SiC  by  MBE.  They 
reported  that  the  GaN  film  quality  depended  on  the  type  of  nitrogen  plasma  source;  a  rf  source 
providing  better  quality  films  than  an  ECR  source.  The  FWHM  value  of  156  arcsec  reported 
by  Hughes  et  al.*‘  is  comparable  to  the  value  of  66  arc-sec  reported  recently  by  Weeks  et  al.*’ 
for  the  GaN(0(304)  reflection  of  their  MOVPE-grown  GaN  film  on  vicinal  6H-SiC. 

Room  temperature  Hall  effect  measurements  gave  carrier  concentration  values  of  our 
undoped  GaN  films  of  <  1  x  10*®  cm■^  The  corresponding  mobility  value  was  unexpectedly 
low,  in  the  range  of  50  to  60  cmWs.  This  may  be  due  to  difficulties  in  making  Ohmic 
contacts  to  lightly  doped  or  undoped  material.  Other  contact  materials  as  well  as  use  of 
heavily  Si-doped  GaN  contact  layers  will  be  investigated  to  improve  Ohmic  behavior  for  these 
Hall  measurements.  Films  were  intentionally  Si  doped  over  a  wide  range  by  varying  the  Si 
effusion  cell  temperature  from  900-1200®C.  Figure  1  shows  the  carrier  concentration  and  Hall 
electron  mobility  as  obtained  from  room  temperature  Hall  measurements  as  a  function  of  Si 
cell  temperature.  Carrier  concentrations  from  4  x  10*’  to  as  high  as  4  x  10’**  cm  ’  were 
obtained,  with  corresponding  mobilities  ranging  from  130  to  20  cm’V  's  *.  The  electron 
mobilities  in  this  work  are  slightly  lower  for  a  given  carrier  concentration  than  those 
previously  reported  for  MOVPE  Si  doping*’  ”.  However,  carrier  concentrations  for 
intentiondly  doped  material  of  above  1x10’**  cm'’  have  not  previously  been  reported. 

SIMS  characterization  of  the  Si-doped  GaN  films  showed  that  the  Si  atomic 
concentration  was  constant  throughout  the  film  and  increased  abruptly  once  the  SiC  substrate 
is  reached.  Figure  2  shows  the  carrier  concentration  (as  obtained  from  Hall  measurements) 
and  the  atomic  concentration  of  Si  (as  obtained  by  SIMS)  in  the  doped  GaN  films  as  a 
function  of  Si  cell  temperature.  Approximately  40-50%  of  the  Si  in  the  films  was  electrically 
active.  This  is  within  the  range  of  electrical  activation  reported  by  other  researchers  for  Si 
doping  of  GaN’*'”. 
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Figure  1:  Results  of  room  temperature  Hall  effect  measurements  of  Si-doped  GaN  films 

grown  on  off-axis  6H-SiC,  showing  carrier  concentration  (filled  circles)  and 
mobility  (filled  squares)  as  a  function  of  silicon  effusion  cell  temperature. 


SEM  micrographs  of  undoped  Al^Gaj.^N  films  grown  6H-SiC  substrates  with  the 
previously  described  AIN  buffer  layer  showed  smooth,  crack-free  surfaces  similar  to  those  of 
GaN.  The  aluminum  concentration  of  an  undoped  film  grown  at  8(X)°C,  with  the  A1  effusion 
cell  at  950®C,  was  determined  by  two  different  techniques.  The  x  values  differed  in  each 
measurement,  giving  values  of  x=0.13  by  electron  microprobe  analysis,  and  x=0.07  by  SIMS 
analysis.  A  ^d  technique,  either  photoluminescence  or  high  resolution  x-ray  diffraction, 
will  be  used  in  the  near  future  to  determine  the  exact  aluminum  concentration  in  the  alloy. 
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Figure  2:  Atomic  Si  concentration  (filled  circles)  obtained  by  SIMS  and  carrier 

concentration  (filled  squares)  obtained  by  Hall  effect  measurements,  plotted  as 
a  function  of  silicon  e^sion  cell  temperature,  showing  40%  to  50%  activation 
of  the  Si  dopant  in  the  GaN  films  on  off-axis  6H-SiC. 
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Room  temperature  Hall  effect  measurement  showed  that  this  Al^Ga,.^N  film  was 
unintentionally  n-doped,  with  a  carrier  concentration  of  7xlO’Vcm^  and  a  mobility  of  23 
cmW-sec. 

In  order  to  investigate  the  n-AlGaN/p-SiC  junction  characteristics,  we  fabricated  the 
heterostructure  junction  diode  shown  in  Figure  3  on  a  p/p+  6H-SiC  substrate.  A  two-step 
emitter  structure  was  used,  the  first  layer  being  a  lightly  doped  n-type  AlGaN  to  keep  the  base- 
emitter  capacitance  low,  and  then  a  second  layer  of  higher  doped  n+  GaN  film  for  contact 
purposes.  We  used  cold  A1  contact  on  the  backside  and  cold  Cr/Ni  contact  on  the  emitter, 
which  was  also  used  as  a  mask  to  reactive  ion  etch  the  GaN/AlGaN  regions  using  BCI3. 

Figure  4  shows  the  I-V  characteristics  of  the  heterostructure  n/p  junction  diode  at  temperatures 
ranging  from  20°C  to  300°C.  As  expected,  the  forward  current  increases  with  temperature, 
accompanied  by  a  reduction  in  the  knee  voltage.  The  series  resistance  appears  to  be  high. 
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This  is  attributed  to  insufficient  ionization  of  the  A1  dopant  in  the  p-SiC  substrate.  Figure  5 
shows  the  forward  I-V  characteristics  on  a  log  current  scale.  The  linear  portion  of  the  plots 
corresponds  to  the  expected  exponential  I-V  characteristics  with  a  non-ideality  factor  of  1.4. 
The  non-ideality  factor  is  approximately  constant  from  room  temperature  to  300®C.  Again,  the 
series  resistance  of  the  substrate  is  extremely  high,  reducing  somewhat  at  higher  temperatures 
because  of  further  activation  of  the  A1  dopant  in  the  substrate  at  those  temperatures.  Reverse 
leakage  current  as  a  function  of  reverse  bias  is  shown  in  Figure  6.  Reverse  leakage  current  is 
less  than  100  pA  at  5  V  reverse  bias  at  room  temperature.  It  increases  to  0.5  nA  at  200°C  and 
to  2.5  nA  at  300°C.  Such  low  reverse  currents  are  indicative  of  a  junction  with  very  low 
defect  density. 
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Figure  6:  Reverse  I-V  characteristics  of  the  junction  diode  shown  in  Figure  3.  The  plot 

shows  the  reverse  current  (I)  in  nanoamperes,  as  a  function  of  reverse  voltage  (V)  at  four 
different  temperatures. 


CONCLUSIONS 

In  conclusion,  we  have  used  ECR  plasma-assisted  MBE  to  grow  undoped  GaN  and  AlGaN, 
as  well  as  n-doped  GaN,  that  are  comparable  in  structural  and  morphological  quality  to  those 
reported  by  other  researchers  using  MBE  on  6H-SiC  substrates.  Doping  levels  up  to  4  x  10^° 
cm’^  were  achieved  using  silicon,  and  a  calibration  curve  correlating  silicon  effusion  cell 
temperature  to  dopant  level  in  the  GaN  was  established  for  the  first  time  in  MBE  films. 
Comparison  of  electrical  results  with  SIMS  results  showed  that  between  40  and  50%  of  the 
incorporated  silicon  was  activated.  Unintentionally  doped  Al^^Gaj.^N  films  (x«  0.1)  were 
found  to  be  smooth  and  crack-free,  with  a  carrier  concentration  of  7.0x10' Vcm^.  A  junction 
diode  fabricated  with  n-Alg  iGa^^N  and  p-SiC  exhibited  excellent  I-V  characteristics  with  very 
low  leakage  current. 
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GROWTH  OF  InGaN  FILMS  BY  MBE  AT  THE  GROWTH  TEMPERATURE  OF  GaN 
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ABSTRACT 

We  report  the  growth  of  InGaN  alloys  over  practically  the  entire  composition  range  at  the 
growth  temperature  of  GaN  (700-800  ”C)  by  MBE.  We  found  that  when  the  grown  films  are 
thick  ( >  0.3  pm),  incorporation  of  more  than  about  30%  indium  results  in  phase  separation  of 
InN,  which  is  consistent  with  spinodal  decomposition.  On  the  other  hand  we  discovered  that  such 
phase  separation  is  absent  in  thin  InGaN  films  ( <  600A)  grown  as  GaN/InGaN/GaN 
heterostructures.  In  such  configurations  we  were  able  to  incorporate  up  to  81%  In,  which  is  the 
highest  yet  reported. 

INTRODUCTION 

The  development  of  InGaN  alloys  is  important  in  optical  devices  operating  in  the  visible 
and  near-UV  part  of  the  electromagnetic  spectrum  [1].  However,  there  are  only  limited  studies  of 
the  GaN-InN  quasi-binary  system.  The  difficulty  in  growing  the  InGaN  alloys  in  conjunction 
with  AlGaN  alloys  which  are  required  for  the  fabrication  of  devices  is  the  significantly  higher 
vapor  pressure  of  nitrogen  over  InGaN.  The  first  study  to  address  the  entire  composition  was 
reported  by  Osamura  and  coworkers  [2].  However,  these  studies  were  conducted  on 
polycrystalline  films  grown  at  500  °C  on  quartz  or  sapphire  substrates.  Matsuoka  and  co-workers 
reported  the  growth  of  InGaN  alloys  by  low  temperature  (500  °C)  MOCVD  [1].  The  maximum 
amount  of  indium  incorporated  in  these  films  was  42%.  The  same  study  reports  the  optical  gap  of 
the  film  with  the  42%  indium  concentration  to  be  identical  to  the  bandgap  of  pure  InN,  a  result 
which  according  to  the  authors  is  unexplained.  Subsequent  work  by  the  same  group  reported  the 
growth  of  InGaN  alloys  at  higher  substrate  temperatures  of  800  °C  leading  to  the  incorporation  of 
up  to  23%  indium  in  these  films  [3].  Photoluminescence  (PL)  studies  on  these  films  indicate  that 
the  PL  peak  broadens  with  increasing  concentration  of  indium  and  also  show  a  broad  band  of 
deep  level  emission.  Nakamura  investigated  the  growth  of  InGaN  alloys  (  <  1000  A)  by  MOCVD 
on  sapphire  substrates  coated  with  thick  GaN  films  in  the  temperature  range  of  720-850  °C  [4]. 
Incorporation  of  up  to  33%  indium  was  reported  for  such  films.  The  growth  rate  had  to  be 
reduced  sharply  to  5-50  A/min.  to  obtain  high  quality  films.  Shimizu  and  co-workers  have  grown 
InGaN  alloys  using  the  MOVPE  method  and  they  reported  alloys  with  up  to  12%  indium  at  a 
growth  temperature  of  750  °C  [5].  However,  these  films  were  found  to  be  decorated  with  indium 
droplets.  The  same  group  reported  that  upon  growing  InGaN/GaN  multilayers,  they  could 
incorporate  up  to  29%  indium  without  droplets.  Superlattice  structures  of  InxGai.^N/InyGai.yN 
were  reported  by  Nakamura  and  co-workers,  who  have  shown  quantum  effects  in  room 
temperature  PL  measurements  [6]. 
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In  this  paper  we  report  on  the  growth  and  characterization  of  InGaN  alloys  grown  by  the 
MBE  method  in  the  temperature  range  of  725-800  °C  which  coincides  with  the  optimum 
temperature  of  GaN  film  growth. 

EXPERIMENTAL  METHODS 

Three  series  of  films  were  grown  by  the  ECR  assisted  MBE  method.  Details  of  this 
growth  method  were  reported  previously  and  in  the  present  paper  only  a  brief  summary  is 
provided  [7,8].  C-plane  (0001)  sapphire  substrates  were  first  subjected  to  the  nitridation  process. 
This  leads  to  a  thin  atomically  smooth  AIN  layer  as  revealed  by  the  RHEED  pattern.  In  the 
second  stage  these  substrates  were  coated  with  approximately  a  300  A  GaN  buffer  grown  at 
550  °C,  which  was  also  found  to  be  atomically  smooth  [8]. 

The  first  series  of  InGaN  alloys  were  grown  directly  onto  a  low  temperature  GaN  buffer 
layer  and  were  approximately  1  fim  thick.  The  growth  of  the  second  series  of  InGaN  alloy  films 
was  preceded  by  the  growth  of  a  few  thousand  angstroms  of  GaN  film.  The  thickness  of  the 
InGaN  films  were  between  3000-4000  A.  The  third  series  consists  of  a  double  heterostructure 
with  the  InGaN  film  sandwiched  between  two  GaN  films.  All  the  films  were  grovm  at  growth 
rates  between  10-30  A/min.  X-ray  diffraction  (XRD)  measurements  were  carried  out  in  a  four- 
circle,  double  crystal  X-ray  diffractometer  with  Cu-Ka  radiation  as  the  excitation  source.  The 
radiation  was  monochromated  by  a  curved  graphite  crystal.  The  indium  concentration  in  the 
films  was  determined  by  computing  the  relative  shift  of  the  InGaN  Bragg  peak  with  respect  to 
the  GaN  peak  and  applying  Vegard’s  law.  Photoluminescence  measurements  were  carried  out 
with  a  lOmW  He-Cd  laser.  A  0.5m  grating  spectrometer  with  a  holographically  blazed  grating 
(1800  grooves/mm)  was  used  to  disperse  the  collected  light.  Absorption  data  was  obtained  from 
transmission  measurements  where  a  tungsten  lamp  was  used  as  the  source. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 


Thick  InGaN  grown  on  a  thin  GaN  buffer 

Fig.  1  shows  the  XRD  data  from  thick  InGaN  films  grown  directly  on  a  300  A  GaN 
buffer.  The  thickness  of  the  InGaN  films  is  1  pm  and  the  growth  rate  was  determined  to  be  26 
A/min.  for  the  Ioq  o9Gao  giN  film  and  30  A/min.  for  the  Ino2iGao79N.  The  FWHM  of  the  XRD 
peak  was  greater  for  InGaN  films  as  compared  to  the  GaN  film  which  can  be  attributed  to  strain 
or  domain  size  effects.  No  attempt  was  made  to  incorporate  more  indium  under  these  eonditions 
of  growth. 

Fig.  2  shows  the  optical  absorption  and  the  PL  spectrum  of  the  Ino  2iGao  79N  sample.  The 
energy  gap,  as  determined  fi-om  the  optical  absorption  data,  is  2.65  eV.  However,  the  peak  of  the 
photoluminescence  spectrum  occurs  at  2.32  eV  which  is  330  meV  less  than  the  bandgap.  The 
FWHM  for  the  PL  is  220  meV.  It  can  be  seen  from  the  absorption  spectrum  that  the  absorption 
edge  is  not  sharp  but  has  a  tail  implying  the  presence  of  optically  active  states  present  in  the 
bandgap.  It  is  speculated  that  these  deeper  states  could  be  due  to  impurities,  although  defect 
related  transitions  cannot  be  ruled  out. 
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Fig.  1:  XRD  data  for  InGaN  grown  on  a  Fig.  2:  PL  and  optical  absorption  for  the 

thin  GaN  Buffer  InGaN  sample  with  x=0. 21 

Thick  InGaN  grown  on  thick  GaN  Films 


Fig.  3  depicts  the  XRD  data  for  thick  (0.5- 1.0  jim)  InGaN  films  grown  on  thick  GaN 
films.  The  increase  in  the  percentage  incorporation  of  indium  in  these  films  is  controlled 
systematically  by  changing  the  incident  beam  flux  ratio  of  In/Ga.  Ail  the  InGaN  films  have  a 
mirror-like  surface  and  show  no  evidence  of  indium  droplets  on  the  surface. 
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Fig.  3:  XRD  data  for  In^Gaj_JL films  grown  on  thick  GaN  films. 
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a  (cm'^) 


For  In^Gai.^N  with  x  <  0.10,  it  is  difficult  to  determine  the  exact  percentage  of  indium  in 
the  films  because  the  Bragg  diffraction  peaks  of  InGaN  overlap  with  those  for  GaN.  It  was 
previously  mentioned  that  the  XRD  analysis  of  InGaN  films  on  GaN  buffer  layers  shows  an 
increase  in  the  FWHM  of  the  Bragg  peak  for  the  InGaN  films  as  compared  to  the  GaN  film. 
Similar  results  are  also  observed  in  the  case  of  InGaN  films  grown  on  GaN  films  as  can  be  seen 
in  Fig.  3. 

From  the  data  of  Fig.  3,  for  the  sample  with  the  highest  indium  concentration,  there  is 
evidence  of  a  small  peak  at  the  diffraction  angle  which  corresponds  to  approximately  pure  InN 
(A0  ~  5980  arcsec).  In  fact,  upon  plotting  the  same  data  in  a  logarithmic  scale  (see  Fig.  4),  this 
InN  peak  is  clearly  resolved.  In  view  of  this  evidence,  all  the  other  XRD  data  was  plotted 
logarithmically.  Only  the  Ino jsGa^  ^gN  and  Ino  gyGao  ggN  show  evidence  of  an  InN  peak.  This  is  a 
clear  evidence  of  phase  separation  which  we  attribute  to  spinodal  decomposition  [9].  Such  a 
phenomenon  is  expected  because  of  the  difference  in  the  lattice  parameter  of  GaN  and  InN  (11% 
mismatch).  Although  we  are  not  aware  of  any  calculation  of  the  miscibility  gap  in  the  GaN-InN 
system,  the  large  lattice  mismatch  should  put  the  growth  temperature  of  these  films 
(700-800  °C)  within  the  miscibility  gap  [10]. 

Evidence  of  phase  separation  and  thus  formation  of  composite  films  is  provided  also  by 
the  optical  absorption  measurements.  The  optical  absorption  constant  for  the  film  with  37% 
indium  is  shown  in  Fig.  5  and  is  compared  with  the  optical  absorption  constants  of  a  GaN  and  a 
I^o.i8Gao.82N  film. 


Fig.  4:  Logarithmic  plot  of  the  XRD  data  for 
the  Irio  ^yGao  ^^N  sample  in  Fig.  3. 


300  400  500  600  700  800  900 
Wavelength  (nm) 


Fig.  5:  Optical  absorption  data  for  InGaN 
samples.  InGaN  sample  with  x=0. 18  which 
shows  no  phase  separation  versus  an  InGaN  with 
x=0.37,  1.0  which  shows  phase  separated  InN 
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From  this  figure,  it  is  apparent  that  the  optical  absorption  constant  of  the  Ing ^sGa^  is 

not  as  sharp  as  that  of  GaN  and  the  InGaN  film  with  smaller  indium  concentration.  A  careful 
inspection  of  this  curve  reveals  two  slopes  indicative  of  a  composite  material.  The  determination 
of  an  optical  gap  from  these  data  (at  a  =  SxlO'^  cm'')  results  in  a  value  for  the  bandgap,  Eg  =«  2.0 
eV  (red).  We  believe  that  our  findings  account  also  for  the  result  of  Matsuoka  and  co-workers 
who  reported  that  a  Ino.42Gao.58N  film  has  an  optical  bandgap  of  about  2.0  eV,  which  is  the  same 
as  that  for  pure  InN. 

GaN  /  InGaN  /  GaN  Double  Heterostructures 

Based  on  the  XRD  data  shown  in  Fig.  6,  this  InGaN  film  has  53%  indium  with  no 
evidence  of  phase  separated  InN.  The  substrate  temperature  employed  for  the  growth  of  the 
InGaN  layer  in  this  structure  was  725  °C  while  that  for  the  GaN  layers  was  800  °C.  These  data 
provide  a  practical  route  of  how  to  form  InGaN  alloys  with  high  indium  concentrations.  Using 
the  same  approach  and  increasing  the  In/Ga  ratio  we  were  able  to  make  InGaN  films  with  up  to 
8 1  %  indium  in  a  double  heterostructure,  which  is  the  highest  yet  reported  by  any  growth 
method. 


A0  (arcsecs) 


Fig.  6:  XRD  data  from  a  GaN/IriQ^fiaQ^jN/GaN  double  heterostructure. 


CONCLUSIONS 

In  conclusion,  we  have  grown  InGaN  alloys  by  the  MBE  method  at  the  temperature 
employed  for  the  growth  of  GaN  films.  These  studies  have  shown  that  up  to  30%  indium  can  be 
easily  incorporated  in  InGaN  bulk  films  ( >  0.3  pm)  grown  on  predeposited  GaN  films.  Further 
increase  in  indium  concentration  results  in  phase  separation  of  InN  which  is  attributed  to 
spinodal  decomposition  [9].  We  also  discovered  that  high  indium  concentrations  in  InGaN  alloys 
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can  be  obtained  in  thin  InGaN  layers  grown  as  GaN/InGaN/GaN  double  heterostructures.  Using 
such  structures,  we  ineorporated  up  to  81%  indium.  Such  structures  are  likely  to  be  used  for 
quantum  devices  operating  in  the  visible  part  of  the  electromagnetic  spectrum. 
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ABSTRACT 

The  electrical  and  luminescent  properties  of  Mg-doped  GaN  films  grown  by  molecular 
beam  epitaxy  (MBE)  using  ammonia  as  the  nitrogen  source  have  been  investigated.  Due  to  their 
different  growth  environments,  the  Mg-doped  GaN  films  grown  by  MBE  using  ammonia 
exhibited  properties  that  were  different  from  similar  films  grown  by  metal-organic  chemical  vapor 
deposition  (MOCVD).  It  has  been  found  that  the  introduction  of  positive  charges  during  growth 
is  important  in  the  achievement  of  p-type  Mg-doped  GaN  grown  by  MBE  using  ammonia.  With 
the  introduction  of  a  moderate  nitrogen  plasma,  we  have  achieved  p-type  Mg-doped  GaN  films 
with  a  hole  density  of  4xl0l7  cm“3  and  a  mobility  of  15  cm^A^-s  at  room  temperature. 

INTRODUCTION 

Wide  band  gap  materials  such  as  GaN  have  been  the  subject  of  active  research  in  recent 
years  due  to  their  potential  for  use  in  short-wavelength  light  emitting  and  high  temperature/high 
power  devices.  The  major  obstacle  for  the  use  of  GaN  in  device  applications  was  the  difficulties 
in  the  achievement  of  p-type  conductivity,  which  is  a  result  of  the  large  ratio  of  band  gap  energy 
to  nitrogen  vacancy  formation  enthalpy  (Eg/AHv=0.8).l  The  self-compensation  of  wide-band- 
gap  semiconductors  is  well-known  to  be  caused  by  native  point  defects.2.3  j.a.  Van  Vechten  et 
al.'^  proposed  the  use  of  positive  charges  in  order  to  compensate  the  intended  shallow  p-type 
dopant  (Mg)  during  growth,  thus  circumventing  the  self-compensation  of  GaN.  As  a  result,  p- 
type  GaN  can  be  obtained  by  activating  the  dopant  from  the  complexes  formed  with  the  positive 
ions  during  crystal  growth.  Once  the  p-type  GaN  was  achieved,^  p-n  junction  blue  light 
emitting  diodes  (LED)  soon  followed.5.6,7  jn  MOCVD,  hydrogen  atoms  compensate  the  Mg 
dopant  by  forming  Mg-H  complexes  during  growth,  which  results  in  high  resistivity  and  weak 
photoluminescence  (PL)  emissions.^»7  Post-growth  annealing  is  required  to  activate  the  Mg 
dopant  from  Mg-H  complexes  to  achieve  p-type  conductivity  and  intensify  the  blue 
photoluminescence  emissions.^  The  properties  of  the  Mg-doped  GaN  films  grown  by  MOCVD 
exhibit  a  strong  dependence  on  variations  in  the  annealing  process.^’^ 
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As  a  viable  alternative  to  MOCVD,  MBE  offers  ease  of  control  for  the  growth  of 
multilayer  structures,  which  is  essential  in  high  temperature  electronics  and  optoelectronics 
applications.  The  growth  of  GaN  by  MBE  has  been  intensively  investigated  in  two  ways; 
plasma-assisted  MBE  which  employs  N2  gas  through  a  plasma  source, 9. 10  and  MBE  which 
directly  introduces  nitrogen  based  gas  such  as  NH3  as  the  nitrogen  source.  1 1*12  In  plasma- 
assisted  MBE,  p-type  GaN  is  easily  produced.  However,  the  electrical  and  optical  properties  of 
the  GaN  films  are  often  adversely  affected  by  energetic  ions.  MBE  employing  ammonia  as  the 
nitrogen  source  avoids  the  ion  damages  due  to  the  direct  reactions  between  ammonia  and  gallium 
on  a  heated  GaN  surface.  However,  due  to  the  different  growth  environments  of  MBE  and 
MOCVD  which  both  employ  NH3  as  the  nitrogen  source,  p-type  GaN  grown  by  MBE  could  not 
be  achieved  using  the  same  method  employed  in  MOCVD.  Only  recently  we  have  achieved  p- 
type  GaN  grown  by  MBE  using  ammonia  for  the  first  time.  1 2  Unlike  the  MOCVD  growth 
environment,  the  amount  of  hydrogen  generated  during  MBE  growth  is  small  due  to  the  direct 
surface  reaction  between  Ga  and  ammonia  in  an  ultra-high  vacuum.  The  density  of  Mg-H 
complexes  is  thus  much  less  in  the  Mg-doped  GaN  films  grown  by  MBE  using  ammonia  than 
those  grown  by  MOCVD.  However,  the  low  density  of  Mg-H  complexes  in  GaN  films  grown 
by  MBE  using  ammonia  as  the  nitrogen  source  may  not  be  enough  to  circumvent  the  self¬ 
compensation  of  GaN  during  growth.^ 

Our  experiments  show  that  Mg-doped  GaN  films  grown  by  MBE  employing  ammonia 
were  highly  resistive  but  exhibited  strong  PL  emissions.  Unlike  Mg-doped  GaN  grown  by 
MOCVD,  post-growth  annealing  was  unable  to  reduce  the  resistivity  of  the  Mg-doped  GaN  films 
grown  by  the  MBE  method  using  ammonia  as  the  nitrogen  source.  In  order  to  circumvent  the 
self-compensation  of  GaN  grown  by  MBE  using  ammonia  as  the  nitrogen  source,  we  discovered 
that  the  introduction  of  positive  charges  by  employing  an  electron  cyclotron  resonance  (ECR) 
nitrogen  plasma  during  growth  results  in  p-type  GaN  films.  Positive  charges  could  compensate 
the  p-type  dopant  and  raise  the  Fermi  energy  thus  avoiding  the  formation  of  nitrogen  vacancies 
during  growth.  This  new  MBE  method  avoids  the  problems  caused  by  Mg-H  complexes  in  the 
Mg-doped  GaN  films  grown  by  MOCVD.  High  quality  p-type  GaN  films,  grown  by  this  MBE 
method,  have  been  obtained  without  post-growth  annealing.  At  room  temperature,  hole  density 
for  these  p-type  GaN  films  was  4x10^^  cm"^  while  the  mobility  was  15  cm^A'^-s. 

EXPERIMENT 

The  growth  was  carried  out  in  a  MBE  system  equipped  with  an  ECR  plasma  source,  an 
ammonia  feeding  line,  and  conventional  Knudsen  cells  of  Ga,  A1  and  Mg.  The  applied  ECR 
microwave  power  was  20  W.  The  growth  rate  of  GaN  was  varied  between  0.2  |im/hr  to  1 
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|im/hr,  as  calibrated  after  growth  by  infrared  interference  spectra  measured  from  Fourier 
transform  infrared  spectroscopy  (FTIR).  The  beam  fluxes  of  ammonia  and  nitrogen  were 
controlled  by  mass  flow  controllers,  and  the  background  pressure  was  kept  below  SxlO’^  torr. 

A  two-step  growth  process  was  employed  due  to  the  essential  role  of  low  temperature  buffers  in 
order  to  achieve  device  queility  epitaxial  materials  on  lattice-mismatched  substrates.  13, 14 
two-step  growth  process  consisted  of  a  low  substrate  temperature  (500°C)  for  AIN  buffers  and  a 
high  growth  temperature  (  750  °C  to  800  for  subsequent  GaN  films.  ECR  nitrogen  plasma 
was  used  for  the  buffer  layer  to  circumvent  the  inefficiency  of  cracking  ammonia  at  this  low 
temperature  (500  °C).  During  the  growth  of  GaN  films,  the  reflection  high  energy  electron 
diffraction  (RHEED)  patterns  showed  a  streaky  1x1  pattern  with  sharp  Kikuchi  lines.  In 
addition,  RHEED  intensity  oscillations  were  observed  during  the  GaN  growth  indicating  that  the 
growth  was  a  layer-by-layer  two-dimensional  nucleation  process.  Hall  effect  measurements 
were  performed  by  the  Van  der  Pauw  method.  Photoluminescence  (PL)  measurements  were 
performed  using  the  3250A  He-Cd  laser  line  as  the  excitation  source.  The  unintentionally  doped 
GaN  films  were  n-type  with  a  carrier  density  of  2xl0l7cm'3  and  a  mobility  of  103  cm^A^-s, 
Without  post-growth  annealing,  p-type  Mg-doped  GaN  with  a  hole  density  of  4x1 0^^  cm‘3  and  a 
mobility  of  15  cm^fV-s  at  room  temperature  have  been  achieved  by  introducing  a  moderate  ( 0.2 
seem  of  nitrogen  flux)  ECR  nitrogen  plasma  during  growth. 

RESULTS 

In  order  to  investigate  the  growth  mechanism  of  Mg-doped  GaN  during  MBE  using 
ammonia  as  the  nitrogen  source,  we  conducted  several  experiments  on  the  Mg-doped  GaN  films. 
It  was  found  that  the  electrical  and  optical  properties  of  the  Mg-doped  GaN  were  not  affected  by 
post-growth  annealing.  The  Mg-doped  GaN  films  always  exhibited  high  resistivity  and  strong 
PL  emissions.  After  annealing  the  samples  at  750  °C  for  30  minutes  in  a  high  vacuum  and  in  the 
ambient  gas  of  nitrogen,  no  obvious  changes  were  observed  in  the  film's  resistivity  and  PL 
spectra.  This  behavior  is  in  sharp  contrast  to  the  phenomena  observed  in  the  post-growth 
annealed  Mg-doped  GaN  films  grown  by  MOCVD.^  The  strong  PL  emission  of  the  Mg  doped 
GaN  films  indicates  that  fewer  Mg-H  complexes  exist  in  Mg-doped  GaN  grown  by  MBE  using 
ammonia  than  by  MOCVD.  The  high  resistivity  of  the  Mg-doped  GaN  film  grown  by  MBE  was 
concluded  to  be  a  result  of  self-compensation  of  GaN  other  than  Mg-H  complexes.  In  order  to 
circumvent  this  self-compensation  effect  of  GaN,  we  deliberately  introduced  positive  charges 
during  the  growth  by  introducing  an  ECR  nitrogen  plasma.  The  mass  flow  rate  of  nitrogen  gas 
through  the  ECR  plasma  source  was  kept  lower  than  0.2  seem  in  order  to  minimize  the  ion 
damages.  P-type  GaN  films  were  achieved  without  post-growth  annealing.  The  growth 
conditions  were  50  seem  of  NH3,  0.2  seem  of  N2  with  20W  ECR  microwave  power,  and  0.5 
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M-m/hr  GaN  growth  rate.  Under  these  conditions,  p-type  GaN  films  were  achieved  with  a  hole 
density  of  4x10^^  cm  ^  and  a  mobility  of  15  cm^A^-s  at  room  temperature.  No  post-growth 
annealing  was  necessary.  The  hole  density  was  found  to  be  proportional  to  the  Mg  beam  flux. 

Although  the  amount  of  Mg-H  complexes  in  the  Mg-doped  GaN  films  grown  by  MBE 
using  ammonia  are  not  as  large  as  those  grown  by  MOCVD,  a  high  beam  flux  ratio  of  NH3  over 
Ga  still  affects  the  PL  emissions  of  the  films.  Hydrogen  atoms  dissociated  from  ammonia  could 
conceivably  react  with  Mg  to  form  Mg-H  complexes  in  the  film.  As  shown  in  Fig.  1,  the  PL 
spectra  of  three  samples  grown  at  different  conditions  were  studied.  The  weak  Mg-related  blue 
PL  emissions  shown  in  Fig.  1  (a)  could  be  due  to  the  Mg-H  complexes  resulted  from  the  high 
ammonia  flux  used.  Employing  appropriate  amounts  of  ammonia  and  growth  rate,  the  samples 
showed  strong  PL  emissions,  as  shown  in  Fig.  1(b)  and  Fig.  1(c),  which  could  possibly  due  to 
the  much  lower  density  of  Mg-H  complexes.  For  the  lightly  Mg-doped  p-type  GaN  films,  the  PL 
spectra  were  dominated  by  donor-acceptor  recombination  (3.27  eV)  and  two  LO-phonon  replicas 
(  3.18  eV  and  3.09  eV)  as  shown  in  Fig.  1(c).  The  weak  3.46  eV  emission  in  Fig.  1(c) 
corresponds  to  an  exitonic  transition.  For  the  heavily  Mg-doped  GaN,  LO-phonon  replicas  and 
exitonic  transitions  could  not  be  distinguished  from  the  broad  strong  blue  PL  emissions. 


Photon  Energy  (eV) 


Figure  1 .  The  PL  spectra  of  Mg-doped  GaN  films  grown  under  different 
conditions: 

(a)  200  seem  of  NH3  at  the  growth  rate  of  0.1  pm/hr.  (high  resistive) 

(b)  200  seem  of  NH3  at  the  growth  rate  of  0.5  pm/hr.  (high  resistive) 

(c)  50  seem  of  NH3^  0.2  seem  of  plasma  nitrogen  at  the  growth  rate  of 
0.5  pm/hr.  (p-type) 
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CONCLUSIONS 


In  conclusion,  we  have  shown  that  the  properties  of  Mg-doped  GaN  films  grown  by 
MBE  using  ammonia  as  the  nitrogen  source  are  different  from  similar  films  grown  by  MOCVD. 
The  employment  of  positive  charges  enabled  the  achievement  of  p-type  Mg-doped  GaN  film  in 
this  MBE  growth  process.  Using  ammonia  as  the  predominant  nitrogen  source  with  additional 
ECR  nitrogen  plasma,  high  quality  p-type  Mg-doped  GaN  films  have  been  obtained  without  the 
need  for  post-growth  annealing.  The  high  quality  GaN  achieved  and  the  high  growth  rate  at 
which  it  was  obtained  indicate  that  both  the  growth  method  and  the  resulting  materials  reported 
here  are  very  promising  for  future  device  applications. 

This  work  was  supported  in  part  by  AREA. 
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ABSTRACT 

Thin  films  of  wurtzite  GaN  have  been  grown  by  molecular  beam  epitaxy  on  6H  SiC  (basal 
plane).  Si  {111}  and  sapphire  (c-plane)  substrates  with  and  without  various  buffer  layers.  The 
defect  microstructure  of  the  films  and  the  substrate/buffer/GaN  interfacial  quality  have  been 
characterized  by  cross-sectional  transmission  electron  microscopy.  The  morphology  was 
dominated  by  threading  defects  that  originated  at  the  substrate/buffer  and/or  buffer/film  interfaces. 
Typical  defect  densities  dropped  rapidly  with  distance  from  the  substrate  but  remained  ~10^- 
lO^/cm^,  depending  on  the  particular  substrate,  for  film  thicknesses  approaching  one  micron  or 
more.  The  best  quality  films  were  grown  at  770°C  on  sapphire  with  AIN  buffer  layers,  and  had  X- 
ray  rocking  curve  full-width  at  half-maximum  values  of  ~  55arc-sec. 


INTRODUCTION 

Thin  films  of  Group  III  -  nitrides  have  attracted  much  recent  attention  because  of  their 
potential  in  many  optoelectronic  applications  [1],  particularly  for  high-temperature  and  high-power 
devices[2].  Successful  growth  of  these  materials  presents  several  problems,  not  the  least  of  which 
is  the  absence  of  substrate  materials  that  are  both  lattice  and  thermally  matched  to  the  nitrides. 
Another  problem  is  that  the  quality  of  the  deposited  nitride  films,  whether  they  are  grown  by 
molecular  beam  epitaxy  [3, 4]  or  metalo-organic  chemical  vapor  deposition  [5-7],  is  highly  inferior 
compared  with  most  other  heteroepitaxial  semiconductor  systems,  which  probably  accounts  for  the 
lack  of  progress  in  producing  long-lived  heterostructure  devices.  Hence,  much  attention  is  being 
given  to  optimizing  growth  conditions  for  higher  quality  material. 

In  this  comparative  study,  thin  films  of  wurtzite  GaN  were  grown  by  molecular  beam 
epitaxy  (MBE)  on  substrates  of  6H  SiC,  Siflll}  and  sapphire.  The  overall  film  quality  was 
quantified  using  double-crystal  rocking  curves  (DCRC)  and  transmission  electron  microscopy 
(TEM)  was  used  to  characterize  local  variations  in  defect  microstructure  and  to  assess  the 
substrate/buffer/GaN  interfacial  quality.  Special  attention  was  given  to  substrate  surface 
preparation  and  to  the  possible  benefits  of  using  buffer  layers  of  InN  (Si  substrate)  and  AIN  (SiC 
and  sapphire  substrates)  grown  at  low  temperature. 


EXPERIMENTAL  DETAILS 

The  wurtzite  GaN  films  were  grown  by  plasma-enhanced  MBE  using  a  Perkin-Elmer  430 
system.  Details  of  the  system  and  typical  nitride  deposition  conditions  can  be  found  elsewhere[8]. 
Standard  X-ray  diffraction  double-crystal  rocking  curves  (DCRC)  were  used  to  compare  the  film 
quality,  and  transmission  electron  microscopy  was  performed  in  the  cross-sectional  geometry  with 
a  JEM-4000EX  high-resolution  electron  microscope  (HREM)  operated  at  400keV.  Prior  tc 
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deposition,  the  chemically  cleaned,  6H  SiC  substrates  (basal  plane)  were  subjected  to  hydrogen 
plasma  treatment  in  situ  to  ensure  oxide  removal.  All  Si  { 1 1 1 }  substrates  were  prepared  using 
standard  RCA  cleaning,  with  some  later  preparations  also  involving  treatment  with  various 
buffered  oxide  etches  to  produce  extended  flat  terraces,  and  immersion  in  HF  to  produce  H- 
terminated  surfaces[9].  As  the  various  InN,  AIN  or  GaN  buffer  layers  were  being  deposited  on 
the  substrate,  the  temperature  was  usually  ramped  upward,  typically  from  550  to  650  or  750°C. 


RESULTS 

Typical  low-magnification  and  high-magnification  electron  micrographs  of  wurtzite  GaN 
thin  films  grown  on  substrates  of  6H  SiC  (basal  plane),  Si  {111}  and  sapphire  (c-plane)  are 
shown  in  figures  1  through  6.  For  each  material,  selected  area  electron  diffraction  (SAED)  patterns 
confirmed  the  absence  of  cubic  material  and  the  overall  quality  of  the  GaN  epitaxial  growth. 

a)  6H  SiC  (basal  plane) 

The  morphology  of  GaN  films  grown  on  6H  SiC  was  invariably  dominated  by  threading 
defects  that  originated  at  the  SiC/GaN  or  AlN-buffer/GaN  interfaces,  and  extended  through  to  the 
top  surface  of  the  GaN  film.  Examples  of  these  defects  are  visible  in  Fig.  1.  These  faults,  which 
should  be  labelled  as  either  double  positioning  boundaries  (DPBs)  or  stacking  mismatch 
boundaries  (SMBs)  to  reflect  their  origin,  are  caused  by  the  coalescense  of  domains  that  have 
nucleated  on  substrate  terraces  at  the  same  or  different  levels.  It  is  significant,  as  shown  by  the 
examples  arrowed  in  Fig.  1,  that  many  defects  actually  terminate  within  the  GaN  epilayer.  A 
marked  reduction  in  defect  density  with  distance  from  the  substrate  is  thus  observed,  typically 
ranging  from  ~  10^^  -  10^  V  cm^  close  to  the  substrate  to  perhaps  ~  10^  -  10^/  cm^  at  a  distance  of 
1  pm  away  from  the  substrate.  Fig.  2  shows  an  example  of  an  SMB  in  a  wurtzite  GaN  film  grown 
directly  on  an  offcut  basal  plane  of  6H  SiC  (miscut  angle  of  4®)  without  any  intervening  AIN  buffer 
layer.  Note  the  coherent  growth  of  GaN  on  the  terraces  of  the  miscut  SiC  substrate. 

b)  Si {111} 

The  quality  of  the  GaN  films  initially  grown  on  Si  { 1 1 1 }  was  comparatively  poor,  which 
probably  reflected  the  fact  that  the  substrate  preparation  procedure  had  not  been  refined.  Later 
substrates,  prepared  by  buffered  oxide  etches,  were  shown  by  atomic  force  microscopy  (AFM)  to 
have  wide,  atomically  flat  terraces,  but  with  surface  bumps  whose  origins  are  currently 
unexplained.  The  corresponding  single  crystal  GaN  films  were'  of  much  improved  quality,  as  also 
reflected  by  marked  improvements  in  DCRC  full-width  at  half-maximum  values  to  less  than  20  arc- 
minutes[9].  The  low-magnification  image  in  Fig.  3  again  shows  the  presence  of  the  ubiquitous 
threading  defects  with  a  density  falling  off  rapidly  with  distance  away  from  the  substrate.  Fig.  4 
shows  a  high-resolution  image  of  the  Si  { 11 1 }/  GaN  interface  from  the  same  sample.  Observation 
at  glancing  angle  along  the  horizontal  lattice  fringes  reveals  lack  of  continuity  of  the  fringes  across 
the  field  of  view,  and  small  rotations  in  some  places,  which  are  characteristics  that  are  consistent 
with  a  slight  mosaic  disorder. 

c)  Sapphire  (c-plane) 

Our  latest  observations  have  concentrated  on  GaN  films  gmwn  with  AIN  buffer  layers  on 
sapphire  substrates  that  have  high  smoothness  and  planarity.  As  shown  in  Fig.  5,  the  threading 
defects  are  still  prevalent,  albeit  in  reduced  densities,  despite  our  various  efforts  using  different 
buffer  layers  and  changes  in  deposition  conditions.  High-resolution  imaging  reveals,  as 
demonstrated  in  Fig.  6,  that  abrupt  and  coherent  interfaces  between  sapphire  and  the  AIN  buffer 
layer  are  readily  obtained  despite  the  large  lattice  mismatch  between  the  two  materials.  Synchrotron 
X-ray  diffraction  measurements  indicate  coherence  lengths  along  the  growth  direction  on  the  order 
of  several  microns  for  some  films  [10]. 
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Fig.2.  High-resolution  electron  micrograph  of  epitaxial  wurtzite  GaN  grown  by  plasma-enhancec 
MBE  on  offcut  6H  SiC  (miscut  angle  of  6*")  showing  substrate  steps  and  an  associated  SMB. 
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Fig.  3.  Cross-sectional  transmission  electron  micrograph  of  wurtzite  GaN  film  grown  on  Sil  1 1 1 ' 
substrate.  Note  terminations  of  threading  defects  within  the  film. 
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Fig.  4.  High-resolution  electron  micrograph  of  epitaxial  wurtzite  GaN  grown  on  chemically 
cleaned  Si{  11 1)  substrate.  Note  lattice  fringe  terminations  and  rotations  (observe  from  side  of 
page  at  glancing  angle). 
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CONCLUSIONS 


u  4.  comprehensive  TEM  observations  indicate  that,  irrespective  of  the  particular 
substrate/buffer  combination,  the  morphology  of  thin  wurtzite  GaN  films  grown  by  MBE  is 
dominated  by  threading  defects  originating  at  the  substrate/buffer/film  interfaces.  Although  the 
density  of  these  defects  typically  drops  by  two  orders  of  magnitude  at  a  distance  of  1  micron  from 
the  substrate  surface,  the  observed  level  of -10^/  cm^  probably  still  remains  unacceptably  high  for 
some  device  applications.  Since  the  defects  originate  primarily  from  the  interface  region  further 
work  exploring  offcut  substrates  and  better  substrate  cleaning  procedures  should  be  pursued. 
Moreover,  since  it  appears  that  the  SMBs  are  inherent  in  the  epitaxy  of  wurtzite  GaN  on  non- 
wurtzite  substrates  with  surface  steps  [11],  isomorphic  substrates  such  as  ZnO  or  bulk  GaN 
should  be  investigated  as  an  alternative  means  for  improving  crystal  quality. 
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ABSTRACT 

We  report  the  growth  of  high-quality  III-V  nitride  heteroepitaxial  films  on  (0001)  sapphire 
substrates  by  low-pressure  metalorganic  chemical  vapor  deposition  (MOCVD).  These  films  have 
exhibited  narrow  X-ray  diffraction  rocking  curves  with  full-width-at-half-maximum  values  as  low 

as  A©~37  arc  sec.  Photoluminescence  and  transmission  electron  microscopy  analysis  further 
indicate  the  samples  to  be  of  high  quality. 

INTRODUCTION 

The  semiconductors  in  the  III-V  materials  systems  have  received  much  attention  recently 
because  they  are  well-suited  for  a  wide  range  of  applications  in  electronics  and  optoelectronics. 
Metalorganic  chemical  vapor  deposition  (MOCVD)  was  first  used  to  deposit  III-N  single-crystal 
epitaxial  films  by  Manasevit,  et  al.,  who  reported  the  heteroepitaxial  growth  of  GaN  and  AIN  on  a 
variety  of  insulating  oxide  substrates,  including  (0001)  AI2O3,  in  1971.  More  recently,  Amano, 
et  al.,  demonstrated  the  use  of  an  AIN  "buffer  layer"  grown  at  low-temperature  for  the  MOCVD 
growth  of  high-quality  GaN  films  on  sapphire  substrates.^  In  addition,  Nakamura,  et  al.  have 
reported  the  MOCVD  growth  of  GaN  on  AI2O3  substrates  using  low-temperature  GaN  buffer 
layers.^ 

EXPERIMENTAL  RESULTS 

We  have  recently  reported  the  MOCVD  growth  of  high-quality  GaN/sapphire  heteroepitaxial 
films  with  very  narrow  X-ray  rocking  curves.'^  In  the  present  work,  we  have  employed  MOCVD 
to  grow  heteroepitaxial  GaN,  AlxGaj.xN,  and  InxGaj-xN  films  on  (0001)  sapphire  substrates. 
The  epitaxial  layers  are  grown  at  a  pressure  of  60  Torr  using  adduct-purified  triethylgallium 
(TEGa),  trimethylindium  (TMIn),  trimethylaluminum  (TMAl)^  and  high-purity  ammonia  (NH3)  as 
sources  and  purified  H2  as  a  carrier  gas.  The  typical  precursor  molar  flow  rates  for  the  growth  of 
InAlGaN  films  are  TEGa  -1.3x10-5  mole  min-l,  TMAl  -1.2x10-5  mole  min'K  TMIn  -1.5x10-5 
mole  min-^  and  NH3  -5.3x10-2  mole  min'l,  resulting  in  deposition  rates  for  GaN  -0.5  jim/hr,  as 
determined  by  both  scanning-electron  microscope  (SEM)  measurements  and  optical  interference- 
transmission  spectra.  The  heteroepitaxial  nitride  films  are  deposited  at  -1050°C  on  thin  (—25  run) 
low-temperature  GaN  buffer  layers  grown  at  ~525°C  on  (OOOl)-oriented  AI2O3  substrates. 

The  structural  quality  of  the  heteroepitaxial  nitride  films  is  analyzed  using  high-resolution  X- 
ray  rocking  curves  or  triple-axis  X-ray  diffractometry  employing  symmetric  (0002)  diffraction 
conditions.  For  the  rocking  curve  analysis,  a  Blake  Instruments  high-resolution  five-crystal 
diffractometer  is  employed.  Cu  Ka  radiation  is  used  and  rocking  curves  through  the  (0002)  GaN 
and  Al2C)3  lattice  Bragg  peaks  are  made  to  analyze  the  quality  of  the  films.  The  FWHM  of  the 
(0002)  GaN  diffraction  peak  has  been  studied  as  a  function  of  the  thickness  of  the  GaN  film.  The 
FWHM  of  the  -0.25  p.m-thick  films  are  -100  arc  sec  while  thicker  films  (-0.5-0.8  pm)  have 

reproducible  FWHM  values  A0-37  arc  sec.  Typical  (0002)  X-ray  rocking  curves  for 
GaN/sapphire  thin  films  are  shown  in  Figure  1.  Note  the  relatively  small  FWHM  values  for  these 
rocking  curves  and  the  presence  of  well-defined  Pendellbsung  fringes.  A  plot  of  FWHM  vs. 
layer  thickness  for  many  such  thin  heteroepitaxial  GaN/Al203  films  is  shown  in  Figure  2. 
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Figure  1;  Five-crystal  (0002)  X-ray  rocking  curves  for  various  GaN  epitaxial  layers  grown  bv 
MOCVD  on  (0001)  AI2O3  substrates. 
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Figure  2:  X-ray  rocking  curve  FWHM  values  of  GaN/Al203  heteroepitaxial  films  vs.  layer 
thickness. 

The  crystalline  structure  of  selected  films  is  also  analyzed  using  high-resolution  triple-axis  X- 
ray  diffractometry.  Shown  in  Figure  3  are  the  iso-intensity  contours  (on  a  log  scale)  of  the  full  (O 

vs.  CO-20  scans  for  one  of  the  GaN/sapphire  films.  Note  the  presence  of  contour  lines 
corresponding  to  the  Pendellbsung  fringes  of  Figure  2.  These  contour  fringes  are  shown  more 
dramatically  in  the  intensity  vs.  angle  form  as  shown  in  Figure  4a.  The  FWHM  of  this  curve  is 

~35  arc-s.  The  diffracted  intensity  along  the  horizontal  ((0-20)  axis  is  indicative  of  the  variation  of 
the  lattice  constant  perpendicular  to  the  diffraction  planes.  Figure  4a  shows  the  distribution  of  the 
Bragg  diffraction  intensity  as  a  function  of  angle,  and  the  width  of  the  curve  is  related  to  the 
distribution  of  the  (0001)  interplanar  separations.  The  extent  of  the  “mosaic  tilt”  of  the  GaN  film 

can  be  related  to  the  diffracted  intensity  along  the  vertical  (co)  axis,  displayed  in  the  intensity  plot  of 
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Figure  4b.  The  narrow  FWHM  of  1  arc-s  for  the  scan  along  the  co-axis  indicates  a  low  value  of 
mosaicity  in  the  heteroepitaxial  GaN  layer.  The  relatively  broad  co-20  curve  compared  to  the 

narrower  co  curve  is  consistent  with  notion  that  low  dislocation  densities  should  be  associated  with 
less  mosaic  structure  and  that  mosaicity  plays  a  strong  role  in  thermal  stress  relaxation. 


Figure  3:  Triple-axis  X-ray  scan  for  a  GaN/sapphire  epitaxial  layer  grown  by  MOCVD. 
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Figure  4a:  X-ray  intensity  along  the  03-20  axis  at  the  (0=0.0  plane.  Note  the  well-defined 
Pendelldsung  fringes  and  the  FWHM  value  of  ~35  arc-s. 
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Figure  4b:  X-ray  intensity  along  the  (O  axis  at  the  co-20=O.OO  plane;  the  FWHM  ~1 1  arc-s. 

Photoluminescence  (PL)  spectra  taken  at  300K  for  the  GaN  films  typically  show  an  intense 
near-bandedge  peak  near  X  ~370  nm  and  weak  "defect-related"  emission  at  --550  nm.  Figure  5 
(upper  curve)  displays  the  300K  PL  spectrum  of  a  ~L2  pm-thick  GaN/Al203  film.  The  high 
integrated  intensity  of  the  near-band-edge  peak  at  -367  nm  and  the  high  intensity  of  this  peak 
compared  to  the  deep-level  ("yellow")  emission  at  longer  wavelengths  further  indicate  the  samples 
to  be  of  good  optical  quality.  The  lower  curve  shows  similar  PL  data  obtained  from  a  high-qu^ity 
"undoped"  MOCVD-grown  GaN/Al203  film  (-2.0  \im  thick)’.  We  note  that  the  "undoped"  film 
has  a  lower  integrated  intensity  for  the  bandedge  emission  and  a  similar  intensity  for  the  "yellow" 
band  luminescence.  This  indicates  that  the  luminescence  efficiency  of  these  "narrow  rocking- 
curve"  films  is,  in  principle,  quite  good.  The  broad  spectral  emission  near  the  band  edge  is 
indicative  of  the  high  "unintentional"  doping  of  the  film,  probably  due  to  native  defects  that  are 
acting  as  shallow  donors. 


Wavelength  (nm) 

Figure  5:  Room-temperature  PL  for  "undoped  standard"  GaN  film  (curve  a)  and  an 
"unintentionally  doped  n-type"  GaN  film  grown  in  this  study  (curve  b). 
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We  have  also  grown  alloy  films  in  the  InGaN  and  AlGaN  ternary  systems  that  have  narrow  X- 
ray  rocking  curve  FWHM  values.  These  films  are  grown  on  GaN  buffer  layers;  the  AlGaN  films 
are  grown  at  ~1050°C  and  InGaN  films  are  grown  at  ~800°C.  Shown  in  Figure  6  is  the  rocking 
curve  for  a  heterostructure  sample  consisting  of  -200  nm  of  AIo.45Gao.55N  grown  on  a  -200  nm 
GaN  film  on  (0001)  sapphire.  Note  the  presence  of  Pendellosung  fringes  and  the  relatively  narrow 
FWHM  values  for  these  layers.  No  cracking  of  this  film  was  observed  under  500X  optical 
examination.  Similar  X-ray  rocking  curve  data  are  shown  in  Figure  7  for  an  Ino.55Gao.45N  film 
grown  on  a  thin  GaN  buffer  layer.  Note  again  the  relatively  narrow  rocking  curve  obtained  for  this 
film.  In  this  case,  no  diffraction  due  to  the  GaN  buffer  layer  is  shown  since  this  is  very  weak  and 
is  at  a  much  different  Bragg  angle. 


Angle  (arc  sec) 

Figure  6:  X-ray  rocking  curve  for  an  AlGaN/GaN  heterostructure  grown  on  (0001)  sapphire. 


Figure  7:  X-ray  rocking  curve  for  an  InGaN/GaN  heterostructure  grown  on  (0001)  sapphire. 

High-resolution  transmission-electron  microscopy  (TEM)  studies  of  these  heteroepitaxial 
GaN/Al203  films  has  shown  that  the  interface  is  very  abrupt.'*  Detailed  analysis  of  lattice  images 
indicates  that  the  spacing  of  the  lattice  planes  is  very  constant  throughout  the  film,  consistent  with 
the  observation  of  well-defined  Pendellosung  fringes  and  the  reciprocal-space  maps  obtained  by 
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triple*axis  diffractometry.  Lower  resolution  TEM  images  show  the  presence  of  dislocations  and 
domains  with  a  distribution  of  various  amounts  of  "twist"  in  the  crystalline  orientation.  The 
detailed  analysis  of  this  material  is  under  further  study.*  The  density  of  dislocations  is  highest  near 
the  film — substrate  interface.  The  density  of  these  domains  varies  throughout  the  film  with 
densities  -IQl  ^  cm’2  near  the  film — substrate  interface  and  -10^  cm’2  near  the  top  of  the  GaN  film. 

CONCLUSIONS 

We  have  grown  high-quality  GaN  heteroepitaxial  films  on  (OOOl)-oriented  AI2O3  substrates. 
Optical  transmission,  cathodoluminescence,  and  photoluminescence  spectra  show  the  films  to  have 
a  300K  direct  bandgap  energy  of  Eg- 3. 4  eV.  Reproducible  X-ray  diffraction  rocking  curves 

having  FWHM  values  of  A0~37  arc  sec  have  been  obtained  for  heteroepitaxial  GaN  films  having  a 
total  thickness  -0. 5-0.8  p.m.  In  addition,  triple-axis  X-ray  diffractometry  and  TEM 
characterization  confirm  the  uniformity  in  lattice  parameter  for  these  films.  These  results  represent 
nearly  an  order-of-magnitude  improvement  over  typical  values  reported  for  significantly  thicker 
GaN  layers  on  AI2O3  substrates.  Also,  we  have  grown  InGaN  and  AlGaN  films  having  narrow 
X-ray  rocking  curves.  We  expect  that  AlGaN/InGaN/GaN  heterostructures 
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ABSTRACT 

Gallium  nitride  (GaN)  films  have  been  grown  by  hydride  vapor  phase  epitaxy  (HVPE)  in  a 
vertical  reactor  design.  We  report  on  GaN  growth  directly  on  sapphire  using  a  GaCl  surface 
pretreatment.  The  electrical  properties  of  these  films  compare  favorably  with  Ae  highest  values 
reported  in  the  literature  for  GaN.  Specifically,  a  room  temperature  Hall  mobility  as  high  as  540 
cm  W-s,  with  a  corresponding  carrier  concentration  of  2xl0^’cm*^,  have  been  attained. 
Additionally,  the  venical  reactor  design  has  assisted  in  reducing  nonuniformities  in  both  film 
thickness  as  well  as  in  transport  properties  due  to  depletion  effects,  as  compared  with  horizontal 
designs.  The  dislocation  density  in  these  films  has  been  determined  by  plan- view  transmission 
electron  microscopy  to  be  -3x10^  cm'^. 

Photoluminescence  spectra  obtained  at  2  K  show  intense,  sharp,  near-bandedge  emission 
with  minimal  deep  level  emissions.  Stimulated  emission  has  been  observed  in  these  films, 
utilizing^  a  nitrogen  laser  pump  source  (A,=337.1  nm)  with  a  threshold  pump  power  of  ~0.5 
MW/cm  .  These  results  suggest  that  HVPE  is  viable  for  the  growth  of  high-quality  nitride  films, 
particularly  for  the  subsequent  homoepitaxial  overgrowth  of  device  structures  by  other  growth 
methods  such  as  OMVPE  and  MBE. 

INTRODUCTION 

Recent  progress  in  high-brightness,  efficient  nitride-based  light  emitting  diodes  (LED’s)  has 
strengthened  the  contention  that  short- wavelength  injection  lasers  will  be  possible  with 
improvements  in  material  quality.  Typical  state-of-the-art  material  often  contains  relatively  high 
densities  of  structural  defects  (10^-10^°  cm'^)  which  do  not  appear  to  introduce  non-radiative 
defect  centers  as  in  most  other  III-V  semiconductor  systems.  This  has  allowed  LED’s  with 
external  quantum  efficiencies  as  high  as  9.2  %.*  It  does  appear,  however,  that  when  these  defects 
are  driven  under  higher  current  densities,  which  are  required  for  injection  lasers,  these  devices 
will  degrade,  likely  through  processes  mediated  by  the  structural  defects.  As  it  is  generally 
agreed  that  these  defects  are  a  direct  or  indirect  result  of  the  lattice  mismatch  between  the  nitride 
epilayer  and  its  foreign  substrate,  attention  has  recently  focused  on  developing  alternative 
substrate  technologies.  Due  to  the  high  equilibrium  vapor  pressure  of  N2  over  GaN,  bulk  growth 
has  been  carried  out  at  extremely  high  pressures  (~20  kbar)  and  has  produced  GaN  platelets  of 
limited  dimensions  (<  1  cm).  Heteroepitaxial  substrate  materials  with  better  lattice  match  to  the 
nitrides,  such  as  ZnO,  LiGa02  or  LiA102,  show  promise  for  MBE  growth,  but  their  lack  of 
thermal  or  chemical  stability  limits  their  suitability  for  the  CVD  growth  of  nitrides. 

In  order  to  generate  large  areeis  of  thick  GaN  films,  several  groups  are  pursuing  hydride 
vapor  phase  epiteixy  (HVPE)  as  a  quasi-bulk  technique.^’  This  method  has  die  advantages  of 
high  growth  rate  (typically  >10  pm^.)  and  low  cost.  Significant  drawbacks  associated  with  this 
technique  are  the  large  background  donor  concentration  usually  found  in  these  films, surface 
particulates  generated  by  wall  deposition  and  pronounced  lateral  inhomogeneities  due  to 
depletion  effects  usually  observed  in  films  grown  in  horizontal  reactors^.  This  typically  limits 
regions  of  homogeneous  growth  to  ~1  cm.  In  order  for  this  technique  to  become  commercially 
viable,  techniques  for  the  growth  of  high-quality,  homogeneous  material  over  large  areas  (>  2  in¬ 
diameter)  will  be  necessary.  Additionally,  the  structural  and  surface  quality  of  the  films  will 
have  to  be  such  that  the  quality  of  epitaxial  device  overgrowths  on  ^ese  films  are  superior 
compared  to  those  grown  on  available  substrate  materials. 

To  understand  the  mechanisms  of  nucleation  and  defect  formation  and  propagation  as  well 
as  the  effect  of  growth  conditions  on  the  properties  of  GaN  grown  by  HVPE,  we  have 
investigated  the  structural,  electrical  and  optical  properties  of  thick  (>10  pm)  GaN  films  grown 
in  a  vertical  HVPE  reactor.  Optimization  of  grov^  parameters  has  resulted  in  room  temperature 
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mobilities  as  high  as  540  cm^A^-s.  and  corresponding  carrier  concentrations  of  2x1 0’’  cm'^. 
Dislocation  densities  of  -3x10*  cm‘^  have  also  been  attained  which  suggest  that  such  thick  layers 
might  provide  a  useful  template  for  device  overgrowth.  These  films  have  been  successfolly 
utilized  as  substrates  for  device  epilayers  with  improved  optoelectronic  properties.^ 

EXPERIMENTAL 

The  samples  were  grown  by  a  vertical  HVPE  process  described  previously^  on  (0001)  2-in 
sapphire  substrates.  The  heteronucleation  of  the  GaN  layer  has  proven  a  critical  step  in 
achieving  uniform  high-quality  growth  and  smooth  smface  morphology.  To  enhance  the 
nucleation  of  the  GaN  we  have  utilized  both  a  GaCl  pretreatment  and  a  RF-sputtered  ZnO  buffer- 
layer  technique.^’  ’  Here  we  report  on  results  obtained  using  a  GaCl  pretreatment. 

For  the  films  investigated  in  this  study,  helium  carrier  gas  was  used  to  suppress  natural 
convection  effects,  although  similar  results  have  recently  been  obtained  by  using  nitrogen  as  a 
carrier  gas.  Additionally,  tiie  reactor  was  constructed  to  allow  the  direct  injection  of  HCl  gas  into 
the  groivth  stream,  downstream  from  the  gallium  boat.  This  free  HCl  was  found  to  have  a 
beneficial  effect  on  material  quality  and  a  moderate  reducing  effect  on  growth  rate,  as  observed 
previously.^  The  Ga  boat  temperature  was  typically  held  at  900°C  and  the  growth  temperature 
was  usually  between  1050  and  1100°C.  Growth  rates  were  typically  12-15  pm/h  and  growth 
times  are  typically  1  h. 

The  material  properties  were  investigated  by  a  variety  of  techniques  such  as  transmission 
electron  microscopy  (TEM),  X-ray  diffraction  (XRD),  atomic  force  microscopy  (AFM),  variable 
temperature  Hall  efect  measurements  (T  =  80-500K),  2  K  photoluminescence  (PL),  using  a  He- 
Cd  laser  excitation  source,  reflection  high  energy  electron  diffraction  (RHEED)  and  optical 
pumping  at  room  temperature  and  77  K  using  a  nitrogen  laser  pump  source  (A,=337.1  nm). 

RESULTS  and  DISCUSSION 

The  films  generally  are  highly  transparent  and  uniform  over  a  2-in  wafer.  Usually,  the 
surface  structure  consists  of  predominately  large  (-50  pm)  low  angle  hillocks  (-2  pm  in  height), 
although  some  films  have  been  grown  with  mirror-like  surfaces.  We  believe  that  further 
refinements  in  the  growth  will  afford  control  over  this  phenomenon.  The  hillocks  have  an  RMS 
roughness  of  2  A,  as  determined  by  AFM.  This  is  supported  by  the  streaky  RHEED  patterns 
shown  in  Figure  1.  As  shown  in  Figure  1(b),  upon  heating  these  films  quickly  develop  a  2X 
surface  reconstruction  suggestive  that  there  is  a  highly  ordered  surface  and  minimal  oxide 
removal  issues  for  epitaxi^  overgrowth. 

TEM  investigations  on  these  GaN  films  reveal  a  200-nm  region  at  the  GaN/sapphire 
interface  which  has  a  high  density  of  stacking  faults,  as  shown  in  Figure  2.  This  “auto-buffer” 
layer  is  believed  to  be  stress  driven  and,  at  a  critical  tWckness,  ceases,  and  growth  continues  with 
a  comparatively  large  cell  structure.  Additionally,  cross-sectional  TEM  images  reveal 
annihilation  of  dislocations  during  film  growth,  resulting  in  substantially  reduced  defect  densities 
at  the  surface  of  the  film,  as  compared  with  the  initial  growth.  Studies  are  currently  underway  to 
determine  whether  this  trend  continues  as  the  thickness  is  further  increased,  thus  leading  to  even 
lower  defect  densities.  The  resulting  dislocation  density  after  12  pm  of  growth  was  -3x10  cm'  , 
as  determined  by  plan-view  TEM.  This  compares  favorably  with  reported  OMVPE  GaN  films 
grown  both  on  SiC  and  sapphire  substrates,  and  suggests  that  with  further  optimization  even 
lower  defect  densities  may  be  possible. 

X-ray  diffraction  studies  yield  a  0-rocking  curve  FWHM  of  5  arcmin,  which  is  comparable 
to  reports  for  high-quality  OMVPE  material.  Broadening  due  to  X-ray  penetration  to  the 
defective  layer  is  expected,  considering  its  penetration  depfti  (>12  pm),  so  that  the  top  of  the 
GaN  film  may  have  better  structural  orientation  than  suggested  by  this  value.  As  reported  by 
Hiramatsu  et  for  films  of  these  thicknesses,  a  significant  amount  of  strain  resulting  from  the 
thermal  mismatch  between  the  GaN  and  sapphire  is  expected  to  be  relieved  through  the 
formation  of  microcracks.  Depending  on  the  growth  conditions,  these  cracks  may  become 
visible,  although  they  tend  to  remain  localized  at  Ae  GaN/sapphire  interface. 

Temperature-dependent  Hall  effect  measurements  reveal  the  presence  of  two  donor  levels  at 
-17  and  -100  meV,  as  shown  in  Figure  4.  The  shallower  level  is  consistent  with  a  Si  donor, 
and  SIMS  analysis  is  underway  to  determine  whether  the  Si  concentration  in  these  films  is 
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<1120>  <1T00> 

Figure  1  -  RHEED  patterns  along  <1 120>  and  <1T00>  directions  for  HVPE  GaN  films:  (a)  as- 
grown  and  (b)  heated  to  750°C. 


sufficient  to  account  for  these  shallow  donors.  The  deeper  level  is  found  to  vary  in  a  range  of 
100-200  meV  from  sample  to  sample.  Also,  the  concentration  of  this  level  appears  to  be 
correlated  with  the  thickness  of  the  defective  interfaeial  region.  C-V  and  DLTS  measurements 
performed  at  high  temperature  suggest  a  concentration  of  these  defects  near  the  surface  that  is  far 
lower  than  derived  from  the  Hall  measurements.  Therefore,  we  speculate  that  this  level  may  be 
due  to  a  shunting  conduction  mechmisni  through  the  defective  layer  which  has  a  high 
concentration  of  these  deep  states  (~10  cm"  ).  This  is  supported  by  the  temperature  dependence 
of  the  mobility  at  T>200  K  which  shows  a  reduction  in  mobility  more  rapid  than  that  expected 
from  phonon  scattering  (p  oc  T  ).  Further  investigations  are  underway  to  elucidate  this  issue. 
Room-temperature  mobilities  typically  range  between  400-540  cm^A^-s  with  n=l-2xl0’’  cm'^ 
and  both  quantities  are  highly  uniform  over  the  2-in  substrate  as  shown  in  Figure  3. 

The  2  K  PL  spectra  of  these  films  exhibit  intense  near-bandedge  emission  associated  with 
donor-bound  excitons  (at  3.468  eV,  FWHM  =  2.42  meV,  as  shown  in  the  inset  of  Figure  5).  A 
high-energy  shoulder  is  believed  to  be  due  to  the  free-exciton  and  is  indicative  of  the  high  quality 
of  these  films.  We  are  not  able  to  detect  any  yellow  emission  centered  at  2.2  eV,  although  weak 
red  emissions  centered  at  2.0  and  1,8  eV  are  detected  in  some  of  the  samples.  Optically  pumping 
these  samples  with  a  nitrogen  laser,  both  at  room  temperature  and  77  K,  yields  stimulated 
emission,  as  shown  in  Figure  6,  with  thresholds  of  1.8  and  0.7  MW/cm^,  respectively. 
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Figure  2  -  Cross-sectional  TEM  image  of  GaN/sapphire  interface  for  a  sample  grown  using  GaCl 
pretreatment.  A  thin  (~200  nm)  defect  region  with  high  density  of  stacking  faults  can  be  seen, 
after  which  there  is  an  abrupt  transition  to  high-quality  growth. 
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Figure  3  -  Wafer  map  of  room  temperature  transport  characteristics  over  quarter  of  HVPE-grown 
GaN  film  on  2-in  (0001)  sapphire  wafer.  Due  to  the  high  rotational  rate  (~38  RPM),  the  other 
three  quadrants  exhibit  similar  characteristics. 
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Figure  6  -  77  K  and  room  temperature  optical  pumping  of  HVPE-grown  GaN. 

CONCLUSIONS 

High-quality  GaN  films  have  been  grown  by  HVPE  uniformly  over  large  (2-in  diameter) 
areas.  The  structural,  optoelectronic,  and  electrical  properties  compare  favorably  with  OMVPE- 
grown  material.  This  demonstrates  that  HVPE  is  viable  for  the  growth  of  low-defect  GaN  thick 
films.  Additionally,  its  high  growth  rate  and  low  defect  density  suggest  its  employment  as  a 
quasi-bulk  method  for  the  generation  of  large  area  homoepitaxial  substrates  for  nitride-based 
device  overgrowths. 
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ABSTRACT 

Monocrystalline  AlxGai-xN(OOOl)  (0.05  <  x  ^  0.70)  thin  films,  void  of  oriented  domain 
structures  and  associated  low-angle  grain  boundaries,  have  been  grown  at  high  temperatures  via 
OMVPE  directly  on  vicinal  and  on-axis  a(6H)-SiC(0001)  wafers  using  TEG,  TEA  and  ammonia 
in  a  cold- wall,  vertical,  pancake-style  reactor.  The  surface  morphologies  were  smooth  and  the 
densities  and  distributions  of  dislocations  were  comparable  to  that  observed  in  GaN(0001)  films 
grown  on  high  temperature  AIN  buffer  layers.  Double-crystal  XRC  measurements  showed  a 
FWHM  value  as  low  as  186  arc  sec  for  the  (0002)  reflection.  Spectra  obtained  via  CL  showed 
strong  near  band-edge  emissions  with  FWHM  values  as  low  as  31  meV.  The  compositions  of  the 
AlxGai.xN  films  were  determined  using  EDX,  AES  and  RBS  and  compared  to  the  values  of  the 
bandgap  as  measured  by  spectral  ellipsometry  and  CL  emissions.  A  negative  bowing  parameter 
was  found.  Controlled  n-type.  Si-doping  of  AlxGai-xN  for  x  <  0.4  has  been  achieved  with  net 
carrier  concentrations  ranging  from  ==  2  x  10^7  cm-3  to  2  x  10^9  cm-3.  Acceptor  doping  with  Mg 
for  X  <  0. 13  was  also  successful. 

INTRODUCTION 

The  numerous  potential  semiconductor  applications  of  the  wide  bandgap  III-  Nitrides  has 
prompted  sigmficpt  research  regarding  their  growth  and  development.  GaN  (wurtzite  structure), 
the  most  studied  in  this  group,  has  a  bandgap  of  *=3.4  eV  and  forms  continuous  solid  solutions 
with  both  AIN  (6.2  eV)  and  InN  (1.9  eV).  As  such,  materials  with  engineered  bandgaps  are 
feasible  for  optoelectronic  devices  tunable  in  wavelength  from  the  visible  to  the  deep  UV.  The 
relatively  strong  atomic  bonding  of  these  materials  also  points  to  their  potential  for  high-power  and 
high-temperature  microelectronic  devices. 

Single  crystal  wafers  of  GaN  are  not  commercially  available.  Sapphire(0(X)l)  is  the  most 
commonly  used  substrate,  although  its  lattice  parameter  and  coefficients  of  thermal  expansion  are 
significantly  different  from  that  of  any  HI-Nitride.  The  heteroepitaxial  nucleation  and  growth  of 
monocrystalline  films  of  GaN  on  any  substrate  and  AIN  on  sapphire  are  difficult  at  elevated 
(>900°C)  temperatures.  Therefore,  at  present,  for  successful  organometallic  vapor  phase  epitaxy 
(OMVPE)  of  GaN  films  on  sapphire  the  use  of  the  initial  deposition  of  an  amorphous  or 
polycrystalline  buffer  layer  of  AlNf  2  or  GaN3*4  at  low-temperatures  (450°-600°C)  is  necessary  to 
achieve  both  nucleation  and  relatively  uniform  coverage  of  the  substrate  surface.  Subsequent 
deposition  at  higher  temperatures  and  concomitant  grain  orientation  competition  has  resulted  in 
films  of  GaN(OOOl)  and  various  nitrides  alloys  of  improved  quality  and  surface  morphology 
relative  to  that  achieved  by  growth  directly  on  this  substrate. 

By  contrast,  we  have  observed  that  AIN  and  AlxGai-xN  alloys  containing  even  low  (x  > 
0.05)  concentrations  of  AIN  deposited  on  6H-SiC(0001)  substrates  at  high  (>1000°C) 
temperatures  undergo  two-dimensional  nucleation  and  growth  with  resulting  uniform  surface 
coverage.  In  our  research,  the  use  of  a  1000  A,  monocrystalline,  high-temperature  (1 100”C)  AIN 
buffer  has  resulted  in  GaN  films  void  of  oriented  domain  structures  and  associated  low-angle  grain 
boundaries.^’^  Monocrystalline  films  of  AIxGai-xN  (0.05  <  x  <  0.70)  of  the  same  quality  have 
also  been  achieved  directly  on  6H-SiC(0001)  wafers  at  1  lOO^C.  The  presence  of  AIN  in  the 
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films,  the  enhanced  surface  mobility  of  the  adatoms  at  high  temperatures  and  the  reduced  mismatch 
in  lattice  parameters  between  AlxGai-xN(OOOl)  and  6H-SiC(0001)  (a/ao^l-3%)  relative  to  that 
between  AlxGai-xN  and  sapphire  (11-13%)2  have  promoted  the  growth  of  these  filmsJ  The 
following  is  the  first  known  published  report  of  the  deposition  of  undoped  and  doped  high  quality 
AlxGai-xN  alloys  without  the  use  of  a  buffer  layer. 

EXPERIMENTAL  PROCEDURES 

As-received  vicinal  6H-SiC(0001)  wafers^  oriented  off-axis  toward  <1120>  were  cut 
into  7.1  mm  squares.  These  pieces  were  degreased  in  sequential  ultrasonic  baths  of 
trichloroethylene,  acetone  and  methanol  and  rinsed  in  deionized  water.  The  SiC  substrates  were 
then  dipped  into  a  10%  HF  solution  for  10  minutes  to  remove  the  thermally  grown  oxide  layer  and 
blown  dry  with  N2  before  being  loaded  onto  the  SiC-coated  graphite  susceptor  contained  in  a  cold- 
wall,  vertical,  pancake-style,  OMVPE  deposition  system.  The  system  was  evacuated  to  less  than 
3x10‘5  Torr  prior  to  initiating  growth.  The  continuously  rotating  susceptor  was  RF  inductively 
heated  to  the  AlxGai-xN  deposition  temperature  of  1 100®C  (optically  measured  on  the  susceptor)  in 
3  SLM  of  flowing  H2  diluent.  Hydrogen  was  also  used  as  the  carrier  gas  for  the  various 
metalorganic  precursors.  Deposition  of  AlxGai-xN  was  initiated  by  flowing  various  ratios  of 
triethylaluminum  (TEA)  and  triethylgalliura  (TEG)  in  combination  with  ammonia  (NH3).  The 
NH3  and  total  metalorganic  precusor  flow  rates  were  1.5  SLM  and  32.8  pmol/min,  resi^ctively. 
The  system  pressure  was  45  Torr.  Silicon  doped  n-type  AlxGai-xN  samples  were  achieved  via 
the  addition  of  SiH4  (12.4  ppm  in  a  balance  of  N2)  at  flow  rates  between  0.05  nmol/min  ^d  15 
nmol/min.  Magnesium  doped  p-type  AlxGai-xN  samples  were  achieved  via  the  addition  of 
Cp2Mg  at  flow  rates  between  200  nmol/min  and  400  nmol/min. 

The  structural,  microstructural,  optical  and  electrical  characteristics  of  the  epitaxial 
AlxGai-xN  thin  films  were  analyzed  using  several  techniques.  Scanning  electron  microscopy 
(SEM)  was  performed  using  a  JEOL  6400FE  operating  at  5  kV  which  was  equipped  with  an 
Oxford  Light  Element  Energy  Dispersive  X-ray  (EDX)  Micro  analyzer.  Conventional  and  high 
resolution  transmission  electron  microscopy  (TEM)  was  conducted  using  a  Topcon  EM-002B 
microscope  operating  at  200  kV.  Double-crystal  x-ray  rocking  curve  (DCXRC)  measurements 
were  made  on  a  Philips  MR3  thin  films  diffractometer.  The  catholuminescence  (CL)  properties  of 
the  AlxGai-xN  films  were  determined  at  4.2  K  using  a  Kimball  Physics  EMG-14  elytron  gun  as 
the  excitation  source.  Spectral  ellipsometry  (SE)  was  performed  using  a  rotating  analyzer 
ellipsometer  with  a  xenon  arc  lamp  (1.5eV  -  5.75eV).  Capacitance- Voltage  (CV)  measurements 
were  conducted  using  a  MDC  Model  CSM/2-VF6  equipped  with  a  mercury  probe.  Auger  electron 
spectropy  (AES)  was  performed  using  a  Perkin-Elmer  Model  660  equipped  with  Zalar  rotation. 
Rutherford  backscattering  analysis  was  performed  using  1.9  MeV  He"''  ions  with  the  detector  at  an 
angle  of  165°. 

RESULTS  AND  DISCUSSION 

Previous  research  in  our  laboratories  has  shown  that  thin  films  of  GaN  deposited  directly 
on  6H-SiC(0001)  substrates  at  high  and  low  temperatures  had  columnar-like  grains,  faceted 
surfaces  and  high  net  carrier  concentrations  (np-nA  >  1  x  10^^  cm’^).^  In  contrast,  in  the  present 
research  monocrystalline  thin  films  of  AlxGai-xN  (x  <0.05)  have  been  deposited  directly  on  the 
same  type  of  SiC  substrates  without  the  use  of  a  buffer  lay  er  with  no  misorientation  or  low-angle 
grain  boundaries,  as  determined  by  selected  area  diffraction  (SAD)  and  microstructural  analysis 
via  TEM.  The  stacking  fault  density  was  also  very  low.  These  results  are  apparent  in  the 
representative  cross-sectional  TEM  micrograph  shown  in  Figure  la.  Inserts  in  the  micrograph 
show  SAD  patterns  from  the  top  layer  of  Alo.13Gao.87N  and  the  film/substrate  interface. 
Overlapping  spots  from  the  6H-SiC(0001)  substrate  are  seen  in  the  latter  pattern.  The  dislocation 
density  of  these  films  at  the  interface  appears  to  similar  to  GaN  films  deposited  on  a  high 
temperature  (HT)  buffer  layer.5»6  The  dislocation  density  of  the  AlxGai-xN  film  decreases  rapidly 
as  a  function  of  thickness,  as  shown  in  Figure  la,  and  only  threading  dislocations  which  result 
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Figure  1.  a)Cross-sectional  TEM  micrograph  of  a  1.8  |im  AlGaN(OOOl)  film  deposited  at  11(X)®C 
and  45  Torr  via  OMVPE  directly  on  a  vicinal  6H-SiC(0001)  substrate.  The  inset  shows  the 
selected  area  diffraction.  b)High  resolution  TEM  of  the  AlGaN/SiC  interface 


Figure  2.  Representative  SEM  micrograph  of  the  surface  of  an  AlGaN(0001)  film  similar  to  that 
shown  in  Figure  1. 
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from  misfit  dislocations  at  the  interface  persist  through  the  film.  High  resolution  TEM  of  the 
AlGaN/SiC  interface  is  shown  in  Figure  lb. 

The  surfaces  of  the  AlxGai-xN  films  exhibited  a  slightly  mottled  appearance,  as  shown  in 
Figure  2,  probably  as  a  result  of  the  step  and  terrace  features  on  the  growth  surface  of  the  vicinal 
6H-SiC(()001)  substrates.  Random  pinholes,  caused  by  incomplete  coalescence  of  the  two 
dimensional  islands  which  occurred  as  an  intermediate  growth  stage  between  the  initial  nucleation 
and  the  final  layer-by-layer  growth  stage  representative  of  the  majority  of  the  film,  were  also 
observed.  For  AlxGai-xN  compositions  for  x  >  0.5,  a  significant  number  of  pinholes  appeared  on 
the  surface.  Based  on  previous  work  with  GaN,  the  pinhole  density  can  be  decreased  with 
increasing  growth  temperature  due  to  the  enhanced  surface  mobility  of  the  adatoms  at  higher 
temperatures, The  higher  growth  rate  of  films  grown  on  off-axis  material  is  due  to  the  increased 
density  of  steps  on  the  substrate  and  film.  DCXRC  measurements  taken  on  the  1.8  urn 
Alo.i3Gao.87N  film  shown  in  Figure  1  revealed  the  FWHM  of  the  (0002)  reflection  to  be 
186  arc  sec.  For  a  0.9  }im  film  of  the  same  composition,  the  FWHM  value  of  the  same  reflection 
was  315  arc  sec.  The  reduction  in  FWHM  values  is  consistent  with  the  decrease  in  alloy 
concentration. 

The  low-temperature  (4.2K)  CL  spectra  of  the  undoped  AlxGai-xN  films  for  various 
compositions  (0.05  <  x  <  0.70)  revealed  an  intense  near  band-edge  emission  which  has  been 
attributed  to  an  exciton  bound  to  a  neutral  donor  (l2-line  emission) Broadening  of  this 
emission  is  attributed  to  both  exciton  scattering  in  the  alloys  as  well  as  small  variations  in  alloy 
composition  in  the  film.  The  lowest  FWHM  value  observed  for  the  AlxGai-xN  alloys  was 
31  meV.  Strong  defect  peaks,  previously  ascribed  to  donor-acceptor  pair  recombination,l2  were 
observed  at  midgap  energies.  The  broad  peak  centered  at  545  nra  (2.2  eV)  for  GaN,  commonly 
associated^^  with  deep-levels  (DL)  in  the  bandgap,  was  also  observed;  however,  these  emissions 
shifted  sublinearly  wiA  changing  composition.  The  nature  of  this  behavior  is  imder  investigation. 

The  compositions  of  seven  films  grown  under  different  conditions  were  determined  using 
EDX,  AES  and  RBS.  Standards  of  AIN  and  GaN  grown  in  the  same  reactor  under  similar 
conditions  were  used  for  the  EDX  and  AES  analyses.  After  carefully  consideration  of  the  errors 
(±3  at.%)  involved  with  each  technique,  compositions  were  assigned  to  each  film.  The  data  from 
EDX  and  AES  measurements  showed  excellent  agreement.  The  RBS  data  did  not  agree  as  well 
with  the  other  two  techniques  due  to  small  compositional  variations  through  the  thickness  of  the 
film.  Simulation  of  the  composition  determined  by  RBS  was  conducted  only  on  the  surface 
composition.  Analysis  via  EDX  revealed  that  the  AlxGai-xN  grown  on  the  on-axis  SiC  substrates 
tended  to  be  slightly  more  A1  rich  than  those  grown  off-axis  SiC.  It  is  thought  that  the  presence  of 
steps  on  the  growth  surface  favors  the  adhesion  of  the  gallium  adatoms.  Bi  all  cases  except  one, 
this  difference  was  less  than  2  atomic  percent.  Under  the  most  aluminum  rich  growth  conditions, 
the  difference  was  6-8  atomic  percent.  This  difference  was  revealed  by  all  three  techniques.  At 
this  time,  the  reason  for  this  large  difference  is  unclear. 

In  Figures  3  and  4,  these  compositions  are  compared  with  their  respective  CL  emission 
peaks  and  bandgap  as  determined  by  SE.  Using  a  parabolic  model,  the  following  relationships 
describe  the  bandgap  (Eq.(l))  and  CL  (l2-line  emission)  (Eq.(2))  as  a  function  aluminum  mole 
fraction  for  0  <  x  <  0.70. 

Eg  (x)  =  3.40  +  1.35x  +  1.01x2  (1) 

Ei2(x)  =  3.47  +  1.07x  +  0.96x2  (2) 

Clearly,  both  measurements  show  a  negative  deviation  from  a  linear  fit.  This  is  in  agreement  with 
earlier  research  by  other  investigators, 

Undoped,  high  quality  Alo.05Gao.95N  films  grown  directly  on  vicinal  6H-SiC(0001) 
exhibited  residual,  n-type  background  carrier  concentrations  of  ^IxlOl^cm-^.  The  carrier 
concentration  rapidly  decreased  with  increasing  A1  content  and  was  <lxl0^^cm’3  for 
Alo.35Gao.65N,  as  determined  by  CV  measurements.  This  orgin  of  this  residual  carrier 
concentration  is  under  investigation,  since  concentrations  of  <1  xlO^^  cm*^  have  been  measured 
for  GaN  films  grown  on  AIN  buffer  layers  in  the  same  reactor.  However,  the  controlled 
introduction  of  SiH4  allowed  the  reproducible  achievement  of  donor  carrier  concentrations  within 
the  range  of  2  x  10^2  cni-3  to  2  x  10^9  in  films  with  x  <  0,4.  The  growth  of  p-type 
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Figure  3.  Low- temperature  (4.2K)  CL  emissions  of  AlxGai-xN  films  as  a  function  of  aluminum 
mole  fraction. 
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Figure  4.  Bandgaps  measured  by  spectral  ellipsometry  of  AlxGai-xN  films  as  a  function  of 
aluminum  mole  fraction. 
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AlxGai-xN  films  for  x  <  0.13  via  the  introduction  of  Mg  has  been  successful.  All  attempts  to 
similarly  dope  films  with  x  >  0. 13  have  been  unsuccessful. 

CONCLUSIONS 

AlxGai.xN(OOOl)  (0.05  <  x  <  0.70)  thin  films  void  of  low-angle  grain  boundaries  and 
resultant  domain  microstructures  have  been  grown  via  OMVPE  directly  on  vicinal  and  on-axis 
a(6H)-SiC(0001)  substrates.  A  significant  reduction  in  dislocation  density  with  increasing 
thicknesses  was  observed  via  TEM.  Low-temperature  CL  spectra  of  the  films  showed  intense  near 
band-edge  emissions.  For  a  1.8  pm  AlxGai.xN  film  (x=0.13),  DCXRC  measurements  revealed 
a  FWHM  value  of  186  arc  sec  for  the  GaN(0002)  reflection.  The  composition  of  the  AlxGai.xN 
films  was  determined  using  EDX,  AES  and  RBS  and  compared  to  the  values  of  the  bandgap 
measured  by  spectral  ellipsometry  and  CL  emissions.  A  negative  bowing  parameter  was  found. 
Controlled  n-type  Si-doping  of  AlxGai-xN  has  been  achieved  for  net  carrier  concentrations  ranging 
from  «2  X  IQl^  cm-3  to  «2  x  IQl^  cra-3  for  x  <  0.4.  The  p-type  doping  with  Mg  of  AlxGai-xN 
for  X  <  0.13  has  also  been  successful, 
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ABSTRACT 

We  have  fabricated  AlxGai.xN/GaN  heterostructures  with  high  two-dimensional 
electron  gas  (2DEG)  mobilities  and  high  sheet  carrier  densities  by  metalorganic 
vapor  phase  epitaxy  (MOVPE).  The  2DEG  sheet  density  and  mobility  exhibit  a 
compositional  dependence  on  the  A1  fraction  of  the  electron  donor  layer.  The  highest 
mobility  (5750  cm^A^s  at  16K)  was  measured  in  a  sample  with  x=0.15  that  had  a 
sheet  carrier  density  of  8.5x1012  cm’2.  The  undoped  AlxGai-xN  layers  have  low 
background  carrier  concentrations  and  can  be  intentionally  doped  n-tjrpe  using  SiH4, 
The  effect  of  intentional  n-type  doping  of  the  AlxGai-xN  donor  layer  on  the  electrical 
properties  of  the  2DEG  was  studied  in  structures  that  included  an  undoped  AlxGai-xN 
spacer  layer  of  varying  thickness.  Higher  2DEG  mobilities  were  obtained  when  a 
lOOA  thick  undoped  layer  was  included  in  the  structure  due  to  spatial  separation  of 
the  2DEG  from  ionized  impurities  in  the  doped  AlxGai-xN.  These  initial  results 
demonstrate  that  the  electrical  properties  of  AlxGai.xN/GaN  heterostructures  can  be 
controlled  by  intentional  doping  and  appropriate  layer  design. 


INTRODUCTION 

GaN  and  its  alloys  with  AIN  are  currently  under  investigation  as  candidate  materials 
for  electronic  devices  operating  at  elevated  temperatures.  The  high  saturated  drift 
velocity  of  electrons  in  GaN,  combined  with  the  large  conduction  band  discontinuities 
and  high  mobilities  achievable  in  AlxGai-xN/GaN  heterostructures  offers  the 
potential  of  improved  performance  for  GaN-based  devices  in  high  power  microwave 
applications  [1].  Prior  work  in  this  area  has  confirmed  the  existence  of  a  two- 
dimensional  electron  gas  (2DEG)  at  the  AlxGai-xN/GaN  heterointerface  [2],  and 
AlxGai.xN/GaN  high  electron  mobility  transistors  (HEMTs)  with  high 
transconductances  and  promising  dc  and  microwave  operating  characteristics  have 
recently  been  demonstrated  [3-5]. 

Further  advances  in  the  performance  of  GaN-based  HEMTs  are  expected  to  occur 
with  improvements  in  material  quality.  However,  to  date,  there  has  been  relatively 
little  work  on  characterizing  the  electrical  properties  of  undoped  and  intentionally 
doped  AlxGai-xN/GaN  heterojunctions.  Initial  AlxGai-xN/GaN  heterostructures 
exhibited  low  2I)EG  mobilities  [6] .  Possible  reasons  for  this  include  high  background 
carrier  concentrations  causing  parallel  conduction  in  unintentionally  doped  n-type 
GaN  and  AlxGai-xN  layers  and  poor  quality  heterointerfaces.  Increased  2DEG 
mobilities,  in  the  range  of  5000  cm^A^s  at  150K,  have  recently  been  reported  in 
heterostructures  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  [7].  The 
higher  mobilities  were  attributed  to  improved  AlxGai-xN  made  possible  by  the  use  of 
trimethylamine-alane  as  the  A1  precursor  rather  than  the  more  conventional 
trimethy-  or  triethylaluminum  sources. 
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We  have  fabricated  AlxGai-xN/GaN  heterojunctions  on  (0001)  sapphire  substrates 
with  high  electron  mobilities  (5750  cm^A^s  at  16K)  and  sheet  carrier  densities 
(8.5x1012  cm'2)  using  trimethylgallium  and  trimethylaluminum.  To  the  best  of  our 
knowledge,  these  are  the  highest  sheet  densities  and  mobilities  reported  for 
AlxGai-xN/GaN  heterostructures  grown  on  sapphire  substrates.  The  AlxGai-xN 
layers  have  low  background  carrier  concentrations  and  can  be  intentionally  doped 
n-type  using  SiH4.  In  this  paper  we  describe  the  characteristics  of  heterostructures 
fabricated  with  n-type  (Al,Ga)N:Si  donor  layers  and  undoped  (Al,Ga)N  spacer  layers 
and  present  results  on  the  effect  of  spacer  layer  thickness  on  the  electrical  properties 
of  the  heterojunction. 


EXPERIMENTAL  METHODS 

The  III-V  nitride  layers  were  grown  by  low  pressure  MOVPE  on  c-plane  (0001) 
sapphire  substrates.  Trimethylaluminum  (TMAl),  trimethylgallium  (TMGa)  and 
NH3  were  used  as  precursors,  with  H2  as  the  carrier  gas.  Prior  to  growth,  the 
substrates  were  degreased  and  etched  in  hot  H3P04:H2S04  and  loaded  into  the 
reactor.  A  thin  (150A)  AIN  buffer  layer  was  initially  grown  on  the  substrate  at 
550°C.  The  temperature  was  then  increased  to  1100®C  for  film  growth.  GaN  layers 
with  a  nominal  thickness  of  3  pm  were  grown  directly  on  the  AIN  buffer,  followed  by 
growth  of  the  AlxGai-xN  donor  layer. 

In  the  initial  study,  a  single  undoped  AlxGai-xN  electron  donor  layer  was  used,  as 
shown  in  Figure  1(a),  with  a  composition,  x,  that  varied  from  0.05  to  0.25.  Samples 
were  also  grown  with  an  undoped  Alo.15Gao.85N  spacer  and  an  intentionally  doped 
Alo.15Gao.85N  (n=5xl0l'^  cm-3)  donor  layer,  as  shown  in  Figure  1(b).  SiH4  (1  ppm  in 
H2)  was  used  as  the  intentional  n-type  dopant  source. 


400A(AI,Ga)N:Si  .v.v. 

500A  Undoped  (AI,Ga)N 

.^DEG 

Undoped  (AI,Ga)N  Spacer 

3  pm  Undoped  GaN 

3  pm  Undoped  GaN 

(0001)  Sapphire 

(0001)  Sapphire 

(a)  (b) 

Figure  1.  AlxGai-xN/GaN  heterostructures  using  (a)  an  undoped  donor 
layer  and  (b)  an  n-type  (bxlO^*^  cm-^)  donor  layer  with  an  undoped 
spacer  layer. 


X-ray  rocking  curves  (co-scans)  were  performed  using  a  double  crystal  diffractometer 
with  a  wide  open  incident  beam  and  detector  slit.  A  mercury  probe  was  used  to 
measure  the  capacitance-voltage  (C-V)  characteristics  of  the  heterojunctions.  Hall 
samples  were  fabricated  using  evaporated  A1  as  an  ohmic  contact  and  Hall 
measurements  were  carried  out  on  the  samples  over  the  temperature  range  from 
16K  to  300K. 
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RESULTS  AND  DISCUSSION 


The  first  series  of  experiments  investigated  the  electrical  properties  of  undoped 
(Al,Ga)N/GaN  heterojunctions.  The  basic  structure  of  the  layers  is  shown  in  Figure 
1(a).  Three  A1  compositions  were  used;  x=0.05,  0.15  and  0.25.  Cracking  of  the 
AlxGai-xN  cap  layers  was  not  observed,  indicating  that  500A  is  below  the  critical 
thickness  for  crack  formation  in  AlxGai.xN(x<0.25)  on  GaN.  The  heterojunctions 
were  characterized  using  x-ray  diffraction,  C-V,  and  Hall  measurements.  Figure  2 
shows  the  double-crystal  x-ray  rocking  curve  of  the  Alo.i5Gao.85N/GaN 
heterostructure.  The  (0002)  Alo.15Gao.85N  peak  appears  as  a  shoulder  on  the  right 
side  of  the  (0002)  GaN  reflection.  The  full-width-at-half-maximum  (FWHM)  of  the 
peak  is  316  arcsecs.  C-V  measurements  indicate  that  the  majority  of  carriers  are 
located  near  the  Alo.15Gao.85N/GaN  interface,  as  shown  in  Figure  3. 


Figure  2.  Double  crystal  x-ray  rocking  curve  (co-scan)  of  500A 
Alo,l5Gao.85N  /  3  |im  GaN  hetero structure. 


Figure  3.  Electron  concentration  vs.  depth  as  determined  by 
C-V  measurement  of  500A  Alo.15Gao.85N  /  3  pm  GaN 
showing  that  the  majority  of  carriers  are  confined  to  the 
heterointerface . 
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The  electron  mobilities  and  sheet  carrier  densities  as  a  function  of  AlxGai-xN  cap 
layer  composition,  x,  and  temperature  are  plotted  in  Figure  4.  In  all  of  the  samples, 
the  mobility  and  sheet  density  are  independent  of  temperature  below  approximately 
lOOK,  which  is  consistent  with  the  existence  of  a  2DEG  at  the  heterointerface.  The 
sheet  density  increases  with  A1  fraction  from  3xl0l2  cm'2  for  x=0.05  to  IxlO^^  cm'2 
for  x=0.25.  The  background  carrier  concentration  of  unintentionally  n-type  doped 
AlxGai-xN  decreases  with  increasing  x  [8],  and  we  have  measured  an  increase  in  the 
resistivity  of  our  undoped  AlxGai-xN  layers  with  increasing  A1  composition.  As  a 
result,  we  attribute  the  increase  in  sheet  density  to  increased  carrier  confinement  in 
the  higher  band-gap  energy  AlxGai-xN  layer  rather  than  an  increase  in  unintentional 
doping. 


Figure  4.  Electron  mobility  and  sheet  density  as  a  function  of 
temperature  for  AlxGai-xN/GaN  heterostructures  grown  with  x=0.05 
(circles),  x=0.15  (diamonds)  and  x=0.25  (squares). 


The  2DEG  mobility  also  exhibits  a  compositional  dependence,  as  shown  in  Figure  4. 
The  x=0.05  sample,  which  had  the  lowest  sheet  density  also  has  the  lowest  mobility. 
The  highest  mobility,  5750  cm^A^s,  was  measured  in  the  intermediate  A1  fraction 
(x=0.15)  sample.  Khan  et  al  [2]  reported  a  similar  dependence  of  2DEG  mobility  on  A1 
fraction  and  attributed  the  increased  2DEG  scattering  at  low  Al  fractions  to 
penetration  of  the  electron  wavefunction  into  the  AlxGai-xN  layer  due  to  a  small 
conduction  band  off-set.  The  2DEG  mobility  decreases  as  the  Al  fraction  is  raised  to 
x=0.25.  Several  factors  may  be  responsible  for  increased  scattering  at  higher  Al 
compositions  including  a  higher  sheet  carrier  density,  increased  strain  resulting  from 
a  larger  lattice  mismatch  between  AlxGai-xN  and  GaN,  a  decrease  in  structural 
quality  or  an  increase  in  impurity  incorporation  at  or  near  the  heterointerface. 
Further  studies  are  needed  to  understand  the  impact  of  each  of  these  factors  on  the 
electrical  properties  of  heterostructures.  The  2DEG  results  obtained  to  date, 
however,  indicate  that  x=0.10  to  x==0.15  is  the  optimum  Al  composition  range  for  high 
mobility  AlxGai-xN/GaN  2DEG  structures. 
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GaAs-based  HEMTs  typically  utilize  an  intentionally  doped  donor  layer  and  an 
undoped  spacer  layer  to  achieve  high  2DEG  mobilities  with  high  sheet  carrier 
densities.  The  role  of  the  undoped  spacer  layer  is  to  spatially  separate  the  2DEG 
from  ionized  impurities  in  the  doped  layer.  Our  undoped  AlxGai-xN  layers  have  a  low 
background  carrier  concentration  cm-3)  making  it  possible  to  controllably  dope 

the  layers  n-type  with  Si. 

A  series  of  Si  doped  AlxGai-xN  layers  were  grown  in  which  the  A1  composition,  x,  was 
varied  from  0.0  to  0.33.  A  constant  growth  rate  (0.03  |im/min)  and  SiH4/Group  III 
ratio  (4.0x10"^)  were  used.  The  resistivity  and  electron  concentration  of  the  layers, 
determined  by  Hall  measurements,  are  shown  in  Figure  5.  The  resistivity  increases 
exponentially  with  x,  similar  to  the  results  of  Zhang  et  al  [8].  The  electron 
concentration  decreases  slightly  with  increasing  x  for  x<0.25.  The  resistivity  of  the 
Alo.33Gao.67N:Si  sample  was  too  high  to  obtain  an  accurate  measurement  of  the 
carrier  concentration. 


Al  fraction,  x 


Figure  5.  Room  temperature  resistivity  and  electron 
concentration  of  Si  doped  AlxGai.xN  as  a  function  of  Al 
fraction,  x. 


The  intentional  n-type  doping  capability  was  used  to  fabricate  2DEG  structures  that 
consist  of  an  intentionally  doped  n-type  Alo.15Gao.85N  layer  (n=5xl0l'^  cmr^)  and  an 
undoped  Alo.15Gao.85N  spacer  layer,  as  shown  schematically  in  Figure  1(b).  The 
thickness  of  the  doped  layer  was  kept  constant  at  400A  and  the  spacer  layer 
thickness  was  varied  from  0  to  300A. 

The  effect  of  spacer  layer  thickness  on  sheet  density  and  2DEG  mobility  measured  at 
300K  and  77K  are  shown  in  Table  1.  The  use  of  a  lOOA  undoped  spacer  layer  results 
in  a  significant  increase  in  2DEG  mobility  and  a  slight  reduction  in  sheet  density 
compared  to  the  sample  that  was  grown  without  a  spacer.  The  mobility  drops, 
however,  with  a  further  increase  in  spacer  layer  thickness  to  300A,  possibly  due  to 
incomplete  depletion  of  the  AlxGai.xN  layers.  A  comprehensive  carrier  transport 
study  is  needed  to  characterize  the  effects  of  intentional  cap  doping  and  spacer 
thickness  for  AlxGai-xN/GaN  heterostructures  for  comparison  to  these  initial 
experimental  results. 
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TABLE  1.  Sheet  carrier  density  (n)  and  mobility  ()i)  of  2DEG 
Alo.15Gao.85N/GaN  hetero structures  as  a  function  of  undoped 
Alo.i5Gao.85N  spacer  thickness. 


Spacer 

Thickness  (A) 

n  (300K) 
(10^2  cm’2) 

g  (300K) 
(cm^A^s) 

n  (77K) 
(I0I2  cm‘2) 

g  (77K) 
(cm^A^s) 

0 

8.6 

1150 

8.5 

3880 

100 

7.8 

1300 

7.5 

5200 

300 

7.6 

1100 

7.5 

3380 

CONCLUSIONS 

We  have  fabricated  AlxGai-xN/GaN  heterostructures  with  high  2DEG  mobilities  and 
high  sheet  carrier  densities  by  MOVPE  on  sapphire  substrates.  The  2DEG  sheet 
density  and  mobility  exhibit  a  compositional  dependence  on  the  A1  fraction  of  the 
electron  donor  layer.  The  highest  mobility  (5750  cm^/Vs  at  16K)  was  measured  in  a 
sample  with  x=0.15  that  had  a  sheet  carrier  density  of  8.5x1012  cm'2.  To  the  best  of 
our  knowledge,  these  are  the  highest  mobilities  and  sheet  densities  reported  for 
AlxGai-xN/GaN  heterostructures  grown  on  sapphire  substrates.  The  effect  of 
intentional  n-type  doping  of  the  AlxGai-xN  layer  on  the  electrical  properties  of  the 
2DEG  was  studied  in  structures  that  included  an  undoped  AlxGai-xN  spacer  layer  of 
varying  thickness.  Higher  2DEG  mobilities  were  obtained  when  a  lOOA  thick 
undoped  layer  was  included  in  the  structure  due  to  spatial  separation  of  the  2DEG 
from  ionized  impiuities  in  the  doped  AlxGai-xN  cap.  These  initial  results  demonstrate 
that  the  electrical  properties  of  AlxGai-xN/GaN  heterostructures  can  be  controlled  by 
intentional  doping  and  appropriate  layer  design. 
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ABSTRACT 

GaN  epilayers  have  been  grown  using  low  pressure  MOVPE  (76  Torr)  onto  (0001)  sapphire 
substrates.  Triethylgallium  (TEGa)  and  Ammonia  (NH3)  were  used  as  precursors.  The  growth  rate 
has  been  determined  versus  growth  parameters.  The  growth  rate  versus  NH3  flow  displays  a  rather 
unusual  behavior,  in  particular  at  low  growth  temperature  (buffer  layer),  where  the  growth  rate 
decreases  strongly  when  the  NH3  flow  increases.  A  growth  mechanism  involving  a  competitive 
adsorption  step  onto  the  surface  is  proposed,  and  results  in  a  strong  dependence  of  the  growth 
rate  on  the  V/III  ratio. 

The  structural  quality  of  the  layers  has  been  assessed  by  X-ray  diffraction  versus  the  growth 
parameters,  and  will  be  reported  here.  A  substrate  nitridation  step,  prior  to  buffer  layer  deposition 
has  been  introduced  in  our  growth  process.  The  effect  of  substrate  nitridation  on  the  structural  and 
optical  properties  of  the  epilayers  is  studied  and  we  propose  an  optimized  pre-treatment  for  the 
MOVPE  growth  of  GaN  onto  (0001)  sapphire  substrates. 

INTRODUCTION 

Gallium  nitride  (GaN)  is  a  promising  material  for  optoelectronic  applications,  as  it  has  been 
brilliantly  demonstrated  by  the  realization  of  candela-class  blue,  blue-green  and  green  light 
emitting  diodes  [1].  Moreover,  in  addition  to  optoelectronic  devices,  field  effect  transistors  and 
photodetectors  have  been  successfully  demonstrated  by  several  groups.  Although  nice  devices 
have  been  achieved,  many  fundamental  aspects  of  the  growth  of  these  materials  are  still  unclear 
and  request  further  investigations.  For  example,  the  MOCVD  growth  of  GaN,  based  on  the  so- 
called  «  double  step  process  »  introduced  by  Amano  et  al.[2],  leads  to  high  quality  material,  but 
the  process  parameters  must  range  in  very  narrow  «  windows  ».  The  understanding  of  the  growth 
mechanisms  is  a  major  concern  in  order  to  be  able  to  predict  the  very  influence  of  each  growth 
parameter  and  the  relationship  between  them.  In  this  paper,  we  have  studied  the  influence  of 
process  parameters  on  the  growth  kinetics.  This  gives  insights  on  the  growth  mechanism,  which  is 
found  to  be  quite  different  from  more  classical  MOCVD  processes. 


EXPERIMENT 

The  GaN  layers  studied  here  have  been  grown  by  low  pressure  MOVPE  (76  Torrs)  in  an  ASM 
OMR  12  MOCVD  equipment.  The  precursors  were  triethylgallium  (TEGa)  and  ammonia  (NH3). 
The  substrates  were  (0001)  sapphire,  with  both  sides  polished  to  enable  transmission  experiments. 
Different  growth  temperatures,  in  the  range  950  -  1040°C  have  been  used.  The  influence  of  the 
V/III  molar  ratio  was  studied  by  keeping  the  molar  flow  rate  of  TEGa  constant  (65  seem  @  20°C) 
and  changing  the  NH3  flow  rate  in  the  range  300  -  4000  seem.  The  sapphire  substrate  was  cleaned 
with  organic  solvents  and  etched  using  a  H3PO4:  3  H2SO4  hot  solution.  A  substrate  nitridation  step 
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was  realized  by  heating  the  sapphire  substrate  at  1070°C  under  a  NH3  flow.  The  influence  of  the 
NH3  flow  is  reported  hereafter. 

The  sample  thicknesses  were  determined  very  precisely  from  room  temperature  transmission 
experiments,  in  the  range  350  -  700  nm.  The  interference  fnnges  were  fitted  using  the  optical 
indexes  reported  by  Lin  et  al.[3]  to  determine  the  thicknesses. 


Figure  1 :  GaN  buffer  layer  growth  rate  (Tg  =  550°C)  and 
growth  rate  normalized  to  the  TEGa  partial  pressure 


The  quality  of  the  samples  was 
determined  from  300K  and  2K 
photoluminescence  and  reflectivity 
experiments  and  with  X-ray 
diffraction,  concerning  the 
structural  properties. 


RESULTS  AND  DISCUSSION 

First,  the  buffer  layer  growth  rate 
was  determined  versus  V/III 
molar  ratio.  Actually,  the  V/III 
ratio  was  changed  by  keeping  the 
TEGa  flow  constant  and 
increasing  the  NH3  flow  rate. 
Moreover,  in  order  to  be  able  to 
measure  the  thicknesses  of  the 
buffer  layers  deposited  at  550®C, 
we  have  grown  « thick »  buffer 
layers  and  assumed  that  the 
growth  rate  was  constant,  even 
for  thin  layers.  This  approach  is 
the  same  which  is  used  in 
MOCVD  for  the  growth  of 
quantum  wells  and  usually  gives 


excellent  results. 

The  growth  rate  of  the  buffer  layer  versus  V/III  molar  ratio  is  depicted  in  figure  1 .  An  outstanding 
result  is  that  the  growth  rate  decreases  with  increasing  V/III  ratio,  i.e.  with  increasing  NH3  flow 
rate.  Usually,  one  would  expect  the  growth  rate  to  remain  almost  constant,  if  the  growth  is  to  be 
driven  by  the  gas  phase  diffusion  of  the  group  III  element. 

Before  invoking  a  complicated  growth  mechanism,  we  have  to  rule  out  possible  artifacts;  first, 
premature  gas  phase  reaction  may  occur,  which  would  consume  the  TEGa  and  lower  the  growth 
rate.  In  this  case,  involatile  by-products  should  be  produced  which  would  deposit  onto  the  reactor 
quartzware.  We  have  not  observed  the  formation  of  such  by-products  in  our  equipment.  Second, 
since  the  V/III  ratio  is  very  large,  the  NH3  gas  flow  is  large  and  increasing  it  may  lead  to  a  dilution 
effect,  by  lowering  the  TEGa  partial  pressure,  thus  lowering  the  growth  rate. 

In  figure  1,  we  plotted  the  normalized  growth  rate,  i.e.  the  growth  rate  divided  by  the  TEGa 
partial  pressure,  in  order  to  get  rid  of  dilution  effects.  One  can  see  that  the  growth  rate  is  still 
decreasing  with  increasing  ammonia  flow. 

Before  attempting  to  develop  a  model  to  explain  this  behavior,  we  present,  in  figure  2,  the  growth 
rate  of  the  GaN  layer  (at  a  growth  temperature  of  980°C).  At  this  temperature,  the  growth  rate 
increases  (almost  linearly)  with  increasing  V/III  molar  ratio  (NH3  flow),  then  decreases  (roughly  as 
Pnhs'').  The  transition  between  the  two  regimes  is  observed  for  a  V/III  ratio  of  5000. 
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Figure  2;  GaN  layer  growth  rate  versus  V/ni 
molar  ratio  (fixed  by  changing  the  NH3  flow 
rate  and  keeping  TEGa  constant).  Here,  the 
solid  line  is  only  a  guide  to  the  eye. 


The  decrease  in  the  growth  rate  may  be  explained 
in  terms  of  competitive  adsorption,  or  site 
blocking,  if  we  assume  that  NH3  will  impinge  on 
the  Ga  sites  on  the  surface.  It  is  now  largely 
believed  that  HH3  is  adsorbed,  then  decomposed 
onto  the  layer  surface  (see  for  instance  the 
discussion  in  [4]).  Thus,  we  will  make  the 
hypothesis  that : 

i)  NH3  is  strongly  adsorbed  on  the  surface  (the  area 
covered  by  NH3  is  much  larger  than  the  surface 
covered  by  Ga) 

ii)  NH3  is  also  adsorbed  on  Ga  sites. 

We  now  describe  the  reaction  as  a  bimolecular 
reaction  between  Ga  and  NH3  onto  the  surface  at 
related  sites.  The  growth  rate  may  be  written  [5]. 

G  =  a.PGaPNH3.Ng2  (1) 

where  N82  is  the  areal  density  of  bimolecular 
reaction  sites  and  Pca  and  Pnh3  are  the  reactants 
partial  pressures.  By  assuming  that  adsorbed  NH3  is 
mainly  covering  the  surface  and  also  impinge  on  the 
Ga  sites,  the  growth  rate  may  be  rewritten  [5]  : 


G  —  y.  PGa.PNH3  (No  -NnH3*  )  (2) 

where  No  is  the  total  areal  density  of  adsorption  sites,  and  Nnhs***  is  the  areal  density  of  adsorbed 
NH3.  The  assumption  made  is  that  the  reaction  is  not  site  specific,  which  is  quite  correct  at  low 
temperature,  where  an  amorphous  or  polycrystalline  layer  is  grown.  At  higher  growth 
temperature,  where  a  monocrystal  is  grown,  this  model  will  not  describe  correctly  the  situation. 
However  this  represent  a  first  step  towards  an  understanding  of  the  growth  mechanisms  and  work 
is  in  hand  to  improve  the  model.  A  steady  state  between  the  absorption  and  desorption  of  NH3  is 
reached  at  a  given  temperature,  and  is  described  by  an  adsorption  isotherm  : 

Nnh3'‘‘  =  K(T).Pmb.(No-Nnh3''‘)  (3) 

K(T)  describe  the  balance  between  the  adsorption  and  desorption  processes.  It  may  be  written  as  : 

K{T)  =  K,i>^  (4) 

Ea  is  an  activation  energy  which  is  a  phenomenological  parameter.  It  describes  the  fact  that 
desorption  of  species  from  the  surface  is  thermally  activated  and  should  have  a  negative  value  to 
account  for  a  decrease  of  the  adsorption  with  increasing  temperature.  By  combining  equation  (2) 
and  (3),  the  growth  rate  may  be  expressed  as  : 


{\  +  K{T)P^ 
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a)  Low  temperature  growth  (buffer  layer) 

Due  to  the  low  temperature,  the  thermal  desorption  rate  is  low,  hence  the  adsorption  of  NH3  on 
surfaces  is  high  :  K(T).Pnh3»1,  whatever  the  Pnhs  values.  From  equation  (5),  the  growth  rate  will 
change  as  Pnhs'^  ,  which  corresponds  to  the  experimental  observation. 

b)  High  temperature  growth 

The  thermal  desorption  of  NH3  is  important,  K(T)  is  less.  If  Pnhs  is  low,  K(T).Pnh3  «1  :  the 
growth  rate  will  change  linearly  with  Pnh3.  At  high  values  of  Pnto  ,  we  have  again  K(T).Pnh3»1 
and  the  growth  rate  decreases  as  PNH3■^  There  is  an  intermediate  regime  connecting  both 
situations. 

This  also  corresponds  to  the  observed  situation. 


In  Figure  3,  we  have  fitted  our  experimental  data  with  equation  (5).  A  very  good  agreement  is 
obtained  at  low  growth  temperature  (buffer  layer  growth).  At  higher  temperature,  the  overall 
behavior  of  the  growth  rate  is  qualitatively  well  described,  but  a  quantitative  agreement  is  not 

achieved.  However,  the  ratio  between 

4.0 1 -  55QOC  and  980°C 

\  ^  _  ccnor  yields  an  activation  energy  value  Ea  =  - 

3-5  -  -  A  0.72  eV,  which  is  in  the  expected  range. 

\  As  mentioned  previously,  this  simple 

^3.0  -  \  model  still  has  to  be  improved  to 

?  \  describe  properly  the  growth  of 

J  2  5  -  V  monocrystals. 


iT  =  550°C 

/  ^ 

0 

- 1 - 1 - 

- 1 - 

2  \  In  a  second  part  of  this  work,  we  have 

£  \  ^  studied  the  influence  of  the  substrate 

o  ^  ^  T  =  980“C  nitridation.  Prior  to  growth,  the  sapphire 

O  /  substrate  is  heated  at  high  temperature 

1.0 -■  /  (around  1100°C).  This  heat  treatment 

/  ^  may  be  performed  under  H2  or  under  a 

0.5  NH3  ambient.  In  the  case  of  the 

o  introduction  of  NH3,  it  may  be  expected 

Q  Q _ I _ I _ I _  that  a  «  nitridation  »  is  performed  which 

0  1000  2000  3000  4000  ^  significant  impact  on  the 

buffer  layer  nucleation,  and  thus  on  the 
NH3  flow  rate  (seem)  overall  layer  quality.  In  order  to  assess 

TT-  -y  i  j  x  •  •  precisely  the  influence  of  the  nitridation 

Figure  3:  Fit  of  the  expenmental  data  using  equation  .  .  *  r  xt 

/c\  *  u  *u  /u  1  \  j  ^  XT  we  have  grown  a  set  of  GaN 

(5)  at  both  550  C  (buffer  layer)  and  980»C  (GaN 

^  ''  except  for  the  nitridation  step.  One 

substrate  was  only  heated  under  H2  at 
1070°C,  while  the  other  were  submitted  to  a  flow  of  300  and  1000  seem  of  NH3  for  10  minutes. 
The  layer  quality  was  then  assessed  by  photoluminescence  at  low  temperature,  and  the  results  are 
displayed  in  figure  4.  The  photoluminescence  intensity  is  highly  improved  by  a  moderated 
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nitridation  (300  seem,  10  min.),  but  the  photolumineseenee  peak  broadens  if  the  NH3  flow  is  too 
large. 


Energy  (eV) 

Figure  4:  Influenee  of  the  substrate  nitridation  on 
the  2K  photolumineseenee  of  the  GaN  epilayers. 


Finally,  we  present  in  figure  5  a  struetural 
eharaeterization  of  a  sample  grown  with  an 
optimized  substrate  nitridation  step.  This 
speetra  represents  the  GaN  (0004)  X-Ray 
difffaetion.  The  equipment  used  is  a  simple 
diffraetometer,  not  a  double  crystal  one.  As  a 
consequence  two  copper  X-Ray  emissions  are 
present:  Kai  and  Ka2  ,  giving  rise  to  two 
diffraction  peaks. 


Theta  (Degree) 

Figure  5:  GaN  (0004)  X-Ray  diffraction  peak 
for  a  layer  grown  with  an  optimized 
nitridation  step. 


One  can  notice  that  the  full  width  at  half-maximum  is  about  160  arcseconds.  In  fact,  this  value 
corresponds  to  the  apparatus  limit,  as  is  evidenced  by  the  fact  that  the  same  width  is  measured  on 
the  (0002)  diffraction  peak.  The  layer  full  width  at  half  maximum  may  be  less.  This  clearly 
demonstrates  that  the  structural  quality  of  our  layers  is  excellent,  and  we  conclude  that  a  substrate 
nitridation  step  is  essential  to  the  realization  of  good  quality  GaN  in  MOVPE. 

CONCLUSION 


We  have  studied  the  growth  rate  of  GaN  at  both  low  (550°C)  and  high  (980°C)  growth 
temperature  versus  NH3  flow  rate.  We  found  that  the  growth  rate  of  the  buffer  layer  (at  550°C) 
decreases  with  increasing  NH3  flow.  A  competitive  adsorption  process  on  the  surface  has  to  be 
invoked  to  explain  this  behavior.  We  developed  a  simple  model  which  describes  well  the  growth  of 
GaN  at  low  temperatures  and  gives  a  qualitative  explanation  of  the  growth  rate  at  higher 


temperature.  We  have  studied  the  influence  of  the  substrate  nitridation  and  found  that  such 
treatment  enhance  the  quality  of  the  GaN  epilayers.  In  our  case,  an  optimum  was  found  for  a 
nitridation  performed  at  1070°C  during  10  minutes,  with  a  NH3  flow  of  300  seem. 
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ABSTRACT 

We  report  on  the  low  temperature  epitaxial  growth  of  In^Gai^^N  with  0<x<0.27  by 
Atomic  Layer  Epitaxy  (ALE).  GaN  and  InGaN  single  crystal  films  have  been  grown  by  ALE 
in  the  temperature  range  between  600  and  700  °C  using  the  rotating  substrate  approach.  Films 
were  deposited  on  sapphire  substrates  using  TMG,  EdMIn,  and  NH3  as  precursors.  Up  to  27% 
indium  content  has  been  achieved  in  the  InGaN  films.  The  FWHM  of  the  (0002)  InGaN  peak 
by  double  crystal  X-ray  diffraction  of  these  films  was  as  small  as  5  minutes.  Room-temperature 
photoluminescence  (PL)  from  these  films  was  dominated  by  band  edge  emission  between  365 
nm  and  446  nm.  AlGaN/InGaN  double  heterostructures  were  grown  in  a  hybrid  reactor,  in 
which  the  AlGaN  barrier  layers  were  grown  by  MOCVD  and  the  InGaN  active  layer  by  ALE. 
The  structures  showed  good  crystal  quality,  and  sharp  PL  emission  with  peak  intensity  at  410 
nm. 

INTRODUCTION 

Typical  growth  temperatures  at  which  high  quality  Ill-nitrides  materials  can  be  grown  are 
in  the  range  of  900-1050  °C  for  the  MOCVD  environment.  These  high  growth  temperatures 
impose  significant  limitations  on  the  crystalline  quality  of  the  epitaxial  films  due  to  the  high 
thermal  mismatch  between  them  and  the  underlying  substrates.  Also,  the  growth  of  InGaN 
becomes  inhibited  at  these  high  growth  temperatures.  Attempts  to  grow  GaN  and  InGaN  at  low 
temperatures  resulted  in  poor  quality  films,  with  little  or  no  photoluminescence  (PL) 
emission*’^,  due  to  the  inherent  consequences  of  low  temperature  growth  such  as  poor  NH3 
cracking  efficiency.  Furthermore,  intense  gas  phase  reactions  cause  the  formation  of  polymers 
which  affect  the  quality  of  epitaxial  layers. 

The  need  for  a  low  temperature  growth  technique,  which  also  overcomes  the  problems 
faced  during  the  growth  of  nitrides  has  led  us  to  turn  to  Atomic  Layer  Epitaxy  (ALE)  as  a 
potentially  suitable  technique  for  this  application.  The  inherent  properties  of  ALE  as  a  low 
temperature  growth  technique,  and  especially  the  separation  of  reactant  gases  during  the  ALE 
process,  offer  a  unique  approach  for  solving  the  problems  facing  the  synthesis  of  nitride 
compounds.  Low-temperature  growth  capability  is  very  important  for  the  growth  of  indium 
containing  nitride  compounds,  because  of  the  weakness  of  the  indium-nitrogen  bond  and  the  high 
indium  vapor  pressure  over  InGaN.  The  growth  of  high  quality  nitride  compounds  is 
accomplished  by  ALE.  Careful  optimization  of  growth  parameters  has  led  to  good  film 
properties,  and  has  opened  the  door  for  the  implementation  of  optoelectronic  devices  using  this 
material  system. 

EXPERIMENTAL  CONDITIONS 

The  ALE  system  used  for  the  growth  of  nitrides  is  based  on  the  rotating  susceptor 
approach.  This  system  has  been  demonstrated  to  be  effective  for  the  low  temperature  growth 
of  GaN  and  InGaN.  Details  of  these  experiments  have  been  described  elsewhere^’'*.  Sapphire 
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substrates  are  annealed  at  1050  °C  in  the  reactor  in  a  nitrogen  atmosphere  for  15  minutes,  then 
exposed  to  ammonia  for  1  minute  to  passivate  the  surface  before  the  deposition  starts.  Growth 
by  ALE  was  carried  out  in  the  temperature  range  between  600  and  700  °C,  and  at  a  pressure 
of  100  torr.  A  high  flow  of  Nj  was  used  at  the  central  purge  line  to  isolate  the  reactive  gases 
and  prevent  their  mixing,  which  is  believed  to  cause  the  formation  of  adducts  that  impede  the 
growth  of  high  quality  material.  The  growth  was  initiated  by  the  deposition  of  a  thin  AIN  layer 
by  ALE  at  700  '"C,  forming  nucleation  sites  for  the  subsequent  GaN  growth.  The  optimum 
thickness  of  the  AIN  buffer  layer  was  found  to  be  between  40  and  100  A,  with  the  growth  rate 
at  -0.2  A/cycle.  Following  the  deposition  of  AIN,  growth  of  GaN  or  InGaN  was  carried  out 
in  the  temperature  range  600-700  “’C.  Typical  susceptor  rotation  speed  used  during  the  growth 
of  these  layers  was  between  30  and  60  rpm,  and  dwell  times  under  both  col.  Ill  and  col.  V 
reactants  were  between  0.2  and  1  second,  in  order  to  maintain  the  growth  rate  between  0.1  and 
2  A/  ALE  cycle.  It  should  be  noted  that  these  growth  rates  produce  sub-monolayers  per  rotation 
cycle,  and  that  the  ALE  experiments  have  not  been  optimized  to  obtain  a  monolayer-per-cycle 
control. 

RESULTS  AND  DISCUSSION 

Single  crystal  GaN  with  specular  surface  has  been  achieved  by  ALE  under  these 
conditions.  GaN  grown  between  650  and  700  °C  is  single  crystal,  and  shows  DCXRD  line 
width  of  approximately  7  minutes.  This  value  is  larger  than  that  obtained  from  the  highest 
quality  GaN  films  grown  by  conventional  MOCVD  at  1000  °C\  However,  the  ALE  grown 
GaN  has  the  highest  quality  for  films  grown  at  700  ®C. 

The  best  optical  properties  of  GaN  grown  by  ALE  were  obtained  when  the  growth 
temperature  was  in  the  range  650-700  °C.  Crystals  grown  at  700  °C  have  strong  band  edge 
(BE)  emission  with  FWHM  —  150  meV  at  room  temperature,  in  addition  to  a  deep  level 
emission  at  545  nm.  The  band-edge  emission  obtained  at  365  nm  is  of  comparable  intensity  to 
that  obtained  from  films  grown  by  MOCVD  in  our  lab  and  by  others.  This  indicates  that  the 
film  properties  obtained  by  MOCVD  can  be  achieved  by  ALE  with  a  reduction  of  about  300  ®C 
in  the  growth  temperature.  A  deep  level  emission  at  545  nm  can  also  be  observed  in  the  PL 
spectrum  of  the  ALE  grown  GaN.  This  emission  is  always  present  in  the  PL  spectrum,  and  can 
be  variable  in  intensity  relative  to  BE  emission,  depending  on  growth  conditions.  A  trend  was 
observed  relating  this  yellow  emission  to  the  gallium  flux  during  growth.  Given  that  all  other 
parameters  are  fixed,  the  relative  BE-to-yellow  intensity  is  strongly  dependent  on  the  TMG  flux 
during  growth.  The  influence  of  the  gallium  flux  on  the  optical  properties  of  the  GaN  films  can 
be  seen  in  the  PL  spectra  of  figure  1.  The  gallium  flux  used  during  growth  for  these  films  was 
0.5,  1,  and  6  seem  for  the  curves  (a),  (b),  and  (c)  respectively.  The  enhancement  of  the  yellow 
emission  with  the  increase  in  TMG  flux  might  be  related  to  an  increase  in  carbon  incorporation 
in  the  film  during  growth,  due  to  a  higher  concentration  of  reaction  products.  The  nature  of  this 
yellow  emission  is  still  a  subject  of  controversy,  but  it  has  been  previously  reported  to  be 
possibly  due  to  carbon  incorporation  in  the  film®. 

InGaN  films  grown  by  ALE  were  transparent  and  had  a  specular  surface.  Single  crystal 
In^Gaj.xN  with  0<x<0.27  was  achieved  by  ALE  in  the  600-700  °C  temperature  range,  with  a 
crystal  quality  comparable  to  films  grown  by  conventional  MOCVD  at  800  °C’.  Films  with 
high  indium  content  had  a  slightly  yellowish  color,  and  those  grown  with  non-optimum 
conditions  developed  indium  droplets  on  the  surface.  The  composition  of  the  ALE  grown 
InGaN,  and  the  crystal  quality  of  the  films  were  measured  using  double-crystal  X-ray  diffraction 
(DCXRD).  The  composition  of  the  InGaN  films  was  calculated  from  the  splitting  between  the 
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sapphire  and  the  InGaN  diffraction  peaks,  with  the  assumption  that  Vegard’s  law  is  valid  for  this 
ternary  alloy. 


Figure  1.  Effect  of  TMG  flux  on  PL  emission  of  GaN  grown  by  ALE  at  700  °C.  TMG  =  0.5, 
1,  and  6  seem  for  curves  (a),  (b),  and  (c)  respectively.  PL  excited  with  a  30  mW  He-Cd  laser 
emitting  at  325  nm. 


We  observed  that  the  reduction  of  the  growth  temperature  has  resulted  in  a  higher 
incorporation  efficiency  of  indium  in  the  growing  InGaN  film.  This  observation  has  been 
anticipated  from  the  earlier  discussion  in  regard  to  the  problems  facing  the  growth  of  InGaN . 
A  further  investigation  of  the  effect  of  growth  temperature  on  the  InGaN  composition  has 
confirmed  that  lower  growth  temperatures  are  necessary  for  the  growth  of  InGaN  with  high 
indium  content.  The  results  of  this  investigation  are  plotted  in  figure  2.  The  data  points  plotted 
in  this  figure  represent  experiments  which  were  carried  out  using  the  same  growth  conditions 
except  for  the  growth  temperature.  It  can  be  clearly  observed  that,  while  maintaining  the 
organometallic  fluxes  constant,  a  reduction  of  100  °C  in  the  growth  temperature  has  resulted  in 
almost  a  3-fold  increase  of  the  indium  content  in  the  InGaN  films. 

PL  peaks  from  films  grown  at  the  earlier  stages  of  this  work  were  typically  broad,  single 
peaks,  that  shift  with  the  film  composition,  but  were  slightly  below  the  bandgap.  The  increase 
of  both  the  NH3  flux  and  the  dwell  time  under  the  col.  V  window  caused  an  improvement  in  the 
PL  emission.  However,  the  growth  temperature  had  the  most  significant  effect  on  the  PL 
properties.  Figure  3  shows  the  room-temperature  PL  from  Ino.12Gao.88N  films  grown  at  600,  650 
and  675  °C  respectively.  It  can  be  seen  that  a  continuing  improvement  occurs  in  the  PL 
emission  with  the  increase  of  the  growth  temperature,  and  that  the  peak  becomes  narrow  at  the 
higher  temperature. 

For  the  best  quality  films,  room-temperature  PL  FWHM  was  ~  200  meV ,  and  emission 
peaks  were  obtained  between  365  and  446  nm.  Figure  4  shows  the  room-temperature  emission 
of  the  highest  quality  films  grown  by  ALE  in  the  temperature  range  600-700  °C,  with  peaks  at 
365  nm  (for  GaN  films),  410  nm,  and  446  nm  corresponding  to  IrkGa,.,N  (x)  value  of  0,  0.17, 
and  0.27  respectively. 
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Figure  2.  Effect  of  growth  temperature  on  the  indium  content  of  InGaN  grown  by  ALE. 


Figure  3.  Effect  of  growth  temperature  on  the  PL  emission  from  Ino.12Gao.88N  films  grown  by 
ALE.  Growth  temperature  is  600,  650,  and  675  °C  for  curves  (a),  (b),  and  (c)  respectively 

Promising  preliminary  results  were  obtained  for  AlGaN/InGaN/GaN  double 
heterostructures  which  were  grown  with  the  InGaN  well  grown  by  ALE,  and  AlGaN/GaN 
barrier  layers  grown  by  conventional  MOCVD.  A  hybrid  operation  (ALE/MOCVD)  has  been 
implemented  in  the  same  reactor  via  the  use  of  switching  manifolds,  separating  the  reactants  for 
the  ALE  growth,  and  mixing  them  at  the  reaction  chamber  inlets  for  MOCVD  operation.  The 
growth  was  started  by  depositing  an  AIN  buffer  layer  by  ALE  as  described  earlier,  followed  by 
the  MOCVD  growth  of  the  bottom  Alo.2Gao.8N  barrier  layer  at  950  °C.  The  operation  was  then 
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switched  back  to  the  ALE  mode  and  a  400  A  thick  Ino.07Gao.93N  active  layer  was  deposited  at  700 
‘’C.  While  keeping  the  sample  under  a  continuous  flow  of  ammonia,  the  temperature  was 
ramped  up  to  950  ®C  to  grow  the  GaN  cap  layer  by  MOCVD.  No  intentional  doping  was 
attempted  during  the  growth  of  these  layers.  The  composition  of  the  active  layer  was  assumed 
from  data  obtained  from  X-ray  diffraction  of  bulk  InGaN  grown  with  the  same  growth 
parameters.  Room-temperature  PL  spectra  of  these  structures  show  strong  emission  with  a  peak 
at  410  nm  as  shown  in  figure  5.  A  satellite  peak  at  362  nm  can  also  be  observed,  which 
corresponds  to  emission  from  the  top  GaN  layer.  X-ray  diffraction  of  these  films  indicates  that 
they  are  single  crystal,  with  comparable  quality  to  the  bulk  material  grown  with  the  same 
conditions. 


Wavelength  (nm) 


Figure  4.  PL  spectra  for  In^^Gaj.^N  films  with  peak  emission  corresponding  to  x  =  0,  0. 17,  and 
0.27  for  curves  (a),  (b),  and  (c)  respectively. 

CONCLUSION 

The  feasibility  of  low  temperature  ALE  of  single  crystal  GaN  and  InGaN  with  high 
indium  content  has  been  demonstrated.  Strong  band  edge  emission  from  GaN  grown  at  700  °C 
was  obtained.  Single  crystal  In,Gai.,N  (0<x<0.27)  was  also  grown  by  ALE  between  600  and 
700  °C.  These  films  showed  single  crystal  XRD  peaks  with  FWHM  as  small  as  5  minutes.  The 
indium  concentration  in  the  film,  and  the  optical  properties  of  the  films  have  been  shown  to 
strongly  depend  on  the  growth  temperature.  Band  edge  emission  from  these  films  has  been 
achieved  with  peak  emission  varying  between  365  and  446  nm,  and  double  heterostructures 
grown  with  these  layers  show  peak  emission  at  410  nm,  opening  the  possibility  for  the 
fabrication  of  double  heterostructure  visible  LEDs. 
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Figure  5.  Room-temperature  PL  spectrum  of  a  AlGaN/InGaN/GaN  double-heterostructure  with 
the  InGaN  well  grown  by  ALE. 
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ABSTRACT 

AIGaInN  quaternary  alloy  based  devices  can  cover  the  emission  wavelength  from  deep  UV  to  red. 
This  Quaternary  alloy  also  offers  lattice  matched  heterostructures  for  both  optical  and  microwave 
devices.  We  will  report  on  the  MOCVD  growth  of  Al^Gai.^.ylnyN  (0<x<0.12),  (0<y<0.15)  at  750  °C 
on  sapphire  substrates,  using  TMG,  EDMIn,  TMAl  and  NH3  precursors.  Chemical  composition, 
lattice  constants  and  bandgaps  of  the  grown  films  were  determined  by  EDS,  X-ray  diffraction  and 
room  temperature  PL.  Data  indicates  that  the  lattice  constants  can  also  be  deduced  using  Vegard's 
law,  indicating  a  solid  solution  of  this  alloy.  PL  showed  band  edge  emission,  however  emission 
from  deep  levels  was  also  observed.  Optimized  growth  conditions  and  heterostructures  using  this 
quaternary  alloy  will  be  presented. 

INTRODUCTION 

Current  approaches  in  achieving  In^^Gai.^N  based  heterostructures  rely  on  the  AlGaN  ternary 
alloys  as  the  high  bandgap  barrier/confinement  layers.’’^  The  large  lattice  mismatch  between  these 
two  ternary  alloys  will  limit  either  the  value  of  x  or  the  thickness  of  the  InGaN  well.  For  example, 
the  critical  layer  thicknesses  for  the  AIq  iGa^gN/InGaN  system  with  40%  and  60%  InN  are 
approximately  20A  and  15  A,  respectively.  This  will  limit  the  applications  of  InGaN  in  the  green  and 
yellow  regions.  Such  limitations  can  be  avoided  if  AlGaN  is  replaced  by  a  more  versatile  Al^^Gai.^^. 
ylriyN  quaternary  compound.  As  shown  in  Figure  1 ,  by  varying  the  value  of  x  and  y,  the  bandgap  and 
the  lattice  constants  can  each  be  independently  adjusted  to  achieve  AlGaInN/InGaN  lattice  matched 


Figure  1:  Bandgap  versus  lattice  constants  for  the  AIGaInN 
quaternary  system  showing  how  an  InGaN  well  can  be  lattice 
matched  to  wider  bandgap  AIGaInN  barrier  layers. 
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Figure  2;  Potential  heterostructure  design  with  AlGaInN  barrier  layers  lattice  matched  to  the 
InGaN  well. 

structures.  In  Figure  2,  a  potential  LED  structure  with  a  lattice  matched  quantum  well  is  shown. 

One  of  the  major  obstacles  in  the  development  of  the  quaternary  is  the  determination  of  the 
optimal  growth  temperature.  Aluminum  based  compounds  generally  require  higher  growth 
temperatures.  Any  residual  background  oxygen  impurities  in  the  deposition  system  or  source  gases 
will  result  in  the  incorporation  of  oxygen  in  the  growing  films.  Therefore,  higher  temperatures  are 
required  in  order  to  desorb  these  oxides  and  prevent  their  incorporation  into  the  epitaxial  film. 
Lower  temperatures,  however,  cU'e  required  for  indium  based  compoimds.  Indium  compounds  have 
relatively  high  vapor  pressures  and  the  growth  temperature  must  be  lowered  in  order  to  increase  the 
indium  incorporation  and  to  reduce  the  dissociation  of  the  In-N  bond.  The  growth  temperature  will 
therefore  govern  the  limits  to  which  both  In  and  Al  can  be  incorporated  into  the  AlGaInN  quaternary 
alloy. 

In  this  paper  we  report  on  the  growth  of  Al^Gaj.^.ylnyN  with  the  composition  range  (0  <  x  < 
0.2)  and  (0  <  y  <  0.15)  using  a  modified  MOCVD  reactor.  We  have  observed  band  edge  transition 
of  this  quaternary  alloy  by  room  temperature  photoluminescence.  These  results  were  achieved  by 
first  investigating  the  MOCVD  growth  of  InGaN  and  AlGaN  in  the  750-800  °C  temperature  range. 
This  growth  temperature  seems  to  be  a  good  compromise  for  the  contradicting  requirements  for  both 
the  aluminum  and  indium  containing  compounds.  The  growth  parameters  and  temperatures  used 
for  these  ternary  alloys  were  used  to  determine  the  favorable  conditions  for  the  deposition  of  high 
quality  AlGaInN. 

EXPERIMENT 

The  reactor  design  is  based  on  the  rotating  susceptor  and  has  been  previously 
described.^’'’  This  design  allows  for  three  modes  of  crystal  growth:  MOCVD,  molecular  stream 
epitaxy  (MSE),  and  atomic  layer  epitaxy  (ALE).  The  organometallics  and  the  ammonia  are  injected 
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through  separate  tubes  above  one  of  the  windows  in  the  graphite  susceptor.  This  configuration  is 
designed  to  minimize  gas  phase  reactions  between  the  ammonia  and  the  organometallics  prior  to 
reaching  the  surface  of  the  substrate.  For  MOCVD,  the  substrate  is  positioned  directly  under  this 
window  during  the  entire  growth  process. 

The  growth  was  conducted  at  750  torr  on  a  sapphire  substrate.  The  substrate  was  first 
annealed  and  ammonia  passivated  at  1050°C.  Next  an  AIN  buffer  layer  was  grown  by  ALE  at 
700 '’C,  followed  by  a  GaN  film  grown  at  900°C  using  the  MOCVD  technique.  For  the  results 
presented  here,  the  growth  temperature  was  then  lowered  to  the  750-800 “C  temperature  rsinge  for 
the  AlGaInN  layer  deposition.  Trimethylaluminum  (TMA),  trimethylgallium  (TMG), 
ethyldimethylindium  (EDMIn)  and  ammonia  were  used  as  precursors.  The  ammonia  flow  used  was 
50,000  :  mol/min.,  and  the  TMA  and  EDMIn  were  varied  to  control  the  quaternary  composition. 
Quaternary  films  with  thicknesses  of  about  0.5  pm  were  grown  and  characterized  by  energy 
dispersive  spectroscopy  (EDS),  double  crystal  X-ray  diffraction  (DCXRD)  and  room  temperature 
photoluminescence  (PL). 

RESULTS 

The  chemical  compositions  of  the  AlGaInN  quaternary  films  were  obtained  by  EDS.  First 
EDS  was  calibrated  for  In,  A1  and  Ga  using  standards  made  from  InGaN  and  AlGaN  ternary  films 
of  known  compositions  determined  from  DCXRD  and  using  Vegard’s  law  for  determination  of  these 
ternary  compositions.  Figure  3  shows  the  X-ray  diffractions  pattern  of  a  quaternary  film,  indicating 
a  lattice  constant  (c-axis)  of  5. 185 A.  The  lattice  constants  can  be  also  predicted  from  the  following 
formula:^ 


Figure  3:  X-ray  results  for  a  quaternary  film  grown  by  MOCVD  at  780°C. 
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a[AI,Ga,.,.,InyN]  =  x  +  ( 1  -  x  -  y)  ao.N  +  y  a|„N 


(1) 


This  above  formula  is  based  on  the  assumption  that  a  solid  solution  of  the  binary  constituents  is 
present  in  the  quaternary  alloy.  There  is  a  reasonable  agreement  between  the  lattice  constants 
measured  from  Figure  3  and  the  value  deduced  from  the  above  relation  using  EDS  results  in 
obtaining  the  chemical  composition  x  and  y.^  Thus  at  least  in  the  composition  range  studied,  a  solid 
solution  does  exist  between  the  binary  constituents. 

The  ultimate  use  of  AlGaInN  is  reducing  the  lattice  mismatch  at  AlGaInN/InGaN  interfaces. 
Figure  4  shows  the  DCXRD  results  of  an  AlGaInN/InGaN/AlGaInN  heterostructure.  From  this 
figure  it  is  difficult  to  resolve  the  ternary  and  quaternary  peaks  due  to  the  fairly  close  lattice 
constants.  The  arrows  labeled  T  and  Q  in  this  figure  show  the  lattice  constants,  determined  by  X-ray 
diffraction,  of  the  ternary  and  quaternary  films,  respectively,  when  grown  separately,  but  using  the 
same  flows  as  in  this  heterostructure.  From  this  figure  and  the  corresponding  lattice  constants  of  the 
ternary  and  quaternary  alloys  it  can  be  shown  that  the  lattice  mismatch  at  the  InGaN/AlGaInN 
heterointerface  is  about  0.3%.  The  corresponding  lattice  mismatch  of  this  InGaN  film  in  an 
AlGaN/InGaN  hetro structure  is  1.5%.  Figure  5  shows  the  room  temperature  photoluminescence  for 
this  quaternary  film,  indicating  band  edge  emission  from  the  active  InGaN  layer. 
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Figure  4:  DCXRD  results  for  an  AlGaInN/InGaN/AlGaInN  heterostructure  grown  by  MOCVD 
at  780  °C. 
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Figure  5:  Room  Temperature  PL  for  the  AlGaInN/InGaN/AlGaInN 
heterostructure  shown  in  Figure  4. 

CONCLUSIONS 

In  conclusion,  Al^Gai.^.ylnyN  films  were  epitaxially  grown  on  GaN  by  MOCVD  in  the 
composition  range  0<x<0.2,  0<y<0.15.  AlGaInN/InGaN  nearly  lattice  matched  heterostructures 
were  grown,  allowing  the  potential  for  new  optoeleetronic  device  structures  with  the  generation  of 
misfit  dislocations  at  critical  interfaces. 
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ABSTRACT 

Using  atomic  force  microscopy  (ATM)  and  X-ray  diffraction  (XRD)  we  have 
determined  that  on  [0001]  oriented  sapphire,  the  GaN  buffer  layer  shows  a  degree  of 
crystallinity  that  is  dependent  on  growth  rate.  Annealing  studies  show  evolution  of 
the  crystallinity  and  the  emergence  of  a  preferred  orientation.  Also,  substrate 
orientation  is  found  to  influence  the  buffer  layer  crystallinity.  Based  on  this  work 
and  previous  results,  we  propose  that  the  GaN  buffer  layer  growth  can  be  described 
by  the  Stransld-Krastanov  growth  process. 

INTRODUCTION 

There  is  now  extensive  evidence  showing  that  the  crystalline  characteristics  of 
the  low  temperature  buffer  layer  control  the  important  crystalline,  optical  and 
electrical  properties  of  the  main  III-N  epilayer  grown  at  high  temperature  [1,2, 3, 4].  It 
is  therefore  essential  that  we  understand  how  this  buffer  layer  grows  and  the  effect  of 
buffer  layer  growth  parameters.  Previous  work  indicates  that  the  buffer  growth 
temperature  [3,4],  the  buffer  thiclmess  [2,3],  the  buffer  gro\vth  rate  [2,5]  and  the 
duration  of  the  ramp  to  the  higher  (main)  growth  temperature  [3,6]  are  critical  buffer 
growth  parameters.  Furthermore,  the  three  dimensional  island  nature  of  the  buffer 
layer  is  reflected  in  the  main  GaN  epilayer.  XRD  measurements  on  the  main  GaN 
epilayers  show  a  large  mosaicity,  indicating  that  these  are  ordered  polycrystalline 
materials  [3].  Cross  sectional  TEM  analysis  of  these  structures  [7,8,9,10]  shows  high 
dislocation  densities  (typically  >  108  cm-2)  and  strong  evidence  that  these 
dislocations  are  clustered  at  low  angle  grain  boundaries  between  the  polyciystalline 
domains  [9,10]. 

This  paper  examines  the  variation  of  buffer  layer  ciystallinity  with  buffer 
growth  parameters  and  shows  that  this  behavior  is  consistent  with  a  Stransld- 
Ki'astanov  (S-K)  growth  mode  [1 1,12,13],  where  the  buffer  layer  achieves  its  lowest 
free  energy  by  reorganizing  from  its  2D  “as  deposited”  state  to  form  3D  islands.  In 
practice,  the  extent  of  this  reorganization  is  Idnetically  limited  and  depends  upon  the 
surface  mobility  of  the  buffer  material.  This  in  turn  is  controlled  by  substrate 
parameters  such  as  polarity,  roughness,  chemical  activity,  and  MOCVD  gro\vth 
parameters  such  as  temperature,  growth  rate,  and  the  annealing  that  occurs  during 
the  ramp  to  the  higher  temperature  growth  phase. 

EXPERIMENTAL  PROCEDURES 

The  samples  analyzed  in  this  study  were  grown  in  a  horizontal  geometry,  RF 
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heated,  low  pressure  MOCVD  reactor.  The  sources  used  were  trimethylgallium 
(TMGa),  high  purity  ammonia,  and  UHP  hydrogen  as  a  carrier  gas.  The  reactants 
were  introduced  into  the  reaction  chamber  by  a  custom  radial  injection  manifold 
which  allows  for  separate  injection  of  the  group  III  and  group  V  sources.  Prior  to 
loading,  the  substrates  were  chemically  cleaned  for  1  minute  in  a  solution  of  3:1 
HC1:HN03,  followed  by  5  minutes  in  trichloroethylene,  then  rinses  in  acetone  and 
methanol.  The  substrates  were  then  dried  under  a  nitrogen  flow  and  loaded  into  the 
reactor.  Prior  to  grov\l:h,  the  sapphire  substrates  were  heated  in  H2  at  1 1 00  for  1 0 
minutes. 

Experimental  conditions  for  the  reactor  during  the  depositions  were  as  follows: 
pressure  100  Torr,  ammonia  flow  =  3.0  slm,  growdi  temperature  =  480  "C,  and  total 
gas  flow  of  4.5  slm.  Growth  rates  from  30  to  440  A/min  were  studied  for  the  GaN 
buffer  layers.  The  layers  studied  were  all  nominally  300  A  thick.  The  annealed 
samples  were  ramped  up  to  a  reactor  temperature  of  1025  °C  in  the  same  ammonia 
and  hydi'ogen  flow  as  was  present  during  the  buffer  deposition. 

X-ray  diffraction  (XRD)  measurements  were  made  on  the  buffer  layers  using  a 
Philips  Materials  Research  Diffractometer  equipped  with  a  4-bounce  germanium 
(220)  monochromator  and  an  open  detector.  Measurements  were  made  in  the 
rocldng  mode  with  the  Bragg  condition  set  for  the  [0002]  reflection. 

The  AFM  work  was  done  on  a  Digital  Instruments  Nanoscope  III  Atomic 
Force  Microscope,  using  an  e-beam  growm  tip  Mth  a  200  A  radius.  For  each  sample, 
the  measurements  were  performed  in  scanning  mode  over  an  area  of  0.4|Limx  0.4|im. 

RESULTS 

The  Effect  of  Growth  Rate  on  Buffer  Laver  Characteristics 

AFM  measurements  revealed  that  the  buffer  layer  consisted  of  a  dense  array  of 
growth  islands,  as  observed  previously  [1,3,6].  All  GaN  buffer  layers  showed  XRD 
peaks  indicating  that  they  were  crystalline,  however,  the  rocldng  cui-ve  peaks  were 
typically  veiy  broad  (about  1  to  2  degrees).  This  behavior  is  typical  of  polyciystalline 
material  and  indicates  that  there  is  a  large  variation  in  the  <0001  >  direction  among 
the  buffer  “islands.”  For  buffers  grown  on  c-plane  sapphire,  the  XRD  peaks  also 
showed  a  narrow,  higher  intensity  peak  at  the  center  of  this  broad  shoulder  (see  inset 
in  figure  1).  The  presence  of  this  higher  intensity  peak  indicates  a  preferred 
orientation  among  the  polyciystals. 

On  both  c  and  a-plane  sapphire  samples,  only  c-oriented  GaN  could  be 
detected;  that  is,  only  the  (0002)  and  (0004)  diffraction  peaks  of  GaN  were  obseiwed 
in  the  x-ray  diffraction  spectra. 

Figure  1  shows  that  the  integrated  (0002)  GaN  XRD  peak  intensity  for 
buffers  growm  on  c-plane  sapphire  varies  with  the  growth  rate  of  the  film.  At  a  low 
deposition  rate,  the  buffer  is  in  ciystalline  form,  while  for  a  higher  grov\l:h  rate,  the 
area  under  the  full  XRD  peak  decreases,  indicating  that  more  of  the  deposited 
material  remains  amorphous  at  the  higher  growth  rate.  GaN  buffers  growm  on  a-plane 
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sapphire  show  no  significant  variation  in  crystallinity  with  the  growth  rate  of  the  film. 
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Figure  1:  Integrated  (0002)  GaN  diffraction  peak  intensity  vs.  growth  rate.  Inset  in  the  graph  is  a  typical 
XRD  peak  of  the  as  deposited  GaN  buffer  layer  on  c-plane  sapphire. 


AFM  images  were  also  made  of  the  surfaces  of  the  samples  in  figure  1 .  The 
island  nature  of  the  buffer  layer  films  is  evident  in  figure  2  (lighter  regions  of  the 
AFM  image  correspond  to  higher  surface  features)  and  shows  that  larger  islands  grow 
at  lower  growth  rate.  GaN  buffer  layers  deposited  on  c-plane  sapphire  showed  a 
decrease  in  the  RMS  surface  roughness  and  smaller  growth  islands  with  increasing 
growth  rate.  The  roughness  change  is  expected  from  the  change  in  island  size.  Larger 
islands,  with  larger  spaces  in  between  them,  allow  the  200  A  AFM  probe  to  sample 
deeper,  which  increases  the  apparent  RMS  roughness  value. 


Growth  Rate  30  A/min 
RMS  roughness  =  43  A 


Growth  Rate  70  A/min 
RMS  roughness  =  33  A 


Figure  2:  AFM  images  of  GaN  buffer  layers  on  c-plane  sapphire.  The  surface  area  scanned  is  0.4fJ}n  x  0.4  }Mn. 
In  the  images,  lighter  regions  correspond  to  higher  surface  features. 

Thick  GaN  epilayers  were  also  grown  on  some  GaN  buffers  grown  on  c-plane 
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sapphire  under  the  range  of  conditions  shown  in  figure  1 .  Table  1  shows  the  XRD 
pealc  FWHM  values  for  these  5p.m  thick  epilayers  for  several  buffer  growth  rates. 


Buffer  Growth  Rate  (A/min) 

FWHM  of  epilayer  XRD  peak  (arcsec) 

30 

180 

70 

250 

90 

320 

Table  1 :  FWHM  of  the  GaN  epilayer  XRD  peak  for  several  values  cf  buffer  layer  growth  rate. 


The  Effect  of  Annealing  Time 

The  sample  is  annealed  during  the  ramp  between  the  low  temperature  buffer 
growth  and  the  high  temperature  growth  of  the  main  GaN  epilayer.  This  “ramp 
anneal”  also  changes  the  morphology  and  crystallinity  of  the  buffer  as  first 
determined  by  Wickenden  [6].  (Wickenden  showed  that  anneal  times  greater  than 
20  minutes  led  to  degradation  of  morphology  and  crystalline  quality  of  the  GaN 
buffer  layers,  so  only  anneal  times  up  to  30  minutes  were  studied  here.) 
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Figure  3:  AFM  and  XRD  data  for  GaN  buffer  layers  on  c-plane  sapphire  for  different  ramp  anneal  times.  The 
AFM  image  area  is  0.4  fjm  x  0.4  (Jm,  with  lighter  regions  corresponding  to  higher  swface  features.  RMS  roughness 
values  for  the  layers  are  33  A,  42  A,  and  84  A,  respectively. 

In  order  to  simulate  the  temperature  change  experienced  by  the  buffer  layer 
during  conventional  2  step  growth  of  GaN,  a  series  of  GaN  buffer  layer  samples  were 
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subjected  to  different  ramp  anneal  durations.  These  samples  were  then  removed  from 
the  reactor  for  XRD  and  AFM  characterization. 

Figure  3  combines  AFM  and  XRD  data  for  as  grown  and  annealed  GaN  buffers 
on  c-plane  sapphire  substrates.  The  AFM  images  show  an  increase  in  polycrystal 
island  size  with  increasing  anneal  time.  As  explained  above,  the  measured  RMS 
surface  roughness  also  increases  with  island  size.  XRD  measurements  show  a 
narrowing  of  the  broad,  lower  intensity  part  of  the  XRD  peak  for  longer  anneals. 
After  an  anneal  time  greater  than  10  minutes,  a  preferred  orientation  emerges. 

DISCUSSION 

This  paper  shows  that  the  degree  of  crystallinity  in  GaN  buffer  layers 
deposited  on  c-oriented  sapphire  at  480  °C  varies  with  growth  rate.  As  the  buffer 
growth  rate  is  increased  the  buffer  XRD  peak  intensity  falls  indicating  that  less  of  the 
buffer  is  polycrystalline  and  that  the  rest  is  presumably  amorphous  (when  AIN  buffers 
are  deposited  under  these  conditions  no  XRD  are  peaks  are  observed,  indicating 
amorphous  material).  As  the  ramp  annealing  time  increases  we  see  an  increase  in 
polycrystal  island  size  and  XRD  measurements  show  narrowing  of  the  broad,  lower 
intensity  part  of  the  XRD  peak.  This  implies  that  the  GaN  buffer  material  is  mobile 
on  [0001]  plane  sapphire  and  that  the  larger,  on-axis  crystallites  are  growing  at  the 
expense  of  the  smaller  islands  through  the  process  of  Ostwald  ripening  [6,13].  This 
data  reflects  the  emergence  of  a  preferred  orientation  among  the  buffer  polycrystals 
which  is  then  maintained  through  the  growth  of  the  main  GaN  epilayer. 

Interestingly,  identical  experiments  performed  on  a-plane  sapphire  show  that 
less  of  the  buffer  material  is  crystalline  and  that  there  is  no  significant  dependence  on 
growth  rate  (figure  1).  Also,  preliminary  ramp- annealing  studies  show  that  the  buffer 
material  is  less  mobile  on  a-plane  sapphire  and  that  no  preferred  polyciystal 
orientation  emerges  during  annealing. 

The  buffer-layer  growth  behavior  described  here  and  in  previous  studies  [TIO] 
has  the  characteristics  of  a  Stranski-lCrastanov  growth  mode  [11-13].  The  high 
mismatch  strain  between  GaN  and  sapphire  drives  the  buffer  material,  which  is 
initially  deposited  uniformly  across  the  wafer,  to  form  3D  polyciystalline  islands 
where  the  free  energy  is  minimized.  At  low  growth  rate  (and/or  higher  temperature) 
the  buffer  layer  group  III  species  are  effectively  more  mobile  on  the  sapphire  surface 
allowing  the  growth  of  polycrystalline  islands  [13].  At  high  growth  rate  (and/or  low 
temperatures)  the  surface  species  are  less  mobile  and  the  buffer  material  is  not  able  to 
fully  reorganize  to  achieve  minimum  free  energy.  Thus  surface  Idnetics  can  limit  the 
extent  of  the  S-K  reorganization  during  growth.  This  Idnetic  limitation  is  believed  to 
be  responsible  for  the  obseived  difference  in  buffer  layer  behavior  on  c  and  a  sapphire 
orientations.  Based  on  polishing  studies  at  UNM,  we  find  that  the  a-sapphire  surface 
is  more  reactive  than  the  c-surface,  and  during  growth  this  means  that  the  buffer 
group  III  species  will  be  less  mobile  on  a-plane  sapphire.  Thus  we  anticipate  the 
observed  result  that  the  buffer  layer  on  a-plane  sapphire  exhibits  a  lower  crystallinity. 
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Surface  Idnetic  limitations  also  explain  the  amorphous  nature  of  the  low  temperature 
AIN  buffer  layer.  The  high  reactivity  of  AJ  species  will  result  in  a  low  surface  mobility, 
and  Idnetically  limit  the  buffer  reorganization  during  the  growth. 

Clearly,  any  growth  parameter  that  affects  the  surface  mobility  of  the  buffer 
layer  material  will  influence  the  extent  of  the  S-K  reorganization  during  growth, 
which  in  turn  controls  the  buffer  layer  crystallinity  and  the  eventual  crystallinity  and 
properties  of  the  main  III-N  epilayer. 

CONCLUSION 

We  present  evidence  that  S-K  behavior  explains  the  sensitivity  of  MOCVD 
growth  of  GaN  on  sapphire  to  substrate  orientation,  growth  rate,  growth  temperature 
and  ramp  annealing  duration.  Furthermore,  we  anticipate  that  any  substrate  or 
growth  parameter  that  affects  surface  mobility  will  significantly  affect  the  S-K 
behavior  and  the  final  properties  of  the  GaN  material.  The  need  for  a  lattice  matched 
substrate  is  therefore  twofold;  A  lattice  matched  substrate  will  not  only  reduce  the 
defect  density  in  the  III-N  material  but  should  also  significantly  improve  control  of 
the  MOCVD  growth  process. 
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ABSTRACT 

In  this  paper  GaN  films  are  examined,  which  are  grown  on  basal  plane  (0001)  sapphire 
substrates.  Growth  is  performed  in  a  novel  type  of  vertical  rotating  disk  reactor.  Results  on  the 
effect  of  a  GaN  nucleation  layer  on  the  properties  of  the  overgrown  GaN  epilayer  are  presented. 
Characterisation  includes  surface  morphology  studies,  DC  X-ray  diffraction  and  optical 
characterisation.  Best  film  quality  so  far  has  a  double  crystal  X-ray  half  width  of  85  arcsec  at 
approximately  1  |Jim  thickness. 

INTRODUCTION 

With  a  wide  direct  bandgap  of  3.39  eV  and  excellent  physical  properties  gallium  nitride 
(GaN)  is  a  very  promising  material  for  fabricating  blue  light  emitting  devices.  A  few  possible 
applications  are  high  density  optical  data  storage,  full  color  video-screens  and  even 
trafficlights.[l,2]  Recently  significant  progress  in  epitaxial  growth  of  GaN  has  already  led  to 
commercially  available  nitride-based  high  brightness  light  emitting  diodes  [3,4].  In  spite  of  this 
recent  success  many  fundamental  problems  still  remain  in  the  epitaxial  growth  of  GaN  and  it's 
alloys. 

GaN  is  usually  grown  heteroepitaxially  on  sapphire  (0001)  substrates,  which  have  a 
lattice  mismatch  of  13.8  %  [5].  When  GaN  is  grown  directly  on  the  sapphire  however,  this 
results  in  three-dimensional  growth  and  a  film  quality  which  is  not  suitable  for  realising  devices. 
Recently  experiments  have  shown  tha  a  two-step  growth  procedure  leads  to  two-dimensional 
growth  and  improved  film  quality  [6].  First  a  thin  polymorphic  GaN  or  AIN  nucleation  layer  is 
grown  on  the  sapphire  surface  at  low  temperature  (450  to  600  “C).  After  raising  the  temperature 
to  between  900  to  1 100  “C  a  GaN  layer  is  deposited.  The  growth  temperature  and  thickness  of 
this  nucleation  layer  have  a  great  influence  on  the  properties  of  the  overgrown  GaN  film.  The 
purpose  of  this  paper  is  to  determine  optimum  growth  parameters  for  GaN  films  in  a  novel  type 
of  vertical  rotating  disk  reactor. 

EXPERIMENT 

The  GaN  films  were  grown  by  metalorganic  chemical  vapour  deposition  on  sapphire 
(0001)  substrates  with  H2  and  mixed  H2/N2  carrier  gas.  Ammonia  (NH3)  and  trimethylgallium 
(TMG)  were  used  as  source  materials.  The  growth  was  performed  in  a  vertical  rotating  disk 
reactor,  manufactured  by  Thomas  Swan  &  Co.  The  group  III  and  group  V  elements  are  injected 
separately  into  the  reactor  through  a  water  cooled  "showerhead"  to  avoid  undesired  upstream 
pre-reactions.  A  graphite  resistance  heater,  is  used  to  raise  the  temperature  of  a  graphite 
susceptor  up  to  1200  °C.  The  temperature  is  measured  with  an  optical  pyrometer  looking 
directly  at  the  substrate  (fig.  1).  The  rotation  speed  of  the  susceptor  can  be  varied  between  0  and 
1500  rpm.  All  the  deposition  was  performed  under  atmospheric  pressure  (700  Torr). 
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fig.  1  .‘Novel  type  of  vertical  rotating  disk  reactor 


The  substrates  were  degreased  in  organic  solvents  (Trichlorethane,  Acetone,  Isopropyl 
alcohol)  and  etched  in  a  hot  solution  of  H2S04:H3P04  (3:1).  Before  growth  the  substrates 
were  baked  out  at  epilayer  growth  temperature  in  a  NH3  flow.  The  growth  itself  is  performed  as 
a  two  step  process.  In  the  first  step  a  nucleation  layer  is  grown  at  a  low  temperature  in  between 
450  to  550  °C.  Then  the  temperature  of  the  substrate  is  raised  to  between  950  to  1100  °C  and 
kept  constant  for  a  few  minutes.  During  the  annealing  the  nucleation  layer  recrystallizes  and  on 
this  improved  nucleation  surface  the  epilayer  is  deposited.  The  rotation  speed  was  kept  constant 
at  800  rpm. 

Several  parameters  were  varied  to  optimize  the  growth  proces.  GaN  films  were 
characterised  by  X-ray  measurements  to  examine  the  crystal  quality.  For  this  we  used  a  double 
crystal  (DC)  diffractometer  set-up.  We  also  studied  the  variation  surface  morphology  under 
various  growth  conditions.  Optical  characterisation  was  performed  by  photoluminescence  (PL) 
and  cathodoluminescence  (CL)  measurements.  PL  samples  mounted  in  a  Leybold 
cryorefrigorator,  were  excited  using  loosely  focussed  light  from  a  5  mW  He-Cd  laser  operating 
on  the  325  nm  line.  Monochromatic  CL  images  were  obtained  at  room  temperature  using  a 
modified  Cambrige  Instruments  scanning  electron  microscope. 

RESULTS 

For  the  growth  of  smooth  layers  it  is  very  important  to  deposit  the  epilayer  on  an 
optimum  nucleation  layer.  We  have  grown  nucleation  layers  at  temperatures  between  450  °C 
and  550  “C.  This  resulted  in  various  surface  hexagonal  structures.  We  found  that  for  nucleation 
layers  deposited  at  550  °C  the  surface  was  covered  with  hexagonal  pyramids.  Decreasing  the 
growth  temperature  to  500  °C  led  to  a  flattening  of  those  pyramids  and  at  475  °C  the  surface  was 
completely  smooth.  The  thickness  of  the  nucleation  layers  was  varied  between  20  to  100  nm, 
but  it  did  not  have  a  great  influence  on  the  surface  morphology.  The  epilayers  were  all  grown  at 
1050  °C  and  under  atmospheric  pressure. 
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fig.2  :  Surface  morphology  ofGaN  layers  grown  on  nucleation  layers: grown  at  different 
temperatures:  a)  475  T,  b)  485  °C),  c)  500  T,  d)  550  T 

A  similar  behaviour  was  observed  when  the  growth  temperature  of  the  epilayer  was 
varied.  At  a  low  deposition  temperature  of  950  “C  the  surface  was  covered  with  hexagonal 
pyramids.  Increasing  the  temperature  led  to  a  flattening  of  the  pyramids  and  thus  two 
dimensional  growth.  Very  high  growth  temperatures,  above  1 100  °C,  led  to  a  situation  were  no 
film  was  deposited.  It  seems  that  the  epilayer  growth  temperature  influence  is  very  similar  to 
the  behaviour  at  direct  growth  of  GaN  on  sapphire. [7,8] 

The  growth  temperature  of  nucleation  layer  and  epilayer  also  determine  the  crystal 
quality.  In  double  crystal  (DC)  X-ray  diffraction  we  found  rocking  curves  with  a  FWHM  in  the 
range  of  80  to  700  arcsec.  Measurements  were  performed  on  samples  of  approximately  1  jjlm 
thickness  (after  one  hour  growth).  From  layers  with  the  best  morphology  (smooth  surface)  the 
narrowest  DC  X-ray  rocking  curves  were  obtained.  In  addition  to  the  growth  temperature  of  the 
nucleation  layer,  the  thickness  of  the  nucleation  layer  is  also  very  critical  to  grow  layers  with 
narrow  DC  X-ray  rocking  curves.  In  figure  3(a  the  FWHM  is  shown  as  a  function  of  growth 
time.  The  growth  speed  of  the  nucleation  layer  was  approximately  1.8  |U.m/h,  so  the  optimum 
thickness  is  approximately  25  nm.  The  best  DC  X-ray  result  was  found  on  a  layer  grown  at 
1050  °C  on  a  25  nm  thick  nucleation  layer,  deposited  at  475  ”C.  In  figure  3(b  the  influence  of 
growth  temperature  of  the  epilayer  is  demonstrated.  GaN  layers  were  deposited  on  the  same 
nucleationlayers  (growth  temperature  500  °C)  at  different  epilayer  growth  temperatures. 
Increasing  the  growth  temperature  led  to  narrower  DC  X-ray  rocking  curves.  It  may  be  relevant 
to  note  that  the  peak  intensity  decreased  at  very  high  growth  temperatures  due  to  a  lower  growth 
speed. 


(h  :  Influence  of  growth  temperature  of  the  epilayer  on  FWHM  of  DC  X~ray  rocking  curve 
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Atomic  force  microscopy  (AFM)  using  a  Burleigh  SPM  instrument  reveals 
substantial  differences  in  the  morphology  of  nucleation  layers  grown  at  different 
temperatures.  Layers  grown  at  550  °C  show  a  large  number  of  shallow  "pits"  of  diameter 
ranging  from  several  tens  to  several  hundreds  of  nanometres  at  the  surface  of  a  layer  of 
thickness  several  microns.  In  contrast,  a  layer  grown  at  500  appears  to  be  a  continuous 
mesh  of  overlapping  crystallites. 

The  photoluminescence  technique  takes  an  average  over  the  area  of  the  excitation 
spot,  of  order  1  mm  x  1  mm  in  the  present  case.  In  general,  some  non-uniformity  may  be 
expected  as  the  excitation  spot  ranges  over  a  sample.  Typical  room  temperature  spectra 
feature  a  relatively  sharp  bandedge  line  near  373  nm,  a  broad  band  around  450  nm  and  a 
broad  band  that  peaks  near  560  nm  (the  yellow  band). 

In  order  to  provide  a  rough  assessment  of  sample  quality  we  introduce  two  figures 
of  merit,  Q1  measures  the  total  fluorescence  output  for  a  fixed  excitation  level.  Q2 
measures  the  fraction  of  the  total  fluorescence  that  appears  in  emission  at  the  band  edge. 
Hence  while  Q1  gives  a  measure  of  the  surface  condition  and  radiative  efficiency  of  a 
sample,  Q2  is  related  to  the  sample  purity.  Figure  4  shows  the  variation  of  Q1  and  Q2 
with  growth  temperature  of  the  nucleation  region.  Clearly,  the  optimum  values  are 
obtained  for  buffer  layers  grown  at  475  to  500  ^C. 


Buffer  Growth  Temperature  /  °C 

fig.  4 :  Effect  of  nucleation  layer  growth  temperature  on  PL  quality  factors. 

Upon  cooling  samples  below  50  K,  shallow  donor-acceptor  luminescence  bands 
may  emerge  near  400  nm.  In  some  samples  it  appears  that  the  strength  of  emission  in  the 
D-A  series  reflects  the  strength  of  the  yellow  band,  pointing  to  some  commonality  in  their 
origin.  Figure  5  shows  the  photoluminescence  spectrum  of  a  typical  high  quality  sample  at 
14  K. 
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Wavelength  (nm) 

fig  5:  Low  temperature  PL  spectrum  showing  strong  band  edge  luminescence. 

Cathodoluminescence  imaging  provides  both  morphological  and  optical 
information.  By  inserting  a  monochromator  in  the  path  of  the  luminescence  one  obtains 
information  relating  to  the  structural  origin  of  the  bands  described  above.  First,  we 
examine  an  optical  microscope  image  that  shows  some  stacked  hexagonal  structures 
(Figure  6).  Figures  7  (a)  and  (b)  are  cathodoluminescence  images  that  examine  the  same 
region  of  surface  in  the  light  of  the  band  edge  emission  and  the  yellow  band,  respectively. 


fig  6  :  Optical  micrograph  showing  hexagonal  crystallites. 
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The  two  images  are  almost  complementary:  the  UV  band  is  stronger  in  the  small  hexagons 
which  appear  to  lie  high  above  the  substrate;  the  yellow  band  originates  almost  entirely  in 
low-lying  features. 


jig  7 :  Monochromatic  CL  images  of  (a)  band-edge  emission,  (b)  yellow  emission. 


CONCLUSIONS 

GaN  films  grown  in  a  novel  type  of  vertical  spinning  disk  reactor  on  sapphire 
(0001)  substrates  show  satisfactory  film  quality,  as  judged  by  X-ray  diffraction,  optical 
micrographs  and  PL  characterisation.  Cathodoluminescence  imaging  emphasises  the 
strong  structure  dependence  of  inhomogeneities  which  still  exist  at  the  present  state  of  the 
art. 
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ABSTRACT 


Preliminary  results  of  a  study  of  GaN  nucleation  and  growth  by  molecular  beam  epitaxy 
using  a  nitrogen  rf  plasma  source  are  presented.  Nucleation  layers  and  3000  A  thick  layers  were 
investigated  by  atomic  force  microscopy  and  x-ray  diffraction.  Growth  under  gallium-rich 
conditions  both  increased  nucleation  island  size  and  promoted  two-dimensional  growth. 


INTRODUCTION 


The  potential  applications  of  blue  and  ultraviolet  optoelectronic  devices  based  on  GaN 
have  been  recognized  for  many  years  [1].  Recent  advances  in  epitaxial  GaN  growth  by  metal 
organic  chemical  vapor  deposition  (MOCVD)  have  lead  to  commercially  available  devices  from 
both  U.S.  (CREE  Research,  Inc.)  and  foreign  companies  (Nichia  Chemical  Industries).  Rapid 
progress  in  this  direction  is  also  being  accomplished  by  molecular  beam  epitaxy  (MBE)  growth 
using  active  nitrogen  species  [2].  The  most  common  substrate  for  epitaxial  growth  is  sapphire 
(a-Al203)  due  to  its  availability,  low  cost  and  robust  nature.  GaN  layers  grown  on  sapphire, 
however,  typically  contain  a  high  density  of  defects,  mainly  threading  dislocations,  due  to  a  large 
lattice  mismatch  and  thermal  expansion  coefficient  mismatch  between  the  epilayer  and  the 
substrate  [3,4].  In  contrast  to  growth  in  other  semiconductor  systems,  these  high  dislocation 
densities  (>10^  cm"2)  are  reported  to  persist  for  up  to  4  pm  of  growth  [3,4].  While  some  devices 
are  tolerant  of  such  high  densities  [4],  it  is  desirable  to  determine  groAvth  conditions  for  improved 
structural  quality. 

GaN  typically  nucleates  and  grows  on  sapphire  by  island  formation.  The  use  of  low 
temperature  buffer  layers  (450  -  600  ^C)  of  AIN  [5]  or  GaN  [6,7]  results  in  a  dramatic 
improvement  in  layer  morphology  and  electrical  properties.  Annealing  prior  to  high  temperature 
growth  causes  coalescence  of  the  nucleation  islands,  resulting  in  low  angle  grain  boundaries 
which  create  the  observed  dislocation  arrays  [3,4].  This  subgrain  structure  is  stable  during 
growth  under  most  conditions.  Thus,  subsequent  crystal  quality  is  strongly  dependent  on  the 
nucleation  layer. 

The  predominant  growth  mode  is  a  further  factor  in  dislocation  reduction  with  increasing 
layer  thickness.  Two-dimensional  growth  results  in  the  highest  degree  of  structural  perfection  in 
epitaxial  layer  growth.  Typical  MBE  and  MOCVD  growth  conditions  appear  to  promote  three- 
dimensional  growth  [8].  This  may  lead  to  individual  growth  of  the  low  angle  grains,  preventing 
dislocation  recombination  and  annihilation.  A  recent  study  has  reported  MOCVD  growth 
conditions  resulting  in  two-dimensional  step-flow  growth  [9],  with  a  concomitant  reduction  in 
dislocation  density  to  about  2  x  10^  cm"^.  This  paper  presents  the  initial  results  of  a  study  to 
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determine  conditions  for  MBE  growth  of  GaN  that  result  in  buffer  layers  with  increased  grain 
size  as  well  as  determining  the  appropriate  parameters  to  promote  two-dimensional  growth. 

EXPERIMENT 

The  GaN  layers  for  this  study  were  grown  at  West  Virginia  University  by  MBE  in  a 
system  similar  to  that  described  elsewhere  [10].  Since  we  are  interested  in  developing  lower 
temperature  growth  of  GaN  by  MBE,  we  have  only  investigated  growth  temperatures  less  than 
700<^C.  A  standard  MBE  source  provided  the  Ga  flux.  A  cryogenically-cooled  rf  plasma  source 
(Oxford  Applied  Research  CARS-25)  operating  at  500W  was  used  to  produce  the  active  nitrogen 
flux.  The  layers  were  characterized  using  x-ray  diffraction  and  atomic  force  microscopy  (AFM) 
(Digital  Instruments  Nanoscope  II). 

RESULTS 

Several  studies  [3,4,1 1]  have  indicated  that  the  transition  between  buffer  layer  and  "bulk" 
film  structure  occurs  in  the  first  0.4  to  0.5  pm  of  growth.  We  grew  a  series  of  3000  A  layers  to 
determine  both  growth  rates  and  growth  modes  in  this  transition  region.  We  were  also  interested 
in  the  transition  point  between  Ga-rich  growth  and  conditions  which  produced  Ga  condensation 
as  evidenced  by  the  presence  of  Ga  droplets.  Figure  1  illustrates  our  growth  rate  for  several 
conditions.  Above  2.5  xlO"^  Torr  Ga  and  bOO^^C,  growth  is  limited  by  the  amount  of  active 
nitrogen  present  as  indicated  both  by  the  increase  in  growth  rate  with  temperature  at  a  fixed  Ga 
flux,  and  by  the  relatively  constant  growth  rate  at  a  given  temperature  for  increasing  Ga  flux. 

The  decrease  in  growth  rate  between  2.5  and  5.0  xlO‘7  Torr  Ga  at  660^0  is  apparently  related  to 
a  change  from  a  three-dimensional  to  a  two-dimensional  growth  mode,  as  discussed  later. 


Figure  1.  Growth  rate  of  GaN  for 
several  temperatures  and  valus  of  Ga 
flux. 


Early  in  this  study  we  grew  layers  using  nucleation  conditions  reported  by  others 
[2,5,6,7,12].  We  found  that  exposing  the  sapphire  substrate  to  an  active  nitrogen  flux  resulted  in 
a  fine-gmined  (<1000A)  island  size.  Growth  of  a  low  temperature  nucleation  layer  at  450 
followed  by  an  anneal  at  660  <>0  also  resulted  in  a  similar  small  grain  size.  Thus,  we  undertook  a 
study  of  island  size  distributions  in  nucleation  layers  as  a  function  of  growth  parameters.  The 
nucleation  layers  were  studied  using  AFM.  Figure  2  is  a  micrograph  of  one  such  layer. 
Distributions  were  determined  by  taking  ten  AFM  micrographs  at  points  distributed  across  the 
sample  surface.  The  islands  were  approximated  as  circular  regions  of  various  sizes  by  visual 
comparison  with  a  template.  A  histogram  of  occurrence  frequency  vs.  diameter  was  thus 
obtained.  The  distributions  were  adequately  represented  by  poisson  statistics,  and  the  mean 
value  was  found  by  a  least  squares  fit  to  the  distribution. 


over  the  range  investigated.  However,  in  order  to  obtain  this  increase,  the  nucleation  had  to 
occur  under  Ga-rich  conditions.  Indeed,  at  a  given  temperature,  the  largest  island  size  always 


occurred  near  the  boundary  for  Ga  condensation.  Our  results  are  summarized  in  Figure  3.  For  a 
fixed  Ga  flux  and  nitrogen  flow  rate,  we  observed  a  temperature  corresponding  to  a  maximum 
island  size.  Above  this  temperature,  the  nucleation  islands  became  smaller.  At  a  fixed 
temperature,  island  size  could  be  increased  by  increasing  the  Ga  flux,  up  to  the  occurrence  of  Ga 
condensation.  In  contrast,  increasing  the  nitrogen  flow  rate  resulted  in  smaller  island  size. 

Further  information  was  gained  by  examining  layers  grown  by  extending  the  nucleation 
growth  to  3000  A  thick.  Figure  4(a)  is  the  AFM  micrograph  of  such  a  layer  grown  at  660  ^C. 
The  morphology  appeared  to  consist  of  well-defined  three-dimensional  microcrystallites,  with  an 
average  surface  roughness  of  about  150  nm.  These  growth  parameters  appear  to  promote  three- 
dimensional  growth  without  early  coalescence  of  the  islands.  Also,  up  to  the  3000  A  thickness, 
there  was  no  apparent  change  in  average  microcrystallite  dimension  from  the  original  nucleation 
island  size.  X-ray  diffraction  measurements  were  consistent  with  single-crystal,  hexagonal  GaN 
for  all  layers  measured.  However,  the  full  width  at  half  maximum  (FWHM)  was  fairly  large, 
about  400  arc  minutes  for  the  seimple  depicted  in  Figure  4(a).  Doubling  the  Ga-flux  brought  the 
growth  to  near-Ga-condensation  conditions  and  gave  an  increase  in  island  size,  as  seen  in  Figure 
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4(b).  More  importantly,  however,  is  evidence  of  two-dimensional  growth  which  was  observed 
for  all  layers  grown  above  660  for  Ga-rich  conditions.  Coalescence  of  the  islands  is 
occumng  and  the  overall  roughness  between  grains  is  reduced  to  about  20  nm  The  tops  of  the 
islands  are  fairly  flat  with  well  defined  sub-nanometer  steps  corresponding  to  a  few  monolayers 
We  believe  this  indicates  we  are  near  the  conditions  needed  for  two-dimensional  step-flow 
growth.  The  x-ray  diffraction  FWHM  was  reduced  to  about  120  arc  minutes  for  this  layer. 


Figure  3  .  GaN  nucleation 
island  diameter  as  a 
function  of  growth 
conditions. 


Figure  4  .  AFM  micrographs  of  GaN  layers,  3000A  thick,  grown  at  660OC  under  4  seem 
nitrogen  flow  and  (a)  2.5x10-7  Torr  BEP  Ga  (b)  5.0x10-7  Torr  BEP  Ga  flux. 


Figure  5  .  AFM  micrographs  of  GaN  layers,  3000  A  thick,  grown  at  670OC  under  6  seem 
nitrogen  flow  and  S.OxlO'^  Torr  BEP  Ga  flux:  (a)  without  a  buffer  layer  and  (b)  with  a  lOOA 
thick  buffer  layer  annealed  at  670^0  for  20  minutes  prior  to  layer  growth. 

Only  layers  grown  above  660  under  Ga-rich  conditions,  where  increasing  the  Ga-flux 
does  not  increase  the  growth  rate  as  shown  in  Figure  1,  exhibit  characteristics  of  two- 
dimensional  growth.  All  others  exhibited  a  well  defined,  three-dimensional  microcrystallite 
structure.  Figure  5(a)  is  an  AFM  micrograph  of  a  layer  grown  at  670  under  increased 
nitrogen  flow  to  move  further  away  from  the  Ga-condensation  point  while  maintaining  Ga-rich 
conditions.  Coalescence  is  not  as  evident  as  for  the  previous  sample,  with  an  average  surface 
roughness  of  about  30  nm.  However,  the  islands  are  again  flat-topped  and  steps  corresponding  to 
monolayer  growth  are  observed.  Figure  5(b)  is  a  3000  A  layer  grown  under  the  same  conditions 
except  that  growth  was  interrupted  after  the  first  100  A  of  growth.  This  nucleation  layer  was 
then  armealed  at  670  for  20  minutes  under  nitrogen  flux,  and  growth  was  resumed.  The 
resulting  layer  exhibited  almost  complete  coalescence,  with  an  average  surface  roughness  of 
about  1 .5  nm.  Sub-nanometer  terraces  were  present  on  the  top  of  the  "flat"  regions,  again 
indicating  a  predominantly  two-dimensional  growth  mode.  The  x-ray  diffraction  FWHM 
obtained  for  this  layer  was  51  arc  minutes.  Further  optimization  should  result  in  complete 
coalescence  and  two-dimensional  growth. 

CONCLUSIONS 

Apparently  Ga  is  the  more  mobile  species  under  our  growth  conditions  since  we  obtained 
larger  island  sizes  and  two-dimensional  growth  only  under  Ga-rich  conditions.  Lowering  the  Ga 
flux  lead  to  three-dimensional  growth  with  a  nucleation  layer  consisting  of  smaller  island  sizes. 
The  nitrogen  may  only  incorporate  at  available  sites  near  where  it  initially  adsorbs,  with  little 
lateral  motion  before  desorbing.  The  best  conditions  for  growing  the  nucleation  layer  appear  to 
be  as  Ga-rich  as  possible,  near  the  limit  for  Ga  condensation. 
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In  this  study,  we  have  determined  conditions  for  MBE  growth  of  GaN  that  give  large 
nucleation  island  size,  and  promote  two-dimensional  growth  of  layers.  However,  the  results 
presented  here  are  preliminary,  as  we  have  not  yet  performed  detailed  optical  and  electrical 
characterizations.  We  plan  to  continue  this  study  by  growing  thicker  layers  on  annealed  buffer 
layers  with  the  larger  island  size  for  further  characterization  of  material  properties. 
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ABSTRACT 

A  major  limitation  of  the  current  technology  for  GaN  epitaxy  is  the  availability  of 
suitable  substrates  matched  in  both  lattice  constant  and  thermal  expansion  coefficient.  One 
alternative  for  the  development  of  GaN  substrates  rests  in  the  application  of  halide  vapor  phase 
epitaxy  (HVPE)  to  produce  GaN  films  at  high  growth  rates.  In  this  paper,  we  describe  the 
growth  of  thick  GaN  films  via  the  HVPE  technique  on  (0001)  sapphire  and  (1 1 1)  Si  substrates. 
At  a  temperature  of  1030°C,  films  are  grown  at  rates  between  70  and  90  pm/hr,  yielding  total 
thicknesses  exceeding  200  pm  on  sapphire.  DCXRD  measurements  of  GaN/sapphire  indicate 
FWHM  values  less  than  220  arcsec  on  180  pm  thick  films.  Room  temperature  PL  measurements 
of  GaN/sapphire  indicate  strong  emission  at  3.41  eV,  with  a  FWHM  value  of  65  meV. 
Moreover,  no  detectable  deep  level  emission  was  found  in  room  temperature  PL  measurement. 
Under  optimized  conditions,  films  are  morphologically  smooth  and  optically  clear.  The  GaN 
morphology  appears  to  be  a  strong  function  of  the  initial  nucleation  conditions,  which  in  turn  are 
strongly  affected  by  the  partial  pressure  of  GaCl.  HVPE  growth  on  (111)  Si  substrates  is 
accomplished  using  an  AIN  MOVPE  buffer  layer. 

INTRODUCTION 

The  nitride  family  of  wide  bandgap  semiconductors,  including  GaN  and  its  associated 
alloys  with  AIN  and  InN,  have  recently  gained  prominence  as  proven  materials  for  blue-green 
light  emitting  diode  devices  [1, 2,3,4]  and  as  promising  candidates  for  blue-green  laser  devices. 
Despite  rapid  technological  progress  in  the  field,  a  number  of  basic  scientific  issues  must  be 
resolved  to  understand  the  broader  applicability  of  the  nitride  family  of  semiconductors  in  visible 
light  emitting  devices.  Many  of  the  current  materials  efforts  revolve  around  problems  arising 
from  the  use  of  heteroepitaxial  substrates  in  the  growth  of  GaN-based  devices.  The  most  widely 
used  substrate  for  the  growth  of  nitride-based  devices  has  been  (0001)  sapphire.  However, 
sapphire  suffers  from  a  poor  lattice  match  and  substantial  coefficient  of  thermal  expansion 
difference  with  GaN,  leading  to  the  formation  of  threading  defects  in  the  epitaxial  layer  and 
fracture  of  thick  layers  during  cooldown.  Existing  nitride  device  structures  possess  dislocation 
densities  on  the  order  of  10*°  cm‘^,  which  is  an  extremely  high  value  by  conventional  arsenide 
and  phosphide  device  standards  [5].  The  relationship  between  dislocation  density  and 
nonradiative  recombination  in  the  nitride  semiconductors  is  not  fully  understood  at  present,  but 
does  not  impede  the  efficent  performance  of  some  devices  [5].  The  GaN/sapphire  system  also 
suffers  from  nucleation  problems,  which  can  be  ameliorated  by  the  application  of  a  thin  low 
temperature  buffer  layer  of  GaN  or  AIN  [6,7].  Alternatively,  thick  GaN  layers  produced  via  the 
HVPE  technique  on  heteroepitaxial  substrates  may  be  used  as  GaN  homoepitaxial  substrates  [8]. 
Studies  by  other  researchers  suggest  that  the  application  of  thick  GaN  films  for  homoepitaxial 
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growth  of  MOVPE  GaN  films  may  lead  to  improved  optical  and  crystalline  characteristics  as 
well  as  improved  p-doping  behavior  on  the  epitaxial  films  [9]. 

EXPERIMENTAL  PROCEDURE 

All  GaN  growths  were  carried  out  in  an  atmospheric-pressure  clear  fused  quartz  HVPE 
reactor,  equipped  with  separate  annular  injection  for  the  reaction  gases.  The  HVPE  technique 
has  been  discussed  by  a  number  of  authors  [10,1 1,12,13],  The  reactor  is  heated  in  a  conventional 
hot  wall  furnace,  with  three  independent  temperature  control  zones.  The  first  reaction  zone  was 
maintained  at  a  temperature  of  850°C.  MBE-grade  99.9999%  Ga  metal  was  loaded  in  the  quartz 
boat,  and  high  grade  HCl  gas  was  reacted  with  the  Ga  metal  to  produce  GaCl  and  hydrogen.  The 
observed  extent  of  reaction  for  the  GaCl  reaction  was  typically  in  the  range  of  50-70%,  based  on 
measurement  of  the  HCl  flow  rate  and  the  initial  and  final  Ga  metal  mass.  In  the  second  zone 
(typically  maintained  at  approximately  1030°C)  ammonia  was  introduced  through  a  separate 
annular  injection  line,  leading  to  the  formation  of  GaN  on  the  substrate.  Nitrogen  carrier  gas  was 
used  to  achieve  a  total  flow  rate  of  10  slpm  (mean  gas  phase  velocity  of  21  cm/sec).  The  ratio  of 
NH3  to  HCl  was  maintained  at  30:1,  and  the  flow  rate  of  HCl  was  typically  10  seem.  Sapphire 
substrates  of  the  (0001)  orientation  are  used  for  the  HVPE  deposition.  The  sapphire  substrates 
are  degreased,  then  loaded  into  the  reactor  under  an  atmosphere  of  flowing  nitrogen  gas.  The 
growth  step  is  initiated  by  simultaneous  introduction  of  the  HCl  and  ammonia  gases.  The 
samples  were  slowly  withdrawn  from  the  hot  zone  under  an  ammonia  atmosphere  after  growth. 
In  cases  where  an  AIN  buffer  layer  is  used  on  Si  substrates,  the  buffer  layer  has  been  produced  in 
a  conventional  inductively-heated  horizontal  low  pressure  MOVPE  reactor. 

RESULTS  AND  DISCUSSION 

Nucleation  processes  depend,  in  part,  on  the  partial  pressure  of  the  condensing  species. 
The  initial  nucleation  density  in  the  heteroepitaxial  GaN  system  may  similarly  depend  on  the 
partial  pressure  of  the  reactant  species  and  growth  temperature.  The  initial  nucleation  of  the  GaN 
film  is  a  determining  factor  in  the  subsequent  crystalline  properties  of  the  GaN.  Several 
experiments  are  presented  investigating  this  nucleation  process. 

A.  HVPE  GaN  on  sapphire 

Experiments  have  been  completed  to  determine  the  effect  of  growth  temperature  and 
GaCl  partial  pressure  (at  a  fixed  V/III  ratio  of  30.0)  on  the  growth  rate  of  the  HVPE  GaN  films. 
An  approximately  linear  growth  rate  dependence  was  observed  on  the  GaCl  partial  pressure,  with 
a  growth  rate  of  approximately  0.5  pm/min  at  a  GaCl  partial  pressure  of  1x10'^  torr.  The  growth 
rate  of  GaN  only  exhibits  a  minor  dependence  on  temperature,  indicating  that  the  process  is 
probably  diffusion  controlled. 

The  double  crystal  x-ray  diffractometry  (DCXRD)  and  photoluminescence  results  for  the 
GaN  films  on  sapphire  indicate  a  dependence  of  film  quality  on  temperature  (  Figures  1  a  and 
lb).  An  optimum  crystallinity  is  observed  between  approximately  1030  and  1050°C.  Similarly, 
the  FWHM  values  of  the  photoluminescence  spectra  exhibit  a  rapid  decrease  after  approximately 
960°C,  indicating  improvement  in  the  film  optical  quality.  These  experiments  show  approximate 
optimum  operating  parameters  for  this  specific  reactor  geometry,  and  are  in  relatively  good 
agreement  with  other  published  results  [14]. 
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Growth  Temperature  (°C)  Growth  Temperature  (°C) 

Figure  la :  Dependence  of  GaN  DCXRD  Figure  lb :  Dependence  of  PL  Exciton 

FWHMwith  Growth  Temperature  (20pm  FWHMwith  Temperature  (20pm  film 

film  thickness,  Tgr=1050°C)  thickness,  Tg=1050°C) 

The  thick  HVPE  GaN  films  are  nearly  specular,  with  occasional  very  large  hexagonal 
surface  features.  At  the  optimum  growth  temperatures,  product  films  are  nearly  transparent,  even 
at  thicknesses  approaching  200  pm.  Under  non  optimum  growth  conditions,  occasional  pits  are 
noted  along  the  surface.  These  pits  vary  in  size  and  distribution.  Increasing  the  partial  pressure 
of  the  GaCl  reactant  appears  to  greatly  reduce  the  density  of  such  surface  pits.  As  expected,  the 
difference  in  the  coefficient  of  thermal  expansion  between  the  sapphire  and  the  GaN  film 
produces  great  stresses  as  the  films  are  cooled.  Films  grown  above  a  thickness  of  about  20  pm 
invariably  exhibit  cracking  in  either  or  both  the  epilayer  and  the  substrate  (see  Figure  2).  Growth 
of  very  thick  GaN  epilayers  results  in  cracking  primarily  in  the  substrate  rather  than  in  the 

epilayer.  It  may  be  possible  to  utilize  very  thin  sapphire  substrates,  so  that  the  strain  is  primarily 

in  the  substrate,  which  would  further  limit,  cracking  in  the  epilayer. 


Figure  2:  Cross-section  and  plan  Nomarski  micrographs  of  thick  GaN  on  sapphire 
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The  GaN  film  thickness  had  a  significant 
effect  on  the  measured  film  crystallinity.  Both 
©-rocking  curves  and  ©-20  rocking  curves  vi^ere  2500 
used  to  characterize  the  GaN  films  as  a  function 
of  thickness  (see  Figure  3).  GaN  epitaxial  films  |  2000 
typically  exhibit  a  small  mosaic  spread  in  the 
epitaxial  film  [15],  The  FWHM  obtained  I 

through  a  conventional  ©  scan  is  due  primarily  5  looo 
to  the  variation  in  the  mosaic  spread,  ^ 

Measurement  of  the  FWHM  using  an  ©-20  scan  500 
leads  to  broadening  attributable  to  variations  in 
the  lattice  parameter  (i.e.,  degree  of  strain)  [16],  ^ 

As  shown  in  Figure  3,  the  relatively  large 
FWHM  value  obtained  in  the  ©  scan  compared 
to  the  ©-20  scan  illustrates  the  relatively  high  Figure  3:  X-ray  characterization  of  GaN 
degree  of  mosaic  misorientation  in  the  epitaxial  films  as  a  function  of  thickness 

film  compared  to  the  relatively  narrow 

distribution  in  lattice  spacing.  From  Figure  3,  it  is  apparent  that  increasing  film  thickness 
primarily  leads  to  improvements  in  film  crystallinity  by  reducing  the  degree  of  rotational 
misorientation  in  the  epitaxial  films. 

Photoluminescence  characterization  of  a  thick  HVPE  film  is  shown  in  Figure  4,  These 
results  indicate  that  the  optical  quality  of  the  thick  GaN  HVPE  film  rivals  the  best  GaN  MOVPE 
films.  Moreover,  while  many  reports  for  HVPE  and  MOVPE  GaN  display  deep  yellow 
luminescence  around  550  nm,  it  is 
significant  that  our  HVPE  films  show 
an  absence  of  deep  luminescence  in 
this  region.  Additional  research  is  ^ 
required  to  understand  the  *§ 
mechanisms  for  the  improvements  ^ 
observed  in  the  film  optical  o 
characteristics.  -g 

g 

B.  Effect  of  GaCl  Partial  Pressure  on  U 
Film  Properties 

The  morphology  of  the  GaN 
epilayers  was  found  to  be  a  strong 
function  of  the  partial  pressure  of 
GaCl  during  the  film  growth.  In 
general,  increased  partial  pressures  of 
GaCl  resulted  in  improved  film 
morphologies.  Very  low  partial 
pressures  of  GaCl  frequently  led  to  the  formation  of  discontinuous  hexagonal  films.  As  the 
partial  pressure  of  GaCl  increased,  the  film  morphology  was  observed  to  improve  dramatically, 
until  the  resulting  film  became  fairly  specular  and  transparent  at  a  partial  pressure  of  GaCl  of 
about  2.5x10'  torr.  The  higher  pressure  of  GaCl  during  the  nucleation  step  is  expected  to  lead  to 
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Figure  4:  Low  temperature  PL  spectra  for 
GaN/sapphire 
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an  increased  nucleation  rate  on  the  sapphire,  promotoing  more  complete  coverage  of  the  sapphire 
at  an  earlier  thickness. 

C  HVPE  GaN  on  Silicon 

The  growth  of  GaN  on  the  (1 1 1)  face  of  silicon  was  also  examined.  Growth  of  GaN  on 
Si  followed  by  in-situ  backside  etch  of  the  Si  substrate  is  one  possible  route  to  the  formation  of 
GaN  substrates.  While  promising,  this  approach  appears  to  be  complicated  by  the  formation  of 
intermediate  compounds  at  the  growth  interface.  Growths  of  HVPE  GaN  directly  on  Si  have 
resulted  in  polycrystalline  deposition,  probably  due  to  silicon  oxides  and/or  nitrides  at  the  growth 
interface.  Thermodynamic  calculations  indicate  the  favorability  of  forming  volatile  silicon 
chloride  and  nitrides  at  the  free  surface  of  the  substrate  (see  Figure  5).  To  counter  this  problem, 


we  have  utilized  high  temperature  AIN  buffer 
layers  on  Si  substrates  produced  via  the 
MOVPE  process.  Attempts  to  produce  AIN 
buffer  layers  at  low  growth  temperatures 
invariably  resulted  in  specular  films  that  were 
determined  to  be  polycrystalline  by  RHEED 
analysis.  However,  AIN  films  deposited  at 
higher  temperatures  showed  good 
crystallinity  by  RHEED.  This  result  is 
similar  to  the  report  of  Watanabe  et  al  [17]. 
Meyerson  et  al  have  shown  that  fairly  high 
temperatures  may  be  required  to  achieve  an 
oxide-free  surface  on  the  silicon  [18], 
depending  the  partial  pressures  of  water 
present  in  the  growth  system.  By  application 
of  an  AIN  buffer  layer,  we  were  able  to 
deposit  smooth  GaN  films  via  HVPE. 
However,  the  HVPE  films  still  suffered  from 


T(K) 

Figure  5:  Free  energy  calculations  in  the  Ga-Si- 
HCl  system 


cracking  problems  arising  from  the  coefficient  of  thermal  expansion  mismatch  between  the 
silicon  and  the  GaN  film.  In  addition,  any  cracks  or  pinholes  in  the  AIN  buffer  layer  were 


attacked  in  the  HVPE  atmosphere  (see  Figure  6),  producing  deposits  that  were  identified  by  EDS 


Figure  6:  Nomarski  micrograph  of  Figure  7:  Mechanism  for  corrosion  ofAlN/Si 

GaN/AlN/Si  structure  after  HVPE  growth  substrates  at  cracks  in  buffer  layer 
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and  Auger  analyses  as  rich  in  Si  and  N.  A  possible  mechanism  for  the  formation  of  these 
deposits  at  cracks  in  the  buffer  layer  involves  the  attack  of  silicon  by  chloride  species,  forming 
volatile  silicon  chlorides  ^vhich  then  react  v^^ith  ammonia,  forming  silicon  nitrides.  Alternatively, 
surface  diffusion  of  Si  may  result  in  the  formation  of  these  compounds.  In  either  case,  the 
volume  expansion  between  the  original  silicon  and  the  silicon  nitride  results  in  delamination  of 
the  AIN  buffer,  resulting  in  further  corrosive  attack,  as  illustrated  in  Figure  7.  This  surface 
morphology,  indicative  of  a  multiphase  mixture,  precluded  any  detailed  characterization.  Future 
efforts  will  be  directed  at  minimizing  these  strain-related  defects. 

CONCLUSIONS 

GaN  epitaxial  films  were  grown  by  the  HVPE  technique  on  sapphire  and  silicon 
substrates.  Excellent  optical  and  electrical  characteristics  are  obtained  for  the  films,  with 
DCXRD  measurements  of  GaN/sapphire  indicate  FWHM  values  less  than  220  arcsec  on  1 80  pm 
thick  films  and  7K  photoluminescence  showing  near-band  emission  at  3.48  eV  with  a  FWHM 
value  of  10.4  meV.  Moreover,  no  detectable  deep  level  emission  was  found  in  room  temperature 
PL  measurements  at  low  pump  power  densities.  GaN  morphology  appears  to  be  a  strong 
function  of  the  initial  nucleation  conditions  and  the  partial  pressure  of  GaCl.  HVPE  growth  on 
(111)  Si  substrates  is  accomplished  using  an  AIN  MOVPE  buffer  layer.  The  morphology  of 
these  films  was  dominated  by  nitride  formation  at  cracks  and  pinholes  in  the  buffer  layer. 
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ABSTRACT 

We  have  investigated  the  deposition  of  AIN  thin  films  on  Si(lOO),  Al203(0001),  and  Al2O3(0ll2) 
substrates  at  lower  temperatures  (523-723  K)  using  a  novel  aluminum  source, 
dimethylethylamine:alane  (DMEAA),  with  ammonia  as  a  nitrogen  source  in  a  low-pressure 
MOCVD  atomic  layer  growth  process.  At  reactor  pressures  of  25  and  50  Torr  a  four-step 
sequence  of  reactant  flow  steps  separated  by  flush  steps  was  cycled.  We  observed  a  tendency 
toward  a  self-limiting  growth  rate  as  the  DMEAA  step  flow  time  was  increased.  The  deposition 
uniformity  was  observed  to  be  dependent  on  temperature  and  non-uniform  deposition  occurred  at 
higher  temperatures.  The  microstructure  and  crystalline  orientation  were  examined  using  x-ray 
diffraction  and  ciystalline  AIN  films  were  deposited  at  temperatures  as  low  as  573  K.  Crystallite 
size  decreased  with  substrate  temperature  and  at  523  K  amorphous  films  were  deposited.  At  T  > 
650  K  preferentially  oriented  crystalline  films  were  deposited  with  orientations  of 
Si(100)//A1N(0001),  Al203(0001)//A1N(0001),  Al2O3(0U2)//AlN(ll  20). 

INTRODUCTION 

Conventional  processes  for  depositing  epitaxial  AIN  require  high  temperatures  (>1400K) 
which  are  incompatible  with  many  of  the  other  materials  processing  techniques  that  are  used  in 
fabricating  integrated  circuits  and  other  devices.  When  a  process  is  developed  for  depositing  single 
crystal  AIN  thin  films  at  temperatures  below  800K  (527  °C)  then  it  can  be  more  easily  integrated 
with  other  materials  to  exploit  its  exceptional  electrical  and  mechanical  properties.  Many  methods 
have  been  used  to  deposit  AIN  thin  films  including  conventional  chemical  vapor  deposition  (CVD) 
plasma  enhanced  CVD,  sputtering  techniques  and  reactive  molecular  beam  epitaxy. [1-4] 
Significant  advances  towards  depositing  high  quality  AIN  thin  films  have  been  made  using 
metalorganic  chemical  vapor  deposition  (MOCVD)  techniques. [5,  6]  This  work  investigates  the 
deposition  of  AIN  thin  films  at  temperatures  below  800  K  by  MOCVD  using  an  atomic  layer 
deposition  (ALD)  technique  with  ammonia  and  a  specially  chosen  metalorganic  precursor  in  an 
near-atmospheric  MOCVD  reactor. 

Aluminum  metalorganic  precursors  to  AIN  can  be  categorized  into  three  groups;  trialkyl 
aluminum  sources,  single  source  precursors  that  contain  bonded  Al-N  in  the  molecule,  and  alane 
adduct  compounds.  Tri-alkyl  aluminum  sources  such  as  trimethylaluminum  (TMAl)  and 
triethylaluminum  (TEAl),  are  the  most  common  metalorganic  source  gases  for  depositing  Al- 
containing  compound  thin  films. [7]  These  compounds  have  been  commercially  available  for  many 
years  and  have  the  advantage  of  being  relatively  inexpensive  and  widely  available.  A  second  type 
of  A1  source  for  AIN  deposition  are  single-source  precursors,  such  as  amide  and  azide  based 
compounds,  that  contain  aluminum  and  nitrogen  bonded  to  each  other  within  the  molecule. [8-1 1] 

A  third  class  of  A1  precursor,  and  the  type  that  is  employed  in  this  research,  is  the  alane  adduct 
compounds.  Compounds  of  alane  (AIH3)  adducted  to  an  amine  group  provide  a  way  to  transport 
alane  to  the  deposition  surface.!  12]  At  the  heated  surface  the  two  molecules  easily  dissociate  and 
the  alane  is  left  on  the  surface  while  the  amine  group  is  pumped  away  or  exchanged  with  another 
reactant  molecule  such  as  ammonia.[13]  Alane  adduct  molecules  dissociate  easily  at  low 
temperatures  (373  K)  and  these  sources  have  been  used  to  deposit  high  quality  films  at 
temperatures  lower  than  those  required  by  other  precursors.[14,  15]  Alane  adducts  have  been 
successfully  used  to  deposit  high  purity  films  of  Al,  AlAs,  AlxGai.xAs.[15,  18-20]  Recently  our 
group  and  other  researchers  have  reported  the  deposition  of  III-V  nitride  thin  films  using  alane 
adducts  as  the  aluminum  source. [21-23]  Dimethylethylamineralane  (DMEAA; 
(CH3)2C2H5N:A1H3)  is  a  liquid  alane  adduct  compound  with  a  relatively  high  vapor  pressure  (1.5 

249 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®  1996  Materials  Research  Society 


Torr  (DMEAA)  at  20  °C),  making  it  suitable  for  CVD  processes.[16,  17]  We  recently  reported  the 
deposition  of  AJN  thin  films  using  DMEAA  and  ammonia  in  an  atmospheric  MOCVD  process. [22] 

In  a  typical  ALD  process,  source  gases  are  alternately  introduced  to  the  substrate  surface  by 
methods  such  as  switching  gas  flows  in  a  sequential  manner  or  using  a  rotating  the  substrate  under 
the  flow  of  separate  gas  streams. [5,  24]  Under  proper  conditions  adsorption  of  the  reactant 
species  to  the  surface  is  self-limiting  to  a  single  monolayer  per  reactant  step.  Through  these  self- 
limiting  surface  reactions  a  film  can  be  deposited  one  atomic  layer  at  a  time.  Although  the  growth 
rates  can  be  inherently  low,  the  nature  of  the  process  makes  it  particularly  effective  for  creating 
abrupt  interfaces  and  heterostructures  and  for  depositing  material  of  high  crystalline  quality  at 
lower  temperatures. [25,  26] 

One  cycle  of  a  typical  ALE  process  for  depositing  a  bina^  compound  consists  of  4  steps:  1.)  a 
pulse  of  reactant  1  for  A  seconds,  2.)  a  flush  of  pure  carrier  gas  for  B  seconds,  3.)  a  pulse  of 
reactant  2  for  C  seconds,  4.)  a  flush  of  pure  carrier  gas  for  D  seconds.  A  process  is  commonly 
labeled  by  the  pulse  duration  and  this  sequence  would  then  be  an  A-B-C-D  process.  In  the 
experiments  reported  here,  DMEAA  is  employed  with  ammonia  as  the  nitrogen  source.  The  ALD 
technique  was  chosen  in  order  to  minimize  gas  phase  reactions  between  the  DMEAA  and  ammonia 
and  to  promote  site  selective  surface  reactions  which  can  lead  to  more  ordered  growth  at  lower 
temperatures. 

EXPERIMENTAL 

The  deposition  is  carried  out  in  a  horizontal  laminar  flow  all-quartz  near-atmospheric  MCX^VD 
reactor  equipped  with  three-way  flush  valves.  The  reactor  was  operated  at  25  -  100  Torr  using 
purified  H2  as  a  carrier  gas.  The  substrates  were  placed  on  a  SiC  coated  susceptor  and  heated  with 

rf  induction.  Deposition  was  done  on  Si(lOO),  Al203(0001),  Al2O3(0n2)  substrates.  The 
substrates  were  prepared  for  deposition  by  a  standard  degreasing  procedure  using  TCA,  acetone, 
methanol  and  deionized  H2O.  The  Si  wafers  were  oxide  etched  in  10%  (by  volume)  aqueous  HE 
solution  and  air  dried  immediately  before  loading  into  the  reactor.  The  substrates  were  heated  to 
1083  K  (810  °C)  under  a  H2  flow  for  10  minutes  prior  to  starting  the  ALD  process.  The  DMEAA 
was  contained  in  a  stainless  steel  bubbler  and  held  at  293  K  during  processing.  The  bubbler  was 
stored  at  280  K  to  suppress  decomposition  of  the  precursor. 

In  our  experiments  we  have  explored  deposition  at  a  range  of  conditions.  The  total  flow 
through  the  reactor  was  2.4  -  6.0  slm  and  was  held  constant  during  each  of  the  process  steps.  We 
used  gas  velocities  of  6  -  50  cm/s,  DMEAA  partial  pressures  of  2.9  -  24.6  mTorr  and  ammonia 
partial  pressures  of  1.8  -  15.4  Torr  with  a  constant  V/in  of  620.  The  H2  flow  through  the  bubbler 
was  0.3  slm  and  the  NH3  flow  into  the  reactor  was  0.3  slm.  Details  of  the  reactor  system  and 
process  were  previously  described.  [22] 

RESULTS  AND  DISCUSSION 

One  way  of  examining  the  kinetics  of  the  film  formation  mechanism  in  an  ALD  process  is  to 
observe  how  the  growth  rate  is  affected  by  the  duration  of  the  reactant  pulses.  A  self-limiting 
process  will  show  a  growth  rate  that  reaches  a  limiting  value,  independent  of  the  duration  of  the 
reactant  pulse.  The  main  interest  is  to  find  the  conditions  where  the  group  IB  precursor  reacts  in  a 
self-limiting  manner;  at  non-ideal  conditions,  such  as  too  high  a  temperature,  the  group  IB  reactant 
could  pyrolize  to  the  elemental  species,  prohibiting  self-limiting  adsorption  and  resulting  in  a 
growth  rate  that  increases  continuously  with  pulse  duration. 

Figure  1  shows  the  per-cycle  growth  rate  versus  DMEAA  pulse  length.  The  duration  of  the 
DMEAA  pulse  during  each  cycle  was  extended  from  1  to  8  seconds  for  deposition  runs  at 
temperatures  of  613,  673, 723  K.  These  data  are  taken  from  deposition  runs  done  at  50  Torr  using 
X-5-Y-5  ALD  process  where  X,Y  =  1  to  8  seconds.  From  these  measurements  we  observe  that 
extending  the  pulse  from  1  to  4  seconds  increases  the  growth  rate  by  3  times  from  approximately 
0.1  to  0.3  nm/cycle.  However,  when  the  pulse  length  is  extended  from  4  to  8  seconds  the  growth 
rate  only  increases  from  0.3  to  0.4  nm/cycle.  This  shows  a  tendency  for  the  process  towards  self- 
limiting  growth  at  approximately  0.4  nm/cycle.  The  per-cycle  growth  rate  is  relatively  independent 
of  temperature  but  was  observed  to  decrease  slightly  as  the  temperature  increases  from  673  to  723 
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K.  The  growth  rate  was  calculated  from  thickness  values  obtained  by  ellipsometry  measurements. 
During  initial  experiments  done  with  smaller  substrates  (<  20  mm)  it  was  observed  that  the  growth 
rate  was  highest  at  the  upstream  end  of  the  substrate  and  that  uniformity  improved  with  decreasing 
reactor  pressure.  Experiments  were  done  on  larger  wafers  to  investigate  the  growth  rate 
uniformity. 


Figure  1  Growth  rate  V5.  Pulse  duration 


Figure  2  Growth  rate  Position 


Figure  2  shows  the  per-cycle  growth  rate  versus  position  on  substrate  for  deposition  done  on 
Si(lOO)  substrates  at  25  Torr  and  a  gas  velocity  of  29  cm/s  using  a  4-5-4-5  ALD  process.  The 
position  parameter  z  is  along  the  direction  of  the  gas  flow  starting  at  the  upstream  end  of  the 
substrate,  as  diagrammed  in  the  figure.  At  higher  temperatures  of  723  and  673  K  the  growth  rate 
is  highest  at  the  upstream  end  and  decreases  rapidly  as  you  move  back  on  the  substrate.  The 
maximum  growth  rate  is  relatively  independent  of  temperature  and  is  limited  to  a  value  slightly 
above  0.3  nra/cycle.  The  uniformity  improves  with  decreasing  temperature  and  at  523  K  the 
maximum  growth  rate,  as  observed  at  the  upstream  edge  of  the  substrate,  drops  to  2.5  A/cycle. 
The  non-uniformity  can  be  attributed  to  a  depletion  of  the  reactant  concentration  in  the  gas  stream 
with  position  in  the  reactor.  The  growth  rate  profile  at  the  upstream  edge  (z  <  10mm)  originates 
from  complex  hydrodynamics  where  the  gas  stream  first  meets  the  heated  substrate.  The  decrease 
in  the  growth  rate  from  10  mm  and  70  ram  is  due  to  a  depletion  in  the  reactant  concentration.  The 
process  is  mass-transport  limited  at  the  higher  temperatures  where  the  growth  rate  is  limited  by  a 
depletion  of  the  reactant  concentration.  At  523  K  Ae  growth  rate  profile  is  more  uniform  and  the 
maximum  growth  rate  has  decreased,  indicating  a  more  kinetically  limited  process. 


Using  a  4-5-4-5  ALD  process  crystalline  AIN  films  have  been  deposited  on  Si  and  AI2O3 
substrates  at  temperatures  as  low  as  573  K.  These  crystalline  films  were  observed  to  be 
preferentially  oriented  with  respect  to  the  substrate  although  the  microstructure  is  dependent  on  the 
substrate  temperature  during  deposition.  Figure  3  shows  an  x-ray  diffraction  0-20  scan  of  an  AIN 
thin  film  deposited  on  Si(lOO)  at  673  K  and  50  Torr  using  a  4-5-4-5  ALD  process  run  for  120 
minutes.  The  film  is  approximately  130  nm  thick  as  measured  by  ellipsometry.  Diffraction  peaks 
from  the  Si(400)  and  Si(200)  planes  are  observed.  There  is  also  a  diffraction  peak  corresponding 
to  the  A1N(0002)  at  20  of  36.0°  No  other  diffraction  peaks  from  AIN  are  observed  which 
signifies  a  planar  orientation  of  A1N(0001)//Si(100). 

Figure  4a  and  4b  show  diffraction  scans  from  AIN  films  deposited  on  two  different  orientations  of 
AI2O3.  Figure  4a  is  a  0-20  scan  of  AIN  thin  film  on  Al203(0001) .  Diffraction  is  observed  from 
the  single  crystal  AI2O3  substrate  and  the  A1N(0002)  planes  as  a  diffraction  peak  at  35.9°.  This 
corresponds  to  a  planar  orientation  of  A1N(0001)//Al203(0001).  Figure  4b  is  a  0-20  scan  of  AIN 

thin  film  on  AI2O3  (0112)  .  Diffraction  is  observed  from  the  single  crystal  AI2O3  substrate  and  the 
AIN  (11 20)  planes  as  a  diffraction  peak  at  59.3°.  This  corresponds  to  a  planar  orientation  of 
A1N(1120)//Al203(0ll2) 
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In  the  case  of  Si(lOO)  no  planes  of  the  wurzite  AIN  lattice  match  well  with  this  four-fold 
symmetric  surface  and  energy  is  minimized  by  formation  of  the  low  energy  AIN  basal  planes 
parallel  to  this  surface.  The  lattice  mismatch  between  AIN (0001)  and  Al203(0001)  has  been 
studied  and  determined  to  be  13.3%.  Although  this  match  is  not  very  good,  hexagonal  symmetry 
of  the  Al203(0001)  plane  results  in  a  preferred  orientation  of  A1N(0001)//Al203(0001).[6, 27] 


20  (deg) 

Figure  3  XRD  of  AIN  on  Si(IOO)  with  preferred  orientation  of  AIN(0001)//Si(100) 


The  preferred  orientation  of  AIN  on  Al2O3(01 12)  .has  also  been  studied.  [6,  28,  29]  The 

commonly  observed  preferred  orientation  of  A1N(1120)//Al203(01 12)  is  also  explained  through 
lattice  matching  arguments  where  translation  vectors  in  these  two  planes  are  mismatched  by  1% 
and  15.4%  in  the  two  orthogonal  directions.  [29]  In  summary,  our  films  show  preferred  planar 
crystallographic  orientations  that  match  those  observed  in  processes  done  at  temperatures  above 
HOOK. 

The  microstructure  of  these  fUms  were  observed  to  change  with  growth  temperature.  Figure  5 
shows  x-ray  diffraction  0-20  scans  done  on  films  deposited  on  Al203(0001)  substrates  at  five 
different  temperatures.  As  T  decreases  the  AIN (0002)  diffraction  peak  broadens  fairly 
symmetrically.  This  broadening  is  attributed  to  a  reduction  in  the  size  of  the  crystallites  in  the  film. 
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In  this  case  the  size  is  for  the  dimension  in  the  direction  of  the  c-axis  of  the  AIN  crystal.  All  of 
these  films  are  -120-150  nm  thick.  The  inset  shows  the  FWHM  and  the  crystallite  size  as 
calculated  using  the  Scherrer  relation  is  plotted  versus  T.  At  T>650  K  we  deposit  films  with 
crystallite  sizes  in  the  range  of  40-50  nm.  As  the  temperature  decreases  so  does  the  crystallite  size 
and  at  523  K  we  observe  no  diffraction  intensity,  signifying  an  amorphous  microstructure. 


25  29  33  37  41  45 

20  (deg) 


Figure  5  XRD  scans  of  AIN  on  Al203(0001)  deposited  at  5  different  temperatures. 

We  have  used  atomic  force  microscopy  (AFM)  to  study  the  surface  morphology.  Inspection  of 
the  surface  by  AFM  revealed  surface  features  with  dimensions  of  about  40  nm  which  we  interpret 
as  AIN  cryst^lites. 

CONCLUSION 

In  conclusion,  DMEAA  has  been  used  in  an  atomic  layer  deposition  process  to  deposit 
crystalline  AIN  thin  films  at  temperatures  as  low  as  573  K  (300°C).  This  process  can  be  used  to 
deposit  films  with  a  range  of  microstructures  and  orientations.  At  temperatures  above  ~650K  films 
are  deposited  on  Si  and  AI2O3  substrates  with  preferred  planar  crystallographic  orientations  of 

Si(100)//A1N(0001),A1203(0001)//A1N(0001),  Al2O3(01  12)//A1N(11  20).  The  strong  dependency 
of  the  AIN  thin  film  orientation  on  the  substrate  orientation  demonstrates  growth  very  similar  to 
epitaxy  at  significantly  lower  temperatures. 
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ABSTRACT 

A  model  for  the  growth  of  gallium  nitride  in  a  vertical  metalorganic  vapor  phase  epitaxy 
reactor  is  presented.  For  a  mixture  of  non-dilute  gases,  the  flow  temperature  and  concentration 
profiles  are  predicted.  The  results  show  that  the  growth  of  GaN  epilayers  is  through  an 
intermediate  adduct  of  TMG  and  ammonia.  Growth  rates  are  predicted  based  on  simple  reaction 
mechanisms  and  compared  with  those  obtained  experimentally.  Loss  of  adduct  species  due  to 
polymerization  leads  to  lowering  in  growth  rate.  An  attempt  to  quantify  loss  of  reacting  species  is 
made  based  on  experimentally  observed  growth  rates. 

INTRODUCTION 

The  nitrides  of  gallium,  aluminum,  and  indium  have  a  great  potential  for  applications  in 
electronics  and  optoelectronic  devices  due  to  wide  band  gap  range  and  stability  at  high 
temperatures.  These  nitrides  have  a  direct  bandgap  ranging  from  1.9  eV  for  InN  to  6.3  eV  for 
AIN.  GaN  with  its  bandgap  of  3.4  eV  is  suitable  for  making  devices  operating  in  blue  to 
ultraviolet  range.  The  bandgap  can  be  engineered  by  growing  ternary  alloys  of  these  nitrides. 
Zhang  et  al.  [1]  measured  the  bandgap  of  AlxGai.xN  using  room  temperature  optical  transmission 
and  absorption  spectroscopy.  By  changing  the  solid  composition  x,  they  could  obtain  a  tunable 
direct  bandgap  ranging  from  that  of  pure  GaN  to  that  of  pure  AIN. 

One  of  the  main  challenges  in  the  commercial  development  of  GaN  based  opto-electronic 
devices  has  been  the  optimal  design  and  operation  of  reactors  suitable  for  growing  such  materials. 
Metalorganic  Vapor  Phase  Epitaxy  (MOVPE)  has  emerged  as  the  premier  growth  technique.  A 
great  deal  of  effort  is  currently  being  devoted  to  the  study  of  the  chemical  reactions  underlying 
MOVPE  of  semiconductors  [2].  A  better  understanding  of  the  chemistry  during  GaN  MOVPE 
can  lead  to  accurate  control  of  film  properties,  to  increased  reactor  efficiencies,  and  to  the 
development  of  new  operating  procedures  for  growing  custom  made  films  and  microstructures.  It 
will  also  enable  the  development  of  predictive  models  of  the  process,  which  can  substantially 
reduce  the  time  and  cost  associated  with  reactor  scale-up  by  minimizing  the  required  experimental 
trial  and  error. 

In  typical  VPE,  there  is  a  dilute  concentration  of  reactants  in  a  carrier  gas.  For  GaN  MOVPE, 
however,  there  is  large  concentration  of  the  nitrogen  precursor  (i.e.  ammonia)  required  to  stabilize 
the  growth  front.  The  species  conservation  equation  of  ammonia  and  the  carrier  gas  (hydrogen  in 
this  case)  has  to  be  solved  coupled  to  the  heat,  momentum,  and  continuity  equations. 

Adduct  formation  is  a  notorious  problem  in  the  MOVPE  of  GaN.  These  adducts  polymerize 
[3]  giving  a  cyclic  compound  which  may  lead  to  severely  reduced  growth  rates.  To  alleviate  this 
problem,  the  Group  III  and  Group  V  flows  are  not  mixed  near  the  inlet  but  close  to  the  susceptor. 
This  probably  provides  a  shorter  time  for  the  reactants  to  polymerize.  Thon  and  Kuech  [4]  studied 
the  formation  of  adduct  using  trimethylgallium  (TMG)  and  ammonia  in  a  flow-tube  system.  They 
found  that  the  adduct  formation  was  instantaneous.  The  adduct  condensed  below  120  ”C  and  was 
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absent  from  the  gas  phase.  The  adduct-species  decomposed  at  slightly  higher  temperatures  than 
that  associated  with  TMG  decomposition. 

In  this  study  we  will  describe  a  vertical  reactor  used  to  grow  MOVPE  GaN  films.  The 
emphasis  will  be  on  studying  different  chemistries  that  may  be  feasible.  Predicted  growth  rates  are 
compared  to  experimentally  observed  rates  to  determine  the  chemistry  underlying  epitaxial  GaN 
growth. 

REACTOR  MODEL  &  EXPERIMENTAL 

A  schematic  of  the  reactor  is  shown  in  Figure  1 .  TMG  in  hydrogen  carrier  gas  is  supplied  in  the 
inner  tube  while  ammonia  and  hydrogen  are  supplied  in  the  outer  tube.  The  outer  wall  of  the 
reactor  is  water  cooled.  The  graphite  susceptor  is  heated  inductively  with  a  RF  unit.  The  ID  of  the 
reactor  is  85  mm  and  the  OD  of  the  two  inlet  tubes  are  6.4  mm  and  25.4  mm  respectively.  The 
inner  tube  is  at  a  distance  of  1 14  mm  above  the  susceptor  which  is  70  mm  in  diameter.  All  runs 
were  performed  at  a  reactor  pressure  of  100  Torr  and  a  susceptor  temperature  of  1000  ”C.  The 
coolant  and  the  inlet  gases  were  assumed  to  be  at  room  temperature.  The  total  flowrate  was  kept 
constant  at  12  slm  (2  slm  of  NH3  and  10  slm  of  H2)  and  the  flowrate  of  TMG  through  the  inner 

tube  was  kept  at  0.748  seem.  The  films  were  grown  on  2" 
basal  plane  sapphire  for  a  period  of  1.5  hours.  Two  extreme 
cases  were  studied.  In  Case  I,  there  was  a  high  hydrogen 
flowrate  of  5  slm  through  the  inner  tube.  In  case  II,  there  was 
a  comparatively  low  hydrogen  flowrate  of  0.2  slm  in  the  inner 
tube.  The  balance  of  hydrogen  in  both  cases  flowing  through 
the  outer  tube. 

Cylindrical  coordinates  have  been  used  in  the  model  and 
the  computational  domain  extends  from  20  cm  upstream  of 
the  substrate  to  40  cm  downstream.  The  fundamental 
equations  of  continuity,  momentum,  and  energy  balances  and 
species  conservation  are  used  to  describe  the  system  [5].  With 
the  assumption  of  no  variation  in  circumferential  direction,  the 
flow,  temperature,  and  concentrations  are  obtained  in  two 
dimensions.  The  properties  of  the  gas  mixture  are  determined 
at  any  point  using  the  concentrated  species  and  applying  ideal  mixing  rules. 

Physical  and  Transport  Properties  of  Gaseous  Species:  Experimental  values  of  thermal 
conductivity,  specific  heat,  and  viscosity  of  hydrogen  [6]  and  ammonia  [7]  were  fitted  to  obtain 
their  functions  of  temperature  listed  elsewhere  [8].  The  Lennard  Jones  parameters  obtained  from 
experimental  data  were  used  whenever  possible.  For  intermediate  species,  they  were  estimated 
using  the  method  of  group  contributions  [9].  Binary  diffusion  coefficients  of  gas  phase  species 
were  either  obtained  from  literature  or  estimated  from  their  Lennard- Jones  parameters.  The 
thermal  diffusion  ratio  of  all  the  species  were  estimated  using  their  Lennard-Jones  parameters 
[10].  The  values  of  the  binary  diffusion  coefficient,  Lennard-Jones  parameters,  and  thermal 
diffusion  ratios  of  all  gaseous  species  used  in  this  study  are  listed  elsewhere  [8].  The  diffusion  and 
thermal  diffusion  ratio  of  the  dilute  species  at  any  point  were  computed  the  same  way  as  the  gas 
properties. 

Chemistry  Model:  All  the  gas-phase  reactions  considered  are  listed  in  Table  1.  Reactions  Gl,  G2 
and  G3  are  associated  with  pyrolysis  of  TMG  [11].  Reaction  G4  and  G5  describe  adduct 
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formation  and  adduct  conversion  to  cyclic  complex  respectively  [3].  G6  is  the  general  reaction  for 
thermal  decomposition  of  adduct  or  the  cyclic  compound  leading  to  products.  For  lack  of  data, 
the  product  is  taken  to  be  GaCHsiNH.  Thon  and  Kuech  [4]  measured  the  apparent  kinetic 
parameters  for  this  reaction,  but  they  could  not  ascertain  the  exact  nature  of  the  species  involved. 
Unity  sticking  coefficients  are  assumed  for  all  Ga  containing  species  on  the  hot  substrate.  The 
molar  flux  of  these  species  at  the  surface  is  used  to  determine  growth  rates. 


Reaction 

Reactant  Products 

ko(l/s) 

Ea  (kcal/mol) 

Ref 

G1 

Ga(CH3)3  ^  Ga(CH3)2  +  CH3* 

3.5  X  10‘^ 

59.5 

11 

G2 

Ga(CH3)2  ^  GaCH3  CH3* 

8.7  X  10^ 

35.41 

11 

G3 

Ga  CH3  — >  Ga  -1-  CH3* 

l.Ox  10‘^ 

77.5 

11 

G4 

Ga(CH3)3  +  NH3  ^  Ga(CH3)2:NH2  +  CH4 

collision  limited 

4 

G5 

3Ga(CH3)2:NH2  ^  [Ga(CH3)2:NH2]3 

- 

3 

G6 

Ga(CH3)2:NH2  /  [Ga(CH3)2:NH2]3  Product 

4x  10'^ 

50.5 

4 

TABLE  1:  List  of  gas  phase  reactions,  their  kinetic  parameters  and  literature  reference. 


Numerical  Solution:  The  system  of  partial  differential  equations  describing  flow,  heat  transfer, 
mass  transfer,  and  chemical  reactions  was  solved  using  the  Galerkin  finite-element  method  [13].  A 
typical  mesh  consisted  of  1100  trapezoidal  elements  with  the  mesh  being  denser  near  the 
susceptor  where  the  concentration  and  temperature  gradients  are  larger.  The  system  of  nonlinear 
algebraic  equations  obtained  after  the  application  of  Galerkins  technique  was  solved  by  using  the 
Newton’s  method.  The  system  of  equations  and  numerical  methodology  is  presented  in  detail 
elsewhere  [8].  The  computations  were  performed  on  a  Cray  C90  supercomputer. 

RESULTS  AND  DISCUSSION 

The  pathlines  and  temperature  profiles  in  the  reactor  are  shown  for  the  two  cases.  Figure  2(a) 
shows  the  pathlines  for  case  I,  while  Figure  3(a)  shows  the  pathlines  for  case  11.  The 
corresponding  temperature  profiles  are  shown  in  Figure  2(b)  and  Figure  3(b)  respectively.  The 
recirculation  patterns  are  closer  to  the  susceptor  for  higher  inner  jet  flowrates.  High  flowrate  (12 
slm)  in  the  reactor  leads  to  recirculations  above  the  susceptor.  These  recirculations  could  lead  to 
trapping  of  particulate  matter,  which  may  subsequently  end  up  on  the  film,  and  also  lead  to 
transport  of  material  from  the  wall  to  the  substrate.  The  recirculations  were  geometry  driven  and 
they  existed  even  at  room  temperature  at  the  same  process  flowrates.  One  way  of  removing  these 
recirculations  is  lowering  the  flowrate  which  would  mean  more  time  for  parasitic  polymeric 
reactions.  Also,  it  leads  to  increase  in  the  temperature  upstream  of  the  susceptor  leading  to 
premature  decomposition  of  the  reactants.  Lowering  pressure  could  also  decrease  the  severity  of 
recirculations  at  the  expense  of  lower  growth  rates.  Besides,  it  may  lead  to  higher  nitrogen 
desorbtion  from  the  surface. 

The  temperature  profile  for  Case  II  is  flat  (uniform)  above  the  substrate.  For  case  I,  the 
temperature  profiles  are  compressed  near  the  eenter  of  the  substrate,  because  of  the  high  velocity 
of  the  inner  jet  (~  50  m/s  at  100  Torr).  Since  the  recirculation  patterns  are  close  to  the  edge  of  the 
substrate,  there  is  an  expansion  of  isotherms.  The  homogeneous  gas  phase  decomposition  may  not 
play  a  role  for  deposition  at  the  center  of  the  substrate  for  Case  I,  instead  the  adduct  species  may 
decompose  mainly  on  the  surface. 
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The  growth  of  an  epitaxial  GaN  film  takes  place  as  a  result  of  gas  phase  and  surface  reactions. 

To  determine  the  species 
that  reach  to  the  surface, 
we  tried  to  determine  the 
amount  of  TMG  that 
pyrolyzes  before  it  forms 
an  adduct  with  ammonia. 

Elimination  of  species  due 
to  surface  reactions  is  not 
considered.  For  Case  I, 

Figure  4  shows  the 
product  of  TMG  pyrolysis 
(i.e.  Ga(CH3)2,  GaCHj, 
and  Ga)  along  the 
substrate  surface, 

according  to  gas-phase 
reactions  G1-G3  when  the 
adducts  reaction  G4  is  not  taken  into  consideration.  If  we  consider  reactions  G1-G4,  then  all 
TMG  forms  adducts  before  pyrolysis  can  occur  even  for  the  case  with  the  higher  inner  jet  velocity 
(5  slm)  and  the  lower  residence  time.  Figure  4  also  shows  the  resulting  adduct  concentration 
along  the  surface.  Negligible  amount  of  TMG,  and  its  pyrolysis  products  reached  the  surface.  This 

is  expected  because  of  the  high  amounts  of  ammonia  present 
in  these  reactors  and  points  to  fact  that  growth  of  GaN  is  due 
to  decomposition  of  the  (TMG:NH3)-based  adduct.  It  is 
important  therefore  to  understand  the  decomposition  pathways 
of  such  species.  Even  for  the  case  with  no  consumption  due  to 
surface  reaction,  the  adduct  concentration  decreases  radially 
along  the  substrate  due  to  dilution  from  the  second  inlet 
stream.  Unlike  conventional  CVD,  low  conversion  of  reactants 
(e.g.  lower  temperature  GaN  buffer  layer  growth)  would  not 
guarantee  uniform  growth  across  the  substrate. 

The  (TMG:NH3)  adducts  condenses  at  temperatures  below 
90  °C  [4].  Above  120  "C  and  a  pressure  of  450  Torr,  Almond 
et  al.  [3,12]  have  reported  the  formation  of  a  cylic  compound 
[Ga(CH3)2:NH2]3,  as  represented  by  reaction  G5  in  Table  1. 
This  cylic  compound  is  much  larger  and  the  thermal  diffusion 
ratio  is  much  higher  than  that  for  TMG.  We  would  thus 
expect  the  formation  of  cyclic  compound  to  lower  the  growth 
rate.  The  mechanism  by  which  the  cyclic  compound  affects  the 
growth  and  quality  of  the  film  is  not  known  in  detail.  To 
improve  our  understanding  we  have  compared  the  following 
to  experimental  results:  (A)  calculated  growth  rates  assuming 
adduct  does  not  polymerize  (ideal  growth),  and  (B)  calculated  growth  rate  assuming  all  adduct 
instantaneously  forms  the  cyclic  compound,  which  decomposes  similarly  to  the  adduct.  Figures  5 
and  6  show  the  predicted  growth  rate  along  the  susceptor  based  on  these  assumptions,  for  Case  I 
and  II  respectively.  For  Case  I  the  thermal  gradients  close  to  the  surface  are  large  near  the  center 
of  the  substrate  (Figure  2(b)).  The  growth  rate  from  cyclic  compound  (B)  is  not  only  less  than  the 
ideal  value  (A),  but  also  less  than  the  experimental  values.  If  all  the  adduct  does  not  polymerize 


1.0  2.0 
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Figure  4:  Concentraion  profiles 
along  substrate  normalized  by 
inlet  TMG  concentration  (CO). 
TMG,  DMG,  MMG  profiles 
obtained  for  reactions  G1-G3. 
Only  adduct  profile  obtained 
for  reactions  G1-G4 
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before  it  reaches  the  substrate,  it  would  lead  to  growth  rates  observed  experimentally.  Radially 
along  the  substrate,  the  growth  rate  (B)  increases  due  to  two  reasons.  The  thermal  gradients 

decrease  and  the  compound  has  time  to  decompose  to 
smaller  products  which  are  less  sensitive  to  thermal 
gradients.  After  reaching  a  maximum,  the  growth  rate  (B) 
decreases  due  to 
depletion  of 

reactants  from 
consumption  and 
dilution.  For  case  II, 
the  inner  jet 
velocities  are  lower 
and  the  adduct  has 
time  to  decompose. 

The  predicted 

growth  rate  from  the 
cyclic  compound 
(B),  is  still  higher 
than  experimental 
values  for  the  same 
process  conditions. 

The  experimental 
observation  can  be  rationalized  if  either  some  of  the 
adduct  polymerizes  to  species  larger  than  the  cyclic 
compound,  or  if  the  decomposition  products  of  the  cyclic  compound  led  to  lower  growth  rate. 

On  the  other  end  of  the  spectrum,  we  have  considered 
the  case  where  cyclic  compounds  formed  would  not  lead 
to  growth.  This  is  used  to  quantity  the  amount  of  adduct 
lost  to  polymerization  in  the  reactor.  Previous  work  (4) 
indicated  that  this  reaction  could  be  collision  rate 
dependent.  The  rate  parameter  would  thus  be  of  the  form 
k=koT*^.  To  simplify  the  estimation,  we  have  neglected  the 
temperature  dependence.  The  two  competing  reactions 
considered  here  would  be  G5  and  G6.  We  have  assumed 
the  reaction  G5  to  be  third  order.  A  value  of  k=  1.5x10^° 
k=2.5xl0‘^  cm^mol'^s  ’  best  fit  the  experimental  data  for 
case  I  and  II,  respectively.  The  sensitivity  of  this  value  is 
determined  by  plotting  growth  rate  along  the  substrate  for 
k=lxlO^°  cm^mof^s’*  and  k=:2xl0^°  cm^mof^s''  for  Case  I 
in  Figure  7,  and  k=2xl0^^  cm^mof^s'  and  k=3xl0‘^ 
cm^mof^s'^  for  case  II  in  Figure  8. 

CONCLUSIONS 

A  numerical  model  of  the  vertical  MOVPE  GaN  reactor  has  been  presented.  This  model 
predicts  the  flow  patterns,  temperature,  and  concentration  distribution  in  the  reactor.  We 
determined  that  since  the  precursors  form  an  adduct  species  before  they  pyrolize,  the  growth  rate 
is  determined  by  the  decomposition  of  adducts  and  not  TMG  or  NH3.  Growth  rates  based  on 


0,0  1.0  2,0 

Susceplor  (cm) 

Figure  5:  Plot  of  growth  rate 
along  the  susceptor  for  Case  I. 
Curve  (A)  corresponds  to  ideal 
growth,  (B)  to  growth  from 
cyclic  compound  while  (x)  are 
experimental  values 
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these  chemistry  models  indicate  that  polymerization  of  the  adduct  could  explain  the 
experimentally  observed  growth  rates  and  uniformities.  An  apparent  third  order  kinetic  parameter 
is  used  to  describe  the  loss  of  adduct  due  to  parasitic  reactions  and  was  obtained  from  the  growth 
data. 
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ABSTRACT 

Low-pressure  metal-organic  chemical  vapor  deposition  (MOCVD)  has  been 
used  to  deposit  unnucleated  and  self-nucleated  GaN  thin  films  on  (00.1)  sapphire 
substrates.  For  the  self-nucleated  films,  initial  layers  were  grown  at  540OC  using 
trimethylgallium  and  ammonia  as  elemental  sources  and  either  nitrogen  or  hydrogen 
as  the  carrier  gas.  Using  these  same  gas  phase  conditions,  overlayers  on  native 
(00.1)  sapphire  substrates  or  the  GaN-nucleated  (00.1)  sapphire  substrates  were 
deposited  at  1025°C.  The  surface  morphology  and  mosaic  dispersion  of  these 
unnucleated  and  self-nucleated  GaN  thin  films  have  been  surveyed  by  a  combination 
of  real  space  images  from  atomic  force  microscopy  and  reciprocal  space  intensity  data 
from  X-ray  scattering  measurements.  As  expected,  the  unnucleated  GaN  films  show  a 
large-grained  hexagonal  relief,  typical  of  three-dimensional  island  growth.  However, 
the  self-nucleated  films  are  shown  to  be  dense  mosaics  of  highly  oriented  islands, 
emblematic  of  a  more  two-dimensional  growth. 

INTRODUCTION 

MOCVD  has  emerged  as  one  of  the  leading  synthetic  methods  for  thin  films  of 
GaN  [1-7]  and  its  alloys.  Generally  common  to  the  technique  as  practiced  in  various 
laboratories  are:  (1)  utilization  of  trimethylgallium  as  the  elemental  source  for  the 
group  IIIA  gallium;  (2)  ammonia  as  the  source  for  group  V  nitrogen;  (3)  deposition 

temperatures  in  the  range  1000  -  1050°C;  and,  (4)  low  temperature  [500  -  600°C] 
nucleation  layers,  typically  comprised  of  20  -  50  nm  of  AIN  or  GaN  (self  nucleation). 

Of  special  interest  here  is  that  hydrogen  has  almost  universally  been  selected 
as  the  carrier  gas  used  to  assist  in  transport  of  the  gaseous  precursors  to  the  heated 
susceptor.  It  worthwhile  recalling,  however,  that  a  variety  of  carrier  gasses  were 
successfully  employed  in  the  early  CVD  growth  of  unnucleated  GaN.  For  example, 
Maruska  and  Tietjen  employed  hydrogen  [8],  llegems  utilized  helium  [9],  and 
Wickenden  and  coworkers  [10]  used  nitrogen  as  the  carrier  gas. 

In  this  report,  the  surface  morphologies  and  mosaic  dispersion  for  unnnucleated 
and  self-nucleated  growth  of  (00.1)  GaN  on  (00.1)  sapphire  using  nitrogen  or 
hydrogen  as  carrier  gas  are  contrasted. 

EXPERIMENT 

Films  were  prepared  on  (OO.I)-oriented  sapphire  using  trimethylgallium  and 
ammonia  as  reactants  and  nitrogen  or  hydrogen  as  the  carrier  gas  in  a  vertical 

MOCVD  reactor  operating  at  70  torr.  Nucleation  layers,  deposited  at  540°C,  were 

optimized  for  each  carrier  gas  to  yield  GaN  overlayers  (grown  at  1025^0)  suitable  for 
processing  into  photoconductive  devices.  The  resultant  nucleation  layer  thicknesses 
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were  approximately  20  nm  and  50  nm  for  hydrogen  and  nitrogen  carrier  gases, 
respectively. 

The  surface  morphology  of  these  films  was  studied  by  atomic  force  microscopy 
(AFM),  using  a  Nanoscope  III  instrument.  Both  contact  and  tapping  mode  methods 
were  used  to  obtain  the  AFM  topographs.  Contact  mode  micrographs  were  acquired 
employing  commercial  100  pm  long  triangular  cantilevers  with  etched  Si3N4  tips. 
Imaging  was  carried  out  after  the  film  surfaces  were  cleaned  by  dipping  each  sample 
in  1M  hot  HCI  for  10  minutes,  followed  by  repeated  rinses  in  ultrapure  water  and 
reagent  grade  methanol,  and  subsequent  drying  under  a  stream  of  N2.  Cantilevers 
used  for  tapping  mode  images  were  125  pm  long  diving  board  type  with  Si  tips. 
Typical  operating  parameters  for  the  tapping  mode  images  were  300  kHz  drive 
frequency  at  120  mV  drive  amplitude. 

The  out-of-plane  [{00.1}GaN//{00-''}sapphire]  structural  coherence  was 
ascertained  from  conventional  0/20  X-ray  diffraction  scans  collected  on  a  Phillips  APD 
powder  diffractometer  employing  graphite-monochromatized  CuKa  radiation.  The  out- 
of-plane  mosaic  spread  for  these  films  were  measured  in  reflection  from  moving- 
crystal/fixed-counter  0  scans  (rocking  curves),  employing  a  high-precision  X-ray 
spectrometer  equipped  with  a  channel-cut,  four-bounce  germanium  monochromator  to 
provide  a  CuKcxi  beam  of  high  spectral  purity  and  resolution.  Additionally,  the  in¬ 
plane  [{lO.OjQaN//  {‘l'^•0}sapphire]  scattering  from  these  films  were  examined  in 
transmission  using  a  Buerger  precession  camera  and  Zr-filtered  MoKa  radiation. 

RESULTS  AND  DISCUSSION 

Atomic  Force  Microscopy:  Surface  Imaging 

Unnucleated  Growth.  As  expected  for  a  three-dimensional  island  growth  mode  [8-10], 
deposition  of  GaN  onto  unnucleated  (00.1)  sapphire  yields  large  hexagonal  prisms 
(Figure  1)  with  either  hydrogen  or  nitrogen  as  the  carrier  gas.  In  the  films  grown  in 
hydrogen,  Figure  1  (A),  these  prisms  range  50  to  100  pm  in  diameter,  with  a  mean 
value  clustered  about  60-70  pm.  Moreover,  these  prism  were  typically  1 .5  to  >  4  pm  in 


Figure  1.  AFM  images  (100  pm  x  100  pm)  for  unnucleated  growth  in:  (A)  hydrogen  as 
the  carrier  gas  and  (B)  nitrogen  as  the  carrier  gas. 
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height,  but  many  were  outside  the  maximum  vertical  and  horizontal  scan  limits  (120 
|j,m  X  4.5  ^im)  of  the  atomic  force  microscope.  Smaller  subunits  on  prismatic  faces 
appear  to  be  layered  (like  stacked  sand  dollars),  with  an  average  height  of  tens  of  nm 
high  and  on  average  about  400  nm  across. 

Unnucleated  films  grown  in  nitrogen  as  the  carrier  gas  also  exhibit  [Figure  1  (B)] 
large  hexagonal  prisms,  but  in  this  case  the  prisms  are  only  10  to  20  \im  across  the 
base  and  200  to  400  nm  high.  Even  the  crystallites  that  appear  flat  have  a  shallow 
pyramidal  top.  Here,  the  smaller  subunits  are  120  to  145  nm  across  and  are  more 
crystalline  in  appearance  that  those  for  unnucleated  growth  in  hydrogen  and  the 
prisms  also  appear  to  be  less  closely  packed. 

Self-Unnucleated  Growth.  The  pseudo  two  dimensional  growth  surfaces  of  the  self- 
nucleated  GaN  films  [Figure  2  (A)  and  (B)]  are  expectedly  smooth  [1-7,  11]  compared 


Figure  2.  AFM  images  (4  pm  x  4  pm)  for:  (A)  self-nucleated  growth  in  hydrogen  as  the 
carrier  gas;  and,  (B)  self-nucleated  growth  in  nitrogen  as  the  carrier  gas. 

to  those  for  the  island  growth  of  the  unnucleated  films.  These  self-nucleated  films  are, 
however,  still  made  up  of  islands  8  to  10  pm  across.  A  few  of  the  Islands  give  the 
appearance  of  being  as  large  as  30  pm  across,  but  these  are  more  likely  comprised  of 
clusters  of  smaller  islands.  The  individual  islands  have  terrace  steps  as  small  as  0.3  to 
0.4  nm  high  and  150  to  300  nm  across  depending  on  the  region  of  the  film  scanned. 
In  many  cases,  the  tops  of  the  grains  appear  to  end  in  a  spiral;  and  in  other  cases 
some  shallow  holes  are  seen  to  be  present.  Even  though  the  islands  are  not  well 
faceted,  the  terrace  edges  do  have  straight  edges  and  the  overall  appearance  of 
some  of  the  upper  half  of  the  Islands  are  suggestive  of  the  same  6-fold  symmetry  more 
obviously  displayed  by  the  large  grains  of  the  unnucleated  films. 

X-Ray  Scattering:  Structural  Coherence  and  Mosaic  Dispersion 

Out-of-plane  Coherence  and  Dispersion.  Moderate  resolution  0/20  X-ray 
diffractometer  scans  through  the  (00.2)GaN  reflection  are  presented  in  Figure  3  (A) 
and  (B).  The  very  small  difference  in  the  structural  coherence  across  the  series  of  films 
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Figure  3.  Normalized  0/20  X-ray  diffractometer  scans  for  the  (00.2)GaN  reflection 
from:  (A)  unnucleated  and  self-nucleated  films  grown  in  hydrogen  as  the  carrier  gas; 
and,  (B)  self-nucleated  films  grown  in  hydrogen  or  nitrogen  as  the  carrier  gas. 

is  well  reflected  in  this  Figure.  In  fact,  the  range  of  calculated  d-spacing  for  (00.2)GaN 
is  only  from  0.2590  nm  (for  unnucleated  growth  in  hydrogen)  to  0.2592  nm  (for 
unnucleated  growth  in  nitrogen).  Similarly,  the  spread  in  FWHM  (full-width  at  half¬ 
maximum)  derived  from  a  gaussian  fit  to  the  Ka-j  component  is  quite  small  -  from  207 
arcsec  for  nucleated  growth  in  nitrogen  to  213  arcsec  for  either  unnucleated  or 
nucleated  growth  in  hydrogen.  Obviously,  the  out-of-plane  structural  coherence  is 
markedly  unaffected  by  the  nature  of  the  carrier  gas. 

X-ray  rocking  curves  for  the  (00.2)  GaN  reflection  are  presented  in  Figure  4(A). 
These  curves  very  clearly  differentiate  between  films  grown  in  nitrogen  and  hydrogen. 
For  both  unnucleated  and  self-nucleated  growth  in  hydrogen,  the  FWHM  for  the 

(00.2)GaN  reflection  is  essentially  identical  at  0.10°  (360  arcsec)  and  is  very  similar  to 
that  reported  for  films  grown  in  hydrogen  as  the  carrier  gas  in  a  variety  of  other 
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Figure  4.  Comparison  of  X-ray  rocking  curves  (0  scans)  for;  (A)  the  (00.2)GaN 
reflection  from  nucleated  and  unnucleated  GaN  films  grown  in  hydrogen  or  nitrogen  as 
the  carrier  gas;  and,  (B)  the  (00.6)  reflection  from  the  companion  sapphire  substrates. 
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laboratories  [12].  In  contrast,  for  growth  in  nitrogen,  FWHM  values  near  0.2°  are  found 

for  unnucleated  films  and  even  larger  values,  0.25  to  0.45  ,  for  self-nucleated  films. 

Finally,  X-ray  rocking  curves  for  the  (00.6)  reflection  from  the  sapphire  substrate 
were  also  measured  and  typical  scans  are  shown  in  Figure  4  (B).  The  rocking 
curve  for  a  native  (00.1)  sapphire  substrate  shows  an  expectedly  small  FWHM  of  ~11 
arcseconds),  typical  of  a  largely  unstrained  single-crystal  substrate.  As  is  indicated  in 
Figure  4,  the  inhomogeneous  strain  and  resulting  mosaic  spread  in  the  (00.1) 
sapphire  substrate  has  measurably  increased  along  the  film  growth  direction  when 
either  nitrogen  (~18  arcsec)  or  hydrogen  (-50  arcsec)  is  employed  as  the  carrier  gas. 
The  larger  increase  occurs  for  either  nucleated  or  unnucleated  growth  in  hydrogen. 

In-plane  Coherence 

Variations  in  the  in-plane  structural  coherence  were  probed  by  measuring  the 
X-ray  scattering  from  {hh.O}  reciprocal  lattice  vectors  for  both  the  thin  films  and  the 
sapphire  substrate  by  the  X-ray  precession  method.  Zero-level  precession 
photographs  (Figure  5)  of  the  combined  scattering  from  the  (hh.O)  reciprocal  lattice 
planes  of  the  (00.1)  sapphire  substrate  and  the  (00.1)  heteroepitaxial  GaN  film  reveal 
a  common  in-plane  epitaxial  relationship  [{10.0}GaN//{‘' l-Olsapphire]-  There  is, 
moreover,  a  notable  improvement  in  signal-to-noise  ratio  for  growth  in  hydrogen, 
which  is  largely  achieved  by  a  reduction  in  noise.  Several  potential  processes 
contribute  to  the  background  level,  including:  fluorescence;  extrinsic  instrumental 
scattering;  and  Bremsstrahlung  and  diffuse  scattering.  While  it  might  be  expected  that 
fluorescence  and  the  extrinsic  incoherent  (Compton  modified)  fraction  of  the  diffuse 
scattering  are  largely  sample  independent,  the  coherent  scattering  from  various  kinds 
of  imperfections  (point  and  line  defects,  stacking  faults,  surface  roughness,  and 
homogeneous  and  inhomogeneous  stress)  is  expected  to  be  sample  dependent 


'(II.O)GaN 


Figure  5.  X-Ray  precession  photographs  of  the  (hh.O)  reciprocal  lattice  planes  of 
(00.1  )GaN  on  (OO.I)-oriented  sapphire  (CP)  for:  (left)  self-nucleated  growth  in  a 
nitrogen  and  (right)  self-nucleated  growth  in  a  hydrogen  as  the  carrier  gas. 


265 


Thus,  the  reduced  background  for  growth  in  hydrogen  is  likely  due  to  a  decrease  in  the 
density  of  such  Imperfections. 

In  that  context,  recent  transmission  electron  microscopy  studies  [13]  have  begun 
to  appear  for  growth  on  a  number  of  substrates  using  hydrogen  as  the  carrier  gas.  In 
parallel,  these  studies  have  shown  abrupt  Interfaces,  a  predominance  of  (00.1) 
stacking  faults,  interfacial  misfit  dislocations  (with  densities  of  order  lO'IO  cm-2)  and 
loops,  and  defect  microstructure  arising  from  island  nucleation  and  coalescence.  The 
implications  from  the  present  X-ray  precession  study  is  that  the  defect  densities  could 
be  even  greater  for  growth  in  nitrogen  as  the  carrier  gas. 

SUMMARY 

Low-pressure  MOCVD  has  been  used  to  deposit  unnucleated  and  self- 
nucleated  epitaxial  thin  films  of  GaN  on  (00.1)  sapphire  substrates.  The  island  growth 
mode  of  the  unnucleated  GaN  films  yields  a  surface  morphology  composed  of  large 
hexagonal  grains,  with  prism  diameters  ranging  from  50  to  100  pm  for  growth  in 
nitrogen  and  10  to  20  pm  for  growth  in  nitrogen.  In  contrast,  the  pseudo  two- 
dimensional  growth  of  the  self-nucleated  films  give  much  smoother  surface 
morphologies.  These  self-nucleated  films  are,  however,  still  made  up  of  islands  8  to 
10  pm  across,  with  minimum  steps  of  0.4  nm  in  each  case.  The  structural  coherence 
normal  to  the  film  surface  is  essentially  unchanged,  but  the  mosaic  dispersion  (and 
apparently  the  defect  density)  is  measurably  larger  for  growth  in  nitrogen. 
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ABSTRACT 

Three-dimensional  GaN  pyramids  have  been  successfully  obtained  on  dot-patterned 
GaN(0001)/sapphire  substrates  by  using  the  selective  MOVPE  technique.  The  dot-pattern  is  a 

hexagon  arranged  with  a  5p.m  width  and  a  lOjim  spacing.  The  GaN  structure  comprises  a 

hexagonal  pyramid  covered  with  six  {1101}  pyramidal  facets  on  the  side  or  a  frustum  of  a 
hexagonal  pyramid  having  a  (0001)  facet  on  the  top.  The  facet  formation  mechanism  has  been 

investigated  by  observing  the  facet  structure  with  the  growth  time.  The  { 1101 }  facets  are  very 
stable  during  the  growth.  The  (0001)  facet  growth  is  dominant  at  the  initial  growth  but  almost 
stops  at  a  certain  growth  time  and  then  the  facet  structure  is  maintained.  The  appearance  of  the  self¬ 
limited  (0001)  facet  is  attributed  to  the  balance  of  flux  between  incoming  Ga  atoms  from  the  vapor 

phase  to  the  (0001)  surface  and  outgoing  Ga  atoms  from  the  (0001)  surface  to  the  { lIOl }  surface 
via  migration.  The  longer  the  diffusion  length  of  the  Ga  atoms  on  the  (0001)  surface  is,  the  more 
the  surface  migration  is  enhanced,  resulting  in  the  appearance  of  the  wider  (0001)  facet  on  the  top. 

INTRODUCTION 

III-V  nitrides  including  GaN  are  promising  wide  bandgap  materials  for  photonic  and  electronic 
device  applications  such  as  LEDs  and  LDs  in  blue  and  ultraviolet  regions  and  FETs  operated  at 
high  temperature.  Furthermore,  fabrication  of  microstructure  of  the  wide  bandgap  semiconductors 
is  important  to  realize  high-performance  LEDs,  LDs,  and  FETs,  as  well  as  wide  bandgap  quantum 
wires  and  dots.  Dry-etching  technique  is  usually  employed  to  fabricate  microstructure  of  III-V 
nitrides,  but  this  technique  results  in  severe  damage  and  contamination  of  the  surface. 

Many  studies  on  the  selective  epitaxial  growth  have  been  reported  in  ordinary  III-V  compound 
semiconductors  such  as  GaAs  and  InP  system.  [1-6]  The  selective  epitaxial  growth  enables  us  to 
control  three-dimensional  microstructures  such  as  quantum  wires  and  dots.  [3-6]  Furthermore, 
this  technique  does  not  cause  any  damage  and  contamination  of  surface  in  contrast  with  dry-etching 
technique. 

Recently,  the  selective  epitaxial  growth  of  GaN  and  AlGaN  by  metalorganic  vapor  phase 
epitaxy  (MOVPE)  was  carried  out  on  linear-patterned  GaN  (0001)  /  sapphire  substrates  and  the 
facet  formation  mechanism  was  investigated.  [7]  However,  the  selective  epitaxial  growth  on  the 
dot-patterned  windows  has  not  been  carried  out.  In  this  paper,  in  order  to  fabricate  the  three- 
dimensional  microstructure  of  GaN  the  selective  MOVPE  growth  is  carried  out  using  the  dot- 
patterned  GaN  /  sapphire  substrates  and  the  facet  structure  is  investigated  in  relation  to  the  growth 
conditions  namely,  the  growth  time,  the  growth  temperature  and  the  flow  rate  of  trimethylgallium 
(TMG).  The  self-limiting  process  of  the  facet  is  found  by  observing  change  in  the  structure. 

EXPERIMENT 

The  selective  epitaxial  growth  of  GaN  was  performed  on  a  2iJ,m-thick-GaN  (0001)  thick  layer 
by  MOVPE.  This  GaN  layer  was  grown  on  a  sapphire  (on-axis  a-Al203  (1120)}  substrate  using 
an  AIN  buffer  layer  by  MOVPE.  [8,  9]  A  50-60nm  thick  Si02  mask  was  used  for  the  selective 
growth  of  GaN.  [7]  Patterning  of  the  masks  was  carried  out  by  conventional  photolithography  and 
NH4HF2  etching  to  form  dot-patterned  windows  with  hexagons  arranged  at  width  of  5p,m  and 
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spacing  of  lOjim  as  shown  in  Fig.  1.  The  MOVPE  reactor  was  operated  at  atmospheric  pressure. 
The  source  gases  were  TMG  and  ammonia  (2.0slm)  with  hydrogen  as  the  carrier  gas  (2.0slm). 

RESULTS 

Figure  2  shows  the  GaN  three-dimensional  structure  grown  on  the  dot-patterned  windows. 
Any  GaN  deposition  is  not  observed  on  the  Si02  mask,  indicating  the  excellent  selectivity  of  GaN 

growth.  The  facet  structure  of  GaN  is  composed  of  a  hexagonal  pyramid  covered  with  six  { 1101 } 
facets  on  the  side  or  a  frustum  of  a  hexagonal  pyramid  having  a  (0001)  facet  on  the  top. 

The  facet  formation  mechanism  has  been  investigated  by  observing  change  in  the  facet  structure 
with  the  growth  time.  Figures  3  (a),  (b),  and  (c)  show  SEM  images  of  GaN  grown  on  the  dot- 
patterned  windows  for  different  growth  times  of  2,  5,  and  7min.  The  growth  temperature  was 

1,025°C  and  the  flow  rate  of  TMG  was  91.61  [iimol/min.  Figure  4  and  5  indicate  the  height  and 
widths  (top  and  bottom)  of  the  facet  structure  as  a  function  of  the  growth  time.  As  clearly  shown 

in  Fig.  5,  the  { lIOl )  facets  does  not  almost  grow  and  are  stable.  Figs.  3  and  4  show,  however, 
the  (0001)  facet  growth  is  dominant  at  the  initial  growth  stage  but  almost  stops  at  growth  time 
around  7min  and  the  facet  structure  is  maintained.  These  results  show  that  the  self-limited  stable 
facet  structure  is  obtained  after  the  certain  growth  time. 

Dependence  of  the  facet  structure  on  the  growth  conditions  is  summarized  in  Fig.  6.  These 
samples  were  grown  for  enough  time  longer  than  the  growth  time  to  obtain  a  self-limited  stable 
facet.  The  width  of  the  top  (0001)  facet  is  shown  as  a  function  of  the  growth  temperature  for 
different  TMG  flow  rates.  For  the  same  TMG  flow  rate  the  width  of  the  (0001)  face  increases 

linearly  with  increasing  the  growth  temperature.  The  width  changes  from  0  to  1.6p,m  at  the  TMG 
flow  rate  of  91.61|xmol/min.  For  the  same  growth  temperature  the  width  of  the  (0001)  facet 

increases  with  decreasing  the  TMG  flow  rate.  The  width  changes  from  0  to  0,7|J.m  at  the  1,000®C. 
Thus  these  results  indicate  that  the  change  in  the  growth  temperature  or  the  TMG  flow  rate  enables 
us  to  control  the  top  (0001)  facet  in  the  three-dimensional  microstructure  of  GaN. 


Figure  4.  Height  of  the  facet  structure  as  a  Figure  5.  Top  and  bottom  widths  of  the  facet 
function  of  the  growth  time.  structure  as  a  function  of  the  growth  time. 
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DISCUSSION 


We  should  discuss  the  formation  mechanism  of  the  self-limited  (0001)  facet  in  the  hexagonal 
pyramid  using  the  model  of  Figure  7.  This  model  has  been  also  reported  in  the  GaAs  dot- 
structure.  [6]  Since  supply  of  the  ammonia  gas  into  the  growth  region  is  much  larger  than  that  of 
TMG  (the  V/III  ratio  is  larger  than  1,000),  the  growth  process  such  as  vapor  phase  diffusion  and 

surface  diffusion  is  limited  by  supply  of  Ga  species.  Ga  atoms  adsorbed  on  the  { 1101 }  facet  are 

easily  desorbed  from  the  facet  because  the  { 1101 }  facet  is  energetically  stable.  Ga  atoms  adsorbed 
on  the  (0001)  facet  migrate  at  a  certain  distance  around  the  diffusion  length.  Once  the  Ga  atom 

arrives  at  the  { 1101 }  facet,  it  is  easily  reevaporated  from  the  {1101}  facet  into  the  vapor  phase. 
During  the  growth  the  (0001)  facet  becomes  smaller.  If  the  diffusion  length  is  longer  than  the 

width  of  the  (0001)  facet,  the  flux  of  the  outgoing  Ga  atom  from  the  (0001)  facet  to  the  { 1101 } 
becomes  larger.  Then,  once  this  flux  is  balanced  with  the  flux  of  the  incoming  Ga  atom  from  the 
vapor  phase  to  the  (0001)  facet,  the  stable  and  self-limited  facet  stmcture  is  realized.  Thus  the  self¬ 
limited  facet  is  attributed  to  the  balance  between  the  incoming  and  outgoing  flux  on  the  (0001) 
facet. 


Temperature  (t)) 


[Ga] 


Figure  7.  Schematic  model  indicating 
the  facet  formation  mechanism. 


The  diffusion  length  of  the  Ga  atom  on  the  (0001)  facet  increases  with  increasing  the 
temperature.  Therefore,  the  top  (0001)  facet  tends  to  appear  at  a  high  temperature.  On  the  other 
hand,  the  increase  in  the  TMG  flow  rate  promotes  two-dimensional  nucleation  on  the  (0001)  facet, 
which  shortens  the  diffusion  length  of  the  Ga  atom.  Therefore,  the  top  (0001)  facet  becomes 
smaller  with  increasing  the  TMG  flow  rate.  Thus  it  is  found  that  the  size  of  the  (0001)  facet  on  the 
GaN  hexagonal  pyramid  is  determined  by  the  Ga  diffusion  length  of  the  order  of  submicron  meters 

to  2lim. 

CONCLUSIONS 

The  selective  MOVPE  growth  of  wurtzite  GaN  was  carried  out  on  dot-pattern  (5|xm  in  size) 
GaN  (0001)  /  sapphire  substrates  using  Si02  masks.  The  three-dimensional  GaN  facet  structure 
was  successfully  obtained  on  the  dot-pattern,  indicating  a  hexagonal  pyramid  covered  with  six 

{ liOl }  facets.  A  stable  and  self-limited  (0001)  facet  appeared  on  the  top,  depending  on  growth 
conditions.  The  facet  formation  mechanism  was  investigated  by  observing  the  facet  structure  with 

the  growth  time.  The  { lIOl }  facets  were  stable.  The  (0001)  facet  growth  was  dominant  at  the 
initial  growth  but  almost  stops  at  a  certain  growth  time  and  then  the  facet  structure  was  maintained. 
The  appearance  of  the  self-limited  (0001)  facet  is  attributed  to  the  balance  of  flux  between  incoming 
Ga  species  from  the  vapor  phase  to  the  (0001)  surface  and  outgoing  Ga  atoms  from  the  (0001) 

surface  to  the  { 1101 }  surface  via  migration.  The  longer  the  diffusion  length  of  the  Ga  atoms  on 
the  (0001)  surface  is,  the  more  the  surface  migration  is  enhanced,  resulting  in  the  appearance  of 
the  wider  (0001)  facet  on  the  top. 
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ABSTRACT 

InGaN  based  optical  devices  can  cover  from  the  violet  through  orange  regions 
of  the  visible  spectrum.  Difficulties  in  the  growth  of  this  alloy,  which  have  impeded 
its  applications,  include  problems  such  as  the  high  vapor  pressure  of  In,  weak  In-N 
bonds  and  lack  of  sufficient  nitrogen  during  growth.  We  report  on  the  MOCVD 
growth  of  In^Gai.^N  (0  <  x  <  0.4)  on  sapphire  substrates  in  the  750  -  800  °C 
temperature  range.  X-ray  diffraction  data  show  full  width  at  half  maximum  line  widths 
as  narrow  as  250  arcsec  for  low  values  of  x,  while  films  with  higher  lnN%  exhibit 
broader  line  widths.  Room  temperature  photoluminescence  spectra  exhibit  band  edge 
emission,  with  emission  from  deep  levels  increasing  with  x.  Preliminary  investigations 
of  AlGaN/lnGaN/AlGaN  double  heterostructures  have  been  conducted. 

INTRODUCTION 

Blue,  green,  and  yellow  emission  from  nitride  compounds  can  rely  on  impurity 
transitions  in  the  GaN  or  In^Gai.^N  active  layers’-^  ^  This  approach  works  fairly  well 
in  LED's  with  a  low  current  injection,  however  band  to  band  transitions  and  broad 
emissions  are  also  observed  when  a  high  injection  level  is  used,  such  as  might  be 
expected  in  semiconductor  lasers'^.  Rather  than  moving  the  emission  wavelength 
through  deep  impurity  levels,  the  more  efficient  band  edge  transition,  that  necessitates 
an  In.Gai.^N  (x  >  0.2)  active  layer  may  be  a  better  alternative  to  achieve  light  emitting 
devices  that  emit  from  the  blue  through  orange  region  of  the  visible  spectrum.  While 
there  have  been  many  reports  on  the  growth  of  high  quality  GaN  films  by  MOCVD  in 
recent  years,  fewer  reports  have  been  published  on  the  growth  of  high  quality 
In^Gai.^N,  having  structural  and  optical  properties  that  are  approaching  device  quality. 

In  addition  to  the  usual  problems  facing  MOCVD  Ill-nitride  growth  such  as  the 
lack  of  suitable  substrates,  the  growth  of  InGaN  alloys  by  MOCVD  can  suffer  from 
several  other  difficulties.  These  difficulties  include:  1)  The  high  equilibrium  vapor 
pressure  of  nitrogen  that  is  required  during  growth  to  prevent  the  dissociation  of  the 
In-N  bond.  The  equilibrium  vapor  pressure  of  nitrogen  over  InN,  for  example,  is 
several  orders  of  magnitude  greater  than  that  of  AIN  and  GaN.^  2)  In  based 
compounds  suffer  from  parasitic  gas  phase  reactions  between  organometallic  sources 
and  hydride  precursors.  It  seems  that  these  parasitic  reactions  are  more  severe  when 
NH3  is  used  relative  to  the  AsHg®  and  the  PH3’  cases,  especially  when  In  based 
organometallics  (OMs)  are  used.  3)  AIGaN/lnGciN  heterostructures  can  suffer  from  the 
fairly  high  lattice  mismatch  between  these  ternary  alloys.  The  quaternary  alloy 
AlInGaN  can  offer  a  lattice  matched  platform  for  InGaN  growth,  but  this  quaternary 
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alloy  has  barely  been  studied.  4)  High  quality  interfaces  between  the  InGaN  wells  and 
the  AIGaN  or  AlInGaN  barrier  layers  can  be  difficult  to  achieve.  Poor  interfaces  can 
result  from  poor  nucleation  (3D  vs  2D),  lattice  mismatch,  surface  reconstruction, 
segregation  and  reaction  of  In  at  the  interfaces  and  incompatible  growth  temperatures. 
In  this  paper  we  report  on  the  growth  of  In^Ga^.^N  (0  <  x  <  0.40)  epitaxial  films  and 
AIGaN/tnGaN  double  heterostructures  (DHs).  These  MOCVD  grown  films  were 
deposited  on  buffer  layers  grown  by  Atomic  Layer  Epitaxy  (ALE)  in  a  specially 
designed  hybrid  growth  system. 

EXPERIMENT 

A  versatile  growth  system,  capable  of  operating  in  several  growth  modes,  has 
been  designed  for  the  growth  of  lll-N  compounds.  The  versatility  of  the  system  arises 
from  its  unique  susceptor  design,  shown  in  Figure  1 .  For  this  work  the  system  was 
operated  in  two  growth  modes,  ALE  mode,  for  the  growth  of  buffer  layers,  and 
conventional  MOCVD  mode,  for  the  growth  of  the  InGaN  alloys.  Either  growth  mode 
could  be  selected  on  demand  at  any  time  during  a  growth  experiment.  For  the 
conventional  MOCVD  mode  (Figure  1),  the  substrate  is  kept  stationary  under  a  mixed 
flow  of  column  III  and  V  precursors. 


Figure  1.  Susceptor  design  -  conventional  MOCVD  growth  mode. 

To  improve  the  quality  of  the  deposited  films,  a  novel  configuration  of  quartz  tubes 
minimizes  parasitic  gas  phase  mixing  of  the  NH3  and  metalorganic  precursors  until  the 
gases  near  the  substrate  surface.  For  ALE  style  growth,  the  reactants  are  physically 
kept  separated  by  injecting  them  through  windows  on  opposite  sides  of  the  stationary 
susceptor,  while  the  moving  part  of  the  susceptor  sequentially  rotates  the  substrate 
under  the  physically  separated  gas  streams.  The  exposure  time  of  the  substrate  to 
each  reactant  as  well  as  the  time  per  growth  cycle  is  controlled  by  the  rotational  speed 
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and  pause  times  under  the  reactant  gas  stream.  This  hybrid  growth  system  has  been 
used  to  grow  GaN«  and  lno.27Gao.73N'  by  ALE  at  550  and  650  °C,  respectively. 

Source  gases  used  were,  trimethylgallium  (TMG,  -10  °C),  trimethylaluminum 
(TMA,  +  18  °C),  ethyidimethylindium  (EdMIn,  -MO  °C)  and  NH3;  Nj  was  used  as  the 
carrier  gas.  Basal  plane  sapphire,  cleaved  into  ~  1 .5  cm  x  1 .5  cm  squares,  was  used 
as  substrate  material.  After  solvent  cleaning,  substrates  were  loaded  and  annealed 
in  N2  and  NH3  for  15  minutes  and  1  minute  respectively.  ALE  growth  of  AIN/GaN 
buffer  layers'®  was  performed  at  700  °C,  while  InGaN  films  were  grown  by  MOCVD 
between  750  and  800  °C.  The  ALE  grown  buffer  layers  minimize  the  formation  of 
threading  dislocations  in  the  overlying  MOCVD  grown  nitride  films,  and  offer  an 
effective  alternative  to  the  conventional  amorphous/recrystallized  buffer  layer 
approach'®.  The  InGaN  alloys  were  typically  grown  on  GaN  that  was  deposited  by 
MOCVD  at  higher  temperatures  {900  -  950  °C).  MOCVD  grown  AlGaN  cladding 
layers  for  DHs  were  also  grown  by  MOCVD  between  900  and  950  °C.  In/Ga  vapor 
phase  ratios  were  <  2  for  the  growth  conditions  used  in  this  work. 

RESULTS 

In^Gai.^N  epitaxial  layers  have  been  grown  with  values  of  InN  up  to  40%  in  the 
ternary  alloy.''  The  full  width  at  half  maximum  (FWHM)  of  the  double  crystal  X-ray 
diffraction  (DCXRD)  data  is  broad  for  high  values  of  x,  but  is  comparable  to  that  of 
GaN  grown  at  higher  temperatures  for  low  values  of  lnN%  in  the  ternary,  as  shown 
in  Figure  2.  Figure  2  shows  DCXRD  data  for  an  lnoo6G9o.94N  alloy  grown  at  780  C 
on  GaN.  The  X-ray  line  width  has  a  FWHM  of  -250  arc  seconds,  the  lowest  reported 
to  date  for  InGaN.  The  X-ray  peak  of  the  underlying  GaN  layer  is  also  relatively  sharp. 


41000  42000  43000  44000  45000 

Omega  (secs.) 

Figure  2.  DCXRD  data  for  lnoo6Gao.94N  grown  by  MOCVD  at  780  °C  on  GaN. 

Figure  3  shows  0  -  20  X-ray  data  for  an  lno,4oGao.6oN  film  grown  at  750  °C  on  GaN. 
The  X-ray  line  width  has  broadened,  due  at  least  in  part  to  the  increased  lattice 
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mismatch  between  the  underlying  GaN  layer  and  the  InGaN  alloy.  This  composition 
of  40%  InN  was  achieved  by  MOCVD  with  a  In/Ga  gas  phase  ratio  of  only  ~2,  a 
relatively  low  ratio  as  compared  to  other  published  results  on  InGaN  having  even  lower 
lnN%'\ 


Figure  3.  X-ray  data  for  lno4oGao.6oM  grown  by  MOCVD  at  750  °C  on  GaN. 


The  optical  properties  of  InGaN  films  grown  in  our  hybrid  MOCVD  reactor  show 
intense  band  edge  (BE)  emission  that  is  sometimes  accompanied  by  emission  from 
deep  levels.  Room  temperature  photoluminescence  (PL)  data  of  several  In^Gai.^N  films 
is  presented  in  Figures  4  and  5. 


Figure  4.  Room  temp.  PL  of  Ioq  ^gGaossN  grown  at  750  °C  by  MOCVD. 

Figure  4  shows  PL  data  of  an  Ino.igGaogsN  alloy  that  was  grown  at  750  °C.  Strong 

BE  emission  near  410  nm,  having  a  FWHM  of - 1 90  A  is  observed  for  this  film.  The 

peak  is  fairly  sharp  and  almost  free  of  deep  level  emission.  Room  temperature  PL  data 
for  an  lno.35Gao.65N  alloy,  also  grown  at  750  °  C,  is  shown  in  Figure  5.  The  PL 
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spectrum  shows  BE  emission  at  -470  nm  accompanied  by  a  tail  which  may  be 
attributed  to  emission  from  deep  levels.  This  observed  PL  of  Figure  5,  with  35%  InN, 
represents  one  of  the  highest  reported  values  of  x  we  are  aware  of.  The  good  to 
excellent  optical  properties  of  these  MOCVD  grown  InGaN  alloys,  with  room 
temperature  PL  spectra  dominated  by  BE  emission,  offer  the  potential  of  a  basis  for 
light  emitting  structures. 


Figure  5.  Room  temp.  PL  of  lno  35Gao  65^  grown  at  750  °C  by  MOCVD. 

We  have  conducted  some  preliminary  investigations  into  the  growth  of 
AIGaN/InGaN/AIGaN  DHs  by  MOCVD.  AIGaN  was  used  as  the  cladding  layer  for  these 
structures  to  offer  increased  carrier  confinement,  and  was  grown  with  AIN 
composition  between  10  -  30%.  Figure  6  shows  room  temperature  PL  spectra  of 
Alo.3Gao.7N/ln,Gai.,N/Alo.3Gao.7N  DH  with  0.1  <  x  <  0.1 5  grown  by  MOCVD  on  a  GaN 
buffer  layer. 


Figure  6.  Room  temperature  PL  of  a  AIGaN/InGaN/AIGaN  DH  grown  by  MOCVD  on 

GaN. 


277 


The  AIGaN  was  grown  at  900  °C,  while  the  InGaN  film  was  grown  at  780  °C.  The 
PL  spectrum,  which  includes  BE  emission  from  the  GaN  buffer  layer,  shows  BE 
emission  from  the  InGaN  active  layer  with  a  FWHM  of  about  15  nm.  This  value  is 
comparable  with  that  reported  by  Nichia  obtained  from  their  EL  studies. 

CONCLUSIONS 

High  quality  InGaN  alloys  have  been  grown  by  MOCVD  having  an  InN 
composition  as  high  as  40  %.  For  low  values  of  x,  the  In^Gai.^N  epilayers  have  a 
sharp  X-ray  FWHM,  with  values  as  low  as  250  arcsec  observed,  and  sharp  room 
temperature  PL  spectra  that  are  dominated  by  BE  emission.  For  higher  values  of  x,  the 
X-ray  line  widths  broaden  and  room  temperature  PL  spectra,  while  still  showing  BE 
emission,  also  exhibit  some  emission  from  deep  levels.  An  AIGaN\lnGaN\AIGaN  DH 
has  been  grown  that  shows  very  sharp  (FWHM  =  1  5nm}  BE  emission  corresponding 
to  an  InN  composition  of  —10%  in  the  active  layer. 
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ABSTRACT 

Low  resistivity  single  crystal  aluminum  nitride-carbon  (A1N:C)  films  were  grown  by  metal 
organic  chemical  vapor  deposition  (MOCVD).  The  growth  system  used  ammonia  (NH3), 
trimethylaluminum  (TMA),  hydrogen  (H2),  and  propane  (C3H8)  precursors.  Films  produced 
with  high  partial  pressure  of  propane  during  growth  exhibited  high  conductivity.  Van  der  Paw 
measurements  indicated  that  the  resistivity  of  the  as  grown  films  changed  dramatically  from  10^ 
ohm-cm  for  unintentionally  doped  samples  to  less  than  .2  ohm-cm  for  partial  pressures  of  propane 
greater  than  O.SxlO'^  ton*.  Reflection  electron  diffraction  (RHEED)  measurements  performed  "in 
situ"  just  after  film  growth  indicated  that  the  material  is  single  crystal  up  to  a  propane  partial 
pressure  of  2.5x10'^  ton*.  P-n  junctions  of  n-type  6H-SiC  and  p-type  A1N:C  were  fabricated,  blue 
emission  (centered  at  490nm)  was  observed  from  the  heterojunction  under  forward  bias. 

INTRODUCTION 

III/V  nitrides  have  long  been  viewed  as  promising  materials  for  semiconductor  device 
applications  in  the  blue  and  UV  wavelengths.  The  major  obstacle  stifling  nitride  progress  is  the 
lack  of  a  lattice  material  substrate.  Sapphire  is  currently  the  most  common  substrate  employed  for 
CVD  nitride  growth  despite  its  large  thermal  and  lattice  mismatch.  The  recent  availability  of 
commercial  6H-SiC  provides  an  alternative  substrate  for  the  growth  of  III-V  nitrides.  The  lattice 
mismatch  between  6H-SiC  and  AIN  is  .97%.  Using  SiC  substrates  it  is  possible  to  produce  high 
quality  epitaxial  films  of  AIN.  However,  because  of  the  insulating  property  of  AIN,  the  types  of 
devices  fabricated  from  this  materials  system  is  greatly  reduced.  Highly  conducting  AIN  films 
would  make  an  important  contribution  to  the  development  of  wide  bandgap  semiconductor 
technology.  The  reported  resistivity  of  AIN  films  is  lO^-lO^  ohm-cm  [1,2,3].  In  this  work,  we 
present  the  growth  and  characterization  of  A1N:C  films  with  resistivity  less  than  .1  ohm-cm.  We 
believe  that  the  resistivity  data  presented  in  this  paper  is  the  lowest  ever  reported  for  AIN. 

EXPERIMENT 

AIN  layers  were  grown  in  a  low  pressure  metal  organic  chemical  vapor  deposition 
(MOCVD)  vertical  reactor.  This  reactor  has  two  separated  chambers  joined  by  a  common  load 
lock.  One  of  the  chambers  is  equipped  with  a  reflection  high  energy  electron  diffraction  (RHEED) 
system  which  allows  a  quick  determination  of  film  crystallinity  ^fter  growth.  The  common  load 
lock  provides  a  way  of  transporting  samples  between  chambers  without  exposing  them  to  the 
ambient  air.  Sapphire  substrates  were  used  for  most  of  the  experiments.  P-n  junctions  were 
fabricated  on  n-type  6H-SiC  Lely  platelets  which  are  nominally  oriented  in  the  (0001)  direction. 
Trimethylaluminum  (TMA),  ammonia  (NH3)  and  hydrogen  (H2)  were  used  as  precursors. 
Propane  (C3H8)  was  utilized  as  a  independent  carbon  (C)  source.  The  propane  flow  rates  were  2- 
8  seem.  The  growth  temperature  and  pressure  were  1200®C  and  10  torr,  respectively.  The  TMA 
was  supplied  by  passing  H2  through  a  TMA  bubbler  which  was  kept  at  35°C.  Growth  was 
performed  vertical  MOCVD  system.  After  growth,  surface  composition  analysis  was  performed 
by  Auger  spectroscopy  or  secondary  ion  mass  spectroscopy  (SIMS).  Prior  the  chemical 
measurement  the  surface  was  sputtered  to  remove  surface  carbon.  Optical  reflection  and 
absorption  measurement  were  made  using  a  computer  controlled  spectrophotometer.  The  film 
thickness  was  determined  by  the  interference  fringes  in  the  optical  reflection  data,  typical  sample 
thickness  were  about  2000  angstroms.  Resistivity,  mobility,  carrier  concentration,  and  carrier  type 
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were  determined  by  Hall  and  Van  der  Paw  techniques  (In  dots  were  qsed  to  form  contacts  to  the 
Van  der  Paw  pattern).  A  p-n  junction  was  fabricated  from  an  AIN  film  grown  directly  on  a  n-type 
6H-SiC  substrate. 


RESULTS 


Figure  1  shows  the  electrical  and  chemical  data  from  as  grown  films  of  AIN  on  sapphire 
(on  which  RHEED  measurements  after  growth  indicated  the  films  to  be  crystalline).  It  can  be  seen 
that  the  conductivity  of  the  A1N:C  films  changes  dramatically  from  no  propane  flow  to  a  propane 
partial  pressure  of  .5  xlO"^  torr.  Unintentionally  doped  films  grown  on  sapphire  exhibited  a 
resistivity  10^  ohm-cm,  while  films  grown  at  a  propane  partial  pressure  of  greater  than  .5  x  lO"^ 
torr  had  a  resistivities  less  than  .2  ohm-cm.  The  film  resistivity  continues  to  drop  as  the  propane 
flow  is  increased.  Also  shown  in  Fig.  1  is  the  carbon  concentration  in  the  films  (obtained  from 
Auger  studies)  as  a  function  of  the  partial  pressure  of  propane  during  growth.  The  concentration 
of  carbon  in  the  as  grown  layer  is  a  linear  function  of  the  partial  pressure  of  propane  during  growth 
and  changes  from  about  4%  to  13%. 
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Figure  1 .  Right  axis  displays  resistivity  of  as  grown  AIN  films  on  sapphire  as  a 

function  of  partial  pressure  of  propane  during  growth.  Left  axis  displays 
carbon  concentration  in  as  grown  films  of  AIN  as  a  function  of  propane 
partial  pressure  during  growth.  Carbon  concentration  is  determined  by 
Auger  measurements  on  as  grown  films  of  AIN  on  sapphire  substrates. 


The  mobility  of  the  AlNiC  films  varied  from  1050  cm^-Vsec  while  the  carrier  concentration  varied 
from  4xl0l^  cm'^  -6x10^7  cm'^.  Mobility  verses  carrier  concentration  for  samples  fabricated 
with  carbon  doping  is  shown  in  Fig  2. 

In  all  the  films  studied  by  Auger  the  dominant  impurity  was  carbon.  We  believe  that  the  high 
concentration  of  carbon  in  the  unintentionally  doped  films  is  due  to  incorporation  of  carbon  from 
TMA.  In  Auger  studies  of  the  A1N:C  films  all  impurities  other  than  carbon  were  below  the 
detection  limit  (about  1-3%).  However,  in  SIMS  studies  of  the  A1N:C  films  high  levels  of  oxygen 
were  detected  along  with  carbon.  The  concentration  of  oxygen  was  about  1x10^^  cm"^.  Oxygen 
in  AIN  is  thought  to  be  deep  donor  and  as  such  would  provide  electrical  compensation  in  the  films. 
The  results  of  the  Auger  and  SIMS  studies  indicate  a  large  amount  of  carbon  in  the  crystal  is  not 
contributing  to  the  p-type  doping  (not  withstanding  the  compensation  of  the  oxygen  impurities)  this 
carbon  must  be  either  on  a  A1  or  interstitial  site.  Several  transmission  electron  micro  graphs  were 
taken  in  order  to  determine  if  carbon  clusters  were  present  in  the  film  and  to  check  the  crystallinity. 
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Figure  2  Mobility  of  A1N:C  vs  Concentration 

Fig  3  shows  the  interface  of  one  of  the  A1N:C  grown  on  sapphire.  In  this  micro  graph  we  seen  a 
crystalline  interface  and  no  evidence  of  carbon  clusters.  Diffraction  studies  done  in  the  TEM 
indicated  that  the  epitaxial  film  had  hexagonal  symmetry,  additionally  the  2H  stacking  sequence  can 
be  seen  in  the  TEM  micro  graph. 


Figure  3.  High  resolution  TEM  micro  graph  of  A1N:C  Sapphire  Interface 
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In  order  to  confirm  the  p-type  nature  of  the  AIN  films,  a  heterojunction  of  p-type  AIN:C  on 
n-type  6H-SiC  was  grown.  The  junctions  were  isolated  by  sandblasting  and  metal  contacts  were 
evaporated.  1-V  measurements  indicate  that  a  p-n  junction  was  formed  .  Blue  light  emission  was 
observed  from  the  n-SiC  indicating  hole  injection  into  the  SiC.  When  a  two  probe  experiment  was 
performed  on  a  heterojunction  of  A1N:C  and  p-SiC  blue  emission  was  not  observed. 

CONCLUSIONS 

In  summary,  we  have  grown  low  resistivity  A1N:C  by  MOCVD.  The  resistivity  of  the 
films  is  controlled  by  the  flow  of  propane  during  growth.  The  films  are  single  crystal  for 
unintentional  carbon  flow  as  well  as  up  to  a  partial  pressure,  as  high  as  2.5  x  lO"^  torr.  The 
resistivity  of  the  films  is  a  linear  function  of  the  propane  flow.  From  Auger  studies  it  can  be 
determined  that  a  large  fraction  of  the  carbon  in  die  material  does  not  contribute  to  the  p-type 
conductivity  of  the  crystal.  TEM  micro  graphs  do  not  show  the  presence  of  a  second  phase  and 
indicate  that  the  material  is  crystalline.  P-n  heterojunctions  of  SiC  and  AIN  have  been  fabricated 
from  epitaxial  films  deposited  on  6H-SiC  substrates. 
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ABSTRACT 

Ternary  alloys;  GaAsN  (N<3%)  were  grown  by  plasma-assisted  metalorganic  chemical 
vapor  deposition  using  triethylgallium,  AsHy  and  plasma-cracked  NH3  or  Nj  as  the  precursors. 
More  N  atoms  were  incorporated  into  the  ^loys  from  Nj  than  NH3  at  constant  N/As  ratios. 
Both  photoluminescence  peaks  and  optical  absorption  edges  were  redshifted  from  GaAs 
bandgap  with  increasing  the  N  content,  indicating  the  GaAsN  alloys  have  narrower  bandgaps 
than  GaAs. 

GaN/GaAs  double-hetero  structures  were  grown  by  exposing  GaAs  surfaces  to  N-radical 
flux  to  replace  surface  As  atoms  by  N  atoms,  and  by  growing  GaAs  on  the  thin  GaN  layers. 
When  the  GaN  thickness  exceeded  one-monolayer,  the  GaN/GaAs  interfaces  and  the  GaAs 
cap  layers  deteriorated  drastically.  The  one-monolayer-thick  GaN  embedded  in  GaAs  attracts 
electrons  and  shows  intense  photoluminescence,  whereas  the  GaN  cluster  is  non-radiative, 
probably  because  of  the  defects  caused  by  the  large  lattice-mismatch  between  GaN  and 
GaAs. 

INTRODUCTION 

Both  GaAs  and  GaN  have  direct  bandgaps:  1.42  eV  (infrared)  for  GaAs  and  3.4  eV 
(ultraviolet)  for  GaN.  It  was  thought  that  the  GaAsN  alloy  system  might  have  a  direct 
bandgap  between  those  of  GaAs  and  GaN,  which  might  allow  fabrication  ifi-V  light  emitting 
devices  covering  the  entire  visible  spectrum.  However,  instead  of  the  expected  blue  shift 
from  GaAs  bandgap,  GaAs^.^N^  alloys  with  small  N  showed  a  considerable  red  shift  in 
photoluminescence  (PL)  and  the  absorption  edge  with  increasing  N  concentration. [1]  The  red 
shift  probably  indicates  a  bandgap  bowing  of  GaAsN  that  results  from  the  strong 
electronegativity  of  N  atoms.  Calculations  of  the  bandgap  of  GaAsN  have  suggested  that  the 
bandgap  bowing  of  GaAsN  is  severe  and  GaAsN  may  be  semi-metalHc  in  a  certain  composition 
range.[2,3]  Therefore,  one  can  expect  that  the  GaAsN  alloys  may  be  widely  applicable  in 
electronic  devices  using  semi-metallic  layers  as  well  as  in  light  emitters  covering  the  entire 
visible  spectrum. 

Growth  of  GaAsN  alloys  by  plasma-assisted  metalorganic  chemical  vapor  deposition 
(MOCVD)[l,  4-6],  by  conventional  MOCVD  using  dimethylhydrazine  as  the  N  precursor[7], 
and  by  gas-source  molecular  beam  epitaxy  (GSMBE)[8]  has  been  reported.  So  far,  the 
nitrogen  concentration  in  the  alloys  has  been  limited  to  low  levels.  Furthermore,  a  strong 
miscibility  gap,  caused  by  the  large  (more  than  20%)  lattice  mismatch  between  GaAs  and 
G^,  has  been  reported. [3]  One  possible  way  to  increase  nitrogen  concentration  is  by  growing 
thin-layer  superlattices:  (GaAs)^(GaN)g.  This  requires  GaAs  growth  on  GaN  layers  and  flat 
interfaces  between  GaAs  and  GaN,  which  has  been  considered  to  be  difficult.  Using  a  novel 
method  for  controlling  radical  supply  precisely,  GaAs/GaN/GaAs  thin-layer  structures  have 
been  grown  by  plasma-assisted  MOCVD.[9]  This  paper  reports  the  growth  and  the  properties 
of  the  GaAsN  alloys  and  the  GaAs/GaN/GaAs  thin-layer  structures. 

EXPERIMENTAL 

Growth  Apparatus 

The  growth  apparatus  is  shown  in  Fig.  1.  A  water-cooled  stainless- steel  chamber  is 
pumped  by  a  combination  of  a  mechanical  booster  and  a  rotary  vacuum  pump.  This  combination 
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allowed  MOCVD  growth  at  very  low  pressures  of  10~100  Pa.  Low  pressures  are  required  for 
plasma  operation  and  efficient  supply  of  reactive  species,  such  as  radicals,  to  a  substrate.  A 
downstream-type  plasma-cracking  cell,  irradiated  with  2.45  GHz  microwaves  at  a  maximum 
power  of  260  W  applied  through  a  waveguide  with  a  three-stub  tuner,  was  used  to  supply  N 
radicals.  N-precursors  are  injected  through  the  cell  and  cracked  in  the  plasma  region.  Reactive 
and  electrically  neutral  N  species  are  carried  to  the  substrate  by  the  gas  flow.  Because  of  the 
very  short  lifetime  of  ions  in  the  gas  phase,  ions  created  in  the  plasma  cell  easily  recombine 
to  neutral  molecules.  Thus,  there  is  less  surface  damage  by  ion  bombardment.  A  quadrupole 
mass  spectrometer  (QMS),  differentially  pumped  by  a  turbo-molecular  pump  (TMP),  was 
installed  to  monitor  the  species  in  the  gro\\^  chamber.  The  substrate  temperature  was  monitored 
by  an  infrared  pyrometer  calibrated  at  the  melting  point  of  InSb. 

Nitrogen  Radical  Densities 

Since  plasma-assisted  MOCVD  is  a  new  growth  technique  for  growing  GaAsN  alloys 
and  GaN  layers,  the  growth  kinetics  should  be  quantitatively  investigated.  N-radical  densities 
during  MBE,  plasma-assisted  MOCVD  and  conventional  MOCVD  were  numerically  estimated 
from  the  rates  of  radical  recombination  and  pyrolysis.  [10] 

There  are  many  kinds  of  reactive  nitrogen  species  in  a  plasma.  Neutral  atomic,  ionic,  and 
excited  molecular  nitrogen  were  detected  by  optical  diagnostics  of  the  plasma.  The  molecules 
and  atoms  at  excited  states  are  easily  quenched  by  releasing  their  energies  through  electron 
transitions  with  luminescences.  The  lifetimes  of  the  excited  atoms  and  molecules  are  so  short 
that  their  densities  are  very  small  outside  the  plasma  where  no  energies  are  given.  The 
lifetime  of  ionic  species  is  also  short,  especially  when  the  plasma  works  at  high  pressures 
(non-vacuum  conditions).  Therefore,  neutral  N  atoms  at  the  bottom  state  are  probably  the 
dominant  species  which  act  as  radicals  during  growth.  The  recombination  of  the  atomic  N  is 
discussed  quantitatively. 

The  recombination  of  two  radicals  is  a  reaction  with  no  activation  energy,  therefore, 
there  is  little  temperature  dependence  in  the  recombination  rates.  The  radical  recombination 
needs  a  third-body  to  transfer  the  heat  of  the  reaction.  An  inert  molecule  usually  acts  as  the 
third-body,  and  a  solid  surface  like  a  chamber  wall  can  also  act  as  the  third-body.  When  the 
recombination  at  the  chamber  wall  can  be  neglected,  the  recombination  rate  is  proportional  to 
the  square  of  the  radical  density  and  the  third-body  density.  Therefore,  the  radical  lifetime  is 


Fig.  1  Plasma-assisted  MOCVD  appararus  for  growing 
GaAsN  alloys  and  GaAs/GtiN/GaAs  structures. 
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very  sensitive  to  the  total  pressure. 

Since  plasma  is  unstable  in  vacuum  where  MBE  growth  is  performed,  a  plasma-cracking 
cell  for  supplying  radicals  into  an  MBE  chamber  requires  an  outlet  aperture.  Some  radicals 
recombine  at  the  aperture  by  transferring  the  heat  to  Ae  aperture,  which  decreases  the  overall 
cracking  yield  of  the  cell.  In  plasma-assisted  MOCVD  used  in  this  study,  the  plasma  works  at 
the  chamber  pressure,  and  thus,  the  cracking  cell  has  no  outlet  aperture.  Therefore,  higher 
cracking  yield  may  be  expected.  The  radical  densities  in  the  plasma  are  on  the  order  of 
lO^^-lO'^  molecule•cm■^  which  is  denser  than  that  of  a  plasma  operated  at  lower  pressures. 
At  the  pressure  of  10-100  Pa,  the  lifetime  of  the  radicals  is  lO'^-lO’ s,  which  is  on  the  same 
order  as  the  flight  time  of  the  radicals  from  the  cell  to  the  substrate.  TTie  estimated  lifetime 
agrees  with  the  lifetime  of  oxygen  radicals  at  a  similar  pressure  measured  by  chemical 
titration.  [11,12] 

The  radical  flux  is  estimated  to  be  5  x  Itf^  molecule*cm'^s‘'  under  typical  conditions,  i.e. 
Nj  flow  rate  of  100  seem  and  chamber  pressure  of  50  Pa.  This  value  is  one  order  of 
magnitude  higher  than  that  can  be  achieved  by  GSMBE,  i.e.  2  x  10^®  molecule*cm‘^s  ^  when 
Nj  of  1  seem  from  several  seem  introduced  into  an  MBE  chamber  is  completely  dissociated 
into  N  radicals  and  supplied  to  a  surface  of  50  cml 

The  radical  density  in  the  vapor  phase  during  conventional  MOCVD  can  be  estimated 
from  the  rate  equations  of  the  NH3  pyrolysis  and  the  radical  recombinations.[10]  The  estimated 
radical  densities  at  the  gas  temperature  of  900-1 100°C  are  on  the  order  of  lO^-lO^*^ 
molecule*cm‘^,  which  are  not  enough  for  GaN  growth.  The  radical  densities  must  be  much 
smaller  at  the  GaAsN  growth  temperature  of  SOO^C.  The  radicals  formed  in  the  vapor  phase 
are  not  the  dominant  N-source  during  MOCVD  growth.  Heterogeneous  decomposition  of 
NH3  at  the  growing  surface  is  probably  the  dominant  reaction  path  to  create  N-atoms  for  the 
growth.  NH3  is  a  polar  molecule  and  is  preferentially  adsorbed  by  an  electron  acceptor.  The 
surface  Ga  atom  is  the  electron  acceptor  during  growth,  therefore,  it  chemically  adsorbs  NH3 
which  decomposes  to  form  GaN.  During  GaAsN  growth  where  As  atoms  exist,  Ga  atoms  are 
easily  terminated  by  As  atoms  and  no  electron-acceptors  are  given  for  NH3  adsorption.  This 
may  be  the  reason  why  GaAsN  is  difficult  to  grow  by  conventional  MOCVD. 

Radical  Flux  Control 


The  growth  of  GaN  thin  layers  requires  precise  control  of  N-radical  supply.  The  N-radical 
supply  is  started  when  the  N  plasma  is  ignited  in  the  plasma-cracking  cell.  In  conventional 
plasma-ignition  methods,  N2  gas  is  introduced  into  the  cell  and  then  microwaves  at  the 
maximum  power  are  applied  to  ignite  the  plasma.  A  pressure  of  about  300  Pa,  which  is  too 
high  for  stable  downstream  operation,  is  needed  to  ignite  the  plasma  in  the  cell.  It  takes  about 
20  seconds  to  stabilize  the  chamber  pressure  down  to  the  growth  conditions.  The  waveguide 
tuner  should  be  tuned  after  the  plasma  ignition,  because  the  optimal  tuning  point  of  the 
downstream  operation  is  different  from  the  ignition  tuning  point.  This  also  requires  several 
tens  of  seconds.  Furthermore,  the  amount  of  radicals  supplied  during  the  plasma-ignition 
procedure  is  neither  controllable  nor  reproducible,  making  short- duration  radical- supply 
impossible. 

A  novel  method  to  control  the  radical  supply  precisely  has  been  proposed. [9]  Ar  gas  is 
introduced  into  the  cell  and  Ar  plasma  is  ignited  prior  to  the  growth  of  a  GaAs  buffer  layer. 
Ar  ions  are  not  supplied  to  the  substrate,  because  of  the  short  lifetime  of  the  ions  in  the  gas 
phase.  No  difference  between  the  characteristics  of  undoped  GaAs  layers  grown  with  and 
without  Ar  plasma  was  found.  When  N2  is  introduced  into  the  Ar  plasma,  N2  molecules  are 
immediately  dissociated  by  collisions  with  Ar  ions,  thus  N  plasma  is  ignited  without  increasing 
pressure  or  increasing  microwave  power.  N  radicals  created  in  the  plasma  are  supplied  to  the 
substrate  surface.  This  method  enables  the  radical  supply  to  be  controlled  easily  and  precisely: 
the  N-radical  supply  is  started  and  stopped  simply  by  opening  and  closing  a  valve,  and  the 
amount  of  radieds  is  controlled  by  adjusting  the  flow  rate  of  Nj  gas.  The  same  goal  can  be 
attained  by  using  He  or  Ne  instead  of  Ar. 
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Growth  Conditions 


GaAsN  alloy  layers  were  grown  on  (100)  oriented  semi-insulating  GaAs,  Triethyl-gallium 
(TEG)  carried  by  carrier  gas  and  100%  AsHg  are  used  as  Ga  and  As  sources,  respectively. 
TEG  and  AsHj  are  introduced  without  precracking.  Plasma-cracked  NH3  and  Nj  were  used  as 
the  N-precursor.  The  TEG  flux  was  0.3  seem  and  the  growth  rate  was  0.8  pm/h  at  500°C. 
The  GaAs  substrate  was  annealed  in  an  AsHj  flux  of  20  seem  at  640°C  for  one  minute  to 
remove  surface  oxide.  After  cooling  to  growth  temperature  under  the  AsHj  flux,  NH3  or  Nj 
was  introduced  through  the  plasma  cell  and  the  pressure  was  briefly  increased  to  300  Pa  to 
ignite  the  plasma.  Pressure  was  then  decreased  to  the  growth  pressure  of  25  Pa  and  the 
growth  was  started  by  introducing  TEG. 

The  GaAs/GaN/GaAs  thin-layer  structures  were  grown  on  (1(X))  GaAs  substrates.  The 
concept  how  to  make  GaN  thin  layers  is  shown  in  Fig.  2.  The  typical  growth  temperature  was 
500°C,  where  the  desorption  of  surface  As  atoms  have  a  lifetime  of  about  30  seconds. [13] 
The  chamber  pressure  was  typically  kept  at  30  Pa  and  some  growth  was  done  at  50  Pa.  TEG 
carried  by  H2  carrier  gas,  uncracked  AsHj,  and  plasma-cracked  N2  were  used  as  Ga,  As,  and 
N  sources,  respectively.  The  GaAs  substrates  were  thermally  cleaned  under  ASH3  fluxes  and 
cooled  down  to  the  growth  temperature.  250-nm-thick  GaAs  buffer  layers  were  grown  using 
TEG  and  ASH3  whose  respective  flow  rates  were  0.3  seem  and  10  seem.  AsHj  was  supplied 
for  an  additional  second  after  the  buffer-layer  growth  to  establish  the  As-stabilized  surfaces. 
GaN  layers  were  formed  by  exposing  As-stabilized  surfaces  of  GaAs  epitaxial  layers  to 
N-radical  fluxes.  The  As  atoms  were  replaced  by  N  atoms,  forming  GaN  thin-layers  on  GaAs 
buffer  layers.  250-nm-thick  GaAs  cap  layers  were  grown  on  the  GaN  layers.  Ar  or  He  plasma 
was  used  to  control  the  N-radical  supply.  The  plasma  was  ignited  before  the  thermal  cleaning 
of  the  GaAs  substrate  surfaces. 

The  structures  were  characterized  by  x-ray  diffraction  (XRD),  secondary  ion  mass 
spectrometry  (SIMS)  using  N-implanted  GaAs  as  a  standard  sample,  and  photoluminescence. 
Etch-pit  density  (EPD)  measurement  using  molten  KOH  and  cross-sectional  transmission 
electron  microscopy  (ITEM)  were  performed  for  the  GaAs/GaN/GaAs  structures 
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Fig.  2  Schematics  of  the  growth  of  GaAs/GaN/GaAs 
structures.  GaN  layers  are  created  by  atomic 
replacement  of  As  by  N. 
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RESULTS  AND  DISCUSSIONS 


Growth  of  GaAsN  2.0 

Several  growth  runs  were  performed 
without  plasma  cracking  of  the  N 
precursors.  The  growth  pressure  was  kept  ^  1  -  ^ 
at  25  Pa  and  the  flux  of  N2  or  NH3  was 
50-100  seem  with  carrier  of  100  seem, 

TEG  of  about  0.3  seem,  and  AsHj  of  5-20  x  1  _  q 

seem.  Epitaxial  layers  with  specular  t/T 
surfaces  were  obtained.  The  XRD  peaks  ^ 
from  the  epitaxial  layers  were  not  separated  O 
from  the  GaAs  substrate  peak.  When  'x  0.5 
uncracked  NH3  was  introduced  with  TEG 
and  AsHj,  N  was  detected  on  the  order  of 
10^’  cm‘^  in  the  grown  GaAs  layers  by 
SIMS,  whose  background  signal  of  N  was 
the  order  of  10^^  cm'l  However  no  N  was 
detected  when  uncracked  Nj  was  Flux  (seem) 

introduced.  This  indicates  that  N2  is  more 
stable  than  NH3  and  cannot  be  used  as  an 

N  source  without  pre-cracking.  Fig.  3  Relationship  between  As  flux  and 

Mass  spectroscopic  studies  of  the  N  incorporation  into  GaAsN  alloys, 

species  in  the  growth  chamber  showed  that  The  x  was  calculated  from  the 

the  plasma-cracking  cell  efficiently  lattice  constant  measured  by  x-ray 

decompose  NHj  and  N2,  and  that  the  N  diffraction, 

radicals  effused  from  the  cell  can  be 

detected  by  the  QMS.  It  was  also  found  that  the  N-radical  is  active  enough  to  react  with 
stable  H2  carrier  gas.  [6]  This  high  reactivity  may  make  it  possible  to  grow  GaAsN  alloys. 

GaAsN  was  grown  at  25  Pa  and  500°C  using  TEG,  AsHj,  and  plasma-cracked  NH3  orN2. 
Epitaxial  layers  with  specular  surfaces  were  obtained  when  the  ASH3  flux  was  above  5  seem. 
Almost  all  samples  showed  sharp  XRD  peaks  and  the  clear  fringes  on  both  sides  of  the  layer 
peaks.  This  indicates  that  the  layers  have  high  crystalline  quality  and  compositional  uniformity 
and  that  the  surfaces  and  the  interfaces  between  the  layers  and  substrates  are  very  smooth. 
The  N-composition  from  the  lattice  constant  measured  by  XRD  coincided  well  with  that  by 
SIMS,  indicating  that  N-atoms  are  substitutionally  located  at  group-V  sites  of  GaAs. 

The  relationship  between  N  incorporation  and  AsHj  flux  is  shown  in  Fig.  3.  The  N 
content,  x,  decreases  with  increasing  ASH3  flux,  suggesting  competition  between  N  and  As 
for  group-V  sites.  Two  N  radicals  can  be  formed  from  each  Nj  molecule.  However,  comparison 
between  experimental  data  from  NH3  of  100  seem  and  N2  of  50  seem  indicates  that  more  N 
was  incorporated  from  Nj  than  NH3.  N2  is  thus  a  better  N  precursor  for  growing  GaAsN, 
because  of  its  higher  efficiency  for  nitrogen  incorporation  as  well  as  its  safer  characteristics, 
that  is,  N2  is  neither  corrosive  nor  toxic. 

Thermal  cracking  of  ASH3  at  the  growing  surface  produces  reactive  As  species.  The  As 
species  and  the  N  radicals  compete  for  group-V  sites  by  creating  chemical  bonds  with  Ga 
atoms.  The  elementary  molecules  of  As;  AS2  and  AS4,  can  be  the  As  source  for  GaAs  growth. 
While,  as  found  in  the  growth  trials  without  plasma  cracking,  N2  or  NH3  cannot  be  the  N 
source,  that  is,  N2  and/or  NH3  formed  at  the  surface  is  excluded  from  the  growth  reaction. 
This  may  be  one  of  the  reasons  why  very  high  N/As  ratio  is  required  for  GaAsN  growth. 
Plasma-cracking  of  NH3  creates  reactive  H  radicals  as  well  as  N  radicals.  The  H  radicals 
probably  remove  N  atoms  from  the  growing  surface  by  creating  stable  NH3  molecules, 
resulting  the  reduction  of  N  incorporation. 
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PL  from  the  GaAsN  layers  was 
measured  at  77  K  using  an  Ar  ion 
laser  as  an  excitation  source  and  a 
photomultiplier  with  an  InGaAs 
cathod  as  a  detector.  The  PL  spectra 
of  0.4-|a,m-thick  GaAs^.^^^  samples 
with  x=0.32%  and  x=1.4%  are 
shown  in  Fig.  4.  The  PL  emission 
from  the  GaAsN  sample  is  shifted 
to  lower  energies  from  GaAs 
bandgap  and  no  emission  in  the 
region  of  the  GaAs  band  edge  is 
observed.  Deep  emissions  were 
observed  in  all  PL  spectra  for 
GaAsN.  The  peak  of  the  deep 
emission  was  about  0.1  eV  lower 
than  the  highest  energy  emission 
peak  for  each  GaAsN  layer.  The  deep 
emissions  are  probably  due  to 
defects  associated  with  group-V 
vacancies,  since  those  samples  were 
grown  with  a  low  supply  of  As. 
Because  the  sensitivity  of  the 
InGaAs  photomultiplier  drastically 
decreases  at  energies  below  1.3  eV, 
detailed  discussion  of  these  deep 
emissions  is  difficult. 

Figure  5  shows  the  absorption 
spectra  of  the  two  GaAsN  layers 
whose  PL  spectra  are  shown  in  Fig. 
4.  With  consideration  of  the  Stokes 
shift  in  the  PL,  the  PL  and  the 
absorption  edge  in  the  layer  are  in 
excellent  agreement.  The  absorption 
coefficient  of  the  GaAsN  layers 
above  their  absorption  edge  does  not 
show  any  structure  that  would  be 
expected  if  discrete  levels  in  the  band 
gap  of  a  GaAs  host  are  responsible 


1.25  1.3  1.35  1.4  1.45  1.5  1.55 
energy  (eV) 


Fig.  4  77  K  PL  spectra  of  the  GaAsN 
layers  with  N=0.32%  and  1.4%. 


energy  (eV) 

Fig.  5  77  K  optical  absorption  spectra 
of  the  GaAsN  layers  with 
N=0.32%  and  1.4%. 


for  the  absorption.  Additionally,  the 

value  of  the  absorption  coefficient  of  GaAsN  is  approximately  the  same  as  that  of  GaAs 
above  its  absorption  edge.  These  findings  indicate  that  the  position  of  the  absorption  edge 
and  the  highest  energy  emission  peak  of  the  PL  represents  the  bandgap  of  the  GaAsN  layer. 

The  bandgaps  of  GaAsN  layers  measured  by  PL  are  shown  in  Fig.  6.  The  bandgap 
systematically  shifts  to  lower  energies  with  increasing  N  content.  No  difference  was  observed 
between  the  PL  results  from  the  layer  using  the  two  different  N-precursors.  When  the  sensitivity 
decrease  of  the  photomultiplier  is  accounted  for,  the  PL  from  the  GaAsN  layers  was  as 
intense  as  the  PL  from  a  GaAs  sample  grown  with  the  same  apparatus.  Results  for  the 
GaAsN  layers  grown  by  GSMBE[8]  are  also  shown  for  comparison.  The  trend  of  the  redshift 
is  very  similar.  Sakai  et  al.  calculated  the  bandgap  of  GaAsN  alloy[2]  and  their  result  is 
shown  by  the  solid  line  in  Fig.  6  and  in  Fig.  7  for  whole  N-concentration  range  together  with 
the  experimental  data.  Though  the  experimental  data  are  only  available  at  very  small  N-contents, 
the  bandgap  redshift  is  well  explained  by  the  calculation.  If  the  extrapolation  along  the 
calculated  curve  is  possible,  the  bandgap  of  GaAsN  with  more  N  will  be  smaller  than  zero. 
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N  content  x  (%) 


N  content  x  (%) 


Fig.  6  Bandgap  energies  of  GaAsN. 
Data  by  GSMBE  is  from  ref.  [8]. 


Fig.  7  Calculated  bandgap  energies  from 
ref.  [2],  with  the  experimental  data. 


and  then  the  layer  will  be  semi-metallic. 

Several  applications  of  GaAsN  alloys  are  proposed  and  have  recently  been  demonstrated. 
The  GaAsN  dloys  and  similar  alloys;  GaPN,  are  lattice-matched  to  Si  substrates  at  certain 
N-contents.  Therefore,  the  GaAsN/GaPN  system  is  one  of  the  candidates  of  the  opto-electronic 
devices  on  Si  substrates.  Kondow  et  al  proposed  GaAsN/GaPN  quantum  well  (QW)  structures 
for  the  on-Si  device  application,  and  grew  GaAsN/GaP  QW  on  GaP  substrates  by  GSMBE 
for  this  demonstration.[14]  They  observed  intense  PL  from  the  QW  on  GaP,  suggesting  that 
the  system  is  promising.  Quartemary  alloy;  InGaAsN  can  be  lattice  matched  to  GaAs  substrates. 
Since  both  In  and  N  redshift  the  GaAs  bandgap,  InGaAsN  can  be  the  material  for  optical 
devices  for  long  wavelength  applications.  Kondow  et  al  introduced  some  N  into  the  active 
layer  of  a  GaAs-based  InGaAs/AlGaAs  laser  diode  structure,  and  observed  redshift  of  the 
lasing  spectrum. [15] 


Analysis  of  GaAs/GaN/GaAs  Structures 

The  thicknesses  of  the  GaN  layers 
were  measured  by  integrating  the  SIMS 
depth  profiles  of  the  samples.  Figure  8 
shows  the  SIMS  depth  profile  of  the 
structure  whose  N-radical  exposure  time 
was  10  minutes  at  the  N2  flow  rate  of 
100  seem.  Secondary  ions  of  83  amu 
(GaN)  were  used  for  a  measure  of  N 
depth  profiles.  The  full  width  at  half 
maximum  value  is  as  small  as  20  nm, 
indicating  that  the  grown  GaN  layer  is 
very  thin  and  that  there  is  no  drastic 
diffusion  or  segregation  of  nitrogen 
during  the  growth.  The  profiles  were 
integrated  to  obtain  the  total  amount  of 
N,  and  the  value  is  shown  in  Fig.  9  as  a 
function  of  the  N-radial  exposure  time. 
The  value  for  the  exposure  time  of  10 


Depth  (^m) 

Fig.  8  SIMS  depth  profile  of  N  concentration 
of  a  GaAs/GaN/GaAs  structure. 


291 


10’ 


£ 

c 

g 

S 

c 

8 

c 

o 

o 


10’ 


10’ 


10° 


10’  10^  10®  10^ 
N-radical  exposure  time  (s) 


Fig.  9  Total  N  amounts  in  the  structures 
by  integrating  the  SIMS  profiles. 

The  chamber  pressure,  the  gas  fluxes, 
the  microwave  power  are  fixed. 
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seconds  is  almost  equal  to  (or 
slightly  less  than)  6.3  x  10’'‘cm*^ 
which  is  the  number  of  the  sites 
in  a  (100)  atomic  plane  in  GaAs, 
thus  indicating  that  the  surface  As 
atoms  are  easily  replaced  by  the 
N  atoms  at  500°C  and  that  one- 
monolayer(ML)-thick  GaN  was 
grown.  The  N  concentration 
increases  with  the  exposure  time, 
but  this  increase  is  not  linear, 
indicating  that  the  replacement  of 
the  As  atoms  in  the  second  or 
deeper  As-plane  is  slower  than 
those  at  the  surface.[9] 

Since  the  GaN  layers  in  the 
structures  were  very  thin,  no 
separate  peaks  from  the  GaN 
layers  were  observed  in  XRD. 

When  1-ML-thick  GaN  was 
embedded  in  GaAs,  the  fringes  on 
both  sides  of  the  GaAs  diffraction 
peak  were  clearly  observed, 
indicating  that  the  GaN/GaAs 
interface  and  the  surface  of  the 
sample  were  very  flat.  The 
structures  with  more  than  1  ML's 
worth  of  N  showed  no  fringes, 
indicating  the  GaN/GaAs 
interface  and/or  the  surface  of  the 
GaAs  cap  layer  had  deteriorated. 

The  EPDs  of  the 
GaAs/GaN/GaAs  structures  are 
shown  in  Fig.  10.  When  the  GaN 
thickness  was  1  ML  or  less,  the 
EPD  was  about  1  x  10^  cm'^,  which 
was  as  large  as  that  of  a  GaAs 
reference  sample  grown  under  the 
same  conditions  without  exposure 
to  the  N-radical  flux.  The  EPD 
drastically  increased  with 
increasing  die  GaN  thickness  from 
1  ML  to  3  MLs,  indicating  that 
GaN  layers  thicker  than  1  ML 
created  dislocations  in  the  GaAs 
cap  layers.  The  EPDs  of  the 
structures  having  two  GaN  layers 
separated  by  7-ML- thick  GaAs 
are  shown  by  the  solid  circles  in 
Fig.  10.  Though  the  total  N  amounts  are  more  than  1  ML  worth,  the  EPDs  are  as  low  as  10 
cm'^  suggesting  that  GaN/GaAs  thin-layer  superlattices  can  be  grown  when  each  GaN  layer 
is  thinner  than  1  ML.  [16] 

Many  dislocations  were  visible  in  the  GaAs  cap  layers  in  the  TEM  cross  sections  of  the 
GaAs/GaN/GaAs  structures  whose  GaN  thicknesses  are  3  and  2  MLs.  The  lattice  image  of 
the  GaAs  cap  layer  of  the  sample  having  3-ML-thick  GaN  was  almost  invisible  in  the 
high-resolution  image,  suggesting  that  the  GaAs  layer  was  so  deteriorated  that  it  became 
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Fig.  10  Etch  pit  densities  of  the  surfaces  of 
the  GaAs/GaN/GaAs  structures 
measured  by  molten  KOH. 
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poly-crystal  or  amorphous.  No  dislocations  can 
be  seen  in  the  TEM  images  of  the  sample  having 
1-ML-thick  GaN,  indicating  that  1-ML-ihick 
GaN  can  be  pseudomorphically  embedded  in 
GaAs  without  creating  dislocations.  [16] 

These  experimental  results  indicate  that  the 
critical  layer  thickness  of  GaN  embedded  in 
GaAs  is  approximately  1  ML.  GaN/GaAs  thin- 
layer  superlattices  can  be  grown  when  each  GaN 
layer  is  thinner  than  1  ML. 

Optical  Properties  of  GaAs/GaN/GaAs 

Low-temperature  (10  K)  PL  was  measured 
using  a  He-Ne  laser  (632.8  nm)  as  an  excitation 
source  and  a  cooled  Ge  diode  as  a  detector.  PL 
spectra  from  the  structures  are  shown  in  Fig.  1 1 
together  with  the  spectrum  from  GaAs  not 
exposed  to  N-radicals.  Deep  emission  at  1.43 
eV  appears  as  separated  peaks  in  (b),  (c)  and 
(e)  and  as  a  shoulder  peak  in  (d).  The  PL  intensity 
of  the  1.43-eV  peak  increases  linearly  with  the 
excitation  intensity,  suggesting  that  the  peak 
represents  an  excitonic  emission  like  the 
emission  from  quantum  wells.  The  PL  peak 
intensities  of  the  1.49-eV  i^ak  (carbon  in  GaAs) 
and  the  1.43-eV  peak  drastically  decrease  at  long 
exposure  times.  The  decrease  of  the  PL 
intensities  also  suggests  that  GaN  layers  thicker 
than  1  ML  deteriorate  the  qualities  of  the 
GaN/GaAs  interfaces  and  the  GaAs  cap  layers. 

The  surface  As  atoms  are  easily  replaced 
by  N  atoms  and  this  replacement  occurs  two- 
dimensionally,  thus  forming  1-ML-thick  GaN. 

When  the  replacement  of  the  surface  As-layer  is  completed,  N  radicals  start  to  replace  As 
atoms  of  the  second  As-layer  from  the  surface.  Due  to  the  large  lattice-mismatch  between 
GaAs  and  GaN,  the  replacement  of  As  atoms  situated  lower  than  the  second  layer  cannot  be 
two-dimensional  and  GaN  clusters  may  be  formed.  These  GaN  clusters  cannot  be 
psuedomorphic  because  of  the  large  lattice-mismatch  of  more  than  20%  and  may  be  the 
source  of  defects  causing  the  rough  interface  and  the  low  PL  intensity  from  the  cap  layers. 
The  broad  peak  at  about  1.38  eV  in  Fig.  11(d)  is  probably  due  to  GaN  clusters  whose  size  is 
small  enough  not  to  create  defects.[9] 

The  origin  of  the  1.43  eV  PL  is  discussed.  Because  of  the  strong  electronegativity  of  N 
atoms,  a  GaN  layer  in  GaAs  attracts  electrons.  The  1.43-eV  peak  is  probably  due  to  the 
excitonic  emission  from  the  1-ML-thick  GaN.  A  simple  calculation  performed  using  a  finite 
square  well  model,  which  had  excellently  described  the  bandgaps  and  the  quantized  levels  of 
InAs/GaAs  thin-layer  structures,[17-19]  was  used  to  describe  the  PL  photon  energy  from  the 
GaAs/GaN/GaAs  structures.  Conduction-  and  valence-band  discontinuities  between  GaN  and 
GaAs  are  2  eV  and  -4  eV,  respectively.[2]  Therefore,  a  GaN  layer  embedded  in  GaAs  can  be 
regarded  as  a  deep  QW  for  electrons  and  a  very  high  barrier  for  holes.  An  emission  between 
an  electron  at  the  quantized  level  of  the  QW  and  a  hole  at  the  valence-band  maximum  of 
GaAs  may  be  observed  in  the  PL  measurement.  The  1-ML-thick  GaN  is  assumed  to  be 
0.225-nm-wide,  which  is  half  of  the  lattice  constant  of  cubic  GaN,  and  2-eV-deep  QW.  Since 
the  wave  function  expands  deeply  into  GaAs,  the  effective  mass  in  GaAs  (0.0665mo,  where 
mo  denotes  free  electron  mass)  was  used  in  the  calculation.  The  strain  effects  on  the  bandgap 
of  GaN  and  on  the  GaN  thickness  were  ignored  in  this  preliminary  calculation.  The  calculated 


Photon  energy  (eV) 

Fig.  1 1  PL  spectra  measured  at  10  K. 
a)  GaAs  reference  not  exposed 
to  N-radical  flux, 
b-e)  GaAs/GaN/GaAs  structures. 
Averaged  GaN  thicknesses  of  b), 
c)  and  e)  are  approximately 
1  ML,  2  ML  and  3  MLs. 
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quantized  level  for  electrons  was  0.08  eV  below  the  conduction-band  minimum  of  GaAs. 
This  agrees  with  the  difference  between  the  GaAs  bandgap  and  the  experimental  PL  photon 
energy  of  1.43  eV. 

CONCLUSIONS 

Ternary  alloys;  GaAsN  (N<3%)  were  grown  by  plasma-assisted  MOCVD  using  TEG, 
AsHj,  and  plasma-cracked  NHj  or  N2  as  the  precursors.  More  N  atoms  were  incorporated  into 
the  alloys  from  Nj  than  NH3  at  constant  N/As  ratios,  indicating  that  N2  is  a  better  N  precursor 
for  growing  GaAsN,  because  of  its  higher  efficiency  for  nitrogen  incorporation  as  well  as  its 
safer  characteristics,  that  is,  N2  is  neither  corrosive  nor  toxic.  Both  PL  peaks  and  optical 
absorption  edges  were  redshifted  from  GaAs  bandgap  with  increasing  the  N  content,  indicating 
the  GaAsN  alloys  have  narrower  bandgaps  than  GaAs. 

GaN/GaAs  double-hetero  structures  were  grown  by  exposing  GaAs  surfaces  to  N-radical 
fluxes  to  replace  surface  As  atoms  by  N  atoms,  and  by  growing  GaAs  on  the  thin  GaN  layers. 
XRD,  EPD  measurement,  TEM,  and  PL  indicate  that  the  GaN/GaAs  interfaces  and  the  GaAs 
cap  layers  deteriorated  drastically  when  the  GaN  thickness  exceeded  1  ML  that  is,  the  critical 
layer  thickness  of  GaN  embedded  in  GaAs  is  approximately  1  ML.  The  1-ML-thick  GaN 
embedded  in  GaAs  attracts  electrons  and  shows  intense  PL,  whereas  the  GaN  clusters,  which 
was  formed  by  further  As-N  replacement  than  1  ML,  are  non-radiative,  probably  because  of 
the  defects  caused  by  the  large  lattice-mismatch  between  GaN  and  GaAs. 
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ABSTRACT 

We  report  on  the  growth  and  characterization  of  three  dimensional  nanoscale 
structures  of  GaN.  GaN  dots  were  grown  by  metal  organic  chemical  vapor  deposition 
(MOCVD)  on  6H-SiC  substrates.  The  actual  size  of  the  dots  measured  by  scanning 
electron  microscopy  (SEM)  and  transmission  electron  microscopy  (TEM)  ranged  from 
~20  nm  to  more  than  2  pm.  The  average  dot  density  ranged  from  10^  to  10^  cm"^.  The 
single  crystal  structure  of  the  dots  was  verified  by  reflectance  high  energy  electron 
diffraction  (HEED)  and  TEM.  Cathodoluminescence  (CL)  and  photoluminescence  (PL) 
of  the  dots  were  studied  at  various  temperatures  and  excitation  levels.  The  PL  and  CL 
edge  peak  for  the  GaN  dots  exhibited  a  blue  shift  as  compared  with  edge  peak  position 
for  continuous  GaN  layers  grown  on  SiC. 

INTRODUCTION 

Quantum  wires  (QW)  and  quantum  dots  (QD)  are  of  great  interest  because  of  their 
possible  application  for  low  threshold  current  semiconductor  lasers  [1],  high  density 
optical  memory  [2],  and  very  large  scale  integration  [3].  There  are  two  main  ways  to 
create  a  semiconductor  QW  and  QD:  (1)  nanoscale  structure  fabrication  from  planar 
layered  structures  using  lithography  and  etching,  and  (2)  formation  of  nanoscale 
structures  in  situ  during  epitaxial  growth.  The  first  approach  has  been  used  to 
fabricate  GalnAs/GalnAsP/InP  and  InGaAs/GaAs  QD  [4,5]  and  the  second  was 
successfully  employed  for  numerous  semiconductors  including  InGaAs  and  GaAs 
[6,7].  The  optimistic  prediction  about  unique  characteristics  of  quantum  size  structures 
was  supported  by  the  fabrication  of  a  low  threshold  current  density  laser  based  on 
GaInP/AlGalnP  QW  structures  [8].  A  QD  transistor  has  also  been  made  [9].  No 
information  of  experimental  QD  optoelectronic  devices  has  yet  been  published. 

A^N  semiconductors  are  the  subject  of  intense  research  due  to  their  potential  for 
short  wavelength  laser  diode  fabrication.  Stimulated  emission  has  been  observed  in 
GaN-based  structures  under  optical  pumping  [10,11,12,13,14].  Theoretical  predictions 
show  that  due  to  specific  fundamental  parameters  of  the  A^N  materials  the  threshold 
current  density  in  these  structures  may  be  a  few  times  higher  than  that  for  GaAs-based 
laser  structures  [15,16].  As  such,  the  possibility  of  threshold  current  density  reduction 
due  to  quantum  size  effects  would  be  very  important  for  A^N  laser  structures. 

One  dimensional  quantum  size  structures  have  been  reported  for  A^N  material 
systems  in  terms  of  fabrication  and  investigation  of  AlGaN/GaN  and  AlGaN/InGaN 
quantum  well  structures  [17,18]  and  superlattices  [19,20].  In  this  paper  we  report  on 
the  first  three  dimensional  GaN  nanostructures. 
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EXPERIMENT 


GaN  was  grown  by  MOCVD.  6H-SiC  (0001)  wafers  manufactured  by  Cree 
Research,  Inc.  were  used  as  substrates.  The  growth  was  done  in  such  a  manner  that  the 
GaN  formed  was  not  a  continuous  layer  but  consisted  of  separated  dots.  The  dot  size 
was  measured  by  SEM  and  TEM.  Optical  properties  of  the  dots  were  studied  at 
various  temperatures  and  excitation  levels.  The  PL  measurements  were  performed 
using  above  band  gap  radiation  provided  by  a  250  W  Hg-lamp  (weak  excitation)  or  a 
10  kW  N2-laser  (strong  pulsed  excitation).  A  liquid-helium  cryostat  was  used  for  PL 
experiments  at  4.2  K.  The  CL  was  excited  with  a  0.05  mA  electron  beam  at  an 
accelerating  voltage  which  was  varied  from  4  to  15  kV.  CL  was  investigated  at  80  K. 
The  PL  and  CL  spectra  were  measured  employing  a  0.6  m  LOMO  MDR-23 
monochromator  with  a  photomultiplier  detector  and  corrected  for  instrumental 
response. 

It  was  found  that  depending  on  growth  conditions  the  dot  lateral  size  in  different 
samples  ranged  from  ~20  nm  to  more  than  2  pm  (Fig.  1).  The  average  dot  density  was 
controlled  in  the  range  from  10^  to  10^  cm-2.  The  HEED  and  TEM  measurements 
showed  that  the  dots  had  a  single  crystal  structure  (Fig.  2). 


Figure  1.  SEM  image  of  the  surface  of  SiC  substrate  and  GaN  dots. 

Luminescence  measurements  were  performed  on  a  sample  with  dot  sizes  ranging 
from  50  to  250  nm  (Fig.  3).  The  size  distribution  was  measured  by  TEM.  The  PL  and 
CL  spectra  of  GaN  dots  exhibited  a  blue  shift  and  a  broadening  of  the  edge  peak  as 
compared  with  its  position  and  width  for  continuous  GaN  layers  grown  on  SiC.  The 
PL  spectra  for  a  GaN  continuous  layer  and  GaN  quantum  dots  at  4.2  K  at  high  and  low 
excitation  levels  are  shown  in  Fig.  4. 
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Figure  2.  HEED  pattern  from  the  sample  having  GaN  dots. 
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Figure  3.  GaN  dot  density  vs.  dot  size  measured  by  TEM. 
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Figure  4.  PL  spectrum  for  GaN  dots  and  a  continous  GaN  layer  grown  on  6H-SiC 
wafer:  dash  line  -  laser  excitation,  solid  line  -  hydrogen  lamp  excitation. 


Figure  5.  CL  spectrum  for  GaN  dots  and  a  continous  GaN  layer  grown  on  6H-SiC  . 
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Figure  6.  GaN  dot  density  vs.  dot  size  obtained  from  PL  data  based  on  model  [21]. 

Under  a  weak  excitation,  the  blue  shift  of  the  GaN  edge  peak  was  ~64  meV  at  4.2  K 
(a  new  peak  position  was  observed  at  3.529  eV).  The  PL  line  at  3.465  eV  (standard  peak 
position  for  a  continous  GaN  layer)  was  not  detected.  In  the  case  of  strong  pulsed 
excitation,  the  blue  PL  shift  was  ~76  meV  (4.2  K).  An  edge  peak  blue  shift  of  ~70  meV 
and  peak  broadening  was  also  observed  for  the  CL  spectra  measured  at  80  K  (Fig.  5). 

We  believe  that  the  blue  shift  detected  for  the  edge  luminescence  peak  was  due  to 
three  dimensional  quantum  carrier  confinement  in  the  GaN  dots.  Dots  with  different 
sizes  exhibited  different  shifts.  The  wafer  surface  was  covered  with  dots  having 
different  sizes  causing  the  broadening  of  the  luminescence  peak.  The  PL  data  was 
used  to  reconstruct  the  dot  size  distribution.  Tentative  calculations  based  on  a  three 
dimensional  quantum  confinement  model  [21]  showed  that  the  dot  size  distribution 
obtained  from  the  PL  spectrum  (Fig.  6)  is  in  good  agreement  with  that  measured  by 
TEM  (compare  Fig.  3  and  Fig.  6). 

SUMMARY 

GaN  nanoscale  dots  were  fabricated  and  characterized.  The  dots  were  grown  on 
6H-SiC  substrates  by  MOCVD.  Dot  size  and  density  ranged  from  20  nm  to  more  than 
2  pm  and  10^  -  10^  cm‘2,  respectively.  A  blue  shift  of  about  ~70  meV  of  the  edge 
luminescence  has  been  obtained  both  in  PL  and  CL  spectra  from  the  dots  comparing 
with  that  from  bulk  material. 
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ABSTRACT 

GaN  was  grown  by  supersonic  jet  epitaxy(SSJE),  seeding  triethylgallium  in  helium 
carrier  gas.  Activated  nitrogen  was  supplied  by  a  microwave  plasma  source.  Single 
crystalline  GaN  films  were  deposited  on  the  Si-face  6H-SiC  and  the  c-plane  sapphire 
substrates  at  600-670°C.  A  cubic  SiC  buffer  layer  was  grown  on  Si(l  1 1)  at  800*^0  by  SSJE 
using  dichlorosilane,  acetylene,  and  a  high  quality  GaN  crystal  was  grown  on  this  template 
at  630®C.  The  materials  high  quality  was  proved  by  hard  rectifying  characteristics  of  a 

diode  with  an  N-GaN/p-SiC/P-Si(l  1 1)  structure. 

INTRODUCTION 

The  ideal  MOCVD  process  is  governed  by  surface  reactions.  In  all  growth  processes, 
the  rate  limiting  adsorption  is  often  a  crucial  step  and  there  is  a  certain  value  of  energy  to 
adsorption  for  a  given  surface.  Adsorption  probability  Pst,  or  sticking  coefficient,  can  be 
expressed  as: 

Pst=l-e-E/Eb  (1) 

where  Eb  represents  the  energy  barrier  for  attachment  of  an  atom  at  a  given  surface.  In 
most  crystal  growth  methods,  thermal  energy  allows  the  reactant  molecules  to  surmount  the 
surface  energy  barrier  to  be  adsorbed,  leading  to  a  need  for  high  growth  temperatures. 
Alternatively,  the  high  kinetic  energy,  from  O.leV  to  several  eV,  can  be  imparted  to  the 
reactant  molecules  by  supersonic  jet  expansion.  This  approach  provides  a  prospect  in 
which  one  could  increase  and  control  the  sticking  coefficient,  reduce  the  growth 
temperature  and  thus  increase  the  growth  rate  and  efficiency,  simultaneously  avoiding  the 
damage  caused  by  energetic  particles  (E>5Eg)  to  the  growing  crystal  film.[l]  Figure  1 
shows  the  enhancement  of  the  sticking  coefficient  of  Si  from  a  disilane  jet  seeded  in 
hydrogen,  helium  and  argon,  impinging  on  a  Si  substrate,  where  0i  is  the  injection  angle. 

Compared  to  the  well  known  epitaxial  technologies,  such  as  LPE,  VPE,  CVD  and 
MBE,  supersonic  jet  epitaxy  is  a  relatively  new  technology,  which  utilizes  the  properties  of 
supersonic  free  jet  expansions.  [2,3]  When  a  compressed  gas  expands  freely  through  a  fine 
orifice,  such  as  a  100  diameter  nozzle,  the  adiabatic  expansion  reduces  the  temperature  of 
the  expanding  gas,  creating  a  molecular  beam  with  a  narrow  spread  in  velocity.  [4,5]  The 
speed  ratio  of  the  mean  velocity  to  the  axial  velocity  spread  could  be  set  to  a  few  tens  for 
seeded  molecular  beams  by  increasing  the  pressure  ratio  across  the  expansion  orifice.[6] 
The  Mach  number  M=V/a,  where  V  is  the  gas  velocity  and  a  is  the  speed  of  sound,  will 
reach  1  at  the  exit  of  the  nozzle  when  pi/po,  (pi  and  po  is  the  pressure  inside  and  outside 
of  the  nozzle,  respectively),  reaches  a  critical  value  given  by  the  relationship 

G=  ((r+l)/2)r/(r-l)  (2) 

Here  r  is  the  ratio  of  the  heat  capacity  at  constant  pressure  to  the  heat  capacity  at  constant 
volume  of  the  gas,  and  G  is  less  than  2.1  for  all  gases.  At  this  point  the  pressure  at  the  exit 
of  the  nozzle  becomes  pi/G,  independent  of  po-  After  leaving  the  nozzle  the  gas  continues 
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to  expand,  gas  velocity  continues  to  increase,  and  M  becomes  greater  than  1.  When  this 
occurs,  the  gas  flow  becomes  a  supersonic  jet. 

The  translational  energy  of  this  monochromatized  supersonic  molecular  beam  can  be 
monitored  by  controlling  the  nozzle  temperature  and  gas  seeding  according  to  the  formula. 

Vt  =  (2RT(IXi(ri/(ri-l))/XXiWi))(l/2)  (3) 

Here  Vt  is  terminal  velocity  of  the  gas,  R  is  the  gas  constant,  T  is  the  nozzle  temperature, 
Xi  and  Wi  is  the  mole  fraction  and  molecular  weight  of  the  component  gas  in  the  mixture. 
It  is  clear  that  the  terminal  energy  is  proportional  to  the  stagnation  temperature  inside  the 
nozzle  and  also  inversely  proportional  to  the  molar  average  molecular  weight.  This  means 
that  heating  the  nozzle  could  increase  the  translational  energy  of  the  molecules,  and  gas 
seeding,  e.  g.,  mixing  heavy  molecules  in  larger  quantity  lighter  molecules,  results  in  a 
larger  terminal  velocity  for  the  heavier  molecules[6],  resulting  in  0.5-5. 0  eV  kinetic  energy. 

After  expansion,  the  molecules  in  the  supersonic  jet  will  collide  with  other  background 
gas  molecules  in  the  growth  chamber.  The  collision  probability  depends  on  the  chamber 
pressure  and  gas  constituents.  The  mean  free  path  in  nitrogen  of  10  mTorr  is  around  5 
mm.  To  avoid  excessive  cooling  of  the  beam,  the  growth  chamber  pressure  should  be  low 
so  as  the  mean  free  path  of  the  molecules  is  comparable  to  the  distant  to  the  substrate. 

The  unique  characteristics  of  the  supersonic  jet  arise  from  the  physical  processes  taking 
place  at  the  nozzle  as  the  molecules  squeeze  through  the  orifice  from  the  high  pressure 
inside  the  nozzle  to  the  chamber  vacuum.  When  the  mean  free  path  inside  the  nozzle  is 
smaller  than  the  orifice  diameter,  the  expanding  molecular  beam  possesses  monochromatic 
nature  and  directionality.  The  monochromatic  high  energy  of  the  reactant  molecules 
impinging  to  the  growing  surface  enhances  the  sticking  efficiency,  helps  to  break  chemical 
bonds  and  promotes  surface  migration,  and  makes  it  possible  to  reduce  the  growth 
temperature  and  to  control  the  kinetic  energy  to  less  than  damage  threshold  of  5xEg  of  the 
growing  crystal  films[l].  The  supersonic  jet  beam  also  effectively  delivers  the  source 
molecules  to  the  growing  surface  so  that  growth  efficiency  and  rate  can  be  increased.  But 
the  ultimate  growth  rate  is  limited  by  the  pumping  speed  required  to  keep  the  molecular 
mean  free  path  large  enough  for  the  reactant  molecules  to  reach  the  substrate  without 
excessive  cooling. 


<E  >cos"e|  (eV)  Injected  quantity  of  TEG  [(imoles] 

Fig.l,  Reaction  probability  for  Si2H6  as  a  Fig.  2,  GaN  thickness  vs.  injected 

function  of  translational  energy  for  compositions:  moles  of  TEG  for  SS  JE. 

10%  Si2H6/Ar;  1%  Si2H6/He;  1%  Si2H6/H2. 

EXPERIMENT 


The  supersonic  jet  MOCVD  System  used  in  this  work  consists  of  a  small  scale  stainless 
steel  chamber  pumped  by  a  mechanical  pump  through  MKS  throttle  valve  and  traps.  The 
gas  composition  and  the  residual  H2O  vapor  and  oxygen  traces  are  checked  in-situ  by  an 
attached  UTI  Quadrupole  gas  analyzer.  2.45  GHz,  0-1  OOw  microwave  power  is  fed  into 
the  microwave  cavity,  which  activates/  ionizes  the  N2  as  it  flows  into  the  reaction  chamber 
through  a  quartz  tube.  The  plasma  cavity  surrounding  the  quarts  tube  is  remote  to  eliminate 
damage  to  the  growing  crystal  film  by  energetic  plasma  species.  Of  course  the  longer 
distance  exponentially  decrease  the  ionized  nitrogen  flux  density  reaching  the  substrate 
surface.  The  reactant  metalorganic  sources  are  injected  from  the  gas  handling  lines  to  the 
chamber  through  a  jet  nozzle  with  a  lOOia  diameter  orifice.  The  gas  handling  sy stern, 
growth  temperature  and  the  chamber  pressure  are  under  computer  control,  making  it 
possible  to  grow  designed  structures  automatically.  The  susceptor  and  the  resistance  heater 
is  made  of  high  purity  graphite.  Semiconductor  grade  high  purity  helium  is  used  as  the 
carrier  gas  in  the  supersonic  jet  flow  and  the  metalorganic  sources  are  seeded  in  it.  The 
pressure  difference  Ap  across  the  orifice  at  the  tip  of  the  nozzle  is  measured  to  be  1500  Torr 
when  the  helium  flow  rate  through  the  nozzle  orifice  is  290  seem. 

SS.TE  Growth  of  GaN  on  Sapphire.  6H-SiC.  3C-SiC/Si  Substrate 

The  substrates  used  in  the  supersonic  jet  epitaxial  growth  experiments  are  c-plane 
sapphire  from  Union  Carbide  with  mis-orientations  less  than  +!-  0.7°,  Si-face  6H-SiC,  and 
Si(lll).  The  sapphire  substrate  is  degreased  in  trichloroethylene,  acetone,  and  methanol 
and  etched  in  H2SO4  :  H3PO4  =  3:1  solution  at  200°C,  then  rinsed  in  deionized  water 
and  blown  dry  with  UHP  nitrogen.  The  bulk  single  crystal  Si-face-polished  6H-SiC 
substrates  are  first  degreased  in  organic  solvents  and  then  oxidized  in  HCl :  H2O2  :  H2O  = 
2:1:1  solution.  Subsequently,  the  oxides  are  striped  in  HF  :  H2O  =1:3  solution.  This 
process  is  repeated  5  times  to  remove  the  surface  damage  induced  by  polishing.  Finally,  Ae 
wafer  is  rinsed  in  deionized  water  and  blown  dry  using  nitrogen  gas.  To  grow  high  quality 

GaN  on  Si  wafer,  a  p-SiC  buffer  layer  is  epitaxially  deposited  on  Si(l  1 1)  substrates.  The 
3C-SiC  is  grown  by  supersonic  jet  epitaxy  using  dichlorosilane  and  acetylene  at  800°C 
utilizing  atomic  layer  epitaxy  mode.  Before  the  growth  of  GaN  the  p-SiC/Si  (111)  substrate 
is  cleaned  with  organic  solvents,  assuming  that  the  SiC  surface  is  damage  free. 

After  loading  into  the  reaction  chamber,  the  bulk  6H-SiC  or  P-SiC/Si  substrates  are 
heated  to  600-650°C  and  thermally  annealed  for  at  least  one  hour.  However,  in  the  case  of 
sapphire  substrates,  N2  microwave  plasma  is  applied  in  order  to  clean  and  nitride  the 
substrate  surface,  and  the  growth  was  initiated  by  depositing  300-500A  GaN  buffer  layer  at 
520°C  and  GaN  film  is  grown  at  600-650  C.  For  the  6H-SiC  Substrates  and  P-SiC  coated 
Si  (111)  substrates,  the  supersonic  jet  epitaxy  is  initiated  directly  at  the  growth 
temperatures.  The  growth  temperatures  are  600-670°C.  Helium  flow  rate  through  the 
supersonic  jet  nozzle  is  50  seem,  and  the  microwave  power  for  activation  of  N2  is  70W. 

The  growth  rate  of  the  GaN  prepared  by  supersonic  jet  epitaxy  was  estimated  by 
correlating  the  film  thickness  with  die  molar  amount  of  TEG  injected  into  the  chamber.  The 
relationship  is  demonstrated  in  Fig.2.  It  was  found  that  the  maximum  growth  rate  for  the 
supersonic  jet  epitaxy  in  our  system  is  not  limited  by  the  metalorganic  source  delivery  rate, 
it  is  rather  determined  by  the  maximum  mass  transport  rate  of  the  activated  nitrogen  species 
to  the  substrate  surface.  This,  in  turn,  is  governed  by  the  maximum  microwave  power, 
flow  rate  of  N2  and  most  importantly,  by  the  pumping  speed  of  the  vacuum  system. 

For  a  helium  carrier  gas  flow  rate  of  50  seem  tmough  the  jet  nozzle  orifice,  the  pressure 
drop  between  the  nozzle  and  chamber  was  estimated  to  be  250  Torr.  This  gives  a  G  value 
of  250,  which  is  much  larger  than  the  G  value  of  He  (<2.1)  necessary  for  He  to  reach  the 
speed  of  sound.  In  this  case,  the  local  pressure  just  outside  the  nozzle  orifice  should  be 
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about  120  Toit,  the  gas  should  continue  to  expand  to  reach  a  Mach  number  larger  than  1. 
This  estimate  indicates  that  in  our  growth  conditions,  supersonic  jet  flow  is  established  and 
gas  velocity  at  the  exit  is  expected  to  be  V~1.4  x  10^  cm/s,  so  that  the  corresponding 
kinetic  energy  of  TEG  molecule  is  L6  eV.  Beside  the  effect  of  the  kinetic  energy  on 
reducing  the  growth  temperature  to  600-670°C,  it  was  found  that  the  reactant  molecules 
were  delivered  more  effectively  increasing  the  growth  rate  and  efficiency.  Also  their  transit 
time  is  reduced,  thereby  reducing  vapor  phase  reaction  probability,  and  the  expansion 
cooling  should  help  prevent  premature  decomposition  of  TEG. 

RESULTS 

Gallium  Nitride  Grown  on  Si-face  6H-SiC  bv  Supersonic  Jet  Epitaxy 

A  0.6  thick  GaN  film  was  grown  by  supersonic  jet  epitaxy  at  670  °C  with  a  growth 
rate  of  17  A/min.  The  epitaxial  layer  was  transparent  and  had  mirror-like  smooth  surface 

morphology.  An  X-ray  0  -  20  scan  (Fig.3)  indicates  that  the  film  is  wurtzite  structure 
single  crystal  with  (002)  peak  at  34.60°  and  (004)  peak  at  73.0°.  In  Figure  3,  the  peaks  at 
35.9°  and  75.6°  are  (0006)  and  (00012)  peaks  of  the  6H-SiC  substrate. 

GaN  Grown  on  {3  -  SiC  Coated  Si  (1 1 D  by  Supersonic  Jet  Epitaxy 

The  growth  of  high  quality  Ill-nitride  epitaxial  films  on  silicon  substrates  is  expected  to 
be  an  important  development  from  the  prospective  of  monolithic  integration  of  nitride-based 
electronic  and  opto-electronic  devices  with  silicon  VLSI  technology.  Although  there  have 
been  reports  of  the  growth  of  GaN  directly  on  silicon  substrates,  we  judged  that  a  SiC 
buffer  layer  deposited  on  the  silicon  wafer  would  improve  the  GaN  crystallinity  because  of 
the  chemical  proximity  of  SiC  with  Silicon  and  its  close  lattice  matching  with  GaN.  For  the 
first  time,  supersonic  jet  epitaxy  was  used  to  grow  epitaxial  films  of  3C-SiC  on  silicon. 

The  cubic  phase  silicon  carbide  buffer  layer  was  grown  on  silicon(lll)  substrates 

utilizing  SiH2Cl2  and  C2H2  in  the  supersonic  jet  epitaxy  system  at  around  800°C.  The  p- 
SiC  layer  is  estimated  to  be  300-500  A  thick  by  the  interference  fringes.  The  X-ray  0-20 
scan  curve  of  the  P-SiC/Si(l  1 1)  template  was  shown  in  Fig.4.  The  only  diffraction  peak 


Fig.  3,  0-20  scan  of  the  GaN  grown  on  (0001)  Fig.4,  Single  crystal  P-SiC  film  grown 
Si-face  6H-SiC  substrate.  on  Si(l  1 1)  with  (111)  peak  at  35.6°. 
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coming  from  the  SiC  layer  in  this  scan  is  at  20=35.6°,  which  indicates  that  the  SiC  film 
grown  on  Si(l  1 1)  substrate  is  cubic  single  crystal  with  (1 1 1)  orientation  peak.  The  peak  at 
35.6°,  which  is  attributed  to  P-SiC  (111)  diffraction,  is  shifted  to  a  larger  angle  by  strain. 

A  gallium  nitride  layer  was  grown  on  this  P-SiC  coated  Si  (111)  substrates  by 
supersonic  jet  MOCVD  at  630  C  with  a  growth  rate  of  0. 1  p/hr.  The  resulting  GaN  layer 
had  smooth  and  shiny  surface  morphology.  The  X-ray  0-20  scan  is  shown  in  Fig.5, 
which  demonstrates  that,  beside  the  silicon  (111)  peak  at  28.9°,  there  are  only  wurtzite 
structure  GaN  peaks  at  34.8°(002)  and  73.1°(004).  This  proves  that  single  crystal  GaN 
film  can  be  grown  on  the  cubic  SiC  coated  on  a  silicon  (11 1)  substrate  by  supersonic  jet 
MOCVD.  We  attempted  to  grow  GaN  directly  on  Si  (100)  substrates  by  SSJE,  but 
resultant  films  were  polycrystal  or  even  amorphous  using  the  same  growth  conditions. 

Effect  of  V/ni  Ratio  on  Electrical  Properties  of  GaN  Grown  on  C-AI2Q3 

To  investigate  the  effect  of  V/III  ratio  on  GaN  electrical  properties  in  the  SSJE,  the  V/III 
ratio  has  been  systematically  changed  and  Hall  measurements  were  carried  out  on  GaN 
samples  grown  on  c-plane  sapphire  substrates.  The  relationship  between  the  nominal  V/III 
ratios  and  the  product  of  electron  concentration  and  mobility  is  given  in  table  1.  The 
monotonic  decrease  of  the  product  with  the  increasing  of  the  nominal  V/III  ratio  is  the 
evidence  of  change  of  nitrogen  vacancy  density  with  V/III  ratio.  The  rather  high 
conductivity  suggests  that  the  TEG  delivery  by  supersonic  jet  is  efficient  and  the  delivery 
rate  of  the  activated  nitrogen  is  the  limiting  factor  for  the  GaN  films. 


Table  I,  Relative  nommal  V/III  ratio  vs  product  of  electron  concentration  and  mobility  for 
the  wafers  grown  by  supersonic  jet  epitaxy. _ _ 


relative  nominal  V/III  ratio 

n  X  14.  (/cm-V-s) 

ssj-6 

1.00 

ssj-8 

0.50 

4.7  X  1020  1 

ssj-9 

0.33 

ssj-10 

1.00 

1.8x1020 

Preliminary  Device  Chameterization 


A  preliminary  junction  diode  was  prepared  and  characterized.  The  starting  substrate 


Fig.5,  0-20  scan  of  GaN  grown  on  3C-  Fig.6,  Current- voltage  characteristics  of 
SiC/Si(l  1 1)  template  by  SSJE  N-GaN/3C-SiC/P~Si  diode. 
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was  p-type  silicon.  A  buffer  layer  of  3C-SiC  was  deposited  by  supersonic  jet  epitaxy  on 
the  Si  wafer,  and  a  GaN  layer  was  subsequently  deposited  also  using  the  SSJE  technology. 
Square  samples  of  0.1  cm^  area  were  cleaved  from  the  wafer  and  Ohmic  contacts  were 
made  on  both  sides  of  the  chip  using  an  InHg  alloy.  The  current- voltage  characteristics  of 
the  diodes  were  measured.  A  correction  was  made  for  the  contact  resistance  which  allowed 
us  to  separate  the  applied  voltage  into  a  resistive  and  a  diode  junction  component.  The 
corrected  I-V  curve  is  plotted  in  Fig,  6.  The  device  shows  very  hard  rectifying  behavior, 
supporting  100  volts  of  reverse  bias  without  breaking  down.  This  is  a  p-n  junction  between 

p-type  Si  and  n-type  GaN  mediated  by  thin  n-type  p-SiC  buffer  layer.  The  good  rectifying 
characteristics  suggest  that  the  hetero-junction  interface  is  high  quality. 

CONCLUSIONS 

Supersonic  jet  epitaxy  is  an  improved  growth  method  of  Ill-nitride  wide  bandgap 
semiconductors.  A  supersonic  nozzle  with  lOOp  diameter  hole  in  a  0.005"  thin  stainless 
steel  end  plate  of  a  1/4"  O.D.  stainless  steel  tubing  produced  a  gas  velocity  of  1.4X105cm/s 
when  it  is  expanded  from  250Torr  pressure  at  room  temperature.  By  seeding 
triethylgallium  in  helium  carrier  gas,  the  metalorganic  molecules  in  the  supersonic  jet  stream 
attained  a  kinetic  energy  of  1.6  eV.  The  quasi-monochromatic  high  kinetic  energy  of  the 
reactant  molecules  impinging  on  the  substrates  effectively  reduced  the  growth  temperature 
of  GaN  films.  Reducing  the  growth  temperature  of  GaN  is  expected  to  be  critical  for 
decreasing  the  density  of  nitrogen  vacancies.  Single  crystalline  GaN  films  were  grown  at 
temperatures  of  600-670°C  on  Si-face  6H-SiC  as  well  as  on  c-plane  sapphire  substrates  by 
supersonic  jet  epitaxy.  A  high  quality  wurtzite  GaN  layer  was  grown  at  a  temperature  as 
low  as  630°C  on  a  cubic  silicon  carbide  coated  Si(lll)  template  by  SSJE.  The  3C-SiC 
buffer  layer  on  Si(l  1 1)  wafer  was  also  grown  by  SSJE  using  SiH2Cl2  and  C2H2  seeded 
in  He  at  a  growth  temperature  as  low  as  800°C.  The  high  quality  of  the  materials  grown  by 
the  SSJE  was  demonstrated  by  the  preliminary  N-GaN/|3-SiC/P-Si  structure  diode  which 
exhibited  hard  rectifying  characteristics  with  more  than  lOOV  reverse  breakdown  voltage. 
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ABSTRACT 

The  current  approach  of  depositing  a  low  temperature  then  annealed  AIN  or  GaN 
buffer  for  the  growth  of  GaN  on  sapphire  results  in  a  high  dislocation  density.  These 
dislocations  thread  through  the  GaN  layer  to  the  surface.  Reducing  their  density  either  by 
growing  thicker  films  or  using  a  strained  layer  superlattice  is  ineffective.  Two  new  approaches 
for  AlN/GaN  buffer  layer  growth  for  GaN  on  sapphire  have  been  employed:  Atomic  Layer 
Epitaxy  (ALE)  and  Molecular  Stream  Epitaxy  (MSE).  ALE  is  distinguished  by  organo- 
metallic/ammonia  separation  while  MSE  is  distinguished  by  cyclic  annealing  of  the  growing 
film.  Both  ALE  and  MSE  enhance  two  dimensional  growth  of  single  crystal  GaN  on 
sapphire.  The  structural  quality  of  epitaxial  GaN  grown  on  these  buffer  layers  was  studied  by 
transmission  electron  microscopy  (TEM)  and  x-ray  diffraction  (XRD).  The  initial  result  for 
the  ALE  buffer  shows  an  improved  quality  GaN  film  with  lower  defect  densities.  The  MSE 
grown  buffer  layer  closely  resembles  that  of  conventionally  grown  MOCVD  buffer  layers 
observed  by  others,  with  dislocations  threading  through  the  GaN  epilayer.  The  effects  of  these 
buffer  layers  on  the  structural  and  optical  properties  of  GaN  grown  on  sapphire  will  be 
presented. 

INTRODUCTION 

Good  quality  GaN  has  been  grown  by  conventional  MOCVD  and  ECR-assisted  MBE. 
For  GaN/InGaN  grown  on  sapphire  using  an  AlN/GaN  buffer,  the  large  lattice  mismatch  and 
thermal  mismatch  between  GaN  and  sapphire  is  known  to  enhance  three  dimensional 
nucleation  that  may  lead  to  low  angle  grain  boundaries.  The  most  common  buffer  layer  growth 
method  involves  depositing  a  low  temperature  AIN  or  GaN  film  then  anneal  at  1000°C  or 
higher  to  recrystallize  before  depositing  the  GaN  film.  [1-3]. 

This  approach  has  worked  well  and  several  device  structures  including  a  blue  LED 
based  on  the  AlGaN/InGaN/AlGaN  double  heterostructure  was  produced  in  Japan  based  on 
this  buffer  layer  growth  method.  However,  this  method  suffers  from  several  problems.  First, 
the  electrical  properties  of  the  GaN  critically  depend  on  the  thickness  of  this  buffer  layer. 
Second,  the  recrystallization  of  this  buffer  layer  produces  low  angle  grain  boundaries  that 
forms  a  source  of  dislocation  nucleation  and  propagation  to  the  epilayer  surface  with  a  density 
of  cm'^.  And  third,  these  dislocations  can  be  perpendicular  to  the  GaN/buffer  layer 
interface  and  thread  to  the  growing  surface  making  Aeir  reduction  by  dislocation  interaction 
and  annihilation  less  probable. 

In  an  attempt  to  reduce  the  defect  density  of  GaN  grown  on  sapphire  we  report  on  two 
different  approaches  for  the  buffer  layer  growth;  Atomic  Layer  Epitaxy  (ALE)  and  Molecular 
Stream  Epitaxy  (MSE).  These  techniques  can  enhance  two  dimensional  growth  of  the  buffer 
layer  opposed  to  the  three  dimensional  growth  of  the  low  temperature  then  annealed  AIN 
buffer.  Both  techniques  were  developed  by  our  group  in  the  epitaxial  growth  of  GaAs  and 
their  related  compounds.[4-7] 

In  ALE,  the  substrate  rotates  between  two  streams;  one  containing  metalorganics  (MO) 
and  the  second,  NH3,  as  shown  in  Figure  la.  ALE  offers  the  advantage  of  reactant  gas 
separation  thereby  eliminating  gas-phase  reactions  which  can  hinder  high  quality  material 
growth.  The  MSE  process  is  shown  in  Figure  lb  where  the  substrate  rotates  crossing  one 
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stream  containing  both  MO  and  NH3  thus  depositing  a  few  monolayers  per  rotation.  The 
deposited  layer  is  being  annealed  during  the  rest  of  the  cycle  and,  for  example,  for  a  30  rpm 
rotational  speed  growing  by  MSB,  the  growth  time  is  0.2  seconds  followed  by  an  annealing 
time  of  1.8  seconds.  For  conventional  MOCVD,  the  susceptor  is  stationary  and  both  reactant 
gases  flow  over  the  substrate  simultaneously.  Typical  rotation  rates  are  30  to  60  rpm.  The 
design  of  our  reactor  allows  the  growth  of  ni-nitride  thin  films  by  either  conventional 
MOCVD,  MSB,  or  ALB  or  any  combination  of  the  three. 

BXPERIMBNT 

The  nitride  films  are  grown  on  on-axis  (0001)  sapphire.  Prior  to  growth,  the  substrate 
is  cleaned  and  etched  in  H2S04:H202  (1:1)  for  45  minutes  at  120°C.  It  is  then  annealed  at 
1050°C  for  15  minutes  inside  the  reactor  and  then  passivated  with  ammonia  for  1  minute.  The 
layers  are  grown  at  temperatures  ranging  from  550  to  900°C.  Column  HI  reactants  are  TMAl 
(+18°C),  TMGa  (-10°C),  and  BDMIn  (+10°C)  with  flows  varying  from  3-15,  1-8,  and  15- 
120  seem,  respectively.  The  column  V  reactant  is  NH3  with  flows  in  the  range  of  0.5-2  slm. 
The  carrier  and  purge  gases  are  purified  nitrogen.  The  pressure  in  the  growth  chamber  can  also 
be  varied  fi’om  less  than  100  torr  to  atmospheric.  All  samples  grown  are  characterized  by 
double  crystal  x-ray  diffraction  (DCXRD)  and  transmission  electron  microscopy  (TBM)  will 
also  be  used  for  interface  and  microstmctural  analysis.  Photoluminescence  (PL)  will  be  used 
to  assess  the  optical  properties. 

RESULTS 

It  is  well  known  that  a  strained  layer  superlattice  (SLS)  can  be  used  to  suppress 
threading  dislocations  in  zinc-blende  semiconductor  ephayers.  However,  the  threading 
dislocations  in  GaN  films  are  mostly  perfect  edge  type  that  have  slip  planes  of  { iTOO}  type, 
which  require  larger  resolved  shear  stress  to  initiate  glide.  Furthermore,  since  the  strain  field 
introduced  by  the  SLS  is  parallel  to  the  (0001)  growth  plane,  the  resolved  shear  stress  on  the 
{1100}  plane  is  zero.  Therefore,  it  can  be  expected  that,  to  suppress  or  eventually  eliminate 
this  type  of  threading  dislocation  with  a  SLS  could  be  difficult  The  nature  of  these  threading 
dislocations  suggests  that  it  is  important  to  carefully  select  the  thickness,  deposition  parameters 
and  growth  mode  of  the  buffer  layer  to  minimize  or  avoid  formation  of  the  edge  type 
dislocation  in  the  IQ-nitride  films. 


Ammonia 


Figure  la.  Schematic  drawing  of  the  Figure  lb.  Schematic  drawing  of  the 

susceptor  and  gas  flow  locations  for  the  susceptor  and  gas  flow  locations  for  MSB 

ALE  growth  method.  and  MOCVD  growth  methods. 


308 


In  this  work  we  have  studied  the  effect  of  the  buffer  layers  grown  by  MSE  and  ALE 
on  the  crystalline  quality  and  defect  densities  of  the  grown  GaN  films.  The  objective  is  to 
enhance  two  dimensional  growth  of  a  single  crystal  buffer  layer  at  lower  growth  temperatures. 
Lower  growth  temperatures  reduce  the  effect  of  the  thermal  mismatch  between  the  grown 
layers  and  the  substrate.  The  two  dimensional  growth  will  enhance  the  lattice  mismatch  relief 
by  forming  misfit  dislocations  that  are  parallel  to  the  interface  between  the  buffer  layer  and  the 
substrate.  We  studied  the  effect  of  the  growth  parameters  of  the  buffer  layer  such  as  the  gas 
flows,  growth  temperature  and  the  reactor  pressure  on  the  crystalline  quality  of  the  grown 
films. 

To  compare  the  effect  that  the  buffer  layer  has  on  the  GaN  film,  buffer  layers  grown  by 
MSE  and  ALE  were  observed  in  cross-sectional  TEM  (XTEM).  For  all  samples  the  substrate 
was  (0001)  sapphire  and  the  GaN  on  the  buffer  was  grown  by  conventional  MOCVD  at 
900°C.  The  GaN  films  are  single  crystalline  as  determined  by  x-ray  diffraction  and  selected 
area  diffraction  in  the  TEM. 

ALE  Grown  Buffer  Laver 

GaN  fUms  on  ALE  grown  buffer  layers  show  a  significant  reduction  in  the  density  of 
threading  dislocations;  in  the  low  10®  range.  Figure  2  shows  the  microstructure  of  a  thin  GaN 
film  (~0.3  pm)  grown  at  750°C  on  a  3.5  nm  AIN  buffer  layer  deposited  at  700°C  and  100  torr 
by  ALE.  The  quality  of  this  film  is  reflected  in  the  FWHM  of  130  arc  seconds  obtained  by 
DCXRD  and  shown  in  Figure  3.  (The  absence  of  the  (0002)  AIN  peak  is  due  to  the  thinness 
of  the  film.)  It  should  be  noted  that  this  130  arcsec  FWHM  is  for  a  film  which  is  less  than  the 
thickness  required  (0.4  pm)  for  obtaining  significant  dislocation  interaction  and  reduction.  An 
even  lower  FWHM  would  be  observed  for  the  same  film  grown  thicker  (1.0  pm  or  greater). 
PL  analysis  indicates  a  sharp  GaN  band  edge  peak  at  368  nm  with  no  deep  level  peaks 
observed. 


Figure  2.  XTEM  micrograph  of  GaN  grown  on  (0001)  sapphire  at  900°C  by  MOCVD 
buffered  by  an  AIN  layer  grown  at  700°C  and  100  torr  by  ALE. 
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Figure  3.  DCXRD  of  MOCVD  GaN  epilayer  on  a  700°C/100  torr  ALE  AIN  buffer  with 
(0001)  sapphire  as  the  substrate. 

There  are  several  features  observed  in  films  grown  on  ALE  buffer  layers.  First,  the 
layers  grow  by  two  dimensional  growth  modes  as  single  crystals  at  lower  temperatures  with 
thicknesses  as  small  as  2  nm.  Second,  the  lattice  mismatch  between  the  buffer  layer  and  the 
sapphire  substrate  is  mainly  relieved  by  forming  misfit  dislocations  at  the  buffer/substrate 
interface.  Figure  4  illustrates  these  interfacial  misfit  dislocations.  These  misfit  dislocations  are 
in  contrast  under  two  beam  diffraction  conditions  where  the  operating  g- vector  is  a  basal  plane 
vector  and  are  not  observed  under  g  =  [0002],  This  indicates  that  these  misfit  dislocations  are 
perfect  dislocations  of  the  1^<1 120>  type.  From  the  diffraction  contrast  in  the  figure,  these 
dislocations  are  parallel  to  the  interface  which  is  the  favorable  conditions  for  relieving  lattice 
mismatch  in  these  materials. 


Figure  4.  XTEM  micrograph  of  MOCVD  GaN  grown  on  an  ALE  AIN  buffer  all  on  a 

sapphire  subtrate  showing  strain  contrast  fringes  at  the  buffer/substrate  interface 
indicating  misfit  strain  relief  by  the  formation  of  interfacial  misfit  dislocations. 
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Figure  5  shows  a  XTEM  brightfield  micro^aph  of  GaN  grown  on  an  AIN  buffer  layer 
deposited  at  900®C/100  torr  by  MSE.  Threading  dislocations  of  the  same  order  of  magnitude 
seen  in  conventional  buffer  layer  growth  methods  are  observed  as  a  result  of  the  misfit  strain 
caused  by  the  mismatch  between  the  epilayer  and  substrate  lattices,  and  low  angle  grain 
boundaries.  The  defect  density  is  highest  at  the  GaN/buffer  layer  interface  and  decreases  with 
increasing  thickness  of  the  GaN  layer  as  observed  by  others.[8]  The  DCXRD  FWHM  for 
films  grown  on  these  buffer  layers  are  as  low  as  510  arc  seconds  as  shown  in  Figure  6. 
However,  this  mode  of  growth  has  not  been  fully  optimized. 


Figure  5.  XTEM  micrograph  of  MOCVD  GaN  on  (0001)  sapphire  buffered  by  an  AIN 
layer  grown  at  900°C  and  700  torr  by  MSE. 


DCXRD  of  MOCVD  GaN/MSE  AIN  buffer  on  a  (0001)  sapphire  substrate. 


Figure  6. 


CONCLUSIONS 


The  results  of  several  studies  into  the  effect  the  buffer  layer  has  on  the  quality  of  GaN 
films  has  been  presented.  The  ALE  buffer  layer  growth  technique  offers  a  promising 
alternative  to  the  commonly  used  low  temperature/annealed  technique.  The  MSE  buffer  layer 
growth  technique  has  comparable  crystal  quality  to  the  more  commonly  used  technique. 
Optimization  of  the  growth  conditions  help  in  obtaining  good  quality  buffer  layers  as  well  as 
studying  the  optimum  thickness  and  its  effect  on  the  dislocation  density,  microstructure, 
electrical  and  optical  properties  of  device  quality  GaN  and  InGaN  films. 
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ABSTRACT 

The  epitaxial  layers  of  AIN  and  GaN  were  grown  on  Si  and  Sapphire  substrate  at  a 
relatively  low  temperature  of  around  500  “C  using  the  process  of  reactive  ion  beam 
assisted  deposition.  The  optimum  ion  beam  energy  for  epitaxial  growth  of  AIN  and  GaN 
films  was  found  to  be  about  50  eV.  Characterization  of  the  epitaxial  layers  was  carried 
out  by  GID  (Grazing-Incidence  x-ray  Diffraction)  and  high  resolution  TEM  observation. 
The  orientational  relations  between  epitaxial  layer  and  substrate  were  determined  through 
these  analysis.  Very  thin  amorphous  layers  were  observed  at  the  interfaces  of  both  AIN 
and  GaN  films  grown  on  Si(lll)  substrate,  whereas  the  films  grown  on  Sapphire 
substrate  has  no  amorphous  layer.  The  amorphous  layer  may  act  as  a  buffer  layer 
enabling  the  growth  of  the  epitaxial  layers  of  AIN  and  GaN  by  relaxing  the  misfit  strain 
in  the  early  growing  stage. 

INTRODUCTION 

Recently  epitaxial  growth  of  ni-V  nitrides  with  a  wide  band-gap  has  been  paid  much 
attention  for  their  potential  importance  on  opto-electronic  devices  operating  in  the 
blue-ultraviolet  wavelength  region.  Among  these  nitrides,  wurtzite  structured  AIN  and 
GaN  have  outstanding  properties,  such  as  an  excellent  chemical  stability  at  high 
temperature  and  high  ultrasonic  and  electron  velocity.  These  properties,  combined  with 
their  wide  band-gap  (6.2^  and  3.4  eV^,  respectively),  make  AIN  and  GaN  excellent 
candidates  for  high  temperature  and  high  power  electronic  applications.  Futhermore,  AIN 
and  GaN  are  reasonably  well  lattice  matched  (2.4  %  difference)^,  which  leads  to  a  good 
hetero-epitaxial  structure  between  the  two  materials  and  high  performance  in  band-gap 
design  by  forming  the  nitride  alloys.  However,  the  application  of  these  nitride  films  to 
opto-electronic  devices  has  been  restricted  by  the  difficulties  in  obtaining  high  quality 
hetero-epitaxial  films.  Various  kinds  of  crystal-growth  techniques,  substrate  types,  and 
orientations  have  been  tried  in  an  effort 
to  grow  high  quality  nitride  films,  but 
they  usually  require  a  high  growth 
temperature  of  over  1000 1C  and  yield  an 
unsatisfactory  film  quality.  In  recent 
times,  newer  Molecular  Beam  Epitaxy 
(MBE)”*’^  techniques  assisted  by  the 
activated  nitrogen  sources  such  as 
Electron  Cyclotron  Resonance  (ECR)  and 
Kaufman-type  ion  source,  have  made  a 
great  improvement  in  film  quality, 
despite  the  lack  of  an  ideal  substrate 
material  that  is  well  lattice  and 
thermally  matched  to  AIN  and  GaN. 

In  this  work,  the  AIN  and  GaN  films 
were  grown  on  Si(lll)  and 
Sapphire(0002)  substrates  using  the 
technique  of  ion-beam-assisted  deposition 
(IB  AD).  Low  temperature  epitaxial 
growth  of  these  nitride  films  has  been  Figure  1.  Schematic  diagram  of  IBAD  system. 
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tried  by  controlling  the  energy  and  flux  of  ion  beam.  In  addition,  the  interface  structure 
and  crystallographical  properties  of  AIN  and  GaN  epitaxial  layers  grown  on  Si  and 
sapphire  substrates  were  investigated  by  XRD  (X-Ray  Diffraction)  and  TEM  (Transmission 
Electron  Microscopy)  analysis. 

EXPERIMENTS 

Figure  1  shows  a  schematic  diagram  of  the  experimental  apparatus.  Metal  vapor  was 
supplied  by  magnetron  sputtering  or  thermal  evaporation  through  the  lab-made  effusion 
cell.  In  case  of  Al,  both  methods  were  employed.  Ga  flux  was  supplied  solely  by 
thermal  evaporation  due  to  it’s  low  melting  point  (27  °C)^.  The  flux  of  metal  vapor  was 
precisely  measured  through  a  quartz  oscillator  and  controlled  in  a  range  of  3  x  10^“  -  8  x 
10''*  atoms/cm^  •  sec.  Reactive  nitrogen  ions  were  provided  by  a  Kaufean-type  ion  source 
with  a  beam  diameter  of  3  cm.  The  beam  energy  was  controlled  under  the  value  of  100 
eV  and  the  flux  of  ions  varied  over  the  range  of  5  X 10^*  -  3  X  10*^  ions/cm  •  sec., 
which  was  measured  by  ball  type  ion  probe.  The  reaction  chamber  was  evacuated  with  a 
turbomolecular  pump  down  to  a  base  pressure  of  2  X  10'^  Torr.  The  operating  pressure 
for  thermal  evaporation  and  sputtering  were  maintained  at  2  X  lO'"*  and  6  X  lO  '*  Torr, 
respectively.  A  substrate  was  generally  pretreated  using  acetone,  deionized  water,  and 
alcohol  and  then  pre-sputtered  with  Ar  ions.  In  case  of  the  Si  substrate,  the  deoxidazing 
process  with  10  %  HF  solution  was  included. 

The  composition  and  bonding  characteristics  of  films  were  investigated  by  X-ray 
photoelectron  spectroscopy  and  Auger  electron  spectroscopy.  To  characterize  the  epitaxial 
structure  of  AIN  and  GaN  films,  high  resolution  TEM  and  XRD  analyses  including 
grazing-incidence  X-ray  diffraction  (GID)^’®  were  carried  out.  For  the  analysis  of  GID,  a 
rotating  anode-type  X-ray  generator  with  10  KW  and  4-circle  goniometer  were  used. 

RESULTS  AND  DISCUSSION 

The  AIN  films  synthesized  by  ion-assisted  deposition  show  various  crystallographical 
properties  from  amorphous  to  single-crystalline  epitaxial  structure  according  to  the  ion 
beam  conditions  and  substrate  temperatures.  TTie  optimum  conditions  of  ion  beam  energy 
and  arrival  ratio  of  nitrogen  to  Al  atoms  for  epitaxial  growth  of  AIN  were  found  to  be 
50  eV  and  1.5  (current  density  of  0.25  mA  •  cm'^,  deposition  rate  of  1.2  A  •  s* 
respectively.  Figure  2  shows  high  resolution  cross-sectional  TEM  micrograph  and 


O  Si 
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Figure  2.  (a)  Cross-sectional  view  high-resolution  TEM  micrograph  and  (b)  diffraction 
patterns  for  AIN  epitaxial  layer  grown  on  Si(lll)  substrate. 
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Si  direction  diffraction  patterns  of  AIN  epitaxial  layer 

[112]  [loi]  [121]  [lio]  [2ii]  grown  on  Si(lll)  plane  at  a  temperature 

I _ I _ ^ _ i _ I  of  450  IC.  As  shown  in  the  micrograph, 

the  AIN  film  has  a  well-developed 

epitaxial  stmcture  only  containing  small 

crystallographical  defects  such  as  an 

anti-phase  domain  boimdary  and  a  very 
^  thin  amorphous  layer  of  about  30  A 

§  thickness  at  interface.  The  measured 

’§  value  of  the  interplanar  spacing  of  the 

^  film  is  2.50  A  and  in  good  agreement 

■g  with  the  ASTM  value  of  2,489  A  for 

S  (0002)  interplanar  spacing  of  bulk  AIN 

►S  crystal.  The  amorphous  layer  observed  at 

the  interface  between  AIN  epitaxial  layer 

-80  -60  -40  -20  0  20  40  60  80  gf  depth  profile  at  the  region  of 

®  interface.  Although  the  chemistiy  of  this 

Figure  3.  GID  ty -scan  data  for  (lOTO)  clarified  at  the 

diffraction  of  AIN  epitaxial  layer  grown  on  tnornent,  most  of  the  ^orphous  layer 

Si(lll)  substrate  might  be  considered  to  be  composed  of 

aluminium  nitride.  In  an  early  stage  of 
film  growth,  the  irradiation  of  the  nitrogen  ion  beam  causes  surface  disordering  of 

silicon,  which  is  known  to  have  a  very  unstable  surface  structure,  to  depth  of  a  few 
monolayers.  The  disordered  surface  of  silicon  may  act  as  a  seed  layer  for  growing  an 
amorphous  layer  of  AIN  near  the  interface.  However,  the  amorphous  layer  at  the 
interface  plays  a  very  important  role  in  growing  the  epitaxial  layer  by  releasing  the 

misfit  strain  between  Si  (111)  and  A1N(0002)  planes.  Due  to  this  buffer  layer,  the  AIN 
film  can  grow  epitaxially  avoiding  the  harm  of  residual  stress,  despite  the  large  lattice 
mismatch  of  about  23 

The  selected  area  diffraction  (SAD)  pa^m  (Fig.  2b)  obtained  from  the  whole  area  of 
film  and  substrate,  shows  that  the  [  2110]  zone  axis  of  AIN  epitaxial  layer  is  well 
aligned  to  the  direction  of  the  Si[110]  zone  axis.  This  result  implies  a  specific 
orientational  relationship  between  the  epitaxial  layer  and  substrate.  Conventional  XRD  and 
GID  analyses  were  carried  out  for  quantifying  the  crystallographical  properties  of  the 
AIN  epitaxial  layer.  The  anisotropy  of  the  epitaxial  layer  _parallel  to  the  surface  was 
investigated  by  GID  o)  scan  as  shown  in  Fig.  3,  The  (1010)  diffraction  peaks  of  AIN 
have  very  narrow  width  and  appear  at  60®  intervals  due  to  the  6-fold  symmetry  of  the 
hexagonal  structure.  This  result  indicates  that  the  epitaxial  layer  has  a  nearly  perfect 
single-crystallinity  with  extremely  low  orientational  spread  in  direction  parallel  to  the 
surface.  Moreover,  the  direction  of  the  diffraction  planes  perfectly  coincide  with  those  of 
the  crystal  planes  of  the  Si  substrate  as  noted  at  the  upper  side  of  Fig.  3.  From  the 
results  of  GID  and  electron  diffraction  in  Fig.  2b,  one  can  easily  identify  the 
orientational  relationship  between  AIN  epitaxial  layer  and  Si  substrate  as  follows; 


A1N(0001)//Si(lll),  and  A1N[  2110]  //Si[  110]  . 


The  existence  of  this  orientational  relationship  implies  that  the  lattice  information  of 
the  Si  substrate  has  a  direct  influence  on  the  growth  mechanism  of  AIN  epitaxial  layer 
in  spite  of  the  existence  of  the  amorphoiis  interlayer.  This  interesting  phenomenon  has 
been  reported  in  several  studies  on  hetero-epitaxial  structure  of  Gal^'^ .  However,  the 
transport  mechanism  of  the  lattice  information  through  an  amorphous  interlayer  is  not 
clarified  yet. 

Microstrains  of  the  epitaxial  layer  at  both  directions  of  surface  normal  and  parallel 
were  evaluated  by  the  interplanar  spacing  of  AIN(IOIO)  and  ((XX)1)  planes  obtained  from 
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Figure  4.  (a)  Cross-sectional  view  high-resolution  TEM  micrograph  and  (b)  diffraction 
patterns  for  AIN  epitaxial  layer  grown  on  sapphire(0002)  substrate. 

the  results  of  6-2  0  scan  of  GID  and  conventional  XRD.  The  calculated  values  of 
microstrain  were  found  to  be  e  ^  =-0.36  %  and  e  ||  =  +  0.12  %,  respectively.  This  result 
indicate  that  extremely  low  compressive  stress  remains  in  the  AIN  epitaxial  layer. 

Figure  4  shows  a  cross-sectional  TEM  micrograph  and  diffraction  patterns  of  AIN 
epitaxial  layer  on  sapphire(0002)  plane.  In  contrast  to  the  case  of  the  Si  substrate,  the 
epitaxial  layer  grown  on  sapphire  has  no  amorphous  interlayer.  The  orientational 
relationship  between  the  epitaxial  layer  and  the  sapphire  substrate  obtained  from  the 
diffraction  patterns  and  the  results  of  GID  co  scan  shown  in  Fig.  5,  was  found  to  be  as 

follows:  _ 

A1N(0002)//  Q'-Al203(0002),  and  A1N[  lOTO]  2TT0] 

However,  the  diffraction  peak  in  GID  w 
scan  results  is  broader  than  the  case  of 
the  Si  substrate.  As  mentioned  above, 
the  line  broadening  in  GID  co  scan  is 
directly  related  to  the  orientational  spread 
of  the  epitaxial  layer.  The  degree  of 
orientational  spread  for  AIN  epitaxial 
layer  grown  on  sapphire  was  found  to 
be  about  3°  in  directions  both  normal 
and  parallel  to  the  surface,  which  was 
much  larger  than  the  case  of  Si  substrate 
as  shown  in  Fig.  3.  From  the  results  of 
GID  CO  scan,  it  can  be  concluded  that 
the  quality  of  epitaxial  layer  grown  on 
sapphire  substrate  is  slighdy  inferior  to 
that  grown  on  Si(lll).  The  quality 

deterioration  of  epitaxial  layer  may 
result  from  the  residual  stress  employed 
in  the  film.  The  crystallographical 
_  parameters  of  AIN  epitaxial  layer  grown 

Figure  5.  GID  ty-scan  data  for  (1010)  on  sapphire  measured  by  X-ray 

diffraction  of  AIN  epitaxial  layer  grown  on  diffraction  are  listed  in  Table  1. 

sapphire(0002)  substrate.  Microstrains  in  the  epitaxial  layer  are 
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Table  1,  Crystallographical  parameters  of  AIN  epi-layer  grown  on  Al203(0001) 


Diffraction  Mode 

XRD 

GID 

Diffraction 

A1N(0002) 

AIN(IOIO) 

Bragg  angle,  2  0 

2  01=  35.68° 

20,1  =  33.60° 

d  -  spacing 

di  =  2.5163A 

d„  =  2.6672  A 

Lattice  strain,  e 

e  1  =  +1.07% 

e  1,  =  -1.01  % 

,  .  2  1/2 
rms  microstrain,  <  e  > 

<£^>^1  =5.39X10'^ 

=  4.54X10*^ 

Orientational  spread 

(Acy)i  =  3.02° 

(Ac;),,  =  2.92° 

[10T0]  f  [121] 
AIN 


I  [12 

I  Si 


o  o  o 

•  •  •  • 

o*  ©  •© 
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(b)  AIN  I  Sapphire  O  Sapphire 

•  •  •  O  SI 
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Figure  6.  Lattice  mismatch  and  orientational  relations  (a)  between  A1N(0002)  and 
Si(lll),  (b)  between  A1N(0002)  and  sapphire (0002). 

5-10  times  greater  than  the  case  of  the  Si  substrate,  indicating  a  significant  effect  of 
compressive  stress  on  epitaxial  growth  of  AIN  film.  Figure  6  shows  the  schematic  lattice 
configurations  of  AIN  epitaxial  layer  with  respect  to  the  two  substrates  of  Si(lll)  and 
sapplure(0002).  As  a  conclusion,  the  AIN  filrn  grown  on  Si(lll)  has  a  well-developed 
epitaxial  structure  as  a  result  of  the  release  of  th  misfit  strain  by  the  amorphous 
interlayer,  whereas  the  film  on  sapphire(0002)  has  relatively  poor  quality  in  epitaxial 
stmcture  due  to  the  coherent  strain  between  film  and  substrate  despite  smaller  lattice 
mismatch  of  about  13  %  than  that  between  AIN  and  Si  substrate  as  shown  in  Fig.  6. 

A  hexagonal  GaN  has  an  identical  lattice  structure  and  nearly  the  same  lattice  constant 
as  AIN.  Due  to  the  extremely  small  discrepancy  in  lattice  constant  between  the  two 
matenals(AaGaN=3.189  A,  AaAiN=3.112  A)^  the  growing  trend  of  GaN  epitaxial  layers 
on  Si(lll)  substrates  is  very  similar  to  that  of  AIN  as  shown  in  Fig.  7.  The  optimum 
ion  beam  energy  for  epitaxial  growth  of  GaN  film  was  equal  to  that  of  AIN  film(50 
eV).  The  optimum  arrival  ratio,  however,  was  nearly  twice  greater  at  the  growth 
temperature  of  500  1C.  The  high  resolution  TEM  micrograph  of  the  epitaxial  GaN  film 
also  shows  a  thin  amorphous  interlayer  of  about  30  A  thickness  at  interface  and  verifies 
the  GaN  epitaxial  layer  to  be  a  very  good  single  crystalline  nature.  The  orientational 
relation  obtained  from  SAD  patterns  in  Fig.  7,  is  also  equal  to  that  between  AIN 
epitaxial  layer  and  Si(lll)  substrate,  and  is  as  follows: 

GaN(0001)//Si(lll)  and  GaN[  2lT0]  //Si[  lIO]  . 
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Figure  7.  (a)  Cross-sectional  view  high-resolution  TEM  micrograph  and  (b)  diffraction 
patterns  for  GaN  epitaxial  layer  grown  on  Si(lll)  substrate. 

SUMMARY 

Low  temperature  growth  of  AIN  and  GaN  epitaxial  films  on  both  substrates  of 
Si(lll)  and  sapphire(0002)  could  be  successfully  achieved  by  the  process  of  reactive  N2* 
ion  beam  assisted  deposition  at  the  temperature  of  around  500  U.  The  optimum  beam 
energy  of  Nz^  ions  was  found  to  be  50  eV  for  both  films  of  AIN  and  GalN  irrespective 
of  the  substrates. 

Based  on  TEM  and  GID  analyses,  three  types  of  orientational  relations  between 
epitaxial  layers  and  substrates  were  determined  as  follows; 

A1N(0002)//Si(lll),  A1N[  2110]  //SU  llo]  ,  _ 

AlN(0002)//fr-Al203(0002),  A1N[  1010]  lla-A\0^[  2110]  ,  and 
GaN(0002)//Si(lll),  GaN[  2110]  //Si[  iTo]  . 

In  case  of  the  Si(lll)  substrate,  very  thin  amorphous  layers  were  found  at  the 
interfaces  for  both  AIN  and  GaN  films,  wheres  there  was  no  amorphous  layer  between 
AIN  film  and  sapphire  substrate.  The  amorphous  layers  at  interface  might  act  as  a  buffer 
layer  for  epitaxial  growth  by  releasing  the  misfit  strain.  Due  to  the  buffer  layer  die 
quality  of  epitaxial  layers  grown  on  Si(lll)  substrate  was  superior  to  that  grown  on 
sapphire(0002),  despite  the  larger  lattice  mismatch. 
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ABSTRACT 

Highly  oriented  aluminum  nitride  (0001)  films  have  been  grown  on  Si (001)  and  Si(lll) 
substrates  at  temperatures  between  550°  C  and  775°  C  with  dual  supersonic  molecular  beam 
sources.  Triethylaluminum  (TEA;[(C2H5)3A1])  and  ammonia  (NH3)  were  used  as  precursors. 
Hydrogen,  helium,  and  nitrogen  were  used  as  seeding  gases  for  the  precursors,  providing  a 
wide  range  of  possible  kinetic  energies  for  the  supersonic  beams  due  to  the  disparate  masses 
of  the  seed  gases.  Growth  rates  of  AIN  were  found  to  depend  strongly  on  the  substrate 
orientation  and  the  kinetic  energy  of  the  incident  precursor;  a  significant  increase  in  growth 
rate  is  seen  when  seeding  in  hydrogen  or  helium  as  opposed  to  nitrogen.  Growth  rates  were 
2-3  times  greater  on  Si(OOl)  than  on  Si(lll).  Structural  characterization  of  the  films  was 
done  by  reflection  high  energy  electron  diffraction  (RHEED)  and  x-ray  diffraction  (XRD). 
X-ray  rocking  curve  (XRC)  full-width  half-maxima  (FWHM)  were  seen  as  small  as  2.5°. 
Rutherford  back  scattering  (RBS)  was  used  to  determine  the  thickness  of  the  films  and 
their  chemical  composition.  Films  were  shown  to  be  nitrogen  rich,  deviating  from  perfect 
stoichiometry  by  10%-20%.  Surface  analysis  was  performed  by  Auger  electron  spectroscopy 
(AES). 

INTRODUCTION 

Aluminum  nitride  is  a  promising  candidate  for  use  as  a  high  energy  photon  emitter 
and  solar-blind  photodetector  due  to  its  large  direct  bandgap  [1].  It  also  holds  promise 
as  a  barrier  material  in  microelectronics  applications.  The  majority  of  the  growth  studies, 
motivated  by  the  photo-coupling  applications,  have  been  on  sapphire  [2].  Using  aluminum 
nitride  as  a  barrier  material,  however,  requires  high  quality  growth  on  silicon  substrates 
in  order  to  find  use  in  the  majority  of  current  microcircuitry  technologies.  Direct  epitaxy 
of  AIN  on  silicon  is  complicated  by  the  large  lattice  mismatch  (23%)  causing  AIN  films  to 
have  high  dislocation  densities  and  broad  XRD  features.  It  has  been  shown  that  epitaxial 
hexagonal  aluminum  nitride  can  be  grown  on  silicon  with  orientations  of  AlN(0001)||Si(001) 
[3],  AlN(0001)|lSi(lll)  [4],  AlN(0110)||Si(lll)  [5],  and  AlN(1210)!|Si(Il0)  [6].  Studies  on 
the  dependence  of  film  quality  and  growth  rate  on  microscopic  molecular  dynamics  have  not 
been  reported. 

EXPERIMENTAL  PROCEDURE 

Growth  is  performed  on  both  Si (001)  and  Si(lll)  substrates.  Prior  to  insertion  into  vac¬ 
uum,  the  substrates  are  cleaned  in  a  spin-processor.  A  cleaning  cycle  consists  of  degreasing 
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with  ethanol,  oxide  etching  with  a  10%  HF  solution,  and  an  ethanol  rinse.  Immediately 
following  chemical  cleaning,  the  silicon  is  inserted  into  a  load-locked  turbo  pumped  sam¬ 
ple  preparation  chamber  (base  pressure  1x10"^®  Torr).  Further  in  vacuo  cleaning  is  done 
through  3  cycles  of  a  1  keV  neon  sputter  followed  by  a  1000  K  anneal.  AES  is  used  to 
confirm  surface  cleanliness.  RHEED  patterns  taken  at  room  temperature  of  cleaned  Si(lll) 
and  Si (001)  substrates  show  clear  evidence  of  7x7  and  2x1  reconstruction,  further  confirming 
the  extent  of  the  cleanliness. 

Hexagonal  AIN  films  have  been  grown  on  silicon  substrates  using  chemical  beam  epitaxy. 
The  chemical  beams  were  extracted  from  supersonically  expanded  free  jet  sources,  giving  rise 
to  the  name  supersonic  jet  epitaxy  (SJE)  [7].  The  SJE  growth  region  is  comprised  of  two 
differentially  pumped  chambers.  Deposition  takes  place  in  a  LN2  trapped  diffusion  pumped 
growth  chamber  (base  pressure  2x10"^*^  Torr).  A  diffusion  pumped  expansion  chamber  (base 
pressure  1x10“®  Torr)  contains  the  four  nozzles  from  which  the  chemical  gas  sources  super¬ 
sonically  expand.  Each  nozzle  extends  into  the  expansion  chamber  up  to  a  skimmer  mounted 
between  the  expansion  and  growth  chambers.  The  substrate  is  attached  to  a  pyrolitic  boron 
nitride  heating  element  at  the  focal  point  of  th?  four  nozzles.  Each  nozzle  is  titled  15°  with 
respect  to  the  surface  normal.  The  flux  image  cast  on  the  center  of  the  silicon  substrate  has  a 
1  cm  o.d.  Pneumatic  valves  on  each  source  line  allow  for  growth  to  proceed  in  concurrent  jet 
mode  or  pulsed  jet  mode  (referred  to  as  atomic  layer  epitaxy  or  ALE).  Each  ALE  cycle  lasts 
one  minute;  a  cycle  is  defined  as  a  25  second  exposure  of  TEA  to  the  surface  followed  by  a  25 
second  exposure  of  NH3  with  a  5  second  pause  between  each  exposure  during  which  there  is 
no  flow.  In  situ  RHEED  and  optical  reflectivity  characterize  the  growth.  A  20  keV  electron 
beam  is  incident  to  the  surface  at  a  glancing  angle  of  2°  to  produce  a  RHEED  pattern.  A 
He-Ne  laser  (A  =  632.8  nm)  was  used  as  the  optical  source  to  monitor  the  reflectivity  of  the 
surface  of  the  growing  AIN.  The  thickness  of  the  growing  film  can  be  determined  from  the 
number  of  oscillations  the  reflectivity  undergoes  and  the  index  of  refraction  of  AIN.  Elemental 
composition  near  the  surface  was  determined  by  retracting  the  sample  into  the  preparation 
chamber  for  AES  analysis.  Ex  situ  analysis  included  XRD,  RBS,  and  ellipsometry. 

RESULTS  AND  DISCUSSION 

Crystal  Structure 

X-ray  d  —  26  results  indicate  that  all  AIN  films  grown  on  Si(OOl)  and  Si(lll)  crystallize 
in  the  wurtzite  structure  with  the  basal  plane  parallel  to  the  substrate  surface.  6  —  26  plots 
for  AIN  on  Si(OOl)  and  Si(lll)  show  single  AIN  peaks  corresponding  to  A1N(0002).  Samples 
are  tilted  Rrf  1°  during  6  —  26  scans  to  reduce  huge  silicon  peaks  that  may  hide  AIN  peaks  (for 
example  the  Si(OOl)  peak  at  69.1°  can  hide  the  A1N(2000)  peak  at  69.7°).  All  data  reported 
are  taken  from  scans  done  with  no  tilt.  Figure  1  shows  the  XRD  data  for  the  highest  quality 
film  grown  on  Si(OOl).  This  film  was  grown  in  the  concurrent  jet  mode  at  a  temperature 
of  775°  C.  The  26  FWHM  for  the  A1N(0002)  peak  is  0.25°.  The  rocking  curve  is  peaked  at 
oj  =  18°  and  has  a  FWHM  width  of  5.3°.  Figure  2  shows  the  highest  quality  film  grown  on 
Si(lll).  This  film  was  also  grown  in  the  concurrent  jet  mode  at  a  temperature  of  700°  C. 
The  26  FWHM  for  the  A1N(0002)  peak  is  0.27°  and  the  rocking  curve  is  peaked  at  u;  =  18° 
with  a  FWHM  width  of  2.5°.  Crystal  quality,  as  analyzed  by  XRD,  was  found  to  generally 
increase  with  an  increase  in  growth  temperature  over  the  range  of  550°  C  to  775°  C.  Also, 
significantly  narrower  XRC  widths  have  been  seen  for  A1N/Si(lll)  than  for  A1N/Si(100) 
grown  under  similar  conditions. 
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FIG.  1.  0-29  (left)  and  rocking  curve  (right)  scans  for  AIN  on  Si(OOl).  This  390  nm  thick  AIN 
film  was  grown  in  the  concurrent  jet  mode  at  a  temperature  of  775°  C.  The  29  FWHM  is  0.25°  and 
the  rocking  curve  width  is  5.3° 


FIG.  2.  9-29  (left)  and  rocking  curve  (right)  scans  for  AIN  on  Si(lll).  This  290  nm  thick  AIN 
film  was  grown  in  the  concurrent  jet  mode  at  a  temperature  of  700°  C.  The  29  FWHM  is  0.27°  and 
the  rocking  curve  width  is  2.5° 


0.0  00.0  120.0  100.0 
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FIG.  3.  <^scan  performed  at  the  AlN(lOll)  peak  of  the  same  wurtzite  AIN  film  as  shown  in 
Figure  2. 
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FIG.  4.  RHEED  pattern  of  A1N(0002)  surface.  The  RHEED  electron  beam  is  oriented  along 
the  [1010]  AIN  azimuth. 


An  azimuthal  scan  (<^-scan)  was  used  as  a  check  of  the  crystal  quality.  The  film  and 
diffractometer  are  oriented  to  detect  the  AlN(lOll)  29  peak.  The  film  is  then  rotated  around 
its  surface  normal.  The  scan  should  show  a  peak  every  60°,  as  dictated  by  the  hexagonal 
symmetry  of  the  basal  plane  of  the  AIN.  A  (f)-scan  for  the  A1N/Si(lll)  film  that  gave  the 
smallest  rocking  curve  width  is  shown  in  Figure  3.  A  peak  is  clearly  seen  every  60°  as 
expected  for  single  crystal  wurtzite  structure.  No  peaks  are  seen  for  the  same  <?i-scan  on 
A1N/Si(001)  films.  It  is  thus  reported  that  single  crystal  A1N(0002)  has  been  grown  on 
Si(lll)  and  highly-oriented  A1N(0002)  has  been  grown  on  Si(OOl).  RHEED  patterns  are 
seen  to  be  narrow  and  streaky,  giving  confirmation  that  the  films  are  highly-oriented.  A 
typical  RHEED  pattern  is  shown  in  Figure  4. 

Growth  Rate  Dependence  on  Precursor  Kinetic  Energy 

The  major  advantage  to  using  supersonic  jets  as  chemical  sources  is  the  ease  with  which 
and  extent  to  which  the  molecular  kinetic  energy  of  the  gases  can  be  altered.  Effusion  sources 
are  constrained  to  energies  below  1  eV,  whereas  energies  up  to  10  eV  can  be  achieved  using 
supersonic  sources.  This  is  done  through  the  use  of  mixed  gas  seeding  techniques.  For  a 
binary  mixture  that  has  undergone  supersonic  expansion,  the  average  kinetic  energy  per 
molecule  within  the  supersonic  jet  is  given  by 

Ei  =  WiRT,^  (1) 

where 

F(f)  =  E  ITT  IV  =  E  E  =  1 

i=l,2  ^  i=l,2  1=1,2 

and  7  is  the  heat  capacity  ratio  Gp/C^,  W  is  the  molecular  weight,  R  is  the  gas  constant,  X 
is  the  seeding  fraction,  and  T,,  is  the  nozzle  temperature. 

Using  the  approximation  71  fa  72  the  energy  per  molecule  scales  as 


Ei  oc 


W 


(2) 


Note  that  this  ratio  equals  1  for  a  pure  gas  source.  Thus,  in  order  to  increase  the  kinetic 
energy  of  a  gas  source,  the  ratio  Wj/W  needs  to  be  made  greater  than  1.  This  is  accomplished 
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FIG.  5.  Growth  rate  for  AIN  films  on  Si(lOO)  and  Si(lll).  Films  were  grown  in  the  ALE  mode 
on  Si(OOl)  and  in  the  concurrent  jet  mode  on  Si(lll),  all  at  a  substrate  temperature  of  650°  C. 

by  mixing  a  heavy  gas  source  (TEA  or  NH3)  in  a  low  concentration  with  a  lighter  gas  source 
{H2,  He,  or  N2). 

Figure  5  shows  the  variation  in  growth  rate  for  AIN  on  Si(OOl)  and  Si(lll)  for  different 
carrier  gases.  Growth  rates  are  calculated  from  thickness  measurements  made  from  optical 
reflectivity  data  and  confirmed  with  RBS  and  ellipsometry.  It  is  seen  that  the  growth  rate 
increases  as  we  move  to  lighter  carrier  gases,  corresponding  to  greater  precursor  kinetic 
energies.  Growth  temperature  is  kept  constant  throughout  both  series.  Attempts  were  made 
to  keep  the  total  flux  constant  from  growth  to  growth.  Precursor  fluxes  (which  varied  by 
no  more  than  10%)  were  calculated  to  be  3.9x10^^  molecules/cm^/s  for  TEA  and  1.3x10^’ 
molecules/cm^/s  for  for  NH3. 

The  growth  rates  given  correspond  to  concurrent  jet  growth  on  Si(lll)  and  ALE  growth 
on  Si(lOO).  It  is  concluded  that  the  sole  source  of  the  increasing  growth  rates  seen  is  the 
increase  in  kinetic  energy  of  the  precursors.  Growth  rates  are  given  for  various  precursor 
energies  in  Table  I,  The  abrupt  change  in  growth  rate  between  N2  seeded  and  He  seeded 
precursors  suggests  that  an  activation  energy  exists  for  the  chemical  reactions  that  need  to 
occur  for  film  deposition. 

Stoichiometry 

RBS  was  done  on  all  AIN  films  to  determine  stoichiometry  and  thickness.  Data  analysis 
indicates  that  the  A1  to  N  ratio  in  the  films  grown  by  SJE  is  between  1:1.1  and  1:1.25.  These 
ratios  are  higher  than  expected  for  a  III-N  compound  -  most  growth  techniques  are  found  to 
produce  nitrogen  deficient  films  [8].  The  excess  nitrogen  is  believed  to  result  from  the  large 
flux  difference  between  TEA  and  NH3  and  the  low  temperature-low  pressure  (4x10“*^  Torr) 
growth  conditions.  This  result  is  promising  for  using  SJE  to  grow  high-quality  GaN  with 
minimal  N  vacancies;  it  is  believed  that  perfect  stoichiometry  is  attaiiiable  by  changing  the 
relative  flux  of  NH3  with  respect  to  the  organometallic  precursor.  A  better  understanding  of 
the  microscopic  processeses  controlling  growth  rate  and  stoichiometry  is  desired  as  precise 
control  of  layer  thickness  and  composition  is  necessary  for  device  fabrication. 

AES  was  performed  on  all  samples  immediately  following  growth  and  cool-down.  Strong 
aluminum  and  nitrogen  features  are  seen  as  is  a  weak  carbon  signal.  The  carbon  signal 
disappears  after  a  5  minute  1  keV  neon  sputter,  implying  that  the  carbon  is  a  surface 
contaminant  that  originates  during  cool-down.  Exposing  the  AIN  film  to  pure  helium  during 
cool-down  has  shown  to  reduce  the  carbon  contamination  significantly,  usually  to  below  AES 
detection  limit. 
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TABLE  I.  Growth  rates  for  AIN  on  Si(OOl)  and  Si(lll)  as  a  function  of  precursor  energies. 


A1N/Si(001)  T=650'’C  ALE  mode 
TEA  NH3  AIN 


E  (eV) 

seed  gas 

E(eV) 

seed  gas 

growth  rate  (nm/hr) 

0.37 

N2 

0.060 

N2 

<  2.5 

0.37 

N2 

0.205 

He 

<  2.5 

1.85 

He 

0.060 

N2 

22.5 

1.85 

He 

0.205 

He 

35.0 

5.00 

H2 

0.367 

H2 

40.0 

A1N/Si(lll)  T=650®  C  Concurrent  mode 
TEA  NH3  AIN 


E(eV) 

seed  gas 

E  (eV) 

seed  gas 

growth  rate  (nm/hr) 

0.37 

N2 

0.060 

N2 

<  4.0 

1.85 

He  i 

0.205 

He 

38.0 

1.85 

H2  i 

0.367 

H2 

48.0 
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ABSTRACT 

AIN  thin  films  have  been  grown  epitaxially  on  Si(lll)  and  Al203(0001)  substrates  by  pulsed 
laser  deposition.  These  films  were  characterized  by  FITR  and  UV-Visible,  x-ray  diffraction,  high 
resolution  transmission  electron  and  scanning  electron  microscopy,  and  electrical  resistivity.  The 
films  deposited  on  silicon  and  sapphire  at  750-800®C  and  laser  energy  density  of  -  2  to  SJ/cm^  are 
epitaxial  with  an  orientational  relationship  of  A1N[0001]II  Si[lll],  A1N[21  10]llSi[011]  and 
AlN[0001]IIAl203[0001],  A1N[  I  2T0]II  Al2O3[0Tl0]  and  AlN[10l0]  II  Al2O3[2ll0].  The  both 
AIN/Si  and  AIN/AI2O3  interfaces  were  found  to  be  quite  sharp  without  any  indication  of  interfacial 
reactions.  The  absorption  edge  measured  by  UV-Visible  spectroscopy  for  the  epitaxial  AIN  film 
grown  on  sapphire  was  sharp  and  the  band  gap  was  found  to  be  6.1eV.  The  electrical  resistivity  of 
the  films  was  about  5-6xl0i3D-cm  with  a  breakdown  field  of  5xlO^V/cm.  We  also  found  that  the 
films  deposited  at  higher  laser  energy  densities  ^lOJ/cm^  and  lower  temperatures  <650®C  were 
nitrogen  deficient  and  containing  free  metallic  aluminum  which  degrade  the  microstructural, 
electrical  and  optical  properties  of  the  AIN  films 

INTRODUCTION 

Processing  of  high-quality  metal  nitride  thin  films  on  silicon  is  under  intense  investigation 
currently,  because  of  desirable  optoelectronic,  thermal  and  acoustical  properties  [1].  Aluminum 
nitride  (AIN,  having  hexagonal  wurtzite  structure,  lattice  constants  are  a~3.112A  and  c=4.982A), 
with  a  band  gap  of  6.2  eV  and  high  surface  acoustic  wave  (SAW)  velocity  (dxlO^cm/s)  offers 
tremendous  potential  for  UV  light  emitting  and  SAW  devices.  Additionally,  AIN  has  high  theraial 
conductivity  (320  W/mK),  high  thermal  stability  (up  to  2200®Q,  high  resistivity  (lO^^ohm-cm), 
high  dielectric  strength  (14KV/mm)  and  high  chemical  inertness.  Its  hardness  and  thermal 
coefficient  of  expansion  (2.56xlO'®/K)  are  comparable  to  that  of  silicon.  The  above  properties 
make  AIN  an  ideal  candidate  for  applications  in  microelectronics  ranging  from  optoelectronic  and 
high  temperature  devices  to  electronics  packaging.  Various  techniques  have  been  reported  for  the 
synthesis  of  AIN  films.  These  include  chemical  v^r  deposition  (CVD)[2],  metal  organic  CVD 
(MOCVD)  [3],  reactive  dc-magnetron  sputtering  [4],  plasma  assisted  molecular  beam  epitaxy 
(MBE)  [5],  laser  chemical  vapor  deposition  [6]  and  pulsed  laser  deposition  (PLD)  [7-9].  High 
quality  epitaxial  AIN  films  have  been  grown  by  MOCVD  and  MBE  techniques  employing  high 
temperature  growth  processing  in  the  range  of  1050-1250®C.  There  are  only  a  few  reports  on  the 
synthesis  of  high  quality  epitaxial  AIN  films  on  sapphire  at  relatively  low  temperatures  (3(X)-7(X)®C) 
that  include  switched  atomic  layer  epitaxy  (SALE)  by  Khan  et  al.  [10],  electron  cyclotron 
resonance  plasma  assisted  CVD  by  Zhang  et  al.  [11]  and  reactive  sputtering  by  Okano  et  al.  [12]. 
Here,  we  discuss  the  growth  of  high  quality  epitaxial  AIN  films  on  Si(lll)[13]  and  sapphire 
(0001)[14]  substrates  by  PLD  at  800®C  or  lower. 
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EXPERIMENTAL 


The  AIN  films  were  deposited  inside  a  stainless  steel  vacuum  system  evacuated  by  a 
turbomolecular  pump  to  a  base  pressure  of  1x10'^  Torr.  Radiation  from  a  KrF  excimer  laser  was 
used  to  ablate  the  AIN  target.  The  stoichiometric  hot  pressed  AIN  target  was  ablated  at  an  energy 
density  (Eq)  ranging  from  2  to  10  J/cm^,  Before  deposition,  the  silicon  (111)  substrates  were 
cleaned  to  remove  the  surface  oxide  layer  using  5%  HF  solution  and  the  sapphire  substrates  were 
thermally  annealed  at  llOO^C  in  O2  atm.  for  12hrs.  The  films  were  deposited  at  different  substrate 
temperatures  (Tg)  from  25  to  800°C.  In  order  to  study  the  role  of  nitrogen  partial  pressure  on  the 
quality  of  the  AIN  films,  the  depositions  were  carried  out  at  nitrogen  partial  pressure  of  SXIO"'^ 
Torr.  In  this  study,  all  films  were  deposited  in  the  range  2000A  to  3000A.  AIN  films  were 
characterized  by  Fourier  transform  infrared  spectroscopy  (FTIR),  x-ray  diffraction,  transmission 
electron  microscopy  (TEM),  scanning  electron  microscopy  (SEM)  and  electrical  resistivity. 


2.  XRD  patterns  of  AIN  films  on  Si(lll).  AIN 
films  were  deposited  at  the  base  pressure  of  3X10'^ 
Torr  and  the  substrate  temperatures  of  (a)  550°C,  (b) 
650°C,and(c)750X. 
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1.  FTIR  spectrum  of  AIN  film  on  Si(lll)  by  PLD. 

Fig.  1  shows  the  FTIR  transmittance  spectrum 
of  laser  deposited  AIN  film  grown  on  Si(lll)  at 
Ts  of  750°C.  The  strong  absorption  peak  at  665 
cm-i  is  due  to  the  transverse  optical  phonon 
modes  of  AIN  [15].  The  films  deposited  at  all 
substrate  temperatures  had  an  IR  spectrum 
characteristic  of  AIN. 

Detailed  x-ray  diffraction  measurements  (0 
and  ®  scans)  were  carried  out  to  study  the 
crystalline  properties  of  the  laser  deposited  AIN 
films.  Fig.  2  shows  "0-20"  angular  scans  of  the 
AIN  films  deposited  on  Si(lll)  at  three  different 
growth  temperatures  550*^0  [fig. 2(a)],  650°C 
[fig.2(b)]  and  750°C  [fig.2(c)]  and  Ed  of  3J/cm2, 
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pulse  repetition  rate  of  15Hz,  and  base  pressure  of 
3x10-'^  Torr.  The  diffraction  patterns  show 
expected  Si(lll)  family  of  planes  together  with 
AIN  (0002)  and  AIN  (0004)  reflections.  It  can 
also  be  seen  that  the  integrated  intensity  of  (0002) 
peak  is  low  for  the  film  deposited  at  550®C  and 
increases  as  a  function  of  Tg.  The  substantial 
increase  in  the  integrated  intensity  of  (0002) 
diffraction  line  corresponding  to  the  AIN  film 
deposited  at  750®C  indicates  that  the  AIN  basal 
plane,  i.e.  (0001)  plane  is  parallel  to  the  (111) 
plane  of  the  Si  substrate.  The  x-ray  rocking  curves 
were  obtained  for  the  films  deposited  at  550,  650 
and  750°C.  For  the  film  deposited  at  550°C,  the 
width  of  the  rocking  curve  was  quite  broad 
indicating  poor  alignment  of  the  c-axis  with  the 

_  substrate  normal.  The  alignment  of  the  film  with 

respect  to  the  substrate  improves  steadily  with  the 
increase  of  Tc.  The  narrowest  rocking  curve 

•  ^3 

„  .  obtained  for  AIN  films  grown  on  Si(lll) 

•  Si  substrates  at  750®C  was  ~  1°. 

o  o  o 

•  •  Fig.  3(a)  shows  a  selected  area  diffraction 

*  *  °  ®{in)  •  pattern  from  a  cross-sectional  specimen  deposited 

.  o*  0(w»i)^o  '  at  750®C  with  base  pressure  of  3x10  '^  Torn  The 

^  ^  *  Q  •  o(oiTo)  •  •(«2)  spot  diffraction  pattern  from  AIN  clearly  shows 

^  .  o  *  .  that  the  film  is  single  crystal.  From  the  simulation 

•  •  (shown  in  fig.3(b)),  the  epitaxial  nature  of  AIN  on 

*  °  *°*  Si(lll)is  established.  In  the  cross  section, 

*0  °  ®  A1N[2 1  10]  is  aligned  with  Si[01  1]  axis.  In  other 

.*  o  *  two  directions,  we  find  that  A1N[01 10]IISi[422] 

•  a1n[2TTo)  11  Si[oiT]  and  AlN[0001]IISi[l  11].  Similar  epitaxial 

relationship  has  been  reported  for  AIN  films 
grown  by  reactive  sputtering  and  chemical  vapor 

^  r.,  .  .  .  deposition  on  Si(lll)  substrates  [2,4].  The 

3.  SAD  pattern  of  AIN  film  deposited  at  750°C  on  .  .  ^ 

Sidll),  without  nitrogen  paitiaLEressnre,  showing  charactenstics  of  AIN  film  microstructure  and  the 
epitaxial  relationship  as  A1N[21  l0]IISi[01 1]  and  nature  of  A1N/Si(lll)  interface  were  investigated 
AlN[0001]IISi[lll],(b)  Simulated  diffraction  pattern  using  high-resolution  TEM.  The  A1N/Si(lll) 
of  A1N/Si(lll).  interface  is  quite  sharp  without  any  indication  of 

interdiffusion. 

The  effect  of  nitrogen  partial  pressure  during  laser  deposition  on  the  growth  quality  of  AIN 
films  was  also  investigated.  It  was  found  that  the  total  integrated  intensity  of  A1N(0002)  x-ray 
diffraction  peak  decreases  as  a  function  of  nitrogen  partial  pressure.  The  intensity  of  A1N(0002) 
diffraction  peak  dropped  by  factor  of  3  while  rocking  curve  broaden  from  1.1  to  1.9®  for  the  film 
deposited  at  750®C  and  nitrogen  partial  pressure  of  5x10-^  Torr  as  compared  to  the  film  deposited 
at  base  pressure  of  3x10-'^Toit  and  the  temperature  of  750®C. 


A1N[21  lo]  11  Si[on 
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The  effect  of  Ed  on  the  quality  of  the  AIN  film  was  also  investigated.  The  XRD  pattern  from  a 
specimen  (deposited  at  Ed  of  12J/cm2  and  Ts  of  550°C)  showed  AlN(OOOl)  peak  along  with  small 
contribution  from  AIN(IOOO)  and  Al(lll).  The  appearance  of  A1  metal  is  due  to  the  partial 
decomposition  of  AIN  at  higher  laser  fluence  during  laser  irradiation.  The  laser  treatment  of  the  AIN 
target  causes  thermal  melting,  vaporization  and  decomposition  as  well  as  photochemically  induced 
removal/ablation  of  materials.  At  lower  laser  fluence  <3J/cm2,  however,  the  single  phase  AIN  was 
obtained  and  the  decomposition  of  AIN  is  minimized. 


AIN  films  on  Sapphire  WOOD 


4.  XRD  pattern  of  laser  deposited  AIN  film  on 
Al203(0001).  The  corresponding  rocking  curve  for 
the  A1N(0002)  peak  is  shown  in  the  inset. 


(b)  (c) 


5.  (a)  High  resolution  TEM  image  of  AIN/AI2O3 
interface  along  [0 1 10]  zone  axis,  (b)  corresponding 
SAD  pattern,  (b)  Simulated  diffraction  pattern  of 
A1N/Al203({)001). 


Fig.  4  shows  XRD  pattern  of  the  laser  deposited 
AIN  film  grown  on  Al203((XX)l)  crystal  at  Ed  of 
2J/cm2,  Ts  of  8(X)°C  and  base  pressure  of  5x10'^ 
Torr.  The  pattern  shows  that  the  AIN  film  is 
highly  oriented  along  c-axis  normal  to  the 
substrate.  The  rocking  curve  obtained  for  AIN 
film  grown  at  800®C  is  shown  in  the  inset  of 
Fig.4.  The  FWHM  of  the  rocking  curve  is  0.21® 
which  indicates  good  alignment  of  (0001)  planes 
of  the  AIN  with  that  of  substrate  (A(nsapphire=0-095°). 

TEM  was  used  to  determine  the  in-plane 
epitaxial  relationship  between  AIN  film  and 
AI2O3.  Two  cross-sectional  TEM  samples  with 
mutually  perpendicular  zone  axes  were  prepared. 
Fig.  5(a)  shows  a  high  resolution  lattice  image  of 
AIN/AI2O3  interface  along  [0110]  zone  axis  with 
a  corresponding  selected  area  electron  diffraction 
(SAD)  pattern  (Fig.  5(b))  of  AIN  film  grown  at 
800°C  and  Ed  of  2J/cm2,  The  spot  diffraction 
pattern  from  AIN  clearly  shows  that  the  film  is 
single  crystal.  From  the  simulated  pattern  (shown 
in  Fig.  5(c)),  the  epitaxial  nature  of  the  film  was 
established.  In  the  direction  of  growth, 
AlN[0001]IIAl203[0001],  while  the  in-plane 
epitaxial  relationships  were  found  to  be 
AlN[T2T0]IIAl2O3[0ll0]  and  A1N[10T0]II 
Al2O3[21101.  The  AIN/AI2O 3(0001)  interface  is 
clean  and  quite  sharp  without  indication  of 
interdiffusion.  The  perfect  alignment  of  basal 
plane  of  AIN  with  Al2O3(0(X)l)  is  clearly  observed 
at  the  interface.  From  TEM  micrographs,  the 
number  density  of  dislocations  was  estimated  to  be 
~10^^/cm2.  Such  dislocation  densities  in  the 
material  have  been  shown  to  be  low  enough  to 
allow  optoelectronic  device  applications  [16]. 
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6.  UV-Visible  spectroscopy  of  the  AIN  films  on 
Al203(0001)  deposited  at  Tg  of  (a)  800°C  and  (b) 
750°C  with  laser  energy  density  of  ZJ/cm^;  and  (c) 
550®C  and  laser  energy  density  of  IZf/cm^. 
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7.  SEM  micrograph  of  the  smooth  AIN  film  grown 
on  Al203(0001)  by  PLD. 


The  Optical  transmission  spectra  of  the  AIN 
films  deposited  under  various  processing 
conditions  are  shown  in  Fig. 6,  The  curve  (a) 
corresponds  to  the  spectrum  of  epitaxial  AIN  film 
deposited  at  Ts  of  800°C.  The  film  is  highly 
transparent  over  the  wavelength  range  of  interest 
and  it  indicates  substantial  improvement  in  terms 
of  transmission,  absorption  edge  and  its  sharpness 
over  the  films  deposited  at  lower  Tg  and  high  Ed 
(curve  b  and  c).  The  fundamental  absorption 
edge  for  the  epitaxial  AIN  film  was  found  to  be 
198  nm  which  is  consistent  with  the  reported  value 
for  the  high  quality  films  grown  on  sapphire  by 
and  MOCVD  [3,10],  From  the  dependence  of 
absorption  coefficient  on  photon  energy,  the 
energy  band  gap  was  found  to  be  6.1eV.  The 
lower  transmission  and  broad  absorption  edge  of 
the  film  deposited  at  high  Ed  are  attributed  to 
nitrogen  deficiency,  high  density  of  grain 
boundaries  and  aluminum  content  in  the  film,  all 
of  which  introduce  defect  states  in  the  film. 

A  typical  SEM  micrograph  (Fig.  7)  of  a  3500A 
thick  AIN  film  grown  on  sapphire  by  PLD  at 
800°C,  Ed  of  2J/cm2  and  base  pressure  of  SxlO-"^ 
Torr  was  extremely  smooth  with  very  low  density 
of  particulate  matter  and  without  formation  of 
hillocks.  The  AIN  films  prepared  by  PLD  at  Ed  of 
2-3J/cm2  and  Tg  of  room  temperature  to  800°C 
were  highly  insulating  with  resistivity  more  than 
IQl^  ohm-cm.  However,  films  deposited  at  higher 
Ed  (i.e.>10J/cm2)  had  resistivities  in  the  range  of 
7-25  ohm-cm.  The  low  electrical  resistivity  of 
these  films  deposited  at  higher  laser  fluence  is  due 
to  A1  rich  and  nitrogen  deficient  structures  and 
their  composite  behavior. 


Domain  Matchine  epitaxy  (DME) 

It  is  important  to  note  that  the  lattice  parameters  of  AIN,  Si  and  sapphire  differ  quite 
significantly  for  a  lattice  matching  epitaxy.  The  lattice  misfits  [Q=2(b-a)/(a-i-b),  where  a  and  b  are  the 
lattice  parameters  (or  interplaner  distance)  of  the  substrate  and  the  film,  respectively]  of  AIN  with  Si 
and  sapphire  are  22.3%  and  13.2%,  resepctively.  These  values  are  quite  high  for  lattice  matching 
epitaxy.  The  epitaxial  growth  in  these  systems  is  described  in  terms  of  domain  matching 
epitaxy  [17].  In  each  domain,  “m”  lattice  parameters  (or  interplanar  distances)  in  the  substrate 
match  with  “n”  in  the  epilayer,  where,  m  and  n  are  simple  integers.  This  leads  to  a  residual  domain 
mismatch  given  by  “fd’-2(nb-ma)/(nb+ma).  The  lattice  mismatch  strain  “fi”  may  be  large  but  the 
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strain  associated  with  the  domain  given  by  “fa”  is  very  small.  This  decrease  in  strain  is  primarily 
responsible  for  domain  epitaxial  growth.  In  case  of  AIN  epitaxy  on  Si,  4  interplanar  distances  of 
Si(llO)  closely  matches  with  the  5  interplaner  distances  of  AIN  for  AlN[2TT0]IISi[01  T]  epitaxial 
growth,  yielding  a  domain  misfit  (fa)  of  1.2%.  In  case  of  AIN  on  sapphire  (0001),  the  30*  rotation 
of  film  with  respect  to  sapphire  in  the  basal  a-b  plane  gives  rise  to  lattice  matching  of  Al-Al 
(interatomic  distance  of  2.74 A)  in  sapphire  to  Al-Al  (interatomic  distance  of  3.11  A)  in  AIN  with 
misfit  of  13.2%.  In  this  case,  domains  consisting  of  8  Al-Al  interatomic  distances  in  AIN  are 
matched  with  domains  of  9  Al-Al  interatomic  distances  in  AI2O3.  This  leads  to  a  residual  domain 
misfit  (fd)  of  0.7%. 

CONCLUSION 

In  conclusion,  high  quality  epitaxial  AIN  films  have  been  grown  on  silicon  (111)  and  sapphire 
(0001)  substrates  by  pulsed  laser  deposition.  The  quality  of  the  films  was  found  to  depend  strongly 
on  the  laser  fluence,  substrate  temperature,  and  nitrogen  partial  pressure  during  deposition.  The 
XRD,  UV-V  spectroscopy,  electrical  resistivity  and  TEM  studies  showed  that  by  raising  the  Tj  up  to 
800°C  and  lowering  of  Ed  to  2J/cm2  are  effective  in  improving  electrical  properties,  crystallinity  and 
purity  of  epitaxial  layers.  We  have  also  established  the  following  epitaxial  relationships  as: 
AlN[0001]IISi[lll]  and  AlN[2TT0]IISi[0lT];  AlN[0001]IIAl203[0001],  A1N[T2T0]II 
Al2O3[0 1 10]  and  A1N[10  10]  II  Al2O3[2110].  The  epitaxial  AIN  films  deposited  under  optimum 
growth  conditions  exhibited  superior  epitaxy,  sharp  interface  between  film  and  sapphire  substrate, 
high  resistivity,  sharp  absoiption  edge,  and  smooth  surface  morphology  and  these  films  were  found 
to  be  consistent  with  optoelectronic  device  applications. 
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ABSTRACT 

Gallium  nitride  films  have  been  deposited  on  Si(lOO)  and  Al203(0001)  substrates  using 
triethylgallium  and  ammonia  seeded  into  highly  expanded  helium  gas  streams.  A  two  step 
deposition  process  that  reproducibly  results  in  continuous  crystalline  GaN  films  has  been 
developed.  The  microstmcture  and  composition  of  the  resultant  films  were  characterized  by 
scanning  electron  microscopy,  reflection  high  energy  electron  diffraction  and  Auger  electron 
spectroscopy  and  film  character  was  correlated  to  deposition  conditions. 

INTRODUCTION 

Gallium  nitride  thin  films  are  of  considerable  interest  in  the  development  of  blue  light 
emitting  diodes  (LEDs)  for  panchromatic  solid  state  displays.  In  addition  to  LEDs,  GaN  may  be 
used  for  the  fabrication  of  blue  solid  state  lasers  which  would  facilitate  the  achievement  of  greater 
data  density  in  optical  transmissions  and  optical  storage  media.  Chemical  vapor  deposition  (CVD) 
is  the  most  popular  technique  currently  employed  to  grow  GaN  films  [1].  In  CVD  growth  of 
GaN,  activation  energy  barriers  must  be  overcome  in  order  to  grow  a  film.  Typically  this  energy  is 
supplied  by  the  thermal  energy  of  the  substrate.  However  this  method  requires  very  high 
deposition  temperatures  that  complicate  device  design  and  fabrication  processes.  A  reduction  in  the 
required  deposition  temperature  is  highly  desirable.  Alternatively,  several  novel  approaches  such 
as  plasma  discharges  [2,3]  have  been  examined  as  a  means  of  supplementing  this  thermal  energy 
and  assisting  in  overcoming  the  activation  energy  barriers  to  GaN  film  deposition  via  the 
generation  of  activated  precursors.  Unfortunately,  plasma  processes  may  damage  the  substrate  or 
device  structures  due  to  ionization  effects  and  ion  bombardment. 

An  interesting  alternative  method  of  increasing  the  reactivity  of  gaseous  reactants  is  the 
seeding  of  highly  expanded  gas  streams.  Massive  reactant  molecules  seeded  into  a  highly 
expanded  majority  stream  of  light  molecules  are  swept  along  at  superthermal  velocities  acquiring  a 
substantial  amount  of  kinetic  energy,  up  to  several  eV,  that  can  aid  in  driving  surface  reactions  [4]. 
In  addition,  the  velocity  spread  of  the  seeded  molecules  is  inversely  related  to  the  stagnation 
pressure,  permitting  the  formation  of  a  very  monoenergetic  molecular  beam.  With  the  ability  to 
generate  a  neutral  l^am  of  a  well  determined,  selective  energy,  various  reaction  pathways  can  be 
studied  in  detail. 

EXPERIMENT 

Deposition  system 

A  schematic  of  the  free  standing  seeded  beam  deposition  reactor  used  in  this  research  is 
presented  in  Figure  1 .  Base  vacuum  was  achieved  using  a  Varian  VHS-6  diffusion  pump.  During 
deposition,  a  CVC  6"  diffusion  pump  backed  with  a  roots  blower  was  also  used  for  increased 
throughput.  The  reactor  has  been  configured  to  operate  two  seeded  beams  simultaneously  with  the 
ammonia  (NH3)  orifice  heated  to  550°C  and  the  triethylgallium  (TEGa)  orifice  unheated.  Research 
grade  He  and  Ar  were  each  used  as  carrier  gases  while  high  purity  NH3  was  further  purified  using 
a  Nanochem®  activated  resin  bed  purifier.  The  TEGa  was  delivered  using  conventional 
metalorganic  bubbler  techniques.  Samples  were  mounted  onto  stainless  steel  travelers  and 
introduced  into  the  reactor  through  a  load-lock.  The  travelers  were  then  mounted  to  a  stainless 
steel  housing  that  was  heated  by  a  halogen  lamp  giving  substrate  temperatures  of  up  to  650°C. 
Typical  operating  conditions  are  summarized  in  Table  I. 
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Figure  1 .  Seeded  beam  deposition  system. 


Table  L  Typical  experimental  conditions/  system  capabilities. 


1  System  parameter 

Value  1 

1  Base  vacuum 

8  X  10-7  Torr 

I  Pressure  during  deposition 

5x10-4  Torr 

5%  volume 

NH^  iet  stagnation  pressure 

800  Torr 

NH^/He  flow  rates  during  deposition 

12/240  seem  1 

NH3  orifice  diameter 

NH^  orifice  temperature 

550°C 

TEGa  bubbler  temperatures 

-10“C 

TEGa  stagnation  pressure 

860  Torr 

TEGa  carrier 

40  seem  He 

TEGa  orifice  diameter 

20  urn 

TEGa  delivery  rate 

0.034  seem 

NHi:TEGa  ratio 

354:1 

Substrate  temperature 

600°C  II 

Sample  cleaning/  preparation 


AI2O3  (0001)  samples  were  prepared  in  a  three  step  cleaning  process:  10  minutes  in  a 
trichloroethylene  containing  ultrasonic  bath,  15  minutes  in  an  80°C  acid  bath  containing  a  50:50 
mixture  of  H3PO4  and  H2SO4,  5  minutes  in  10%  HF  solution.  Si(lOO)  samples  were  immersed  in 
a  10%  HF  solution  for  5  minutes  and  subsequently  exposed  to  an  ultraviolet  light:  air  oxidation 
step  after  which  the  samples  were  immersed  in  a  separate  10%  HF  solution  for  5  minutes.  Both 
Al203(0001)  and  Si(lOO)  substrates  were  blown  dry  with  LN2  boil-off  immediately  before 
mounting  on  travelers  and  installation  into  the  reactor. 

Auger  analysis 

Auger  electron  spectroscopy  was  performed  in  a  lO'l^  Torr  base  pressure  ultrahigh  vacuum 
analysis  system  with  a  Physical  Electronics  10-155  cylindrical- Auger  Electron  optics  detector  with 
a  coaxial  electron  gun  operated  by  a  Physical  Electronics  11-010  electron  gun  controller.  The 
Auger  optics  were  supported  by  a  Physical  Electronics  32-100  electron  multiplier  module. 
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Samples  were  Ar  ion  sputtered  insitu  prior  to  Auger  examination.  Auger  measurements  were 
performed  with  a  primary  electron  energy  of  3  keV  and  data  was  collected  for  10  ms  at  each  1  eV 
scanning  step  for  15  iterations. 

Reflection  high  energy  electron  diffraction 

Electron  diffraction  characterization  of  deposited  films  was  performed  with  a  Physical 
Electronics  electron  gun  operated  at  10  keV  by  a  20-330  analog  HEED  gun  controller.  The 
electron  source  was  12"  from  the  sample  center  and  the  screen  was  also  12"  from  the  sample 
center. 

Scanning  electron  microscopy 

A  JEOL  6400  field  emission  scanning  electron  microscope  (SEM)  operated  with  a  5  keV 
primary  beam  was  used  for  the  SEM  images  in  this  report.  For  the  cross  sectional  images,  the 
samples  were  cleaved  immediately  before  installation  in  the  SEM. 

RESULTS 

Single  step  deposition 

A  series  of  experiments  was  performed  to  study  the  effect  of  the  NH3:TEGa  supply  ratio 
on  the  properties  of  resulting  films.  By  varying  the  TEGa  bubbler  temperature  while  holding  all 
flow  rates  and  pressures  constant,  it  was  possible  to  explore  this  ratio  effect  without  the  added 
complication  of  gas  flow  pattern  changes.  Three  samples  were  prepared  and  examined  via  SEM 
and  Auger  chemical  spectroscopy.  The  NH3:TEGa  ratio  achieved  at  each  bubbler  temperature  used 
is  presented  in  Table  11.  Figure  2  displays  the  Auger  spectra  collected  from  the  three  samples. 
The  spectra  were  normalized  to  the  same  GaLMM  intensity.  A  clear  trend  of  decreasing  N 
concentration  with  decreasing  NHsrTEGa  supply  ratio  is  evident. 

Table  11.  Bubbler  temperature  andNH3;TEGa  ratio  for  deposition  studies. 


1  Run  Number 

Bubbler  Temp. 

NHsiTEGa  Ratio  I 

1 

(FC 

177  1 

2 

306  1 

|3 

-10°C 

354  1 

Figure  2.  Auger  spectra  of  films  deposited  at  varying  NH3:TEGa  supply  ratios. 
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GaN  films  deposited  on  an  Al203(0001)  substrates  under  an  NHaiTEGa  supply  ratio  of 
177  were  covered  by  many  spherical  particles  hypothesized  to  be  balls  of  Ga  surrounded  by  a  skin 
of  GaN,  indicating  a  marked  excess  of  Ga  for  the  available  N.  A  GaN  film  deposited  under  an 
NH3;TEGa  supply  ratio  of  354  is  presented  in  Figure  3.  Continuous  GaN  films  were  difficult  to 
achieve  at  high  NH3:TEGa  ratios  and  often  deposition  runs  of  2  hours  resulted  in  little  deposition. 
This  was  attributed  to  a  difficulty  in  forming  stable  GaN  nuclei  at  low  TEGa  flow  rates. 


Figure  3.  GaN  film  deposited  on  Al203(0001)  under  an  NH3:TEGa  supply  ratio  of  354. 

An  additional  deposition  run  was  completed  at  an  NH3:TEGa  flow  ratio  of  617  for  one 
hour.  In  the  SEM  image  of  a  resulting  sample  in  Figure  4,  the  Al203(0001)  substrate  is  still  visible 
beneath  the  GaN  particles.  The  films  deposited  under  NH3:TEGa  ratios  of  177  and  617  represent 
two  extremes  encountered  when  deposition  is  performed  with  low  and  high  NH3:TEGa  ratios, 
respectively.  Although  higher  NH3:TEGa  ratios  produce  films  closer  to  stoichiometry,  the 
nucleation  of  GaN  under  these  conditions  occurs  very  slowly.  This  lead  to  the  development  of  a 
two  step  nucleation->deposition  process. 


Figure  4.  GaN  film  deposited  on  Al203(0001)  under  an  NH3:TEGa  supply  ratio  of  617. 
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(2110)  (0110) 

Figure  6.  RHEED  diffraction  patterns  from  GaN  film  deposited  on  AI2O3  substrate. 
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A  two  temperature  deposition  process  was  developed  to  nucleate  GaN  at  lower  temperature 
prior  to  the  deposition  of  the  majority  of  the  GaN  film  at  higher  temperature.  The  surface 
concentration,  nA,  of  an  adsorbed  species  is  inversely  related  to  temperature  as  shown  in  Equation 
1[5]  where  Ea  is  the  bonding  energy  of  species  a,  Tq  is  a  characteristic  time  factor  typically 
approximated  by  the  lattice  vibration  time  of  ~  10-13  seconds  and  R  is  the  incident  flux  of  species  a. 
This  model  predicts  a  higher  Ga  and  N  precursor  surface  concentration  at  lower  temperatures 
assuming  that  the  precusor  sticking  coefficients  are  not  strongly  temperatrue  dependent  in  this 

temperature  range.  This  assumption  also  gives  n  oa precursor  >  precursor  Eogp^^u^or  >  ^precursor- 


"A  =  '^''oexp(^) 


An  optimal  two  step  process  was  developed  where  the  sample  was  first  heated  under  the 
NH3  seeded  beam  to  500®C  and  the  TEGa  flow  was  initiated.  The  sample  was  held  at  500°C  for  5 
minutes  before  the  temperature  was  increased  to  600°C  in  10  minutes.  Figure  5  is  a  cross  sectional 
SEM  image  of  a  GaN  film  deposited  on  an  Al203(0001)  substrate  under  the  two  step  deposition 
conditions.  Slight  faceting  of  the  film  indicated  a  degree  of  preferred  orientation  in  the  crystallites. 
RHEED  diffraction  patterns  for  this  film  are  presented  in  Figure  6  and  are  consistent  with  a 
polycrystalline  film  exhibiting  a  large  degree  of  preferred  crystallographic  orientation. 


Seeding  in  Ar  free  iets 


A  series  of  experiments  was  performed  to  determine  if  the  seeding  of  NH3  and  TEGa  in  He 
actually  enhances  film  deposition.  It  is  expected  that  the  seeding  effect  is  most  important  for  the  N- 
source  as  TEGa  reacts  readily  at  low  temperatures.  The  seeding  effect  would  be  negated  if  a  carrier 
gas  that  is  heavier  than  NH3  such  as  Ar  were  employed.  Therefore,  Ar  was  used  as  a  carrier  gas  in 
this  series  and  the  orifices  were  enlarged  to  permit  operation  at  very  close  to  the  same  pressures 
and  flow  rates  as  employed  for  deposition  using  He.  An  Auger  spectrum  typical  of  samples 
processed  using  Ar  is  presented  in  Figure  7.  Note  that  even  after  extensive  Ar  sputtering,  a  very 
large  Okll  peak  is  still  apparent  along  with  a  marked  excess  of  Ga.  This  indicates  that  seeding 
NH3  in  Ar  is  far  less  effective  than  seeding  in  He  for  supplying  reactive  N  to  the  growing  film. 


Figure  7.  Auger  spectrum  of  GaN  film  deposited  using  Ar  as  a  carrier. 

CONCLUSIONS 

Ammonia  and  trimethylgallium  seeded  helium  beams  have  been  used  to  deposit  GaN  films 
on  Al203(0001)  substrates  at  low  temperatures.  A  two  step  deposition  process  has  been  developed 
to  nucleate  and  grow  the  films.  An  improvement  in  stoichiometry  and  crystallinity  is  observed 
when  seeding  into  helium  as  compared  to  argon  gas.  This  result  is  consistent  with  the  activation  of 
NH3  by  the  seeding  effect. 
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ABSTRACT 

Alternative  precursors  to  group-in  nitrides  have  been  studied  based  on  two  schemes:  1)  The 
reaction  Me3M  (M=Al,Ga)  with  t-BuNHj  and  2)  the  decomposition  ofNHs  based  adducts. 
PolycrystaUine  growth  of  AIN  has  been  demonstrated  by  both  routes.  Decomposition  of  the 
adduct  Me3Al:NH3  has  been  used  to  prepare  epitaxial  AIN  on  (0001)  sapphire  with  an  X-ray 
FWHM  (foil  width  at  half  maximum)  of  16  arcmin  at  a  growth  temperature  of  1050C.  Snnilar 
growth  using  analogous  gallium  precursors  always  resulted  in  gallium  droplets.  We  have 
attributed  this  difference  in  chemical  reactivities  to  the  lower  electronegativity  of  gallium 
compounds,  thus  leading  to  dissociation  rather  than  sequential  methane  loss  to  form  the  nitride. 

INTRODUCTION 

Conventional  MOVPE  growth  of  group  m-nitrides  involves  the  co-deposition  of  metal 
alkyls  with  excess  ammonia  (NH3).  Such  growth  is  characterised  by  large  V/ffl  ratios  (eg  2000: 1) 
and  although  successful  is  wasteful  when  compared  to  other  EH-V  MOVPE  processes.  In  this 
work  we  have  investigated  alternative  MOVPE  growth,  based  on  both  NH3  adducts  and  the 
reaction  of  t-Butylamine  (t-BuNHj)  with  trimethylaluminium  (Me3Al)  or  trimethylgallium 
(MegGa).  Ammonia  was  absent  from  the  MOVPE  reactor  and  consequently  nitrogen  loss  from 
the  as-grown  surface  has  not  been  addressed  in  this  programme. 

EXPERIMENTAL 

The  growth  studies  were  performed  in  a  conventional  horizontal  MOVPE  reactor 
(a  modified  Cambridge  Instruments  MRIOO)  with  RF  substrate  heating.  This  reactor  could  be 
operated  at  both  atmospheric  pressure  (reactor  pressure  877  Torr,  source  pressure  980  Torr)  and 
low  pressure  (reactor  pressure  65  Torr,  source  pressure  250  Torr).  Studies  of  single  source 
precursors  generally  required  low  pressure  operation  due  to  the  lower  vapour  pressure  of  these 
reagents.  AH  gas  lines  following  the  sources  were  heated  to  avoid  condensation  of  precursor 
vapour.  Pd/Ag  diffused  hydrogen  was  used  for  both  transporting  the  reagents  and  reactor  carrier 
gas  (81/min). 

Ahiininium  precursors 

The  aluminium  precursors  studied,  together  with  the  growth  ten^erature  and  reactor 
pressure,  summarised  in  table  1.  Two  precursor  systems  were  considered;  one  based  on  the 
reaction  between  trimethylaluminium  (MesAl)  and  t-Butylamine  (t-BuNHi),  the  other,  using  the 
single  source  precursor  trimethylaluminium-ammonia  adduct  (Me3Al:NH3). 
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It  has  been  shown  that  the  growth  of  AIN  by  MOC  VD  from  the  combination  MesAl  and 
NH3  arises  from  an  initial  formation  of  the  adduct  [MejAliNHs],  followed  by  the  sequential 
elimination  of  CH4  thus^ 

-CH4  -CH4  -CH4 

MesAl  +  NH3  [Me3Al:NH3]  ^  [Me2AlNH2]3  [MeAlNH]^-^AlN  (1) 

In  this  work  the  initial  step  of  this  process  is  external  to  the  reactor,  since  the  adduct  Me3Al:NH3 
has  been  utilised  as  a  precursor.  Any  prereactions  between  MesAl  and  NH3,  leading  to  the 
formation  of  the  adduct,  are  therefore  prevented. 

Growth  on  the  Si(100)  substrates  was  expected  to  be  polycrystalline  as  no  attempt  was 
made  to  remove  the  silicon  native  oxide.  Epitaxial  growth  of  AIN  on  c-plane  sapphire  (AI2O3 
(0001))  using  the  single  source  precursor  Me3Al:NH3  (flow  rate  =  300  seem,  source  temperature 
=  45  C)  was  studied  over  the  temperature  range  800  C  to  1050  C.  Prior  do  deposition  on 
sapphire  the  substrates  were  pre-treated  in  an  atmosphere  of  hydrogen  at  1000  C  for  10  min. 

The  high  vapour  pressure  of  both  Me3Al  (8.67  Torr  @  20  C)  and  t-Butylamine  (288  Torr 
@  20  C)  allows  the  reactor  to  be  operated  at  atmospheric  pressure;  the  single  source  precursor 
Me3Al:NH3  requires  low  pressure  growth  due  to  the  lower  vapour  pressure  of  this  source. 


Precursor(s) 

Substrate 

Growth  Temp 

Pressure 

Comments 

Me3Al  +  t“BuNH2 

Si/SiOj 

550  C,  950  C 

Me3Al:NH3 

Si/SiO^ 

400  C  to  800  C 

800  C  to  1000  C 

LP 

Epitaxial  growth  rate  =  250  mn/hr 

Table  1  -  Precursors  studied  for  the  deposition  of  AIN 
Gallium  Precursors 

The  range  of  precursor  reactions  investigated  include  t-BuNH2 /trimethylgallium 
(MesGa),  t-BuNHj/  tiimethylgaUium-ammonia  adduct  (Me3Ga:NH3)  as  well  as  several  single 
source  precursors  based  on  ammonia  adducts  with  gallium  alkyls.  These  are  summarised, 
together  with  the  growth  conditions  used,  in  table  2. 


Precursor(s) 

Substrate 

Pressure 

Comments 

Me3Ga  +  t-BuNH2 

GaAs 

700  C 

AP 

Ga  droplets  formed 

Me3Ga:NH3 
+  t-BuNH2 

a-Al203 

700  C,  950  C 

AP 

Ga  droplets  formed 

Me3Ga:NH3 

Si/Si02 

200  C,  700  C 

AP 

Ga  droplets  formed 

Et3Ga:NH3 

a-Al203 

900  C 

LP 

Ga  droplets  formed 

Me2GaCl:NH3 

a-Al203 

700  C 

LP 

Ga  droplets  formed 

Table  2  -  Precursors  studied  for  the  deposition  of  GaN 
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Film  Analysis 


Film  composition  was  measured  by  Auger  Electron  Spectroscopy  (AES)  using  a  Varian 
Scanning  Auger  spectrometer.  The  atomic  coit^ositions  quoted  are  from  the  bulk  of  the  film, 
free  from  surfrce  contaminants,  and  were  obtained  by  combining  AES  with  sequential  ion- 
bombardment  until  conq)arable  con:q)Ositions  were  obtained  for  consecutive  data  points. 

Layer  thickness  was  determined  by  ellipsometry  combined  with  a  calibrated  scanning 
electron  micrograph  of  cleaved  samples;  Ibis  was  used  in  growth  rate  calculations.  Epitaxial 
crystalline  quahty  for  the  AIN/AI2O3  san^les  was  determined  from  the  Full  Width  at  Half 
Maximium  (FWHM)  of  the  X-ray  rocking  curve  measured  with  a  double  crystal  X-ray  diffiaction 
system. 


RESULTS  and  DISCUSSION 
Aliiminhim  precursors 

Polycrystalline  films  were  deposited  on  Si(100)  substrates  from  the  adduct  Me3Al:NH3 
over  the  tenq)erature  range  400  C  to  800  C.  At  temperatures  between  600  C  and  700  C  the  AIN 
growth  rate  was  essentially  constant  at  approximately  460  nm/hr  indicating  diflfiision  rate  limited 
growth.  Difiiision  controlled  growth  of  AlGaAs  from  methyl-based  metalorganics  has  been 
observed  over  a  similar  temperature  range  within  the  same  reactor.  At  higher  substrate 
temperatures  (700  C  to  800  C)  the  AIN  growth  rate  decreases,  due  to  an  increase  in  parasitic 
reactions  and/or  desorption  processes.  At  lower  temperatures  (400  C  to  600  C)  the  growth  is 
limited  by  the  decomposition  kinetics  of  the  Me3Al:NH3  precursor.  There  was  no  evidence  for 
the  adduct  dissociating  in  preference  to  the  decomposition  shown  in  equation  (1). 

The  growth  of  AIN  from  of  Me3Al  and  t-BuNHa  resulted  in  high  growth  rates  (typically 
1.2  itm/hr)  but  was  discoloured  by  the  inclusion  of  a  large  carbon  residue;  this  will  be  discussed 
further  in  the  following  sections. 

The  atomic  composition  of  the  AIN  films  grown  on  Si(100)  from  Me3Al:NH3  was 
determined  by  AES  and  the  data  are  summarised  in  Table  3. 


Film  No 

Growth 

Temperature  (C) 

Film  Composition  (%) 

Al/N  Ratio 

A1 

N 

C 

0 

47.7 

46.1 

4.8 

1.5 

1.02 

47.7 

2.7 

1.6 

48.7 

1.6 

8.8 

1.19 

700 

44.3 

45.4 

1,4 

8.9 

800 

46.2 

49.2 

0.6 

3.9 

0.95  1 

Table  3  AES  analysis  of  AIN  grown  on  Si(100) 


The  degree  of  carbon  contamination  in  AIN  films  grown  from  Me3Al:NH3  (C  -  0.6  to  4.8 
at  %)  is  higher  than  that  observed  in  films  grown  from  the  related  amide  precursor  (Me2AlNH2)3 
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(  C  not  detected  by  AES)^.  However,  much  higher  carbon  concentrations  have  been  observed  in 
AIN  grown  from  the  reaction  of  Me3Al/t-BuNH2,  both  by  ourselves  in  this  work  (C  =  8.0  at  %) 
and  by  other  workers  (C  =  2.7  to  9.5  at  %).^  In  addition,  growth  from  t-BujAl/  t-BuNHj  (C=  4.7 
to  7.2  at  %f  and  Me3Al/Me3SiN3  (C  =  9.8  to  1 1.4  at  %f  have  aU  resulted  in  large  carbon 
residues.  The  relatively  low  carbon  levels  in  AIN  films  grown  from  Me3Al:NH3  and  (Me2AlNH2)3 
can  therefore  be  attributed  to  the  effective  removal  of  (CH3*)  radicals  by  active  hydrogen  derived 
from  A1  bonded  NH3,  NH2  and  NH  groups.  Carbon  contamination  derived  from  Me3^:NH3 
shows  a  general  decrease  with  increasing  substrate  temperature  suggesting  (CH3*)  removal  is 
more  facile  at  the  higher  growth  temperature.  This  is  in  contrast  to  the  trend  usually  observed  in 
the  growth  of  Al-contaming  HI-V  alloys  from  methyl-based  precursors^,  in  which  decon^)osition 
of  surface  methyl  radicals  generally  leads  to  significant  increases  in  carbon  contamination  at 
elevated  temperatures. 

The  residual  oxygen  levels  in  AIN  deposited  from  Me3Al:NH3  (O  =  1.5  to  8.9  at  %)  are 
similar  to  those  detected  in  AIN  films  grown  from  (Me2AINH2)3  (O  ~  5  at  %y,  and  by  the 
reaction  MQ3AI/  t-BuNHj  (O  =  4.2  to  6  at  %y  and  t-Bu3Al/  t-BuNH2  (O  =  1.2  to  10.4  at  %y. 
The  strength  of  the  aluminium-oxygen  bond  hiiders  the  elimination  of  oxygen  from  MOVPE 
grown  materials^.  However,  the  inclusion  of  a  capping  layer  can  reduce  the  extent  of  post¬ 
growth  oxidation^  which  occurs  over  a  period  of  time  when  AIN  is  exposed  to  atmosphere.  In 
order  to  control  post  growth  oxidation  a  capping  layer  of  GaAs  was  added  to  our  structures. 
However,  residual  oxygen  concentrations  were  not  significantly  reduced  suggesting  the  oxygen  is 
associated  with  the  A1  precursor,  possibly  as  monomethoxide  ((MeO)AlMe2NH3)  impurity 
included  during  reagent  synthesis 

.  Observations  with  a  Normarski  microscope  showed  epitaxial  AIN  layers  grown  on 
AI2O3  (0001)  from  MegAliNHj  to  be  almost  featureless.  However,  for  1  micron  thick  layers 
several  regions  with  microcracks  were  noted,  particularly  near  the  edge  of  the  1  inch  diameter 
substrates.  X-ray  rocking  curves  were  measured  for  layers  grown  at  growth  temperatures  from 
800  C  to  1050  C;  the  FWHM  derived  from  these  curves  are  summarised  in  figure  1.  This  shows 
that  the  linewidth  is  approximately  constant  (~27  arcmin)  over  the  temperature  range  900  C  to 
1050  C,  whilst  below  900  C  this  increases;  the  narrowest  FWHM  measured  was  16  arcmin,  at  a 
growth  temperature  of  1050  C.  The  FWHM  of  these  films  was  found  to  be  constant  for  layers 
above  250  nm,  below  this  thickness  the  FWHM  increased  to  58  arcmin.  We  also  noted  a 
reduction  in  the  FWHM  with  precursor  use;  for  example  the  two  values  shown  in  figure  1  for 
growth  at  800  C  were  separated  by  10  growth  runs  and  show  a  linewidth  improvement  from  61 
arcmin  to  30  arcmin.  We  believe  this  improvement  is  due  to  reduced  oxygen  contamination  of  the 
films  as  the  source  container  outgases  water  vapour. 

The  X-ray  FWHM  value  16  arcmin  approximately  half  that  of  the  recent  data  of 
Chaudhuri  et  af  for  growth  of  AIN  from  Me3Al  and  NH3  at  1250  C  and  a  V/m  ratio  of 2000;  1. 
However  the  narrowest  FWHM  reported  to  date  is  97.2  arcsec^,  again  using  Me3Al  and  NH3,  a 
substrate  temperature  of  1050  C  and  V/BH  ratio  of  5000: 1. 
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Figure  1  X-ray  dififraction  rocking  curve  FWHM  of  AIN  layers  grown  on  c-plane  sapphire 


Gallium  precursors 

The  growth  of  GaN  from  the  reaction  of  MesGa  and  NH3  is  also  expected  to  proceed  via 
the  initial  formation  of  an  adduct  [Me3Ga:NH3]^°  followed  by  sequential  methane  loss  (conq)are 
with  equation  1).  However,  as  shown  in  table  2,  deposition  from  the  adducts  MejGaiNHs  and 
Et3Ga:NH3  resulted  in  gallium  deposits  on  the  substrate.  The  R3Ga  comqpounds  (R=Me,  Et)  are 
weaker  electron  acceptors  than  the  corresponding  R3AI  coiBpounds,  thus  the  associated  adducts 
[R3Ga;NH3]  are  thought  to  dissociate  rather  than  deeompose.  Consequently,  RjGa  species  are 
released  in  the  reactor  hot  zone  to  form  gaUium  metal  through  alkyl  fissure.  The  inelusion  of  an 
overpressure  of  -NH^  species  in  the  form  of  t-BuNH2  failed  to  suppress  this  dissociation.  By 
replacing  one  of  the  Me  groups  in  the  Me3Ga:NH3  adduct  with  a  chlorine  atom  the  bond  strength 
of  the  adduct  should  be  increased.  However,  as  the  use  of  dimethylgalliumchloride- ammonia 
adduct  [Me2GaClNH3]  shows,  this  precursor  also  leads  to  the  formation  of  gallium  deposits 
iadicatmg  dissociation  of  the  adduct. 

CONCLUSIONS 

In  this  work  novel  precursors  based  on  adducts  of  metal  alkyls  with  NH3  and  the  combination  of 
Me3Al(Ga)/t-BuNH2  have  been  investigated  as  routes  to  epitaxial  group-m  nitrides.  We  have 
shown  that  epitaxial  AJN  can  be  grown  on  sapphire  from  the  single  source  precursor  Me3Al:NH3. 
The  FWHM  of  the  X-ray  rocking  curves  (as  low  as  16  arcmin)  are  conq)arable  with  that  of 
recently  published  data  on  layers  grown  by  the  conventional  (CH3)  3AI  and  NH3  based  process. 
The  lowest  carbon  contaminated  AIN  has  been  noted  using  Me3Al:NH3  and  may  be  reduced 
fiuther  by  including  a  modest  overpressure  of  NH3.  In  addition,  the  inclusion  NH3  should  also 
reduce  nitrogen  loss  from  the  grown  layer.  To  our  knowledge,  the  deposition  of  AIN  from 
Me3Al:NH3  is  the  only  exanq)le  of  m-V  epitaxy  using  a  single  source  precursor.  The  mechanism 
is  successful  because  of  the  inherently  large  bond  strength  of  Al-N. 
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The  gallium  based  precursors  all  resulted  in  the  formation  of  gallium  droplets  on  the 
surface  of  the  substrate.  This  was  attributed  to  the  weaker  Ga-N  bond  strength  con^ared  to  Al- 
N,  thus  the  reaction  intermediates  decotiq)ose  to  form  gallium  metal  rather  than  the  nitride. 

ACKNOWLEDGEMENTS 

The  authors  would  like  to  acknowledge  G.  Critchlow,  ISST,  University  of  Loughborough, 
Loughborough,  Leicestershire,  UK  for  the  Auger  analysis.  This  work  is  supported  by  the 
Engineering  and  Physical  Sciences  Research  Council. 

REFERENCES 

^  A  C  Jones,  C  R  Whithouse  and  J  S  Roberts,  ‘Chemical  Approaches  to  the  Metalorganic  CVD  of 
Group  in  Nitrides’,  Electronic  Materials,  to  be  published. 

^  Y  Takahashi,  K  Yamashita,  S  Motojima  and  K  Singiyama,  Surf  Sci,  86,  1979,  pp  238 

^  A  C  Jones,  J  Auld,  S  A  Rushworth,  E  W  Williams,  P  W  Haycock,  C  C  Tang  and  G  W 
Critchlow,  Adv.  Mater.  6,  1994,  pp  229 

A  C  Jones,  J  Auld,  S  A  Rushworth,  DJ  Houlton  and  G  W  Critchlow,  J  Mater  Chem,  4,  1994,  pp 
1591 

^  J  Auld,  D  J  Houlton,  A  C  Jones,  S  A  Rushworth  and  G  W  Critchlow,  J  Mater  Chem,  4,  1245 
(1994). 

^  T  F  Kuech,  E  VeuhojB^  T  S  Kuan,  V  Delane  and  R  Potenski,  J  Crystal  Growth,  77,  257  (1986). 

’  L  M  Smith,  S  A  Rushworth,  A  C  Jones,  J  S  Roberts,  A  Chew  and  D  A  Sykes,  J  Ciyst  Growth, 
134,  140  (1993). 

*  J  Chaudhuri,  R  Thokala,  J  H  Edgar  and  B  S  Sywe,  J  Appl  Phy,  77  (12),  6263  (1995). 

^  A  Saxler,  P  Kung,  C  J  Sun,  E  Bigan  and  M  Razeghi,  Appl  Phy  Lett,  44  (3),  339  (1994). 

B  S  Swye,  J  R  Schlup  and  J  H  Edgar,  J  Chem  Mater,  3,  737  (1991). 


342 


Low  Temperature  Growth  of  Oriented  Gallium  Nitride 
Using  Pulsed  Laser  Deposition 

Robert  Leuchtner,  W.  Brock,  Y.  Li,  and  L.  Hristakos,  Department  of  Physics, 
University  of  New  Hampshire,  Durham,  NH,  03824 

ABSTRACT  Oriented  GaN  has  been  successfully  grown  at  low  substrate 
temperatures  (~480“C)  on  a-  and  r-planes  of  sapphire,  using  the  pulsed 
laser  deposition  process.  We  have  examined  the  effects  of  several 
deposition  parameters  on  film  growth,  including  substrate  temperature 
(~50-500“C),  ambient  pressure  (IxlO'^  -  10  torr  of  NH3),  and  target 
material  (Ga  or  GaN).  The  film  deposition  rate  was  typically  ~3-4  |j.m/hr. 
Film  characterization  was  performed  using  x-ray  diffraction  (XRD),  optical 
microscopy,  x-ray  photoelectron  spectrometry  (XPS),  and  atomic  force 
microscopy  (AFM).  In  the  case  of  the  Ga  metal  target,  a  plasma  (~500V) 
between  the  target  and  substrate  was  necessary  to  promote  formation  of 
the  GaN  phase.  The  ammonia  ambient  enhanced  the  nitrogen  content  in 
the  films  compared  to  vacuum  deposition.  In  general,  the  GaN  target 
yielded  better  quality  films  (smaller  rocking  curve  widths  and  smoother 
film  morphology)  compared  to  the  Ga  metal  target.  These  results  suggest 
that  pulsed  laser  deposition  is  a  promising  approach  to  fabricating  high 
quality  films  of  this  potentially  important  semiconducting  material. 

INTRODUCTION 

Gallium  nitride  is  a  III-V  semiconductor  that  holds  exciting 
possibilities  for  wide  bandgap  applications  such  as  blue  light-emitting 
diodes  and  lasers  [1].  The  growth  of  device  quality  gallium  nitride  is, 
however,  challenging  for  a  variety  of  reasons.  The  electronic  properties 
are  sensitive  to  impurities  as  well  as  the  nitrogen  content,  and  epitaxial 
film  growth  is  hampered  by  the  paucity  of  lattice-matched  substrates. 

Pulsed  laser  deposition,  or  PLD,  has  been  very  successful  for 
fabricating  thin  films  of  many  materials  [2,3]  especially  multicomponent 
oxides,  such  as  high  temperature  superconductors  and  ferroelectrics.  In 
PLD,  a  pulsed  laser  beam  is  focused  into  a  vacuum  chamber  onto  a  target 
of  the  material  to  be  grown,  producing  a  dense  and  energetic  plume  of 
material  that  is  ejected  into  the  gas  phase.  The  plume  has  both  kinetic 
energy  (1-  >100  eV)  [4-6]  and  potential  energy  in  the  form  of  electronic 
excitation  [7-9].  A  reactive  background  gas  is  often  present  at  low 
pressures  (<  1  torr)  that  aids  in  the  deposition  process. 

The  ablated  jet  of  material  interacts  chemically  and  physically  with 
the  reactive  ambient  prior  to  condensation  on  a  substrate  located  a  short 
distance  away  from  the  target.  Film  growth  is  straightforward  because  of 
stoichiometric  transfer  of  material  from  the  target.  Furthermore,  the 
energetic  properties  of  the  ablated  vapor  in  PLD  can  lead  to  oriented  film 
growth  at  low  temperatures  even  on  poorly  matched  substrates  [10]. 
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The  goal  of  this  research  was  to  examine  the  suitability  of  the  PLD 
deposition  process  for  the  growth  of  oriented  gallium  nitride.  Since  low 
temperature  processing  is  desirable  for  electronic  device  fabrication,  it  was 
also  our  intent  to  explore  a  variety  of  processing  variables  to  optimize 
epitaxial  GaN  film  growth  at  relatively  low  substrate  temperatures. 

EXPERIMENTAL 

A  schematic  of  the  experimental  set-up  used  for  gallium  nitride  film 

growth  is  shown  in  Figure  1.  Since 
this  is  a  novel  approach  to  GaN  film 
fabrication,  a  detailed  description  of 
the  deposition  process  is  as  follows. 
The  ablation  laser  was  a  KrF 
excimer  (248  nm,  30nsec  FWHM) 
that  was  focused  inside  a  stainless 
steel  vacuum  deposition  chamber 
onto  the  target  (-0.1  cm^  focal 
area).  Typical  pulse  energies  were 
0.13-0.20  J/pulse,  yielding  a  fluence 
range  of  1. 3-2.0  J/cm^. 

The  target-substrate  distance 
was  ~6  cm  and  the  base  vacuum 
pressure  was  -5x10“^  torr  using  a 
cryopump.  The  ablation  targets 
were  either  a  GaN  pellet  or  pure  Ga 
metal.  The  GaN  target  was  pressed 
from  GaN  powder  (99.0%  purity)  at 
20,000  psi  for  5  minutes. 

The  target  was  held  horizontally  in  the  deposition  chamber  to 

accommodate  the  gallium  metal  target  (Tm~29”C),  which  normally  liquefied 
upon  both  handling  and  laser  processing.  The  metal  boule  had  a  nominal 
diameter  of  2.5  cm.  The  vapor  pressure  of  Ga  metal  was  on  the  order  of 
10-2  torr  at  temperatures  of  -500  °C,  as  estimated  from  critical  vapor 
pressure  data  for  Ga  [11].  The  GaN  target  was  rotated  (6  rpm)  during 

ablation  while  the  Ga  metal  target  was  held  stationary.  A  motivation  for 
trying  the  Ga  metal  target  was  the  possibility  of  greatly  reducing  the  size 
and  density  of  ejected  asperities  from  a  near  molten  target  [12]. 

Ammonia  was  used  as  the  background  gas  (99.9995%)  in  order  to 

promote  nitridation  of  the  gallium  vapor  using  either  the  GaN  or  Ga  metal 

target.  The  reaction  of  gallium  with  ammonia  to  form  GaN  is  a  well-known 
chemical  reaction  [13],  but  only  occurs  appreciably  at  or  above  1000"C. 
Vapor  deposition  using  other  techniques  such  as  CVD  [14]  with  ammonia 
also  seems  to  require  high  temperatures.  Our  approach  utilized  a  low 
energy  plasma  above  the  substrate  created  both  by  a  physical  excitation 


Substrate  &  Heater 


Figure  1.  A  diagram  of  the  PLD  set-up. 
The  laser  impinges  on  the  target  (-79°), 
producing  a  vapor  plume  that  deposits 
on  a  heated  substrate.  A  plasma  was 
induced  between  the  target  and 
substrate  by  applying  a  voltage  to  an 
aluminum  mesh  with  a  bias  supply. 
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externally  applying  a  potential  to  a  wire  mesh 
located  between  the  target  and  substrate  (see  Figure  1). 

target  ^normaf  TV  ''I''''’®"'.  «ng‘e  of  79’  from  the 

tte  wirTme  h  A  .  ‘o  accommodate 

ItnlThi  ^  ^PP'y'"S  ^  °f  +450V  to  the  mesh  produced  a 

purple-blue  glow  that  was  observed  only  when  the  laser  fired*^  and  then 

hr^^mesT^r®”"/  r“‘  ‘ll®  P“’®^-  extended  from 

he  mesh  towards  the  substrate,  implying  a  high  degree  of  excitation 

ionization)  of  the  vapor  directly  over  the  substrate 

Although  the  mismatch  is  significant  (-14%),  sapphire  substrates 

were  chosen  for  film  growth  (both  a-,  and  r-plane).  These  were  1x1  cm2 

of  'the  sub  t’’f  ^  '’r“’  'P“‘“'  P'-edeposition  conditioning 

of  the  substrates  was  performed.  The  substrates  were  attached  to  the 

substi  ate  holder  via  silver  paint  and  were  radiatively  heated  with  quartz 

?hi°rnr  1  temperature  was  monitored  by  a 

thermocouple  embedded  in  the  holder.  ^ 

50  50n'^r  film  growth  was  explored  at  several  temperatures  over  the 
5  0  500  C  range  and  at  different  ammonia  pressures  between  0.001  -  10 

shots  Tl  A/shm?f  typically  grown  with  10,000  laser 

shots  (~1  A/shot)  for  the  GaN  target  and  50,000  shots  (-0.2  A/shot)  for  the 

Ga  metal  taiget  at  repetition  rates  of  10  and  50  Hz,  respectively  Film 

„d  to  be  ~1  pm.  Films  were  quenched  in  vacuum 

and  then  removed  for  material  characterization  using  XRD,  AFM,  and  XPS 

RESULTS 

-^u,  I'’'*'  ‘1*®  gallium  vapor  did  not 

eact  appreciably  with  the  ammonia  over  the  SO-SOO'C  temperature  range 
legaidless  of  the  background  pressure.  The  resultant  films  were  typicaOy 

r  ^  ^  tube  furnace 

Ga^  wbh  a  '"T  n-  polycrystalline 

S  ^he  nitrideThaT  f  P^tulated  that  enhancement 

ot  the  nitiide  phase  formation  would  occur  by  producing  a  plasma  in-situ 

during  fi  m  growth.  Using  the  plasma,  several  films  were  prepared  on 

sapphire  (a-  and  r-phne)  at  -dSO'C.  The  resultant  films  were  indeed  found 

IS  helie3"fb  1  ’  ‘>y  ^l^D’  but  had  a  yellowish  tint.  It 

is  believed  that  energetic  precursors  produced  both  by  ionization  and 

fiagmentation  of  the  ammonia  molecules  and  subsequent  reaction  with  the 
atomic  jet  of  gallium  vapor  aided  the  formation  of  the  nitride  phase 

Films  were  grown  at  two  different  laser  fluences.  The  laser  fluence 
Tu'  “  'be  ionic  and  excited  state  content  of  the  plume, 

the  XRD  patterns  of  two  films  prepared  using  2.0  and  1.3  J/cm2  are  shown 
in  Figures  2a  and  b,  respectively.  Both  films  were  grown  using  a  +450V 
plasma  in  0.5  torr  of  NH3  on  sapphire  (a-plane)  at  480-C.  As  fan  be  seen 
m  these  plots,  the  films  were  comprised  of  <100>  oriented  GaN  although 
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Fig.  2a.  XRD  plot  of  a  film  (with  plasma) 
on  sapphire  (a-plane)  using  a  Ga  metal 
target,  0.5  torr  NH3,  and  2.0  J/cm^. 


2  theta 


Figure  2b.  XRD  plot  of  a  film  (with 
plasma)  on  sapphire  (a-plane)  using  a  Ga 
metal  target,  0.5  torr  NH3  and  1.3  J/cm  . 


some  <110>  oriented  crystallites  were  present  too.  Note  that  the  <100>  peak 
waTvery  prominent  with  the  higher  laser  fluence.  The  <100>  grams  were 
fiber  textured  (rocking  curve  FWHM  of  -2  and  -6-8  for  ®  “  ’ 

respectively);  similar  results  were  obtained  on  the  r-plane  of  sapphire 
2  0  J/cm2;  very  strong  <100>  GaN  peak  and  a  weaker  <110>  reflection.  It  is 
notable  that  the  orientation  of  the  sapphire  crystal  made  little  difference  in 
the  resultant  orientation  of  the  GaN  crystallites.  ,  ,  .  ,  ^ 

The  laser  fluence  affected  the  intensity  and  width  of  the  peaks  w  th 
the  higher  laser  fluence  producing  better  quality  films  crystallographically. 
For  example,  the  broad  peak  running  from  -30-50-  in  Figure  2b  is  probably 
an  amorphous  reflection,  and  decreased  significantly  as  the  laser  fluence 
increased  The  large  incident  angle  precluded  the  use  of  even  higher  las 
fluences  (limited  by  the  focal  spot  size),  however,  the  results  here  imp  y 
large  laser  fluences  probably  promoted  the  formation  of  gas  phase 
precursors  needed  to  form  the  GaN  phase.  A  higher  laser  fluence  genera  y 
produces  more  ions  and  excited  state  species  in  the  ablation  ^ 

although  only  speculative  at  this  point,  these  species  are  believed  to 
enhance  a  variety  of  desirable  surface  and  gas  phase  processes  [7,8]. 

While  the  x-ray  diffraction  analysis  showed  the  presence  of  the  GaN 
phase  energy  dispersive  x-ray  analysis  and  XPS  measurements  of  the 
plasma-enhanced  films  shown  in  Figure  2  indicated  ® 

poor  (-30-35%  deficient).  Furthermore,  using  an  atomic  force  and  an  optica 
microscope,  the  surface  of  the  films  prepared  from  the  Ga  metal  target 
were  rough  (-50  nm  rms)  and  contained  a  large  density  of  droplets  that 

were  presumably  unreacted  gallium  metal. 

Film  growth  was  then  attempted  using  a  fully  reacted  GaN  targe  . 
The  ablation  threshold  was  lower  and  the  GaN  powder  was  easier  to  hand  e 
than  with  the  Ga  metal  target.  A  thorough  quantitative  chemical  analysis  of 
the  chemical  content  of  the  GaN  starting  material,  however  has  n°t  been 
performed,  and  its  purity  is  of  concern  since  it  will  *  . 

Lultant  electrical  properties  of  the  film.  In  order  to  compare  film  growth 
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using  the  GaN  target  with  the  Ga  metal  target,  similar  deposition  conditions, 
including  the  use  of  the  plasma  potential,  were  examined. 

Two  XRD  patterns  of  films  prepared  without  (top)  and  with  (bottom)  a 
plasma  potential  are  shown  in  Figures  3a  and  b,  respectively.  Both  films 
showed  strong  <100>  orientation  and  the  rocking  curve  widths  of  the  <100> 
peak  had  a  FWHM  of  -1“  and  0.2°  for  figures  3a  and  b,  respectively.  This 
was  about  an  order  of  magnitude  improvement  compared  to  the  films 
prepared  with  the  pure  metal  target.  Notice  also  that  the  plasma  had  a 


Figure  3.  XRD  patterns  of  films  processed:  (a)  without  and,  (b)  with  a  plasma 
on  a  sapphire  substrate  (r-plane),  using  a  GaN  target,  0.5  torr  NH3,  and  a 
fluence  of  2.0  J/cm^.  The  reflections  at  24.9  and  51.7°  are  from  the  substrate. 

much  less  pronounced  effect  with  the  GaN  target  compared  to  the  Ga  target, 
as  evidenced  by  the  similarity  in  the  XRD  patterns.  The  presence  of  the 
nitrogen  atoms  (and  ions?)  from  the  ablation  of  the  GaN  target  appears  to 
play  an  important  role  in  the  film  growth.  The  film  in  Figure  3a  still  had  a 
slight  yellowish  tint,  while  that  in  3b  was  completely  clear  and  transparent 
to  the  eye.  These  films  were  smoother  and  had  uncharacteristically  fewer 
particulates  than  the  films  prepared  the  gallium  metal  target, 

XPS  measurements  were  also  performed  on  the  GaN  films  produced 
from  the  GaN  target.  For  the  plasma-enhanced  film  (see  figure  3  for 
conditions),  the  Ga  P1/2,  3/2  and  the  N  2p  peaks  had  band  edges  of  105.6 
and  397.6  eV,  respectively.  It  should  be  noted  that  the  valence  band-edge 
structures  were  slightly  different  than  the  published  spectra  of  Martin  et 
al.  [15].  This  could  be  due  to  the  fact  that  the  GaN  films  were  still 
somewhat  nitrogen  deficient,  even  though  the  plasma  promoted  nitrogen 
incorporation.  For  the  plasma-enhanced  film,  the  N/Ga  ratio  was 
-0.47/0.53,  while  for  the  film  without  the  plasma  the  values  were 
-0.42/0.58,  respectively.  Furthermore,  the  XPS  analysis  indicated  a 
significant  amount  of  carbon  present  (-15%)  and  was  probably  an  impurity 
in  the  target  material. 
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CONCLUSIONS 

Oriented  gallium  nitride  films  were  prepared  by  pulsed  laser 
deposition.  An  examination  of  a  several  different  deposition  parameters 

on  film  growth  was  performed,  including  susbtrate  temperature,  ammonia 

background  pressure,  ablation  target  composition,  and  presence  of  an 
externally  applied  plasma.  The  kientic  energy  of  the  vapor  ejected  from 
the  laser  ablation  process  is  large  (~1  -  >100  eV),  the  fragmentation  and 
ionization  of  the  ammonia  gas  with  collisions  with  the  ablated  vapor  is 
significant,  and  the  gas  phase  reaction  of  these  moieties  likely  leads  to 

energetic  precursors  that  help  promote  the  formation  of  gallium  nitride. 
Future  research  will  focus  upon  improving  film  properties  through 
optimizing  deposition  conditions,  especially  the  purity  of  the  target 
material.  In  addition,  we  are  fabricating  epitaxial  ZnO  with  the  PLD 

process  and  are  exploring  the  potential  of  these  films  as  lattice-matched 
substrates  for  GaN  [8].  The  results  presented  herein  suggest  great  promise 
for  the  laser  deposition  approach  to  GaN  film  growth. 
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ABSTRACT 

The  microstructurc  and  characteristic  defects  of  heteroepitaxial  GaN  films  grown  on  sapphire 
using  molecular  beam  epitaxy  (MBE)  and  metal-organic-chemical- vapor-deposition  (MOCVD) 
methods  and  of  homoepitaxial  GaN  grown  on  bulk  substrates  are  described  based  on 
transmission  electron  microscopy  (TEM),  x-ray  diffraction,  and  cathodoluminescence  (CL) 
studies.  The  difference  in  arrangement  of  dislocations  along  grain  boundaries  and  the  influence 
of  buffer  layers  on  the  quality  of  epitaxial  films  is  described.  The  structural  quality  of  GaN 
epilayers  is  compared  to  Aat  of  bulk  GaN  crystals  grown  from  dilute  solution  of  atomic  nitrogen 
in  liquid  gallium.  The  full  width  at  half  maximum  (FWHM)  of  the  x-ray  rocking  curves  for  these 
crystals  was  in  the  range  of  20-30  arc  sec,  whereas  for  the  heteroepitaxially  grown  GaN  the 
FWHM  was  in  the  range  of  5-20  arc  min.  Homoepitaxial  MBE  grown  films  had  FWHMs  of 
about  40  arc  sec.  The  best  film  quality  was  obtained  for  homoepitaxial  films  grown  using 
MOCVD;  these  samples  were  almost  free  from  extended  defects.  For  the  bulk  GaN  crystals  a 
substantial  difference  in  crystal  perfection  was  observed  for  the  opposite  sides  of  the  plates 
shaped  normal  to  the  c  direction.  On  one  side  the  surface  was  almost  atomically  flat,  and  the 
underlying  material  was  free  of  any  extended  structural  defects,  while  the  other  side  was  rough, 
with  a  high  density  of  planar  defects.  This  difference  was  related  to  the  polarity  of  the  crystal.  A 
large  difference  in  crystal  stoichiometry  was  also  observed  within  different  sublayers  of  the 
crystals.  Based  on  convergent  beam  electron  diffraction  and  cathodoluminescence,  it  is  proposed 
that  Ga^  antisite  defects  are  related  to  the  yellow  luminescence  observed  in  these  crystals. 

INTRODUCTION 

Gallium  nitride  has  attracted  much  attention  in  recent  years,  due  to  its  wide  band  gap  (3.4 
eV)  and  therefore  its  possible  applications  for  short-wavelength  light-emitting  devices  [1]. 
Considerable  effort  in  crystal-growth  engineering  (MBE,  MOCVD)  has  improved  the  quality  of 
GaN  epitaxial  layers  to  the  extent  that  x-ray  rocking  curves  have  improved  from  a  FWHM  of  25 
arc  min  to  values  that  are  now  below  2  arc  min  [2-5].  Blue-light-emitting  diodes  could  be  built 
based  on  GaN  and  GalnN  alloys  [1].  It  has  been  reported,  surprisingly,  that,  the  high  emitting 
efficiency  occurred  in  spite  of  the  high  dislocation  densities  (of  the  order  of  10^^  cm‘2)  [6]. 
Further  improvement  in  structural  perfection  of  GaN  thin  films  will  depend  strongly  on  the 
availability  of  substrate  materials  having  a  good  lattice  match  to  GaN  crystals  and  a  good  match 
in  thermal  expansion  coefficients.  Since  homoepitaxial  growth  of  GaN  is  the  most  natural  way  to 
solve  this  problem,  bulk  GaN  has  recently  been  used  as  a  substrate  for  thin-film  growth  [7-8]. 

In  this  paper,  possible  defects  in  the  wurtzite  structure  will  be  reviewed;  the  structural 
characteri^tion  of  MBE-grown  GaN  on  sapphire  with  and  without  a  GaN  buffer  layer  will  be 
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discussed,  followed  by  a  discussion  of  MOCVD-grown  GaN  on  the  same  substrate  with  and 
without  an  AIN  buffer  layer.  The  difference  between  Si-doped  and  undoped  layers  for  the  later 
samples  will  be  discussed.  For  comparison,  bulk  GaN  and  homoepitaxial  GaN  grown  by  MBE 
and  MOCVD  will  be  described  in  detail. 

GaN-POLYTYPES  AND  EXTENDED  DEFECTS 

In  general,  GaN  crystallizes  in  two  polytypes  of  wurtzite  (hexagonal)  or  zinc-blende 
(cubic)  structure  which  differ  in  the  stacking  sequence  of  the  tetrahedrally  bonded  Ga-N  bilayers. 
Most  epitaxial  GaN  materials  grown  on  hexagonal  substrates  (sapphire  or  SiC)  crystallize  in  the 
wurtzite  structure  [9].  Cubic  GaN  is  metastable  and  can  be  grown  on  cubic  substrates  (e.g.  on 
GaAs)  [10].  Both  bulk  and  epitaxial  GaN  crystals  usually  contain  a  high  density  of  structural 
defects,  dislocations,  stacking  faults  (SF),  and  microtwins. 

Crystallography  of  defects  in  wurtzite  structure  GaN  is  similar  to  that  in  hexagonal  metals 
[11]  where  the  close-packed  plane  is  the  (0001)  basal  plane  and  the  close-packed  directions  are 
<1120>.  The  favorable  glide  system  in  an  ideal  closed  packed  structure  (c/a=  1.633)  is 
1/3<1 1 20>  [0001 )  with  Burgers  vector  b=l/3<l  1 20>  equal  to  the  shortest  lattice  vector  along 
a  close-packed  direction.  This  is  the  main  slip  system  observed  in  GaN,  as  well.  However, 
other  glide  planes  like  the  { 1 TOO]  prism  plane  or  { 1  TOl }  although  not  so  favorable  in  an  ideal 
closed  packed  structure,  are  found  to  be  active  in  GaN.  This  may  explain  the  limited  mobility  of 
threading  dislocations  lying  in  those  planes  m  epitaxial  GaN.  All  types  of  Burgers  vectors 
including  b=l/3<ll  20>,  [0001],  and  1/3<11 23>  typical  of  perfect  dislocations  in  hexagonal 
structures  have  been  observed  in  epitaxial  GaN.  The  strain  energy  associated  with  a  dislocation  is 
proportional  to  b^  and,  hence,  increases  as  a^,  8/3a2  and  ll/Sa^  respectively,  in  the  above 
sequence  of  Burgers  vectors.  The  probability  of  their  formation  should  decrease  in  the  same 
sequence  unless  they  are  formed  by  dislocation  reactions  (e.g.  1/3[1 1 20]+[0001]=  1/3[1 1 23]). 

SFs  are  equivalent  to  local  transitions  of  polytype  [12].  In  the  cubic  polytype  bonds  are 
rotated  60®  with  respect  to  nearest  neighbors  while  in  hexagonal  GaN  the  bonds  have  a  mirror 
symmetry.  This  leads  to  difference  in  symmetry  (3C  and  2H,  respectively),  in  the  atomic 
environment  and,  as  a  result,  in  physical  properties  of  the  cubic  and  hexagonal  polytypes.  In  the 
cubic  polytype,  each  GaN  bilayer  is  situated  in  one  of  three  possible  positions  assigned  as  A,  B, 
C  with  the  ideal  stacking  sequence  of  ...ABCABC...  while  in  hexagonal  GaN  a  bilayer  has  only 
two  possible  positions,  A  and  B,  with  the  perfect  sequence  of  ...ABABAB...  .  SFs  locally 
change  the  bond  arrangement  and  introduce  several  planes  of  zinc-blende  structure  in  wurtzite 
GaN  and  vice  versa.  These  faults  are  often  tenninated  by  partial  dislocations  whose  Burgers 
vectors  are  b=l/3<lT00>,  1/2[0(X)1]  or  1/6  <2203>,  with  strain  energy  increasing  as  l/Sa^, 
2/3a2  and  a^.  Analysis  of  these  partial  dislocations  reveals  the  nature  of  the  stacking  fault 

MBE-GROWN  GaN 

Two  different  types  of  samples  grown  in  home-built  MBE  chamber  were  compared.  The 
first  was  grown  with  a  Kaufman  ion  source  equipped  with  a  tungsten  filament  for  plasma 
production  and  a  nickel  grid  for  the  extraction  of  ions  [13]  in  order  to  minimize  ion-impact 
damage  and  decomposition  during  film  growth.  The  second  was  grown  using  a  hollow-anode 
source  to  provide  activated  nitrogen  species  [14].  The  nitrogen  source  was  designed  to  minimize 
defect  formation  from  contamination  and  ion  damage.  Two  samples  using  these  methods  of 
growth  are  compared,  A  GaN  buffer  layer  grown  at  low  temperature  has  been  used  to  grow  the 
first  sample,  while  the  second  sample  was  grown  without  a  buffer  layer.  These  two  samples 
differed  drastically.  The  FWHM  of  the  x-ray  rocking  curve  of  the  first  sample  grown  using  the 
Kaufman  source  was  about  20  arc  min,  while  that  of  the  second  sample  grown  by  using  the 
hollow  anode  source  was  only  5  arc  min.  Therefore,  it  was  of  interest  to  compare  by  TEM  the 
microstructure  of  these  two  samples,  since  it  is  still  not  clear  which  defects  in  the  heteroepitaxial 
films  cause  x-ray  FWHM  broadening,  nor  is  it  certain  that  this  nondestructive  characterization 
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Fig.  1.  Cross-section  TEM  micrographs 
showing  defects  in  GaN  grown  by  MBE  on 
sapphire:  (a)  and  (b)  using  a  Kaufman  source 
and  GaN  buffer  layer;  (a)  using  [0001] 
diffraction  vector  to  image  defects 
perpendicular  to  the  growth  surface;  (b)  using 
[  1 100]  diffraction  vector  to  image  defects 
parallel  to  the  growth  surface,  (c)  using 
hollow  anode  source.  Note  in  (c)  vertical 
defects  similar  as  in  (a)  and  inversion 
domains  as  in  (b). 


method  provides  enough  information  to  qualify 
material  for  device  fabrication. 

TEM  studies  of  both  cross-section  samples 
did  not  show  drastic  differences  (Figs.  1  a,  b, 
c).  Both  of  them  had  a  sharp  interface  between 
the  sapphire  and  the  GaN  layer.  Both,  misfit 
and  threading  dislocations  were  observed.  Two 
types  of_planar  defects  were  also  visible:  one 
ilong  (1 1(X))  GaN  planes  perpendicular  to  the 
growth  surface,  and  the  second  parallel  to  the 
(0001)  GaN  growth  surface.  The  defects 
described  above  are  all  shown  in  the  micrograph 
(Figs,  la,  b).  When  specific  diffraction 
conditions  are  chosen,  only  one  type  of  defect  is 
visible.  The  contrast  for  the  defects 
perpendicular  to  the  interface  disappears  for  the 
(0001)  diffraction  vector.  These  defects  start  at 
the  interface  and  extend  through  the  entire  layer 
thickness  as  sharp  bands  (Figs.la.c).  Their 
width  is  of  the  order  of  8-10  nm,  and  the 
distance  between  them  is  about  20  nm.  The 
apparent  width  of  these  defects  does  not  change 
through  the  entire  layer,  except  where  they 
interact  with  other  planar  defects  oriented 
perpendicularly  to  them  (Fig.  lb).  In  these 
places  the  width  of  these  vertical  defects  shrinks 
by  one  atomic  plane.  The  contrast  across  the 
defects  differs  compared  to  the  surrounding 
matrix.  Based  on  high  resolution  micrographs  it 
is  not  easy  to  determine  the  nature  of  these 
defects  since  stacking  faults,  microtwins,  or 
other  special  types  of  grain  boundaries  formed 
at  surface  steps  on  the  substrate/layer  interface, 
or  three-dimensional  tubes  would  have  similar 
contrast  in  cross-sectional  micrographs.  Only 
detailed  image  simulation  for  each  particular 
defect  would  bring  an  answer.  Disappearance  of 
contrast  for  a  particular  diffraction  condition 
reveals  the  direction  of  atomic  displacements. 
Some  of  these  vertical  defects  could  be  three- 
dimensional  features  that  are  empty  or  filled 
with  nonstoichiometric  amorphous  GaN  (very 
low  in  N-as  suggested  by  electron  energy  loss 
spectroscopy  (EELS)  studies).  It  can  be  seen 
from  plan-view  micrographs  (Fig.  2a)  that 
stacking  faults  and  microtwins  are  present  in 
these  layers  in  high  densities  and  they  can  give 
the  observed  contrast  in  cross-section 
micrographs.  However,  there  are  also  many 
features  (pinholes)  in  plan-view  micrographs 
which  appear  empty  or  amorphous  that  are 
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distributed  randomly  in  the  epilayer  (Figs.  2a,b,c).  Some  of  these  were  located  at  the 
intersections  of  grain  boundaries  (Fig.  2b).  These  areas  were  rather  large  up  to  20  nm  having 
arbitrary  shapes.  Other  amorphous  or  empty  areas  were  located  in  the  centrai  part  of  the  grains 
(Figs.  2a,b),  very  often  with  a  hexagonal  faceted  shape;  their  size  was  in  the  range  of  2  nm. 
Burgers  vector  analysis  around  these  empty  places  located  inside  the  grains  showed  a  central 
dislocation  which  had  an  edge  component  (Fig.  2c).  These  defects  may  be  the  same  type  of 
defects  reported  earlier  [15-16].  However,  it  was  reported  that  they  are  formed  as  empty  core 
screw  dislocations.  The  present  results  show  that  the  central  dislocation  also  has  an  edge 
component.  Previous  identification  was  based  on  atomic  force  microscopy  (AFM)  studies  [IS¬ 
IS]  without  TEM  Burgers- vector  analysis.  At  this  point  it  is  not  clear  if  the  defects  reported 
earlier  and  the  ones  found  in  this  work  are  of  the  same  kind.  Based  on  the  previous  studies  [IS¬ 
IS]  the  “empty  core  screw  dislocations”  located  at  the  tops  of  pyramids  which  were  formed  in 
GaN  layers  grown  by  MOCVD.  Our  defects  were  found  in  flat  central  parts  of  the  grains. 

The  second  type  of  defect  observed  in  the  MBE-grown  cross-section  samples  are  parallel  to 
the  growth  surface  (Fig.  lb  and  marked  by  arrows  Fig.  Ic).  Their  contrast  disappears  for  the 
diffraction  vector  parallel  to  [lOTO]  GaN.  These  defects  were  interpreted  as  either  inversion 
boundaries  or  stacking  faults  parallel  to  the  (0001)  growth  surface,  which  locally  results  in  fee 
stacking  order  of  the  crystal.  The  density  of  these  parallel  defects  decreases  with  increasing 
distance  from  the  subsu^te. 
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The  real  difference  between  these  two  samples,  those  grown  with  the  Kaufman  source  with 
GaN  buffer  layer  or  with  the  hollow  anode  source  without  a  buffer  layer  can  be  observed  in 
plan-view  samples.  In  the  first  type  of  sample,  dislocations  are  mainly  arranged  on  grain 
boundaries  (Fig.  2a),  and  only  a  negligible  number  can  be  observed  within  the  grain.This  sample 
has  a  high  density  of  microtwins  (see  Fig.  2a  marked  by  T)  which  were  seen  in  cross  section  as 
straight  vertical  lines.  The  second  type  of  sample  has  twin-like  grain  boundaries  (Fig.  2b),  which 
can  be  formed  by  a  simple  shift  or  by  60°  rotation  plus  a  shift.  These  boundaries  are  arranged 
crystallographically,  with  120*  angles  between  them.  The  arrangement  of  dislocations  along 
these  boundaries  leads  to  steps  along  the  boundaries.  Tilt  about  an  axis  in  the  (0001)  plane  is  not 
involved  between  one  grain  and  the  surrounding  grains;  therefore,  it  is  not  surprising  that  the  x- 
ray  rocking  curve  FWHM  is  much  narrower  in  this  sample,  compared  to  the  first  sample,  grown 
with  the  Kaufman  source. 

MOCVD  GROWN  GaN 

A  sapphire  substrate  was  used  for  GaN  growth  by  MOCVD  as  for  the  MBE  samples. 
However,  in  this  case  (1120)  AI2O3  substrates  were  used  for  the  growth  rather  than  (0001). 
Two  different  samples  were  studied,  one  undoped  and  the  other  Si-doped.  A  low-temperature 
AIN  buffer  layer  was  also  used  to  reduce  the  dislocation  density  in  the  GaN  layer.  X-ray  double¬ 
crystal  diffractometry  was  used  for  general  characterization  of  the  structural  quality  of  these 
layers,  while  TEM  techniques  were  applied  for  defect  investigation.  Both  plan-view  and  cross- 
section  specimens  were  studied  by  TEM. 

Different  broadening  of  the  FWHMs  (4-7  arc  min)  of  the  rocking  curves  was  observed  for 
these  two  samples,  with  larger  broadening  for  the  undoped  compared  to  the  Si-doped  sample. 
Electron  diffraction  patterns  taken  from  interfacial  regions  indicated  that  the  GaN  grew  in  the  c 
direction,  with  the  orientation  relationship  to  the  AI2O3  substrate  of  (0001)GaN//(ll  20)Al2O3 
and  [1 100]GaN//[0001]Al203.  TEM  studies  of  cross-sections  of  both  samples  showed  a  similar 
defect  distribution  within  the  layers.  The  highest  defect  density  was  observed  near  the  interface 
of  the  GaN  layer  and  the  AIN  buffer,  but  it  decreased  sharply  as  the  GaN  layer  thickness 
reached  0.5  jim.  It  was  interesting  to  note,  that  a  high  density  of  parallel  defects,  most  probably 
dislocation  loops,  was  formed  in  the  AIN  layer  (Fig.  3a).  Such  defects  appeared  not  to  propagate 
to  the  sample  surface,  but  they  did  promote  threading  dislocation  interactions  and  the  formation 


Fig.  3.(a)  High  resolution  image  the  AIN  buffer  layer.  Note  bending  of  (0001)  lattice  planes 
suggesting  formation  of  dislocation  loops  parallel  to  the  growth  surface;  (b)  TEM  micrograph 
showing  cross-section  sample  of  GaN  grown  by  MOCVD  close  to  the  sample  surface.  Note 
formation  of  dislocation  loops  along  (0001)  basal  planes  and  their  interaction  with  vertical 
dislocations. 
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of  half-lcx^s  near  the  AlN/GaN  interface  instead  of  the  straight  dislocations,  that  were  observed 
in  the  previous  samples  grown  by  MBE.  Such  half  loops  had  mixed  Burgers  vectors;  and, 
depending  on  the  type  of  dislocation  formed,  these  half  loops  remained  near  the  AlN/GaN 
interface  or  propagat^  to  the  surface.  Dislocation  loops  lying  parallel  to  the  sample  surface  were 
observed  in  the  upper  part  of  the  GaN  layer  (Fig.  3b).  Their  appearance  in  this  part  of  the  layer  is 
not  understood,  however,  they  were  similar  to  the  ones  observed  in  the  AIN  layer.  Whenever 
threading  dislocations  interact^  with  such  a  loop  parallel  to  the  sample  surface,  they  bent  and  did 
not  simply  extend  to  the  surface  (Fig.  3b). 


Fig.  4.  Plan-view  micrographs  of  the  GaN  layers  grown  by  MOCVD  with  AIN  buffer  layer;  (a) 
with  Si  doping  and  (b)  without  Si  doping.  Note  low-angle  grain  boundaries  formed  in  (b). 


The  dislocation  density  in  the  layers,  estimated  from  the  cross-section  samples,  was  of  the 
same  order  of  magnitude  for  both  samples.  However,  plan-view  images  clearly  showed  the 
difference  in  densities  of  threading  dislocations  and  their  distribution  for  Si-doped  and  undoped 
GaN  layers.  Dislocation  densities  at  the  top  of  the  layers  were  about  5  x  10^  and  7  x  10^  cm*2  for 
undoped  and  Si-doped  GaN,  respectively.  While  the  dislocations  in  the  Si-doped  layer  were 
distributed  homogeneously  (Fig.  4a),  they  were  arranged  in  low-angle  boundaries  in  the 
undoped  GaN  layer  (Fig.  4b).  In  both  cases,  threading  dislocations  near  the  layer  surface  were 
close  to  the  edge  orientation.  Similarly,  as  for  MBE-grown  samples,  micro-tubes  (pinholes)  were 
observed  by  AFM  and  plan-view  TEM  (Fig.  5).  These  tubes  were  associated  with  dislocations 
with  edge  components.  Dislocation  boundaries  in  undoped  samples  divide  the  layer  into  grains  of 
3-5  |im  in  size;  these  grains  were  slightly  misoriented  with  respect  each  to  another.  The  presence 
of  grains  in  the  undoped  GaN  layer  resulted  in  a  rough  surface  morphology,  in  comparison  with 
the  rather  smooth  morphology  of  the  Si-doped  layers.  In  general,  misorientation  between  grains 
has  two  components,  parallel  and  perpendicular  to  the  layer  surface,  depending  on  the  type  of 


Fig.  5.  AFM  image  of  a  pinhole 
formed  in  MOCVD  grown 
sample. 
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dislocations  at  the  boundaries.  In-plane  misorientation  is  associated  with  tilt  boundaries,  while 
perpendicular  misorientation  is  associated  with  twist  boundaries,  A  pure  twist  boundary  contains 
a  crossed  grid  of  screw  dislocations  with  Burgers  vectors  parallel  to  the  dislocation  lines.  A  pure 
tilt  boundary  is  formed  by  edge  dislocations  with  Burgers  vectors  perpendicular  to  the  boundary 
plane.  Dislocations  at  grain  boundaries  in  our  samples  were  more  complex  and  had  both  twist 
and  tilt  components.  The  type  of  dislocation  boundaries  formed,  will  influence  the  broadening  of 
the  x-ray  rocking  curve  FWHM. 

BULK  GaN 

The  only  bulk  growth  method  for  GaN  crystals  reported  up  to  now  is  growth  from  a  dilute 
solution  of  atomic  nitrogen  in  liquid  gallium  under  high  nitrogen  pressure  (up  to  20  kbars). 
Under  this  pressure  GaN  crystallizes  at  temperatures  in  the  range  of  15(X)  to  1800  K,  at  which 
the  solubility  of  nitrogen  in  liquid  gallium  is  about  1%  [7-8].  Bulk  GaN  grown  by  this  technique 
crystallizes  in  the  form  of  platelets  or  rod-shaped  crystals.  X-ray  studies  using  the  (0004)  Cu 
reflection  from  these  plate-like  crystals  show  that  quality  is  related  to  crystal  size.  The 
experimental  x-ray  rocking  curve  FWHM  is  about  20-30  arc  sec  for  crystals  not  larger  then  1 
mm.  For  larger  crystals  (1-3  mm),  the  rocking  curve  FWHM  is  broader,  and  for  crystals  from  3 
to  10  mm  the  rocking  curve  splits  [17]. 

In  order  to  get  detailed  information  on  the  structural  quality  of  bulk  GaN  crystals, 
transmission  electron  microscopy  (TEM)  was  used.  Detailed  characterization  of  this  material  has 
been  described  earlier  [18-19].  The  small  GaN  plates  of  about  1  mm  in  length  were  shaped  like 
elongated  hexagons  and  crystallized  with  the  wurtzite  structure.  The  longest  axis  was  along 
[11 20].  In  all  cases  the  smallest  dimension  was  in  the  c-axis  direction.  The  ratio  of  plate  length 
to  thickness  along  the  c  axis  could  be  as  large  as  100.  This  shows  that  growth  in  the  c  axis 
direction  is  the  slowest.  A  TEM  study  of  cross-section  samples  showed  that  one  side  of  the  plate 
perpendicular  to  the  c  axis  was  almost  atomically  flat  (with  fluctuations  not  larger  than  10-15  A), 
while  the  opposite  side  was  rough.  In  an  extreme  case,  a  high  density  of  pyramids  was  present 
on  the  rough  side  of  the  plate,  with  a  pyramid  height  of  100  nm.  Planar  defects  in  the  form  of 
stacking  faults  (both  low-  and  high-  energy  types  [1 1])  were  observed  close  to  the  rough  surface 
(Fig.  6a).  These  defects  appear  to  be  formed  by  growth  mistakes  during  crystal  growth.  They 


200  n  m 


Fig.  6.(a)  Stacking  faults  visible  as  long  lines  formed  on  basal  planes  and  dislocation  loops 
adjacent  to  them  (dark  contrast);  (b)  An  example  of  dislocation  loop  decorated  by  Ga  precipitates. 
Note  faceting  of  these  precipitates  and  formation  of  voids  on  the  side  of  the  precipitate  closer  to 
the  rough  side  of  the  sample  perpendicular  to  c-axis. 
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were  located  within  1/10  to  1/4  of  the  sample  thickness  nearest  to  the  rough  side  of  the  plate. 
The  rougher  the  sample  surface,  the  more  defects  were  observed.  Adjacent  to  these  long 
individual  stacking  faults,  were  dislocation  loops  separated  laterally  from  each  other  (Figs.  6 
a,b).  These  loops  are  additional  inserted  basal  planes  parallel  to  the  long  stacking  faults.  The 
surrounding  dislocations  acted  as  a  nucleation  site  for  the  precipitation  of  the  excess  Ga  present 
in  this  material.  These  Ga  precipitates  were  faceted  (Fig.  6b)  and  are  associated  with  small  voids 
located  closer  to  the  rough  side  of  the  crystal  [18]. 

The  material  near  the  opposite  side  of  the  plates  had  no  extended  defects  and  had  an  almost 
atomically  flat  surface  (Fig.  7).  This  surface  would  make  an  ideal  substrate  for  homoepitaxial 
GaN  growth.  Such  crystals  would  not  need  additional  polishing.  The  formation  of  a  rough  and 
flat  side  of  the  plate  is  most  likely  related  to  the  crystal  polarity  along  the  c  direction  (the  slowest 
growth  direction).  Convergent  beam  electron  diffraction  (CBED)  was  used  to  determine  the 
arrangement  of  N  and  Ga  along  the  the  c  direction  [20].  It  was  found  that  considering  the  Ga-N 
pairs  along  the  c-axis  the  Ga  atom  was  closer  to  the  flat  surface,  while  the  N  atom  was  closer  to 
the  rough  surface. 


Fig.  7.  Cross-section  TEM  micrograph  showing  the  flat  surface  and  extended  defect  free  GaN 
sample. 

Slightly  larger  GaN  plates  showed  a  weak  yellow  color  upon  optical  inspection.  Cross 
section  samples  showed  in  an  optical  microscope,  that  this  yellow  color  was  not  distributed 
uniformly,  but  appeared  as  small  sublayers  perpendicular  to  the  c-direction,  located  either  in  the 
central  part  of  the  crystal  or  shifted  toward  the  rougher  side  of  the  plate.  Detailed  TEM  studies  of 
these  yellow  areas  revealed  a  high  density  of  dislocation  loops  parallel  to  the  basal  plane,  with  a 
diameter  of  2-3  nm.  They  also  were  decorated  by  Ga  precipitates  (Fig.  8).  The  transparent  areas 
of  the  crystal,  however,  were  free  of  extended  defects.  The  formation  of  these  colored  sublayers 
with  a  different  density  of  planar  defects  was  probably  related  to  variation  in  crystal 
stoichiometry  as  confirmed  by  CBED  studies.  The  details  of  these  studies  are  described 
elsewhere  [20].  Based  on  CBED  studies  it  was  conciuded  that  Ga^  antisite  defects  are  present  in 
these  buik  samples  as  a  result  of  the  reaction  Gaj  +  =>  Gajsf.  similar  to  that  occurring  in  GaAs 

crystals  [21].  Theoretical  calculations  confirmed  a  high  probability  for  this  reaction  to  occur  with 
a  gain  of  energy  of  4  eV  [20].  Since  these  bulk  crystals  arc  grown  from  Ga  melt  and  are  strongly 
n-type  [22],  supersaturation  of  Gaj  and  Vn  is  expected  to  be  present  in  this  material.  If  the 
precipitation  is  nucleated  the  above  reaction  Gaj  +  would  lead  to  the  formation  of  VN(void) 
4Ga  prec. 


Cathodoluminescence  (CL)  studies  performed  on  the  same  crystals  showed 
complementary  images  obtained  using  a  wavelength  of  the  near-band-edge  luminescence  and 
yellow  luminescence  (19,  20].  Comparing  information  from  TEM  (both  microstructure  and 
CBED)  and  CL  showed  that  the  yellow  luminescence  was  not  only  present  in  defective  areas  but 
also  can  be  strong  in  the  perfect  parts  of  the  sample  [19],  However,  the  ratio  of  band-edge 
luminescence  to  yellow  luminescence  depended  on  the  beam  position  in  the  sample.  There  were 
areas  of  the  sample  without  any  extended  defects  where  the  intensity  of  yellow  luminescence  was 
stronger  or  comparable  to  band-edge  luminescence.  Details  of  these  studies  will  be  published 
elsewhere  [20]. 

MBE  GROWN  HOMOEPITAXIAL  GaN 

These  GaN  layers  were  grown  in  a  home-built  MBE  chamber  with  the  hollow  anode  source 
used  for  the  heteroepitaxial  samples  described  above.  The  growth  was  initiated  at  600*C  and  the 
substrate  temperature  was  ramped  up  to  675°C  (in  ca.  5  minutes).  This  procedure  allowed  for  a 
minimal  decomposition  of  the  bulk  GaN  substrate  prior  to  deposition.  The  films  were  grown  in 
an  8-hour  process,  resulting  in  approximately  0.5-pm-thick  layers  [23].  The  FWHM  of  the  x-ray 
rocking  curve  showed  40  arc  min,  only  slightly  larger  than  that  obtained  from  the  bulk  substrate 
film.  TEM  analysis  showed  dislocations  in  these  layers.  A  distance  of  1-1.5  [im  between 
dislocations  allows  one  to  estimate  the  dislocation  density  near  the  surface  in  the  10^-10^  cm"2 
range.  This  may  be  compared  with  IQi^-lO^®  cm'^,  typical  for  heteroepitaxial  growth.  The 
homoepitaxial  layer  exhibits  indeed  one  of  the  lowest  defect  densities  report^  for  GaN  thin  films 
(Fig.  9  a).  However,  the  dislocation  density  in  the  homoepitaxial  layer  was  much  higher  than  in 
the  substrate  [17].  In  addition,  a  50-nm-thick  layer  with  dislocations  was  found  near  the 
interface.  The  defects  found  near  the  interface  were  attributed  to  non-optimized  surface 
preparation  before  the  epitaxial  growth.  As  the  availability  of  GaN  single  crystal  substrates  in 
sizes  suitable  for  epitaxial  growth  was  very  limited,  no  specific  surface  cleaning  procedure  could 
be  explored  in  order  to  avoid  degradation  of  the  sample  surface.  The  present  results  suggest  that 
either  the  chemical  surface  cleaning  did  not  remove  residual  contamination  effectively  or  that 
during  the  initial  5  min  growth  at  bOO'C,  the  epilayer  was  grown  with  a  different  stoichiometry 
than  the  bulk  substrate.  Examination  of  the  contrast  of  TEM  micrographs  would  indeed  suggest 
that  the  initial  layer  was  grown  with  different  stoichiometry  and  that  three-dimensional  growth 
took  place.  Coalescence  of  islands  was  most  likely  the  source  of  the  threading  dislocations.  The 
overgrowth  with  the  main  part  of  the  layer  at  675’C  did  not  establish  a  planar  surface,  but  rather 
an  undulated  one, 

MOCVD-GROWN  HOMOEPITAXIAL  GaN 

Two  different  samples  grown  by  MOCVD  [24]  were  studied.  Prior  to  growth  of  the 
epitaxial  GaN  layers  the  bulk  GaN  substrate  was  annealed  in  ammonia  at  800*C  in  order  to  clean 
the  GaN  surface  before  growth.  With  the  sample  still  kept  in  ammonia,  the  temperature  was 
raised  to  lOOO’C  and  the  trimethylgallium  (TMG)  valve  was  opened  to  start  the  growth.  The 
sample  thickness  was  in  the  range  of  0.5  pm,  similar  to  the  one  grown  by  MBE. 

TEM  studies  in  cross  section  revealed  the  formation  of  some  inhomogeneities  (most 
probably  Ga)  at  the  interface  between  the  bulk  substrate  and  the  epilayer,  probably  formed  during 
substrate  annealing  (Fig.  9  b).  These  precipitates  were  the  origin  of  dislocations,  and  in  some 
cases  stacking  faults  parallel  to  the  basal  plane  were  formed  as  well.  The  distance  between  the 
dislocations  was  on  the  order  of  1-2  pm,  leading  to  a  dislocation  density  in  the  range  of  lO’^-lO^ 
cm‘2.  Since  appropriate  polarity  of  the  bulk  substrate  was  chosen,  and  the  layer  shows  an  abrupt 
interface  as  well  as  a  lack  of  defects  in  the  substrate  below  the  layer,  the  substantial  dislocation 
density  (comparable  to  the  one  obtained  by  MBE)  due  to  residual  impurities,  was  probably 
caused  by  Ga,  still  present  at  the  interface. 
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Another  sample  grown  under  the  same  conditions  but  with  a  different  surface  preparation 
before  growth  lead  to  an  abrupt  interface  and  a  practically  defect-free  layer.  This  was  the  best 
GaN  epilayer  grown  up  to  now  (Figs.  9  c,d).  In  the  entire  layer  only  one  planar  defect  was 
observed,  located  parallel  to  the  basal  plane.  The  interface  between  the  GaN  layer  and  the  GaN 
substrate  was  atomically  flat,  and  only  some  minor  residual  damage  (seen  in  Fig.  9  d  with  lighter 
contrast)  allowed  determination  of  its  location. 


Fig.  9.  (a )  Cross-section  of  homoepitaxially  grown  GaN  layers;  (a)  using  MBE-note  difference 


in  contrast  close  to  the  interface  and  formation  of  dislocations;  (b)  using  MOCVD 


homoepitaxially  grown  GaN  layer-note  formation  of  some  inhomogeneities  (possibly  Ga)  at  the 
interface  that  initiated  defect  formation;  (c)  using  MOCVD  and  a  special  chemical  surface  cleaning 


of  the  bulk  GaN  substrate  before  the  growth;  (d)  The  interface  between  the  GaN  layer  and  the 
GaN  substrate.  Lighter  contrast  of  some  residual  impurities  helped  to  indicate  the  location  of  the 
interface,  since  no  other  defects  could  be  found  there. 
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CX)NCLUSIONS 


In  conclusion,  it  was  shown  that  the  best  GaN  epitaxial  layers  so  far  obtained  were  grown 
on  a  bulk  GaN  substrate.  The  defects  observed  in  our  first  grown  samples  were  attributed  to  the 
surface  preparation  before  the  growth,  and  when  proper  procedure  was  applied  almost  defect- 
free  layers  were  obtained  using  MOCVD  growth. 

The  heteroepitaxial  films  showed  that  in  spite  of  different  growth  techniques  (MBE  and 
MOCVD)  and  different  buffer  layers,  a  comparable  quality  of  GaN  layers  has  been  observed,  but 
Si-doping  in  MOCVD-  grown  layers  improves  the  quality. 

Differently  shaped  tubes  (empty  or  amorphous)  are  present  in  both,  MBE-  and  MOCVD 
grown  GaN.  Burgers  vector  analysis  around  these  empty  areas  showed  a  central  dislocation  had 
an  edge  component 

Bulk  crystals  tend  to  grow  in  a  plate-like  form,  with  the  basal  plane  parallel  to  the  wide 
surface.  The  fastest  growth  rate  was  observed  along  [1120].  The  two  large  surfaces  (basal 
planes  with  slowest  growth  rate)  showed  different  flatness,  which  was  related  to  the  crystal 
polarity. 

Extended  defects  present  in  bulk  GaN  crystals  were  primarily  stacking  faults  and  dislocation 
loops,  all  parallel  to  the  (0001)  basal  plane.  These  defects  were  decorated  by  Ga  precipitates  and 
voids.The  presence  of  these  defects  suggests  the  supersaturation  of  Gaj  and  V^  which  can  lead 
to  the  following  reactions:  Gaj  +  Vn==>Vn  +Ga  prec,  or  Gaj  +  VN“>GaN.  In  the  areas  free 
of  extended  defects  Ga^  appears  be  a  dominant  defect.  The  reaction  Gaj  +  Visi==>Gajsf  was 
confirmed  by  molecular  dynamic  calculation  to  be  exothermic  with  an  energy  gain  of  4  eV.  This 
would  suggest  that  Gajsj  antisite  defects  might  be  related  to  the  yellow  luminescence  observed  in 
these  samples. 
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ABSTRACT 

Samples  of  representative  AlxGaylni-x-yN  compositions  have  been  studied  with  secondary  ion 
mass  spectrometry  (SIMS).  First,  ionized  species  of  common  interest  (H,  B,  C,  0,  Mg,  Si,  and 
Cd)  were  implanted  into  the  Ill-nitride  samples  to  provide  calibrated  standards.  Depth  profiles 
and  conversion  factors  for  quantification  of  dopants  were  then  obtained  using  or  Cs"^ 
bombardment  and  positive  or  negative  SIMS  to  measure  B"”  and  Mg^;  H',  B“,  C",  0",  and  Sf;  and 
CdCs"".  In  addition  calibration  curves  for  quantification  of  stoichiometry  were  prepared  using 
MCs^  ions  (NCs",  AlCs",  GaCs"”,  InCs")  for  which  the  ion  yields  are  relatively  independent  of  the 
matrix  composition;  and  using  atomic,  dimer,  and  trimer  ions  (Al,  Ga,  In,  AI2,  Ga2,  In2,  AI3,  Gas) 
which  are  very  sensitive  to  matrix  composition.  The  empirical  calibration  curves  show  small  non- 
linearities.  Dopant  concentrations  can  be  quantified  with  great  sensitivity  (detection  limits  usually 
below  1  ppm),  accuracy  (usually  better  than  10%),  and  precision  (better  than  25%).  Matrix 
stoichiometry  can  be  quantified  with  an  accuracy  of  about  1-3%. 

INTRODUCTION 

The  Ill-nitride  or  AlGaInN  material  system  has  recently  been  the  subject  of  intense  research. 
These  wide  band-gap  semiconductors  include  the  binary  compounds  AIN,  GaN,  and  InN;  the 
ternaries  AlxGai.xN,  AlxIni.xN,  and  GaxIni.xN;  and  the  quaternaries  AlxGaylni.x.yN.  The  most 
frequently  studied  materials  are  GaN,  AlxGai-xN,  and  GaxIni-xN,  in  roughly  that  order  and  the 
most  popular  growth  method  tends  to  be  metallorganic  chemical  vapor  deposition  (MOCVD)  on 
sapphire  substrates.  Once  a  new  semiconductor  can  be  grown  successfully  and  economically, 
attention  turns  to  developing  new  functions  and  structures.  This  process  has  been  accelerated  for 
the  Ill-nitrides,  due  to  the  commercial  momentum  of  a  successful  III-V  industry  accustomed  to 
using  diverse  compounds  such  as  GaAs,  InP,  AlGaAs,  and  AlGaInP. 

How  can  Ill-nitride  crystal  growers  check  whether  their  samples  and  heterostructures  have 
the  desired  dopants  and  stoichiometry?  Secondary  ion  mass  spectrometiy  (SIMS)  is  successfully 
used  for  this  purpose  in  other  III-V  materials,  with  great  sensitivity  and  excellent  depth  resolution. 
Unlike  electrical  measurements,  SIMS  detects  dopants  regardless  of  their  site  in  the 
semiconductor  lattice.  Reliable  calibration  standards  have  previously  been  developed  for  the 
analogous  AlGalnAs  [1,2]  and  AlGalnP  [2]  systems.  The  fundamental  purpose  of  this  work  has 
been  to  provide  accurate,  precise,  and  reliable  quantification  of  dopant  levels  and  matrix 
stoichiometries  within  the  AlGaInN  alloy  system. 

EXPERIMENTAL 

Depth  profiles  were  obtained  with  CAMECA  3f  and  4f  IMS  instruments  using  8  keV  primary 
02^  ions  with  positive  SIMS,  5.5  keV  primary  Cs^  ions  with  positive  SIMS,  or  14.5  keV  primary 
Cs"^  ions  with  negative  SIMS.  The  primary  beam  was  rastered  over  a  square  region  100-125 
microns  on  a  side,  and  the  positive  or  negative  secondary  ions  were  collected  from  a  circular 
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image  area  30  microns  in  diameter,  centered  in  the  rastered  region.  The  sputter  rates  were 
obtained  by  measuring  the  analytical  crater  depths  with  a  Tencor  PIO  stylus  profilometer. 

Samples  of  GaN,  AIN,  InN,  AlGaN,  GaInN,  AlInN,  and  AlGaInN  (Figure  1)  were  obtained 
from  various  sources  and  the  imnuritv  levels  in  each  were  estimated  usintt  SFMS:  ion  vield 
systematics  permitted  inference  of  concentrations  to  within  a  factor  of  five  based  on  analogies 
with  quantification  in  GaAs.  The  Ill-nitride  samples  (except  for  those  of  AlGaInN)  and  a  silicon 
witness  sample  were  then  implanted  with  known  doses  of  ^H,  ^‘*Mg,  ^*Si,  and  “^Cd,  The 

doses  were  adjusted  to  provide  implant  peaks  well  above  the  impurity  concentrations,  which  in 
several  cases  were  close  to  1%.  The  purpose  of  the  silicon  witness  sample  was  to  provide  an 
independent  means  of  checking  the  nominal  implant  doses  against  archival  data,  since  SEMS 
quantification  is  best  understood  for  silicon  (the  only  NIST  standard  reference  material  for  SEMS 
is  an  implant  of  B  into  silicon).  The  doses  in  the  Si  witness  sample  were  checked  with  SIMS. 

•  InN 


Figure  1 .  The  AlGaInN  alloy 
system,  showing  the  various 
compositions  of  the  samples 
used  in  this  work. 

RESULTS  AND  DISCUSSION 


The  experimental  results  provide  an  intriguing  picture  of  how  the  ion  formation  mechanisms 
change  with  composition  in  the  AlGaInN  system.  The  relative  sensitivity  factors  (RSFs)  used  in 
quantification  typically  are  measured  with  respect  to  various  atomic  or  molecular  matrix  ions  such 
as  Al",  Ga",  In^,  NA1“,  NGa",  or  NIn".  Since  multiple  measurements  were  made  under  a  range  of 
different  instrumental  conditions  in  many  cases,  relative  standard  deviations  in  the  RSFs  can  be 
estimated.  The  statistics  suggest  that  calibration  with  respect  to  the  matrix  ion  NGa'  is  preferable 
to  the  use  of  Ga"  in  negative  SEMS,  since  the  Ga'  intensity  is  more  sensitive  to  the  instrumental 
tuning  conditions  and  produces  a  wider  range  of  RSFs.  Similar  considerations  were  used  to 
choose  the  best  matrix  ions  under  the  other  SIMS  analysis  conditions.  Figure  2  shows  how  SIMS 
data  can  be  calibrated  with  photoluminescence  (PL),  using  a  light-emitting  diode  structure  of 


GaN/InGaN/GaN. 

1.0 


O) 

3 

Figure  2.  A  blue  LED  > 
GaN/InGaN/GaN  structure  w 
with  high  quantum  efficiency,  e 
grown  at  the  UCSB  MOCVD  'g 
lab.  With  good  crystal  quality  g 
and  a  thin  active  layer,  such 
structures  may  be  precursors 
to  reliable  blue  laser  diodes.  0 
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Complications  exist  for  such  calibration— the  nominal  wavelength  of  the  InGaN  layer  is  not 
only  related  to  the  In  content,  but  also  to  the  dopant  concentration.  High  levels  of  Zn  dopant  can 
shift  the  wavelength  from  the  400  nm  expected  for  Ino.14Gao.86N  to  440  nm.  But,  complications 
aside,  SIMS  clearly  can  be  calibrated  against  PL,  If  the  PL  results  do  indeed  give  the  In 
concentration  reliably  within  0.1%  or  so,  then  the  SIMS  data  is  limited  chiefly  by  the 
measurement  precision,  which  can  reach  about  0.5%. 

The  converse  relationship  is  also  useful.  The  SIMS  technique  plays  a  role  in  calibrating  the 
qualitative  models  used  to  interpret  optical  data,  since  optical  methods  provide  a  relatively  cheap 
and  non-destructive  analytical  technique  for  testing  epiwafers  and  epilayers  on  production  lines. 

Figures  3A-C  illustrate  the  trend  in  ion  yields  with  matrix  composition  for  the  implanted 
elements.  (Since  RSFs  vary  considerably  between  SIMS  instruments,  the  trends  are  illustrated 
rather  than  giving  the  precise  values  measured  in  C  AMEC  A  instruments.)  These  horizontal  axes 
represent  chords  or  cross-sections  along  the  edges  of  the  AlGaInN  alloy  diagram.  Variations  in 
A1  content  have  tended  to  exert  a  larger  effect  on  ion  yields  than  variations  in  Ga  or  In  content, 
for  the  AlGalnP  and  AlGalnAs  systems  [1,2].  This  is  attributed  to  the  relative  size, 
electronegativity,  and  polarizability  of  the  A1  cation  compared  to  the  Ga  and  In  cations. 


C/NGa 

BTNGa' 

IT/NGa' 

OTNGa 

Si/NGa 


As7NGa 

”  IV^Cs^/NCs^ 
^CdCs^/NCs^ 
*°BVGa 
■  ■  '®’MfiVGa^ 


Figure  3.  Trends  in  ion 
yields  for  the  implanted 
species:  “A”  is  for  the 
AlGaN  ternary  system, “B” 
is  for  AlInN,  and  “C”  is  for 
GalnN.  The  curves  show 
changes  in  the  relative  ion 
yields  for  H,  B,  C,  0,  Mg, 
Si,  and  Cd  (with  respect  to 
the  matrix  ions  appropriate 
to  the  analyses)  as  function 
of  composition. 
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Figures  4A-C  show  the  trends  with  changing  composition  for  ion  yields  of  the  matrix  species 
AJCs",  GaCs\  InCs^  and  NCs^  The  molecular  MCs^  secondary  ions,  where  M  is  the  matrix 
element  of  interest,  are  often  used  to  determine  the  stoichiometry  of  III-V  compounds.  Secondary 
MCs"  ions  are  formed  just  outside  the  sample  surface,  by  combining  with  neutral  M  atoms  ejected 
from  the  sample  under  cesium  bombardment.  This  formation  mechanism  reduces  matrix- 
dependent  effects  on  ion  yields,  which  in  general  are  non-linear  and  somewhat  unpredictable 
variations  due  to  the  particular  chemical  and  physical  characteristics  of  a  given  matrix.  Only  a 
moderate  matrix  effect  remains  in  the  ternary  III- Vs,  due  to  changes  in  the  character  of  chemical 
bonding  or  local  electronic  structure  with  matrix  composition. 

Figures  4D-F  show  the  trend  in  ion  yields  with  composition,  this  time  for  dimer  and  trimer 
ions  such  as  AI2,  Ga2,  In2,  AI3,  and  Gaa.  The  results  are  quite  analogous  to  data  obtained  in 
AlGaAs  [4].  Such  dimer  and  trimer  ions  provide  a  means  for  very  precise  multivariate 
interpolation  of  stoichiometry  with  SIMS. 

Three  important  observations  can  be  made  at  this  point.  First,  the  InN  sample  may  actually 
be  a  sub-nitride.  The  InCs^/NCs^  ratios  have  been  measured  in  four  different  InN  samples,  and 
vary  more  than  10-fold;  in  contrast  the  NCs^  intensity  is  relatively  constant  in  all  the  GaN,  AIN, 
AlGaN,  and  AlInN  measured  so  far.  The  value  measured  in  the  implanted  sample  used  in  this 
work  is  somewhat  high,  which  suggests  that  the  indium  may  not  have  been  fully  nitrided.  Second, 
some  heterogeneity  was  observed  within  the  AlInN  samples  both  laterally  and  as  a  function  of 
depth.  Generally  the  lateral  heterogeneity  can  be  attributed  to  pinhole  defects,  and  the 
compositional  variation  with  depth  amounts  to  only  about  5%  on  average.  Third,  neither  the  AIN 
nor  the  InN  samples  were  sufficiently  clean  to  permit  useful  SIMS  measurements,  even  with  very 
high  implant  doses  achieving  peak  concentrations  of  around  1%  for  H,  C,  and  0. 

The  use  of  SIMS  in  Ill-nitride  crystal  growth. 

While  these  trends  may  seem  interesting,  what  use  are  they  in  nitride  crystal  growth?  First, 
the  trends  provide  the  means  for  producing  more  accurate  SIMS  data,  which  should  be  of  use  in 
for  research,  development,  and  production  line  purposes; 

A.  The  implant  standards  permit  quantification  in  corresponding  nitride  compositions. 

B.  The  trends  within  the  AlGaInN  system  provide  a  basis  for  accurate  inferences,  interpolation, 

and  extrapolation  to  compositions  not  represented  among  the  standards. 

C.  The  ion  yield  systematics  of  this  small  set  of  implanted  elements  allow  one  to  infer  conversion 

factors  for  many  other  elements  (with  an  accuracy  of  a  factor  of  two).  The  actual 
measured  isotopic  RSFs  in  GaN  were  1.15e20  for  MgCs^/NCs^  1.45e20  for  CdCs^/NCs^; 
1.3e22  for  H‘/NGa‘,  1.7e21  for  B‘/NGa',  4.4e21  for  C“/NGa“,  4.2e20  for  0"/NGa",  3e21 
for  Si'/NGa",  1.8e22  for  As'/NGa“;  le24  for  B7Ga",  and  3.3e22  for  MgVGaT  While  the 
absolute  RSFs  will  vary  from  instrument  to  instrument,  the  trends  should  persist. 

Second,  impurity  levels  can  be  more  accurately  measured  to  evaluate  progress  in  the 
cleanliness  of  different  growth  methods  [3].  The  routine  SIMS  detection  limits  for  most  species 
of  interest  in  GaN  (for  example  Li,  Be,  B,  C,  Na,  Mg,  Al,  Si,  S,  Cl,  K,  Ca,  Ti,  Fe,  Ni,  Zn,  Cu,  Se, 
Zr,  Cd,  In,  Sn,  Sb,  and  Te)  are  below  1  ppm  during  standard  depth  profiles,  while  a  few  others  are 
higher  but  still  below  10  ppm  (H,  O,  Cr,  Mn,  Mo).  In  bulk  analysis  the  detection  limits  can  be 
lowered  by  another  factor  of  ten,  and  with  further  optimization  of  the  analytical  conditions  most 
of  the  detection  limits  can  be  lowered  somewhat  further.  While  GaN  and  AlGaN  crystal  growth 
already  seems  relatively  clean,  considerable  work  remains  before  comparable  levels  of  purity  are 
achieved  for  AIN,  AlInN,  and  InN  [3].  Third,  the  results  can  provide  some  insight  into  the 
chemical  nature  of  the  Ill-nitride  material  itself  or  the  detailed  physical  structure  of  epilayers; 
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D.  Some  information  about  the  bond  ionicity  in  the  materials  is  present  in  the  flux  of  secondary 

ions.  For  example,  the  AJ-N  and  Ga-N  bond  ionicities  appear  to  differ  with  consequences 
for  the  NCs  ion  yield,  based  on  the  non-linearity  of  the  curve  in  Figure  4A.  Moreover, 
since  the  corresponding  diagram  for  AlGaAs  has  a  more  linear  curve,  the  AI-As  and  Ga- 
As  bond  ionicities  in  AlGaAs  seem  more  similar  [4],  than  do  the  AJ-N  and  Ga-N  ionicities 
in  AlGaN.  Likewise  the  trend  for  electropositive  B  to  form  more  negative  ions  and 
electronegative  As  to  form  fewer  negative  ions,  with  increasing  A1  content  in  AlGaN, 
suggests  that  the  local  electronic  structure  is  changing. 

E.  Information  about  local  composition  is  also  present  in  the  secondary  ion  flux.  For  example  if  a 

Ill-nitride  material  is  heterogeneous,  with  a  nominal  composition  of  Alo,iGao.9N  but 
actually  made  up  of  separate  microscopic  regions  containing  pure  AIN  and  pure  GaN,  then 
the  intensities  of  the  A1  and  Ga  dimer  and  trimer  ions  will  be  significantly  higher  than  the 
values  seen  in  Figure  4D-4F. 

F.  The  dimers  and  trimers  also  can  be  used  to  study  a  kind  of  interfacial  defect,  in  which  the 

interface  is  atomically  abrupt  but  contains  some  topographical  roughness.  This  could  be 
of  use,  for  example  in  checking  epilayer  flatness  in  heterostructure  laser  diodes. 

In  particular  it  is  worth  noting  that  several  InN  samples  measured  had  unusually  high 
InCs"/NCs"  ratios  (or  low  NCs"  intensities),  suggesting  that  these  matrices  were  not  fully  nitrided. 
Fourth,  SIMS  analyses  complement  many  non-destructive  optical  techniques.  Photoluminescence 
(PL)  and  x-ray  information  can  be  correlated  with  SIMS  results  to  better  understand  a  particular 
sample.  This  is  important  for  the  nitrides,  since  dopant  levels  alter  the  PL  wavelength  and  can  (by 
means  of  strain)  alter  the  lattice  constant.  Thus  fundamental  characterization  provided  by  SIMS 
may  help  calibrate  various  other  cost-effective,  non-destructive  methods  of  monitoring  Ill-nitride 
quality. 

SUMMARY  AND  CONCLUSIONS 

The  ion  yields  of  dopant  species  and  matrix  elements  for  the  Ill-nitride  or  AJGaInN 
semiconductor  system  have  been  characterized  with  SIMS,  making  possible  more  accurate  and 
precise  measurements  for  these  compounds.  In  addition,  several  minor  systematic  trends  in  ion 
yields  have  been  identified. 
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ABSTRACT 

The  effects  of  hydrogen  passivation  in  MOCVD  grown  Mg  doped  p-type  GaN  were 
studied  using  low  temperature  (5K)  photoluminescence  (PL)  and  secondary-ion-mass 
spectroscopy  (SIMS).  GaN  films  with  different  Mg  doping  level  were  annealed  at  700  C  in  N2 
ambient  with  different  annealing  times.  The  SIMS  results  indicate  that  the  hydrogen 
concentration  increases  with  increasing  Mg  doping  level  in  the  as-grown  Mg; GaN  film.  After  20 
minutes  of  annealing,  most  of  the  hydrogen  escapes  from  the  film.  The  3.455  eV  PL  peak  before 
annealing  and  the  3.446  eV  peak  after  annealing  found  in  the  Mg  doped  samples  were  attributed 
to  the  exciton  bound  to  the  Mg-H  complex  and  to  the  Mg  acceptor,  respectively.  The  shift  of  the 
bound  exciton  peak  to  higher  energy  (3.465  eV)  in  the  lightly  doped  sample  is  due  to  an  effective 
n-type  compensation  associated  with  an  annealing-induced  increase  in  the  nitropn  vacancies.  In 
heavily  doped  Mg; GaN,  the  decreases  in  the  integrated  PL  intensity  after  700°C  annealing  may 
be  associated  with  the  hydrogen  depassivation  of  nonradiative  recombination  centers  in  the  film. 
The  increase  of  PL  intensity  in  the  lightly  doped  sample  after  annealing  is  attributed  to  the 
reduction  of  defects  by  the  annealing  process. 

INTRODUCTION 

Wide  bandgap  group  III  nitrides  are  strong  candidates  for  blue  light-emitting  diodes 
(LED)  and  lasers  intended  for  high  density  optical  storage  and  display  technologies[l].  In  order 
to  realize  these  applications,  it  is  necessary  that  doping  control  in  both  n  and  p-type  materials  be 
achieved.  The  undoped  nitrides  usually  exhibit  n-type  conductivity,  and  it  is  very  difficult  to 
achieve  a  high  level  of  p-type  doping  in  MOCVD  grown  GaN.  Recently,  p-type  GaN  has  been 
obtained  by  a  low-energy  electron  beam  irradiation  (LEEBI)  or  postgrowth  annealing  process  in 
Mg  doped  MOCVD  grown  GaN[2,3].  The  LEEBI  and  postannealing  processes  are  necessary  for 
the  MOCVD  grown  GaN  because  hydrogen  incorporation  in  films  during  the  MOCVD  growth 
leads  to  the  formation  of  an  electrically  inactive  Mg-H  complex  with  the  acceptor  passivated  by 
hydrogen.  The  LEEBI  and  postannealing  treatments  dissociate  Mg-H  complexes  and  electrically 
activate  the  magnesium  acceptors. 

Hydrogen  passivation  in  II-VI  and  III-V  semiconductors  has  been  studied  by  many 
techniques[5-8].  It  was  found  that  the  hydrogen  not  only  passivates  shallow  donors  and 
acceptors,  but  also  deep-level  nonradiative  recombination  centers  in  many  semiconductors.  For 
example,  in  Mg  doped  p-type  InP,  S.  Balasubramanian  et  al.[6]  observed  an  order  of  magnitude 
improvements  in  PL  intensity  following  hydrogen  passivation.  This  increase  of  PL  intensity  was 
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attributed  to  the  hydrogen  passivation  of  nonradiative  recombination  centers.  In  GaP,  Weber  and 
Singh[7]  reported  the  observation  of  hydrogen  passivation  of  nonradiative  center  as  well  as  the 
deactivation  of  donors  and  acceptors.  In  addition,  there  are  several  reports  on  the  hydrogen 
passivation  of  Mg  doped  GaN[3,9-l  1].  S.  Nakamura  et  al.[3]  observed  that  the  resistivity  of  Mg 
doped  MOCVD  grown  GaN  film  decreases  while  the  room  temperature  PL  intensity  increases 
when  the  film  is  thermally  annealed  in  N2  atmosphere  at  temperatures  above  600®C.  In  MBE 
grown  GaN  samples,  M.  Brandt  et  al.[9]  studied  the  effects  of  hydrogen  incorporation  on  Si 
donors  and  Mg  acceptors.  They  observed  that  the  remote-plasma  deuteration  of  Mg  doped  p- 
type  GaN  at  600°C  reduces  the  room  temperature  hole  concentration  by  a  factor  often,  while  the 
deuteration  of  Si  doped  n-type  GaN  under  the  same  conditions  will  not  change  the  electron 
concentration.  They  also  studied  the  heavily  Mg  doped  MBE  grown  GaN  by  Raman 
spectroscopy  and  IR  absorption[10].  Local  vibrational  modes  (LVM)  at  2168  and  2219  cm'‘ 
were  found  in  these  films  and  assigned  to  the  Mg-H  complexes.  Very  recently,  W.  Gotz  et  al[l  1] 
studied  the  effects  of  deliberate  hydrogenation  of  GaN  grown  by  MOCVD.  The  Mg-H  complex 
formation  in  Mg  doped  p-type  GaN  was  confirmed  by  the  temperature  dependence  of  the  Hall 
measurements.  In  this  work,  we  use  photoluminescence  (PL)  correlated  with  secondary  ion  mass 
spectroscopy  (SIMS)  to  study  the  effects  of  hydrogen  passivation  on  the  spectral  positions  and 
relative  strengths  of  radiative  transitions  in  both  lightly  and  heavily  Mg-doped  GaN  grown  by 
MOCVD. 

EXPERIMENTAL 

The  GaN  samples  used  in  this  work  were  grown  on  AI2O3  substrates  oriented  in  the 
[0001]  direction  by  metalorganic  chemical  vapor  deposition  (MOCVD)  in  the  EMCORE  multi¬ 
wafer  rotating  disk  reactor.  An  initial  low-temperature  GaN  buffer  layer  of  about  200A  thickness 
was  deposited  at  530°C  before  the  growth  of  GaN  epilayer  at  1040°C.  Details  of  the  growth 
process  were  reported  elsewhere[12].  The  resulting  GaN  epitaxial  layer  has  the  wurtzite  crystal 
structure.  Three  GaN  samples,  identified  as  A,  B,  C  were  used  in  this  study.  Sample  A  is 
unintentionally  doped  GaN,  however  shows  n-type,  while  B  and  C  are  Mg  doped  with  B  being 
lightly  doped  and  C  more  heavily  doped.  The  epitaxial  layer  thickness  of  all  samples  was  about 
2  pm.  The  PL  was  excited  at  5K  with  a  N2  laser,  and  was  detected  with  photomultiplier  (PMT) 
and  lock-in  amplifier  electronics.  The  Mg  and  H  depth  profiles  were  performed  on  a  Physical 
Electronics  6300  secondary  ion  mass  spectrometer. 

RESULTS  AND  DISCUSSIONS 

The  typical  distribution  of  H  and  Mg  in  the  heavily  Mg-doped  sample  C  is  shown  in 
Fig.l.  Magnesium  was  found  to  be  uniformly  distributed  through  the  film  at  approximately 
6x10  /cm  while  the  hydrogen  concentration  decreased  slowly  through  the  film  thickness.  After 
annealing  for  20  minutes  at  700®C  in  N2  ambient,  the  hydrogen  concentration  dropped  from  a 
maximum  concentration  of  2xlO‘Vcm^  to  a  uniform  2.5xl0‘^/cm^. 

All  of  the  as-grown  Mg-doped  samples  were  insulators.  But  after  the  700*^0  anneal,  the 
heavily  doped  sample  C  became  a  p-type  with  a  room  temperature  hole  concentration  of 
2xlO’Vcm^  and  mobility  was  about  10  cm  v ‘s'*;  however,  the  sample  B  which  was  less  heavily 
doped  with  Mg  concentration  of  3x10 '^/cm^  still  exhibited  high  resistivity. 


370 


Thickness  (um) 

Fig.l.  Magnesium  and  Hydrogen  profiles  in  the  heavily  doped  Mg:GaN.  The  annealing  was  performed 
at  700®C  in  N2  ambient  for  20  minutes. 


Annealing  Time  (minutes) 

Fig.2.  Annealing  time  dependence  of  hydrogen  concentration  in  samples  A,  B,  C.  The  annealing  was 
performed  at  700°C  in  N2  ambient. 
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Fig.2  shows  the  dependence  of  the  maximum  hydrogen  concentration  for  the  three  Mg 
doping  levels  as  a  function  of  annealing  time  at  700°C.  In  the  undoped  GaN,  the  hydrogen 
concentration  near  the  surface  is  low  (2.5x1 0’Vcm^).  As  the  Mg  doping  levels  increase,  the 
amount  of  hydrogen  incorporated  into  the  film  increase.  However,  for  all  three  samples,  a  20 
minute  anneal  is  sufficient  to  remove  most  of  the  hydrogen.  Even  longer  anneals  (60  minutes) 
cause  the  hydrogen  concentration  to  drop  helow  the  SIMS  detection  limit  (~1.5xl0*’cm'^). 

Since  the  incorporation  of  hydrogen  into  the  film  is  linked  to  the  Mg  doping  level,  we 
believe  that  Mg-H  complexes  are  being  formed.  This  is  consistent  with  the  work  reported  in 
[13].  Recently,  Neugebauer  et  al[14]  indicated  that  hydrogen  exists  in  its  singly  positive  charge 
state  (H^)  in  p-type  GaN  and  in  a  negative  cheirge  state  (H’)  in  n-type  GaN.  The  total  energy 
calculation  indicates  that  the  diffusion  barriers  for  hydrogen  in  p-type  and  n-type  GaN  are  0.7  eV 
and  3.4  eV,  respectively.  Thus,  in  n-type  GaN,  the  3.4  eV  barrier  energy  is  so  high  that  it  is  very 
difficult  for  hydrogen  to  incorporate  into  the  film  during  growth,  which  is  supported  by  our 
experimental  results  of  a  low  hydrogen  concentration  in  unintentionally  doped  GaN  films. 
However,  for  p-type  film,  the  barrier  energy  for  H"^  is  only  0.7  eV,  and  it  is  expected  that 
considerable  H"^  diffusion  occurs  in  the  film  during  the  film  growth  or  the  700°C  annealing. 


Fig.3.  5K  PL  spectra  of  lightly  Mg  doped  GaN  (sample  B)  for  0,  20  and  60  minutes  annealing  at  700°C 
in  N2  ambient.  The  spectra  for  the  60  minutes  annealing  was  reduced  by  a  factor  of  10. 


The  photoluminescence  data  were  used  to  characterize  the  as-grown  and  annealed 
samples.  Shown  in  Fig.  3  and  4  are  the  low  temperature  (5K)  PL  spectra  for  the  p-type  samples 
B  and  C.  For  both  samples,  two  major  peaks  were  found  in  the  near  bandgap  region  before 
annealing.  The  one  at  3.285  eV  has  been  identified  as  the  free-to-bound  (Mg)  transition 
corresponding  to  a  bounding  energy  for  Mg  of  155  meV[15].  The  other  at  3.455  eV  has 
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previously  been  attributed  to  a  transition  involving  exciton  bound  to  Mg  [15,16].  After  20 
minutes  annealing  this  bonded  exciton  peak  shifts  9  meV  to  3.446  eV.  We  attribute  the  3.455  eV 


Fig.  4.  5K  PL  spectra  of  heavily  doped  GaN  (sample  C)  for  0,  20  and  60  minutes  annealing  at  70<fc  in 
N2  ambient. 


peak  to  a  transition  related  to  exciton  hound  to  Mg-H  complex  and  the  3.446  eV  peak  to  a 
transition  associated  to  exciton  bound  to  Mg  acceptor.  This  is  supported  by  the  SIMS  results 
which  indicate  the  removal  of  hydrogen  after  20  minutes  annealing.  After  60  minutes  annealing, 
the  excitonic  feature  in  the  lightly  doped  sample  shifts  to  3.465  eV,  while  no  further  shift  is 
observed  in  the  heavily  doped  sample.  This  feature  has  previously  been  identified  as  a  transition 
involving  an  exciton  bound  to  a  nitrogen  vacancy[16].  Since  nitrogen  has  a  high  vapor  pressure 
at  700°C,  it  may  diffuse  out  of  the  film,  resulting  in  vacancies[3].  Our  measurements  indicates 
an  effective  n-type  compensation  associated  with  annealing  in  lightly  doped  samples. 

The  heavily  and  lightly  doped  samples  possess  different  dependence  of  the  PL  intensity 
on  annealing.  For  the  heavily  doped  sample,  the  integrated  PL  intensity  decreases,  while  for  the 
lightly  doped  sample,  it  increases.  This  behavior  suggests  that  there  are  significantly  more 
nonradiative  recombination  centers  associated  with  deep  level  defects  in  the  heavily  doped 
sample  than  in  its  lightly  doped  counterpart.  Removal  of  hydrogen  during  annealing  activates 
the  nonradiative  recombination  centers  resulting  in  a  decrease  of  PL  intensity  in  the  heavily 
doped  sample.  The  increase  of  PL  intensity  by  as  much  as  40  times  in  the  lightly  doped  sample 
implies  that  the  total  amount  of  defect/nonradiative  recombination  centers  in  the  lightly  doped 
sample  is  so  low  that  annealing  can  effectively  eliminate  them,  resulting  in  an  increase  in  PL 
intensity. 
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SUMMARY 

In  conclusion,  low  temperature  PL  and  SIMS  were  used  to  study  hydrogen  passivation  in 
Mg  doped  p-type  GaN  grown  by  MOCVD.  The  SIMS  results  indicate  that  the  hydrogen 
incorporation  in  the  Mg:GaN  film  increases  with  the  increase  in  Mg  doping  concentration  in  the 
film.  Twenty  minutes  annealing  at  700^C  in  N2  ambient  is  sufficient  to  release  the  hydrogen 
from  the  film.  The  3.455  eV  PL  peak  found  in  the  as-grown  Mg;GaN  samples  is  attributed  to 
exciton  bound  to  Mg-H  complex  transition.  In  the  annealed  samples,  the  exciton  bound  to  Mg 
transition  peak  was  shifted  to  3.446  eV  and  the  peak  was  attributed  to  the  exciton  bound  to  Mg 
acceptor.  Depending  on  the  Mg  doping  level,  the  variation  of  PL  intensity  due  to  annealing  can 
be  well  explained  by  the  hydrogen  passivation  mechanism  or  thermal  annealing  effects.  Our 
experimental  results  indicate  that  hydrogen  not  only  passivates  the  Mg  acceptor  but  also 
passivates  the  nonradiative  recombination  centers. 
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ABSTRACT 

X-ray  photoelectron  spectroscopy  is  used  to  determine  the  band-offset  at  the  SiC/AIN 
(0001)  interface.  First,  the  valence  band  spectra  are  determined  for  bulk  materials  and 
analyzed  with  the  help  of  calculated  densities  of  states.  Core  levels  are  then  measured  across 
the  interface  for  a  thin  film  of  2H-A1N  on  6H-SiC  and  allow  us  to  extract  a  band  offset 
of  1.4  ±0.3  eV.  The  analysis  of  the  discrepancies  between  measured  peak  positions  and 
densities  of  states  obtained  within  the  local  density  approximation  provides  information 
on  self-energy  corrections  in  good  agreement  with  independent  calculations  of  the  latter. 

INTRODUCTION 

Silicon  carbide  wafers  are  being  used  increasingly  as  substrates  for  the  growth  of  III-V 
nitride  thin  films.  In  particular,  SiC  is  rater  closely  lattice  matched  to  AIN  (0.9  %)  which 
is  often  used  as  a  buffer  layer  for  GaN  growth.  The  availability  of  bulk  6H-SiC  substrate 
wafers  of  high  quality  is  intrumental  for  this  purpose.  Since  SiC  can  also  be  grown  on 
AIN  layers  on  SiC  [1],  one  may  also  consider  the  use  of  SiC  as  an  active  quantum  well 
layer  in  a  AlN/SiC/AlN  heterostructure  device.  From  both  points  of  view,  the  band-offset 
at  the  SiC/AIN  interface  is  of  obvious  interest.  To  date,  only  two  previous  values  are 
available:  a  theoretical  value  by  Lambrecht  and  Segall  [2]  which  was  for  the  (110)  interface 
between  zincblende  SiC  and  AIN;  and  an  experimental  value  obtained  indirectly  from 
measurements  of  the  Fermi  level  of  2H-A1N  grown  on  6H-SiC  (0001)  by  Benjamin  et  al. 
[3].  The  investigations  described  here  provide  a  more  direct  experimental  determination 
of  the  band  offset  at’  the  basal  plane  interface  between  6H-SiC  and  wurtzite  AIN.  The 
procedure  consists  of  measuring  the  core  levels  at  the  interface  between  a  thin  film  of  AIN 
(0001)  grown  on  a  6H-SiC(0001)  substrate  and  separately  determining  the  energy  of  the 
valence  band  edges  with  respect  to  the  core  levels  for  thick  films.  The  calculated  densities  of 
states  are  used  to  aid  in  the  determination  of  the  valence  band  edge  and  allow  us  to  obtain 
some  additional  information  on  the  electronic  structure  of  the  materials.  In  particular, 
we  obtain  results  for  the  difference  in  quasi-particle  self-energy  shifts  of  the  N2s  and  C2s 
bands  with  respect  to  those  of  the  upper  N2p  and  C2p  like  valence  bands. 

EXPERIMENT 

A  unique  and  integrated  ultra  high  vacuum  (UHV)  system  consisting  of  a  36  ft.  long 
UHV  transfer  line  to  which  several  thin  film  deposition  and  surface  analysis  units  are  con¬ 
nected  was  employed  in  this  research.  The  details  of  this  integrated  system  have  been  pre¬ 
viously  described  [4].  The  as-received,  n-type  {Nd  «  10^^”^*/cm^),  vicinal  6H-SiC(0001)si 
substrate  wafers  containing  a  one  micron  thick,  n-type  [Nd  «  10^®"^^/cm^)  6H-SiC(0001)si 
epitaxial  layer  were  sequentially  dipped  in  10%  HF  for  5-10  min.  to  remove  the  thermally 
grown  750  A  silicon  oxide  surface  layer,  rinsed  in  18.4  Mfi  de-ionized  water,  blown  dry 
with  N2,  mounted  to  a  molybdenum  sample  holder,  loaded  into  ultra  high  vacuum  (UHV) 
and  degassed  at  250,  500,  700,  and  900°C  for  30  min.  each  and  annealed  in  a  10-7-10~® 
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Ton  flux  of  silane  at  950°C  for  ~20  min.  X-ray  photoelectron  spectroscopy  (XPS)  and 
Auger  electron  spectroscopy  (AES)  analyses  of  the  SiC  surface  revealed  that  oxygen  and 
non-carbidic  carbon  had  been  removed  below  the  detection  limits  of  these  instruments. 
LEED  displayed  a  sharp  (1x1)  pattern.  The  SiC  bulk  core  levels  and  valence  band  of  the 
SiC  were  measured  via  XPS. 

Each  AIN  film  was  subsequently  grown  via  gas-source  molecular  beam  epitaxy  (GSMBE), 
at  700°C  and  10~®  Torr  total  pressure  using  ULSI  (99.9995%)  NH3  and  a  flux  of  high  purity 
A1  (99.999%)  evaporated  from  a  Knudsen  cell  at  1050°C  as  sources.  The  temperature  of 
700°C  was  chosen  to  minimize  any  reaction  between  the  SiC  substrate  and  the  AIN.  In  or¬ 
der  to  prevent  the  formation  of  Si3N4  at  the  SiC/AlN  interface,  the  SiC  wafer  was  exposed 
to  the  A1  flux  for  5  min.  at  700°C  prior  to  the  introduction  of  NH3  into  the  system.  Very 
thin  films  (10-20  A)  were  deposited  to  investigate  the  AlN/SiC  heterojunction/interface. 
Thicker  films  (200  A)  were  then  deposited  to  measure  the  bulk  AIN  core  levels  and  valence 
band.  The  films  were  subsequently  transferred  within  a  UHV  environment  to  the  chambers 
containing  the  XPS,  AES  and  low  energy  electron  diffraction  (LEED)  units  for  analyses 
of  the  surface  chemistry  and  structure.  Analysis  via  AES  and  XPS  indicated  that  the 
films  were  stoichiometric  and  contained  <  5%  ML  of  surface  oxygen.  LEED  displayed  a 
sharp  (1  X  1)  pattern.  Further  details  of  the  growth  and  cleaning  procedures  are  described 
elsewhere  [5].  All  XPS  analysis  was  performed  using  the  A1  anode  {hu  =1486.6  eV)  at  20 
mA,  and  12kV  (240W).  Due  to  the  inherently  poor  signal/noise  ratio  in  XPS  valence  band 
spectra,  50  or  more  scans  of  this  region  were  acquired  and  summed  together.  All  AES 
spectra  were  taken  using  a  beam  voltage  of  3  keV  and  an  emission  current  of  1  mA.  LEED 
was  performed  using  rear  view  optics,  a  beam  voltage  of  ~100  eV,  and  an  emission  current 
of  1  mA.  Calibration  of  the  XPS  binding  energy  scale  was  performed  by  measuring  the 
position  of  the  Au  4f7/2  and  shifting  the  spectrums  such  that  the  peak  position  occurred 
at  83.98  eV. 

THEORY 

The  densities  of  states  (DOS)  used  for  the  analysis  of  the  valence  band  spectra  were 
calculated  using  the  linear  muffin-tin  orbital  [6]  and  density  functional  methods  in  the 
local  density  approximation  (LDA)[7].  It  is  important  to  realize  that  strictly  speaking  the 
band  structures  obtained  in  this  theory  are  not  corresponding  to  the  energies  for  extracting 
an  electron  from  the  material  as  measured  in  photoemission.  The  latter  are  quasiparticle 
energies  and  differ  from  the  LDA  Kohn-Sham  eigenvalues  by  a  self-energy  correction  [8]. 
This  is,  among  other  things,  responsible  for  the  well-known  underestimate  of  the  band 
gaps  by  the  LDA,  While  these  corrections  have  been  found  to  be  rather  insensitive  to 
the  structure  [9],  they  are  expected  to  depend  on  the  amount  of  localization  of  the  states 
involved.  We  will  show  below  that  these  corrections  shift  the  C2s  and  N2s  bands  from  the 
LDA  calculated  positions  with  respect  to  the  valence  band  edge.  The  available  calculations 
of  these  corrections  using  the  GW  method  (i.e.  using  the  leading  term  in  Hedin’s  many- 
body  theory  [10]  with  G  the  one-electron  Green’s  function  and  W  the  screened  Coulomb 
interaction),  for  SiC  [11,  12,  13]  and  AIN  [14]  show  that  they  are  about  constant  (but  not 
quite,  see  below)  over  the  upper  valence  band  but  are  discontinuous  across  the  ionicity 
gap.  The  present  comparison  between  LDA  calculated  DOS  and  measured  valence  band 
spectra  confirms  this  picture,  and  can  be  used  to  obtain  an  experimental  value  for  these 
self-energy  corrections. 

RESULTS 

A  comparison  of  the  valence  band  spectra  for  6H-SiC(0001)si  measured  from  the  sub¬ 
strate  and  the  calculated  DOS  is  presented  in  Fig.  1.  The  latter  is  shown  unbroadened  as 
obtained  from  the  highly  accurate  tetrahedron  method  and  with  a  Gaussian  broadening 
by  0.5  eV.  The  calculated  and  measured  DOS  are  aligned  to  each  other  in  the  upper  va- 
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lence  band  region  in  a  manner  described  in  more  detail  below.  The  major  atomic  orbital 
character  of  these  peaks  is  indicated.  The  reference  level  in  these  spectra  is  based  on  the 
Au  4f7/2  standard  and  is  thus  not  directly  related  to  any  intrinsic  materials  property  of 
SiC.  Thus  only  relative  energy  differences  are  meaningful.  The  major  reason  for  using 
the  comparison  to  calculated  DOS  is  that  this  allows  for  a  more  precise  determination  of 
the  actual  valence  band  edge.  First,  we  note  that  good  agreement  is  obtained  between 
theoretical  and  calculated  peak  positions  up  to  about  10  eV  binding  energy.  The  peak 
intensities  of  the  spectra  are  influenced  by  matrix  elements  and  details  of  the  experimental 
set-up  such  as  collection  solid  angle  and  emission  angle  with  respect  to  the  surface  normal, 
not  accounted  for  by  the  DOS.  These  intensities  also  depend  slightly  on  the  background 
substruction  procedure.  Here  a  linear  background  was  used.  The  recent  discovery  of  the 
presence  of  surface  states  in  the  SiC  band  gap  may  also  confuse  the  direct  location  of  the 
valence  band  maximum  [15]. 


6H-SiC 


Figure  1:  XPS  spectra  (arbitrary  units)  and  densities  of  states  (in  states  per  unit  cell  per 
eV)  of  6H  SiC. 

The  major  requirement  for  an  accurate  band-offset  determination  is  Ey  —  Ec  where  E^  is 
the  energy  of  the  valence  band  maximum  (VBM)  and  Ec  is  any  core-level  of  SiC.  However, 
the  broadening  near  the  valence  band  edge  hinders  an  unambiguous  determination  of  this 
edge.  In  this  case,  it  is  preferable  to  determine  experimentally  the  energy  separation  of 
the  core  levels  from  the  well  defined  C2p-Si3s  peak  and  take  the  position  of  the  VBM  with 
respect  to  that  peak  from  the  calculation.  If  we  make  use  of  the  calculated  GW  corrections, 
the  alignment  can  be  done  even  more  accurately  as  explained  below. 

On  closer  inspection,  we  observe  that  the  experimental  C2s  peak  is  shifted  by  about  1.0 
eV  to  lower  energy  from  its  theoretical  position  and  the  C2p-Si3s  peak  is  shifted  by  about 
0.4  eV.  The  reason  for  aligning  the  spectra  in  this  manner  is  precisely  the  self-energy  eff’ects 
mentioned  above.  Indeed  the  GW  calculations  by  Rohlfing  et  al.  [11]  and  Backes  et  al.  [12] 
predict  a  0.4  eV  shift  from  the  valence  band  for  the  eigenvalue  in  3C-SiC  which  in  that 
case  is  closely  associated  with  the  C2p-Si3s  peak.  Wenzien  et  al.  [13]  obtain  only  0.2  eV  for 
this  shift,  so  that  this  must  be  considered  the  approximate  uncertainty  on  this  alignment 
procedure.  The  former  calculations  reveal  that  the  C2s  band  self-energy  correction  is  about 
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1.0  eV  larger  than  that  of  the  valence  band  maximum  while  the  latter  finds  this  correction 
to  be  1.4-1. 6  eV.  The  present  measurement  indicates  that  the  former  two  are  in  better 
agreement  with  experiment.  In  summary  then,  we  find  that  the  valence-band  maximum 
on  the  energy  scale  of  Fig.  1  lies  at  2.2  ±0.2  eV.  We  also  see  that  this  agrees  well  with  a 
simple  straight  line  extrapolation  from  the  half  height  point  of  the  experimental  valence 
band  edge. 


2H-AIN 


Figure  2:  XPS  spectra  (arbitrary  units)  and  densities  of  states  (in  states  per  unit  cell  per 
eV)  of  2H-A1N. 

Fig.  2  shows  a  similar  analysis  for  the  valence-band  spectrum  of  AIN.  In  this  case,  we 
find  that  the  upper  valence  band  width  is  only  6  eV  wide  (in  the  theoretical  DOS).  Rubio  et 
al.’s  [14]  GW  calculations  predict  a  2.0  eV  shift  for  the  N2s  peak  and  a  0.6  eV  shift  for  the 
N2p-A13s  like  peak.  We  see  that  if  we  align  one  of  these  including  the  above  correction, 
the  shift  for  the  other  is  well  reproduced.  Due  to  the  insulating  nature  of  AIN,  some 
broadening  and  shifting  of  the  AIN  core  levels  and  valence  band  spectra  may  be  expected 
due  to  charging.  No  direct  evidence  of  these  effects  was  found.  We  thus  conclude  that  the 
AIN  was  deposited  sufficiently  thin  (200  A)  that  the  underlying  conducting  SiC  substrate 
prevented  charging.  With  respect  to  the  same  Au  4f7/2  based  reference  level,  we  then  find 
the  valence-band  maximum  of  AIN  lies  at  4.1  eV  and  is  again  in  good  agreement  with  a 
direct  straight  line  extrapolation  of  the  edge.  The  core  levels  for  the  bulk  and  interface 
system  shown  in  Table  I  have  also  been  measured  on  the  same  energy  scale  as  employed 
for  the  studies  described  above. 

These  data  are  then  substituted  in  the  expression 

=  (Ef  -  {E^^^  -  Ef%  +  (iFf -  E^^%,  (1) 

where  the  subscripts  b  and  i  indicate  bulk  and  interface  respectively.  While  in  the  above 
Ev  and  Ec  are  all  positive  electron  binding  energies,  it  is  customary  to  give  AEy  in  terms 
of  the  energy  levels  which  are  the  negative  of  the  binding  energies.  Hence  the  minus  sign 
on  the  left  of  Eq.  1.  Using  different  core  levels  and  remembering  the  uncertainties  in  the 
alignment  of  each  valence-band  spectrum  we  finally  arrive  at  a  value  of  AEy  =  1.4  ±  0.3 
eV. 
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Table  I:  Valence-band  maxima  and  core  levels  measured  on  the  same  Au  4f7/2  based  refer¬ 
ence  scale  _ 


bulk  SiC 

Si  2p 

101.3 

C  Is 

283.5 

VBM 

2.2 

bulk  AIN 

Al  2p 

75.3 

N  Is 

398.5 

VBM 

4.1 

AlN/SiC  hetero junction 

Si  2p 

101.5 

C  Is 

283.6 

Al  2p 

74.9 

Nls 

398.2 

DISCUSSION 

The  value  obtained  for  the  band-offset  is  in  quite  good  agreement  with  the  previously 
calculated  offset  of  1.5  eV  for  the  (110)  zincblende  interface  [2].  This  is  perhaps  somewhat 
surprising  since  the  latter  is  a  non-polar  interface  while  here  we  deal  with  a  polar  het- 
erovalent  interface.  In  fact,  from  simple  electron  counting  rules,  one  expects  that  a  purely 
N  terminated  surface  would  have  an  excess  of  1/4  electron  and  thus  must  reconstruct  its 
surface  for  example  by  having  one  N  vacancy  every  4  N  atoms  in  order  to  maintain  charge 
neutrality.  In  reality  one  may  have  a  missing  dimer  every  4  instead  of  a  simple  vacancy 
or  any  other  arrangement  which  is  equivalent  in  net  charge.  At  present,  it  is  not  known 
on  an  atomic  scale  what  the  interface  structure  is  like,  but  we  may  note  that  if  1/4  of  the 
N  are  missing  at  the  interface,  this  is  for  electron  counting  purposes  equivalent  to  mixing 
the  nitrogen  layer  with  C  (group  IV)  anions.  One  expects  that  this  would  lower  the  dipole 
from  that  of  a  non-polar  interface  [16]  by  a  few  0.1  eV.  However,  a  slightly  larger  degree 
of  intermixing  may  completely  wipe  out  this  interface  dependence.  This  may  indicate  in¬ 
directly  that  there  are  an  equal  number  of  Al-C  and  N-Si  bonds  at  the  interface.  In  the 
absence  of  further  information  on  the  interface  structure,  we  caution  that  this  interpreta¬ 
tion  is  at  present  only  speculative  and  will  require  further  study.  We  also  note  that  while 
interface  specific  effects  on  band-offsets  have  in  the  past  been  predicted  theoretically  for 
several  semiconductor  heterostructures,  especially  heterovalent  ones,  these  have  generally 
not  been  observed.  This  indicates  that  realistic  interfaces  have  some  degree  of  disorder  not 
accounted  for  by  these  theoretical  predictions. 

The  value  of  1.4  eV  obtained  for  the  SiC/AlN  bandoffset  is  larger  than  the  previously 
reported  experimental  value  of  0.8  eV  [3].  The  discrepancies  between  these  two  values  may 
be  related  to  the  experimental  techniques  or  to  the  preparation  of  the  SiC/AIN  interface. 
The  experiments  described  in  this  report  employed  recently  developed  surface  preparation 
processes  that  result  in  atomically  clean  and  ordered  SiC  prior  to  AIN  deposition.  In 
contrast,  the  SiC  surface  preparation  of  the  prior  study  would  typically  exhibit  a  small 
amount  of  oxygen  at  the  interface,  -^25-50%  ML.  In  addition  the  gas  source  MBE  employed 
in  present  study  results  in  a  higher  quality  interface  as  opposed  to  the  ECR  technique 
employed  previously.  The  ECR  technique  has  been  shown  to  result  in  more  damage  and 
an  excess  of  Si-N  bonding  at  the  interface  [17].  In  the  study  presented  in  this  paper, 
no  oxygen  was  detected  at  the  SiC/AIN  interface.  Furthermore,  the  use  of  an  initial  Al 
flux  prior  to  ammonia  exposure  avoids  the  formation  of  a  large  amount  of  Si-N  bonding. 
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These  factors  can  strongly  influence  the  band  alignment  between  two  semiconductors.  In 
addition,  the  initial  study  also  assumed  flat  bands  in  the  SiC  near  the  interface  while 
upward  band  bending  was  noted  as  a  distinct  possibility.  Since  that  band-offset  value  was 
based  on  the  assumption  of  alignment  of  the  measured  Fermi  level  of  AIN  and  the  bulk 
n-type  doped  SiC,  it  indeed  probes  the  macroscopic  band  alignement  (affected  by  band 
bending)  rather  than  the  offset  in  the  immediate  vicinity  of  the  interface.  This  diflfers  from 
the  present  XPS  investigation  because  of  the  limited  escape  depth  of  the  photoelectrons. 

CONCLUSION 

By  combining  XPS  studies  of  the  valence  band  spectra  with  calculated  DOS  and  a 
careful  analysis  of  the  alignment  between  the  two  taking  into  account  known  self-energy 
corrections  to  the  LDA  band  structures,  the  positions  of  the  valence  band  maxima  of  6H- 
SiC  and  2H-A1N  with  respect  to  their  core  levels  has  been  determined.  A  subsequent 
measurement  of  core  levels  at  the  heteroj unction  between  a  thin  film  of  2H-A1N  grown  on 
top  of  6H-SiC  then  allowed  us  to  extract  a  band  offset  of  1.4  ±0.3  eV.  The  latter  is  in  good 
agreement  with  the  calculated  value  of  the  (110)  zincblende  SiC/ AIN  which  indicates  that 
the  expected  polar  interface  specific  effects  were  compensated  by  some  degree  of  disorder. 

The  work  at  CWRU  was  supported  by  NSF  (DMR-92-22387);  the  research  at  NCSU 
was  supported  by  ONR  (N00014-92-J-1477).  Appreciation  is  expressed  to  Cree  Research 
Inc.  for  the  6H-SiC  wafers  used  in  this  study. 
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ABSTRACT 


The  surface  structure  of  organometallic  vapor  phase  epitaxy  (OMVPE)  grown  a-GaN  films 
was  investigated  using  optical  and  scanning  force  microscopy  (SFM).  Optical  microscopy 
shows  that  the  surface  is  decorated  with  several  different  types  of  faceted  features  that  have 

lateral  dimensions  of  10  to  75  pm  and  occur  with  a  density  of  approximately  lO'^/cm^.  SFM 
images  show  that  on  the  flat  regions  of  the  surface,  single  diatomic  layer  steps,  2.6  A  high,  are 
straight,  evenly  spaced  (at  500  to  1500  A  intervals),  and  oriented  along  (loTo)  directions.  The 
SFM  images  also  show  that  the  regular  step  patterns  are  often  interrupted  by  faceted  growth 
hillocks,  0.8  to  5  pm  in  diameter  and  120  to  400  A  high,  that  occur  with  a  density  of  lO^/cm^. 
An  open-core  screw  dislocation  with  a  Burgers  vector  of  5.2  A  occurs  at  the  center  of  each 
hillock  and  is  a  source  for  spiral  steps.  Other  dislocations  are  also  observed  to  intersect  the  flat 
regions  of  the  surface  and  create  a  step,  but  these  have  smaller  Burgers  vectors,  do  not  form 
spirals,  and  do  not  have  open  cores.  Based  on  these  observations,  we  conclude  that  thick 
OMVPE  GaN  films  grow  by  a  combination  of  the  layer-by-layer  and  spiral  growth 
mechanisms. 


INTRODUCTION 


Gallium  nitride  and  its  related  alloys  (AlGaN  and  InGaN)  are  important  wide  band-gap 
semiconductors  that  have  potential  applications  in  both  short  wavelength  optoelectronic  and 
high  power^igh  frequency  devices  [1].  The  most  widely  accepted  technique  for  the  deposition 
of  nitride  films  and  device  structures,  which  was  proposed  by  Amano  [2,3]  and  Akasaki  [4], 
uses  sapphire  substrates  buffered  by  thin  layers  of  AIN  or  GaN  deposited  at  low  temperature. 
However,  films  grown  by  nominally  the  same  method  can  have  very  different  microstructures 
and,  accordingly,  different  properties.  For  example,  the  dominant  defects  in  the  films 
considered  here  are  edge  dislocations  arranged  in  patterns  that  define  low  angle  grain 
boundaries  separating  almost  "dislocation  free"  grains  [5].  The  grain  structure  is  columnar  and, 
therefore,  largely  determined  during  the  nucleation  stage  of  growth.  The  objective  of  the  work 
described  in  this  report  was  to  characterize  the  structure  of  the  film  growth  surface  in  order  to 
gain  insight  into  the  growth  mechanism  and  its  relationship  to  the  through-thickness 
microstructure. 
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EXPERIMENTAL 


The  2.8  \im  thick  a-GaN  epilayers  described  here  have  an  (0001)  orientation  and  were 

grown  at  1040  °C  on  a-Al203(0001)  substrates  in  an  inductively  heated,  water  cooled,  vertical 
organometallic  vapor  phase  epitaxy  (OMVPE)  reactor.  [6]  An  AIN  buffer  layer  was  first 
deposited  at  450-500  using  1.5  jxmol/min  triethylaluminum,  2.5  standard  liters  per  minute 
(SLM)  NH3,  and  3.5  SLM  H2  flows.  After  annealing  in  2.5  SLM  NH3  and  3.5  SLM  H2  for  10 
minutes  at  1025  °C,  GaN  was  grown  using  49  pmol/min  trimethylgallium  (TMGa),  1.75  SLM 

NH3,  and  3.5  SLM  H2.  The  resulting  growth  rate  was  approximately  2.0  pm/hr.  The  as-grown 
films  were  examined  in  air  with  a  traditional  metallographic  microscope  and  with  a  Park 
Scientific  Instruments  scanning  force  microscope  (SFM).  The  5  pm  scanner  was  operated  at  2 
Hz.  All  images  were  acquired  in  the  constant  force  mode  using  3  to  12  nN  of  contact  force. 


Figure  1.  Optical  micrograph  of  the  growth  surface  of  an  OMVPE  grown  a-GaN  epilayar. 


RESULTS 


When  viewed  under  an  optical  microscope,  a  number  of  different  topographic  features 
were  observed  on  the  surface  of  the  GaN  epilayer.  We  classify  all  of  the  observed  features  into 
one  of  three  groups:  flat  facets  (labeled  A  and  A'  in  Fig.  1),  multifaceted  hexagons  (labeled  B 
in  Fig.  1),  and  cones  (labeled  C  in  Fig.  1).  The  average  size  and  density  of  these  features  was 
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determined  by  completely  mapping  a  2.02  mm  x  2.25  mm  area  of  the  surface  at  lOOX 
magnification.  In  this  region,  the  observed  density  of  flat  facets  is  approximately  1.2  x 

lO^/cm^.  The  image  in  Fig.  1  includes  both  the  island-facets  (65  to  75  fim  in  diameter)  that  are 
completely  bounded  by  visible  steps  with  prismatic  orientations  (labeled  A  in  Fig.  1),  as  well 
as  the  more  numerous  ledge-facets  (10  pm  and  larger)  that  are  only  partially  bounded  by 
visible  steps  (labeled  A'  in  Fig.  1).  The  multifaceted  hexagons  have  lateral  dimensions  of  30  to 
45  pm  and  a  density  of  8  x  lO^/cm^.  Most  of  these  features  have  three  concentric  hexagonal 
steps  separated  by  6  to  8  pm.  The  density  of  the  cone  shaped  features  is  5  x  lO^/cm^  and  they 

all  are  65  to  75  pm  in  diameter.  Some  of  the  cones  appear  to  come  to  a  point  while  others  have 
flat  tops. 

To  the  optical  microscope,  the  surfaces  of  the  island-facets  appear  flat.  When  the  facets 
are  imaged  with  the  SFM,  however,  regular  patterns  of  single  layer  steps  and  hexagonally 
faceted  growth  hillocks  observed  on  the  optically  flat  surface.  The  hillocks,  such  as  the  ones 
shown  in  Fig.  2,  are  composed  of  one  to  five  concentric  layers  and  are  configured  randomly; 
some  of  the  hillocks  have  grown  on  top  of  each  other,  while  others  are  separated  by  distances 

of  more  than  20  pm.  The  smaller  hillocks  are  about  0.8  pm  in  diameter  and  120  A  high,  while 
the  larger  ones  are  more  than  5  pm  at  the  base  and  up  to  400  A  high.  Based  on  the  analysis  of 
one  large,  flat  facet,  we  conclude  that  the  hillock  density  is  IxlO^/cm^. 


Figure  2.  Growth  hillocks  on  the  surface  of  a  flat  facet  on  the  GaN  epilayer.  These  SFM 
images  were  recorded  based  on  the  difference  between  the  setpoint  deflection  and  the  actual 
deflection  of  the  probe  so  that  contrast  corresponds  to  changes  in  the  topography.  This  allows 
a  large  dynamic  range  of  height  data  to  be  viewed  simultaneously,  (a)  shows  one  of  the  larger 
hillocks  and  (b)  shows  a  smaller  one  in  the  lower  portion  of  the  image  and  single  layer  steps 
elsewhere. 


Patterns  of  single  layer  steps  are  found  between  the  hillocks.  The  steps  are  measured  to 
be  2.8  ±  0,6  A  high.  Although  there  is  certainly  some  error  introduced  by  the  presence  of  the 
surface  contamination  layer,  this  measurement  is  consistent  with  the  expected  dimension  of  a 
single  diatomic  layer  of  GaN  which  is  one  half  the  length  of  the  c-lattice  parameter  (2.6  A). 
Far  from  the  hillocks  (see  the  upper  right  hand  corner  of  Fig.  2b),  the  steps  are  straight  and 
spaced  at  regular  intervals  of  500  to  1500  A.  However,  in  regions  near  the  hillocks,  the 
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direction  of  step  propagation  is  altered,  as  illustrated  in  Fig.  2b.  Also,  on  the  left  hand  side  of 
the  hillock,  the  steps  spiral  downward  and  remain  evenly  spaced.  On  the  right  hand  side, 
however,  they  are  bunched.  This  pattern  is  typical  of  all  our  observations. 

We  have  observed  two  types  of  surface/dislocation  intersections  that  we  distinguish 
based  on  the  magnitude  of  the  Burgers  vector  normal  to  the  surface  and  the  effect  that  they 
have  on  the  progress  of  growing  steps.  The  first  type  is  observed  in  the  relatively  flat  areas  of 
the  surface  between  the  hillocks  where  single  steps  are  separated  by  approximately  1000  A. 
For  example,  in  the  topographic  SFM  image  in  Fig.  3a,  naany  surface  steps  (dark  contrast)  are 
clearly  visible.  Because  some  of  these  steps  terminate  in  the  middle  of  a  terrace,  a  Burgers 
circuit  around  such  a  position  indicates  that  a  dislocation  line  must  intersect  the  surface  and 
that  the  component  of  the  Burgers  vector  normal  to  the  surface  plane  is  equivalent  to  one  half 
the  length  of  the  c-lattice  parameter  (2.6  A).  Therefore,  the  dislocation  has  at  least  partial 
screw  character.  Two  such  defects  with  opposite  sign  are  indicated  by  arrows  in  Fig.  3a.  By 
counting  such  defects  in  this  and  similar  images,  we  find  that  their  density  varies  greatly,  but 
falls  in  the  range  5  xlO^/cm^  to  1  xlO^/cm^. 


Figure  3.  Topographic  SFM  images  showing  different  types  of  surface/dislocation 
intersections,  (a)  was  recorded  on  a  relatively  flat  region.  The  vertical  lines  of  contrast 
correspond  to  single  layer  steps.  Where  the  steps  end  (positions  indicated  by  the  arrows), 
dislocations  intersect  the  surface,  (b)  was  recorded  on  top  of  a  faceted  hillock  similar  to  the 
ones  shown  in  Fig.  2a.  The  black  spot  in  the  center  is  the  crater  formed  by  the  nanopipe  that 
intersects  the  surface  at  this  point.  The  spiral  steps  indicate  that  there  is  a  screw  dislocation  at 
this  position. 


The  second  type  of  surface/dislocation  intersection  is  found  at  the  center  of  each  of  the 
faceted  hillocks.  SFM  images  recorded  at  the  tops  of  these  features  (see  Fig.  3b)  illustrate  that 
in  the  center  of  each  one,  there  is  a  hole.  Such  images  also  show  that  a  pair  of  spiral  steps, 
each  3.1±  0.8  A  high,  originates  at  this  hole.  This  measurement  is  consistent  with  the  expected 
dimension  of  a^  single  diatomic  layer  of  GaN  which  is  one  half  the  length  of  the  c-lattice 
parameter  (2.6  A).  Thus,  the  two  steps  form  an  additional  complete  GaN  unit  cell.  The  origin 
of  this  extra  step  at  the  center  of  the  hillock  indicates  that  there  is  a  screw  dislocation  in  the 
center  of  the  hole  with  a  Burgers  vector  (b  =  1/3  [0003])  equal  in  length  to  the  c  lattice 
parameter  (5.2  A).  Numerous  hillocks  were  examined  with  different  probe  tips  and  similar 
observations  were  made;  each  has  a  hole  with  an  approximately  600  A  radius  at  the  center.  In 
one  case,  four  single  steps,  each  1/2  c  high,  emerged  from  a  single  hole  with  a  larger  radius 
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(approximately  925  A).  This  corresponds  to  a  "giant"  dislocation  with  Burgers  vector 
b=2/3[0003].  After  spiraling  away  from  the  hole  on  the  flat  top  of  the  hillock,  the  steps  bunch 
together  and  become  too  close  to  be  individually  resolved.  Similar  features  were  observed  on 
the  flat  facets  and  at  the  centers  of  the  multifaceted  hexagons. 


DISCUSSION 


The  through  thickness  microstructure  of  these  same  films  has  been  studied  by 
transmission  electron  microscopy  (TEM)  and  described  in  a  previous  report  [5].  The  film 
microstructure  is  dominated  by  submicron  grains  with  relative  misorientations  of  less  than  3 
The  boundaries  between  adjacent  grains  are  defined  by  arrays  of  edge  dislocations,  aligned 
along  the  [0001]  growth  direction  and  with  Burgers  vectors  of  1/3  (l  120).  There  is  no  apparent 
relationship  between  this  bulk  microstructure  and  the  observed  surface  microstructure.  First, 
the  faceted  features  observed  in  the  optical  microscope  are  all  far  larger  than  the  observed 
submicron  grain  size  of  the  columnar  film.  Furthermore,  when  flat  areas  with  micron-scale 
dimensions  were  examined  in  detail  with  SFM,  trains  of  parallel  steps  are  present  which 
presumably  flow  uninterrupted  over  the  positions  where  the  edge  dislocation  arrays  that  define 
the  low  angle  boundaries  intersect.  Therefore,  we  conclude  that  the  interaction  between  the 
steps  and  the  threading  edge  dislocations  is  relatively  weak  and  does  not  affect  the  progress  of 
growing  steps. 

On  the  other  hand,  the  dislocations  of  screw  character  that  penetrate  the  surface  serve  as 
sources  of  steps.  Those  defects  with  Burgers  vectors  that  are  equal  to  the  length  of  the  GaN 
unit  cell  can  form  spirals  and  add  a  new  layer  of  crystal  to  the  film  on  each  rotation. 
Considering  the  fact  that  these  defects  are  found  at  the  centers  of  the  hillocks,  we  assume  that 
these  structures  are  formed  by  a  spiral  growth  mechanism.  The  different  sizes  of  these  growth 
mounds  suggest  that  they  become  active  at  different  times  during  the  growth  of  the  crystal. 
Those  dislocations  with  smaller  Burgers  vectors,  which  occur  at  the  sources  of  straight  steps  on 
the  flat  regions  of  the  crystal,  are  unable  to  create  hillocks.  Because  the  Burgers  vector  parallel 
to  the  c-axis  is  only  one  half  the  length  of  the  lattice  repeat  distance,  a  stacking  fault  would  be 
created  on  every  rotation  of  the  spiral.  Thus,  the  other  steps  must  grow  over  these  defects  in 
order  for  the  crystal  growth  to  continue.  While  steps  show  some  curvature  near  these  defects, 
they  do  not  appear  to  act  as  strong  pinning  sites. 

The  voids  that  appear  at  the  centers  of  spiral  screw  dislocations  are  known  as 
nanopipes.  Previously  described  TEM  studies  of  these  films  concluded  that  these  pipes 
penetrate  the  entire  epilayer  and  occur  with  a  density  of  10^  to  lO'^/cm^  [7,8].  The  stability  of 
such  defects  was  first  demonstrated  by  Frank  [9],  who  argued  that  a  state  of  local  equilibrium 
could  be  achieved  by  balancing  the  elastic  energy  of  the  dislocation  against  the  surface  energy 
of  the  facets  that  bound  the  pipe.  One  of  the  predictions  central  to  Frank’s  theory  is  that  when 
the  stored  elastic  energy  of  the  dislocation  is  sufficiently  large,  the  core  will  be  empty  and  its 
radius  will  be  proportional  to  the  square  of  the  Burgers  vector.  In  a  qualitative  sense,  our 
observations  are  consistent  with  these  ideas.  For  example,  Frank  predicted  that  the  crater 
formed  where  the  pipe  meets  the  free  surface  is  larger  than  the  pipe  itself.  TEM  observations 
indicate  that  nanopipes  have  radii  in  the  35-500  A  range,  while  the  surface  craters  observed  in 
SFM  images  are  larger  [8].  Also,  the  radius  (r)  of  the  crater  of  the  super  screw  dislocation  (b  = 
10.4  A)  was  larger  (r  =  925  A)  than  that  of  the  single  dislocation  (b  =  5.2  A  and  r  =  600  A),  as 
expected.  Finally,  the  dislocations  with  Burgers  vectors  smaller  than  the  c-axis  repeat  distance 
that  were  observed  on  the  flat  areas  of  the  surface  do  not  have  open  cores.  Since  the  elastic 
energy  scales  as  the  square  of  the  Burgers  vector  and  these  dislocations  have  Burgers  vectors 
that  are  1/2  the  length  of  those  with  open  cores,  they  store  one  quarter  of  the  elastic  energy  and 
are  proportionally  more  stable. 

We  should  also  note,  however,  that  there  are  two  apparent  inconsistencies  between  our 
observations  and  Frank’s  prediction.  First,  incorporating  two  known^quantities,  the  observed 
Burgers  vector  (b  =  5.2  A)  and  the  smallest  observed  radius  (r  =  35  A),  into  Frank's  formula, 
we  extract  a  ratio  of  the  surface  free  energy  to  the  shear  modulus  which  is  equal  to  0.01  A.  For 
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most  materials,  however,  this  ratio  is  0.25  A.  If  one  assumes  that  the  shear  modulus  is  as  high 
as  400  GPa,  the  surface  energy  would  be  only  40  mJ/m^,  a  physically  unlikely  value.  The 
second  inconsistency  is  that  the  radii  of  the  holes  should  have  a  discrete  distribution  of  sizes 
proportional  to  (nb)^,  where  n  is  an  integer  >  1 .  Instead^  TEM  observations  suggest  a  more 
random  distribution  of  sizes  within  the  range  of  35  to  500  A  [7]. 


CONCLUSION 


By  the  time  the  GaN  epilayer  is  2.8  pm  thick,  growth  occurs  by  both  a  layer-by-layer  and  a 
spiral  mechanism.  The  underlying  bulk  microstructure  of  low  angle  grain  boundaries  is 
presumably  fixed  in  the  nucleation  stage  and  does  not  seem  to  affect  the  growth  of  the  film  in 
later  stages.  While  the  surface  has  some  large  topographic  features  with  a  density  of 
approximately  lO'^/cm^,  it  also  has  flat  regions  that  are  dominated  by  single  diatomic  layer 
steps.  These  steps  are  2.6  A  high,  straight,  evenly  spaced  (at  500  to  1500  A  intervals),  and 
oriented  along  (loTo)  directions.  These  regular  patterns  are  often  interrupted  by  faceted 

growth  hillocks,  0.8  to  5  pm  in  diameter  and  120  to  400  A  high,  that  occur  with  a  density  of 
lO^/cm^.  An  open-core  screw  dislocation  with  a  Burgers  vector  of  5.2  A  occurs  at  the  center  of 
each  hillock  and  is  a  source  for  spiral  steps.  Other  dislocations  are  also  observed  to  intersect 
the  flat  regions  of  the  surface  and  create  steps,  but  these  have  smaller  Burgers  vectors,  do  not 
form  spirals,  and  do  not  have  open  cores. 
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ABSTRACT 

Tl^  microstructural  study  of  wide-band  gap  semiconductor  AIN  thin  films  grown  on  (0001) 

and  (10 1 2)  sapphire  and  (111),  (100)  Si  was  carried  out  using  plan-view  and  cross-sectional  high- 
resolution  electron  microscopy  and  x-ray  diffraction.  The  films  were  grown  by  MOCVD  from 
TMAl  +  NH3  +  N2  gas  mixture.  Epitaxial  relationship  for  AIN  grown  on  (0001)  a-Al203  was 
dete^ned  to  be  tlie  following:  (OOOI)ain  H  (OOOl)sap  with  the  30®  in-plane  rotation  -  [01  ToJain  H 
[1210]sap-  We  report  also  TEM  observation  of  the  following  epitaxial  relationship  of  the 
AlN/(10T2)a-AbO3  heterostructure:  (1120)ain  H  (10T2)sap;  [OOOIJain  H  [TOllJsap  and 
[1  IOOJain  II  [1 210]sap-  These  epitaxial  relationships  were  determined  to  be  controlled  by  the 
bonding  of  A1  and  O  ions  at  the  interface.  The  study  of  interfaces  and  the  defects  present  in  the  film 
was  also  carried  out.  Main  tj^e  of  defects  were  established  to  be  inverted  domain  boundaries, 
misfit  and  threading  dislocations  -  in  the  films  on  (0001)  sapphire,  and  stacking  faults  of  high 

density  in  the  films  on  (10 12)  sapphire.  The  epitaxial  AIN  films  on  (0001)  sapphire  contained 
dislocation  density  about  10^^  cm’2  and  exhibited  device  quality  electrical  characteristics.  The  films 
on  both  orientations  of  Si  were  found  to  be  highly  <000 1>  textured  polycrystalline. 

INTRODUCTION 

Aluminum  nitride  is  a  wide  -  band  gap  semiconductor  (band  gap  energy  Eg  =  6.2  eV  at  300 
K).  AIN  is  considered  to  be  a  highly  attractive  material  for  optoelectronic  devices  such  as  lasers 
and  light-emitting  diodes  operating  in  the  ultraviolet  special  region.  The  AIN  also  has  high  thermal 
conductivity  (2  W/cm  K)  and  excellent  resistance  to  oxidation.  These  properties  make  AIN  suitable 
for  coating  applications  in  aggressive  environment  with  extreme  thermal,  chemical  and  physical 
conditions.  M^y  of  these  important  properties  are  related  to  the  crystal  structure  of  the  films,  their 
orientation  with  the  substrate.  Epitaxial  single  crystal  films  with  low  defects  density  (such  as 
dislocations,  stacking  faults,  grain  boundaries)  are  required  for  possible  future  device  applications. 
The  most  prospective  substrates  for  AIN  and  GaN  films  growth  are  considered  to  be  6H-SiC 
and,  in  spite  of  large  lattice  mismatch,  a-Al203  (sapphire).  The  crystal  quality  of  the  film  is 
determined  by  the  growth  conditions  and  substrate  variables  such  as  temperature,  lattice  misfit  and 
interfacial  chemical  free  energy  [1].  The  epitaxial  growth  of  aluminum  nitride  has  been  already 
demonstrated  in  some  papers  ([2  -  8],  for  example).  In  this  paper  the  details  of  epitaxial  growth  of 
AIN  on  different  substrates  as  well  as  microstructural  defects,  interfaces  in  the  AIN  films  are 
discussed. 

EXPERIMENT 

Aluminum  nitride  films  of  300  nm  thickness  were  grown  in  a  horizontal,  atmospheric 
pressure  metalorganic  chemical  vapor  deposition  (MOCVD)  reactor  at  a  substrate  temperature  of 

lOSO^C.  Films  were  deposited  on  sapphire  (0001)  and  (IOT2)  and  on  Si  (111)  and  (100) 
substrates.  All  the  films  were  deposited  under  similar  conditions  to  investigate  crystalline  quality  as 
a  function  of  processing  and  substrate  parameters.  Details  of  the  MOCVD  growth  procedure  are 
published  elsewhere  [2].  Samples  for  transmission  electron  microscopy  (TEM)  were  prepared  by 
a  conventional  planar  and  cross-sectional  sample  preparation  technique  with  the  Ar+  ion-milling  at 


387 

Mat.  Res.  Soc.  Symp.  Proc.Vol.  395®  1996  Materials  Research  Society 


the  final  stage.  TEM  investigations  have  been  carried  out  using  a  Topcon  002B  electron 
microscope  operated  at  200  kV  with  point-to  point  resolution  of  0.18  nm. 

RESULTS  AND  DISCUSSION 


TEM  investigations  of  the  AIN  films  grown  on  the  two  different  orientations  of  sapphire 
have  shown  that  in  both  cases  the  films  are  epitaxial.  Plan-view  TEM  images  and  corresponding 
selected  area  diffraction  patterns  (SADPs)  for  the  AIN  films  on  basal  and  rhombic  r-plane  of 
sapphire  are  shown  in  Figs.  1  a,  b  and  2  a,  b  respectively.  Dislocations  are  visible  in  the  image  of 
AIN  film  grown  on  (0001)  sapphire  (Fig.  a),  and  both  dislocations  and  planar  defects  of  high 


Fig.  1 

a)  Plan-view  TEM 
micrograph  of  AIN  thin 
film  grown  on  (0001) 
sapphire  showing  the 
upper  part  of  the  film  without 
the  substrate; 

b)  [0001]  zone  axis  SADP  of 
overlapping  AIN  and  sapphire 
regions  of  the  sample. 


Fig.  2 

a)  Plan-view  TEM  micrograph 
of  AIN  thin  film  grown  on 

(10T2)a-Al2O3; 

b)  corresponding  SADP  in 

[11 20]  AIN  zone  (arrows 
indicate  the  reflections  of 
sapphire). 
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concentration  present  in  the  film  grown  on  (1012)  a-Al203  (Fig.2  a).  Long  arrows  show  the 
dislocations,  short  arrows  -  planar  defects.  The  following  epitaxial  relationships  were  obtained 
from  the  SADPs:  (OOOI)AIN  H  (OOOl)sap  with  the  30®  in-plane  rotation  -  [01 1 0]A1N  II  [  1 210]sap  - 
for  AIN  film  grown  on  the  basal  plane  of  AIN;  and  (11 20) AIN  H  (10 12)sap,  with  the  in-plane 
relationship  [0001]a1N  H  [  1011]sap-  Double  diffraction  spots  visible  in  the  SADP  in  Fig.  1  (b) 
(obtained  from  the  area  of  about  0.6  [im  in  diameter  containing  both  the  film  and  the  substrate) 
arise  from  the  overlapping  of  the  film  and  the  substrates  diffraction.  The  AIN  film  grown  on  the 

(0001)  a-Al203  was  found  to  contain  threading  dislocation's  with  the  Burgers  vector  a/3<l  120>. 
From  the  plan-view  TEM  micrographs,  we  determined  the  density  of  the  threading  dislocations  to 
be  about  lOl®  cm'^.  From  the  plan-view  investigations  we  concluded  that  dislocations  present  in 

the  AIN  film  grown  on  (10 12)  a-Al203  are  always  associated  with  the  planar  defects  and, 
therefore,  are  mostly  parties.  Concentration  of  these  dislocations  is  at  least  twice  higher  than  that 
of  threading  dislocations  in  AIN  grown  on  (0001)  sapphire  plane.  The  nature  of  the  planar  defects 
in  AIN  film  grown  on  r-plane  of  sapphire  was  studied  using  HRTEM  on  the  plan-view  specimens. 
Fig.  3  demonstrates  the  image  of  the  planar  defects  lying  in  the  basal  (0(X)1)  plane  (normal  to  the 
plane  of  the  image)  of  AIN.  The  defects  appear  to  be  staclang  faults.  The  stackmg  of  closed-packed 
layers  is  the  following:  ABA(CACACAC)B AB  where  the  sequence  in  brackets  corresponds  to  the 
area  between  two  stacking  faults  AC  and  CB.  In  this  area  CACACA  is  equivalent  to  the  sequence 
AB  ABAB  in  all  other  parts  of  crystal,  the  atomic  columns  are  just  shifted  to  the  position  C  with 
respect  to  the  rest  of  the  crystal.  This  is  exactly  the  situation  visible  in  the  HRTEM  image  in  Fig.  3: 
the  atomic  layers  in  the  area  between  the  two  stacking  faults  are  shifted.  We  have  also  observed  the 
formation  of  intrinsic  and  extrinsic  stacking  faults  in  [  1 120  ]-oriented  AIN  due  to  incorporation  of 
additional  layer  in  the  atomic  layer  sequence  or  due  to  the  extraction  of  the  atomic  layer  from  the 


Fig.  3 

HRTEM  plan-view  image  of 
the  stacking  faults  in  AIN 

grown  on  (10  12)  a-Al203 
([1120]  zone  of  AIN,  arrows 
indicate  stacking  faults). 


structure,  respectively.  Therefore,  these  stacking  faults  are  terminated  by  partials  with 

1/3<1  T00>  or  1/2<0001>  Burgers  vectors.  Detailed  analysis  and  image  simulation  of  these  defects 
will  be  presented  elsewhere  [9]. 

The  cross-sectional  TEM  study  was  carried  out  to  reveal  the  structure  of  AlN/sapphire  h-  and 

r-planes  interfaces.  Dark-field  TEM  image  of  AlN/(0001)a-Al203  interface  taken  under  g=10l0 
conditions  is  presented  in  Fig.  4.  Characteristic  feature  of  the  AIN  films  on  basal  plane  of  sapphire 
appeared  to  be  inverted  domain  boundaries  (IDBs)  [10,  11].  The  HRTEM  cross-sectional 
micrograph  of  the  AlN/(0001)a-Al2C)3  interface  demonstrating  the  atomic  scale  image  of  the  defect 
we  consider  to  be  IDB  is  presented  in  Fig.  5  (insert  is  a  corresponding  diffraction  pattern).  Atomic 
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Fig.  4 

Dark-field  (g=10T0)  cross-sectional  TEM  image  of  AlN/(0001)a-Al203  interface. 


Fig.  5 

HRTEM  image  of  AIN/ 
a-Al203(0001)  cross-section 
specimen  in  [10 10]  zone  of 
sapphire  with  the 
superimposed  z=[10  lOJsap 

and  [2  1  10] AIN  SAD  pattern. 
Inverted  domain  boundary  is 
indicated  by  arrow. 


STOulation  of  these  defects  is  now  in  progress  and  the  results  will  be  published  elsewhere  [9].  The 
film/substrate  interface  (Fig.  5)  is  sharp  and  free  from  any  signs  of  second  phase.  The  average 
spacing  between  the  misfit  dislocations  present  at  the  interface  (Fig.  4),  2.5  nm,  corresponds  to  a 

complete  relaxation  of  misfit  strain  of  12%  by  the  fl/3<l  120  >  misfit  dislocations.  High-resolution 
TEM  study  of  the  AlN/r-plane  of  sapphire  interface  also  proved  the  absence  of  any  mixed  layer. 

In  considering  the  ^owth  of  AIN  on  (10 1 2)  plane  of  sapphire  we  would  like  to  discuss  three 
possible  cases  of  film  orientation  with  respect  to  the  substrate.  First,  AIN  can  grow  with  c-axis 
peii^ndicular  to  the  substrate  surface,  with  the  [0001]  direction  of  the  film  perpendicular  to  the 

(10 12)  a-Al203.  This  is  a  kinetically  preferred  orientation  which  is  found  to  occur  when  AIN 
films  are  grown  on  highly  mismatched  substrates,  like  Si(lOO)  [3].  In  this  case,  the  atomic 
stacking  would  be  quite  poor  due  to  the  large  lattice  mismatch  and  Afferent  type  of  symmetry  of 
AIN  and  sapphire  in  these  orientations.  Second  and  third  cases  arise  when  the  film  grows  in 

[1120]  orientation  because  the  two  possibilities  exist:  c-axis  of  AIN  aligned  either  with  [1 210] 
direction  of  sapphire  (the  lattice  mismatch  is  then  4.3%  in  the  [0001]  direction  and  5.5%  in  the 


390 


n 


•< 


'■  1 

[~S 

< 

VO 

-.J 

n 


* . ! 

L  5.12  k  \ 


•  A1 -plane  of  AlN 

o  A1  atoms  of  AIN  just 
above  the  plane 

Fig.  6 


o 


o 

H 

N 

H 


axes  of 

AI2O3 


[1011] 


axes  of 
AlN 


[0001] 


0-plane  of  sapphire 


Schematic  representation  of  epitaxial  relationship  between  the  AIN  film  and  the  (10 12)  sapphire 
substrate;  (11  20)a1N  II  (10T2)sap;  and  [0001]ArNll  [TOlljsap,  [ITOOJaINII  [1 210]sap. 


[1 100]  AIN  direction)  or  with  the  normal  to  the  (10 14)  a-Al203  plane,  i.e.  along  [1011] 
direction  of  sapphire.  In  our  studies  we  have  confirmed  the  latter  epitaxial  relationship,  where  a 

lattice  mismatch  of  13.3%  between  [1 TOO]  AIN  and  [1210]  a-Al203  and  of  2.9%  along  [0001  ] 
AIN  is  expected.  The  RHEED  (reflection  high-energy  electron  diffraction)  results  [12]  show  that 
this  epitaxial  relationship  does  exist  for  GaN  films  on  sapphire,  where  the  corresponding  values  of 
mismatch  are  13.8%  and  1.1%.  Atomic  arrangement  at  the  AlN-sapphire  interface,  as  shown  in 
Fig.  6,  indicates  that  the  observed  epitaxial  relationship  is  favored  because  it  promotes  Al-0 
bonding. 

AIN  films  on  both  orientations  of  silicon  were  found  to  be  polyciystalline  c-axis  textured. 
Films  on  Si  (1 11)  were  perfectly  textured  and  had  preferential  in-plane  orientation  of  grains  (about 

60  nm  in  size)  of  [21  l]si  II  [  10 1 0]  AIN-  The  in-plane  rotation  of  ±7®  about  the  [0001]  axis  of  AIN 
was  observed  in  films  grown  on  Si(lll).  Polycrystalline  [QOOl]  -  textured  films  with  the  average 
grain  size  of  20  nm  were  observed  to  grow  on  Si(lOO)  substrates  (the  grains  exhibit  random  in¬ 
plane  orientation). 

SUMMARY 

Epitaxial  single  crystal  AIN  films  were  obtained  on  hexagonal  basal  plane  (0001)  of  sapphire 
and  on  (10 1 2)  a-Al203.  Crystal  quality  of  AIN  film  on  (0001)  sapphire  is  much  higher  then  on 

(10 12)  a-Al203.  The  epitaxial  relationships  were  established  for  single  crystal  films  on  both 
orientations  of  sapphire.  AIN  films  on  a-Al203  (0001)  displayed  the  following  epitaxial 
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relationship:  (OOOI)aiN  H  (OOOl)sap  with  in-plane  orientation  relationship  of  [01  IOJaIN  H 
[121  Olsap;  AIN  films  on  (lO  1 2)  a-Al203:  (1 1 20) AIN  H  (10 1 2)sap  with  the  in-plane  alignment 

of  [0001]a1N  II  [  lOlllsap-  Epitaxial  relationship  of  AIN  film  grown  on  sapphire  is  controlled  by 
the  bon(^g  of  A1  and  O  ions  at  the  interface.  Interfacial  structure  has  been  studied  for  AIN  grown 
on  both  orientations  of  sapphire.  In  both  cases  the  interface  was  sharp  and  without  the  presence  of 
second  phase  interfacial  layers.  AIN  films  on  both  orientations  of  Si  were  determined  to  be  highly 
(0001)  textured.  It  has  been  found  that  epitaxial  AIN  films  on  alignments  of  a-Al203(0001)  can 
be  us^  for  advanced  semiconductor  devices  [2],  although  the  tlneading  dislocation  density  is 
about  lOlO  cm-2  in  the  specimens. 
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ABSTRACT 

By  a  combination  of  conventional,  HREM  and  CBED  TEM  experiments  we  have  studied 
wurtzite  GaN  layers  grown  by  Metal-Organic  Chemical  Vapour  Deposition  (MOCVD)  on 
(0001)Al203.  We  experimentally  determine  the  structure  of  the  macroscopic  hexagonal 
pyramids  that  are  visible  at  the  surface  of  the  layers  when  no  optimised  buffer  is  introduced. 
These  pyramids  look  like  hexagonal  volcanoes  with  one  hexagonal  microscopic  chimney  (up  to 
75nm  wide)  at  their  core.  The  crystal  inside  the  chimney  is  a  pure  GaN  crystal  with  a  polarity 
opposed  to  the  one  of  the  neighbouring  material  :  the  GaN  layers  grown  on  (0001)Al203  are 
everywhere  Ga-terminated  except  in  the  chimneys  where  they  are  N-terminated.  Some  of  the  N- 
terminated  chimneys  grow  faster  and  form  macroscopic  hexagonal  pyramids.  Chimneys 
bounded  by  Inversion  Domains  Boundaries  (IDEs)  originate  from  steps  at  the  surface  of  the 
substrate  and  may  be  suppressed  by  an  adapted  buffer  layer. 

INTRODUCTION 

Thanks  to  their  optoelectronic  properties  the  ni-V  nitrides  (GaN,  AIN  and  InN)  have  become 
economically  attracting  materials.  Simple  working  devices  such  as  diodes  are  already  made  and 
commercialised  [1],  but  the  properties  of  these  materials  have  not  yet  been  studied  Aoroughly. 
For  instance,  growing  GaN  layers  with  a  low  density  of  defects  has  not  yet  been  realised. 

In  this  conununication,  we  present  new  TEM  experimental  results  that  highlight  the  growth 
mechanism  of  GaN  layers  and  should  give  new  clues  to  improve  the  quality  of  the  material. 

It  is  well  known  that  GaN  tends  to  have  a  three-dimensional  growth  with  the  appearance  of 
macroscopic  hexagonal  pyramids.  These  pyramids  have  long  been  observed  in  CdS  [2],  but  to 
our  knowledge,  they  have  never  been  really  understood.  Thanks  to  a  combination  of  TEM 
techniques  we  were  able  to  determine  the  structure  of  these  macroscopic  pyramids  and  were  able 
to  understand  their  growth  mechanism. 

EXPERIMENT 

We  investigated  GaN  layers  grown  by  MOCVD  on  (0001)  AI2O3  substrates  at  temperature 
varying  from  900°C  to  1150°C,  with  or  without  a  buffer  layer  of  AIN  or  GaN  [3].  In  this 
communication,  we  mainly  focus  on  the  TEM  results  of  samples  that  exhibit  macroscopic 
hexagonal  pyramids  at  their  surface  (fig.  la).  Such  samples  were  obtained  when  we  tried  to 
optimise  the  buffer  layer.  For  these  samples,  the  average  full  width  at  half  maximum  (FWHM) 
for  (0004)  beam  of  X-ray  rocking  curves  is  about  18  minutes. 

Specimens  for  TEM  were  prepared  using  the  standard  techniques  :  mechanical  polishing  and 
Argon  ion  milling.  Conventional  and  HREM  TEM  observations  were  realised  on  a 
JEOL4000EX  electron  microscope,  specially  equipped  for  HREM  (Scherzer  resolution  about 
0.17nm).  CBED  patterns  were  obtained  with  a  JEOL2010  field  emission  gun  microscope. 
CBED  simulations  were  made  with  the  EMS  software  [4]. 

RESULTS 

State  of  the  art  GaN  multilayers  contain  a  large  density  of  defects,  which  are  mostly 
dislocations  [5].  However,  the  characteristic  of  layers  containing  pyramids  is  that  they  contain 
both  linear  defects  such  as  dislocations  and  planar  defects  (fig.l).  Such  planar  defects  have 
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Fig.  1  :  a)  Image  of  the  surface  of  a  GaN  layer  (Tgrowth=  1 150°C,  GaN  buffer  layer)  made  by 
an  optical  microscope.  Hexagonal  pyramids  are  clearly  visible. 

b)  Two-beam  image  of  a  G^  layer  containing  the  same  kind  of  pyramids  (Tgrowth=1000®C, 
no  buffer  layer)  :  the  layers  mainly  contains  dislocations  and  b*-planar  defects  (the  planar 
defects  on  the  b*=<0,l,-l,0>  plane  form  in  fact  hexagonal  chimneys) 

c)  Two  beam  image  of  the  previous  sample  (viewing  direction  :  b*=[0,l,-l,0]).  The  top  part  of 
the  GaN  layer  is  seen.  Here  we  have  the  chance  to  cut  an  hexagonal  macroscopic  pyramid  at  its 
apex.  The  centre  of  the  macroscopic  pyramid  contains  an  hexagonal  chimney  which  has  an 
hexagonal  nucleus  in  top  of  it. 

been  commonly  reported  [6]  [7].  The  most  frequent  ones  are  on  the  c-basal  plane  and  on  the 
{0,1, -1,0}  planes  (denoted  b*-planar  defects  as  the  normal  of  the  defect  plane  is  parallel  to  the 
basis  vector  b*=[0,l,-l,0]  of  the  reciprocal  space),  but  some  defects  on  the  {2,-1, -1,0}  planes 
(denoted  in  a  similar  way,  a-planar  defects)  have  also  been  observed  and  resolved  [6].  As  the  a- 
planar  defects  have  been  observed  only  on  few  samples  we  refer  to  reference  [6]  for  a  better 
presentation  of  these  defects.  Here,  we  focus  our  observations  on  the  b*-planar  defect  and  its 
relation  to  the  pyramids. 

Observation  of  these  samples  in  three  perpendicular  directions  (fig.  Ic,  2a,  2b)  enables  to 
determine  that  the  b* -planar  defects,  associated  by  group  of  six,  form  tiny  hexagonal  chimneys 
(up  to  75nm  in  “diameter”).  They  should  be  no  confusion  with  nanotubes  that  people  have 
reported  [8] :  our  chimneys  are  not  empty,  but  full  of  GaN  material. 

The  hexagonal  form  of  the  chimney  appear  clearly  on  HREM  images  taken  along  the  c-direction 
(fig.  2a).  It  can  be  noticed  that  the  chimney  is  brighter  than  the  surrounding  material.  This 
difference  of  contrast  comes  from  the  preferential  etching  inside  the  chimney  during  TEM 
specimen  preparation  :  it  does  not  indicate  that  the  chimney  is  empty.  Along  the  a-direction,  only 
projection  of  two  parallel  b*  faces  of  the  hexagonal  chimney  are  seen  (fig.  lb,  2b).  It  can  be 
noticed  that  the  substrate  surface  (interface  AI2O3/AIN  after  growth)  contains  steps  below  the 
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Fig.  2  a)  Plan  view  HREM  image  of  a  GaN  layer  (T=1000°C,  AIN  buffer,  viewing  direction 
c=[0001).  One  tiny  hexagonal  region  that  was  etched  quicker  during  TEM  plan  view  specimen 
preparation  is  shown  :  this  is  an  non  empty  hexagonal  chimney  viewed  from  above, 
b)  HREM  image  of  a  cross-section  of  the  same  GaN  layer  seen  along  the  a=[2,-l,-l,0] 
direction.  Along  this  direction,  projections  of  only  two  parallel  b*  faces  of  the  hexagonal 
chimney  are  seen  .  There  is  an  important  step  at  the  substrate  surface  below  the  chimney. 
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chimneys.  This  is  a  general  observation.  Along  the  b*//[0,l,-l,0]  direction.(fig.  Ic,  2a),  two 
faces  of  the  chimney  are  seen  inclined.  These  two  inclined  faces  give  a  particular  contrast  in  the 
2-beam  image  of  fig.  2b.  In  addition,  we  cut  an  hexagonal  macroscopic  pyramid  at  its  apex  :  an 
hexagonal  chimney  is  exactly  crossing  the  apex.  In  the  specific  sample  of  fig.  Ic,  we  also 
observed  a  nucleus  at  the  top  of  all  the  chinmeys.  It  can  be  noticed  that  the  top  part  of  the 
pyramid  is  rather  flat  and  contains  several  steps.  Statistically,  although  every  pyramid  apex  is 
associated  with  an  hexagonal  chimney,  the  inverse  is  not  necessarily  true.  The  hexagonal 
chimney  density  could  be  much  larger  than  the  pyramid  density,  particularly  when  the  pyramid 
size  is  large. 

Conventional  electron  diffraction  patterns  do  not  reveal  any  new  phases  inside  the  chimneys.  No 
chemical  composition  difference  was  detected  by  EELS  between  the  inside  and  the  outside  of  the 
chimneys  [9].  In  reference  [6],  the  b*  planar  defects  were  tentatively  assigned  to  Inversion 
Domain  Boundaries  (IDEs),  based  on  HREM  observations.  By  obtaining  Convergent  Beam 
Electron  Diffraction  (CBED)  patterns  from  inside  and  outside  the  chimneys,  we  are  now  able  to 
prove  that  the  b*  planar  defects  are  IDEs,  implying  that  the  chimney  is  an  Inversion  Domain  in  a 
GaN  matrix  (fig.  3),  Fig  3a  is  an  experimental  CBED  pattern  taken  outside  the  chimney  in  a  thin 
area  (35nm).  For  thicknesses  around  35nm,  the  CBED  patterns  have  only  coarse  details,  but  one 
of  them  is  very  characteristic  as  can  be  seen  on  the  associated  simulations  :  the  (0002)  spot  is 
brighter  than  the  (0,0, 0,-2).  arbitrarily  define  the  positive  c  direction  according  to  the 
following  convention  :  the  GaN  crystal  contains  Ga-N  bonds  aligned  along  the  c-axis,  the  vector 
starting  on  Ga  and  ending  on  N  defines  the  positive  direction  of  the  c-axis  (fig.  3ef)].  A  careful 
relationship  between  TEM  electron  diffraction  and  TEM  image  enables  to  determine  the  polarity 
of  the  region  outside  the  chimney  :  the  positive  c-axis  is  along  the  growth  direction  (fig.  3e). 
This  corresponds  to  a  Ga-terminated  surface.  The  same  arguments  can  be  applied  inside  the 
chimney  (fig.  3bdf).  The  agreement  between  the  simulated  CBED  and  the 


Fig.  3  :  Experimental  CBED  patterns  (ab)  with  their  associated  simulation  (cd)  and 
corresponding  crystal  structure(ef).  Pattern  a  has  been  taken  outside  a  chimney  (thickness 
35nm),  whereas  pattern  b  has  been  taken  inside  (thickness  70nm).  The  polarity  inside  the 
chimney  is  opposed  to  the  one  outside  :  chimneys  form  Inversion  Domains  in  the  layer.  The 
chimney  is  N-terminated  (bdf),  the  outside  is  Ga-terminated  (ace). 
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experimental  data  is  excellent.  The  CBED  pattern  of  fig.  3b  can  only  be  fitted  with  a  GaN  crystal 
having  the  positive  c-axis  in  a  direction  opposed  to  the  growth  direction.  Therefore  the  crystal 
inside  a  chimney  has  a  N-terminated  surface.  This  result  is  valid  for  any  hexagonal  chimney 
associated  or  not  to  a  pyramid  apex. 

A  simple  model  of  the  chimney  can  be  constructed  without  creation  of  dangling  bonds  and 
wrong  bonding  [9].  Work  is  in  progress  to  compare  this  model  with  HREM  images. 

CONCLUSIONS 

We  have  now  clearly  established  that : 

(i)  at  the  apex  of  any  macroscopic  pyramids  (up  to  0.1mm  wide)  there  is  one  tiny 
hexagonal  chimney  (up  to  75nm  in  diameter)  running  from  the  substrate  (or  the  buffer 
layer)  to  the  surface 

(ii)  the  top  surfaces  of  the  tiny  chimneys  (what  we  call  the  “inside”  top  surface  of  the 
chimney)  are  N-terminated  while  the  surface  “outside”  the  chimneys,  that  is  to  say  most 
of  the  surface  of  the  macroscopic  pyramids,  are  Ga-terminated 

(iii)  the  tiny  chimneys  are  limited  by  six  b*-IDBs 

(iv)  the  IDBs  are  nucleated  at  surface  steps. 

These  results  shed  some  light  on  the  growth  process  and  the  pyramid  fomiation.  It  is  a 
common  observation  in  semiconductor  compound  epitaxy  that  the  growth  velocity  is  polarity 
dependant.  Depending  on  the  respective  velocity  of  the  two  species  (N  or  Ga  terminated)  one 
would  have  the  three  following  regimes  : 

(i)  N-terminated  material  grows  faster  :  the  pyramidal  shape  is  preserved  or  enhanced 
during  growth 

(ii)  N  and  Ga-terminated  materials  grow  with  the  same  velocity :  a  flat  surface  is  preserved 

(iii)  Ga  terminated  material  grows  faster  ;  the  chimneys  tend  to  disappear  in  the 
surrounding  matrix  or  would  form  hexagonal  holes  (may  be  the  nanotubes  [8]  ?). 

We  do  have  observed  cases  (i)  and  (ii)  after  MOCVD  growth.  The  growth  velocity  itself  is 
controlled  by  the  sticking  coefficient  of  each  specie,  the  surface  diffusion  and  the  trapping  at 
steps  in  the  case  of  a  step  flow  mechanism.  A  pyramidal  shape  with  N-terminated  material  in  the 
centre  implies  a  particular  mechanism  which  can  be  described  as  follow. 

It  is  well  known  that  N  incorporation  is  difficult  during  GaN  growth  [10],  because  N 
has  a  low  sticking  coefficient  or  a  high  evaporation  coefficient.  Moreover  N  atoms  may 
diffuse  easily  on  surfaces.  Therefore  we  assume  that  when  pyramidal  growth  occurs  N 
atoms  are  preferentially  incorporated  on  N-terminated  material  (step  2  of  fig.  4)  and  from 
the  chimney  they  diffuse  out  (step  3)  and  are  trapped  at  steps  in  the  surrounding  matrix 
(step  4).  It  is  worth  noting  that  on  the  so-called  N-terminated  material,  Ga  is  first 
incorporated  (step  1)  and  both  inside  and  outside  materials  have  Ga  exposed  surface. 
However  the  new  incorporated  Ga  atoms  inside  the  chimney  have  3  dangling  bonds 
instead  of  one  for  the  Ga  atoms  outside.  As  a  consequence  N  atoms  are  more  easily 
incorporated  inside  the  chimney  (step  2).  The  observations  of  a  tiny  nucleus  at  the  top  of 
the  chimneys  in  some  cases  (fig.  Ic)  are  greatly  in  favour  of  our  interpretation. 


Fig.  4  :  Schematic  representation  of  the  pyramid  growth  mechanism. 

Step  0  :  the  surface  of  the  inside  of  the  chimney  is  N-terminated,  outside  the  chimney  the  surface 
is  Ga-terminated.  Step  1  :  a  Ga  atom  is  incorporated  on  the  N-terminated  surface.  Step  2  :  a  N- 
atom  is  incorporated  on  the  Ga  atom,  inside  the  chimney,  which  has  3  dangling  bonds.  Step  3  : 
N-atom  diffuses  out  of  the  chimney.  Step  4  :  N-atoms  are  trapped  at  steps. 
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up  to  now  the  experimental  parameters  controlling  which  regime  of  growth  is  active  have  not 
been  identified.  It  is  clear  that  such  a  knowledge  will  be  beneficial,  as  maintaining  always  the 
regime  (ii)  will  preserve  a  2D  growth.  However,  it  is  likely  that  such  a  balance  is  difficult  to 
maintain  and  would  be  destroyed  by  any  instability  in  the  experimental  parameters. 
Consequently  it  is  preferable  either  to  avoid  the  nucleation  of  N  terminated  material  which  seems 
to  be  the  minority  species  or  to  extend  it  everywhere  as  it  grows  faster.  Controlling  the  surface 
preparation  and  (or)  preparing  adequate  buffer  layer  is  the  way  to  produce  a  unipolar  layer  :  this 
points  to  further  studies  on  the  initial  nucleation  rate  of  the  different  polar  species  and  the  exact 
role  of  steps. 

Independently  of  the  present  work ,  we  have  established  that  the  same  3D  pyramidal  growth 
driven  by  tiny  hexagonal  Inversion  Domains  (the  “chimneys”,  which  are  full  of  material)  happen 
in  GaN  layers  grown  on  Si(lll)  [11].  We  do  not  see  why  these  type  of  defects  could  not  be 
observed  in  any  other  kind  of  substrate  like  SiC.  In  any  case,  the  polarity  of  the  GaN  layers 
should  be  checked  carefully. 
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ABSTRACT 

The  elastic  constants  of  the  Group-Ill  nitrides,  c-BN,  AIN  and  GaN  were  calculated 
from  first-principles  using  the  full-potential  linear  muffin-tin  orbital  method  and  local  den¬ 
sity  approximation.  The  relation  between  the  elatic  constants  in  zincblende  and  wurtzite 
is  studied  by  means  of  a  tensor  coordinate  transformation  approach.  The  latter  combined 
with  a  correction  for  the  internal  displacement  of  the  rotated  tetrahedra  is  found  to  pro¬ 
vide  good  results  for  the  C12  and  0^4  but  not  for  Cfg  and  CJ3.  These  two  require 
explicit  calculations  involving  distortions  along  the  c-axis.  The  calculations  also  provide 
information  on  the  transverse  optical  phonons.  By  deriving  Keating  model  parameters  we 
show  that  BN  is  much  stiffer  against  bond-angle  distortions  than  the  other  nitrides. 

INTRODUCTION 

The  elastic  constants  of  the  Group-Ill  nitrides  are  of  considerable  interest  for  modeling 
the  behavior  of  thin  films  of  these  materials  as  occuring  in  heterostructures.  Only  recently, 
the  latter  have  been  determined  by  using  accurate  sound  velocity  measurements  for  BN 
[1],  AIN  [2,  3]  and  GaN  [4].  In  spite  of  the  large  number  of  total  energy  calculations  on 
these  materials,  only  a  few  calculations  have  appeared  on  the  elastic  constants.  Ruiz  et 
al.  [5]  calculated  the  elastic  cosntants  of  AIN  using  a  Hartree-Fock  approach.  Rodriguez- 
Hernandez  et  al.  [6]  recently  calculated  the  elastic  constants  of  cubic  BN  (and  BP)  using 
the  first-principles  pseudopotential  plane  wave  method. 

In  this  paper  we  present  the  elastic  constants  for  cubic  BN  and  those  for  both  zincblende 
and  wurtzite  GaN  and  AIN  and  the  relations  between  them. 

COMPUTATIONAL  METHOD 

The  method  used  for  our  calculations  is  the  full-potential  linear  muffin-tin  orbital 
method  as  described  by  Methfessel  [7].  The  underlying  framework  for  the  total  energy 
calculations  is  the  local  density  functional  theory  [8]  and  elastic  constants  are  obtained  as 
second  derivatives  of  the  total  energy  curve  as  a  function  of  suitably  chosen  strain  distor¬ 
tions.  We  used  well  converged  triple  k  muffin-tin  orbital  basis  sets  up  to  d-waves  in  all 
three  k  values  [ddd  for  short)  for  zincblende  and  a  fdp  basis  set  for  the  wurtzite  with  an 
additional  s  orbital  included  on  the  large  empty  spheres.  The  Brillouin  zone  summations 
were  carried  out  with  10  special  points  for  zincblende  and  36  for  wurtzite.  The  muffin- 
tin  sphere  radii  were  chosen  to  be  nearly  touching  and  kept  fixed  during  the  calculations 
with  distortions  so  as  not  to  change  the  volume  of  the  interstitial  region.  However,  for 
distortions  along  the  c-axis  of  the  wurtzite  structure  {c/a  distortions)  we  allowed  the  small 
empty  sphere  (centered  in  between  cation  and  anion  in  the  opposite  direction  of  the  bond 
along  the  c-axis)  to  vary  in  size  so  as  to  maintain  an  accurate  interpolation  in  the  local 
interstitial  region. 
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RELATIONS  BETWEEN  THE  ELASTIC  CONSTANTS 

For  zincblende,  we  calculate  the  bulk  modulus  B  =  +  26*^2) /3  directly  by  applying 

a  hydrostatic  strain,  the  tetragonal  shear  modulus  -€{^(2  by  means  of  a  volume 

conserving  strain  along  [001],  and  the  trigonal  shear  modulus  CI4  by  a  volume  conserving 
strain  along  [ill].  For  the  latter,  it  is  necessary  to  relax  the  relative  displacement  of  the 
anion  and  cation  for  each  distortion  as  defined  by  the  Kleinman  C  parameter.  The  equation 

Cj4  =  C|2-Q-V[4?,C(a/4)p,  (1) 

provides  a  well-known  relation  between  the  elastic  constants  with  and  without  internal 
relaxation  (indicated  by  superscript  0),  the  transverse  optical  phonon  frequency  and 
C  Here,  is  the  unit-cell  volume,  a  is  the  cubic  lattice  constant  and  pL  is  the  reduced 
mass.  Prom  the  above  relations,  we  obtain  the  complete  cubic  elasticity  tensor  and  the 
related  quantities  mentioned. 

Similarly,  we  derived  a  relation  for  the  wurtzite  structure  between  the  shear  elastic 
constant  corresponding  to  a  volume  conserving  strain  along  the  hexagonal  c-axis, 

-  2Cf3  -  (C‘  +  )/2,  (2) 

the  Ai  tranverse  optical  phonon  frequency  and  a  new  internal  displacement  parameter 
^  =  duminld{c/a),  where  uc  =  d  is  the  bond  length  along  the  c-axis: 

=  Cf  -  n-V[(3/2)a;^^^c(c/a)]^  (3) 

The  above  elastic  constant  is  essentially  obtained  in  the  process  of  relaxing  the  total  energy 
E[0.,c/a,u]  of  the  wurtzite  crystal.  For  a  fixed  volume  O  and  cja  we  first  minimize  the 
energy  with  respect  to  the  u  parameter  giving  E[Q.,c/a,Umin]-  Then  we  minimize  the 
latter  as  a  function  of  c/a  providing  J5'[fi,  {cj a)min^'^min]  and  finally  we  obtain  the  global 
minimum  of  the  latter  as  a  function  of  volume.  From  the  curvature  of  the  first  total  energy 
curve  we  obtain  the  Ai  phonon  frequency  at  particular  U  and  c/a,  from  the  curvature  of 
the  second,  we  obtain  the  elastic  constant  Cg  at  particular  volume,  and  from  the  final  one 
we  obtain  the  bulk  modulus.  Finally,  we  can  then  obtain  the  phonon  frequency  and  elastic 
constants  at  the  equilibrium  volume  by  interpolation  to  the  appropriate  volume.  We  note 
that  although  E[Q,c/a,u]  varies  most  rapidly  as  a  function  of  fi,  then  as  a  function  of 
c/a  and  finally  as  a  function  of  u,  the  minimizations  are  not  independent  of  each  other. 
By  varying  c  at  fixed  value  of  a,  (i.e  with  varying  volume)  on  the  other  hand,  we  obtain 
directly  the  elastic  constant 

For  the  remaining  hexagonal  elastic  constants,  we  should  in  principle  consider  strains 
distorting  the  hexagonal  symmetry.  Instead  we  use  relations  between  the  elastic  constants 
of  zincblende  and  those  of  wurtzite  obtained  by  rotating  the  cubic  elasticity  tensor  to  a 
new  set  of  coordinates  with  the  z-axis  along  the  [111]  direction.  Since  the  latter  resembles 
the  [0001]  axis  of  wurtzite,  the  cubic  elastic  constants  tensor  viewed  as  that  of  a  trigonal 
symmetry  system  provides  a  first  approximation  for  that  of  wurtzite.  Martin  [13]  derived 
a  correction  to  this  simple  rotation  approach  by  taking  into  account  the  difference  in  the 
relative  positions  of  the  cations  and  anions  in  the  tetrahedra  in  zincblende  and  wurtzite, 
which  are  twinned  with  respect  to  each  other.  The  correction  term  is  determined  by 
minimizing  the  elastic  energy  with  respect  to  the  associated  internal  strain.  This  leads  to 
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Table  I:  Elastic  constants  and  related  properties.  (Experimental  values  between  parenthe- 


BN 

AIN 

GaN 

zincblende 

Qi  (GPa) 
^2  (GPa) 
Q4  (GPa) 

B  (GPa) 

c 

cjSi  (cm  M 

837  (820“) 
182  (190“) 
493  (480“) 
400 

0.1 

1070  (1060^) 

304 

152 

199 

203 

0.6 

680 

296 

154 

206 

201 

0.5 

580  (556") 

wurtzite 

Gfi  (GPa) 

398  (345,^  41  r) 

396  (391^) 

Cfj  (GPa) 

140  (125,''  149") 

144  (1430 

GJi  (GPa) 

96  (118,''  125") 

91  (1030 

C^3  (GPa) 

127  (120,''  99") 

100  (1080 

Cl,  (GPa) 

382  (395,''  389") 

392  (399^) 

B  (GPa) 

218 

207 

0.12 

0.11 

(cni“^) 

610  (614'') 

570  (5320 

“  Grimsditch  et  al.  et  al.  [1] 
*  Alvar enga  et  al.  [9] 
Murugkar  et  al.  [10] 
McNeil  et  al.  [2] 

®  Tsubouchi  et  al.  [3] 

^  Polian  et  al.  [4] 

®  Perlin  et  al.  [11] 


the  following  relation  between  the  elastic  constants  of  wurtzite  and  zincblende: 
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2 

\  '-'44  / 

D/Cl, 

V  Gse  ) 

U 

-1 

4/ 

D/Cl,) 

where  the  C^j  are  the  values  obtained  without  the  second  term  (corresponding  to  rotation 

only),  D  =  bmCl  -  and  =  (Cfi  -  C'f2)/2. 

We  will  show  that  that  this  relation  leads  to  a  good  agreement  with  experimental  values 
for  AIN  and  GaN  when  the  correction  is  taken  into  account,  except  for  and  C33  which 
are  in  fact,  unaffected  by  this  internal  strain  correction  but  are  affected  by  non-ideal  c/a 
and  its  distortions.  Our  procedure  then  is  to  obtain  Cfi,  C12  and  C44  from  Eq.(4),  and 
and  C33  by  direct  calculations  as  explained  above  and  finally  use  the  defining  Eq.(2)  of  C* 
to  obtain  Cfa.  The  relation  +  Gfs)  “  2(Cf3)V2C'J  then  provides  a  check  of 
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Figure  1:  Correlation  of  calculated  elastic  constants  of  c-BN,  w-AlN  and  w-GaN  with 
experimental  data  (From  Refs.  [1,  2,  3,  4]).  The  open  symbols  represent  the  values  without 
internal  strain  correction  for  Cfi,  and  Cjj  and  without  c/a,  u  relaxation  for  and 
For  AIN,  the  two  sets  of  experimental  data  are  joined  by  horizontal  lines.  For  GaN, 
the  results  were  shifted  up  by  300  GPa  so  as  not  to  overlap  with  the  AIN  data. 


the  direct  bulk  modulus  calculations. 

RESULTS 

Our  results  for  the  elastic  constants  of  c-BN,  and  zincblende  and  wurtzite  AIN,  and 
GaN  and  some  related  properties  mentioned  above  are  shown  in  Table  I.  Fig.  1  shows 
a  comparison  with  experimental  data  and  also  shows  the  values  obtained  in  the  simple 
rotation  model  (without  Martin’s  correction)  for  Cfi,  Cfj  and  and  the  values  obtained 
for  (7^3  and  from  the  tensor  transformation  approach  as  opposed  to  the  direct  calcula¬ 
tion.  We  may  see  that  both  Martin’s  correction  and  the  explicit  inclusion  of  non-ideal  c/a 
improve  the  agreement  with  experiment  significantly. 

Our  calculations  for  c-BN  are  in  good  agreement  with  those  of  Rodriguez-Hernandez 
et  al.  [6]  who  obtain  =  844,  Cfj  =  190  and  =  483  GPa.  The  phonon  frequencies 
are  in  good  agreement  with  experimental  data  obtained  from  Raman  scattering  and  other 
calculations.  See  e.g.  Gorczyca  et  al.  [12]  for  other  recent  calculations  and  a  compilation 
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of  experimental  values  for  GaN  and  AIN.  The  elastic  constants  of  c-BN  are  seen  to  be 
much  higher  than  the  corresponding  ones  for  the  other  nitrides  and,  in  fact,  are  rather 
close  to  those  of  diamond.  We  recall  that  the  exprimental  elastic  constants  of  diamond  are 
Cfi  =  1076,  CI2  =  125  and  C44  =  577  GPa  [14]  while  calculated  with  the  same  method  as 
used  here  [15]  the  values  are  respectively  1107,  152  and  534  GPa.  The  elastic  constants 
of  AIN  and  GaN  are  rather  close  to  those  of  SiC  which  for  the  cubic  form  are  =  420, 
0^2  =  126  and  Q4  =  287  GPa  [16].  This  is  not  surprising  because  BN  and  diamond  both 
contain  only  elements  of  the  second  row  of  the  periodic  table  while  SiC  and  AIN  contain 
one  element  of  the  second  and  one  of  the  third  row.  As  usual  there  is  only  a  small  difference 
between  Ga  and  A1  in  terms  of  bonding  properties.  In  both  cases,  (BN,  diamond)  and  (SiC, 
AIN,  GaN),  the  III-V’s  appear  to  have  slightly  lower  and  higher  Cfj,  which  implies 
a  smaller  shear  modulus  C^.  Consistent  with  this,  C44  is  also  smaller.  The  bulk  moduli 
of  the  III-V’s  are  also  slightly  smaller.  We  note  in  passing  that  for  hexagonal  SiC,  the 
internal  strain  corrections  of  Martin  are  negligibly  small. 

From  the  elastic  constants  and  experimental  LO-TO  phonon  splittings  [17],  we  obtain 
the  force  constant  parameters  of  the  well-known  Keating  model  [18,  19].  The  obtained 
values  are  given  in  Table  II.  The  values  of  13/ a  indicate  the  relative  importance  of  bond¬ 
bending  stiffness  over  bond-stretching  stiffness.  We  note  that  BN  has  a  high  value  of  p/a, 
a  property  which  is  shared  with  diamond.  This  is  also  the  reason  why  (  is  low  for  this 
material.  The  strong  resistance  against  bond-bending  in  diamond  has  also  been  observed 
in  diamond-like  amorphous  carbon  materials  with  high  sp^  content  and  may  thus  also  be 
expected  to  play  a  role  in  amorphous  BN. 


Table  II:  Keating  model  parameters. 


BN 

AIN 

GaN 

a  (N/m") 

139.6 

98.0 

96.3 

H  (N/m^) 

57.6 

15.0 

14.8 

P/a 

0.41 

0.15 

0.15 

CONCLUSIONS 

First-principles  calculation  results  were  presented  for  the  elastic  constants  of  the  Group- 
Ill  nitrides,  c-BN,  wurtzite  and  zincblende  AIN  and  GaN.  The  relationship  among  them  is 
clarified.  Good  agreement  was  obtained  with  recent  experimental  results  for  c-BN,  w-AlN 
and  w-GaN.  We  note  that  the  elastic  properties  of  c-BN  resemble  those  of  diamond  rather 
than  those  of  the  other  nitrides,  in  particular,  in  its  strong  resistance  to  bond-bending  and 
the  much  higer  values  of  the  bulk  modulus.  The  elastic  contstants  of  AIN  and  GaN  on 
the  other  hand  are  close  to  those  of  SiC.  In  both  cases,  the  III-V  compounds  have  slightly 
lower  bulk  and  shear  moduli  than  the  corresponding  group  IV  element  or  compound. 
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ABSTRACT 

We  report  the  dielectric  functions  of  various  GaN  samples  as  measured  by  spectroscopic 
ellipsometry.  Structure  related  to  the  A  and  B  excitons  is  resolved  at  room  temperature,  in 
principle  allowing  strain  to  be  assessed.  However,  the  data  indicate  that  dead-layer  and  disperrion 
effects  are  present,  preventing  a  simple  interpretation.  We  discuss  various  complications 
including  the  Edn/(ffi  contribution  to  dispersion,  which  is  important  for  laser  action.  Our  data 
appear  to  indicate  that  the  spin-orbit  splitting  of  GaN  is  about  15  meV,  somewhat  larger  than  the 
currently  accepted  value  of  about  1 1  meV. 

INTRODUCTION 

GaN  and  related  materials  are  emerging  as  promising  candidates  for  short-wavelength 
photonic  applications.  In  contrast  to  their  III-V  counterparts,  these  materials  are  relatively  ionic, 
crystallizing  in  the  wurtzite  structure  and  hence  showing  properties  more  nearly  related  to  11- VI 
materials  such  as  CdS.  Unhke  these  materials,  however,  which  have  seen  the  successful 
development  of  ZnSe  substrates,  bulk  single-crys^  nitride  noaterial  does  not  yet  exist  on  a. 
commercial  scale,  making  homoepitaxy  still  unrealized.  Strain  becomes  especiaUy  important  in 
these  materials  and  it  is  ahnost  unavoidable  in  the  thin  multilayers  required  for  device  applications. 

Tbe  objective  of  the  present  work  is  to  quantify  residual  strain  in  GaN  films  that  are  gro\^ 
on  AI2O3  or  6H-SiC  substrates.  To  do  this  systematically  we  have  used  spectroscopic 
ellipsometry  (SE)  to  determine  the  optical  response  of  28  samples  from  3  different  sources.  The 
results  are  complicated,  with  the  overall  lineshape  being  determined  by  various  combinations  of 
dispersion  effects  of  the  refractive  index,  absorption  edges  related  to  the  dominant  A  and  B 
thresholds,  and  the  presence  of  a  so-called  "dead  layer"  at  the  surface,  which  is  a  region  near  the 
surface  where  the  discrete  exciton  lines  are  broadened  such  that  they  do  not  contribute  to  the 
observed  optical  structure.  The  message  is  clear:  before  an  unambiguous  interpretation  of  the 
lineshapes  is  possible,  a  detailed  understanding  of  these  effects  is  required. 

EXPERIMENT 

Data  were  obtained  on  a  rotating-analyzer  eUipsometer.  Instrumentation  [1]  and  sample 
preparation  techniques  [2]  have  been  described  elsewhere.  Spectra  were  taken  either  from  1.5  to 
5.75  eV  with  a  resolution  of  17  meV  at  3.4  eV  or  from  3.3  to  3.6  eV  with  a  resolution  of  2  meV 
at  3.4  eV.  Since  SE  spectra  are  weighted  only  by  the  density  of  states  and  not  by  the  product  of 
density  of  states  and  the  thermal  occupancy  factor,  we  can  readily  use  the  technique  to  resolve  the 
A  and  B  thresholds  at  room  temperature.  Samples  were  grown  on  AI2O3  and  6H-SiC  substrates 
by  organometallic  chemical  vapor  deposition  under  various  conditions  [3-5]. 

RESULTS  AND  DISCUSSION 

Representative  broadband  and  high  resolution  spectra  are  sho\m  in  Figs.  1  and  2, 
respectively.  The  broadband  spectrum  is  qualitatively  similar  to  those  obtained  by  Logothetidis  et 
al.  [6]. Our  data  are  presented  in  pseudodielectric  function  form,  i.e,  the  complex  reflectance  ratio 
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Hg.  1.  Pseudodielectric 
function  of  a  1.32 
thick  GaN  film  on  a 
SiC  substrate.  These  data 
are  approximated  by  a 
model  calculation  where  < 
82>  consists  of  a 
broadened  unit  step  edge 
followed  by  a  linear  ramp. 


Fig.  2.  Imaginary  part  of  the 
pseudodielectric  function  of  GaN 
layers  grown  on  AI2O3  (upper)  and 
6H-SiC  (lower),  ifie  spectra  were 
taken  with  a  resolution  of  2  meV. 


-10  0 


Vcj.+V^(ineV) 


E(eV) 


Fig.  3.  Calculated  variation  of  the  A,  B,  and 
C  absorption  thresholds  relative  to  the  top  of 
the  valence  band  as  a  function  of  crystal-field 
and  biaxial  stress  potentials.  A  spm-orbit 
splitting  of  15.5  meV  was  used. 
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p  that  is  actually  measured  by  ellipsometry  was  converted  into  a  pseudo  or  apparent  dielectric 
function  <£>  =  <Bi>  +  by  means  of  the  two-phase  (substrate/ambienp  model.  The 

spectrum  of  Hg.  1,  which  was  obtained  on  a  1.32  micron  thick  GaN  film  deposited  on  6H-SiC, 
exhibits  characteristic  interference  oscillations  in  the  region  of  transparency  below  the 
fundamental  absorption  edge  at  3.4  eV,  relatively  sharp  structure  in  both  <ei>  and  <^>  at  the 
edge,  and  a  nearly  linearly  increasing  be^vior  in  <e2>  above  the  edge.  Also  shown  in  Fig.  1  is  an 
approximate  analytic  representation  of  the  lineshape  that  will  be  described  below.  Figure  2 
provides  a  more  detailed  view  of  the  variation  of  <e2>  with  energy  in  the  vicinity  of  the 
absorption  edge  for  two  samples,  a  3.27  pm  thick  GaN  layer  grown  on  AI2O3  (upper)  and  a  1.45 
pm  thick  GaN  layer  grown  on  SiC  (lower).  Here,  the  fine  structure  due  to  the  A  and  B  thresholds 
is  evident,  with  splittings  of  about  7  and  18  meV,  respectively,  in  the  two  cases. 

We  consider  first  the  implications  of  the  A-B  splittings  shown  in  Fig.  2.  The  energy 
variations  of  the  A,  B,  and  C  thr^holds  can  be  described  in  the  quasicubic  model  [7]  in  terms  of  3 
parameters:  the  spin-orbit  splitting  energy  Vgo,  the  crystal-field  potentml  V^f,  and  the 

rhombohetfral  strain  parameter  The  dependence  of  these  threshold  energi^  on  these  three 
parameters  have  been  given  by  PoUak  and  Cardona  [8].  In  essence,  in  the  quasicubic  model  the 
effect  of  hexagonal  symmetry  is  described  as  a  deformation  of  the  cube  along  the  [1 1 1]  direction. 
Thus  for  uniform  biaxial  strain  in  the  plane  of  the  film  and  V  ^  are  additive,  and  the  results  can 
be  expressed  in  terms  of  the  sum  of  these  two  terms.  These  observations  open  up  the  possibility  of 
band  structure  engineering  through  the  intentional  variation  of  in-plane  strain. 

Calculated  variations  of  the  energies  of  the  A,  B,  and  C  thresholds  with  respect  to  the  top  of 
the  unperturbed  valence  band  of  the  equivalent  cubic  material  are  shown  as  a  function  of  the  sum 
(Vgf  +  Vq)  in  Fig.  3,  along  with  tihe  A-B  splitting  data  of  Fig.  2  and  the  A-B  and  A-C  splitting 
data  of  Dmgle  et  al.[9]  and  Shan  et  al.[10]  We  note  that  the  variation  of  these  bands  is  rampletely 
equivalent  to  that  of  the  valence  bands  along  [111]  as  calculated  by  k»p  perturbation  theory 
except  for  scaling  factors.  Thus  when  =  Eg  the  separations  (Ea  -  E^^)  =  (Eg  -E^;)  are  equal 
to  (3/2) VgQ,  whereas  in  the  limit  of  large  negative  (V^^  +  V^)  the  A-B  splitting  (E^  -  Eg) 
becomes  equal  to  V^o  directly.  As  with  the  cubic  equivalents,  the  spin-orbit-split  band  lies  below 
the  other  two  at  the  crossover  point. 

The  above  discussion  is  appropriate  because  the  value  of  that  is  consistent  with  our  data 
and  those  of  Dingle  et  al.  [9]  and  Shan  et  al.  [10]  is  15.5  meV,  somewhat  larger  than  the  value  of 
1 1  meV  reported  by  Dingle  et  al.  but  still  within  their  experimental  uncertainty.  Some  ambiguity 
arises  from  the  fact  that  Vgo  can  be  obtained  from  the  energy  separations  (E^  -  Eg)  and  (E^  - 
Ec)  only  by  solving  a  quadratic  expression,  which  necessarily  has  two  roots,  hi  particular,  in  the 
absence  of  an  exact  knowledge  of  the  data  of  the  previous  workers  can  be  described  by 

choosing  W^o  either  to  9  or  15.5  meV.  The  latter  value  was  used  to  generate  Fig,  3.  If  one 
has  available  only  material  grown  on  sapphire  it  is  not  possible  to  resolve  th^  ambiguity;  indeed, 
this  ambiguity  appears  not  to  have  been  recognized  previously.  However,  if  additional  data  are 
available,  for  example  for  GaN  grown  on  SiC,  as  is  the  case  here,  this  uncert^ty  can  be 
reconciled.  Using  the  fact  that  (E^  -  must  approach  for  large  (V^^  +  V^)  it  is  apparent 
that  our  results  are  consistent  with  the  theoretical  calculation  only  if  the  larger  root,  15.5  meV,  is 
chosen.  These  larger  A-B  spHttings  are  observed  not  only  in  our  own  data  on  1.4  pm  thick  GaN 
films  on  SiC,  which  have  not  yet  relaxed  via  misfit  dislocation  formation,  but  also  from  splittings 
obtained  independently  by  Schetzina  et  al.  [11]  and  Redwing  et  al.  [12]  These  samples  were  aU 
apparently  under  sufficient  tension  to  yield  A-B  splittings  of  the  order  of  16  to  18  meV, 
inconsistent  with  the  9  meV  root  but  in  a^eement  with  the  15.5  meV  root.  Further  discussion  will 
be  given  elsewhere. 

We  now  consider  the  spectrum  shown  in  Fig.  1.  There  are  three  points  to  be  made.  (1)  As 
incficated  by  the  model  c^culation,  the  gene^  character  of  Ae  data  can  be  represented 
approximately  by  an  £2  variation  that  consists  of  a  broadened  unit  step  function  followed  by  a 
linear  tamp  at  higher  energy.  This  is  an  analytic  representation  for  which  the  Kramers  Kronig 
integral  used  to  generate  can  also  be  evaluated  analytically.  Note  that  this  expression  does  not 
explicitly  contain  an  n  =  1  exciton  contribution,  which  explains  some  of  the  discrepancies  between 
the  data  and  the  representation.  (2)  The  interference  oscillations  in  the  transparent  region  of  the 
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spectrum  have  an  enetjgy  sf^cing  AE  that  decreases  progressively  as  one  approaches  the 
bandedge.  (3)  The  negative  v^ue  of  seen  near  the  bandedge  can  be  understood  in  terms  of  an 
excitonic  dead  layer,  which  is  discussed  in  more  detail  below. 

We  conader  first  points  (1)  and  (2),  which  are  relevant  to  the  spacing  of  laser  modes  in  a  resonant 
cavity,  since  th^e  are  also  defined  in  terms  of  27t  increments  of  the  round-trip  phase  and  therefore 
mimic  the  spacing  of  the  interference  oscillations.  The  connection  is  established  by  the  expression 
for  the  energy  derivative  of  the  round-trip  phase: 

where  d  is  the  film  thickness,  n  is  the  index  of  refraction,  and  E  is  the  photon  energy.  From  this 
expression  it  is  evident  from  the  data  of  Fig.  1  that  the  existence  of  cfispersion  and  a  large  Edn/dE 
term  means  that  the  mode  spacing  of  a  laser  with  a  GaN  active  region  will  be  unevenly  spaced,  to 
the  extent  that  the  mode  is  localized  in  the  GaN  material.  The  model  calculation  of  Fig.  1  shows 
that  this  effect  is  exaggerated  in  GaN  because  of  the  linearly  increasing  nature  of  62  above 
threshold,  which  acts  to  enhance  the  absolute  value  of  Edn/dE  just  below  threshold  relative  to  its 
value  above  threshold.  To  illustrate  the  relative  magnitudes  of  n  and  Edn/dE  we  plot  both  as  a 
function  of  E  in  Fig.  4.  The  derivative  term  shows  a  rapid  increase  as  E  approaches  E„  and 
becom^  much  larger  than  n,  which  manifests  itself  in  the  compression  of  the  interference 
oscillations  mentioned  above.  This  behavior  can  be  quite  surprising  if  the  index  of  refraction  is 
incorrectly  evaluat^  froiri  Eq.  (1)  with  the  derivative  term  neglected,  as  is  often  done.  This 
omission  is  ordinanly  of  little  consequence  because  the  derivative  term  is  typically  quite  small. 
However,  this  is  clearly  not  the  case  for  the  nitrides. 

We  next  consider  point  (3).  More  generally,  many  of  the  28  lineshapes  appeared  remarkably 
similar,  even  for  samples  obtained  from  different  sources  obtained  under  different  growth 
conditions.  A  selection  of  some  of  the  observed  shapes  is  shown  in  Fig.  5.  Note  that 
approximately  5  samples  had  lineshapes  similar  to  that  labeled  as  I;  3  were  similar  to  H;  14  were 
similar  to  HI;  and  4  were  similar  to  IV.  Two  samples  were  of  insufficient  quality  to  obtain  any 
near-bandedge  structure  at  high  resolution.  While  the  observed  lineshapes  departed  from  the 
"expected"  lineshape  for  a  material  with  three  excitonic  band  edges,  the  marked  similarities 
between  the  shapes  prompted  further  investigation.  It  was  these  similarities  between  ostensibly 
different  sarnples  that  suggested  the  involvement  of  an  excitonic  dead  layer.  This  concept  was 
used  by  previous  workers  to  explain  the  deformation  of  reflectance  lineshapes  in  CdS  [13]. 

Comparing  spectra  shown  in  Fig.  5,  differences  include  apparent  variations  in  oscillator 
strength  of  the  A  and  B  structures.  We  attribute  part  of  this  variation  to  the  transfer  of  oscillator 
strength  that  results  from  band  mixing  driven  by  in-plane  strain,  although  the  complete  variation 
cannot  be  explained  by  this  effect.  Another  contribution  can  arise  from  the  dead  layer,  which 
refers  to  a  region  of  material  adjacent  to  the  surface  where  the  discrete  exciton  lines  are 
broadened  either  intrinsically  because  the  center  of  mass  lies  too  close  to  the  surface  for  the 
exciton  to  exist  without  serious  deformation  or  extiinsically  because  of  damage  to  the  surface  or 
the  pmsence  of  a  surface  electric  field.  Such  surface  fields  usually  result  from  pinning  the  surface 
Fermi  level  due  to  surface  states,  hi  the  former  case  the  thickness  of  the  dead  layer  is  the 
diameter  of  the  exciton,  but  in  the  latter  case  the  thickness  varies  with  surface  pinning,  bulk 
doping,  and  degree  of  surface  damage. 

We  illustrate  the  type  of  behavior  that  can  be  expected  from  dead-layer  effects  by  the  set  of 
calculated  lineshapes  shown  in  Fig.  6.  Here,  the  model  02  spectrum  of  Fig.  1  was  supplemented 
by  a  broadened  Lorentzian  at  20  meV  below  the  unit  step  to  represent  the  n  =  1  exciton  line,  and 
the  pseudodielectric  function  was  calculated  in  the  three-phase  (substrate/overlayer/ambient) 
model  for  a  sutetrate  containing  the  n  =  1  structure  and  an  overlayer  without  this  structure.  It  can 
be  seen  immediately  that  with  increasing  dead  layer  thickness  the  apparent  relative  strengths  of  the 
n  =  1  and  edge  structures  changes  and  that  under  proper  conditions  <e2>  is  driven  to  negative 
values,  as  seen  in  Fig.  1,  and  returns  to  a  shape  close  to  the  original  at  7CK)A.  The  results  provide 
a  caveat  for  the  assessment  of  strain  from  near-bandedge  features  as  well.  While  it  would  be 


tempting  to  assign  the  two  features  shown  in  Fig.  6  (for  the  case  of  500  and  600  A  of  dead  layer) 
as  A  aiS  B  thresholds,  these  structures  are  actually  due  to  the  n  =  1  exciton  and  continuum 
threshold  of  the  same  ^ge.  Consequently,  in  any  assessment  of  strain  it  is  clearly  important  to 
first  obtain  an  undeistanJng  of  the  lineshapes,  ani  as  indicated  by  the  results  shown  in  Fig.  3,  to 
obtain  the  C  structure  as  weU.  Work  toward  these  ends  is  in  progress. 

CONCLUSION 

A  quantitative  assessment  of  strain  will  requite  a  detailed  interpretation  of  the  lineshapes, 
which  are  clearly  affected  by  factors  in  addition  to  strain,  including  excitonic  dead  layers  and 
dispersion  effects.  In  the  latter  case,  the  role  of  n  plus  its  derivative  near  the  bandedge  is  now  well 
understood,  and  data  showing  their  dispersion  is  presented.  In  the  former  case,  groupings  of 
samples  wiA  similar  lineshapes  are  observed  and  explaining  such  variations  in  ostensibly  different 
samples  with  an  excitonic  d^d  layer  looks  promising. 
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ABSTRACT 

We  present  here  a  detailed  investigation  of  the  optical  properties  of  GaN  epilayers  grown  by  low 
pressure  MOVPE  on  sapphire  substrates,  using  2K  photoluminescence  as  well  as  2K  reflectance 
spectroscopy.  A  large  series  of  samples  has  been  grown  under  eclectic  conditions  (V/in  ratio, 
growth  temperature,  nitridation  steps,...)  which  allows  us  to  propose  the  first  semi-quantitative 
investigation  of  the  sample-dependent  band  gap  energies.  This  dependence  of  the  bandgap  is 
analyzed  in  terms  of  i)  residual  stress,  ii)  exciton  parameters  and  iii)  deformation  potential 
characteristics  of  the  A,  B,  C  excitons.  the  residual  stress  cannot  be  simply  explained  in  terms  of 
the  differences  between  the  thermal  expansion  coefficients  of  the  various  compounds,  but  are 
strongly  correlated  to  the  V/III  growth  ratio  imposed  during  the  growth,  and  subsequently  to  the 
influence  of  this  parameter  at  the  scale  of  electronic  and  structural  characteristics  of  the  deposited 
layers. 


CRYSTAL  GROWTH  AND  EXPERIMENTS 

Spectroscopic  data  and  their  analysis  were  taken  from  GaN  epilayers  grown  by  MOVPE  on 
sapphire.  A  thin  GaN  buffer  layer  was  grown  at  low  temperature  (~600°C)  on  the  nitridated 
substrate  and  recrystallized  before  to  proceed  to  the  high  temperature  (  between  980°C  and 
1010°C)  growth  of  the  GaN  epilayers  having  device-type  electronic  and  structural  qualities  [1]. 
The  precursors  we  used  are  NH3  and  TEGa.  Nomarski  microscopy  technique  was  used  to  assess 
the  surface  morphology,  and  electrical  characterization  was  made  via  room  temperature  Hall 
measurements.  Details  about  this  has  been  given  in  proceedings  of  preceding  conferences  [2,3]  and 
in  the  present  volume  [4],  Photoluminescence  spectra  result  of  sample  excitation  by  the  325  run  of 
a  HeCd  laser  while  reflectivity  features  were  taken  using  a  lOOW  tungsten  wire  lamp.  All  optical 
information  was  analyzed  behind  a  THR  Jobin  Yvon  1.5m  focal  length  equipped  with  a  1200 
grooves/mm  grating  blazed  at  250  nm. 

RESULTS  AND  DISCUSSION 

A  typical  photoluminescence  spectrum  is  given  on  figure  1  together  with  three  reflectivity  features. 
We  note  a  sample-dependent  energy  position  of  both  photoluminescence  (PL)  and  reflectance  (R) 
structures.  The  stokes-shift  between  PL  and  R  is  deduced  from  a  lineshape  analysis  of  the  R 
spectra,  made  following  the  method  given  in  [2],  and  is  found  to  be  5.8  meV  within  a  scattering  of 
15%  in  the  data.  This  moderate  value  is  experimental  evidence  of  the  dominating  extrinsic 
recombination  processes  in  these  samples.  A  weak  residual  intrinsic  PL  is  also  observed  lying  on 
the  high  energy  wing  of  the  PL  peak.  Selection  rules  investigations  [5]  have  shown  that  we  deal 
with  a  donor  bound  exciton  where  according  to  Pauli’s  uncertainty  principle,  the  two  electrons  of 
the  complex  form  a  Fj  state  and  combine  with  a  r9  hole  [6]. 
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A  careful  examination  of  the  reflectance  spectra  reveals  an  increase  of  the  A-B  and  B-C  splitting 
with  increasing  energy  of  the  A  exciton.  This  universal  behavior  (it  does  not  depend  with  ^owth 
methods  or  growth  chambers)  is  evidencing  the  existence  of  residual  strain  fields  in  the  epilayers. 
Earlier,  we  have  shown  from  studies  of  the  handful  of  data  available  in  the  literature  of  the  time, 

that  it  could  significantly  renormalize  the 


GaN/Sapphire 
T  =  2K 


valence  band  parameters  of  wurtzite 
GaN[7]. 


V/III  =  5000 
Tg  =  1010X 
e  =  2.3  urn 


V/III  =  8000 
Tg  =  980X 
e  =  4.4  |jm 


j  To  go  further,  since  the  wurtzite 

J  V/III  =  2000  deformation  potentials  are  not  known,  we 

y  j  \  jg  =  980°C  begin  to  recall  the  basic  predictions  of 

/  I  B  e  =  2.4  pm  group  theory,  to  establish  the  relationships 

w'  pj  '  — ■  between  zinc-blende  and  wurtzite 

c  /  [  symmetries  in  terms  of  spin-orbit 

^  l\  I  interactions  and  deformation  potential 

/  Ml  ^  V/III  =  5000  formalism. 

/  1  A  Tg  =  1010X  Froni  simple  arguments  based  on  chemical 

.■c  /  1 1  \  n.iju  ®  bonding,  and  using  the  language  of  atomic 

c  /  1/  physics,  one  can  say  that,  at  zone  center, 

-2  '  y  the  Bloch  wave  function  of  the  lowest 

—  conduction  band  of  the  usual 

H  /  \  ^ni.fitii-aiji.1  L  -r-i  semiconductors  is  essentially  built  from  s 

ji  l/^^^V/lll  =  8000  atomic  functions  of  the  anion  whilst  p 
1  y  Tg  =  980X  atomic  fiinctions  of  the  anion  dominate  the 

\  e  =  4.4  pm  wave  function  of  valence  band. 

J\  Transfer  of  these  locutions  to  the  language 

I  I  I  of  group  theory  requires  to  include  the 

3.40  3.45  3.50  3.55  3.60  actual  crystal  symmetry  and  to  use  labels 

p  /  \/v  linked  to  irreducible  representation  and 

tnergy  (ev; 

Figure  1  :  some  typical  2K  PL  and  2K  Reflectance  in  a  cubic  (Td)  environment  the  threefold 
features  observed  in  our  samples.  The  PL  spectra  (p  )  and  single  (F  )  irreducible 
corresponds  to  the  sample  grown  with  V/III=8000.  representations  account  of  the  symmetries 

of  the  spinless  valence  and  conduction 
electron.  A  general  result  of  group  theory  is  to  predict  that,  under  any  lowering  of  cubic  symmetry 
the  Fj  representation  splits.  A  wurtzite  (Cev)  crystal  field  results  in  a  discrimination  of  z-like 
valence  states  from  x-like  and  y-like  ones.  This  produces  a  valence  band  splitting  sketched  on 
figure  2  (left  hand  part). 

In  the  basis  of  eigenvectors  of  the  angular  momentum  I,  we  usually  write  it  \^.  The  double 
group  which  takes  into  account  the  existence  of  a  spin  is  more  adapted  than  the  simple  group  to 
describe  symmetry  properties  of  electrons.  Among  the  relativistic  corrections,  we  neglect  the 
relativistic  correction  to  the  kinetic  energy  (known  to  give  a  smooth  deformation  of  the  band 
structure),  and  the  angular  momentum-dependent  correction  to  the  potential  (the  Darwin  term). 
Both  of  them  do  not  give  any  splitting  which  is  not  the  case  of  the  spin-orbit  term  (H^  hereafter), 
which  couples  the  operators  s  in  spin  space  with  the  angular  momentum  I  in  ordinary  space.  We 
parametrize  ILo,  prescript  it  to  be  invariant  under  symmetry  operations  in  both  spin  and  ordinary 
spaces.  This  gives;  =  1/3  (l.c)  and  =  A/j  +  Ai  (l^Cj  +  lyCiy)  in  cubic  and  wurtzite 

symmetry  respectively.  The  resulting  effect  is  dramatic  for  the  valence  band  and  is  also  sketched  in 
figure  2  (right  hand  part)  where  the  ordering  of  the  valence  sublevels  is  given  for  ZnS. 


Energy  (eV) 

Figure  1  :  some  typical  2K  PL  and  2K  Reflectance 
features  observed  in  our  samples.  The  PL  spectra 
corresponds  to  the  sample  grown  with  V/III=8000. 
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Figure  2:  sketch  of  band  structures  under  zinc-blende  and  wurtzite  symmetries  in  the  context  of 
single  group  (left)  and  double  group  representations  (right). 

A  strain  field  characterized  by  a  deformation  tensor  e  with  components  ey  modifies  the  chemical 
bonds  in  the  crystal  and  thus  changes  its  whole  band  structure.  Given  a  critical  point  M  of  the 
band  structure  of  energy  E,  its  strain-induced  evolution  5E  is,  at  first  order  taken  proportional  to 
the  ey  quantities  via  quantities  vy  This  we  write  5E  =  vyey  using  the  notations  of  tensor  algebra. 
It  is  more  realistic  to  use  symmetrized  combinations  of  ey  and  symmetrized  combinations  of  the 
vij. 

Projection  of  the  latter  in  the  basis  of  irreducible  representations  gives  the  deformation  potential  of 
interest  for  point  M.  As  an  illustration  of  this,  the  evolution  of  the  conduction  band  of  the 
wurtzite  crystal  writes  6E  =  e^-j  +  eVj  where  er^  and  eVj  represent  e^  and  (e^  +  e^^) 
respectively.  Concerning  the  valence  band,  six  valence  deformation  potentials  are  required,  which 
we  note  aj : 


5EV  =  a,  Cr,  +  a,  e'„  +  a^e„  (1,"  - 1/)  +  a,  (e^,  {I„U  +  e'„{I„U))  + 

^3  ®ri  ^4  ®Vi 

The  strain-induced  evolution  of  the  valence  band  is  obtained  from  diagonalisation  of  fiE'^  +  H  in, 
for  instance  the  6x6  basis  of  the  p-electron  having  been  attributed  its  spin.  In  our  case  we  assume 
the  residual  strain  to  be  biaxial  in  the  growth  plane. 

To  go  further  we  have  to  consider  that  the  experiment  was  performed  at  2K  in  the  one  hand  and 
that  the  in-plane  thermal  expansion  coefficients  of  sapphire  and  GaN  are  7.5xlO'^K*‘  and  5.6x10'® 
K'^  respectively.  Thus  a  straightforward  reasoning  gives  us  the  sign  of  the  residual  stress;  it  is  a 
biaxial  compression. 
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The  fit  to  the  data  was  made  taking  into  account  of  the  zero-stress  value  of  the  GaN  band  gap  Eo 
we  previously  determined  from  a  collection  of  data  taken  in  the  literature  and  the  following 
parameters : 


=10  ±0.1  meV,  \  =  6.2  ±0.1  meV  ,and  =  5.5  ±0.1  meV[7] . 

Furthermore,  using 


C  =  296  GPa ,  C33  =  267  GPa,  =  130  GPa ,  158  GPa  [8] 

ai.2  =  -8.16  eV,  a3.4  =  3.71  eV  [7] 


we  are  able  to  produce  the  fit  reported  on  figure  3. 


For  all  samples,  the  stress  was  calibrated  assuming  the  PL  line  to  be  linear  with  stress  and  to  have 
the  slope  of  the  A  exciton.  The  experimental  values  of  the  localization  energy  of  the  exciton  to  the 
residual  donor  results,  as  said  above  from  a  lineshape  fitting  of  the  reflectivity  spectrum  and  thus 
displays  a  small  scattering  around  5.8  meV  which  appears  on  the  figure  via  slight  deviations  of  the 
position  of  the  A  exciton  from  the  theoretical  line. 


Figure  3:  Dependence  of  the  energy  of  A,B,C  excitons  with 
biaxial  compression 


A  plot  of  the  energy  of 
A  exciton  as  a  function 
of  the  thickness  of  the 
epilayers  gives  the 
cloudy  picture  reported 
on  figure  4  (left  hand 
side),  as  an  evidence  of 
the  absence  of  clear 
correlation.  A  plot  as  a 
function  of  the  V/III 
ratio  is  more 
convenient  to  evidence 
correlation  as  shown 
on  figure  4,  (right  hand 
side)  for  dififerent 
growth  temperatures. 
Increasing  the  V/III 
ratio  reduces  the 
incorporation  of 
impurities  through 
several  decades,  from 
10^°  cm*^  for  a  molar 
ratio  of  1000  down  to 
10*®  cm‘^  for  a  molar 
ratio  of  8000  when 
incorporation  or 

residual  impurities  as 
well  as  creating  of  high 
density  native  defects 
become  less  efficient. 
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Figure  4:  Plot  of  the  energy  of  A  line  versus  thickness  of  GaN  epilayer  (left  hand  side),  and  versus 
the  V/III  molar  ratio  for  different  growth  temperatures  (right  hand  side). 

CONCLUSION 

High  resolution  spectroscopy  measurements  were  performed  on  GaN  layers  grown  by  MOVPE 
onto  sapphire  substrates.  This  enabled  us  to  evidence  details  of  the  valence  band  structure.  In 
particular  we  have  connected  the  excitons  energies,  and  the  splitting  between  these  levels,  to  the 
residual  strain  in  the  layers.  The  nature  of  this  residual  strain  is  not  clear  at  the  present  stage  :  it  is 
weakly  related  to  the  sample  thicknesses,  and  is  rather  strongly  influenced  by  the  layers  growth 
conditions. 
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ABSTRACT 

GaN  plays  a  key  role  in  the  exploration  of  the  properties  of  group-III  nitrides.  As  grown  GaN 
often  shows  a  high  electron  concentration,  e.g.  10^^  cm"^,  of  as  yet  unidentified  origin. 
Applying  large  hydrostatic  pressure  we  studied  the  behavior  of  these  donors  and  a  frequently 
observed  strong  luminescence  band  at  3.42  eV.  We  find  a  drop  of  the  electron  concentration  to 
3xl0l^  cm“^  at  27  GPa  and  derive  a  binding  energy  of  126  meV  for  the  neutral  singlet  donor 
level  at  this  pressure.  Such  a  pressure  behavior  of  a  donor  is  consistent  with  the  model  of 
strongly  localized  defects.  Within  the  framework  of  a  bandstructure  calculation  we  predict  the 
neutral  level  of  this  donor  at  0.40  ±  0.10  eV  above  the  conduction  band  edge  at  ambient 
pressure. 

INTRODUCTION 

The  physics  of  semiconductors  currently  experiences  exciting  developments  in  the  group-III 
nitrides.  In  many  aspects  these  wide  bandgap  materials  behave  differently  from  the  well  studied 
systems.  High  quality  material  has  become  available  only  recently  due  to  a  strong  commercial 
interest  in  optoelectronic  applications  [1,2].  One  of  the  key  question  relates  to  the  nature  of 
defects  and  impurities.  Typically  high  n-type  conduction  in  the  range  of  10^^  -  10^®  cm"^  [3]  is 
observed  posing  the  question  of  the  responsible  donor.  No  chemical  impurity  has  been  found  at 
such  high  concentrations  and  intrinsic  defects  have  to  be  considered.  According  to  theoretical 
models  nitrogen  vacancies  as  well  as  gallium  interstitials  act  as  donors  [4-6]  but  their  predicted 
formation  energies  are  very  large  in  n-type  materials  making  this  suggestion  controversial  [6]. 

Defects  and  impurities  are  most  directly  observed  and  studied  in  their  impact  on  transport  and 
luminescence  properties.  An  important  distinction  can  be  made  upon  the  apparent  binding 
energies  of  the  trapped  carriers  with  respect  to  the  band  edges.  Such  a  classification,  however,  is 
not  sufficient  in  order  to  separate  hydrogenic  defect  states  from  strongly  localized  defects.  The 
first  of  those  are  typically  treated  in  a  perturbation  of  the  band  edge  wave  functions  and  extend 
over  many  lattice  constants.  The  latter  in  turn  require  a  description  by  means  of  the  wave 
functions  of  the  whole  Brillouin  zone.  This  is  typically  the  case  for  native  defects  such  as 
vacancies,  interstitials,  and  antisite  defects.  From  the  Kronig-Penny-model  of  the  electronic 
bandgap  it  becomes  obvious  that  a  variation  of  the  bond  length  in  a  crystal  affects  the  Eigen 
energy  of  the  defect  state  proportional  to  the  extension  of  its  wave  function.  Therefore 
hydrogenic  defect  states  mainly  follow  the  band  edges  whereas  strongly  localized  defects  show  a 
much  weaker  shift.  A  variation  of  the  bond  length  can  be  achieved  by  either  a  composition 
change  e.g.  in  the  ternary  alloy  system  AlGaAs  or  AlGaN,  or  by  application  of  hydrostatic 
pressure  [7]. 
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EXPERIMENTAL 

Small  GaN  bulk  crystals 
produced  by  two  different 
growth  techniques  have  been 
studied.  Platelets  of  bulk  GaN  at 
dimensions  of  typically  150  x  100 
X  50  tim^  have  been  grown  by  an 
unconventional  high  temperature 
vapor  phase  technique  [8,9], 

From  ammonia  and  elemental 
gallium  thick  films  of  GaN  where 
deposited  at  1240  onto 
various  substrates.  At  high 
growth  rates  of  typically  200  \i 
m/h  a  spontaneous  nucleation  of 
small  crystals  can  be  found  in  j  ,  temperature  PL  of  GaN.  In  addition  to  donor 

a  ition.  n  t  e  ot  er  an  bound  exciton  and  band  acceptor  transitions  (spectrum  a) 

crystals  at  dimensions  of 


approximately  500  x  300  x  20  \i 


an  intense  contribution  is  found  at  3.42  eV  (spectrum  b). 


m^  have  been  grown  by  high  pressure  synthesis  from  molecular  nitrogen  dissolved  in  Ga  [10], 
Crystals  from  both  techniques  are  optically  clear  and  show  no  grain  boundaries  visible  to  the  eye. 
While  the  samples  from  the  high  pressure  synthesis  show  a  brownish  color,  the  vapor  phase 
material  studied  here  appears  to  be  perfectly  transparent.  The  c-axis  is  normal  to  the  larger 
dimensions.  All  samples  were  nominally  undoped  and  n-type.  Hydrostatic  pressure  was  applied 
by  means  of  a  diamond  anvil  cell  using  nitrogen  as  a  pressure  medium.  The  pressure  was 
determined  using  the  Rj  ruby  fluorescence.  Photoluminescence  (PL)  was  excited  by  the  325  nm 
line  of  a  HeCd  laser  in  an  optical  cryostat  operating  at  a  temperature  of  6  K.  The  emission  was 
dispersed  by  a  0.85  m  double  grating  spectrometer  and  detected  by  a  UV  sensitive 
photomultiplier. 

RESULTS 

3 .42  eV  Luminescence  Band 


Low  temperature  PL  of  two  different  samples  of  the  HTVPE  material  is  presented  in  Fig.  1. 
Common  features  are  the  donor  bound  exciton  (D®,X)  at  3.472  eV  [lljand  the  set  of  band- 
acceptor  recombination  at  3.27  eV  [8]  including  several  phonon  replica  at  lower  energies.  While 
no  luminescence  is  observed  in  the  intermediate  spectral  range  for  sample  a)  a  strong 
contribution  is  found  for  sample  b).  The  rather  broad  peak  at  3.42  eV  has  repeatedly  been 
reported  in  PL  studies  and  was  assigned  to  an  oxygen  related  defect  recently  [12],  It  appears  at 
an  optical  binding  energy  of '-80  meV  with  respect  to  the  low  temperature  bandgap  of  3.504  eV. 
This  is  a  very  large  value  when  compared  to  typical  binding  energies  of  excitons  bound  to 
shallow  donors  (~30  meV)  or  acceptors  (~40  meV).  On  the  other  hand  this  value  is  too  small  to 
be  caused  by  a  donor-acceptor  pair  interaction  where  the  smallest  reported  optical  binding 
energies  are  about  260  meV  [8].  Such  an  observation  could  indicate  the  participation  of  a 
strongly  localized  defect  for  which  the  above  energies  typically  does  not  apply. 
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Energy  (eV) 

Figure  2:  PL  in  the  bandgap  region  of  GaN.  For  various 
pressure  values  the  donor  bound  exciton  and  the  defect 
related  transition  shift  parallel  in  energy. 


In  order  to  test  for  such  a 
participation  we  applied 
hydrostatic  pressure  up  to 
6  GPa.  Several  spectra  are 
presented  in  Fig.  2.  The  shallow 
bound  D®,X-transition  is  found 
to  shift  at  the  expected  rate  [13]. 
However,  the  same  behavior  is 
observed  for  the  questionable 
transition.  We  find  that  up  to  a 
pressure  of  6  GPa  this  transition 
behaves  like  a  hydrogenic  state. 
This  includes  both,  the  initial 
state  in  the  vicinity  of  the 
conduction  band  and  the  final 
state  of  the  recombination  near 
the  valence  band.  Although  the 
valence  band  typically  does  not 
shift  much,  a  distinction  between 
a  hydrogenic  and  a  strongly 
localized  final  state  would  have 
become  obvious  from  this 
experiment. 


Free  Carrier  Concentration 


In  a  second  approach  we  determined  the  free  carrier  concentration  as  a  function  of 
hydrostatic  pressure.  The  coupling  of  the  free  electron  gas  to  the  optical  phonons  was  used  to 
optically  determine  the  carrier  concentration  contactlessly  in  a  diamond  anvil  cell.  The 
interaction  of  optical  phonons  with  the  plasmon  of  the  free  carriers  is  well  understood.  For  the 
case  of  GaN  the  correlation  between  the  frequency  of  the  phonon-plasmon  coupled  mode  and 
the  free  carrier  concentration  as  determined  by  Hall  experiments  has  been  given  experimentally 
by  Barker  and  Ilegems  [3].  They  interpreted  the  position  of  the  characteristic  minimum  located 
on  the  high  energy  side  of  the  infrared  reflection  in  the  range  of  the  reststrahlen  band.  Recently  a 
similar  correlation  has  been  established  between  the  Hall  concentration  and  the  position  of  the 
phonon-plasmon  coupled  mode  observed  in  Raman  spectroscopy  by  Kozawa  et  al.  [14].  They 
used  a  series  of  Si  doped  GaN  films.  Here  we  make  use  of  both,  infrared  reflection  and  Raman 
spectroscopy  to  determine  the  free  carrier  concentration  in  bulk  GaN  grown  by  the  high  pressure 
synthesis.  At  ambient  pressure  a  n-type  Hall  concentration  of  lO^^  cm'^  is  observed.  All  data 
are  taken  at  room  temperature. 

Reflection  at  various  pressures  is  presented  in  Fig.  3.  At  ambient  pressure  (spectrum  a) 
reflection  in  the  expected  region  of  the  reststrahlen  band  is  strong  and  featureless.  Interference 
fringes  arising  from  the  terrace  like  c-plane  surface  of  the  sample  can  be  observed.  Due  to  the 
strong  interaction  between  the  phonons  and  the  electrons  the  high  energy  edge  of  the 
reststrahlen  band  is  smeared  out  over  a  wide  range.  Up  to  2500  cm’^  no  transmitted  light  can  be 
measured  (T  <  1%).  After  increasing  the  pressure  to  27  GPa  the  situation  has  changed 
dramatically  (spectrum  c).  A  distinct  minimum  can  be  observed  at  925  cm'l.  The  lower  edge  of 
the  reststrahlen  band  is  found  at  640  cm"^  (Al(TO)  mode).  Apparently  the  free  carrier 
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concentration  has  decreased 
considerably  and  the  Al(LO)  phonon 
which  determines  the  high  energy  edge 
of  the  reststrahlen  band  is  to  a  great 
extent  uncoupled  from  the  damping 
effect  of  the  free  electrons.  For  an 
analysis  of  the  this  data  we  take  into 
account  the  pressure  induce  shift  of  all 
the  phonon  modes.  For  the  Al(TO) 
mode  we  find  a  shift  of  about  100  cm" 
^  compared  to  its  reported  value  at 
ambient  pressure.  A  very  similar 
pressure  shift  of  the  pure  LO  modes, 
e.g.  the  Al(LO),  can  be  expected  and 
is  supported  by  the  Raman  results  (see 
below).  We  use  these  values  to 
describe  the  dielectric  function  in  the 
oscillator  model  including  the  free 
carrier  contribution  in  the  Drude 
model.  From  the  minimum  in  reflection 
we  finally  derive  a  maximum  carrier 
concentration  10 cm"^  [15]. 

After  decreasing  the  pressure  to 
25  GPa  (spectrum  b)  the  Al(TO) 
phonon  edge  has  shifted  to  lower 
wavenumbers  and  the  same  shift  has  to 
be  expected  for  the  bare  Al(LO) 


Figure  3:  Reflection  in  the  phonon  region  of  a  c- 
plane  oriented  GaN  single  bulk  crystal  Only  at  large 
pressure  the  reststrahl  band  extending  from  the  TO  to 
the  plasmon-coupled  LO  mode  can  be  observed  after 
a  strong  reduction  of  the  free  carrier  concentration. 


mode.  The  minimum  in  reflection,  however,  has  shifted  only  very  little  indicating  a  small  increase 


in  the  free  carrier  concentration. 


Complementary  information  can  be  obtained  from  the  Raman  experiment  (Fig.  4.  Spectra 
normalized  to  the  strongest  mode  and  offset  for  clarity).  At  ambient  pressure  (spectrum  a)  the 
Raman  active  modes  Al(TO)  (529  cm"^)  and  E2  (565  cm"l)  are  observed  in  z(x,-)-z 
backscattering  [16].  Again,  no  indication  of  the  optical  Al(LO)  mode  can  be  found.  Due  to  the 
high  carrier  concentration  this  mode  is  strongly  damped  by  the  plasmon.  At  27  GPa  (spectrum  d) 
both,  the  Al(TO)  and  the  E2  modes  have  shifted  in  parallel  towards  higher  energies  by  about 
100  cm"l  in  this  z(x,-)z  forward  scattering  geometry.  But  in  addition  now  a  clear  coupled 
Al(LO)  mode  can  be  observed  at  825  cm"l.  From  a  modeling  of  the  dielectric  function  parallel 
to  above  interpretation  [14]  we  interpret  the  position  and  the  linewidth  of  the  observed  coupled 
Raman  mode.  The  position  of  the  mode  with  respect  to  its  expected  value  leads  to  a  maximum 
carrier  concentration  of  3x1 0^^  cm“^.  The  linewidth  in  turn  directly  corresponds  to  a 
concentration  of  3x10^^  cm"^  (±5%).  The  observed  asymmetry  of  the  mode  is  different  from  the 
situation  observed  in  Ref  [14].  This  can  be  related  to  the  observation  of  additional  modes  at 
smaller  wavenumbers  at  even  higher  pressure  [17]  and  needs  further  investigation.  In  a 
conservative  treatment,  however,  we  consider  a  density  of  3x10 cm"^.  Again  decreasing  the 
pressure  to  25  GPa  results  in  a  mode  softening  and  a  broadening  of  the  coupled  Al(LO)  line.  At 
20  GPa  the  coupled  mode  can  not  be  found  as  the  carrier  concentration  has  increased  and  the 
coupled  mode  is  overdamped. 
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RESULTS 


From  the  observed  reduction  of  the 
free  carrier  concentration  Ave  can 
determine  a  mean  value  of  the 
(thermal)  binding  energy  of  the  trap 
that  localized  almost  lO^^cm"^ 
carriers  at  room  temperature. 

Assuming  a  twofold  spin  degenerate 
defect  level  we  find  a  value  of 
126  meV  at  27  GPa.  At  ambient 
pressure  this  level  should  be 
degenerate  with  the  conduction  band. 

Assuming  the  model  of  a  strongly 
localized  defect  the  different  pressure 
coefficients  have  resulted  in  a  crossing 
of  the  defect  level  with  the  conduction 
band  edge  reaching  126  meV  below 
the  edge  at  27  GPa.  The  behavior  of 
such  a  donor  state  is  known  to  be  well 
approximated  by  an  weighted  average 
over  the  conduction  band  edge  within 
the  whole  Brillouin  zone.  We  find  the 
following  contributions  Gamma 
(7.1%),  K  (19%),  M  (38%),  A 
(8.7  %),  L  (19  %),  and  H  (7.9  %)  [15], 

Applying  this  weight  function  to  the 
calculated  pressure  coefficients  of  the  symmetry  points  [18]  we  find  a  pressure  dependence  of 
the  defect  level 

A£»»(p)  =  L  ''i  =  15.4meV^-0,17meV  .  (1) 

izzc 

Extrapolation  to  ambient  pressure  the  neutral  defect  level  should  lie  at  0.40  ±0.10  eV  above 
the  conduction  band  edge  at  ambient  pressure.  Being  in  resonance  with  the  band  the  electron 
would  auto  ionize  to  the  band  edge  where  it  will  still  feel  the  attractive  interaction  of  the 
coulomb  tail  of  the  defect  it  left  behind.  This  results  in  very  interesting  effects  on  the  density  of 
states  and  should  strongly  affect  transport  properties. 

CONCLUSIONS 

The  repeatedly  observed  luminescence  band  at  3.42  eV  shows  an  optical  binding  energy  that 
suggests  a  strongly  localized  nature  of  the  respective  defect.  Its  pressure  behavior,  however, 
reveals  the  properties  of  an  effective  mass  defect  at  pressures  up  to  6  GPa.  The  donor 
responsible  for  a  high  free  carrier  concentration  is  found  to  have  a  deep  gap  state  at  27  GPa  and 
its  corresponding  level  at  ambient  pressure  is  predicted  at  0.40  ±0.10  eV  above  the  conduction 
band  edge.  So  far  no  assumption  has  been  made  on  the  very  nature  of  the  strongly  localized 


Raman  Shift  (cm"') 


Figure  4:  Raman  spectroscopy  of  highly  n-type  GaN 
single  crystals  at  various  large  hydrostatic  pressures. 
The  Al(LO)  mode  does  not  appear  until  a  pressure  of 
25  GPa.  All  modes  show  a  similar  shift 
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defect.  Both,  the  model  of  the  nitrogen  vacancy,  as  well  as  the  gallium  interstitial  could  be 
supported  by  these  results.  However,  considering  the  calculated  formation  energies  of  those 
candidates  under  equilibrium  conditions,  the  formation  of  nitrogen  vacancies  seems  to  be  more 
likely. 
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ABSTRACT 

Phonons  are  thought  to  play  a  crucial  role  in  the  high  thermal  conductivity  of  AIN  and  ZrN. 
Using  time-of-flight  neutron  spectroscopy,  we  have  measured  the  phonon  spectra  of  AIN  and 
ZrN  up  to  300  meV  (2400  cm‘l).  The  one-phonon  density  of  states  (DOS)  of  AIN  exhibits 
relatively  sharp  bands  at  about  33,  63,  83  and  91  meV.  In  addition,  distinct  multiple-phonon 
excitations  were  observed  at  -173  and  255  meV.  The  phonon  DOS  of  ZrN  displays  similar 
features  with  the  corresponding  phonon  energies  shifted  toward  lower  energies.  The  measured 
DOS  of  AIN  is  compared  with  results  of  molecular-dynamics  simulations. 

INTRODUCTION 

The  unique  properties  of  aluminum  nitride  have  attracted  keen  attention  from  materials 
scientists  in  recent  years.  It  has  a  thermal  conductivity  comparable  to  most  conductive  metals 
(e.g.,  Al)  and  much  greater  than  typical  ceramics  (-5  times  of  that  of  alumina).  The  high 
electrical  resistivity,  good  dielectric  strength,  a  thermal  expansion  coefficient  closely  matching 
that  of  silicon,  and  lack  of  toxicity  (like  that  associated  with  BeO)  of  AIN  are  ideal  for 
microelectronics  applications.  [1-3]  Furthermore,  AIN  has  high  strength  (a  flexural  strength 
equivalent  to  alumina),  high  temperature  stability  and  corrosion  resistance.  Therefore,  hi-tech 
AIN  components  can  potentially  be  used  under  extreme  conditions.  In  metals  heat  is  carried 
primarily  by  electrons  whereas  in  nonmetals  such  as  AIN  heat  is  carried  primarily  by  phonons. 
Therefore,  determination  of  the  phonon  excitation  spectra  of  AIN  and  related  materials  such  as 
ZrN  is  a  fundamental  step  toward  the  understanding  of  the  thermophysical  behavior  of  these 
materials. 

Although  the  crystal  structure  of  aluminum  nitride  is  known  for  a  long  time,  a  finely 
divided  powder  of  AIN  is  relatively  susceptible  to  hydrolysis,  where  AIN  and  water  react  to 
form  aluminum  hydroxide,  ammonia  and  heat.  Only  until  recently  high-purity,  and  pretreated 
water-resistant  AIN  powders  become  available.  Growing  large,  high-quality  AIN  single 
crystals  is  rather  difficult.  Although  phonons  can  be  investigated  using  several  spectroscopic 
techniques  including  Raman  and  neutron  scattering  and  infrared  absorption  measurements. 
Only  neutrons  can  probe  phonon  modes  throughout  the  Brillouin  zone,  and  the  method  is 
relatively  insensitive  to  small  amount  of  impurities.  Like  other  diamond-like  materials,  the 
phonon  frequencies  of  AIN  is  expected  to  be  high  (>  100  meV).  Perhaps  for  these  reasons  a 
measurement  of  the  full  phonon  density-of-states  (DOS)  has  not  been  reported  in  the  literature. 
In  this  paper  we  report  the  progress  in  measuring  the  phonon  DOS  of  AIN  and  ZrN  powders  by 
neutron  spectroscopy.  The  neutron  spectra  are  compared  with  results  of  molecular-dynamics 
(MD)  simulations. 

EXPERIMENTAL  DETAILS 

AIN  and  ZrN  fine  powders  were  acquired  from  Advanced  Refractory  Technologies,  Inc. 
and  Johnson  Matthey  Alfa  Aesar,  Inc.,  respectively.  The  crystal  structures  were  examined  by 
neutron  powder  diffraction  using  the  General-Purpose  Powder-Diffractometer  (GPPD)  at  the 
Intense  Pulsed  Neutron  Source  (IPNS)  of  Argonne  National  Laboratory.  A  Rietveld  structure- 
refinement  analysis  confirmed  the  wurtzite  structure  (hexagonal,  Pbsmc)  of  AIN  and  the 
rocksalt  structure  (cubic,  Fm3m)  of  ZrN.  In  the  case  of  AIN,  a  few  weak  extra  reflections  were 
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observed,  indicating  the  presence  of  a  small  amount  (<  5%)  of  impurities.  Fig.  1  displays  a 
part  of  the  observed  and  fitted  powder-diffraction  pattern  of  AIN.  Such  low  level  of  impurity 
is  not  expected  to  affect  the  measured  phonon  DOS  of  the  major  phase. 


_| _ ] _ ! _ ! _ L_ 

0.5  1.0  1.5  2.0  2.5 

d  spacing  (A) 


Figure  1.  Rietveld  profile  fit  in  the  0.8- 1.8  A  region  of  d-spacing  for  the  AIN  powder  at  room 
temperature.  The  symbols  are  the  observed,  background  subtracted  intensities.  The  solid 
line  represents  the  calculated  crystalline  intensities.  The  tick  marks  indicate  the  positions  of 
the  Bragg  reflections.  The  difference  between  the  observed  and  calculated  intensities  is 
shown  at  the  bottom  of  the  figure. 


The  inelastic  experiments  for  phonon  DOS  measurements  were  carried  out  using  the  Low- 
and  High-Resolution  Medium-Energy  Chopper  Spectrometers  (LRMECS  and  HRMECS),  also 
at  IPNS.  Incident  neutron  energies  (Eq)  of  150,  200,  400,  and  800  meV  were  used  to  study  the 
phonon  excitation  spectra  at  15-300  K  over  a  wide  range  of  energy  transfers.  The  energy 
resolution  AE  (full  width  at  half-maximum)  of  HRMECS  (LRMECS)  varies  from  -4%  (~8%) 
of  Eo  in  the  elastic  region  to  ~2%  (~4%)  near  the  end  of  the  neutron  energy-loss  spectrum. 
Under  the  incoherent  approximation,  the  low-temperature  neutron  excitation  spectrum  of  a 
powder  sample  averaged  over  a  wide  range  of  detector  angles  provides  a  direct  measure  of  the 
generalized  one-phonon  density  of  states  (DOS)  which  differs  from  the  true  phonon  DOS  by 

the  weighting  factors  ^  (where  c,  a,  and  m  are  the  concentration,  neutron-scattering  cross 
section,  and  mass,  respectively,  of  the  constituent  elements).  Since  the  N  scattering  cross 
section  (1 1.5  X  lO'^^  cm 2)  is  significantly  larger  than  those  of  A1  (1.5  X  lO'^"^  cm 2)  and  Zr  (6.6 
X  10'24  cm^),  the  observed  DOS  are  weighted  more  favorably  to  N. 

PHONON  DENSITIES  OF  STATES 

Fig.  2  (a)  displays  the  observed  neutron-weighted  phonon  DOS  of  AIN  from  a  run  with  an 
incident  energy  of  150  meV.  This  spectrum  is  dominated  by  one-phonon  excitations  which 
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shows  a  cut-off  energy  at  about  120  meV.  The  broad  features  below  70  meV  and  the  sharp 
band  with  two  resolved  peaks  at  higher  energies  reflect  the  distribution  of  three  groups  of  optic 
modes  around  32,  63  and  83-91  meV.  The  upper  optic  modes  show  little  dispersion  throughout 
the  zone,  which  is  typical  to  the  wurtzite  structure.  The  zone-center  optic  phonons  have  been 
investigated  with  Raman  and  infrared  spectroscopy  by  many  authors  [4-10}.  Rather  significpt 
discrepancies  exist  among  the  reported  frequencies  of  the  assigned  Raman  and  IR  active 
modes.  Qualitatively,  the  Raman  frequency  groups  around  31-37  meV  (252-303  cm-Q,  76-83 
meV  (614-668  cm-Q,  and  110-114  meV  (888-916  cm'Q  are  in  good  agreement  with  the 
neutron  data. 


Figure  2.  The  observed  neutron-weighted  phonon  DOS  of  AIN  at  15  K,  obtained  from 
HRMECS  runs  with  an  incident  energies  of  150  meV  (a),  and  400  meV  (b). 


Phonon-phonon  scattering  is  one  of  the  mechanisms  which  affect  the  conduction  of  heat  in 
solids.  Such  process  involves  excitations  and/or  de-excitations  of  multiple  phonons.  Fig.  2  (b) 
shows  a  spectrum  taken  with  an  incident  energy  of  400  meV  which  contains  substantial  multi¬ 
phonon  excitations  extending  beyond  300  meV. 
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The  phonon  DOS  of  ZrN,  as  shown  in  Fig.  3,  is  somewhat  similar  to  that  of  AIN,  except 
that  the  corresponding  phonon  bands  of  ZrN  shift  to  lower  energies.  This  is  not  surprising 
since  Zr  has  a  mass  more  than  three  times  larger  than  Al.  The  spectrum  was  taken  with  200 
meV  on  LRMECS,  where  the  energy  resolution  was  not  sufficient  to  resolve  the  fine  structure 
of  the  high-energy  bands. 


U) 


Figure  3.  The  observed  neutron-weighted  phonon  DOS  of  ZrN  at  15K,  obtained  from  a 
LRMECS  run  with  an  incident  energy  of  200  meV. 


MOLECULAR-DYNAMICS  SIMULATIONS 

To  obtain  information  about  the  partial  phonon  DOS  and  the  true  DOS,  MD  simulations  were 
carried  out  for  AIN  using  a  commercial  software  package  Cerius^  from  Molecular  Simulations 
Inc.  The  MD  system  consisted  of  a  cell  with  256  atoms  with  periodic  boundary  conditions  set 
up  for  a  isothermal-isobaric  (NPT)  dynamics  ensemble.  Since  we  are  interested  primarily  in 
the  lattice  dynamics  at  low  temperatures,  only  two-body  harmonic  bond-stretch  and  three-body 
angle-bend  potentials  were  employed.  After  energy  minimization,  the  system  was  theimalized 
for  10,000  time  steps  (ts  =  1  fs)  at  600  K  and  then  cooled  to  300  K  and  run  for  30,000  ts.  The 
partial  DOS  from  Al  and  N,  the  true  DOS  and  the  calculated  neutron-weighted  DOS  are  shown 
in  Fig.  4.  The  MD  results  show  that  Al  and  N  motions  are  responsible  respectively  to  the  low- 
and  high-energy  portions  of  the  DOS.  The  calculated  neutron- weigh  ted  DOS  bears  a  fair 
resemblance  to  the  observed  DOS,  although  the  first  peak  at  ~23  meV  is  lower  than  the 
observed  one  (32.6  meV).  Such  discrepancies  indicate  the  need  for  refinement  of  the  potential 
functions  used  in  the  MD  simulation. 
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E  (meV) 

Figure  4.  The  partial,  true,  and  neutron-weighted  phonon  DOS  of  AIN  obtained  from  MD 
simulations. 
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ABSTRACT 

We  present  local  density  functional  theory  (DFT-LDA)  studies  of  the  structural  prop¬ 
erties  of  boron  nitride  in  the  layered  hexagonal  (h-BN),  zincblende  (c-BN),  and  wurtzite 
(w-BN)  structures,  performed  using  a  fast  implementation  of  the  norm-conserving  pseud¬ 
opotential  plane-wave  method.  Quasiparticle  band  structures  are  then  calculated  for  all 
phases  by  means  of  an  efficient  GW  self-energy  scheme.  To  our  knowledge,  these  are  the 
first  GW  quasiparticle  calculations  for  wurtzite  BN  including  local-field  and  dynamical 
screening  effects.  DFT-LDA  band  gaps  as  functions  of  pressure  and  uniaxial  distorsion  for 
h-BN  are  also  discussed. 

STRUCTURAL  PROPERTIES  OF  c-,  w-  AND  h-BN 

Boron  Nitride  (BN)  has  recently  become  a  system  of  considerable  interest  for  semi¬ 
conductor  industry  and  material  science.  The  stable  phase  under  normal  conditions[l]  is 
layered-hexagonal  (graphitic)  BN  (henceforth  h-BN),  while  at  higher  pressure  and  temper¬ 
ature  the  denser  zincblende  (c-BN)  and  wurtzite  (w-BN)  phases  are  stable  [2,  3].  c-BN 
has  interesting  properties  such  as  extreme  hardness,  high  melting  point,  low  dielectric  con¬ 
stant,  large  band  gap.  h-BN  on  the  other  hand  has  attracted  interest  in  connection  with 
the  possibility  of  synthesizing  BN  nanotubes  [4,  5].  All  these  properties  are  of  interest  for 
many  applications  in  modern  microelectronic  devices.  An  accurate  study  of  structural  and 
electronic  properties  of  these  phases  seems  therefore  timely. 

The  ground  state  properties  of  the  three  structures  have  been  calculated  within  local 
density  functional  theory.  The  electron  wave  functions  are  expanded  in  plane  waves  and  the 
electron-ion  interaction  is  treated  by  fully  non-local  norm- conserving  ah  initio  pseudopoten¬ 
tials.  The  kinetic  energy  cutoff  for  all  structures  is  150  Rydberg;  the  exchange-correlation 
energy  of  Ceperley  and  Alder  [7]  is  used,  in  the  parametrization  of  Perdew  and  Zunger  [8]. 


Zincblende  BN 

This  work 

FurthmiiUer  et  al.  [10] 

Xu  and  Ching  [11] 

Exp.  [4] 

V(A3) 

5.746 

5.718 

5.905 

5.930 

a(A) 

3.582 

3.576 

3.615 

3.615 

B(Mbar) 

3.52 

3.97 

3.70 

3.69-4.65 

Table  I:  Calculated  structural  properties  of  zincblende  Boron  Nitride  (volume  per  atom,  lattice  constant 
and  bulk  modulus)  compared  with  other  theoretical  and  experimental  results. 
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Wurtzite  BN 

This  work 

FurthmiiUer  et  al.  [10] 

Xu  and  Ching  [11] 

Exp.  [4] 

■  V(A^) 

5.716 

5.731 

5.845 

5.97 

a(A) 

2.508 

2.521 

2.536 

2.55 

u 

0.37125 

c/a 

1.666 

1.652 

1.656 

1.648 

B(Mbar) 

4.12 

4.01 

3.90 

AF(eV/atom) 

0.020 

0.020 

0.075 

Table  II:  As  in  Table  I,  for  wurtzite  Boron  Nitride.  Here  the  internal  bond-length  parameter  u,  the 

lattice  parameter  and  the  energy  difference  AE  relative  to  the  zincblende  structure  are  < 

also  given. 

Hexagonal  BN 

This  work 

Furthmiiller  et  al.  [10] 

Xu  and  Ching  [11] 

Exp.  [4] 

V(A^) 

8.617 

8.613 

8.970 

9.012 

a(A) 

2.477 

2.486 

2.494 

2.50 

c/a 

2.6068 

2.608 

2.670 

2.664 

B(Mbar) 

2.65 

2.61 

3.35 

AE  (eV/atom) 

0.078 

0.055 

-0.35 

Table  III:  As  in  Table  II  for  hexagonal  Boron  Nitride.  This  phase  has  no  internal  parameter. 


The  k-integration  is  replaced  by  a  sum  over  Chadi-Cohen  [9]  special  k-points.  The  theo¬ 
retical  structural  parameters  for  the  three  BN  phases,  and  other  ground  state  properties, 
have  been  obtained  using  3  k-points  for  the  hexagonal  and  wurtzite  structures  and  2  for  the 
zincblende  one.  While  structural  properties  are  insensitive  to  improvements  in  the  k-point 
sampling,  12  and  10  points  (for  hexagonal  and  cubic  symmetry  respectively)  were  needed 
to  converge  total  energy  diflFerences  between  the  various  phases. 

While  structural  properties  are  insensitive  to  improvements  in  the  k-point  sampling, 
12  and  10  points  were  needed  for  the  hex  and  cubic  phases  respectively,  to  converge  total 
energy  differences  between  the  various  phases.  In  Tables  I  to  III  the  structural  properties  of 
the  three  structures  are  reported,  and  compared  with  experiments  and  previous  theoretical 
results.  According  to  the  present  calculations,  the  most  stable  structure  is  zincblende, 
in  accordance  with  the  accurate  recent  result  of  Furthmiiller  et  al.  [10],  but  contrary  to 
experiment  [4].  This  discrepancy  may  be  speculatively  ascribed  to  differences  in  the  volume 
dependence  of  the  zero  point  vibration  energy  of  the  two  lattices;  a  full  calculation  of  the 
vibrational  spectrum  of  h-BN,  necessary  to  solve  this  problem,  is  planned. 

QUASIPARTICLE  ENERGIES  AND  BAND  GAPS 

An  efficient  DFT-GW  method  has  been  used  to  determine  the  quasiparticle  spectra  of 
the  three  phases  of  BN.  It  has  been  originally  developed  for  the  calculation  of  quasiparticle 
energies  of  cubic  semiconductors  [12]  and  then  successfully  extended  to  systems  of  lower 
symmetry  such  as  SiC  polytypes  [13].  Local-field  effects  in  the  screening  of  the  material 
are  described  within  an  LDA-like  approximation,  and  dynamical  effects  are  treated  by 
expanding  the  self-energy  operator  to  linear  order  in  energy.  The  anisotropy  of  the  inverse 
dielectric  matrix  is  taken  into  account.  The  singularity  of  the  Coulomb  potential  in  the 
screened-exchange  part  of  the  electronic  self-energy  is  treated  using  auxiliary  function  of 
the  appropriate  symmetry  [13]. 

The  self-energy  correction  of  the  eigenvalue  relative  to  the  Bloch  state  |nk  >  is 
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Zincblende  BN 

DFT-LDA 

GW(ci) 

GW(€2) 

Suhr  et  al.  [15] 

Exp.  [4] 

ns  -  Hs 

8.54 

11.62 

11.46 

11.4 

14.5 

r?5  -  XI 

4.10 

7.01 

6.95 

6.3 

6.0,  6.1,  6.4,  8.0 

10.26 

13.20 

13.04 

12.4 

TVB  Width 

22.73 

25.18 

25.10 

23.1 

22.0 

UVB  Width  L\  -  ^5 

11.15 

11.89 

11.86 

12.1 

15.4,13.5 

Table  IV :  Calculated  excitation  energies  in  eV  of  zincblende  Boron  Nitride  in  comparison  with  theoretical 
and  existing  experimental  results.  The  DFT-LDA  values  are  reported  in  the  first  column,  in  the  second 
and  third  columns  respectively  the  GW  results  calculated  with  =  ej  =  4.14,  the  theoretical  DFT-LDA 
value  after  Ref.  [14]  and  the  experimental  one,  namely  e°°  =  €2  =  4.5  after  Ref. [4].  In  the  fourth  column 
the  GW  results  after  Ref.  [15]  and  in  the  fifth  the  available  experimental  data  after  Ref.  [4].  In  the  fourth 
and  fifth  row  respectively  the  total  and  upper  valence-band  widths  are  reported. 


calculated  according  to  the  equation 

A„k  =  Kk  -  fiSk  =  -  v£^]/{i  +  M  (1) 

The  terms  appearing  in  the  third  member  of  Eq.l  are  the  static  Coulomb  Hole  and  Screened 
Exchange  terms,  the  expectation  value  of  the  DFT-LDA  exchange-correlation  potential, 
and  of  the  two  dynamical  terms  and  /?  (see  Refs.  [12]  and  [13]  for  more  details).  For 
hexagonal  symmetry,  there  are  two  independent  components  of  the  static  dielectric  tensor, 
which  in  q-space  read 

e[|,x(9,  w  =  0)  =  1  +  [(ejj^j_  -  1)"^  +  q/qTF  +  qV{^^^l)]~^  (2) 

In  Eq.2  the  Thomas- Fermi  vector  qxF  a-nd  the  plasmon  frequency  Dp  depend  on  the  effective 
electron  densities  used  to  approximately  take  into  account  local-field  effects  in  the  different 
contributions  to  the  self-energy  corrections.  Dynamical  screening  is  accounted  for  within 
the  single-plasmon  pole  approximation. 


Wurtzite  BN 

DFT-LDA 

GW 

Ref.[14] 

Ref.  [18] 

r.-Le 

8.11 

11.3 

8.52 

8.89(11.0) 

r.-iiTc 

4.45 

7.38 

5.44 

5.70(7.8) 

Ty-M, 

6.52 

9.47 

6.67 

6.65(8.7) 

—  Ac 

9.61 

12.74 

9.66 

r.-ic 

6.31 

9.20 

6.76 

r.-Rc 

9.31 

12.40 

9.86 

Table  V:  Calculated  band-gap  energies  in  eV  of  Wurtzite  Boron  Nitride  with  respect  to  the  top  of  the 
valence  band  at  F.  In  the  first  and  in  the  second  column  are  respectively  the  DFT-LDA  and  GW  data 
after  the  present  work.  Third  column:  LDA  results  by  Christensen  and  Gorczyca  (Ref.[14]);  fourth  column: 
Lambrecht  and  Segall,  Ref.[18],  including  self-energy  corrected  data  in  brackets. 


The  excitation  energies  reported  in  Table  IV  for  the  zincblende  case  are  in  good  agree¬ 
ment  with  those  of  Ref.  [15].  For  the  minimum  gap  our  data  overestimate  that  of  Suhr  et  al 
and  the  value  of  6.38eV  calculated  without  considering  local  field  and  dynamical  screening 
effects  after  Ref.  [16].  For  w-BN  we  present  the  first  GW  results  including  local-field  ajid 
dynamical  screening  effect.  The  value  of  the  two  components  of  the  dielectric  constant 
are  =  4.06  and  =  4.19  after  Ref.[14],  corresponding  to  =  (2ejf  -|-  e||°)/3  =  4.14. 
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Hexagonal  BN 

This  work 

Ref.[17] 

Ref.[ll] 

Ref.[10] 

Ref.[5] 

F.-F, 

5.96 

8.9 

5.95 

My  -Me 

4.28 

4.6 

4.5 

Ly  —  Lc 

5.42 

5.6 

Ay  -  Ae 

po 

bo 

oo 

10.5 

Hy  -  He 

4.32 

4.3 

4.2 

Ky-Ke 

4.75 

4.5 

4.64 

Hy-Me 

3.85 

3.9 

4.07 

4.1 

3.9 

Total  VB  Width(r5'  -  F^)  i 

18.39 

18.8 

16.62 

Table  VI:  Calculated  DFT-LDA  direct  band-gap  energies  in  eV  of  Hexagonal  Boron  Nitride.  Data  after 
Ref.[17]  (FLAPW),  Ref.[ll]  (OLCAO),  Ref.[10]  and  Ref.[5]  (pseudopotentials-plane  waves). 


Hexagonal  BN _ This  work  Blase  et  al.  [5] 


F.-F, 

8.98  7.53 

My  -Me 

6.33 

Ly  —  Le 

7.46 

Ay  Ae 

11.92 

Hy  -  He 

6.66 

Ky-Ke 

7.1 

Hy  -  Me 

6.04  5.4 

Total  VB  WidthCry  -  F^  ) 

20.52  18.3 

Table  VII:  Calculated  direct  band-gap  energies  (eV)  of  hexagonal  Boron  Nitride. 


The  self-energy-corrected  data  by  Lambrecht  and  Segall  [18]  (in  brackets  in  Table  V)  have 
been  obtained  by  applying  a  scissors-operator  [18].  As  in  the  zincblende  case,  band-gap 
corrections  of  the  order  of  3  eV  result  for  w-BN  within  our  theory.  The  GW  minimum  gap 
corresponds  to  the  transition  r„  —  Kc,  with  a  2.93  eV  self-energy  correction  with  respect 
to  DFT-LDA. 

For  h-BN  the  DFT-LDA  transition  energies  are  in  Table  VI.  We  found  good  accordance 
with  previous  theoretical  results.  The  minimum  gap  is  indirect  and  corresponds  to  the 
transition  —  Me.  In  Fig.l  the  principal  DFT-LDA  band  gaps  as  functions  of  unaxial 
distorsion  and  hydrostatic  pressure  are  reported.  While  for  the  hydrostatic  case  all  band 
gaps  increase  as  a  function  of  pressure,  in  the  case  of  distorsions  along  the  c-axis  some  of 
the  band  gaps  show  almost  no  variation  others  increase  (A,  F  and  K),  and  other 

decrease  (M)  with  increasing  axial  distorsion.  This  behavior  may  be  of  interest  for  the 
ordering  of  the  DFT-LDA  gaps  when  the  system  is  expanded  along  the  c-axis.  Using 
quadratic  extrapolation  [14],  we  find  the  DFT-LDA  band  gaps  —  Me  and  Hy  —  Fc  to 
cross  at  about  Ac/c  ~  12%.  This  result  is  in  good  accordance  with  the  value  of  15% 
obtained  by  Park  et  al.  by  FLAPW  calculations  [19].  This  phenomenon  may  play  a  crucial 
role  when  the  material  is  intercalated:  a  GW  investigation  of  this  band  minima  inversion 
is  currently  underway. 

In  Table  VII  we  report  the  GW  results  for  the  principal  direct  gaps  and  the  minumum 
band  gap  of  h-BN,  at  the  theoretical  values  of  the  lattice  parameters.  The  values  used  for 
the  two  components  of  the  static  dielectric  matrix  are  the  experimental  ones  after  Ref.  [4], 
namely  ej]®  =  4.10  and  =  4.95  corresponding  to  =  4.67  [4,  14].  This  explains  the 
differences  between  our  data  and  those  of  Blase  et  al.  after  Ref.  [5]  where  the  value  e°°  —  4.9 
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Unaxial  Pressure  on  h-BN  Hydrostatic  Pressure  on  h-BN 


(c-cj/cj%) 


Figure  1:  Principal  direct  band  gap  of  h-BN  as  a  function  of  applied  unaxial  distortion  along  z-direction 
(left  panel)  and  hydrostatic  pressure  (right  panel).  In  the  figures  the  variation  rates  on  the  considered 
lattice  parameter  range  are  reported. 

has  been  used.  Our  results  confirm  that  h-BN  is  an  indirect  band-gap  material  within  GW 
theory,  with  minimum  transition  Hy  —  Me  as  found  also  in  Refs. [5,  17].  The  corresponding 
gap  is  in  relatively  good  accordance  with  the  quoted  experimental  one  (~  5  eV).  It  is  should 
be  noted  that  experimental  data  on  BN  are  of  limited  precision,  since  all  measurements  in 
the  relevant  range  are  affected  by  extrinsic  transitions.  Indeed  this  is  a  consequence  of  the 
difficulty  of  growing  pure  single  crystals  of  h-BN  [17]. 

Comparing  Tables  IV,  V,  and  VII,  it  appears  that  the  gaps  of  the  three  phases  are 
ordered  as  with  transitions  Ty-Ke,Ty-Xe,  Hy-M^  respectively. 

This  ordering  is  the  same  within  DFT-LDA  and  GW,  and  the  corresponding  self-energy 
corrections  result  2.93  eV,  2.91  eV  and  2.19  eV.  The  relative  ordering  of  c-  and  w-BN  is 
mainly  determined  by  the  DFT-LDA  values;  the  self-energy  corrections  show  only  minor 
differences  due  to  the  weak  anisotropy  of  the  wurtzite-phase  dielectric  constants.  On  the 
other  hand,  the  gap  reduction  for  h-BN  with  respect  to  the  denser  structures  can  be  nearly 
totally  ascribed  to  a  smaller  self-energy  correction.  This  is  related  to  the  larger  value 
of  the  dielectric  constant  of  the  graphitic  phase.  There  is  an  analogy  here,  apart  from 
the  important  ionicity  contributions  in  case  of  BN,  with  the  gap  closure  occuring  upon 
transition  from  insulating  diamond  (d-C)  to  semimetallic  graphite  (h-C)  [5]. 
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ABSTRACT 

We  present  preliminary  results  of  tight  binding  molecular  dynamics  (TBMD)  simulations 
concerning  the  thermal  effects  on  the  structural  and  electronic  properties  of  GaN.  We  derived  a 
semiempirical  tight  binding  (TB)  potential  which  is  able  to  reproduce  the  band  structure  and  the 
phase  diagram  of  GaN  for  zincblende,  wurtzite  and  rock-salt  phases.  We  have  found  that  even  at 
few  hundreds  K  above  the  experimental  melting  temperature  the  local  ordering  is  fairly  well 
conserved,  with  the  fraction  of  wrong  bonds  quite  low.  Defects  states  appear  in  the  gap  at 
approximately  2.3  eV  in  agreement  to  the  experimental  indication  for  annealed  films. 


INTRODUCTION 

The  Nitrides  are  III-V  compounds  characterized  by  high  stability  and  chemical  inertness,  with 
large  band  gaps,  from  1.95  eV  to  6.4  eV.  For  these  properties  they  attracted  much  attention,  since 
the  early  eighties,  for  possible  applications  in  high  power  and  high  temperature  electronic  devices. 
GaN  is  the  most  promising  among  Nitrides  [1,2],  in  particular  for  future  applications  in 
optoelectronics  devices,  such  as  light  emitting  diodes  [3]  and  UV  emitting  Lasers  [4].  Despite  the 
advances  in  the  growth  of  GaN  films,  important  problems  are  still  open  or  have  not  received  much 
attention.  Among  the  former  is  the  nature  of  native  defects  and  to  the  second  one  belongs  the 
thermal  effects  on  GaN.  Any  application  in  electronic  devices  requires  a  good  understanding  of 
the  nature  of  native  defects,  and  the  thermal  stability  of  GaN  is  an  essential  question  for  the  high 
temperature  applications  and  for  high  power  electronic  devices.  In  fact,  the  thermal  generation  of 
defects  can  compromise  the  properties  of  these  devices.  Then  a  computational  investigation  on 
these  subjects  would  be  very  important,  focusing  in  particular  on  the  characterization  of  the 
thermal  disorder  induced  by  an  high  temperature  treatment  and  the  related  effects  on  the  gap.  We 
used  TBMD  which  optimally  coniugates  the  needs  for  a  good  modelling  of  the  interactions  with  a 
relatively  low  computational  cost.  Large  scale  simulations  and  long  period  of  observation  which 
are  out  of  range  for  fully  ab-initio  method  are  instead  accessible  to  TBMD. 


THEORY 

The  TB  potential  has  been  determined  in  the  framework  of  the  semiempirical  two-center 
approximation  [5].  Within  this  model  the  potential  is  constituted  by  a  sum  of  two  terms:  the  first 
one,  Ebs,  give  the  attractive  part  and  is  known  as  the  band  structure  potential;  the  second  one,  Erep, 
is  the  repulsive  term  and  phenomenologically  accounts  for  the  quantum  mechanical  repulsion 
between  occupied  orbitals. 
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The  band  structure  contribution  is  given  by  the  sum  of  TB  eigenvalues  up  to  the  Fermi  level  and 
parametrically  depends  on  the  two  center  Slater-Koster  hopping  parameters  h°ijap.  The  latter 
change,  in  our  case,  with  the  atomic  position  according  to  the  Harrison-Sawada  scaling  rules  [6], 
(see  eq.  (1)) 


hijap(rij)  h  ijap(vij)  (ro/rij)^  [l/(6xp((ry-rc)/gc)+l)]  (1) 

Here  ij  are  the  atom  indexes  and  a,P  indicate  the  symmetry  of  the  atomic  orbitals.  Vij  indicates  the 
unit  vector  of  the  vector  rji  and  p,  tc,  gc  are  disposable  parameters  of  the  scaling  rules.  An  sp^s* 
basis  set  has  been  chosen:  the  s*  orbitals  represent  the  shell  of  d  orbitals  of  gallium  atoms.  These 
orbitals  give  rise  to  deep  and  narrow  bands,  so  that  they  can  be  considered  as  a  closed  shell  with  s 
character.  We  have  determined  the  band  structure  parameters  h°ijap,  p,  rc  and  gc  by  fittmg  them 
onto  ab-initio  ultrasoft-pseudopotential  bands  [7]  of  rock-salt  (rs)  and  zincblende  (zb)  along 
selected  high  symmetry  directions  (T-X,  T-L,  X-K).  The  resulting  electronic  density  of  states  for 
these  phases  and  wurtzite  (wz)  are  shown  in  Fig.  1 . 
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Fig.  1  Electronic  density  os  states  (EDOS)  of  zb-GaN  (panel  a),  wz- 
GaN  (panel  b)  and  rs-GaN  (panel  c) 


The  EDOS  are  in  good  agreement  to  the  ab  initio  calculations  but  for  the  gap  which  has  been 
fitted  to  the  experimental  value  of  zb,  since  the  ab  initio  LDA  predictions  are  known  to 
understimate  it.  In  particular  the  rock-salt  phase  turns  out  to  be  semiconducting  with  a  small  gap, 
about  1  eV.  This  result  is  generated  by  the  inclusion  of  the  Ga-Ga  second  nearest  neighbour 
interactions  which  are  also  important  for  the  correct  prediction  on  native  defects  formation 
energy,  as  recently  shown  by  Van  de  Walle  et  al  [8].  In  feet  a  TB  potential  limited  to  first 
neighbour  interactions,  like  the  one  of  Jenkins  and  Dow  [9],  predicts  a  metallic  character  for  the 
rock-salt  GaN  and  displays  a  limited  transferability. 

The  repulsive  potentid  has  been  written  as  a  sum  of  central  two-body  terms  like  (2) 

=1/2  2,  j  0(ij)  (ro/rij)'^  [  l/(exp((rij-ro)/gc)+l )]  (2) 

The  parameters  0(ij),  q,  have  been  determined  fi-om  the  total  energy  curves  of  zincblende  and 
rock-salt  phases  by  fitting  the  equilibrium  volumes,  the  bulk  modula  and  the  cohesion  energy 
difference,  while  rc  and  gc  are  the  same  as  in  the  band  structure  scaling  laws.  The  long  range 
interactions  has  been  included  in  the  calculations  by  an  Ewald  sum  concerning  the  effective 
charges  on  each  atomic  sites.  The  resulting  potential  reproduces  quite  well  the  ab  initio  total 
energy  diagram  of  the  GaN  for  all  the  relevant  phases  [7,10],  as  it  is  shown  in  Fig.  2. 


Fig.  2  :  Total  energy  curves  vj  volume/atom  of  wz,  zb,  rs  and  cesium 
cloride  phases,  as  referred  to  the  equilibrium  energy  value  Eo  of  zb. 

Triangles  represent  ab-initio  data  [7] 

Additional  checks  has  been  done  on  the  formation  energy  of  some  native  defects:  they  display  a 
good  agreement  to  the  results  of  Van  de  Walle  et  al.  We  have  found  a  formation  energy  of  5.9 
eV  for  the  N  antisite  Noa  and  10  eV  for  the  Ga  antisite  Gan,  with  a  unit  cell  of  64  atoms  in  the 
zincblende  structure.  Additional  calculations  on  other  native  defects  are  still  in  progress. 
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RESULTS 

We  have  performed  a  TBMD  simulation  within  the  canonical  ensemble,  by  using  the  TB  potential 
outline  alwve.  In  order  to  attain  long  simulation  times  we  limited  the  cubic  simulation  cell  to  64 
atoms  and  the  time  step  was  chosen  to  be  1  fe.  This  value  ensures  a  good  energy  conservation 
(10'^  eV/atom ).  The  crystalline  sample  has  been  rapidly  heated  from  300  K  up  to  4000  K  in  2  ps. 
Then  the  sample  has  been  held  at  this  temperature  for  2  ps.  This  procedure  is  commonly  used  in 
order  to  speed  up  the  melting  process  in  the  limited  time  scale  allowed  by  a  computer  simulation. 
After  that  the  temperature  of  the  sample  has  been  decreased  to  2300  K,  slightly  above  the 
experimental  melting  temperature.  Finally  the  sample  has  been  equilibrated  at  this  temperature  for 
7  ps  and  observed  for  a  subsequent  1  ps. 

The  pair  correlation  function  in  Fig.  3  (left  panel)  shows  a  lack  of  long  range  order.  Only  the  first 
neighbour  peak  and  a  smaller  second  neighbour  feature  are  still  detectable. 


Fig.  3._  Left  panel  :  Pair  correlation  fimction  of  the  sample  at  2300  K. 

Right  panel  :  Partial  Ga-Ga  pair  correlation  fimction  (top),  partial  N-N 
pair  correlation  function  (bottom). 

At  variance  with  respect  to  what  should  be  expected  on  the  basis  of  a  mass  criterion  it  is  seen  that 
the  Ga  atoms  are  more  disordered  than  N  ones.  The  second  neighbour  peaks,  still  present  in  N-N 
pair  correlation  fimction  (top  panel),  has  completely  disappeared  in  the  Ga-Ga  pair  correlation 
function  (bottom  panel).  The  drift  of  the  cations  towards  a  reduced  second  neighbour  distance  is 
quite  common  in  the  III-V  compounds  [11]  and  it  is  mainly  due  to  the  long  range  of  the  Ga  p- 
orbitals.  Here,  however,  the  strong  repulsion  between  Ga  d  orbitals  prevents  the  penetration  of 
the  second  neighbour  cations  into  the  first  neighbour  anion  shell.  The  conservation  of  the  second 
neighbour  anion  shell  is  probably  due  to  the  narrow  localization  of  N  orbitals.  Moreover,  it  is  well 
known  [12]  that  the  most  stable  phases  for  solid  N  are  structures  like  the  a-N2,  which  consists  of 
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In  Fig.  5,  we  report  the  electronic  density  of  states,  for  our  sample  at  2300  K.  Still  present  is  a 
sizable  gap  (2.3  eV)  which  is  smaller  tlm  those  of  crystalline  zincblende  (3.5  eV).  Despite  the 
feet  that  no  GaN  defects  are  present,  the  gap  decrease  is  due  to  the  appearence  of  p  states  above 
the  valence  band  edge,  as  is  the  case  for  Ga  antisites.This  feature  can  imderstood  as  produced 
by  the  large  overlap  between  Ga  p-orbitals  when  they  come  at  closer  distance  This  is  consistent 
with  the  pair  correlation  function  and  bond  angle  distribution  data.  Actually  our  results  are  in 
quantitative  agreement  with  the  experimental  data  of  Lin  et  al  [13]  where  the  presence  of  defect 
states  at  2.3  eV  is  found  in  photo-luminescence  spectra  of  annealed  samples. 

Finally  the  fraction  of  wrong  bonds  is  very  low  since  the  coordination  between  cations  and  anions 
is  3.93  with  respect  to  the  total  coordination  number  which  is  4.1  for  N  and  4.5  for  Ga. 

In  conclusion  we  predict  a  much  more  conservative  structure  for  GaN  against  thermal  treatment, 
with  respect  to  other  III-V  compounds.  We  believe  that  an  important  contribution  to  the 
persisting  ordering  of  anion  shells  might  be  given  by  the  strong  coulombic  interactions,  a  feature 
commonly  observed  in  molten  salt. 
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ABSTRACT 

Shallow  and  deep  electronic  defects  in  MOCVD-grown  GaN  were  characterized  by  variable 
temperature  Hall  effect  measurements,  deep  level  transient  spectroscopy  (DLTS)  and 
photoemission  capacitance  transient  spectroscopy  (0-DLTS).  Unintentionally  and  Si-doped,  n- 
type  and  Mg-doped,  p-type  GaN  films  were  studied.  Si  introduces  a  shallow  donor  level  into  the 
band  gap  of  GaN  at  ~Ec  -  0.02  eV  and  was  found  to  be  the  dominant  donor  impurity  in  our 
unintentionally  doped  material.  Mg  is  the  shallowest  acceptor  in  GaN  identified  to  date  with  an 
electronic  level  at  ~Ev  +  0.2  eV.  With  DLTS  deep  levels  were  detected  in  n-type  and  p-type  GaN 
and  with  0-DLTS  we  demonstrate  several  deep  levels  with  optical  threshold  energies  for  electron 
photoemission  in  the  range  between  0.87  and  1.59  eV  in  n-type  GaN. 


INTRODUCTION 

The  III-V  nitride  semiconductors,  GalnAlN,  have  evolved  into  the  materials  of  choice  for  the 
fabrication  of  visible  light  emitting  diodes  exhibiting  external  quantum  efficiencies  of  almost 
10  They  are  direct,  wide  bandgap  semiconductors  that  also  show  great  promise  for  high 
temperature  /  high  power  devices.'^  However,  despite  intensive  efforts  injection  laser  diodes  have 
not  been  achieved  to  date  with  III-V  nitrides.  Low  p-type  doping  efficiency  and  the  presence  of 
deep  levels  that  act  as  competing  recombination  centers  contribute  to  the  difficulties  in  achieving 
threshold  carrier  densities  for  lasing  in  III-V  nitride  laser  diodes.  To  enable  injection  laser  diodes 
with  III-V  nitrides  the  electronic  properties  of  shallow  n-  and  p-type  dopants  and  of  deep  level 
defects  need  to  be  understood  and  controlled. 

Little  is  known  about  the  electronic  properties  of  Si  donors  and  Mg  acceptors,  which  are 
commonly  employed  for  doping  GaN  layers  n-type'^  and  p-type,*’  respectively.  Also,  the  nature  of 
the  n-type  background  conductivity  observed  in  most  of  the  epitaxial  GaN  films  is  still  not  fully 
understood.*^  Shallow  donor  and  acceptor  levels  in  GaN  were  mainly  characterized  by  variable 
temperature  Hall  effect  measurements  and  activation  energies  of  ~27  meV  for  Si  donors’  and 
-150  meV  for  Mg*  are  reported  in  the  literature.  However,  these  values  were  derived  from 
Arrhenius  analyses  of  the  measured  electron  concentration  with  the  assumption  of  a  temperature 
independent  prefactor  and,  therefore,  have  a  large  uncertainty.  Mg  doping  poses  an  additional 
problem;  as-grown  Mg-doped  GaN  is  usually  semiinsulating  and  postgrowth  treatments  such  as 
low  energy  electron  beam  irradiation  (LEEBI)^,  furnace  annealing,  or  rapid  thermal  annealing 
(RTA)^  are  required  to  activate  the  Mg  dopants. 

Defects  that  introduce  electronic  levels  deeper  into  the  bandgap  of  III-V  nitrides  have  mainly 
been  investigated  by  photoluminescence  spectroscopy  (PL).^'*'^^  PL  spectroscopy  has  the  ability  to 
detect  deep  level  related  radiative  emission  processes  over  the  entire  spectral  range  of  the  band 
gap  of  GaN  but  lacks  the  information  on  the  position  of  individual  electronic  states  which 
participate  in  electron-hole  pair  recombination  processes.  Subject  of  extensive  studies  has  been 
the  “yellow  PL  band”,  which  is  commonly  observed  in  PL  spectra  of  n-type  GaN  and  related  to 
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deep  levels.  However,  the  recombination  mechanism  and  the  defects  that  are  responsible  for  this 
broad  PL  signal  centered  at  ~  2.2.  eV  are  unknown.’^'^®  Recently,  the  transition  metal  impurities 
Fe,  Va,  and  Cr  were  identified  by  the  observation  of  PL  lines  associated  with  internal,  atomic 
transitions.^^ 

Characterization  of  deep  level  defects  in  GaN  by  deep  level  transient  spectroscopy  (DLTS)  has 
also  been  demon strated.^^’^'*  While  DLTS  is  a  sensitive  spectroscopic  tool  for  the  characterization 
of  electronic  levels  deep  in  the  bandgap  of  semiconductors,  it  is  of  limited  use  in  wide  bandgap 
materials  because  it  utilizes  thermal  energy  for  charge  emission.  Therefore,  the  accessible  range  of 
level  energies  in  the  gap  is  restricted  to  ~  1  eV  of  either  band  edge,  for  typical  trap  parameters 
and  practical  measurement  conditions.  The  application  of  photoemission  capacitance  transient 
spectroscopy  (0-DLTS),  also  termed  deep  level  optical  spectroscopy,  overcomes  this  limitation 
by  utilizing  monochromatic  light  for  carrier  emission  so  that  levels  in  the  entire  bandgap  become 
accessible  for  characterization.^'’ 

In  this  study,  the  electronic  properties  of  shallow  dopants  were  investigated  in  n-type  and  p- 
type  MOCVD-grown  GaN  by  variable  temperature  Hall  effect  measurements.  Undoped,  Si-doped 
and  Mg-doped  GaN  samples  were  studied.  Deep  levels  in  GaN  were  investigated  by  DLTS  and 
0-DLTS  for  Si-doped  and  Mg-doped  samples.  For  the  capacitance  transient  measurements  on  the 
n-type  material,  Schottky  diodes  equipped  with  an  Ohmic  back  contact  and  low  series  resistance 
were  designed.  The  capacitance  transient  measurements  for  p-type  material  were  conducted  on  p- 
n""  junction  diodes. 

EXPERIMENTAL 

The  GaN  material  used  in  this  study  was  heteroepitaxially  grown  by  MOCVD  at  -lOSO^C  on 
polished  (OOOl)-oriented  sapphire  crystals.  Some  of  the  growth  conditions  are  listed  in  Table  I. 
The  samples  were  grown  in  different  MOCVD  reactors  with  either  GaN  or  AIN  low-temperature 
buffer  layers  and  at  various  growth  pressures.  The  n-type  GaN  films  were  either  unintentionally- 
doped  (sample  #  1)  or  Si-doped  (sample  #  2  to  7).  P-type  conductivity  was  achieved  by  doping 
with  Mg  (sample  #  8  and  9).  The  acceptors  were  activated  by  an  RTA  process.  For  the  Hall-effect 
measurements,  the  samples  (#  1  to  5,  and  8)  were  cut  to  5  x  5  mm^  size  and  metal  dots  were 
vacuum  evaporated  in  the  four  comers  to  obtain  electrical  contacts  in  the  Van  der  Pauw 
geometry.  The  contacts  were  annealed  at  230®C  for  20  min  and  were  Ohmic  over  the  entire 
temperature  range  of  the  Hall  effect  measurements.  For  the  fabrication  of  Schottky  diodes 
(samples  #  6  and  7)  two  layers  of  intentionally  doped  GaN  were  grown.  The  GaN  layer  grown 
directly  over  the  buffer  layer  was  heavily  doped  with  Si.  The  electron  concentration  measured  at 
room  temperature  in  the  ~  1-2  pm  thick  n^  layer  was  ~2xl0'^  cm‘\  A  semiconducting  layer  of  n- 
type  GaN  was  then  grown  directly  on  the  n"^  layer.  This  layer  was  -1  pm  thick  in  sample  #  6  and 
~5  pm  thick  in  sample  #  7.  Schottky  contacts  were  fabricated  by  vacuum  evaporating  Au  onto  the 
n-type  GaN  layer  through  a  shadow  mask.  The  Ohmic  contacts  were  subsequently  applied  by 
evaporating  a  metal  over  the  laterally  exposed  n^-layer.  The  metal  films  were  -150  nm  thick.  One¬ 
sided,  p-n^  junction  devices  were  grown  to  enable  capacitance  transient  measurements  for  p-type, 
Mg-doped  GaN.  The  n"^  layer,  deposited  directly  onto  the  low-temperature  GaN  buffer  layer  was 
-  5  pm  thick.  On  top  of  the  n"*^  layer,  a  Mg-doped  GaN  film  with  a  thickness  of  -0.56  pm  was 
grown.  Mesa  diodes  with  a  diameter  of  -  0.5  mm  were  fabricated  by  dry  etching  and  deposition 
of  Ti/Au  metal  films  onto  the  n"^  and  p-type  layers. 

The  Schottky  and  pn^-diodes  were  tested  by  current-voltage  and  capacitance  voltage  (C-V) 
techniques.^^  The  dopant  profile  of  the  n-layer  (sample  #  6  and  7)  or  p-layer  (sample  #  9)  derived 
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Table  I:  GaN  samples  investigated  in  this  study.  For  each  sample  (column  one),  the  reactor 
type  (column  two)  and  the  grovrth-pressure  (column  three)  are  shown.  All  the  GaN  samples 
were  grown  on  sapphire  substrates  with  either  a  GaN  or  AIN  buffer  layer  (column  four).  The 
samples  were  unintentionally,  Si-  or  Mg-doped  (column  five). 


sample  # 

reactor 

growth-pressure 

buffer  layer 

doping 

1 

horizontal 

80  Torr 

GaN 

n-type  / 
unintentionally 

2,  3, 4,  5,  6 

vertical 

(EMCORE) 

80  Torr 

GaN 

n-type  /  Si 

7 

horizontal 

atm.  pressure 

AIN 

n-type  /  Si 

8,9 

vertical 

700  Torr 

GaN 

p-type  /  Mg 

from  the  analysis  of  the  C-V  measurements  was  found  to  be  uniform  in  the  measured  depth  range 
below  the  surface.  The  average  net  ionized  donor  concentration  at  room  temperature  was 
measured  to  be  2,2x10*^  cm'^  for  sample  #  7  and  1.9x10*’  cm'^  for  sample  #  8.  For  sample  #  9,  an 
effective  acceptor  concentration  of  ^2x10**  cm'^  was  determined. 

The  Hall  effect  and  the  DLTS  measurement  system  utilized  in  this  study  is  described  in  Ref.  1 1 
and  22,  respectively.  Hall  effect  data  were  taken  in  the  temperature  range  between  80  K  and 
500  K  and  DLTS  transients  were  recorded  with  1  K  increments  over  the  temperature  range  from 
90  K  to  470  K,  with  the  temperature  held  constant  to  within  ±0.1  K.  The  O-DLTS  apparatus  is 
described  in  Ref.  25.  During  the  measurements  the  samples  were  situated  in  a  ciyostat  and  the 
sample  temperature  was  maintained  at  150+0.1  K. 

UNINTENTIONALLY-DOPED  AND  Si-DOPED,  n-TYPE  GaN 

Shallow  levels  in  n-type  GaN  were  studied  with  variable  temperature  Hall  effect  measurements. 
They  result  in  electron  concentrations  n  which  were  obtained  from  the  experimental  Hall 
constants  Rh  with  n  =  rn/qRH  (q  =  electronic  charge);  the  Hall  scattering  factor  rH  is  unknown  for 
GaN,  but  was  assumed  to  be  isotropic,  temperature  independent  and  of  unity  value  (rn  =  1).  A 
typical  data  set  obtained  from  unintentionally  doped  GaN  (sample  #  1)  is  presented  in  Fig.  1.  The 
experimental  data  are  represented  by  solid  squares.  To  obtain  information  about  the  donors  which 
determine  the  electron  freeze-out  behavior  as  demonstrated  in  Fig.  la,  we  performed  a  least- 
squares  fit  of  the  charge  neutrality  equation  to  the  experimental  data.  The  charge  neutralitiy 
equation  for  n-type,  wide  band  gap  semiconductors  (intrinsic  carriers  are  neglected)  with  M 
independent  donors  is  given  by 


n  +  N, 


iVl 

=  I 


Nni 


- .  gill 

"  I 


kT 


(1) 


where  the  index  i  refers  to  the  i-th  donor;  Ndi  is  its  concentration,  gi  the  degeneracy  of  its 
electronic  state  in  the  band  gap,  and  AEdi  the  thermal  activation  energy  of  the  donor  electrons. 
Ncomp  is  the  concentration  of  compensating  acceptors  and  Nc  is  the  conduction  band  effective 
density  of  states;  k  is  the  Boltzman  constant  and  T  the  sample  temperature.  For  the  fit  shown  in 
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a)  Temperature  (K)  b) 


Figure  1.  Electron  concentration  vs  reciprocal  temperature  (a)  and  Hall  mobility  vs  temperature 
(b)  for  unintentionally-doped,  n-type  GaN.  The  solid  squares  refer  to  the  experimental  data.  The 
solid  line  in  Fig.  la  results  from  a  least-squares  fit  which  is  described  in  the  text  The  fit  yields 
parameters  for  a  shallow  donor  which  are  defined  as  follows;  AEd  is  the  activation  energy  for  the 
donor  electrons  and  Nd  is  the  concentration  of  the  donors.  Ncomp  is  the  concentration  of 
compensating  acceptors  present  in  the  sample.  In  Fig.  lb,  a  straight  line  is  fitted  to  the  high 
enei^y  portion  of  the  mobility  data  and  yields  a  power  dependence  of  the  mobility  of 

Fig.  la,  a  single  donor  and  an  effective  mass  for  electrons  in  GaN  of  0.2mo  (mo  =  mass  of  a  free 
electron)'^  were  assumed.  The  calculated  electron  concentration  as  a  function  of  the  sample 
temperature  is  indicated  by  the  solid  straight  line.  Parameters  of  the  donor  level  are  depicted  in 
Fig.  la.  The  room  temperature  mobility  and  the  peak  mobility  for  sample  #  1  is  568  cm^  /  Vs  (300 
K)  and  950  cm^  /  Vs  (150  K),  respectively  (Fig.  lb). 

Figure  2  shows  Hall  effect  results  for  Si-doped  GaN  samples  (#  2,  3,  4,  5).  The  Si  doping  was 
achieved  by  flowing  SiHt,  and  the  flux  was  gradually  increased  from  sample  #2  to  5. 
Consequently,  the  electron  concentrations  increased  accordingly  as  determined  by  Hall  effect 
measurements.  For  samples  #  2,  3,  and  4  the  experimental  Hall  effect  data  were  used  to  obtain 
information  about  shallow  donors  that  give  rise  to  the  n-type  conductivity  in  Si-doped  GaN  films 
by  least-squares  fits  of  equation  (1).  For  these  fits,  two  independent  donor  levels  had  to  be 
assumed.  Defect  parameters  are  summarized  in  Table  II.  The  temperature  dependence  of  the 
electron  concentration  of  sample  #  4  at  temperatures  below  250  K  indicates  defect  band 
conduction  leading  to  a  deviation  of  the  fitted  curve  from  the  experimental  data.  For  sample  #  4 
only  data  above  250  K  was  used  for  the  fit.  The  electron  concentration  of  sample  #  5  does  not 
vary  with  the  sample  temperature  indicating  a  doping  level  above  the  degeneracy  limit.  The  charge 
neutrality  condition  as  given  in  equation  (1)  cannot  describe  the  temperature  dependence  of  the 
electron  concentration  for  a  degenerately  doped  semiconductor  and,  therefore,  no  fit  was 
attempted.  The  room  temperature  and  the  peak  mobilities  of  the  Si-doped  samples  depend  on  the 
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a)  Temperature  (K)  b) 


Figure  2.  Electron  concentration  vs  reciprocal  temperature  (a)  and  Hall  mobility  vs 
temperature  (b)  for  Si-doped  GaN.  The  solid  squares  refer  to  the  experimental  data.  The 
solid  lines  in  Fig.  2a  result  from  least-squares  fits  to  the  experimental  data.  The  flts  yield 
parameters  for  shallow  donors  which  are  summarized  in  Table  11. 

Si  content.  Sample  #  2,  which  has  the  lowest  Si  content  has  a  room  temperature  (300  K)  mobility 
of  370  cm^  /  Vs  and  a  peak  mobility  of  582  cm^  /  Vs  at  150  K.  The  highest  mobilities  for  Si-doped 
material  are  measured  in  sample  #  3  with  values  of  501  cm^  /  Vs  (300  K)  and  764  cm^  /  Vs  (160 
K).  In  sample  #  4  the  mobilities  are  369  cm^  /  Vs  and  459  cm^  /  Vs  (190  K).  For  sample  #  5  the 
peak  mobility  is  measured  at  300  K  with  135  cm^  /  Vs.  The  temperature  dependence  of  the 
mobilities  at  temperatures  higher  than  the  peak  mobilities  is  well  approximated  by  a  power 
dependence  ~T'^'^  for  all  Si  -doped  GaN  films  shown  in  Fig.  2b  (except  sample  #  5). 

The  Hall  effect  analysis  shows  that  the  n-type  conductivity  in  our  unintentionally  doped 
material  (sample  #  1)  is  due  to  a  shallow  donor  level  with  an  activation  energy  of  ~17  meV  (Fig. 
la).  A  donor  with  a  similar  activation  energy  (AEdi)  is  present  in  samples  #  2,  3,  and  4,  which 
were  intentionally  doped  with  Si  (Table  II).  The  concentration  of  this  donor  (Ndi)  increases 
aecording  to  the  flow  rates  of  SiH4  which  was  increased  from  sample  #  2  to  5.  Therefore,  it  seems 
reasonable  to  conclude  that  the  shallow  donor  level  with  an  activation  energy  in  the  range 
between  12  meV  and  17  meV  is  due  to  Si  incorporation  into  GaN  and  that  the  presence  of  Si  is 
responsible  for  the  n-type  conductivity  in  our  unintentionally  doped  material.  Si  substituting  for 
Ga  acts  as  a  shallow  donor  in  GaN.‘‘  Results  from  secondary  ion  mass  spectrometry  (SIMS) 
confirm  this  assumption.  First,  the  concentration  of  Si  increases  according  to  the  concentration  of 
the  shallowest  donor  level  (Table  II,  sample  #  2  to  4,  Ndi).  Second,  the  atomic  concentration  of 
Si  is  found  to  be  ~4xl0’^  cm'^  in  sample  #  1  (Table  II).  Possible  sources  for  Si  incorporation 
during  the  growth  of  undoped  GaN  are  the  nitrogen  source  gas,  NH3,  which  may  contain  residual 
SiH4,  or  Si02  dissolving  from  the  quartz-tube  of  the  MOCVD  reactor. 
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Table  II:  Parameters  for  shaDow  donors  as  determined  from  least-squares  fits  of  the  charge  neutrality 
equation  to  the  experimental  Hall  effect  data  and  results  from  secondary  ion  mass  spectrometry  (SIMS) 
for  n-type  GaN  samples  (column  one).  The  parameter  set  includes  donor  electron  activation  energies 
(AEdi,  column  two  and  four)  and  concentration  of  shallow  donors  (Ndi,  column  three  and  five)  for  two 
independent  donors.  Also  given  is  the  concentration  of  compensating  acceptors  (Ncomp»  column  sk).  SIMS 
results  for  the  Si  content  are  summarized  in  column  seven. 


Hall  effect 

SIMS 

sample  # 

AEdi  (meV) 

Ndi  (cm-*) 

AEd2  (meV) 

ND2(cm-') 

Ncomp  (cm  ) 

[Si]  (cm’) 

1 

17 

3.1x10^’ 

no 

4x10'" 

2 

15 

1.1x10'" 

37 

3.9x10*^ 

3.2x10'^ 

2x10'" 

3 

14 

2.3x10'" 

34 

6.9x10'^ 

no 

5x10'" 

4 

12 

7.4x10'" 

32 

6x10'^ 

no 

9x10'" 

5 

2x10'^ 

The  activation  energy  for  Si  donor  electrons  in  GaN  was  determined  previously  from  Hall 
effect  measurements  in  Ref.  7  to  be  ~27  meV.  However,  the  authors  neglected  the  temperature 
dependence  of  the  prefactor  in  the  Arrhenius  analysis  of  the  Hall  data.  It  can  be  shown  that  the 
simplified  analysis  with  n~exp(-AED  /  kT)  yields  a  value  of  ~  4  AEd  /  3.^^ 

The  determination  of  the  activation  energy  of  Si  donor  electrons  performed  in  this  study  uses 
an  accurate  analysis  according  to  the  charge  neutrality  equation  (1)  and  yield  activation  energies 
AEdi  in  the  range  between  12  meV  and  17  meV.  The  decreasing  activation  energies  with 
increasing  donor  concentrations  observed  for  samples  #  2,  3  and  4  (Table  II)  can  be  explained  by 
interaction  of  the  donor  wave  functions  which  reduces  ionization  energies  and  has  also  been 
observed  for  other  semiconductors  e.g.,  Si  or  Ge.^®  However,  the  unknown  Hall  scattering  factor 
and  its  temperature  dependence  poses  an  uncertainty  in  the  determination  of  this  value.  Results 
from  PL  spectroscopy  measurements  for  sample  #  1  indicate  the  position  of  the  optical  Si  level  to 
be  Ec  -  (20±6)  meV.^^  The  donor  binding  energy  for  a  shallow  donor  can  be  estimated  with  a 
hydrogenic  model.  With  an  effective  electron  mass  of  0.2mo  (mo  -  mass  of  a  free  electron)  and  a 
relative  dielectric  constant  of  ~10,  this  analysis  yields  ~27  meV^.  However,  the  parameters  for  this 
analysis  are  not  well  established  and  it  is  too  early  to  conclude  whether  a  negative  central  cell 
correction  for  Si  donors  applies. 

A  second  donor  level  with  electron  activation  energies  (AEd2)  between  32  meV  and  37  meV  is 
observed  in  samples  #  2,  3,  and  4  (Table  II).  This  donor  level  may  be  due  to  oxygen 
contamination.  Oxygen  substituting  for  nitrogen  has  been  suggested  to  act  as  a  shallow  donor  and 
may  contribute  to  die  n-type  background  conductivity  in  unintentionally-doped  GaN. 


ACCEPTORS  IN  Mg-DOPED  GaN 

In  Fig.  3  we  show  variable  temperature  Hall  effect  data  for  Mg-doped  GaN  (sample  #  8).  The 
hole  concentration  is  given  in  Fig.  3a  and  the  hole  mobility  in  Fig.  3b.  Sample  #  8  was  annealed  at 
800®C  for  5  min.  The  freeze-out  of  the  hole  concentration  is  observed  over  a  range  of  six  orders 
of  magnitude.  The  solid  line  results  from  a  least-squares  fit  of  equation  (1)  for  a  single  acceptor. 
The  effective  mass  for  holes  was  assumed  to  be  equal  to  mo.  Parameters  of  the  fit  are  depicted  in 
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the  figure.  The  hole  mobility  reaches  a  maximum  value  of  ~24  cm^  /  Vs  at  160  K  and  is  ~14  cm^  / 
Vs  at  300  K.  The  high  temperature  portion  of  the  mobility  data  follows  a  power  law  of 

The  Hall  effect  analysis  reveals  that  an  acceptor  with  a  hole  activation  energy  of  ~170  meV 
dominates  the  p-type  conductivity  in  Mg-doped  GaN  (Fig.  3a).  It  is  reasonable  to  assume  that  the 
acceptor  is  identical  with  Mg  atoms  substituting  for  Ga  in  the  GaN  lattice.  An  atomic  Mg 
concentration  of  ~2xl0'^  cm'^  was  measured  with  SIMS  in  sample  #  8.  Therefore,  not  all  of  the 
Mg  present  in  sample  #  8  acts  as  an  acceptor  (Na  -7x10^*)  after  annealing  at  800®C.  Further 
activation  of  sample  #  8  at  850®C  led  to  an  acceptor  concentration  of  ~1.9xl0'^  cm'^  indicating 
that,  within  the  uncertainties  of  the  SIMS  analysis  and  the  Hall  effect  measurements,  aU  Mg  atoms 
can  be  converted  into  acceptors  (Mgoa)-  However,  in  this  state  impurity  band  conduction 
dominates  the  p-type  conductivity  at  temperatures  below  200  K  in  sample  #  8  and  limits  the 
usable  range  of  hole  concentrations  for  the  determination  of  the  activation  energy  with  our  least- 
squares  fit  procedure.  An  activation  energy  of  -170  meV  is  typically  observed  for  Mg-doped,  p- 
type  GaN.'^  A  hole  activation  energy  of  0.16  eV  has  been  determined  for  MBE-grown,  Mg-doped 
GaN  by  Hall  effect  measurements^^  and  0.15  -  0.16  eV  were  determined  from  the  temperature 
dependence  of  donor-acceptor  pair  recombination  of  MOCVD-grown,  Mg-doped,  p-type  GaN 
observed  by  PL.^'’  Tanaka  and  coworkers'"**  used  a  similar  analysis  for  variable  temperature  Hall 
effect  data  as  described  in  this  study  and  determined  a  hole  activation  energy  of  157  meV  for  Mg 
acceptors  in  GaN. 

Recent  analyses  of  DAP  recombinations  from  PL  spectroscopy  experiments  suggest  that  the 
position  of  the  optical  Mg  acceptor  level  is  -0.21  eV  above  the  valence  band  edge.^’ 
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Figure  3.  Hole  concentration  vs  reciprocal  temperature  (a)  and  hole  mobility  vs 
temperature  (b)  for  Mg-doped  GaN.  The  solid  squares  refer  to  the  experimental  data  and 
the  solid  line  in  Fig.  3a  results  from  a  fit  of  a  model  that  assumes  a  single  acceptor  and  with 
the  activation  energy  AEa  (concentration  Na)  and  donor  compensation  (Ncomp)> 
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DEEP  LEVELS  IN  n-  AND  p-TYPE  GaN 

Two  DLTS  spectra  for  n-type  GaN  Schottky  diodes  (#  6  and  7)  are  presented  in  Fig.  4.  The 
DLTS  signal,  IC(ti)  -  C(t2)l,  for  sample  #  6  and  7  is  displayed  for  delay  times  ti  /  t2  =  40  ms  /  160 
ms  and  8  ms  /  32  ms;  the  emission  rates  are  1 1.6  s'^  and  57.8  s  \  respectively.  The  spectrum  for 
sample  #  6  reveals  three  DLTS  peaks  at  124  K  (DLNO,  284  K  (DLN2),  and  445  K  (DLN3), 
respectively,  which  arise  from  electron  emission  from  three  electronic  deep  levels  to  the 
conduction  band.  The  peak  in  the  DLTS  spectrum  of  sample  #  6  labeled  DLN3  is  not  completely 
monitored  in  the  temperature  range  of  our  measurment.  The  spectrum  of  sample  #  7  exhibits  two 
DLTS  peaks  at  140  K  and  304  K  which  are  also  labeled  DLNi  and  DLN2.  In  the  temperature 
range  displayed  in  Fig.  4  (90  K  -  460  K),  no  other  deep  level  could  be  detected  with  the  sensitivity 
of  ~1  fF  of  our  DLTS  measurement. 

A  DLTS  spectrum  taken  for  p-type  GaN  (sample  #  9)  is  shown  in  Fig.  5.  The  delay  times  ti 
and  t2  are  12  ms  and  36  ms,  respectively;  the  emission  rate  is  45.8  s'\  The  spectrum  reveals  three 
peaks  at  230  K  (DLPi) ),  306  K  (DLP2),  and  430  K  (DLP3),  which  arise  from  hole  emission  from 
three  electronic  deep  levels  to  the  valence  band. 

The  activation  energies  for  electron  and  hole  emission  of  the  deep  levels  were  determined  by  an 
Arrhenius  analysis  of  the  electron  and  hole  emission  time  constants. The  analysis  yields 
activation  energies  for  electron  and  hole  emission  into  the  conduction  and  valence  band, 
respectively.  However,  the  determination  of  the  activation  energy  depends  on  the  temperature 
dependence  of  the  electron  and  hole  capture  cross  section.  In  Table  III  we  summarize  the 
activation  energies  for  the  observed  deep  levels  in  n-  and  p-type  GaN  with  DLTS.  These  energies 
have  not  been  corrected  for  any  temperature  dependence  (Gn  T®).  The  uncertainty  of  these 
values  is  dominated  by  the  unknown  temperature  dependence  of  Gn.  In  addition,  these  values  may 


Temperature  (K) 


Figure  4.  DLTS  signal  (C(ti)  -  C(t2))  vs  temperature  for  Schottky  diodes  on  Si-doped,  n-type 
GaN.  The  peaks  in  the  spectra  result  from  the  emission  of  electrons  from  deep  levels  and 
are  labeled  DLNi,  DLN2,  and  DLN3. 
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Figure  5.  DLTS  spectrum  for  p-type,  Mg-doped  GaN.  The  DLTS  peaks  are  due  to  hole 
emission  from  deep  levels  into  the  valence  band. 

be  influenced  by  the  Poole-Frenkel  effect  which  significantly  lowers  the  activation  energies  for 
electron  emission  from  donor  levels  or  hole  emission  from  acceptor  levels  in  the  space  charge 
region  of  a  Schottky  or  pn-junction  diode,  respectively.^^ 

The  amplitude  of  each  peak  in  the  DLTS  spectra  of  Fig.  4  and  5  relates  to  the  concentration  Nt 
of  the  corresponding  level.^^  The  concentration  of  the  deep  levels  DLNi  to  DLN3,  and  DLPi  to 
DLP3  are  also  shown  in  Table  III. 

The  deep  levels  which  are  labeled  DLNi  and  DLN2  with  activation  energies  -0.15  eV  and 
-0.45  eV  seem  to  be  present  in  both  n-type  GaN  films.  Their  origin  is  unknown  and  either  native 
defects  or  common  impurities  present  in  source  or  carrier  gases  used  in  MOCVD  growth  may  be 
responsible.  A  study,  conducted  by  Lee  and  coworkers^'^  investigated  the  effect  on  group  III- 
Alkyl-sources  on  deep  levels  in  GaN  grown  by  MOCVD.  Two  films  one  grown  with 
triethylgallium  (TEGa)  and  the  other  with  trimethylgallium  (TMGa)  as  the  Ga  source  were 
studied.  Deep  levels  with  activation  energies  of  -0.14  eV  and  -0.49  eV  were  detected  in  GaN 
grown  with  TMGa  but  none  of  these  levels  was  observed  in  the  film  grown  with  TEGa.  Electronic 
levels  with  similar  activation  energies  like  DLNi  and  DLN2  were  also  reported  for  GaN  material 
grown  by  hydride  vapor  phase  epitaxy.^'’  The  third  deep  level  labeled  DLN3  is  observed  only  in 
sample  #  6.  DLN3  is  the  dominant  defect  in  sample  #  6  but  absent  in  sample  #  7.  A  similar  DLTS 
signal  was  observed  by  Lee  and  coworkers^"^  but  its  presence  was  found  to  be  independent  of  the 
metal-organic  Ga  source.  The  authors  determined  an  activation  energy  of  1.63  eV  for  this  level. 
However,  the  determination  of  the  activation  energies  by  an  Arrhenius  analysis  for  peaks  which 
appear  at  temperatures  above  -  300  K  in  the  DLTS  spectrum  is  associated  with  a  large 
uncertainty.  Therefore,  our  level  DLN3  (AEt  -(0.8  +  0.3)  eV)  may  be  identical  with  the  level 
observed  in  Ref  24.  The  origin  of  the  defect  that  gives  rise  to  DLN3  is  also  unknown. 
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Table  III.  Activation  energies  AEt  (row  four)  and  concentrations  Nt  (row  Five)  as  determined  with  DLTS  for 
the  n-type  GaN  samples  #  6  (columns  two,  four,  and  six),  7  (columns  three  and  five),  and  the  p-type  sample  # 
9  (columns  seven,  eight,  and  nine). 


n-type  GaN 

p-type  GaN 

deep  level 

DLNi 

DLN2 

DLN3 

DLPi 

DLP2 

DLP3 

sample  # 

6 

7 

6 

7 

6 

9 

9 

AEt  (eV) 

0.15 

0.16 

0.46 

0.44 

0.8 

0.21 

0.32 

0.47 

Nt(10'^  cm-’) 

2+1 

7±1 

6±2 

63  ±10 

122  ±32 

39±  18 

50  ±35 

86  ±62 

Three  deep  levels  were  detected  with  DLTS  for  the  Mg-doped  GaN  film  (DLPi,  DLP2,  and 
DLP3).  The  data  presented  here  represent  the  first  investigation  of  deep  levels  with  DLTS  in  p- 
type,  Mg-doped  GaN.  To  resolve  the  origin  of  these  levels  further  studies  are  required. 

Deep  levels  with  activation  energies  for  electron  or  hole  emission  >1  eV  are  usually  not 
detectable  with  DLTS  due  to  practical  limitations,  for  instance,  the  temperature  range  of  the 
DLTS  measurement.  0-DLTS  is  a  sensitive  tool  to  detect  deep  levels  over  the  entire  band  gap  of 
wide  band  gap  semiconductors.  However,  to  simplify  the  interpretation  of  the  0-DLTS  results  we 
have  limited  the  energy  of  the  excitation  photons  to  <Egap  /  2.  With  this  limitation  excitation 
processes  involving  minority  carriers  are  excluded.  0-DLTS  results  from  sample  #  6  and  7  are 
summarized  in  Fig.  6.  The  0-DLTS  data  are  presented  as  relative  steady  state  capacitances  vs 
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Fig.  6.  Dependence  of  the  relative  steady  state  photo  capacitance  on  photon  energy  for 
sample  A  (solid  squares)  and  B  (open  circles).  The  spectra  display  distinct  steps  marked 
with  arrows  and  the  corresponding  optical  threshold  energy,  due  to  electron  photoemission 
from  distinct  deep  levels. 
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Table  IV.  Optical  threshold  energies  (Eot)  and 
concentrations  (Nt)  of  deep  levels  as  characterized  in 
samples  A  and  B  with  O-DLTS. 


sample  #  6 

sample  #  7 

Ear(eV) 

Nt  (cm’-'^) 

Ecyr(eV) 

Nt  (cm'^) 

1.07 

1.21 

1.31 

1.3x10'-' 

1.25 

6.3x10'^ 

1.41 

1.3x10" 

1.45 

>4x10'^ 

1.49 

1.7x10" 

1.59 

>1x10" 

wavelength  of  the  excitation  light  (ACss(hv)).  The  spectra  increase  monotonically  with  hv  because 
ACss(hv)  is  proportional  to  the  sum  of  charge-change  contributions  from  optically  active  deep 
levels  that  reside  within  an  energy  interval  that  extends  up  to  hv.  Each  level  introduces  a  step  in 
the  ACgs  spectrum,  near  its  optical  threshold  energy  Eot-  The  spectra  for  sample  #  6  and  7  display 
six  and  four  abrupt  increases  in  slope,  respectively,  each  of  which  can  be  associated  with  a  distinct 
deep  level.  Eqt  is  defined  as  the  energy  position  of  a  peak  that  appears  for  each  deep  level  in  the 
derivatives  of  the  ACgg  spectra. 

With  each  step  in  the  spectra  of  Fig.  6  is  associated  a  step  height,  which  is  proportional  to  the 
concentration  of  the  corresponding  deep  level;  saturation  was  not  achieved  for  the  levels  with  the 
highest  threshold  energy  for  both  samples  within  the  chosen  ranges  for  hv.  The  uniform  densities 
of  deep  levels  can  be  estimated  from  the  step  heights^^  and  are  summarized  in  Table  IV. 

In  both  samples  energetically  closely  spaced  levels  are  detected  with  O-DLTS.  In  each  sample 
the  deep  levels  appear  to  have  similar  concentrations  (Table  IV).  This  may  be  indicative  of  a 
common  or  related  origin  for  the  several  deep  levels.  To  date,  the  defects  that  are  associated  with 
these  deep  levels  are  unknown.  Candidates  are  transition  metal  impurities^^  or  native  defects.^** 

CONCLUSION 

Si  is  a  shallow  donor  in  GaN  with  an  activation  energy  of  ~17  meV  and  is,  therefore,  well 
suited  as  a  dopant  for  the  preparation  of  n-type  GaN  layers  with  electron  concentrations  in  the 
range  up  to  10^®  cm'^.  However,  p-type  doping  with  Mg  remains  problematic  for  GaN  devices. 
Due  to  an  activation  energy  of  -170  meV,  less  than  -1  %  of  the  acceptor  concentration  is 
available  as  holes  in  a  Mg-doped  GaN  layer  at  room  temperature  even  when  all  the  Mg  atoms  act 
as  acceptors.  Still,  Mg  is  the  shallowest  acceptor  known  to  date,  and  due  to  the  hole  effective 
mass  it  seems  unlikely  that  acceptors  with  smaller  activiation  energies  wiU  be  available  for  GaN. 
Deep  levels  are  present  in  GaN  and  may  play  an  important  role  in  defect  luminescence  bands 
observed  in  GaN  and  may  act  as  parasitic  radiative  or  non-radiative  recombination  channels  in 
light  emitting  devices.  For  the  fabrication  of  laser  diodes,  removal  of  deep  level  defects  will  be 
important. 
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ELECTRONIC  AND  OPTICAL  PROPERTIES  OF  THE  GROUP-III  NITRIDES, 
THEIR  HETEROSTRUCTURES  AND  ALLOYS 
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ABSTRACT 

Various  aspects  of  the  electronic  structure  of  the  group  III  nitrides  are  discussed.  The  re¬ 
lation  between  band  structures  and  optical  response  in  the  vacuum  ultraviolet  is  analyzed  for 
zincblende  and  wurtzite  GaN  and  for  wurtzite  AIN  and  compared  with  available  experimental 
data  obtained  from  reflectivity  and  spectroscopic  ellipsometry.  The  spin-orbit  and  crystal  field 
splittings  of  the  valence  band  edges  and  their  relations  to  exciton  fine  structure  are  discussed 
including  substrate  induced  biaxial  strain  eSects.  The  band-offsets  between  the  Ill-nitrides  and 
some  relevant  semiconductor  substrates  obtained  within  the  dielectric  midgap  energy  model  are 
presented  and  strain  effects  which  may  alter  these  values  are  discussed.  The  importance  of  lattice 
mismatch  in  bandgap  bowing  is  exemplified  by  comparing  AlxGai_a;N  and  In^Gai-aiN. 

INTRODUCTION 

The  interest  in  group-III  nitrides  for  opto-electronic  applications  is  currently  experiencing  an 
explosive  growth.  Still,  many  of  their  fundamental  materials  properties  are  only  poorly  known  in 
comparison  with  other  semiconductors.  In  this  paper,  we  review  the  current  state  of  understand¬ 
ing  of  their  band  structure  and  related  optical  properties  and  discuss  some  particular  aspects  in 
detail. 

While  many  band  structure  calculations  have  appeared  over  the  last  few  years,  (See  [1]  for  an 
overview),  the  majority  of  these  calculations  have  focused  on  obtaining  a  few  of  the  important 
total  energy  properties  such  as  lattice  constants,  bulk  moduli  and  a  general  pictme  of  the  band 
structure  without  providing  much  discussion  of  their  relation  to  experimental  probes  of  the  band 
structure.  The  early  band  structure  work  of  the  1960’s  [2]  used  the  semi-empirical  pseudopotential 
method  in  which  UV  reflectivity  data  are  used  to  adjust  pseudopotential  parameters.  While 
by  construction  that  approach  accounts  reasonably  well  for  the  optical  response  functions  as 
they  were  known  at  the  time,  it  suffers  from  non-uniqueness  in  assigning  particular  interband 
transitions  to  observed  features  in  reflectivity.  It  turns  out  that  the  band  structures  obtained 
in  this  manner  differ  greatly  from  several  recently  reported  band  structure  results  based  on  the 
local  density  approximation  (LDA)  [3].  It  thus  appears  necessary  to  re-examine  the  relation 
between  the  UV  optical  response  and  the  band  structures.  The  LDA  band  structure  has  the 
disadvantage  that  strictly  speaking  it  does  not  provide  the  quasiparticle  excitation  energies  but 
merely  intermediate  results  in  obtaining  the  tot^  energy  of  bonding  between  electrons  and  nuclei. 
Quasiparticle  energies  are  the  energies  for  extracting  and  electron  from  or  adding  an  electron  to 
the  system  as  measured  by  photoemission  and  inverse  photoemission.  Fortunately,  calculations 
of  the  self-energy  corrections  to  the  LDA  band  structure  have  been  carried  out  for  GaN  and 
AIN  using  the  GW  ^  approach  by  a  few  groups  [4,  5].  Furthermore,  considerable  insights  in  the 
magnitude,  k-point,  specific  state  and  energy  dependence  of  these  corrections  has  accumulated 
from  studies  in  other  semiconductors.  From  these  studies,  we  know  that  the  main  correction 
to  the  LDA  band  structure  is  an  almost  constant  gap  correction  for  the  bands  within  at  least 
about  5  eV  from  the  gap.  Before  we  can  gauge  the  accuracy  of  these  rather  involved  GW 
calculations,  however,  we  need  a  better  understanding  of  the  experimental  spectra  which  means 
that  we  need  to  re-examine  the  assignment  of  interband  transitions.  We  [6]  (and  some  other 
authors  [7,  9])  have  recently  calculated  the  dielectric  response  function  £2(0;)  within  the  random 
phase  approximation  (RPA)  from  LDA  band  structures.  In  addition,  we  have  analyzed  in  detail 
how  the  latter  is  decomposed  into  its  various  interband  transition  contributions.  Here,  we  briefly 
present  these  results  for  zincblende  GaN  and  wurtzite  AIN  while  for  wurtzite  GaN  this  analysis 
can  be  found  in  [6].  We  compare  our  results  with  experimental  reflectivity  [6,  8]  and  spectroscopic 
ellipsometry  data[9,  10,  11].  This  is  not  trivial  because  optical  response  (which  basically  probes 
two-particle  excitations)  may  involve  further  many-body  corrections  beyond  the  GW  approach  for 

^GW  stands  for  the  first  term  in  a  perturbation  theoretical  expansion  for  the  self-energy  introduced  by  Lars 
Hedin  and  Stig  Lundqvist  in  Solid  State  Physics,  VoL  23,  p.  1  (1969),  with  G  the  one-electron  Green’s  function 
and  W  the  screened  Coulomb  interaction. 
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single  particle  excitations.  Our  interpretation  of  the  discrepancies  between  theory  and  experiment 
differs  from  that  of  other  authors  [9,  10,  11],  Further  insights  are  gained  by  edso  comparing  the 
occupied  states  to  photoemission  data. 

While  the  band  structure  probes  on  this  large  energy  (several  eV)  scale  are  clearly  strongly 
pertiubed  by  many-body  effects,  the  band  structure  details  near  the  band  edges  should  not  suffer 
so  much  from  these  effects.  Of  course,  excitonic  effects  are  prominent  but  should  not  vary  greatly 
with  energy.  We  thus  expect  that  the  LDA  band  structures  will  account  rather  well  for  the 
excitonic  fine  structure  related  to  the  valence-band  splittings  near  the  valence-band  maximum. 
The  main  issue  here  is  whether  the  current  calculations  are  sufficiently  accurate  at  meV  scale  to 
be  useful  in  the  understanding  of  the  strain  effects  on  these  splittings.  We  will  show  that  they  are 
by  discussing  the  spin-orbit  splittings  and  crystal  field  splitting  and  their  dependence  on  uniaxial 
strain  in  the  second  part  of  this  paper. 

Band  offsets  at  heterostructures  among  the  Ill-nitrides  are  expected  to  depend  strongly  on 
interface  specific  effects  because  of  the  polar  nature  of  the  interfaces.  However,  as  we  shall  discuss, 
we  expect  these  interface  and  biaxial  strain  effects  to  become  pertinent  only  when  very  high  quality 
interfaces  are  obtained.  Hence,  for  the  time  being,  a  much  simpler  bulk-like  alignment  of  energy 
levels  seems  appropriate.  We  discuss  this  issue  and  provide  band  offsets  between  the  nitrides  and 
some  relevant  semiconductor  substrates  based  on  the  dielectric  midgap  energy  approach  [12]  and 
explain  how  bulk  strain  corrections  can  be  added  to  the  latter. 

Finally,  we  discuss  the  band  gap  bowing  in  In^Gai-^pN  which  has  recently  become  of  great 
interest  in  view  of  the  important  role  of  this  alloy  in  fine  tuning  the  light  emission  in  the  blue- 
green  region  in  nitride  LEDs.  By  comparing  with  the  results  for  Al^Gai-iN  we  indentify  the 
important  role  of  bond  length  mismatch.  A  brief  summary  of  the  results  concludes  this  paper. 

COMPUTATIONAL  METHOD 

As  discussed  in  the  introduction,  the  LDA  [3]  is  the  basic  approximation  in  our  band  structure 
approach.  Specifically,  we  use  the  Hedin-Lundqvist  parametrization  [13]  of  exchange  aind  corre¬ 
lation.  For  the  band  structure  calculations  we  use  the  linear  muffin-tin  orbital  method  [14].  The 
band  dispersions  of  the  Ga3d  and  In4d  semi-core  levels  are  included.  For  the  optical  calculations 
we  use  the  standard  RPA  formulation  on  which  details  can  be  found  in  [6].  The  only  difference 
with  the  method  used  in  that  paper  is  that  we  have  recently  set  up  an  optical  properties  program 
using  the  more  efficient  tight-binding  linear  muffin-tin  orbital  implementation.  Also,  we  have 
optimized  the  Brillouin  zone  (BZ)  integrations,  which  use  the  tetrahedron  method,  by  including 
the  symmetry  rotation  operations  on  the  matrix  elements  while  integrating  over  the  entire  BZ 
(instead  of  only  the  irreducible  wedge)  following  the  approach  described  by  Blochl  et  al.  [15]. 
The  optical  calculations  were  based  on  the  band  structure  calculated  within  the  atomic  sphere 
approximation  (ASA)  ^.nd  at  the  experimental  lattice  constants.  We  have  separately  checked 
the  latter  with  full-potential  (FP)  [16]  calculations  which  make  no  shape  approximations  to  the 
potential  or  charge  density  and  found  that  for  the  eV  scale  no  significant  deviations  occur.  For 
the  ceilculations  of  the  valence  band  edge  fine  structure  and  its  strain  dependence,  however,  where 
the  relevant  precision  is  meV,  we  found  it  important  to  use  the  FP  approach.  For  the  spin-orbit 
coupling,  which  mainly  derive  from  the  inner  part  of  the  atomic  spheres,  the  ASA  is  adequate 
and  was  used. 

UV  OPTICAL  RESPONSE 
GaN 

Fig.  1  compares  our  calculated  C2(w)  with  experimental  data  for  wurtzite  (w)  and  zincblende 
(z)  GaN.  The  data  for  wurtzite  were  obtained  from  Kramers-Kronig  analysis  of  UV-reflectivity 
for  synchrotron  radiation  up  to  40  eV.[6]  The  data  for  zinblende  GaN  were  obtained  from  spec¬ 
troscopic  ellipsometry  also  using  syncffiotron  radiation  [11].  These  provide  the  largest  range  of 
energies  presently  available.  These  data  agree  well  with  previous  ellipsometry  studies  for  both 
z-GaN  and  w-G^  by  Logothedis  et  al.  [9,  10]  in  the  lower  energy  region.  The  calculated  re¬ 
sults  were  in  both  cases  shifted  rigidly  upwards  by  ~1  eV,  which  provides  a  minimum  (room 
temperature)  gap  of  3.4  eV  for  w-GaN  and  3.1  eV  for  z-GaN.  For  w-GaN,  the  peak  positions  in 
theory  and  experiment  agree  well  over  the  whole  range  of  energies  considered,  although  there  are 
rather  strong  deviations  in  intensity.  For  z-GaN  on  the  other  hand,  the  upper  peaks  agree  well 
but  the  first  peak  usually  identified  as  the  combination  of  the  Ei  and  E2  transitions,  is  at  lower 
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Figure  1:  Calculated  (thin  lines)  and  experimental  (thick  lines)  e2(w)  for  wurtzite  [6]  and 
zincblende  [11]  GaN. 

energy  than  the  calculated  peak.  We  note  that  our  theory /experiment  alignment  differs  from 
that  of  Petalas  et  al.  [9]  and  Janowitz  et  al.  [11]  who  both  compare  directly  with  the  LDA  results 
without  using  any  gap  correction.  In  that  case  the  lower  peak  agrees  well  but  the  upper  peaks 
are  too  low  and  the  minimum  gap  is  too  low.  The  latter  authors  ascribe  the  discrepancy  for  the 
upper  peaks  tentatively  to  problems  of  the  calculations  for  higher  energy  transitions.  However, 
it  is  rather  difficult  to  explain  why  the  peak  in  the  6-8  eV  range  would  come  out  correctly  from 
the  uncorrected  LDA  calculation  if  the  minimum  gap  is  known  to  be  underestimated  by  about  1 
eV.  The  GW  correct  ions  [4]  are  found  to  be  approximately  constant,  in  fact  slightly  increasing, 
in  this  energy  range  rather  than  decreasing  as  would  be  needed  to  explain  the  theory-experiment 
alignment  proposed  by  those  authors. 

In  an  attempt  to  understand  the  origin  of  this  significant  discrepancy,  we  first  examine  the 
nature  of  the  transitions  involved.  A  straightforward  decomposition  into  individual  band-to- 
band  transitions  (but  still  integrated  over  the  whole  BZ)  reveals  that  the  7-9  eV  (theoretical) 
peak  derives  mainly  from  transitions  between  the  top  valence  band  and  the  lowest  conduction 
band.  If  the  small  infiuence  of  matrix  elements  is  ignored  (which  we  checked  by  comparing  with 
a  separate  calculation  with  matrix  elements  assumed  to  be  constant),  the  peaks  should  come 
mainly  from  the  regions  of  large  joint  density  of  states,  i.e.,  regions  with  nearly  parallel  bands. 
Fig.  2  shows  the  difference  between  the  bands  involved  as  a  2D  function  within  the  TLXK  plane. 
Regions  of  constant  energy  difference  in  this  plot  correspond  to  parallel  bands.  As  usual  in  most 
semiconductors,  there  is  a  region  of  nearly  parallel  bands  along  A  =  V-L  near  the  L-point.  The 
L-point  itself  is  an  Mi  saddle  point,  i.e.,  the  curvature  is  upward  in  two  directions  and  downward 
in  one.  This  2D  singularity  or  critical  line  is  usually  associated  with  the  Ei  transition,  or  the  first 
peak  above  the  minimum  gap.  We  may  note,  however,  that  the  Lzv  -  Lie  transition  itself  occurs 
at  6.79  eV  which  is  below  the  first  main  peak  in  this  region.  It  rather  corresponds  to  a  minor 
change  in  slope  barely  detectable  on  the  steeply  rising  slope.  Similarly,  there  is  a  somewhat  leirger 
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Figure  2:  Interband  transition  energy  £^ci{k)  -  -E'tji(k)  for  z-GaN. 

flat  region  along  A  =  F  -  X  near  X  which  is  often  associated  with  E2.  The  —  Xu  critical 
point  of  type  Mq  {a  minimum)  is  at  7.09  eV  and  thus  still  below  the  main  peak.  It  is  noteworthy 
that  these  two  critical  points  are  unusually  close  in  energy  in  GaN.  Furthermore  we  see  from  Fig. 
2  that  they  form  part  of  a  rather  extended  2D  region  in  k-space  where  the  band  difference  is 
rather  slowly  varying.  This  flat  region  wraps  itself  around  the  maximum  near  the  K  point  and 
extends  from  near  the  X  —  K  —  T  axis  towards  L  and  back  to  the  F  —  X  axis.  This  extended 
region  is  responsible  for  the  main  first  broad  peak  which  has  maxima  at  7.8  and  8.5  eV  in  the 
calculated  spectrum.  The  experimental  peak  positions  labeled  Ei  and  E2  are  at  7.03  and  7.63  eV. 
This  suggests  that  strong  continuum  excitonic  effects  of  the  type  discussed  by  del  Castillo-Mussot 
and  Sham  [17]  for  Si  and  Ge  may  be  associated  with  these  critical  points.  The  net  effect  of  these 
excitonic  phenomena  is  to  shift  oscillator  strength  to  lower  energies.  Since  a  particularly  large 
region  of  truly  parallel  bands  occurs  along  A  near  X  we  speculate  that  its  excitonic  strength  could 
be  quite  pronounced.  In  fact,  del  Castillo-Mussot  and  Sham  [17]  found  that  the  E2  transition  is 
reduced  in  intensity  by  these  many-particle  effects  and  gives  rise  to  an  exciton  quasi  bound  state 
which  for  Si  occurs  0.2  eV  below  the  E2  edge.  Because  the  high-frequency  dielectric  constant  is 
considerably  lower  in  GaN,  we  may  expect  an  even  larger  excitonic  shift.  Because  the  Ei  and  E2 
edges  in  GaN  are  so  close  to  each  other,  the  E2  related  exciton  might  fall  below  the  Ei  transition 
in  a  region  of  low  spectral  intensity  and  hence  be  less  subject  to  Fano  broadening  by  interaction 
with  the  continuum.  These  authors  also  find  the  Ei  edge  to  be  slightly  shifted  and  increased 
in  intensity.  As  discussed  by  Hanke  and  Sham  [18]  for  diamond  and  Si,  local  field  effects  are 
also  important.  From  Hanke  and  Sham’s  work  [18],  however,  the  local-field  efiect  alone  without 
electron-hole  attraction  tends  to  shift  oscillator  strength  to  higher  energies  and  would  thus  worsen 
the  agreement  with  experiment. 

What  is  puzzling  is  that  these  phenomena  seem  to  affect  z-GaN  more  strongly  than  w-GaN. 
We  may  note,  however,  that  in  w-GaN  there  is  a  strong  reduction  in  peak  intensity  (in  experiment 
compared  to  theory)  with  increasing  energy.  While  we  have  previously  axgued  [6]  that  this  can  at 
least  partially  be  explained  by  diffuse  scattering  due  to  surface  roughness  and  partial  misalingment 
of  grains,  it  could  also  be  a  manifestation  of  the  same  many-body  effects  which  shift  oscillator 
strength  to  lower  energies.  In  w-GaN  this  effect  would  mainly  appear  to  shift  strength  from  one 
peak  to  another.  In  z-GaN,  on  the  other  hand,  because  of  the  close  proximity  of  the  Ei  and  E2 
like  transitions,  which  merge  into  a  single  broad  band  lying  above  a  region  of  low  intensity,  the 
effect  has  more  the  appearance  of  a  peak  shift.  We  tentatively  suggest  that  both  in  z-GaN  and 
in  W-GaN  excitonic  effects  may  be  strong.  Clearly,  however,  more  work  in  this  area  is  desirable. 
AIN 

Fig,  3  shows  our  calculated  reflectivity  for  w-AlN  compared  to  the  data  of  Loughin  et  al.  [8]. 
Again,  we  shifted  the  LDA  results  (by  1.7  eV)  so  as  to  adjust  the  minimum  band  gap  (to  6.3  eV). 
This  apparently  provides  good  agreement  for  the  entire  lowest  peak  below  12  eV.  There  are  some 
features  in  the  experiment  below  the  6.3  eV  gap  which  are  probably  related  to  defects.  Oxygen 
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Figure  3:  Calculated  and  measured  (from  Ref.  [8])  UV-reflectivity  of  w-AlN. 

is  an  important  known  contaminant  in  the  samples  measured  by  Loughin  et  al.  [8]  and  may  be 
responsible.  Discrepancies  in  peak  position  and  a  strong  attenuation  of  intensity,  however,  are 
apparent  at  higher  energies.  In  particular  the  second  peak  in  the  experiment  appears  to  occur  at 
about  14-15  eV  while  in  the  theory  it  occurs  at  12.5  eV.  While  in  this  case  the  shift  is  towards 
higher  energies,  which  is  a  little  more  expected  if  self-energy  corrections  increase  with  increasing 
energy  separation  from  the  gap,  a  1.5-2  eV  eV  shift  is  not  expected  from  Rubio  et  al.’s  [4]  GW 
calculations.  Our  calculations  of  the  decomposition  into  band-to-band  transitions  reveal  that  the 
12.5  eV  peak  comes  mostly  from  transitions  to  the  3rd  and  4th  conduction  band  in  agreement 
with  Christensen  and  Gorczyca’s  analysis  [7].  The  difference  in  GW  corrections  for  these  bands 
from  those  at  the  minimum  gap  is  about  1.2  eV.  Further  work  will  be  necessary  to  unravel  these 
discrepancies. 

Photoemission 


X-ray  photoelectron  spectroscopy  (XPS)  of  GaN  was  studied  in  [19].  There  we  showed  that 
while  the  Ga3d  states  overlap  and  hybridize  with  the  N2s  band  in  the  LDA  band  structure, 
the  hole  left  behind  when  a  Ga3d  is  extracted  from  the  band  has  a  binding  energy  well  below 
that  of  the  N2s  band.  ’.This  is  just  another  example  of  the  many-body  effects  which  perturb  a 
straightforward  comparison  of  band  structures  with  experimental  spectroscopies.  We  also  found 
that  the  N2s  band  undergoes  a  ~1.5  eV  downward  shift  relative  to  the  top  of  the  valence  band. 
This  is  in  good  agreement  with  the  predictions  of  Rubio  et  al.’s  [4]  GW  calculations. 

In  InN  the  same  type  of  effects  are  expected.  We  calculated  the  expected  shift  of  the  In4d 
band  from  its  LDA  value  to  be  about  3  eV.  In  AIN,  it  is  easier  to  observe  the  N2s  shift  because  it 
is  not  overshadowed  by  a  closeby  and  strong  Ga3d  or  In4d  semicore  peaks.  Details  on  the  AIN  are 
provided  elsewhere  in  these  proceedings  [20].  In  summary,  the  comparison  of  our  LDA  calculated 
densities  of  states  with  recent  photemission  measurements  confirms  the  need  for  self-energy  shifts 
as  predicted  by  Rubio  et  al.  [4],  which  are  slowly  increasing  with  energy  to  about  0.5  eV  as  one 
goes  down  into  the  upper  valence  band  and  discontinuously  increase  to  about  1.5  eV-2  eV  in  the 
lower  N2s  band.  For  the  In4d  and  Ga3d  semicore  bands  these  effects  are  of  order  of  3-4  eV.  Thus, 
as  expected,  the  corrections  become  stronger  with  increasing  localization  of  the  orbitals  involved. 
BAND  EDGE  STRUCTURE 


In  this  section,  we  consider  the  valence-band  edge  splittings  which  are  revealed  by  the  exciton 
fine  structure.  In  z-GaN,  the  modulated  reflectivity  spectra  of  Ramirez-Flores  et  al.  [21]  reveal 
the  usual  Eq  and  Eq  +  Aq  peaks  typical  of  direct  gap  zincblende  semiconductors.  The  spin- 
orbit  splitting  Ao  of  the  valence  band  Fis  state  into  a  fourfold  Fs  and  doubly  degenerate  F7  was 
measured  to  be  17±1  meV. 

For  w-GaN,  the  reflectivity  spectra  of  Dingle  et  al.  [22],  Shan  et  al.  [23],  Gil  et  al.  [25], 
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photoluminescence  excitation  spectra  by  Monemar  [26],  and  photoluminescence  spectra  as  well  as 
calorimetric  absorption  and  reflection  spectroscopy  by  Eckey  et  al.  [24]  show  three  well  sepzirated 
excitons  labeled  A,  B  and  C.  In  the  absence  of  spin-orbit  coulping,  the  hexagonal  crystal  field  splits 
the  zincblende  Fis  state  into  a  doublet  Fe  and  a  singlet  Fi  state  (not  coimting  spin  degeneracy), 
whose  splitting  we  shall  denote  by  Ac-  With  the  inclusion  of  the  spin-orbit  coupling,  the  Fe  states 
splits  into  a  Fg  and  F?  state,  while  the  Fi  becomes  a  F7  state  in  the  notation  of  the  double  group. 
The  two  F7  states  repel  each  other  and  lead  to  a  simple  quadratic  eigenvalue  problem  with  the 
result  that  the  Fg  -  F?  splittings,  which  correspond  to  the  A-B,  A-C  splittings,  are  given  by 

Et.  -  Er,  =  ±  +  A„)2  -  ?A„A„  (1) 

within  the  quasi-cubic  model  of  Hopfield[27]. 

We  have  separately  calculated  the  spin-orbit  splitting  parameter  Ag  of  the  cubic  zincblende 
structure  and  the  hexagonal  crystal  field  splitting  Ac  and  its  uniaxial  strain  dependence,  i.e.  its 
dependence  on  c/a,  and  then  combined  them  with  Eq.(l)  to  obtain  the  A-B-C  exciton  splittings. 

Spin-orbit  splitting 

Table  I  gives  our  calculated  spin-orbit  splitting  parameters  Ag  for  zincblende  BN,  AIN,  GaN 
and  InN. 

Table  I:  Spin-orbit  splitting  Ag  (in  meV)  in  zincblende  nitrides, 
theory  d  as  core  experiment 
BN  22 

AIN  19 

GaN  19  21  17±1 

InN  3  19 


We  note  that  they  are  very  similar  in  all  nitrides  except  for  InN.  Within  a  tight-binding  model 
for  the  Fis  wave  function  \ipv)  the  spin-orbit  splitting  has  as  main  contributions: 

Ag  =  (3/2)(|(^jV2p|V’v)PCjV2p  +  \{(l>Xnp\'fpv)fCxnp  —  K^X(n-l)diV’i>)PCx(u-l)rf)  (2) 

where  ^Rni  are  atomic  spin-orbit  coupling  parameters  and  \^Rni)  axe  the  atomic  orbitals  of  quan¬ 
tum  numbers  nl  on  atomic  site  JR,  with  X  standing  for  the  cation.  Because  of  the  strongly  ionic 
character,  the  only  major  contribution  for  the  nitrides  (except  InN)  is  from  the  atomic  N2p  cou¬ 
pling  parameter  Cp  (which  is  13.6  meV  in  the  firee  atom  and  slightly  renormalized  by  the  ionic 
character  in  the  solid).’ The  contribution  from  the  lower  cation  d-state  (Ga3d  and  In4d)  is  neg¬ 
ative  for  reasons  explained  by  Shindo  et  al.  [28]  and  as  first  noted  empirically  by  Cardona  [29] 
for  the  Cu-halides.  It  is  much  more  significant  for  InN  than  for  GaN  because  the  In4d  Q  (385 
meV)  is  almost  twice  as  large  as  that  of  Ga3d  (206  meV)  and  because  the  d-mixing  is  stronger 
in  InN.  Additional  evidence  of  this  is  that  if  we  neglect  the  coupling  to  these  d-states  by  treating 
them  as  core  states,  the  GaN  value  is  slightly  larger  and  the  InN  value  becomes  similar  to  that 
of  the  other  nitrides,  as  indicated  in  the  second  column  in  Table  I.  Om  result  for  GaN  is  in  good 
agreement  with  the  experimental  value. 

Crystal  field  splitting  and  strain 

The  hexagonal  crystal  field  splitting  is  similar  to  that  induced  by  a  [111]  uniaxial  rhombohedral 
strain  in  zincblende.  Not  unexpectedly,  this  splitting  is  strongly  dependent  on  the  c/a  ratio  which 
in  turn  is  closely  coupled  to  the  internal  structural  parameter  u,  corresponding  to  a  relative 
displacement  of  the  anion  versus  the  cation  sublattice  along  the  c-axis  as  in  the  Ai  transverse 
optical  phonon  mode[30].  We  found  that  this  optical  mode  deformation  potential  is  quite  strong. 

Fig.  4  shows  the  calculated  splitting  of  the  Fg  and  Fi  states  relative  to  their  weighted 
average  in  wurtzite  GaN  as  a  function  of  t)  =  cja  (with  u  relaxed  at  each  point)  and  u  (at  the 
equilibrium  c/a)  at  constant  equilibrium  volume.  The  crystal  field  splitting  at  the  experimental 
c/a  and  u  parameters  is  19  meV,  which  combined  with  the  19  meV  spin-orbit  splitting  leads  to 
good  agreement  with  the  A-B-C  excitonic  splittings  as  can  be  seen  in  Table  II.  The  variation 
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Figiire  4:  Crystal  field  splitting  as  a  function  of  c/a  and  u  in  w-GaN. 

between  the  experimental  numbers  is  probably  in  part  due  to  dilferent  strains  in  the  samples. 
It  is  presently  not  entirely  clear  what  the  best  experimental  values  are  for  strain-free  material. 
The  experimental  determination  is  further  complicated  by  the  occurence  of  n  =  2  excited  states 
of  the  A  exciton  near  the  energy  of  the  C  exciton.  Our  present  values  were  calculated  at  the 
experimental  c/a  and  a  lattice  constants  with  u  determined  by  energy  minimization.  We  prefer 
this  procedure  over  using  entirely  first-principles  determined  lattice  constants  because  LDA  is 
known  to  slightly  underestimate  the  lattice  constants.  The  experimental  equilibrium  value  of  u, 
however,  is  not  known  sufiiciently  well  and  is  crucial  because  of  the  strong  dependence  of  Ac  on 
u. 

Table  II:  Exciton  splittings  in  GaN  (in  meV). 


A-B 

A-C 

present 

8 

30 

Ref.  [22] 

6 

27 

Ref.  [23] 

8 

32 

Ref.  [24] 

6 

22.5 

Ref.  [25] 

7 

29 

The  slopes  of  the  lines  in  Fig.  4  are  closely  related  to  the  deformation  potentials.  In  fact,  the 
strain  along  the  c-axis  e|[  =  (2/3)dln77,  and  within  the  cubic  approximation,  we  have 

Ere  =  -{1/2)1^3611, 

Epi  =  -Ac -H  E3g||,  (3) 

in  terms  of  the  deformation  potential  £>3  (as  defined  by  Bir  and  Pikus  [31]).  Within  this  cubic 
approximation,  we  have  £3  =  \/3d  where  d  is  the  deformation  potential  of  zincblende  under  a 
rhombohedral  distortion  along  [111].  The  value  we  have  calculated  for  d  from  z-GaN  is  —3.75 
eV  [33].  This  predicts  a  value  of  -6.5  eV  for  D3,  whereas  the  direct  calculation  for  w-GaN  gives 
-5.7  eV. 

Similarly,  the  slope  as  a  function  of  u  corresponds  to  the  optical  deformation  potential  for 
the  Ai  transverse  optical  phonon,  which  we  may  define  by  d(Er6  —  ErJ  =  D^^dlnu.  Within 
the  cubic  approximation,  the  latter  can  be  written  in  terms  of  the  usual  transverse  optical  mode 
deformation  potential  of  zincblende  (in  Kane’s  notation  dso),  i.e.  =  (3/2)^/2d5o/4.  This 

gives  6.7  eV  for  while  the  direct  calculation  for  wurtzite  gives  6.1  eV. 

We  note  that  under  c/a  expansion  the  A-B-C  splittings  are  expected  to  increase  while  under 
compression  they  are  expected  to  decrease.  For  GaN  grown  on  sapphire  and  relaxed  by  misfit 
dislocations  at  high  temperature  one  expects  that  upon  cooling,  the  GaN  film  obtained  will  be 
under  biaxial  compression  (because  0(^4/203)  >  o(GaJV)  with  a  the  thermal  expansion  coefiB- 
cient).  Using  the  Poisson  ratio  for  the  c-axis  a  =  -2C13/C33,  one  finds  that  c/a  will  be  under 
tension  or  that  the  A-B-C  splitting  should  be  increased  compared  to  the  strain  free  situation. 
This  has  indeed  been  observed  by  Volm  et  al.[34]  by  comparing  the  exciton  splittings  in  thick 
(supposedly  strain  free)  films  with  those  in  thin  films.  On  SiC,  the  opposite  effect  was  obtained  as 
expected  because  a{SiC)  <  a[GaN).  Similar  results  were  also  obtained  by  Monemar  et  al.  [26]. 
However,  if  the  film  were  pseudomorphic,  i.e.  below  the  critical  thickness,  and  hence  without 
misfit  dislocations,  one  might  expect  that  GaN  on  SiC  would  be  under  biaxial  compression,  and 
hence  c/a  tension,  which  would  again  result  in  an  increased  splitting  of  the  excitons.  This  may 
be  the  explanation  for  the  opposite  data  (an  increase  of  the  A-B  splitting  for  GaN  grown  on  SiC) 
reported  by  Edwards  et  al.  [35]  although  further  investigation  of  this  is  required. 
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Table  III:  Valence-band  effective  masses  and  Kohn-Luttinger  parameters  for  GaN. 

wurtzite 


mf^ 

2.04 

0.18 

1.81 

0.19 

1.88 

Ai 

A2 

A3 

>l5 

-5.62 

-0.53 

5.13 

-3.39 

-2.31 

zincblende 

A 

B 

C 

-5.05 

-1.17 

-5.85 

From  calculations  of  the  band  structure  in  the  immediate  neighborhood  of  the  valence-band 
maximum,  we  can  also  extract  the  effective  mass  parameters.  In  wurtzite,  we  must  distinguish  a 
longitudinal  (along  c)  and  transverse  (indicated  by  subscripts  I  and  t)  heavy,  light  and  split-off 
(indicated  by  superscript  hh,  Ih^  and  sh)  hole  masses  whose  values  are  given  in  Table  III.  A  more 
complete  description  of  the  valence-band  manifold  is  obtained  in  terms  of  Kohn-Luttinger-like 
parameters  (also  indicated  in  Table  III)  as  defined  in  Bir  and  Pikus  for  wurtzite  [31]  and  by 
Luttinger  for  zincblende  [32]. 

We  have  also  obtained  the  conduction  band  masses  given  in  Table  IV.  They  appear  to  be 
in  good  agreement  with  the  value  obtained  from  recent  Optically  Detected  Cyclotron  Resonance 
(ODCR)  data  [36],  the  only  direct  measurement,  and  with  the  value  obtained  from  free  electron 
IR  absorption  [37].  They  differ  more  from  the  value  inferred  rather  indirectly  from  the  p- value 
determined  by  conduction  band  Electron  Spin  Resonance  (ESR)  [38].  The  value  of  Ref.  [36] 
was  interpreted  as  a  polaronic  mass  and  a  value  of  0.20  was  deduced  from  it  for  the  pure  band 
structmre  mass. 

Table  IV:  Conduction  band  effective  masses  in  GaN 


wurtzite 

mi  (II  c) 

0.19 

mt  (1  c) 

0.23 

zincblende 

me, 

0.19 

Expt.  [36] 

ODCR 

0.22 

Expt.  [38] 

ESR 

0.15 

Expt.  [37] 

IR  absorption 

0.20 

BAND  OFFSETS 

The  band  offset  can  be  separated  into  two  contributions 

+  D,  (4) 

where  the  first  ones  gives  the  difference  in  bulk  valence  band  edges  as  determined  with  respect 
to  a  common  reference  level  such  as  the  average  electrostatic  potential,  and  the  second  one  is  the 
interface  dipole,  which  is  the  difference  in  the  chosen  local  reference  level  across  the  interface. 
Each  of  these  carry  with  them  a  certain  degree  of  arbitrariness  because  the  average  electrostatic 
potential  in  a  periodic  bulk  solid  is  not  a  uniquely  defined  quantity.  Nevertheless,  as  long  as 
we  choose  it  consistently  in  the  same  way  on  the  right  and  left  of  the  interface,  there  is  no 
problem.  The  band  offsets  between  lattice-mismatched  systems  depend  sensitively  on  the  residual 
strain  in  the  film.  As  mentioned  above,  one  should  distinguish  the  pseudomorphic  situation 
below  the  critical  thickness  where  the  in-plane  lattice  constant  matches  that  of  the  substrate 
and  hence  places  the  film  under  a  biaxial  strain,  and  the  situation  above  the  critical  thickness 
where  misfit  disclocations  relieve  the  strain.  In  the  case  of  a  density  of  dislocations  k  =  1/D 
with  D  the  dislocation  spacing  and  with  Burgers  vector  component  in  the  plane  6,  the  residual 
in-plane  strain  is  given  by  ex  =  a//as  -  1  ~  For  a  thick  enough  film,  one  may  assume  that 
the  strain  is  completely  relieved  by  the  misfit  dislocations  (ex  =  0).  In  fact,  in  the  case  of 
large  mismatch,  it  is  likely  that  the  critical  thickness  is  less  than  a  monolayer  and  that  misfit 
dislocations  are  built  in  from  the  very  start  of  the  growth.  The  residual  strain  situation  may  also 
depend  on  experimental  growth  conditions  and  post-growth  annealing  procedures.  For  a  given 
strain  situation,  the  bulk  changes  in  the  band  structure  which  affect  AD^  can  be  described  by 
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deformation  potentials.  In  general  the  strain  can  be  decomposed  into  a  hydrostatic  component 
and  a  uniaxial  strain  component.  The  previous  section  describes  the  uniaxial  strain  eflfects  on 
the  valence  band  maximum  in  GaN  for  the  basal  plane  or  c-axis.  Similar  results  for  BN,  AIN 
and  InN  will  be  published  elsewhere  [39].  Uniaxial  deformation  potentials  for  zincblende  for  all 
three  symmetry  irreducible  strain  components  are  given  in  Ref.  [39]  allowing  one  to  calculate 
the  strained  band  structure  for  any  interface  orientation.  The  hydrostatic  pressure  shift  of  the 
valence  band  maximum  is  somewhat  more  difficult  to  obtain  because  it  itself  requires  an  interface 
calculation.  Below,  we  discuss  a  simple  model  which  can  provide  some  estimates  of  this  effect. 

For  polar  interfaces  such  as  the  wurtzite  basal  plane,  it  is  possible  that  a  uniform  electric 
field  exists  over  the  thickness  of  the  film,  (or  a  zig-zag  field  in  case  of  a  periodic  superlattice), 
produced  by  spontaneous  polarization  and  the  piezo-electric  effect.  These  fields  may  complicate 
the  analysis  of  the  band-offsets.  Since  a  uniform  electric  field  over  a  substantial  region  of  space  is 
energetically  costly,  we  expect  that  interface  structural  relaxation  will  tend  to  avoid  such  fields. 
This  problem  requires  further  study. 

Table  V:  Energies  (in  eV)  and  absolute  deformation  potentials  of  the  valence  band  maxima  with 
respect  to  the  dielectric  midgap  level  in  Ill-nitrides  and  some  related  semiconductors. 

AIN  GaN  InN  GaAs  SiC  ZnO 

En-Ey  2.81  2.13  1.42  0.66  1.45  2.23 

a„  1.6  0.8  0.5  -0.5  0.5  0.6 


Next,  we  consider  the  interface  dipole.  In  principle,  it  is  interface  specific.  While  for  the 
pseudomorphic  case,  it  is  feasible  to  calculate  it  from  first  principles  using  supercell  models,  it  is 
rather  difficult  to  include  explicitily  the  effects  of  misfit  dislocations.  In  practice,  one  usually  finds 
that  interface  specific  effects  are  washed  out  by  a  certain  degree  of  disorder  at  the  interfaces,  for 
example  by  interdiffusion  over  a  few  atomic  layers  and  by  specific  relaxations  of  the  near  interface 
planes,  both  of  which  tend  to  cancel  out  the  induced  dipoles  [40,  41].  As  discussed  in  Ref.  [42], 
the  screening  of  interface  dipoles  can  be  viewed  as  being  equivalent  to  the  minimization  of  the 
total  energy  of  the  system  for  a  given  long-range  dipole  potential.  Somewhat  heuristically,  we  can 
extend  this  concept  even  to  situations  where  the  atoms  are  displaced  or  interdiffusing.  Because 
of  the  efficient  screening  of  any  interface  specific  effects  on  the  dipole,  band-offsets  to  a  good 
approximation  can  be  viewed  as  differences  between  bulk  quantities.  In  the  Charge  Neutrality 
Point  (CNP)  model  of  Flores  and  Tejedor  [43],  one  assumes  that  a  certain  energy  level  in  the 
middle  of  the  gap  (called  the  CNP)  should  be  aligned  across  the  interface.  The  idea  behind 
this  is  that  states  above  this  level  will  lead  to  an  accumulation  of  negative  charge  when  filled 
while  states  below  it  when  empty  will  tend  to  produce  a  positive  charge.  In  a  variant  of  this 
model,  called  the  Dielectric  Midgap  Model  (DME),[12]  this  CNP  is  identified  with  the  average 
of  the  highest  valence  and  lowest  conduction  band  over  the  Brillouin  zone.  In  Table  V,  we 
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Figure  5:  Band  offsets  within  DME  model. 
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provide  the  energy  differences  between  between  the  valence  band  maximum  and  the  DME  level 
Ed,  calculated  for  each  semiconductor  at  its  own  equilibrium  lattice  constant.  Thus,  aligning 
the  DME,  one  only  needs  to  take  differences  between  these  values  to  obtain  any  desired  band 
offset  among  the  materials  listed.  This  is  illustrated  in  Fig.  5.  The  valence-band  offset  for 
GaN/AlN  obtained  in  this  manner  (0.68  eV)  is  in  fair  agreement  with  the  value  obtained  from 
explicit  interface  calculations  for  the  (110)  interface  [44],  which  was  0.85  eV  and  with  XPS  results 
[45].  For  the  other  nitrides,  the  values  of  the  offsets  obtained  here  deviate  somewhat  more  from 
the  previously  given  ones  [44]  because  the  latter  referred  to  the  situation  where  each  solid  was 
considered  at  the  average  lattice  constant  of  the  two. 

The  same  DME  model  can  be  used  to  obtmn  the  absolute  hydrostatic  deformation  potentials. 
In  fact,  if  we  consider  a  semiconductor  at  two  different  lattice  constants,  their  valence  band  line¬ 
up  within  this  model  is  again  obtained  by  aligning  their  Ed  level.  Thus  we  merely  have  to  obtain 
the  change  in  Ed  -  E^  per  fractional  change  in  unit  cell  volume  din  V,  denoted  by  a„  and  given 
in  Table  V. 

ALLOYS 

The  band-gap  bowing  in  Gai-iIn^N  was  calculated  using  the  LMTO  method  and  various 
approximations  to  the  alloy  problem.  Details  of  this  work  are  given  in  Ref.  [46].  Here  we 
provide  only  a  summary  of  the  main  results.  The  simplest  approach  we  considered  is  to  average 
the  LMTO  potential  parameters  of  the  constituents  according  to  the  composition.  In  such  a 
model  every  cation  is  described  as  having  average  characteristics  of  the  Ga  and  In  cations.  Local 
fluctuations  in  the  potential  depending  on  the  various  possible  local  environments  of  a  N  anion 
are  totally  ignored.  We  find  that  this  seriously  underestimates  the  band-gap  bowing  parameter 
b  which,  in  this  model  is  only  0.6  eV.  Using  instead  a  cluster  expansion  approach,  we  obtain 
b  =  0.89  eV  if  we  assume  an  average  lattice  constant  and  b  =  2.57  eV  if  we  include  both  volume 
and  bond-length  relaxations.  The  latter  is  much  larger  than  the  experimental  value  of  6  =  1.0  eV 
[47].  The  discrepancy  may  be  due  in  part  to  experimental  difficulties  such  as  the  partial  phase 
separation  of  InN  and  GaN  in  this  system  and  to  the  assumption  of  Vegard’s  law  used  in  the 
experimental  work  in  converting  lattice  constants  measured  by  X-ray  diffraction  to  concentrations. 
The  large  value  obtained  here  may  explain  why  emission  in  the  green  region  appears  to  have  been 
obtained  recently  in  Ga^Ini-^N  quantum  wells  with  smaller  In  concentrations  than  previously 
expected.  (See  e.g.  papers  by  Nakamura  and  Moustakas  in  these  proceedings.)  In  view  of  the 
persisting  problems  in  obtaining  pure  Gai-iIn-xN  alloys  without  inclusions  of  pure  InN,  further 
experimental  work  appears  desirable.  Our  theoretical  work  may  also  require  further  refinements, 
e.g.,  to  take  into  account  the  interplay  between  volume  and  bond-length  relaxation  and  to  allow  for 
more  elaborate  descriptions  of  the  disorder  in  the  system.  We  can  nevertheless  safely  conclude 
that  the  large  bond-length  mismatch  in  this  alloy  system  is  responsible  for  the  large  bowing 
coefficient.  This  is  in  sharp  contrast  to  the  AlxGai_j;N  system  where  we  previously  showed  that 
the  bandgap  bowing  is  negligble  [48]. 

CONCLUSION 

In  conclusion,  in  this  paper  we  have  presented  new  computational  results  on  the  UV  optical 
properties  of  z-GaN  from  which  it  appears  that  continuum  excitonic  effects  may  be  strong  in 
this  system.  Our  interpretation  of  the  discrepancies  with  experimental  data  differs  from  that 
of  other  authors  and  was  based  in  part  on  an  analysis  of  the  self- energy  corrections  on  the 
band  structure  obtained  by  Rubio  et  al,  [4].  These  were  found  to  be  in  good  agreement  with 
photoemission  spectroscopy  but  fail  to  account  for  the  discrepancies  in  the  optical  spectra  from 
LDA  calculations,  indicating  that  additional  two-particle  many-body  effects  affect  the  optical 
transitions.  Similar  problems  also  appear  to  exist  for  w-AlN.  Next,  we  have  presented  calculated 
results  for  the  spin-orbit  and  crystal  field  splittings  of  the  valence-band  maximum,  including  strain 
effects.  These  results  are  in  good  agreement  with  measurements  of  the  excitonic  fine  structme. 
The  band-offsets  problem  was  discussed  and  values  based  on  the  DME  model  were  presented 
which  should  provide  a  reasonable  starting  point  for  strain  relaxed  heterojunctions.  It  was  also 
outlined  how  specific  strain  effects  could  be  taken  into  account  if  strain  is  found  to  be  present 
in  the  particular  film/substrate  situation  and  experimental  conditions.  The  band-gap  bowing  in 
Gai-xIn^N  was  briefly  discussed  and  found  to  be  much  larger  than  previously  anticipated. 
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ABSTRACT 

We  report  on  conductance  and  cyclotron  resonance  (CR)  experiments  on  GaN  epitaxid 
films  grown  by  the  OMVPE  and  HVPE  techniques.  From  a  precise  determination  of  the 
electron  effective  mass  the  donor  binding  energy  in  the  effective  mass  approximation 
(EMT)  is  calculated.  We  obtain  31.7  meV.  The  transport  experiments  on  the  HVPE  films 
show  that  the  conductance  is  thermally  activated  with  an  activation  energy  of  15  meV  in 
contrast  to  the  OMVPE  films  which  showed  temperature  independent  conductivity  for 
temperatures  between  4  and  100  K. 


INTRODUCTION 

Undoped  GaN  epitaxial  films  commonly  show  n-type  conduction[l]  with  free  carrier 
concentrations  at  room  temperature  ranging  between  lOU  and  10^9  cm-3.  There  is  no  clear 
correlation  between  the  free  carrier  concentrations  and  the  number  of  residual  impurities  as 
found,  e.g.  by  SIMS.  Therefore,  there  is  an  ongoing  discussion  whether  intrinsic  defects, 
such  as  nitrogen  vacancies  or  gallium  interstitials,  are  responsible  for  the  autodoping 
behavior.  Recent  total  energy  calculations  demonstrated  [2,3]  that  both  centers  create 
shallow  effective-mass  type  levels  in  GaN.  Oxygen  and  silicon  might  be  good  candidates 
for  extrinsic  shallow  donors  in  GaN  when  substituting  on  nitrogen  or  gallium  sites, 
respectively.  However  the  binding  energy  determined  for  the  defects  causing  n-type 
conduction  scatters  between  20  and  40  meV  [4,5].  A  lower  limit  for  extrinsic  origin  can  be 
given  by  an  effective  mass  theory  calculation,  if  the  electron  effective  mass  is  known  with 
high  precision.  Here  we  will  report  on  a  precise  determination  of  the  electron  effective 
mass  in  GaN  with  cyclotron  resonance. 


EXPERIMENTAL 

Several  GaN  films  grown  by  different  techniques  were  investigated.  A  400  |j,m  thick  film 
was  grown  by  hydride  vapor  phase  expitaxial  (HVPE)  without  a  buffer  layer.  The  films 
grown  by  organometallic  vapor  phase  epitaxy  (OMVPE)  had  a  35  nm  AIN  buffer  layer, 
whereas  the  GaN  film  thickness  was  3  pm.  All  films  were  deposited  on  c-plane  sapphire 
substrates. 
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For  the  conductivity  measurements  four  contacts  were  soldered  onto  the  sample  using 
Ga/In  eutecticum.  Current-voltage  measurements  exhibited  good  ohmic  behavior.  For  the 
electric  measurements  the  sample  temperature  was  varied  between  30  K  and  300  K.  The 
luminescence  experiments  used  the  325  nm  line  of  the  HeCd  laser  as  excitation.  The  CR 
experiments  were  performed  in  transmission  and  with  additional  optical  detection  using  a 
CO2  pumped  far-inffared  laser.  The  wavelength  was  432  pm.  For  details  see  ref. [6] 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  temperature  dependence  of  the  conductivity  of  the  HVPE  layer  is  shown  in  Fig.l.  It 
increases  from  the  lowest  temperature  measured  up  to  temperatures  around  250  K.  Above 
250  K  it  decreases  again.  In  the  Arrhenius  plot  this  increase  turned  out  to  be  thermally 
activated  with  a  single  activation  energy  of  15±1  meV.  From  independent  optical 
experiments  we  concluded  that  the  film  was  n-type  conducting  with  a  free  carrier 
concentration  of  2-3x1 0l'7  cm-3  [7]. 


Fig.l :  Arrhenius  plot  of  the  concductance  of  a  HVPE  grown  undoped  GaN  film 

The  conductivity  a  is  given  by  cr=enT  (Drude  formalism),  where  e  is  the  electron  charge,  n 
the  carrier  concentration  and  t  the  relaxation  time  related  to  the  mobility  p  by  p=e'u/m*  m* 
being  the  electron  effective  mass.Since  the  conduction  band  density  of  states  as  well  as  the 
mobility  (we  assume  that  ionized  impurity  scattering  is  the  relevant  mechanism  at  low 
temperatures)  are  temperature  dependent  [8]  the  activation  energy  cannot  be  attributed 
beyond  any  doubt  to  the  shallow  donor  binding  energy.  The  point  we  want  to  stress  is  that 
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conductance  measurements  on  the  OMVPE  layer  showed  a  quite  different  behavior.  From 
4.2  K  up  to  100  K  basically  no  change  in  conductance  was  found  above  100  K  it  increased 
linearly  with  temperature.  Both  findings  remind  on  metallic  conduction.  Taking  into 
account  the  sample  structure,  the  heterointerface  between  the  AIN  buffer  and  the  GaN  film 
could  be  the  origin.  One  could  imagine  that  a  two-dimensional  electron  gas  causes  the 
quasi-metallic  behavior.  We  therefore  performed  transmission  cyclotron  resonance 
experiments. 


Fig.2:  Cyclotron  resonance  transmission  (a)  and  using  optical  detection  (b)  of  an  OMVPE 
GaN  eptixial  film  (T=6K) 

As  shown  in  Fig.2.a.  we  observe  cyclotron  resonance,  where  the  electron  effective  mass 
can  be  calculated  from  the  minimum  of  the  transmission  curve.  More  precise  is  a  fit  to  line 
shape  as  shown  in  ref  [6]  and  from  which  we  obtained  m*=0.22±0.005  mo  and  the 
scattering  time  t=10-12  s-f  We  rotated  the  sample  with  respect  to  the  static  magnetic  field 
and  observed  no  change  in  line  position  within  experimental  error.  For  a  two-dimensional 
electron  gas  a  cosinb  behavior,  where  8  is  the  angle  between  the  sample  orientation  and  the 
external  magnetic  field,  should  be  found.  We  thus  conclude  that  the  transport  path  as 
monitored  by  conductance  measurements  and  the  transport  properties  as  seen  by  CR  are 
not  the  same.  Whether  the  CR  is  sensitive  only  to  the  GaN  layer  and  not  to  the  interfacial 
region  can  be  answered  by  performing  optically  detected  CR  experiments.  Here  one 
monitors  the  luminescence  intensity  of  a  specific  defect  recombination  transition  and  looks 
for  resonant  CR  induced  changes  in  luminescence.  The  luminescence  of  the  OMVPE 
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sample  is  shown  in  Fig.3.  At  25  K  we  clearly  resolve  free  and  neutral  donor  bound  exciton 
recombinations,  separated  by  6.2±0,2  meV.  We  use  the  neutral  donor  bound  cxciton  line  as 
a  monitor  in  our  ODCR  experiment.  The  ODCR  signal  as  a  function  of  magnetic  field 
coincides  with  the  respective  minimum  of  the  transmission  experiment  reported  above 
(Fig.  2b).  The  mobility  was  slightly  higher,  4000  cm2Ws  compared  to  3500  cm2A^s,  which 
can  be  attributed  to  the  photo-generated  carriers  neutralizing  ionized  impurities 
contributing  dominantly  to  the  low  temperature  mobility.  Excitation  of  the  luminescence 
was  well  above  the  band  gap  of  GaN,  hence  in  ODCR  we  are  mainly  sensitive  to  the 
surface  of  the  layer  and  not  to  the  interfacial  GaN/ AIN  region.  From  5  K  up  to  25  K  the 
scattering  time  and  hence  the  mobility  did  not  change.  One  has  to  note  that  the  mobility  we 
deduce  is  the  mobility  at  around  6  T,  it  not  necessarily  coincides  with  Hall  mobilities  taken 
at  small  magnetic  fields. 


3,48  3.49  3.50  3.51  3.52 

Energy  (e  V) 


Fig.3:  Photoluminescence  of  an  undoped  OMVPE  GaN  film  measured  at  two  different 
temperatures. 

With  the  effective  mass  determined  above  we  are  able  to  calculate  the  donor  binding 
energy.  It  is  given  by 
Ed=13.58  m*/e2  (eV) 

where  s  is  the  static  dielectric  constant.  From  a  fit  to  the  free  exciton  reflection  spectrum  a 
value  for  e  of  9.7  [9]  was  obtained.  Using  m*=0.22  and  e=9.7  we  calculate  for  Ed=31.7 
meV.  C-V  measurements  on  the  same  film  gave  for  the  free  carrier  concentration  at  room 
temperature  8x1 0^ 6  cm-3  In  electrical  measurements  the  activation  energy  for  the 
uncompensated  case  should  be  Eiy2,  i.e.  around  15  meV. 
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To  be  conclusive  about  the  residual  donor  binding  energies  still  more  experiments  have  to 
be  performed.  However  from  our  data  we  want  to  give  a  lower  limit.  From  the  EMT 
approach  we  calculate  3 1 .7  meV.  Taking  into  account  chemical  shifts  we  expect  the  donor 
binding  energy  between  31.7  and  38  meV.  This  is  corroborated  by  a  comparison  with  ZnSe 
where  typically  donor  binding  energies  are  between  26  and  32  meV  depending  on  the 
chemical  nature  of  the  respective  donor.  If  the  influence  of  the  free  carrier  concentration  on 
the  donor  binding  energy  is  considered  properly  for  low  free  carrier  concentrations  (<101'? 
cm-3)  activation  energies  from  Hall  effect  should  be  around  15  meV  or  more.  It  is  also  of 
importance  to  consider  which  residual  impurity  is  dominating  with  respect  to  the  epitaxial 
growth  method  used.  OMVPE  layers  will  certainly  contain  much  more  Carbon,  Hydrogen 
and  molecular  species  such  as  C-H  as  compared  to  HVPE  where  the  partial  pressure  in  the 
reactor  determines  the  oxygen  content,  and  growing  at  higher  temperatures  compared  to 
OMVPE  certainly  favorates  Si  incorporation  from  the  quartz  reactor  walls.  However 
oxygen  is  considered  to  be  a  deep  recombination  center  in  IIFV  semiconductors,  at  best 
demonstrated  for  GaP[ll].  Si  on  gallium  sites  is  a  shallow  EMT  donor  in  all  III-V 
semiconductors.  It  moves  to  the  antisite,  i.e.  on  the  group  V-site,  acting  as  an  acceptor  at 
very  high  doping  levels  (>10l8  cm-3).  Our  results  would  certainly  favor  oxygen  and  silicon 
to  be  the  main  residual  donors  in  GaN.  However,  with  binding  energies  around  32  meV, 
we  expect  for  free  carrier  concentrations  around  lO'^  cm'^  at  room  temperature  a  complete 
freeze  out  at  low  temperatures.  Using  Fermi-statistics  for  uncompensated  films  with  Ed=32 
meV  we  calculate  the  free  electron  concentrations  at  6  K  to  be  lO'^  cm"3  or  less.  This  is 
certainly  too  low  to  account  for  the  CR  transmission  experiments.  It  is  therefore  our 
conclusion  that  a  level  shallower  than  32  meV  contributes  to  conduction.  We  have 
independent  evidence  for  such  a  shallow  level  from  luminescence  experiments  (see  Fig.  3) 
where  a  neutral  donor  boimd  exciton  line  3.7  meV  below  the  free  exciton  line  is  seen.  It 
appears  independent  of  the  growth  technique  and  we  speculate  its  of  intrinsic  origin. 


CONCLUSIONS 

We  approach  towards  an  imderstanding  of  the  residual  shallow  donor  binding  energies  by 
performing  cyclotron  resonance  and  photoluminescence  experiments.  An  estimate  of  the 
shallow  donor  binding  energy  results  from  the  effective  mass  theory  approach  which  gives 
31.7  meV.  However,  there  is  experimental  evidence  for  a  more  shallow  donor  level 
contributing  to  the  free  carrier  concentration  at  low  temperatures.  It  is  connected  with  a 
neutral  donor  boimd  exciton  with  a  localization  energy  of  3.7  meV. 
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ABSTRACT 

Wide  bandgap  III-V  nitrides,  such  as  GaN  and  AIN,  have  become  topical  in  the  near- 
term  technology  of  blue  lasers.  We  report  detailed  electronic  band-structure  calculations  for 
(AlN)m(GaN)n  [001]  zinc-blende  superlattices  (SL),  with  m  -|-  n  <  12,  using  the  all-electron 
full-potential  linear-muffin-tin-orbital  method.  For  n  >  3,  the  SL  are  found  to  have  a  direct 
band  gap.  For  n  <  2  and  m  >  3,  all  the  band  gaps  are  indirect.  In  ultrathin  SL,  m  <  3  and 
n  <  2,  only  (m,  n)  =  (3, 1)  is  found  to  have  an  indirect  gap.  The  band  offsets  are  estimated 
by  calculating  the  core-level  shifts  of  nitrogen  atoms  in  the  central  planes  of  the  GaN  and 
AIN  layers.  The  calculated  densities  of  states,  electron-  and  hole-  effective  masses  (m*),  etc., 
as  a  function  of  m  and  n,  are  reported;  a  remarkable  dependence  of  m*  on  the  number  of 
layers  is  revealed. 

INTRODUCTION 

The  wide-band-gap  nitrides  have  gained  attention  recently  because  of  their  potential 
in  the  technology  of  blue  and  blue-green  lasers  [1] .  High-quality  GaN  and  AIN  layers  can 
now  be  grown  on  sapphire  and  intentionally  n-  and  p-type  doped  layers  and  structures  can 
be  produced.  AIN  and  GaN  usually  crystallize  in  the  wurtzite  (WR)  form,  but  can  also 
be  grown  in  the  zinc-blende  (ZB)  structure  under  appropriate  conditions  [1,  2].  The  large 
band-gap  difference  between  the  two  materials  [Eg  —  6.2  (5.11)  eV  for  AIN  in  the  WR 
(ZB)  structure,  and  3.5  (3.2)  eV  for  GaN],  but  nearly  identical  lattice  constants,  makes  it 
possible  to  fabricate  a  class  of  AlN/GaN  alloys  and  SL  with  widely  tunable  wavelengths  [3]. 
The  increasing  number  of  theoretical  studies  of  bulk  AIN  and  GaN  [4]  reflects  the  growing 
technological  interest.  However,  very  few  studies  have  been  performed  for  the  AlN/GaN 
superlattices  (SL). 

The  electronic  structure  of  short-period  AlN/GaN  SL  in  the  WR  structure  has  been 
examined  using  first-principles  methods  [5].  Quasiparticle  band-structures  were  calculated  in 
the  WR  [001]  and  ZB  [111]  directions  for  the  1x1,  1x2,  and  2x1  configurations  [6].  In  these 
studies,  the  WR  SL  are  found  to  have  direct  band  gaps,  whereas  a  transition  from  direct  to 
indirect  is  found  for  ZB  SL.  To  our  knowledge,  there  is  only  one  local-density-approximation 
(LDA)  band-structure  (BS)  calculation  of  nitride  SL  in  the  ZB  [001]  direction  [7];  however, 
the  calculated  quantities  have  not  been  reported  in  detail. 

In  this  paper,  we  study  the  (AlN),„(GaN)n  family  of  ZB  SL,  with  {m  -\-n)  <  12,  in  the 
most  common  growth  direction,  namely  [001].  The  electronic  properties  of  pure  AIN  and 
GaN  crystals  are  also  investigated,  as  previous  studies  [4]  have  not  examined  in  detail  the 
effective  masses  or  energy  splittings.  Our  calculations  are  carried  out  within  the  LDA  using 
the  full-potential,  linearized-muffin-tin-orbital  method  (FP-LMTO)  [8].  Our  purpose  is  to 
provide  detailed  results  for  the  BS,  band-gap  offsets,  and  effective  masses. 


tTo  whom  correspondence  should  be  addressed;  E-mail:  chandre@cml.phy.nrc.ca 
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COMPUTATIONAL  DETAILS 


In  this  section,  we  outline  the  symmetry  properties  of  the  SL  and  give  details  of  our 
calculations.  Because  of  the  inequivalence  of  the  Ga  and  A1  planes  along  the  [001]  directions, 
the  point-group  symmetry  is  reduced  from  r,i(43m)  (for  the  ideal  ZB  lattice)  to  i?2(f(42m); 
the  operations  of  the  latter  point  group  leave  the  SL  invariant  under  reflections  with  respect 
to  xy  planes  or  two-fold  rotations  about  the  xoiy  axes,  while  not  changing  the  2;  coordinates. 
For  the  (AlN)m(GaN)n  SL  in  the  ideal  configuration  (i.e.,  all  atoms  on  the  sites  of  a  perfect 
ZB  lattice  with  unique  lattice  constant  uq),  the  Bravais  lattice  is  simple  tetragonal  when 
m  -f  n  is  even  and  body-centered  tetragonal  when  m  -j-  n  is  odd.  The  symmetry  points 
associated  with  various  point  groups  are  summerized  in  Table  I. 

Unlike  the  LMTO-ASA  (atomic  sphere  approximation)  method  [9],  which  allows  the 
muffin-tin  spheres  to  overlap  in  order  to  eliminate  the  interstitial  region,  the  FP-LMTO 
method  adopted  in  this  study  uses  non-overlapping  spheres  and  evaluates  quantities  in  the 
interstitial  region  explicitly  by  interpolating  from  values  at  the  boundaries  of  the  spheres. 
The  method  has  been  applied  successfully  to  various  systems,  including  semiconductors, 
transition  metals,  and  high-temperature  superconductors.  It  is  standard  practice  in  LMTO 
methods  to  include  a  number  of  empty  spheres  equal  to  the  number  of  real  atomic  spheres 
[10].  The  radii  of  the  muffin-tin  and  the  empty  spheres  are  equal,  and  fixed  to  3%  less  than 
the  contact  distance  in  the  bulk  configuration.  The  angular  momentum  expansion  inside 
the  muffin-tin  spheres  is  truncated  at  l^ax  =  4  for  Al,  Ga,  and  N,  and  Imax  =  6  for  empty 
spheres.  Ga  3d  electrons  are  not  restricted  to  their  atomic  spheres,  but  are  treated  as  valence 
states,  as  they  interact  strongly  with  s-type  valence  electrons. 

The  lattice  constant  Uq  of  the  SL  was  taken  as  8.44  a.u.,  appropriate  to  growth  on  a 
bulk  ZB  GaN  substrate,  calculated  within  the  FP-LMTO  scheme.  The  small  (~3%)  lattice 
mismatch  with  bulk  AIN  could  cause  some  relaxation  of  the  atoms,  but  this  is  not  expected 
to  affect  the  BS  significantly  [11].  The  charge  density  has  been  self-consistently  determined 
(variations  in  total  energy  of  less  than  1  mRy)  using  a  mesh  of  576  (1000)  k  points  in  the  first 
Brillouin  zone  for  m-f  n  <4  even  (odd).  For  periods  greater  than  4,  four  special  k  points  [12] 
were  used  in  the  self-consistent  procedure.  For  the  effective  masses,  fine  dispersion  curves  in 
the  vicinity  of  the  valence  band  maximum  (VBM)  and  conduction  band  minimum  (CBM) 
were  calculated  using  up  to  40  k  points  in  a  range  of  width  0.03x27r/ao  about  the  extrema; 
least-squares  fits  were  then  used  to  calculate  the  masses. 


Table  I:  Symmetry  points  for  the  two  possible  lattice  structures  of  (AlN),„(GaN)„[001]  SL. 
ao  is  the  lattice  constant,  and  c/ao  =  (m  -f  n)/\/2.  The  x  and  y  directions  are  chosen  in  the 
[110]  and  pTlO]  directions  of  the  ZB  Bravais  lattice.  The  k  vectors  are  in  units  of  7r/ao> 
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RESULTS  AND  DISCUSSION 


Table  II  displays  our  LDA-results  for  bulk,  zinc-blende,  AIN  and  GaN.  Experimental  data 
are  in  parentheses  except  for  the  band  gap  of  AIN,  taken  from  quasiparticle  calculations  [6]. 
As  is  well  known,  the  LDA  underestimates  the  band  gaps  of  semiconductors;  the  calculated 
values  for  AIN  and  GaN  are  about  68%  of  their  experimental  counterparts.  GaN  is  found 
to  have  a  direct  gap,  while  it  is  indirect  for  AIN.  The  CBM  of  AIN  is  at  the  X  point  of  the 
first  Brillouin  zone  of  ZB  structure. 

Spin-orbit  interactions  are  not  included  in  the  BS  calculations:  States  at  the  top  of  the 
valence  band  are  contributed  mainly  by  N  atoms  (see  below),  and  therefore  p-like  (three-fold 
degenerate).  It  is  known,  in  the  case  of  III-V  semiconductors,  that  the  spin-orbit  splitting 
is  quite  close  to  that  of  atomic  valence  orbitals.  For  the  2p  orbitals  of  atomic  nitrogen,  the 
P3/2  —  Pi/2  splitting  is  found  in  our  approach  to  be  about  0.02  eV.  We  therefore  expect  the 
spin-orbit  interactions  in  (AlN),„(GaN)„  SL  to  play  only  a  modest  role. 

The  effective  masses  presented  in  Table  II  show  significant  differences  compared  to  other 
III-V  materials,  such  as  AlAs  and  GaAs;  the  conduction-electron  masses  rric  are  about  3  times 
larger  here  than  in  As-based  compounds.  Our  results  are  comparable  to  those  calculated  with 
the  full-potential  linearized-augmented-plane-wave  (FLAPW)  method  for  AIN  and  GaN  in 
the  WR  structure  [13].  The  dispersion  curves  along  the  various  symmetry  lines  are  isotropic 
in  the  vicinity  of  the  CBM  of  GaN,  whose  density  of  states  is  mainly  5-type.  However,  in 
AIN,  the  band  curvature  near  the  CBM,  at  Xic,  is  anisotropic  for  different  symmetry  lines. 
This  is  also  true  for  the  dispersion  of  the  heavy  and  light-hole  masses  near  the  VBM.  All 
the  values  given  in  Table  II,  therefore,  were  obtained  by  averaging  over  several  symmetry 
directions. 

Table  II:  Calculated  electronic  properties  of  bulk  AIN  and  GaN  in  the  ZB  structure.  Energy 
levels  are  measured  with  respect  to  the  VBM.  Numbers  in  parentheses  are  experimental  data. 
Energies  are  in  eV,  lattice  constants  uq  in  a.u.,  and  effective  masses  are  in  units  of  the  free- 
electron  mass,  mo. 
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8.16 

(8.28) 

3.41 

(5.11) 

0.37 

-1.43 

-0.29 

4.97 
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7.90 

-0.49 

3.41 
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GaN 

8.44 

(8.54) 

2.18 

(3.20) 

0.19 

-0.84 

-0.16 

2.18 

-16.01 

4.94 

-1.03 

3.49 

-2.85 

We  have  calculated  the  electronic  structure  of  (AlN)m(GaN)„  SL  with  m  -j-  n  <  12.  In 
Figs.  1(a),  (b),  and  (c),  we  present  typical  results  for  the  cases  (m,n)  =  (1,1),  (2,2),  and 
(6,6).  The  gross  features  of  the  BS  can  be  drawn  from  the  figures:  The  lowest  bands,  located 
between  —15.8  and  —11.0  eV,  originate  mostly  from  N  2s  and  Ga  3d  states.  The  Ga  3d  states, 
centered  at  —13.2  eV,  show  strong  hybridization  with  the  s  orbitals.  Because  of  this,  it  is 
necessary  to  include  the  Ga  3d  states  as  valence  states,  as  mentioned  earlier.  The  broad 
bands  located  between  —7.0  to  0  eV  arise  altogether  from  the  s,  p,  and  d  orbitals  of  Al, 
Ga,  and  N.  However,  in  the  vicinity  of  the  VBM,  the  states  consist  exclusively  of  the  N  2p 
orbitals.  The  conduction  bands  lie  above  2.2  eV.  In  the  vicinity  of  the  CBM,  states  mainly 
originate  from  s-type  functions.  We  have  also  calculated  the  density  of  states  on  atomic 
and  empty  spheres.  The  valence  charge  densities  are  found  to  be  located  mainly  within  the 
N-layers  (which  are  perpendicular  to  the  [001]  direction),  indicating  strong  charge  transfer 
from  the  Al  and  Ga  cations  to  the  N  anions. 

Comparing  the  BS  of  the  pure  nitrides  with  the  SL-BS  discussed  above,  we  observe  that 
the  degeneracy  at  the  VBM  is  lifted  due  to  the  reduced  symmetry  of  the  SL.  The  valence 
band  maximum  at  F,  which  is  three-fold  degenerate  in  the  ZB  structure,  now  splits  into  a 
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(a) 


(c) 
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(  a  )  (AlN),(GaN).[00l] 
(  b  )  (AlN),(GaN),[00l] 
(  c  )  (AlN),(GaN),[00l] 


(b) 

Figure  1:  Band  structures  of  the  (AlN)Tn(GaN)„[001]  ZB  SL  for  (m,n)  =  (a)  -  (1,1)?  (b)  - 
(2,2),  and  and  (c)  -  (6,6). 


two-fold- degenerate  state  at  higher  energy,  and  one-fold-degenerate  state  at  lower  energy. 
This  “crystal-field  splitting”  ranges  from  0.022  to  0.147  eV  for  the  cases  considered  here;  the 
values  increases  with  A1  content.  Also,  the  largest  splitting  occurs  for  a  thickness  of  Ga  of 
n  =  3. 

The  energy  gap  of  the  (AlN)m(GaN)„  family  shows  interesting  behaviour  as  a  function  of 
the  period  m-\-n.  For  n  >  2,  all  band  gaps  are  found  to  be  direct.  For  n  <  2  and  m  >  3,  all 
the  gaps  are  indirect.  The  CBM  of  the  indirect  gap  is  located  at  the  M  point  when  m  -|-  n  is 
even,  and  at  X  when  m  -f  n  is  odd  (cf.  Table  I).  In  the  ultrathin  SL,  i.e.,  m  <  3  and  n  <  2), 
all  band  gaps  are  found  to  be  direct  except  for  (m,n)  =  (3,1).  Roughly  speaking,  the  band 
gap  decreases  with  the  Ga  concentration.  In  the  case  of  direct-band-gap  SL,  the  CBM  is 
found  at  the  ZB  F-folded  state;  it  exhibits  mainly  s-type  character  and  is  therefore  highly 
isotropic.  This  can  be  seen  from  the  dispersion  curves  of  Fig.  1,  as  well  as  from  the  effective 
masses,  which  we  discuss  next. 

The  effective  masses  for  our  (AlN),„(GaN)m  SL  with  m  =  1-6  are  summarized  in  Table 
III.  In  the  xy  plane  ([100]  and  [110]  directions),  which  is  perpendicular  to  the  growth  direction 
([001]),  the  conduction  electron  masses  rric  are  highly  isotropic  and  remain  constant  as  the 
SL  thickness  varies  (therefore  only  results  along  [110]  are  given  in  the  table).  At  the  VBM, 
here  the  F  point,  there  are  two  degenerate  dispersion  curves  corresponding  to  the  heavy-hole 
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and  light-hole  bands.  The  light-hole  effective  mass  rriih  increases  as  the  thickness  of  the  SL 
increases,  while  the  heavy-hole  mass  m^h  decreases.  The  subband  lying  just  below  the  VBM 
is  the  crystal-field  splitting  band;  its  effective  mass  changes  from  negative  (hole-like) 
to  positive  (electron-like)  sign  with  SL  thickness.  The  conduction-electron  mass  along  the 
growth  direction  [001]  increases  with  increasing  number  of  layers.  Near  the  VBM,  the  two¬ 
fold  degenerate  heavy-hole  band  rapidly  becomes  flat  (i.e.,  non  dispersive)  as  the  number 
of  layers  increases,  leading  to  large  effective  masses.  The  effective  mass  of  the  crystal-field¬ 
splitting  subband  in  the  [001]  direction  is  hole-like,  small,  and  depends  on  layer  thickness  in 
a  way  analogous  to  the  light-hole  effective  masses  in  the  [100]  and  [110]  directions. 


Table  III:  Effective  masses  (in  units  of  the  free-electron  mass,  mo)  for  various  (AlN),„(GaN)m 
SL  at  the  F  point  —  crystal-field-splitting-hole  (m^p;),  light-hole  (mih),  heavy-hole  (m^/i), 
and  lowest-conduction-state  (rric)  —  along  the  directions  parallel  ([100]  and  [110])  and  per¬ 
pendicular  ([001])  to  the  layers. 
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We  have  also  calculated  the  AlN/GaN  valence-band  offsets.  In  order  to  do  this,  we  use 
an  approach  frequently  employed  in  experiment,  namely  measuring  the  core-level  shifts  of 
anions  which  are  common  to  the  two  semiconductor  materials  [14];  the  offset  of  the  valence 
band  maxima  is  then  taken  to  be  equal  to  this  core-level  shift.  Here,  we  consider,  as  the 
“common  atom”,  the  nitrogens  lying  in  the  central  planes  of  the  AIN  and  GaN  layers,  and 
take  as  the  band  offset  the  difference  in  the  self-consistent  energies  of  the  Is  core  level  in  the 
two  types  of  environment.  To  test  the  validity  of  the  approach,  we  have  calculated  the  band 
offsets  for  the  well-studied  (AlAs)„i(GaAs)„[001]  SL  in  the  particular  case  m  =  n.  We  find 
valence-band  offsets  of  0.50,  0.44,  and  0.43  eV  for  m  =  3,  5,  and  6  respectively;  for  m  >  5, 
the  sequence  rapidly  converges  to  the  bulk  value  of  0.43  eV,  in  excellent  agreement  with 
the  experimental  value  of  0.42  eV  [15],  and  in  qualitative  agreement  with  other  theoretical 
calculations,  0.53  eV  [16]  and  0.37  eV  [17]. 

For  the  (AlN)m(GaN)„^[001]  system,  now,  we  find  valence-band  offsets  of  0.84,  0.80,  0.73, 
0.66  and  0.55  eV  for  m  =  2-6.  The  charge  density  at  the  highest  VBM  is  found  spatially 
located  in  the  GaN  layers  of  the  SL.  It  is  seen  that  the  convergence  with  thickness  is  very 
slow  in  comparison  to  the  AlAs/GaAs  system.  This  implies  that  charge  redistribution  varies 
strongly  with  layer  thickness  in  AlN/GaN.  Though  we  cannot  extrapolate  these  results  to 
the  true  value  of  the  ‘bulk’  valence-band  offset,  it  is  clearly  smaller  than  0.55  eV;  in  turn,  the 
conduction-band  offset  should  be  greater  than  1.36  eV,  if  we  take  the  experimental  bandgaps 
of  AIN  and  GaN  into  account.  The  AlN/GaN  SL  are  of  type  I  superlattice,  i.e.,  the  nesting 
of  the  GaN  band  gap  at  the  F  point  occurs  entirely  within  the  AIN  gaps.  The  valence-band 
holes  and  conduction-band  electrons  tend  to  be  confined  in  the  GaN  layers.  Our  prediction 
on  the  band  offset  for  AlN/GaN  SL  calls  for  further  calculations  and  measurements. 

CONCLUSIONS 

We  have  used  the  FP-LMTO  method  to  calculate  the  band  structure  of  (AlN)m(GaN)„- 
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[001]  SL  in  the  zinc-blende  structure.  We  find  the  band  gap  to  switch  from  indirect  to 
direct  on  increasing  the  thickness  of  GaN  layers.  For  n  >  3,  all  SL  are  found  to  have  a 
direct  band  gap.  For  n  <  2  and  m  >  3,  all  the  band  gaps  are  indirect.  In  ultrathin  SL 
of,  i.e.,  those  with  m  <  3  and  n  <  2,  only  (m,n)  =  (3, 1)  is  found  to  have  an  indirect  gap. 
The  conduction-electron  effective  mass  in  the  xy  plane  is  found  to  be  constant,  whereas  it 
increases  with  increasing  layer  thickness,  i.e.,  along  the  growth  direction.  This  leads  to  a 
remarkable  qualitative  difference  between  the  m*  in-plane  and  along  the  growth  direction. 
Our  calculations  also  indicate  that  thick-layer  AlN/GaN  SL  are  of  type  I,  with  a  valence-band 
offset  of  about  0.55  eV. 
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ABSTRACT 

In  this  paper,  we  present  ensemble  Monte  Carlo  based  calculations  of  the  steady  state  hole 
transport  properties,  i.e.  average  energy,  drift  velocity,  and  band  occupancy  of  zincblende  GaN. 
The  Monte  Carlo  calculation  includes  the  full  details  of  the  valence  bands  and  a  numerically 
determined  scattering  rate  derived  from  an  empirical  pseudopotential  calculation.  Calculations  are 
made  for  electric  field  strengths  up  to  1000  kV/cm.  It  is  found  that  the  average  hole  energies  are 
much  lower  than  the  corresponding  electron  energies  at  comparable  electric  field  strengths,  and 
that  some  anisotropy  in  the  drift  velocity  and  average  energy  appears  at  the  higher  fields  examined 
here. 

INTRODUCTION 

GaN  is  a  very  promising  semiconductor  material  for  possible  use  in  ultraviolet  detection  or 
emission.  This  is  mainly  due  to  its  wide  and  direct  energy  bandgap  which  makes  the  material  a 
potential  candidate  for  optoelectronic  devices  in  the  near  ultraviolet  region  of  the  electromagnetic 
spectrum.  GaN  also  finds  applications  in  high-power,  high-frequency  and  high-temperature 
electronics.  Although  various  GaN  based  devices  for  such  applications  have  been  reported  [1-4], 
there  is  a  scarcity  of  information  about  the  transport  properties  of  the  material. 

GaN  can  be  grown  in  either  wurtzite  or  zincblende  phase  [5].  Many  material  properties  for 
the  two  phases  are  similar  whereas  their  band  structures  (Figure  1)  are  significantly  different;  the 
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Figure  1.  (a)  Band  structure  of  zincblende  type  GaN  .  (b)  Band  structure  of  wurtzite  type  GaN. 
Both  are  calculated  using  an  empirical  pseudopotential  method. 
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difference  is  especially  noticeable  when  one  considers  the  valence  bands.  In  addition  to  the  fact 
that  the  number  of  valence  bands  within  the  energy  range  of  interest  for  transport  studies  is  higher 
in  the  wurtzite  phase  vs.  the  zincblende  phase,  extreme  band  warping  creates  a  non-trivial  problem 
to  be  solved  while  modeling  the  wurtzite  type  GaN.  Although  there  are  several  theoretical 
investigations  made  to  date,  to  determine  the  electronic  transport  properties  of  bulk  GaN  [6-9], 
similar  studies  are  yet  to  be  performed  for  holes  in  either  possible  phase.  In  addition  to 
complementing  the  steady-state  information  already  obtained  for  the  electrons  [10]  such  as  the 
drift  velocity,  average  particle  energy,  etc.,  it  is  important  to  determine  the  high-energy  behavior 
of  holes  in  GaN.  Knowledge  of  very  high  energy  transport,  i.e.,  the  calculation  of  the  impact 
ionization  rates,  is  particularly  useful  in  assessing  the  performance  of  possible  ultraviolet 
avalanche  photodetectors. 

It  is  the  purpose  of  this  paper  to  present  the  first  theoretical  calculations  of  the 
steady-state  hole  transport  properties  in  the  zincblende  phase  of  GaN.  Here,  it  should  be  noted 
that  the  numerous  intersections  of  the  valence  bands  in  wurtzite  type  GaN  presents  some  added 
complexity  in  calculating  its  transport  properties.  The  pseudopotential  method  labels  the  bands 
with  respect  to  their  ascending  order  in  energy  at  each  k-point,  regardless  of  the  bands*  apparent 
continuity.  From  a  transport  viewpoint,  this  can  cause  a  discrepancy  during  the  free  flight  of  a 
particle  since  a  particle  can  be  subjected  to  an  abrupt  momentum  change  without  the  interference 
of  a  scattering  agent.  Even  though  it  is  possible  to  proceed  with  an  improved  ordering  of  the 
bands  beyond  what  was  given  by  the  original  pseudopotential  calculation,  it  is  a  very  difficult  task 
to  make  the  new  ordering  consistent  throughout  the  entire  First  Brillouin  zone  of  the  wurtzite 
structure.  For  this  reason,  we  delay  the  examination  of  hole  transport  in  wurtzite  GaN  to  a  later 
work  where  a  comparison  can  then  be  made  between  the  transport  properties  of  wurtzite  and 
zincblende  phases  of  GaN. 

The  present  calculations  are  carried  out  using  an  ensemble  Monte  Carlo  simulator  that 
includes  the  full  details  of  the  valence  bands  within  the  energy  range  of  interest.  Results  obtained 
for  the  steady-state  drift  velocity,  average  hole  energy  and  band  occupancy  under  electric  field 
magnitudes  up  to  1000  kV/cm  are  presented.  In  Section  H,  the  details  of  the  Monte  Carlo  model 
are  described.  The  simulation  results  are  given  and  discussed  in  Section  III  and  conclusions  are 
drawn  in  Section  IV. 

MODEL  DESCRIPTION 

The  calculations  are  performed  using  an  ensemble  Monte  Carlo  simulator  which  includes 
the  top  three  bands  for  the  zincblende  phase  covering  all  of  the  valence  band  states  from  the  band 
edge  up  to  around  -7  eV.  The  band  structure  is  obtained  using  an  empirical  pseudopotential 
calculation  [10]  using  an  expansion  over  a  fixed  set  of  1 13  reciprocal  lattice  vectors.  During  the 
course  of  the  simulation,  each  hole’s  energy  is  calculated  by  making  suitable  interpolations  [11] 
between  mesh  points  which  form  a  finely  spaced,  1419  point,  k-space  grid  spanning  the 
irreducible  wedge  of  the  First  Brillouin  zone. 

The  Monte  Carlo  simulator  includes  all  of  the  relevant  phonon  scattering  rates,  i.e., 
acoustic,  nonpolar  and  polar  optical  scattering  mechanisms,  in  addition  to  the  ionized  impurity 
scattering.  The  rates  for  all  these  mechanisms  are  numerically  calculated  assuming  Fermi’s  Golden 
Rule  by  integrating  over  the  actual  pseudopotential  band  structure.  The  calculated  rates  are 
incorporated  into  the  simulator  following  the  technique  of  Hinckley  and  Singh  [12].  Their 
approach  accounts  for  the  anisotropy  and  warping  of  the  valence  bands  by  interpolating  the 
scattering  rate  among  the  three  principal  directions.  Considering  the  large  size  of  the  basis  vector 
set  for  the  pseudopotential  method,  the  overlap  integrals  for  the  transitions  are  not  calculated 
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directly,  instead  they  are  determined  through  symmetry  transformations  appropriate  for  the 
zincblende  crystalline  structure  [13,14].  The  above  treatment  for  the  scattering  rate  calculation 
holds  in  the  low  energy  region  that  is  defined  to  extend  up  to  0.6  eV.  GaN  has  a  relatively  high 
phonon  scattering  rate  at  low  energies  that  exceeds  10’“^  s’,  mainly  because  of  the  high  polar 
optical  scattering  rate.  This  is  plausible  considering  GaN’s  large  longitudinal  optical  phonon 
energy  (91.75  meV)  and  high  valence  band  effective  masses. 

At  high  energies,  the  deformation  potential  scattering  is  assumed  to  make  the  dominant 
contribution  to  the  total  scattering  rate.  The  corresponding  rate  is  calculated  through  a 
time-dependent  perturbation  theory  expansion  by  integrating  over  the  final  density  of  states 
including  collision  broadening  effects  [15],  The  deformation  potential  itself  is  treated  as  a  constant 
and  the  resulting  rate  is  matched  to  the  low  energy  scattering  rates  at  0.6  eV.  While  the  inclusion 
of  hole  initiated  impact  ionization  rates  could  provide  a  better  picture  of  the  transport  in 
zincblende  type  GaN,  impact  ionization  is  expected  to  be  insignificant  for  the  field  range  examined 
here.  As  will  be  seen  in  the  next  section,  in  zincblende  type  GaN  at  electric  field  strengths  below 
1000  kV/cm,  the  energy  of  the  holes  appears  to  be  too  low  on  average  to  produce  a  significant 
impact  ionization  rate.  For  these  reasons,  we  neglect  the  treatment  of  impact  ionization  in  this 
paper.  The  effects  of  hole  initiated  impact  ionization  in  GaN  will  be  addressed  in  a  later  work. 

RESULTS 

The  calculated  steady-state  hole  drift  velocity  along  the  three  major  zincblende  crystalline 
axes  vs.  applied  electric  field  is  shown  in  Figure  2.  While  the  velocities  along  all  three  directions 
are  isotropic  at  low  fields,  it  is  seen  that  holes  attain  a  higher  velocity  when  the  field  is  applied 
along  the  [100]  direction  than  the  other  two  directions  at  higher  electric  fields.  Figure  3  compares 
the  average  hole  energies  vs.  electric  field  and  it  shows  a  trend  from  isotropic  properties  towards 
anisotropic  ones,  as  well,  as  the  electric  field  magnitude  is  increased.  When  Figure  2  and  Figure  3 
are  examined  together,  it  is  also  observed  that  the  holes  have  very  low  average  energies  along 
with  possibly  very  low  mobilities.  When  compared  to  the  steady-state  results  obtained  for 
electrons  in  zincblende  type  GaN  [10],  these  results  become  even  more  striking  as  the  average 


Figure  2.  Calculated  steady-state  hole  drift 
velocity  as  a  function  of  applied  electric  field 
along  the  three  major  crystalline  axes  in 
zincblende  type  GaN. 


Figure  3.  Calculated  steady-state  average 
hole  energy  as  a  function  of  applied  electric 
field  along  the  three  major  crystalline  axes 
in  zincblende  type  GaN. 


481 


electron  energies  are  10  to  20  times  higher  than  average  hole  energies  at  similar  electric  field 
strengths.  Although  it  is  difficult  to  e?rtrapolate  the  low  field  mobilities  from  the  current  valence 
band  calculations  since  the  accuracy  of  the  energy  interpolation  scheme  in  the  current  Monte 
Carlo  code  becomes  relatively  poor  at  energies  below  0.05  eV,  if  the  present  numerically 
calculated  band  structure  is  retained,  some  rough  estimates  can  still  be  made.  In  that  case,  the 
ratio  for  the  theoretically  calculated  mobilities  for  the  electrons  exceeds  their  hole  counterparts  by 
an  order  of  magnitude  confirming  the  comparison  made  using  the  average  energies. 

The  somewhat  unusually  low  hole  energies  calculated  here  are  most  likely  a  result  of  the 
very  high  effective  masses,  phonon  scattering  rates,  and  phonon  energies  in  zincblende  GaN.  The 
combination  of  these  three  attributes  act  to  restrict  the  holes  to  low  energies.  As  can  be  seen  from 
Figure  1,  the  first  valence  band  is  very  much  flatter  than  the  corresponding  first  conduction  band. 
Consequently,  the  holes  will  attain  a  much  lower  energy  on  average  than  the  electrons  at 
comparable  electric  field  strength. 

Another  result  of  interest  is  the  percentage  of  band  occupancies  for  the  current 
calculations.  The  bands  are  ordered  in  the  present  simulation  using  a  simple  ordering  scheme.  The 
lowest  energy  points  are  assigned  to  the  first  valence  band,  here  labeled  band  #1,  the  next  lowest 
energy  points  are  assigned  to  band  #2,  etc.,  neglecting  band  crossing  effects.  Though  band 
crossings  can  lead  to  some  ambiguity  in  the  identity  of  each  band,  in  zincblende  the  number  of 
band  crossings,  particularly  at  low  energy,  is  small.  Figure  4  very  clearly  shows  that  the  holes 
predominantly  reside  in  band  #  1  along  the  [100]  direction  at  the  field  range  considered  in  this 
work.  Approximately,  83  %  of  all  the  holes  occupy  band  #  1  whereas  there  is  still  a  sizable 
population  of  about  16  %  in  band  #  2.  Band  #  3  is  very  sparsely  populated  with  an  occupancy  of 
less  than  about  1  %  at  all  fields.  This  is  consistent  with  the  valence  band  density  of  states  obtained 
using  the  empirical  pseudopotential  method  as  is  seen  from  Figure  5,  It  should  also  be  noted  here 


Figure  4.  Calculated  occupancy  for  the  top 
valence  bands  as  a  function  of  applied  electric 
field  along  [100]  direction  in  zincblende  type 
GaN.  It  is  almost  identical  with  the  band 
occupancies  along  the  [110]  and  [111] 
directions. 


Figure  5.  Density  of  states  of  the  top  three 
valence  bands  in  zincblende  type  GaN, 
calculated  using  the  empirical  pseudo¬ 
potential  method. 
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that  the  band  occupancy  reported  when  the  electric  field  is  applied  along  the  [100]  direction  is 
almost  identical  with  the  occupancies  as  a  function  of  the  field  along  the  [1 10]  and  [111] 
directions  which  signifies  an  isotropic  behavior  for  this  parameter.  This  indicates  that  the 
calculated  anisotropy  in  the  carrier  energies  and  velocities  does  not  arise  from  a  difference  in  band 
occupancy  but  might  be  due  to  differences  in  the  effective  mass  or  scattering  rate  along  the 
different  directions  instead. 

CONCLUSIONS 

In  this  paper,  the  first  calculations  of  the  steady-state  hole  transport  properties  of 
zincblende  type  GaN  have  been  presented.  It  is  found  that  both  the  drift  velocity  and  the  average 
energy  have  an  isotropic  form  at  low  fields  along  the  three  major  zincblende  crystalline  axes 
whereas  at  high  fields  the  isotropy  disappears.  When  the  electric  field  is  applied  along  the  [100] 
direction,  a  higher  drift  velocity  and  average  energy  are  calculated.  It  is  also  found  that  the 
average  energy  in  zincblende  GaN  is  an  order  of  magnitude  lower  for  holes  than  for  electrons. 
This  is  consistent  with  lower  carrier  mobilities  as  well.  The  much  lower  calculated  average  energy 
for  holes  as  compared  to  electrons  is  most  probably  due  to  the  fact  that  the  first  valence  band  is 
very  much  flatter  than  the  first  conduction  band.  Consequently,  at  comparable  electric  field 
strength,  the  holes  will  attain  a  significantly  lower  energy,  on  average,  than  the  electrons.  Another 
important  result  is  that  more  than  80%  of  holes  occupy  the  lowest  energy  band  in  the  field  range 
considered  in  this  work,  with  most  of  the  remaining  population  in  the  next  lowest  band.  Less  than 
1%  of  the  hole  population  is  calculated  to  be  in  the  third  lowest  energy  band  at  the  field  strengths 
considered. 
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ABSTRACT 

Excitonic  recombination  processes  in  GaN  films  grown  by  low  pressure  metalorganic 
chemical  vapor  deposition  technique  have  been  studied  in  the  temperature  range  between  6K  to 
320K  by  photoluminescence  spectroscopy.  Low  temperature  photoluminescence  spectra  of  high 
resistivity  films  show  well-resolved  spectral  features  associated  with  the  excitonic  interband 
transitions.  A  detailed  spectral  analysis  allowed  us  to  estimate  the  exciton  binding  energy  and 
the  energy  gap.  Spectral  studies  of  Si-doped  GaN  films  demonstrate  that  the  high  energy 
recombination  processes  in  these  films  are  dominated  by  excitons  bound  to  neutral  Si  donors. 
Comparison  between  the  recombination  channels  in  high  resistivity  and  in  Si-doped  films 
indicated  that  Si  has  a  larger  exciton  binding  energy  than  the  unknown  pervasive  donor  in 
undoped  materials.  These  results  confirm  the  excellent  electronic  properties  of  the  undoped  and 
doped  films. 

INTRODUCTION 

The  group  rH-nitrides  are  well  known  as  a  potential  material  system  for  the  fabrication  of 
opto-electronic  devices  and/or  devices  operating  under  extreme  conditions.  However,  difficulties 
encountered  in  the  growth  of  large  bulk  crystals  have  limited  their  practical  application.  The 
recent  advances  in  deposition  techniques  for  hetero-epitaxial  growth  of  Ill-nitrides  have  resulted 
in  important  accomplishments,  such  as  the  fabrication  of  high  luminosity  blue,  blue-green,  and 
green  light  emitting  diodes  (LEDs)  and  high-power  field-effect  transistors  (FETs)  for  microwave 
and  millimeter  wave  application  [1,2]. 

Commonly,  GaN  films  deposited  by  low  pressure  metalorganic  chemical  vapor  deposition 
(LP-OMCVD)  on  sapphire  substrates  are  n-type,  with  typical  carrier  concentrations  between 
5x10^^  and  5x10^^  cm'^,  and  carrier  mobilities  between  300  and  400  cm^/V-s.  Recently,  we  have 
demonstrated  the  growth  of  undoped  films  with  dark  resistivity  at  300K  of  about  10**^  Q-cm. 
Disilane  was  used  to  dope  the  material  n-type.  Typically,'  films  with  electron  concentrations  of 
around  1x10^^  cm'^  achieve  room  temperature  mobilities  of  approximately  600  cm^/V-s  [3]. 

Full  realization  of  the  potential  applications  of  the  HI-V  nitrides  requires  understanding  the 
role  of  incorporation  and  activation  of  unintentional  and  intentional  impurities  and  structural 
related  defects.  Photoluminescence  (PL)  spectroscopy  has  proven  to  be  a  powerful  tool  for  the 
detection  and  identification  of  impurities  and  other  defects  in  wide  bandgap  thin  films  on  the 
basis  of  PL  spectra  attributable  to  excitons  bound  to  neutral  impurities,  free  carriers  recombining 
with  carriers  bound  at  impurities,  and  donor-acceptor  pair  (DAP)  recombination  [4].  In  addition, 
time  decay  characteristics  and  excitation  power  dependence  have  been  used  to  classify 
recombination  processes  on  the  basis  of  radiative  lifetimes,  and  impurity  ionization  energies  can 
be  determined  from  the  temperature  quenching  of  the  PL  bands. 

The  low  temperature  photoluminescence  (LTPL)  spectrum  of  the  high  resistivity  film  shows 
a  dominant  peak  at  3.4867  eV.  The  LTPL  spectrum  of  the  Si-doped  film  exhibits  an  intense  peak 
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at  3.4779  eV  which  we  attribute  to  the  recombination  of  excitons  bound  to  neutral  Si  donors.  We 
have  performed  detailed  studies  of  the  excitation  power  and  temperature  dependence  of  the  PL 
spectra  to  identify  the  features  associated  with  excitons  bound  to  native  neutral  donors  and  free 
excitons.  In  addition,  we  have  estimated  the  binding  energy  of  the  exciton  to  a  neutral  native 
donor  and  to  the  neutral  Si  donor. 

EXPERIMENT 

The  growth  of  undoped  and  silicon-doped  (Si-doped)  GaN  films  were  done  in  an 
inductively-heated,  water  cooled,  vertical  reactor.  The  source  gases,  electronic  grade  ammonia 
(NH3)  and  ultra-high  purity  trimethylgeillium  (TMGa),  were  introduced  separately  via  pressure- 
controlled  manifolds  into  the  top  of  the  reactor,  which  was  held  at  57  ton.  A  nucleation  layer 
was  formed  at  450  ®C  onto  a  sapphire  substrate  before  the  film  deposition.  The  film  growth  was 
canied  out  at  substrate  temperatures  between  1000-1080  ®C.  Under  usual  growth  condition  the 
described  reactor  yielded  a  growth  rate  of  1.1  |j,m/hr  [5]. 

Si-doping  of  GaN  films  were  achieved  by  using  Si2H6  dilute  in  either  H2  or  in  N2.  In  some 
instances  the  doped  GaN  was  deposited  on  a  high  resistivity  0.5  p.m  thick  unintentionally-doped 
GaN  layer.  The  doping  level  was  found  to  be  controllable  over  the  range  from  IxlO'^  cm'^  to 
4x10^^  cm'^.  Comparison  between  SIMS  and  room  temperature  (RT)  Hall  data  suggested  a  near¬ 
unity  activation  efficiency  of  Si  in  the  GaN  lattice  [3].  High  frequency  FETs  have  been 
successfully  fabricated  on  films  doped  using  this  procedure  [2]. 

The  low  temperature  PL  experiment  was  carried  out  with  samples  placed  in  a  continuous 
flow  liquid  helium  cryostat  and  the  temperature  was  kept  constant  at  6K.  The  variable 
temperature  measurements  were  performed  in  the  temperature  range  between  5K  to  320K  using  a 
needle  valve  to  control  the  amount  of  liquid  helium  allowed  in  the  sample  chamber  and  the  heat 
generated  on  resistors  placed  in  the  helium  diffuser  and  sample  holder.  The  samples  were 
excited  with  the  325.0  nm  (3.81  eV)  line  from  a  He-Cd  laser.  The  laser  excitation  intensity  was 
controlled  with  UV  transmitting  neutral  density  filters.  The  radiation  emitted  by  the  samples  was 
dispersed  and  analyzed  by  a  double  spectrometer  fitted  with  a  1800  gr/mm  grating  set  and 
detected  with  a  UV-sensitive  GaAs  photomultiplier  operated  in  photon  counting  mode.  Different 
spectrometer  band  passes  were  used  for  diverse  spectral  ranges.  Although  the  PL  spectra 
presented  here  are  not  corrected  for  instrumental  response,  we  have  corrected  the  spectrometer 
wavelength  calibration  near  the  bandedge  emission  bands. 

RESULTS  AND  DISCUSSION 

We  have  reported  previously  the  LTPL  spectra  of  nominally  undoped  GaN  films,  which 
commonly  have  electron  concentrations  between  5xl0’^  and  5xl0'^  cm'^,  and  electron  mobilities 
between  250  and  400  cmW-s  [5,6].  The  PL  spectra  of  such  films  are  characterized  by  a 
dominant  sharp  emission  line  about  3.475  eV  and  a  broad  band  which  peaks  around  2.25  eV. 
The  former  is  assigned  to  excitons  bound  to  a  neutral  unknown  donor  (D°-X)  and  the  latter  may 
be  associated  with  structural  defects  [6-9].  Recently,  we  were  able  to  grow  undoped  films  with 
dark  RT  resistivity  of  about  10^®  t2-cm  [10].  A  typical  PL  spectrum  of  such  high  resistivity  films 
(HRF)  is  represented  in  figure  1  (top  spectrum),  combined  with  the  PL  spectrum  of  a  Si-doped 
film,  which  has  an  electron  concentrations  of  1.62xl0'^  cm'^  and  room  temperature  mobility  of 
560  cmW-s  (bottom  spectrum).  Note  that  the  PL  spectrum  of  the  HRF  has  been  normalized  to 
the  peak  intensity  of  the  edge  emission  of  the  Si-doped  film.  Both  spectra  show  the  presence  of 
the  so  called  yellow  band  (2.25  eV).  However,  the  HRF  spectrum  shows  an  additional  band 
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around  3.0  eV,  which  may  be  associated  with  an  expected  partial  film  compensation.  The  inset 
in  figure  1  represents  the  high  resolution  PL  spectra  of  both  films.  The  edge  emission  of  the 
HRF  has  been  assigned  to  free  exciton  (FE)  recombination,  in  agreement  with  results  reported 
previously  [3,1 1].  Note  the  absence  of  the  D°-X  band,  commonly  observed  in  undoped  films  on 
the  low  energy  side  of  the  FE,  usually  red-shifted  by  4-5  meV  [11].  The  high  resolution  PL 
spectrum  of  the  Si-doped  film  exhibits  a  peak  at  3.4779  eV  which  we  attribute  to  the 
recombination  of  excitons  bound  to  neutral  Si-donors,  since  it  has  been  observed  only  in  Si- 
doped  films  and  not  in  unintentionally  doped  films.  The  energy  difference  between  the  emission 
peaks  in  the  Si-doped  and  the  HRF  is  about  8.8  meV,  suggesting  that  Si  is  not  the  unknown 
pervasive  donor  in  undoped  GaN  films.  In  addition,  this  spectral  analysis  may  indicate  that  the 
binding  energy  of  the  Si-impurity  is  about  twice  that  of  the  unknown  donor  [12,13].  Although 
the  nature  of  the  recombination  processes  associated  with  the  edge  emission  in  both  films  are  not 
the  same  and  PL  is  not  an  adequate  technique  to  quantify  relative  concentration  of  competing 
radiative  centers,  we  can  speculate  that  the  FE  recombination  channel  in  HRF  becomes  dominant 
because  of  a  sizable  reduction  of  the  concentration  of  unknown  donors.  We  would  like  to 
point  out  that  if  we  have  an  increase  in  the  concentration  of  compensating  centers  we  should 


Fig.  1.  Photoluminescence  spectra  of  undoped  (high  resistivity)  and  Si-doped  GaN  films.  The 
inset  show  the  high  resolution  spectra  of  both  films.  If  the  residual  level  of  electrically  active 
impurities  is  sufficiently  low,  one  may  expect  that  the  recombination  processes  involving  free 
excitons  will  dominate  the  near  bandedge  emission.  The  peak  at  3.4796  eV,  observed  only  in  Si- 
doped  samples,  is  attributed  to  the  recombination  of  an  exciton  bound  to  a  neutral  Si-donor.  The 
energy  difference  between  the  peak  at  3.4884  and  3.4796  eV  is  8.8  meV,  and  represents  the 
binding  energy  of  the  exciton  bound  to  the  neutral  Si-donor. 
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observe  a  relative  increase  of  the  intensity  of  emission  bands  associated  with  recombination 
processes  involving  DAP,  which  is  not  observed  in  figure  1  [14]. 

To  obtain  more  insight  on  the  nature  of  the  recombination  processes  associated  with  the  edge 
emission  bands  in  undoped  and  doped  films  we  have  performed  measurements  of  the 
temperature  dependence  of  the  PL  intensity.  Figure  2  represents  the  PL  spectra  of  the  HRF 
performed  at  6K  and  25K.  Although  we  observe  a  small  red-shift  in  the  peak  position  between 
the  two  spectra,  the  most  noticeable  spectral  change  occurs  in  the  relative  intensity  of  the  ground 
state  (n=l)  of  the  free-exciton  A  (FE-A)  at  3.4867  eV  and  the  ground  state  of  the  ffee-exciton  B 
(FE-B)  at  3,4923  eV.  The  difference  in  energy  between  these  two  peaks  (5.6  meV)  is  the  value 
of  the  crystal  field  splitting  of  the  two  valance  bands.  For  temperatures  above  70K  the  FE 
recombination  process  is  dominated  by  the  FE-B.  The  third  peak  observed  in  both  spectra  is 
assigned  to  the  first  excited  state  of  the  FE-A  (n=:2).  The  separation  between  the  ground  and 
excited  states  of  the  FE  is  about  17.0  meV,  Assuming  the  hydrogenic  approximation  we  estimate 
a  value  of  22.7  meV  for  the  binding  energy  of  the  FE-A.  We  would  like  to  point  out  that  most  of 
the  differences  between  the  energies  reported  here  and  by  other  research  groups  can  be 
understood  if  we  take  into  consideration  that  the  films  discussed  in  the  present  work  have  been 
deposited  on  a-plane  sapphire  substrates.  A  detailed  comparison  between  c-plane  and  a-plane 
HRF  films  will  be  presented  in  a  forthcoming  paper.  A  study  varying  the  PL  excitation  intensity 
has  shown  that  the  FE  line  width  increases  with  increasing  excitation  level,  suggesting  that  some 
non-radiative  recombination  channels  are  saturating.  This  observation  supports  the  FE 
assignment  for  the  bandedge  emission  and  confirms  the  high  quality  of  the  HRF  deposited  by  LP- 
MOCVD.  A  recent  report  by  an  other  group  confirms  our  previously  reported  observation  of  FE 
recombination  mechanism  being  the  dominant  recombination  channel  in  HRF  [3,15]. 

Figure  3  shows  the  PL  spectra  of  the  Si-doped  film  measured  at  6K  and  30K.  At  lower 
temperature  the  recombination  process  is  dominated  by  excitons  bound  to  neutral  Si  donors  (Si°- 
X).  Upon  increasing  the  sample  temperature  we  observed  in  addition  to  the  expected  Si°-  X  red- 
shift,  the  increase  of  a  shoulder  on  the  higher  energy  side  of  the  Si®-  X  band.  This  increasing 
intensity  shoulder  is  associated  with  the  increase  in  the  population  of  excitons  thermally  released 


Fig.  2.  PL  spectra  of  the  high  resistivity 
sample  measured  at  6K  (continuous  line)  and 
25K  (doted  line,  normalized).  The  3.4923  eV 
line  becomes  dominant  above  70K. 


energy  (eV) 


Fig.  3.  PL  spectra  of  the  Si-doped  sample 
performed  at  6K  (continuous  line)  and  30K 
(dotted  line,  normalized).  Note  the  increasing 
relative  intensity  of  the  shoulder  in  the  high 
energy  side  of  the  30K  spectrum. 
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from  the  neutral  Si  donor.  A  detailed  study  of  the  temperature  dependence  of  the  Si°-  X  band 
will  be  presented  elsewhere.  A  PL  excitation  intensity  study  of  the  Si°-  X  has  shown  no  line 
width  variation  with  increasing  excitation  power  density.  This  observation  confirms  the  different 
nature  of  this  bandedge  recombination  process  compared  to  the  bandedge  recombination  in  HRF. 

The  PL  temperature  study  was  carried  out  from  6K  to  320K  on  HRF,  undoped-conducting 
films,  and  Si-doped  films.  At  room  temperature,  as  expected,  we  observed  the  same  PL  line 
shape  for  all  samples.  In  figure  4  we  present  the  PL  spectrum  of  the  HRF  measured  at  290K. 
The  peak  position  is  at  3.4369  eV  and  the  line  width  at  half  maximum  is  about  33  meV.  The 
features  observed  on  the  lower  energy  side  of  the  FE  may  be  associated  with  acceptor-impurities. 
The  high  energy  side  of  the  FE  can  be  fitted  with  a  Maxwell-Boltzman  distribution.  Presently  we 
are  attempting  to  obtain  a  complete  line  shape  fitting. 
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Fig.  4  Room  temperature  PL  spectrum  of  i"  Si-doped  films  are  associated  with 
the  undoped  GaN.  Similar  spectra  are  recombination  process  dominated  by  excitons 

observed  in  Si-doped  samples.  b®™**  ^i  donors.  Special  andyses  of 

HRF  and  Si-doped  films  may  indicate  that  Si  is 

not  the  native  donor  in  undoped  films.  Since  we  have  often  observed  1  to  3  meV  shifts  in  the 
exciton  peak  position  as  a  function  of  location  across  a  2  inch  diameter  wafer,  the  origin  of  the 
sample  must  be  taken  in  consideration  before  a  we  can  drawn  a  final  conclusion.  Presently  we 
are  performing  calculation  for  obtain  a  complete  exciton  line  shape  fitting. 


Fig.  4  Room  temperature  PL  spectrum  of 
the  undoped  GaN.  Similar  spectra  are 
observed  in  Si-doped  samples. 
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ABSTRACT 

We  present  a  photoluminescence  study  of  residual  transition  metal  contaminants  in 
hexagonal  GaN  layers.  We  observe  three  no-phonon  lines  peaking  at  1.3  eV,  1.19  eV  and 
1.047  eV.  The  no-phonon  line  at  1.3  eV  is  caused  by  the  internal  electronic  transition  ^Tj 

®Ai  of  Fe^'*'.  The  1.19  eV  emission,  which  was  first  attributed  to  Cr^+,  is  caused  by  TP+. 
GaN  layers  intentionally  doped  with  Cr,  V,  or  Ti  during  ^owth  have  been  investigated. 
Only  the  Ti  doped  samples  imow  an  intense  signal  of  the  1.19  eV  emission.  The  experimen¬ 
tal  data  of  the  luminescence  center  at  1.047  eV,  which  appears  as  natural  contaminant  only 
in  GaN  layers  grown  by  the  sandwich  technique,  fit  best  to  the  ^T2(F)  ->  ^A2(F)  transition 
of  Co^"*".  The  three  no-phonon  lines  show  characteristic  phonon  sidebands.  Most  of  them 
correspond  to  phonon  modes  observed  in  Raman  spectroscopy. 

INTRODUCTION 

In  recent  years  the  development  of  an  AlGaN/InGaN  blue  green  light  emitting  diode  [1] 
stimulated  worldwide  the  efforts  to  develop  also  a  GaN  based  blue  green  laser.  Up  to  now 
photoluminescence  (PL)  measurements  on  GaN  have  mainly  been  performed  in  the  near 
bandedge  region  at  about  3.4  eV  and  in  the  range  of  the  yellow  luminescence  at  around  2.2 
eV.  Only  a  few  studies  have  been  published  hitherto  on  emissions  in  the  near  infrared  region 
(NIR)  of  GaN  [2,  3,  4].  Luminescence  centers  in  the  near  infrared  are  caused  by  internal 
electronic  transitions  of  3d  elements  which  are  incorporated  as  natural  contaminants  during 
crystal  growth.  In  this  paper  we  focus  on  three  luminescence  centers  in  GaN  which  show 
no-phonon  (NP)  lines  peaking  at  1.3  eV,  1.19  eV,  and  1.047  eV  and  characteristic  phonon 
replica. 

EXPERIMENTAL 

The  GaN  samples  were  grown  by  means  of  high  temperature  vapor  phase  epitaxy  (HTVPE) 
[5]  or  by  a  modification  of  the  sandwich  technique  [6].  Both  techniques  utilize  liquid  metallic 
Ga  and  NH3  as  precursors.  The  main  characteristics  are  the  small  distances  between  the  Ga 
melt  and  the  substrates  (<  5  mm)  and  the  high  growth  temperature  airound  1200®C.  Doping 
of  the  GaN  with  transition  metals  was  done  by  adding  the  respective  transition  metal  in  a 
ratio  of  1:1000  to  the  Ga  melt.  The  films  were  deposited  either  on  (0001)  6H-SiC  or  (0001) 
sapphire  substrate.  The  PL  measurements  were  performed  using  a  BOMEM  DA8.02  Fouri- 
erspectrometer.  The  PL  excitation  (PLE)  measurements  were  performed  with  conventional 
monochromator  technique.  For  all  the  measurements  a  Ge-detector  was  used. 

RESIDUAL  3d  TRANSITION  METALS  IN  GaN 

Figure  1  shows  a  near  infrared  PL  spectrum  of  a  GaN  sample  grown  by  the  sandwich 
technique  on  6H-SiC.  We  observe  three  IsP  lines  with  transition  energies  at  1.3  eV,  1.19  eV, 
and  1.047  eV  and  their  corresponding  phonon  sidebands.  In  the  inset  a  detailed  spectrum 
of  one  of  the  samples  in  the  range  of  the  1.047  eV  emission  is  depicted.  In  addition  to  the 
1.047  eV  emission,  labelled  A,  further  weaker  emissions  appear  which  are  caused  by  so  far 
unidentified  defects. 
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FIG.  1.  PL  spectrum  of  GaN/6H-SiC  in  the  near  infrared  region.  Three  NP  lines  peaking 
at  1.3  eV,  1.19  eV,  and  1.047  eV  together  with  GaN  related  phonon  sidebands  appear.  The 
inset  shows  a  detailed  spectrum  of  another  sample  in  the  range  of  the  1.047  ev  transition. 
In  some  of  the  samples  additional  luminescence  lines  indicated  by  the  arrows  appear.  They 
are  caused  by  further  contaminations  and  complexes. 

The  Fe^+  ^Ti  «Ai  in  GaN  (1.3  eV) 

The  emission  at  1.3  eV  was  first  reported  by  Maier  et  al.{2].  Based  on  EPR-,  PL-, 
and  ODMR  this  emission  was  assigned  to  the  electronic  spin-flip  transition  between  the 
^Ti  excited  state  and  ®Ai  ground  state  of  Fe®’^.  This  attribution  has  been  confirmed  using 
Zeeman  spectroscopy  showing  the  typical  splitting  of  the  ®Ai  ground  state  [11,  12].  However 
the  excitation  mechanism  of  the  Fe^'*'  luminescence  is  not  established  yet.  Only  in  some  of 
our  samples  we  can  excite  the  Fe^*^  emission  with  the  514  nm  green  line  of  the  Ar  ion  laser. 
Thus,  most  definitely  different  defects  are  involved  to  excite  the  Fe^"^  emission.  For  instance 
in  some  samples  the  luminescence  excitation  spectrum  of  the  yellow  band  at  2.2  eV  coincides 
with  the  excitation  spectrum  of  Fe^"''.  Excitation  via  the  substrate  has  to  be  considered  as 
well.  Therefore  the  bandofifeets  determined  from  the  Fe^+Z^^  levels  by  Baur  et  al.  [4]  have 
to  be  regarded  with  care. 

In  PL  and  absorption  measurements  we  searched  for  the  internal  electronic  transition  of 
Fe^"''.  In  nearly  all  semiconductor  hosts  the  typical  four  line  pattern  of  the  Fe^'''  transition 
®T2  ®E  is  resolved.  Prom  their  PLE  measurements  Baur  et  al.  assumed  that  the  Fe^+ 
transitions  are  located  at  about  0.5  eV  [4].  Up  to  now  we  were  not  able  to  detect  any  trace 
of  Fe^"^  in  the  optical  range  between  0.2  eV  and  the  visible  region.  In  absorption  we  studied 
a  n-t3^e  400/fm  sample  which  showed  a  strong  Fe®"''  emission.  Possible  explanations  eue:  (a) 
As  already  pointed  out  for  Fe^"*"  in  ZnO  [10],  where  also  the  Fe^"*"  emission  is  not  observed, 
the  large  vibrational  energy  of  the  optic^  phonons  favour  nonradiative  relaxation,  (b)  All 
our  samples  are  n-type.  As  shown  for  Fe^"**  in  GaAs  and  InP  the  Fe^'*'  emission  decreases 
the  higher  the  n-type  character  of  the  samples  [7]. 
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The  ->  ®A2  transition  of  Ti^'^  in  GaN  (1.19  eV) 


2.8  eV 


-4-  1.62  eV 


19  eV 


Fe^^:1.3  eV 


1.1  1.2  1.3 

Energy(eV) 

FIG.  2.  Near  inhared  PL  spectra  of  GaN  doped  with  (a)  Ti,  (b)  Cr,  and  (c)  V.  Only 
the  Ti  doped  sample  shows  the  1.19  eV  luminescence  center  using  below  and  above  bandgap 
excitation.  The  level  scheme  explains  the  observed  transitions  according  to  Ref.  [12,  13]. 


The  1.19  eV  emission  was  first  reported  by  Baur  et  al.  in  their  GaN  samples  grown 
on  sapphire  by  VPE  or  MOVPE  [8].  They  assigned  the  luminescence  center  to  Cr'J+.  But 
according  to  our  optical  investigations  the  luminescence  center  is  caused  by  an  internal 
electronic  transition  between  the  ^E  and  ^A2  levels  of  TP+  (see  level  scheme  of  Fig.  2). 

In  contrast  to  Baur  et  al.  [8]  the  temperature-dependent  PL  studies  of  all  our  samples 
both  grown  by  the  sandwich  technique  and  grown  by  MOVPE  or  HTVPE  show  no  excited 
state  to  the  1.19  eV  emission.  Zeeman  measurements  show  a  three-fold  splitting  of  the 
ground  state  of  the  1.19  eV  emission  in  GaN.  Thus  the  ground  state  belongs  to  a  S=1  sys¬ 
tem.  Details  on  the  excitation  and  Zeeman  measurements  are  published  elsewhere  [12,  13]. 
Thus,  the  luminescence  center  has  a  3d^  electronic  configuration.  The  luminescence  center 
cannot  only  be  excited  by  above  bandgap  excitation  but  also  by  excitation  in  the  region 
between  1.5  eV  and  1.65  eV.  This  excitation  band  is  attributed  to  an  absorption  into  an 
excited  state  of  our  luminescence  center.  The  appearance  of  the  excited  state  reveals  that 
the  defect  center  is  already  in  its  luminescence  charge  state  without  illumination  in  n-type 
GaN.  Possible  canditates  are  Ti^+,  and  Cr^+.  We  observe  the  1.19  eV  emission  also 
in  our  samples  where  the  electronic  concentration  n  is  higher  than  10^’’  cm”^.  Because  the 
emission  center  is  already  in  its  luminescence  charge  state  in  the  dark  an  attribution  to  a  3d 
element  in  a  4+  charge  state  is  unprobable.  Thus  we  attribute  the  1.19  eV  emission  to  the 
lE  3^0  transition  of  TP"*".  This  assignment  to  Ti^+  is  confirmed  by  d^ing  experiments 
where  different  transition  metals  were  introduced  during  crystal  growtli.  Fig.  2  shows  three 
spectra  of  GaN  samples  which  have  been  intentionally  doped  with  Ti,  V,  and  Cr  during 
HTVPE  growth.  Only  the  Ti-doped  GaN  sample  showed  the  1.19  eV  emission. 

The  1.047  eV  emission:  d^  configuration 

The  emission  at  1.047  eV  occurs  only  in  GaN  samples  grown  by  the  sandwich  technique 
and  no  identification  has  been  attempted  yet. 


493 


FIG.  3.  PL  excitation  spectrum  of  the  1.047  eV  luminescence  center.  A  set  of  at  least 
six  absorption  peaks  is  detected.  The  absorptions  C  and  D  are  caused  by  NP  transitions. 
The  inset  shows  the  appearance  of  a  hot  line  (B)  to  the  1.047  eV  NP  line  (A)  indicating  a 
splitting  of  the  excited  state. 

Figure  3  shows  an  excitation  spectrum  of  the  1.047  eV  emission  in  the  optical  range 
between  1.45  and  1.8  eV.  Similar  to  the  1.19  eV  emission  the  1.047  eV  emission  can  be 
excited  not  only  W  above  bandgap  excitation  but  also  in  the  energetic  range  between  1.5 
eV  and  1.75  eV.  This  absorption  band  consists  of  a  set  of  at  least  six  sharp  peaks.  The 
absorption  peaks  C  and  D  can  be  attributed  to  NP  lines.  The  other  peaks  coincide  with 
replicas  having  typical  phonon  energies  of  GaN  (see  also  next  section) 

A  chairge-transfer  transition  can  most  definitely  be  excluded.  As  observed  for  the  ex¬ 
citation  spectrum  of  the  1.19  eV  emission  (Fig.  2)  the  excitation  spectrum  of  the  1.047 
eV  emission  reveeJs  excitation  via  an  excited  state.  Therefore  the  luminescence  center  is 
in  its  luminescence  char^  state  in  the  dark  in  n-type  material.  The  inset  of  Fig.  3  shows 
three  spectra  of  the  1.047  eV  emission  detected  at  diflFerent  temperatures.  With  increasing 
temperature  a  hot  line  8  meV  higher  in  energy  appears.  Thus  we  have  an  at  least  two-fola 
split  excited  state.  The  scheme  in  the  left  part  indicates  the  level  scheme  derived  from  the 
temperature  dependent  PL  measurements  and  the  PLE  measurements.  We  only  observe  one 
NP  line  at  2  K.  Thus,  the  1.047  eV  emission  can  belong  to  a  3d  transition  metal  with  a  d^, 
d^,  d®,  or  d’^  electronic  configuration  all  having  an  orbital  momentum  in  the  ground  state. 

For  the  following  reaisons  the  1.047  eV  emission  is  caused  by  a  transition  metal  with  a  d’^ 
electronic  configuration:  (a)  A  d^  configuration  can  be  excluded  because  it  has  no  excited 
state  that  can  explain  the  higher  excited  state  observed  in  PLE  (Fig.  3)  (b)  In  our  n-type 
samples  we  exclude  Cr^+.  Ti^+  and  are  already  attributed  to  other  emission  centers 
at  1.19  eV  [13]  eind  0.931  eV  [8],  respectively.  Furthermore,  the  excitation  spectrum  of  the 
1.047  eV  emission  looks  different  to  the  excitation  spectrum  usually  observed  for  Ti^"^  or 
(c)  The  ^Ti  — )>  ®Ai  spin-fiip  transition  of  a  3d®  configuration  ceui  be  excluded  because 
the  decay  time  of  less  than  a  few  ps  is  too  short. 

Therefore  the  experiments  fit  to  a  transition  metal  with  a  3d^  electronic  configuration. 
As  Fe'^  can  be  excluded  as  well,  the  possible  canditates  are  NP+  and  Co^'*’.  Usually  Ni 
appears  as  Ni'''  or  Ni^'*'  in  semiconductors.  Therefore  the  ^T2  ^  ^A2  transition  Co  in  its  2-f 
cnarge  state  is  the  most  probable  possibility  to  cause  the  1.047  eV  emission. 
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Phonon  sidebands  compared  to  Raman  phonon  modes 


energetic  distance  from  NP  (meV) 


FIG.4  Comparison  of  the  phonon  sidebands  of  the  three  no-phonon  lines  caused  by  resid¬ 
ual  transition  metal  contaminants.  The  emissions  are  normalized  to  the  1.047  eV  emission. 
The  top  scale  indicates  the  distance  of  the  phonon  replica  from  the  no-phonon  lines.  The 
phonon  modes  observed  from  Raman  spectroscopy  are  indicated  (see  Tab.  1). 


Raman  modes  GaN 

1.047  eV 

1.19  eV 

1.3  eV 

(Kozawa  et  al.  [14]) 

(Fe^+  in  GaN) 

cm"^/meV 

cm~^/meV 

cm~^/meV 

cm”^/meV 

E2(1ow):  144/17.9 

169/21.0  (1) 
219.4/27.2  (2) 

~  170/21.1  (1) 

154/19.1  (1) 

286.8/35.6  (3) 

-  295/36.6  (3) 

301/37.3  (3) 

308.4/38.2  (4) 

316/39.2  (4) 

EaChigh):  570/70.7 

569.4/70.6  (7) 

569.0/70.5  (7) 

569.3/70.6  (7) 

Ai  (TO):  532/66 

527.8/65.4  (5) 

524.8/65.1  (5) 

El  (TO)  ;  561/69.6 

549.9/68.2  (6) 

547/67.8  (6) 

Ai(LO):  736/91.2 

690/85.6  (8) 

Ei(LO):  745/92.4 

750/93.0  (8) 

717/88.9  (9) 

TAB.  1.  Energies  of  the  phonon  replica  (determined  from  Fig.  4)  of  the  three  NP  lines 
at  1.047  eV  (column  2),  1.19  eV  (column  3),  and  1.3  eV  (column  4).  The  energies  of  the 
phonon  modes  are  given  in  cm~^  (for  better  comparison  with  Raman  data)  and  in  meV.  The 
numbers  in  brackets  indicate  the  maxima  according  to  Fig.  4.  The  phonon  modes  of  hexag¬ 
onal  GaN  determined  from  Raman  spectroscopy  [14]  are  summarized  in  the  Brst  column. 
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In  Fig.  4  and  Tab.l  the  phonon  sidebands  of  the  three  defect  luminescence  bands  and 
the  phonon  modes  observed  from  Raman  spectroscopy  are  compared.  The  phonon  modes 
observed  in  the  phonon  sidebands  are  close  to  modes  observed  from  Raman  spectroscopy  [14]. 

CONCLUSIONS 

In  a  nutshell,  we  studied  residual  transition  metal  contaminants  in  GaN  samples  grown 
on  6H-SiC  and  on  sapphire  substrate.  By  photoluminescence  we  observe  three  no-pnonon 
lines  peaking  at  1.3  eV,  1.19  eV,  and  1.047  eV.  Our  Zeeman  measurements  support  the 
attribution  of  the  1.3  eV  emission  to  the  ^Ti  ->  ®Ai  transition  of  Fe^''".  On  the  basis  of 
Zeeman  studies,  photoluminescence  excitation  spectroscopy,  and  intentional  doping  exper- 
imentSj  the  1.19  eV  emission  is  attributed  to  the  ->■  ^A2  transition  of  Ti^+.  The  1.047 
eV  emission  is  probably  caused  by  an  internal  electronic  transition  of  a  transition  metal 
with  a  3d^  electronic  configuration.  Our  experimental  data  at  best  fit  to  the  ^T2  — >  ^Ai  of 
Co^'*'.  The  phonon  sidebands  of  the  three  luminescence  centers  show  resonances  close  to  the 
phonon  modes  observed  in  Ram2in  spectroscopy 
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ABSTRACT 

P-type  GaN  films  were  grown  on  sapphire  substrates  in  a  horizontal  metalorganic 
chemical  vapor  deposition  system  using  (C5H5)2Mg  (Cp2Mg)  as  the  p-dopant  source.  It  is 
found  that  the  acceptor  concentration  in  the  post-growth  annealed  GaN  samples  increases 
with  the  Mg  flow  rate  and  reaches  a  peak  value  of  1x10^^  cm'^  at  Mg  flow  rate  of  0.84 
|imol/min.  The  films  remain  semi-insulating  even  after  annealing  when  the  Mg  flow  rate  is 
higher  than  1.08  iimol/min.  The  effects  of  annealing  temperature  and  duration  on  the  electrical 
properties  of  GaN  are  also  investigated.  The  results  confirm  that  a  800  °C,  30  minutes  post¬ 
growth  annealing  in  N2  ambient  is  sufficient  to  activate  most  of  the  Mg  atoms.  In  addition, 
study  of  rapid  thermal  annealing  of  Mg-doped  GaN  was  earned  out  and  the  results  show  that 
the  p-type  acceptor  concentration  obtained  is  comparable  to  the  results  obtained  using  furnace 
annealing  process.  Finally,  GaN  light  emitting  diodes  (LEDs)  are  demonstrated  using  undoped 
layer  as  the  n-type  base  layer  in  a  p-on-n  structure.  The  light  emission  spectra  are  dominated 
by  the  430  nm  peak,  accompanied  with  two  relatively  weak  peaks  located  at  380nm  and 
550nm. 

INTRODUCTION 

Wide  band-gap  GaN  and  related  III-V  nitrides  are  promising  materials  for  aji^lications  in 
UV  and  blue  light  emitting  diodes  (LEDs)  and  in  high  temperature  electronics.’’  ’  For  a  long 
time,  the  main  obstacle  to  the  realization  of  these  devices  has  been  the  poor  material  quality, 
such  as  the  high  background  n-type  carrier  concentration  and  the  lack  of  p-type  conductivity. 
Recently  high  quality  unintentionally  doped  n-type  GaN  thin  films  with  low  earner 
concentration  (<lxl0’^cm'^)  were  obtained  by  introducing  a  thin  AIN  or  GaN  buffer  layer  on 
sapphire.'^’  ^  P-type  conductivity  was  also  achieved  in  GaN  material  grown  both  by  the 
metalorganic  chemical  vapor  deposition  (MOCVD)  and  the  molecular  beam  epitaxy(MBE) 
techniques  using  Mg  as  a  p-type  dopant.^’ ^  In  case  of  MOCVD  grown  Mg-doped  GaN,  a 
post-growth  annealing  treatment  is  required  to  activate  the  Mg  dopant.  This  step  is  believed 
to  dehydrogenate  the  Mg-H  complexes  which  is  formed  during  the  growth.  GaN  blue-violet 
LEDs  were  soon  developed  after  the  achievement  of  p-type  doping.^’  ^  However,  detailed 
study  of  properties  of  the  Mg  doped  GaN  material  is  still  needed  to  increase  the  p-type  doping 
concentration  and  to  optimize  LED  efficiency.  In  this  letter,  we  report  the  magnesium  doping 
in  GaN  layer  by  MOCVD  using  (C5H5)2Mg  (Cp2Mg)  as  the  dopant  source.  To  optimize  the  p- 
type  conductivity,  we  investigate  the  dependence  of  acceptor  concentration  on  the  dopant 
source  flow  rate.  Post-growth  annealing  at  different  temperature  and  time  are  also  studied. 
GaN  LEDs  based  on  Mg  doped  GaN  are  demonstrated  which  emit  visible  light  with  strongest 
peak  located  at  430nm. 
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EXPERIMENTAL  DETAILS 


Samples  were  grown  on  (0001)  sapphire  substrates  in  a  horizontal  low  pressure  MOCVD 
system.  High  purity  trimethylgallium  (TMGa)  ,  ammonia  (NH3)  and  CpjMg  were  used  as  the 
precursors  for  Ga,  N  and  Mg  dopant,  respectively.  Hydrogen  (31/min)  was  employed  as  the 
carrier  gas  and  the  reactor  pressure  was  kepted  at  100  Torr.  Before  the  epitaxy,  a  GaN  bufffer 
layer  of  ~  lOOOA  was  deposited  at  600  °C.  Wurtzite  GaN  epilayers  were  grown  at  1050  °C 
with  TMGa  and  NH3  gas  flows  kept  at  16  nmol/min  and  2  1/min  for  all  the  runs  while  the  Mg 
flow  rate  was  varied  from  0.48  timol/min  to  1.44  |j.mol/min.  After  the  growth,  samples  were 
annealed  in  N2  atmosphere  at  7(X)  Torr  for  half  an  hour.  The  typical  annealing  temperature 
was  800  °C  unless  the  study  of  the  influence  of  annealing  temperature  on  Mg  doping 
efficiency  was  conducted. 

RESULTS  AND  DISCUSSIONS 

Capacitance- Voltage  (C-V)  measurement  using  back  to  back  diode  structure  was 
performed  with  the  frenquency  kept  at  1  KHz  .  As-grown  samples  are  always  semi-insulating 
while  the  concentration  difference  between  the  acceptors  and  the  donors  (Ng-Nj)  of  the 
annealed  GaN  films  under  typical  annealing  condition  are  dependent  on  the  flow  rate  of 
Cp2Mg.  (See  Fig.l).  When  the  Mg  flow(  fj^)  is  as  low  as  0.48  |imol/min,  both  C-V  and  I-V 
results  reveal  a  n-type  behavior  with  the  carrier  concentration  around  10'^  cm‘^  but  mobility  of 
only  10  cm^fV.s  (for  undoped  GaN  films  of  same  carrier  concentration,  the  mobility  is  as  high 
as  400  cm^A^.s).  By  increasing  the  Mg  flow  rate  to  0.60  }j.mol/min,  we  could  obtain  p-type 
GaN  film  with  (N,-NJ  value  of  1.3x10^’  cm’^.  The  (N,-NJ  value  is  very  sensitive  to  the  Mg 
flow  beyond  this  value  and  soon  reaches  a  peak  value  of  1x10’®  cm'^  at  f;^  of  0.84  ^imol/min. 
The  (Ng-Nd)  begins  to  fall  when  the  fj^  is  over  0.84  |imol/min  and  eventually  the  film  turns  out 
to  be  semi-insulating  ,  reflecting  a  deteriorating  crystal  quality  due  to  the  high  Mg 
incorporation.  The  sample  surface  is  no  longer  smooth  but  shows  lots  of  hexagonal  hillocks 
and  platelets. 
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Fig.l  The  (Na-Nd)concentration  of  Mg  doped  GaN  films  as  a  function  of  Cp2Mg  flow  rate 
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a)  Without  Mg  doping 


Wavelength  (nm) 


Fig.2  Low  temperature  (lOK)  photoluminescence  spectra  of  Mg  doped  GaN  films  with  different  Mg 
incorporation  level:  a)  without  Mg  doping;  b)  Mg  flow  rate  =  0.72  pmol/ntin;  c)  Mg  flow  rate  =  1.44 
IJmol/min. 

Fig.2  exhibits  the  low  temperature  (lOK)  photoluminescence(PL)  spectra  of  annealed  GaN 
samples  at  different  Mg  incorporation  level.  For  undoped  GaN  samples,  the  PL  spectrum  is 
dominated  by  the  near-band-edge  emission  at  355. 8nm  (3.485  eV),  while  the  donor-acceptor 
pair  (D-A)  emission  at  379.2nm  (3.27  eV)  and  the  deep  level  (DL)  emission  around  560nm 
(2.2  eV)  are  very  weak.  When  the  Mg  is  inroduced  into  GaN  films,  the  near-band-edge  peak 
shifts  to  357.3nm  (3.47eV)  which  coreresponds  to  acceptor-bond  exciton  emission  peak.  This 
peak  first  increases  at  low  flow  of  Mg  and  then  decreases  at  higher  Mg  flow.  The  dominant 
357.3  nm  peak  in  the  spectra  is  soon  replaced  by  the  D-A  peak  at  379.2nm  (3.27eV)  whose 
intensity  shows  an  increasing  trend  with  Mg  concentration.  As  long  as  the  Mg  flow  rate  is  less 
then  liimol/min,  the  DL  emission  peak  does  not  appear  in  the  spectra,  implying  that  an 
appropriate  amount  of  Mg  can  suppress  the  deep  level  in  the  GaN  MOCVD  epi-films. 
However  if  the  Mg  flow  rate  is  too  high  during  the  growth,  only  one  broad  peak  can  be 
obtained  in  the  whole  spectrum,  which  is  located  around  420  nm  (2.95eV).  Refering  to  its 
semi-insulating  property  at  this  high  Mg  flow  range,  this  peak  is  probably  resulted  from  the 
Mg-H  complex  related  deep  levels. 

The  effect  of  post-annealng  temperature  on  the  conductivity  of  Mg  doped  samples  was 
then  investigated.  If  the  annealing  temperature  is  too  low,  the  Mg-H  bond  can  not  be  broken, 
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therefore  the  films  remain  semi-insulating;  On  the  other  hand,  if  the  temperature  is  too  high, 
the  decomposition  of  GaN  may  become  severe  and  affect  the  crystal  and  electrical  quality  of 
GaN  layers  .  To  investigate  this,  an  as-grown  GaN  sample  with  the  Mg  flow  rate  of  0.84 
}imol/min  during  the  growth  was  cut  into  several  pieces  and  annealed  at  different  temperature. 
Fig.  3  is  the  plot  of  the  (Ng-Na)  concentration  of  these  GaN  samples  obtaind  by  C-V 
measurement  as  a  function  of  annealing  temperature.  When  annealing  temperature  is  below 
500  "C,  the  films  remain  semi-insulating.  The  concentration  increases  with  annealing 
temperature  from  600  °C  until  800  °C.  Above  800  “C,  the  concentration  saturates  but  no 
deterioration  of  GaN  films  due  to  high  temperature  annealing  was  detected  within  our  range 
of  studies.  This  result  illustrates  that  800  °C  annealing  temperature  is  sufficient  to  activate 
almost  all  the  Mg  atoms.  At  the  same  time  it  also  reveals  that  GaN  is  thermally  stable  around 
800  °C  in  the  N2  ambient 
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Fig.3  The  (Nj-Nd)  value  in  Mg  doped  GaN  samples  as  a  function  of  annealing  temperature 
Besides  the  post-annealing  temperature,  the  annealing  duration  is  also  an  important 
parameter  in  deciding  the  Mg  doping  efficiency.  In  our  experiments,  Mg-doped  GaN  films 
were  annealed  at  800  "C  for  0.5  hour,  1  hour  and  1.5  hours,  respectively.  However  no 
significant  differences  were  observed  by  PL  and  C-V  measurements,  which  implies  that  for  2.5 
|xm  thick  GaN  30  minutes  annealing  in  Nj  is  enough  to  fully  activate  the  Mg  atoms.  Depth 
profiling  using  step-etching  the  film  is  still  necessary  to  confirm  this  result  since  C-V 
measurement  probes  only  the  top  few  tenths  of  microns. 

Recently  rapid  thermal  annealing  (RTA)  was  also  employed  to  activate  the  Mg-doped 
GaN  films.'®  Here,  we  compare  the  effects  of  furnace  annealing  technique  with  that  of  RTA 
on  the  Mg-doped  GaN  films.  The  results  are  included  in  Table.  1,  The  samples  studied  was 
grown  with  the  Mg  flow  rate  of  0.96  p.mol/min  and  the  thickness  of  the  layer  is  2.3  ^im.  After 
normal  annealing  (annealed  at  800  "C  for  0.5  hour  in  N2  atmosphere),  this  sample  showes  a 
typical  N,-Nj  concentration  of  5  x  10'®  cm■^  For  RTA  treatment,  if  the  annealing  temperature 
is  higher  than  1050  °C,  the  GaN  film  decomposes,  resulting  in  a  bad  morphology  and 
degraded  quality.  A  p-type  conductivity  is  observed  from  the  Mg  doped  GaN  sample  when 
RTA  temperature  is  reduced  to  below  1050  °C.  The  concentration  of  activated  Mg  acceptors 
in  these  RTA  treated  samples  is  comparable  to  that  of  GaN  annealed  by  the  normal  furnace 
annealing  technique.  Results  shown  in  Table.  1  demonstrate  that  RTA  can  be  a  quick  and  more 
efficient  means  to  obtain  p-type  GaN  films  compared  to  the  furnace  annealing  technique. 


semi-insulating 
below  500  ”C 
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Table.  1  Comparation  of  Mg  dopant  concentration  between  RTA  treated  GaN  and  furnace  annealed  GaN,  all 
the  samples  were  annealed  in  nitrogen  atmosphere. 
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Fig.4  LED  emission  spectrum  at  forward  current  injection  of  30  mA 
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Fig.5  The  dependence  of  LED  emission  intensity  on  the  forward  current  level 
Finally,  GaN  p-n  homojunction  light  emitting  diodes  (LEDs)  were  demonstrated.  A  0.7 
|im  Mg  doped  layer  with  acceptor  concentration  around  5xl0'*  cm’^  was  grown  on  a  2.0  pm 
n-type  GaN  base  layer.  The  base  layer  carrier  concentration  is  estimated  at  1x10  cm'  from 
the  previous  experiments.  The  sample  was  then  annealed  at  800  °C  for  half  an  hour  as  before. 
Mesa  diode  structure  was  fabricated  using  ion  milling.  Ti/Au  was  used  for  ohmic  contact  to  n- 
type  layer  and  Cr/Au  dots  with  the  diameter  of  250  pm  were  deposited  on  the  p-layer  to  form 
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the  p-layer  contact.  The  emission  spectra  under  forward  biased  condition  is  presented  in  Fig. 4, 
There  are  three  peaks  observed  in  these  spectra:  380  nm  peak  at  high  current;  430  nm  peak 
and  a  broad  peak  at  550  nm.  The  430  nm  peak  is  the  most  strong  one  among  the  three  and 
probably  originates  from  the  carrier  recombination  between  the  donor  level  to  the  deeper  Mg 
acceptor  site."  The  intensity  of  430  nm  peak  increases  linearly  with  the  current  at  low  current 
injection  level  until  30mA,  then  gradually  saturates  (see  fig.5).  This  saturation  is  probably 
caused  by  the  finite  number  of  sites  available  at  the  donor  and  acceptoe  levels.  The  380nm 
peak  is  weak  in  our  measurements.  It  is  associated  with  the  carrier  recombination  from  the 
conduction  band  edge  to  the  Mg-acceptor  site  close  to  the  valence  band  edge.  It  does  not 
appear  in  the  spectra  until  30mA  where  the  430  nm  peak  begins  to  saturate.  This 
phenomenom  may  be  intepreted  by  different  densities  of  these  two  types  of  luminecence 
centers  and  their  relative  radiative  recombination  efficiencies. 

CONCXUSIONS 

In  summary.  We  have  achieved  p-type  GaN  by  introducing  Mg  into  the  GaN  layer  during 
the  growth  by  MOCVD  technique.  Study  of  the  effect  of  Mg  incorporation  rate  reveals  that 
the  the  concentration  of  Na-Nj  as  a  function  of  Mg  flow  rate  has  a  peak  at  fMg  =  0.84 
pmol/min.  It  is  demonstrated  that  post-growth  annealing  of  GaN  at  800  °C  for  30  minutes  in 
nitrogen  ambient  is  sufficient  to  activate  most  of  the  Mg  dopants.  RTA  is  also  employed  to 
activate  Mg  atoms  and  the  results  are  comparable  to  that  of  furnace  anneal  technique.  In 
addition,  GaN  LEDs  are  fabricated  using  p-type  layer  as  the  active  layer  which  give  out 
visible  light  with  the  strongest  peak  located  at  around  430  nm. 
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ABSTRACT 

We  present  ab-initio  calculations  on  energetics  and  geometries  of  atomic  hydrogen,  of 
several  candidate  acceptors,  and  of  H-acceptor  complexes  in  wurtzite  GaN  For  the  H- 
Mg  complex  in  Mg-doped  GaN,  we  calculate  the  vibrational  frequencies  of  H.  Hydrogen 
is  found  to  be  a  negative-U  center.  H-acceptor  complex  formation  is  always  exothermic. 
Substitutional  Be  has  a  low  formation  energy  and  a  shallow  impurity  level,  which  makes 
it  a  good  candidate  for  p-doping  in  MBE  growth.  Cn  appears  not  to  be  shallow.  Atomic 
hydrogen  incorporation  in  undoped  GaN  is  disfavored  in  an  H2  atmosphere;  it  becomes 
favorable  in  p  and  n-type  conditions  in  atomic  H  environments. 

INTRODUCTION 

Despite  recent  achievements,  p-type  doping  of  GaN  is  difficult  to  implement  [1],  and  it 
is  a  topic  of  high  current  interest.  The  choice  of  acceptors  alternative  to  Mg  is  as  yet  an 
unsolved  problem.  Concurrently,  the  behavior  of  hydrogen  in  semiconductors  [1],  and  in 
GaN  in  particular  [2],  has  raised  muchinterest  in  recent  years.  Acceptor  passivation,  e.g., 
is  often  attributed  to  hydrogen  [1]. 

We  studied  several  acceptor  species  X  (X=C,  Ca,  Mg,  Zn,  Be),  H  atoms,  and  H-X 
complexes  in  zincblende  and  wurtzite  GaN.  Here  we  present  a  partial  preliminary  overview 
of  these  studies.  H  has  been  examined  in  several  high-simmetry  sites:  in  all  cases,  the  most 
favorable  sites  are  found  to  be  either  the  anion-antibonding  (ABv)  or  bond-center  (BC) 
ones  for  both  cation  and  anion  impurity  substitutions,  as  well  as  for  no  substitution.  An 
exception  is  negatively-charged  H  (H“),  which  sits  in  the  cation-antibonding  (ABm)  site. 
In  the  BC  configuration,  H  sits  at  the  center  of  the  bond  between  anion  and  cation,  while 
in  the  ABy  it  sits  behind  the  anion  site  at  a  distance  close  to  half  bond  length;  the  ABni 
is  behind  the  cation  at  about  the  same  distance  as  in  ABy.  In  the  case  of  wurtzite,  all  the 
above  sites  have  two  non-equivalent  orientations  (axial  and  planar). 

Our  results  are  summarized  as  follows.  H  is  a  negative-U  center.  The  effective  Hubbard’s 
U  is  site- dependent,  and  ranges  from  about  0  to  -1.2  eV.  In  undoped  GaN,  incorporation  of 
H  should  not  take  place  in  atomic  form  in  an  H2  atmosphere,  but  becomes  possible  under 
p  or  n-type  conditions  in  an  atomic-H-rich  environment.  The  acceptor  with  the  lowest 
formation  energy  is  Be,  which  also  exhibits  a  shallow  thermal  impurity  level  {E°^~  ~  0.1 
eV).  Mg  is  relatively  shallow  {E^^~  0.2  eV),  while  C  is  deeper  {E^^~  ~  0.4  eV).  The 

use  of  Be  seems  a  practicable  way  to  improve  doping  efficiency  in  GaN.  The  formation  of 
neutral  H^/X"  complexes  is  found  to  be  exothermic.  Again,  the  antibonding  and  bond 
center  sites  compete  as  equilibrium  geometries.  Acceptor  efficiency  will  be  low  due  to 
H  passivation,  but  the  concurrent  incorporation  of  hydrogen  and  acceptors  will  be  much 
more  favorable  than  that  of  H  alone.  In  the  case  of  the  H-Mg  complex,  we  calculate  the 
vibrational  frequencies  of  H,  None  of  our  frequencies  are  in  even  rough  agreement  with 
experiment  [3]:  this  discrepancy  suggest  that  the  observed  frequencies  is  not  due  to  H-Mg 
vibrational  modes,  and  other  possibilities  should  be  investigated. 
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In  the  following  text  and  Tables,  all  energies  are  expressed  in  eV,  and  distances  in  atomic 
units.  All  formation  energies  listed  include  relaxation  contributions. 

METHOD 

Ab-initio  calculations  have  been  performed  within  local  density  functional  theory  [4]. 
A  plane-wave  basis  at  constant  energy  cutoff  of  25  Ry,  ab-initio  ultrasoft  pseudopotentials 
(USPP)  [5],  and  the  Monkhorst-Pack  [6]  (222)  special-point  mesh  for  Brillouin  zone  inte¬ 
gration  are  used,  USPP  ensure  high  transferability  and  require  a  much  lower  cutoff  than 
conventional  norm-conserving  potentials;  this  is  of  importance  in  our  case,  since  the  Ga  3d 
electrons  are  treated  explicitly  [7].  Also,  localized  valence  states  such  as  those  of  Be,  N,  and 
Zn,  and  semicore  states  as  in  Ca  and  Mg,  have  been  easily  treated.  A  conjugate-gradient 
total-energy  minimization  has  been  employed  in  most  cases;  for  part  of  the  calculations,  we 
used  a  parallelized  iterative  diagonalization  codes  [8]. 

Hellmann-Feynman  forces  and  a  modified  Broyden  minimization  method  are  used  to 
perform  structural  optimization  for  acceptors,  hydrogen,  and  their  complexes.  For  accep¬ 
tors,  we  started  from  the  ideal  substitutional  sites  (C  on  N,  and  Be,  Zn,  Ca,  and  Mg  on 
Ga)  in  wurtzite  supercells  of  up  to  32  atoms.  Hydrogen  has  been  studied  at  some  selected 
sites  (BC,  ABv,  ABni,  and  a  few  others  found  to  be  immaterial).  For  some  cases,  H  vi¬ 
brational  frequencies  are  calculated:  slight  displacements  are  imposed  to  the  H  atom  along 
appropriate  directions,  while  the  rest  of  the  lattice  is  kept  frozen;  fourth-order  polynomials 
are  fitted  to  the  total-energy  vs.  displacement  curves,  and  the  harmonic  force  constants 
and  vibrational  frequencies  are  extracted  from  second-order  terms.  Formation  energies  Ej 
of  substitutional  defects  Xca.N  are  calculated  as 

Ef  =  £^tot(XGa,N)  —  F^tot(GaN)  —  fix  +  fiG&,n  +  Qflei  (1) 

where  £^tot(XGa,N)  and  J5tot(GaN)  are  the  total  energy  of  the  doped  GaN  supercell  and 
that  of  the  defect-free  GaN  supercell,  and  Q  is  the  charge  state  (the  number  of  electrons 
transferred  from  the  defect  to  a  reservoir  of  electron  chemical  potential  //g).  fix  and  /^Ga,N 
are  the  chemical  potentials  of  the  acceptor  and  of  the  substituted  (Ga  or  N)  atoms.  For  H, 
the  same  definition  holds,  except  that  Ga  and  N  ^’s  drop  out;  is  either  the  total  energy 
of  the  free  spin-polarized  atom,  or  half  that  of  the  H2  molecule. 

As  impurity  chemical  potentials  we  use  the  total  energies  of  metallic  bulk  phases  (Ga 
bulk  and  the  free  N2  molecule  for  the  host  atoms).  This  amounts  to  assume  Ga-rich  and 
N-rich  conditions  for  Ga  and  N  substitutions  respectively.  Note  that  the  limiting  values 
of  chemical  potentials  might  be  determined  by  different  solid  phases,  e.g.  compounds  with 
host  atoms.  Also,  the  Fermi  level  fi^  (chosen  here  to  be  a  free  parameter)  is  constrained  by 
neutrality  conditions  [9],  More  refined  calculations  including  these  ingredients,  in  particular 
the  explicit  determination  of  solubility  limits,  will  be  presented  elsewhere. 

The  formation  energy  differences  of  charged  defects  to  their  neutral  state  are  given  by 
the  energy  change  e  upon  addition  of  an  electron  to  the  defect  at  frozen  lattice,  minus  the 
Franck-Condon  shift  FJpc  (total  energy  difference  for  the  charged  defect  in  the  equilibrium 
geometry  of  the  neutral  state  and  in  its  own  equilibrium  geometry),  e  is  obtained  using 
Slater  transition- state  concept  and  Janak’s  theorem  [4]  as  (e.g.  for  a  positively  charged 
center) 

£  =  (eo  +  e+)/2,  (2) 

the  e’s  being  the  highest  occupied  LDA  eigenvalues  for  the  Q=0  and  Q=+l  center.  This 
is  also  the  value  of  Hubbard’s  U  at  frozen  lattice  for  the  given  site  (see  Refs,  [10]  for 
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details).  The  shallow  levels  we  deal  with  here  (and  therefore  the  energy  differences)  suffer 
from  uncertainties  of  order  ~  0.1  eV. 

H  IN  CLEAN  GaN 

Atomic  hydrogen  in  GaN  has  been  examined  in  a  number  of  sites  in  C^v  symmetry.  The 
results  below  should  thus  be  comparable  to  the  zincblende  calculations  of  Ref.  [2].  This 
might  not  be  the  whole  story,  however,  as  a-plane  [Ca  symmetry)  sites  are  not  equivalent 
(see  data  for  the  H-Mg  complex  below).  Further  analysis  will  be  presented  elsewhere.  In 
GaN,  matters  are  considerably  complicated  by  the  presence  of  different  competing  geome¬ 
tries:  the  stable  one  for  H'*'  is  the  ABy  site,  for  H“  the  ABm,  and  for  the  BC  site. 
In  Table  I  we  report  the  formation  energies  at  /Xg  =  0,  referred  to  the  free  spin-polarized 


Figure  1:  Formation  energy  of  H  in  GaN  referred  to  free  spin-polarized  H  atom.  Add  2.31  eV  to  energies 
to  refer  to  (half)  free  H2  molecule.  Fermi  level  window  starts  at  valence  band  top,  ends  at  theoretical  gap 
(2.11  eV). 

hydrogen  atom.  To  refer  them  to  the  H2  molecule  in  free  space,  one  should  add  the  the¬ 
oretical  binding  energy,  2.31  eV/atom  (zero-point  motion  included)  to  the  given  energies. 
Also  listed  are  the  calculated  values  of  e  and  the  Franck- Condon  shifts. 


process 

£  Eyc 

Hr„.  - 

0.232  — 

—  — 

Hfr..  H!^ 

0.718  — 

—  -2.029 

-1.985  0.044 

Hfree  — *  H|jj 

0.951  — 

—  0.796 

1.605  0.809 

Table  1;  Formation  energy  Ej  of  substitutional  H  with  respect  to  defect-free  GaN  and  free  H  atom, 
formation  energy  difference  to  relevant  charge  state,  electron  transfer  energy  e  (Eq.  2),  and  Franck-Condon 
shift.  Note  that  formation  energy  differences  equal  by  definition  thermal  ionization  levels. 

The  negative  U  behavior  is  evident.  From  the  calculated  energy  levels  and  Franck-Condon 
shifts,  the  thermal  ionization  energies  of  Hjhi  and  Hy  are  found  to  be  ~  0.80  eV  and 
2.03  eV  respectively.  The  difference  of  the  latter  quantities  [10]  is  the  effective 
Hubbard  correlation,  Ueff  C::  —1.2  eV.  This  value  is  about  1  eV  smaller  than  the  -2.4 
eV  reported  in  Ref.  [2]:  this  difference  matches  that  of  the  theoretical  gaps  in  the  two 
calculations,  which  determines  the  calculated  donor  level  position. 

It  is  important  to  note,  however,  that  due  to  differences  in  the  neutral  states  of  H  at 
the  sites  involved,  the  result  is  not  as  clearcut  as  when  it  is  referred  to  a  single  site.  The 
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H  donor  level  at  site  ABy  is  above  the  H  acceptor  level  at  site  ABni,  so  that  the  center 
captures  two  electrons  simultaneously;  however  this  also  requires  H  to  migrate  to  another 
site.  If  we  refer  all  energies  to  site  ABy,  then  Uefr  ~  — 1.0  eV.  A  further  complication  is 
that  in  Czv  symmetry  the  lowest  energy  site  for  neutral  H  is  in  fact  the  BC  one,  at  0.5  eV 
below  the  ABy:  as  seen  in  Fig.  1,  Ueff  drops  to  about  zero  (-0.02  eV)  in  this  case. 

Overall  our  results  are  at  some  variance  with  those  of  Ref.  [2],  expecially  for  and  the 
formation  energies.  More  differences  may  arise  from  full  account  of  all  inequivalent  sites. 

ACCEPTORS 

In  Table  II  we  summajize  the  results  for  substitutional  Xca.N  impurities  in  wurtzite  GaN, 
with  atomic  relaxation  limited  to  C^v  symmetry.  Beca  has  a  very  low  formation  energy 
(with  metallic  h-Be  as  a  solubility-limiting  phase):  at  typical  GaN  growth  temperatures 
the  concentration  would  reach  of  order  10^®-10^°/cm^.  The  relatively  shallow  impurity  level 
would  then  enable  carrier  concentrations  in  the  lO^’^’s  to  be  reached  at  room  temperature. 
Be  seems  therefore  an  excellent  candidate  for  p-doping;  in  view  of  processing  problems,  it 
would  probably  be  expecially  useful  in  MBE.  On  the  other  hand,  the  high  formation  energy 
and  relatively  deep  level  of  C  do  not  support  its  intentional  use  as  p-type  dopant.  Mg  is 
somewhat  halfway  between  the  former  two;  a  simple-minded  estimate  based  on  the  data  in 
Table  II  indicates  however  that  only  concentrations  as  low  as  10^®/cm^  will  be  achieved  in 
typical  growth  conditions.  A  H-mediated  mechanism  such  as  suggested  in  Ref.  [2]  may  be 
needed  to  explain  the  succesful  use  of  Mg  as  dopant. 


acceptor 

limit 

thermal  c(0/-) 

E  FC 

E/ 

Er 

Ada 

Ada 

Beo.  (32) 

h-Be 

0.09 

0.04 

0.45 

0.43 

-5.7 

-  9.2 

Cn  (32) 

d-C 

0.40 

0.18 

4.38 

0.03 

+  0.5 

-0.8 

MgG.  (32) 

h-Mg 

0.20 

0.05 

1.30 

0.19 

+  3.2 

+  3.2 

Caa.  (16) 

atoms 

— 

— 

2.93 

1.99 

-1-  9.7 

+  17.6 

Zno.  (16) 

atoms 

— 

— 

3.32 

0.02 

-b  0.8 

-b  0.2 

Table  II:  Impurities  in  wurtzite  GaN.  Energies  in  eV  and  distances  in  a.u.  Solubility  limiting  compounds, 
thermal  impurity  levels,  Franck-Condon  shifts  (add  to  thermal  levels  to  obtain  optical  ionization  energies), 
relaxed  formation  energy  Ef  (see  below),  relaxation  contribution  acceptor  geometries  (super cell  dimen¬ 
sion  is  indicated  in  parentheses).  Ada:  change  in  distance  to  neighbors  in  the  a— plane;  Adc^  change  in 
distance  to  neighbor  along  c  axis  (both  given  in  percentage  of  the  ideal  bond  length  of  3.70  au).  For  Be, 
C,  and  Mg,  formation  energies  are  referred  to  the  indicated  compounds,  Ga  bulk,  and  N2;  for  Zn  and  Ca, 
atomic  energies  are  used  for  all  the  species  involved. 


Neugebauer  and  van  de  Walle  [2]  have  suggested  recently  a  mechanism  of  self-compens¬ 
ation  driven  by  N  vacancy  formation  in  p-type  conditions.  While  certainly  relevant  for  Mg, 
this  mechanism  may  be  less  important  for  Be.  Incorporation  driven  by  H-acceptor  complex 
formation  may  also  play  a  role,  as  suggested  in  Ref.  [2].  Finally,  a  competing  state  of  Be 
could  be  the  donor  interstitial,  not  considered  here  and  to  be  discussed  elsewhere. 

Only  a  slight  displacement  from  the  ideal  geometry  occurs  for  Cn  and  Znoa,  while  for 
other  acceptors  the  relaxation  is  more  sizeable.  Be  causes  a  trigonally  distorted  inward 
relaxation,  while  Ca  produces  an  outward  relaxation,  with  a  strong  trigonal  distortion. 
Mg  exhibits  a  mild  quasi-breathing  relaxation.  Comparison  of  results  for  16-  and  32-atom 
supercells  indicates  that  energies  and  geometries  axe  well  converged  with  supercell  size.  Note 
that  the  formation  energies  for  Zn  and  Ca  are  not  significant  to  incorporation  because  of 
the  chosen  chemical  potentials.  Estimates  may  be  obtained  using  the  experimental  cohesive 
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energies  of  the  relevant  phases.  More  results  will  be  reported  elsewhere. 

THE  H-Mg  COMPLEX,  AND  OTHER  H-ACCEPTOR  COMPLEXES 

The  formation  energy  of  the  H-X  complex  can  be  referred  to  that  of  the  substitutional 
defect  plus  free  H,  to  evidence  the  stability  of  the  complex  against  that  of  the  uncompen¬ 
sated  acceptor: 

Ej  =  £tot(H  -  XGa,N)  -  -Etot(-XGa.N)  -  (3) 

H-Mg  complexes  have  been  studied  in  some  detail  since  experimental  data  [3]  are  available 
for  this  system.  The  results  are  summarized  in  Table  III.  Formation/relaxation  energies 


H  site 

struc. 

symm. 

Adn-N 

ABy 

w 

c. 

0.00 

1.09 

- 

- 

+6.5 

BC 

w 

Csv 

0.32 

6.48 

-4.7 

-1-40.8 

+3.8 

ABy 

w 

Gav 

0.47 

1.13 

-2.1 

-1-5.5 

+5.9 

3069 

BC 

w 

0.62 

6.00 

- 

- 

+2.2 

3917 

Table  III:  H-Mg  complex  formation  energy  Ej  (add  =  -3.45  eV  to  obtain  absolute  formation 

energies  referred  to  Mg:GaN  and  free  H),  relaxation  energy  Er,  distances  of  nearest  neighbors  from  Mg  in 
wurtzite;  for  Czv  symmetry  Ada  gives  percentage  change  in  Mg  distance  to  neighbors  in  the  a-plane,  Ad^ 
that  along  c  axis,  Adn-N  change  in  distance  from  H  to  N  (ideal=1.85  a.u).  Vibrational  modes  of  H  are 
along  c  axis  for  Czv  symmetry,  along  acceptor-neighbor  bond  in  a-plane  for  C,. 

and  geometries  in  wurtzite  are  calculated  in  and  Cs  symmetries.  We  find,  unexpectedly, 
that  the  most  stable  site  for  H  is  ABy  in  the  a-plane  [Cg  symmetry),  whose  formation 
energy  is  -3.45  eV  referred  to  Mg:GaN  and  free  H.  This  energy  is  chosen  as  zero  in  Table 
III.  We  also  computed  H  vibrational  frequencies  for  the  various  geometries:  as  turns  out 
from  the  Table,  none  of  the  resulting  frequencies  is  in  agreement  with  experiment.  Since 
the  typical  error  on  calculated  frequencies  is  below  1%,  this  discrepancy  suggests  that  the 
observed  vibrational  frequencies  may  not  be  due  to  H-Mg  local  vibrational  modes,  and 
other  possibilities  should  be  investigated  (as  suggested  also  in  Ref.  [3]). 


H-XGa,N 

H  site 

Ef  (eV) 

E,  (eV) 

Ada 

Ada 

dn-A 

H-BeGa 

BC 

-4.10 

■BB 

-11.9 

+41.9 

+4.8 

H-BeGa 

ABy 

-2.99 

mim 

-8.9 

+16.5 

+8.1 

H-Cn 

BC 

-2.84 

8.79 

+49.7 

+11.9 

H-Cn 

ABy 

-2.93 

0.60 

+1.6 

H-CaGa 

BC 

-2.42 

9.50 

+5.4 

+44.9 

+2.2 

H-CaGa 

ABy 

-3.55 

3.04 

+4.3 

H-Znca 

BC 

-3.50 

6.19 

+43.2 

+5.4 

H-ZnGa 

ABy 

-2.97 

+9.5 

+8.1 

Table  IV:  H-acceptor  complex  formation  energy  Ej  (relaxed)  with  respect  to  doped  GaN  and  free  H 
atom,  relaxation  contribution  Ep.  Ad^.  distance  change  to  neighbors  in  a-plane;  Adc'.  distance  change  to 
neighbor  along  c  cixis;  AcIh-a:  distance  from  H  to  the  anion.  All  are  given  in  percentage  of  ideal  distances 
{da  =  dc  =  3.70  au,  dn-A  =  1-85  au.) 

Formation  and  relaxation  energies  Ef  and  Er,  and  equilibrium  geometries  for  other 
H-acceptor  complexes  in  the  GaN  wurtzite  structure  (16-atom  supercell)  are  shown  in 
Table  IV.  Again,  we  considered  the  Csv  BC  and  ABy  sites.  For  all  complexes,  formation  is 
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exothermic.  Thus,  not  unexpectedly,  acceptors  will  suffer  from  hydrogen  passivation.  The 
relaxation  is  large  for  the  BC  site  and  much  less  dramatic  for  the  AB  site,  around  which 
more  free  space  is  available. 

A  tendency  common  to  all  the  complexes  is  a  competition  between  BC  and  ABy  sites,  a- 
plane,  Cs  symmetry  sites  remain  to  be  investigated,  and  the  equilibrium  geometries  energy 
order  may  change,  as  the  indicated  by  the  case  of  H-Mg.  A  generally  valid  simple  picture 
of  the  behavior  of  H  in.  a  solid  is  that  it  likes  to  sit  as  much  as  possible  in  regions  of  high 
electronic  density.  In  Si  and  GaAs,  the  bond  center  is  the  preferred  site.  However,  in  ionic 
compounds  such  as  GaN,  the  charge  cloud  surrounding  the  anion  extends  appreciably  also 
on  the  backside  of  the  anion  itself:  while  for  the  bond  center  site  to  be  competitive  in  energy, 
a  large  relaxation  energy  is  required,  in  the  ABy  antibonding  site  only  minor  relaxations 
are  needed,  and  the  charge  density  is  still  yery  high.  This  makes  the  ABy  competitive,  also 
in  view  of  the  small  interatomic  distances  and  stiff  bonds  of  GaN. 
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ABSTRACT 

A  nitrogen  vacancy  in  zinc-blende  structure  gallium  nitride  (c-GaN)  is  investigated 
by  the  plane-wave  pseudopotential  (PWPP)  and  tight  binding-linear  combination  of 
muffin  tin  orbitals  (TB-LMTO)  methods  using  32-  and  64-  atom  supercells.  The 
relaxation  of  the  nearest  Ga  atom  to  the  vacancy  site  is  found  to  be  inward  by  0.069 
a.u.,  with  a  relaxation  energy  of  0.04  eV/N-atom  vacancy.  The  shell-projected,  total  and 
partial  densities  of  states  and  the  charge  density  maps  are  obtained  to  provide  detailed 
information  on  energy  and  spatial  localization  of  the  N  vacancy  states. 

INTRODUCTION 

Recent  successful  demonstrations  of  UV  and  blue  light  emitting  devices  [1,2],  based 
on  group-III  nitrides,  have  shown  that  these  materials,  especially  gallium  nitride  (GaN), 
are  well  suited  for  a  wide  range  of  applications  in  electronics  and  optoelectronics. 
However,  many  questions  on  the  nature  of  GaN's  unique  physical  properties  are  still 
open,  one  of  the  most  widely  discussed  being  the  origin  of  the  high  n-type  conductivity 
of  undoped  GaN  crystals.  The  native  defects  leading  to  the  n-type  conductivity  are 
believed  to  be  nitrogen  vacancies  [3]  in  both  the  hexagonal  wurzite  (w-GaN)  and  cubic 
(c-GaN)  phases.  The  latter  one  is  considered  especially  advantageous  in  optoelectronic 
applications  [4]. 

In  this  paper,  we  investigate  the  electionic  stiucture  of  a  nitrogen  vacancy  in  c-GaN 
using  the  plane-wave  pseudopotential  (PWPP)  [5]  and  tight  binding-linear  combination 
of  muffin  tin  orbitals  (TB-LMTO)  [6]  methods. 

MODELS  AND  RESULTS  FOR  IDEAL  c-GaN 

In  order  to  use  the  PWPP  and  TB-LMTO  methods  for  studying  different  aspects  of 
vacancy  properties,  we  first  test  the  methods  for  the  case  of  stoichiometric  c-GaN.  Both 
methods  are  based  on  the  local  density  approximation  (LDA),  and  we  have  used  the 
Ceperley- Alder  [7]  and  Hedin-Lundqvist  form  [8]  of  the  exchange-correlation  potential 
in  the  PWPP  and  TB-LMTO  methods,  respectively.  The  crystal  lattice  parameter,  a,  which 
is  4.49A  found  in  epitaxially  grown  c-GaN  [9]  has  been  used  in  our  calculations.  The 
atomic  sphere  radii  in  the  TB-LMTO  method  were  2.383  and  1.907A  for  Ga  and  N 
atoms,  respectively.  Two  empty  spheres  per  unit  cell,  placed  at  the  standard  positions, 
were  also  used  in  the  TB-LMTO  calculations.  A  new  feature  in  the  PWPP  metiiod  is  the 
use  of  a  ’soft’  gallium  pseudopotential.  The  energy  cutoff  for  the  plane-wave  expansion 
is  160Ry.  The  band  structure  obtained  is  practically  indistinguishable  from  our  previous 
results  [10].  In  both  methods,  Ga  3d  states  have  been  treated  as  valence  states. 

The  band  structures  of  c-GaN  calculated  by  the  two  methods  are  in  excellent 
agreement  for  the  valence  and  lower  portion  of  the  conduction  bands  [11].  The 
differences  occur  only  in  the  high  energy  region  of  the  conduction  bands.  The  valence 
bands  split  into  two  parts  separated  by  a  gap.  From  the  partial  density  of  states  (not 
shown),  the  upper  part  of  the  valence  bands  consists  predominantly  of  N2p  states 
hybridized  with  Ga4p  states.  The  hybridization  of  N2p  and  Ga4s  states  occurs  near  the 
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bottom  of  this  upper  part.  In  agreement  with  previously  studies  [10] ,  the  Ga3d  states  are 
significantly  mixed  with  the  N2s  states  and  make  significant  contributions  to  the 
cohesive  energy  of  the  crystal.  Both  the  Ga4s  and  N2p  states  contribute  to  the 
formation  of  the  states  near  the  conduction  band  edge. 

The  calculations  were  based  on  the  LDA.  Neither  the  self-interaction  correction  nor 
the  quasi-particle  approach  to  improve  the  gap  were  used.  The  calculated  direct  energy 
gaps  are  1.82  and  1.92eV  for  the  PWPP  and  TB-LMTO  calculations,  respectively.  The 
experimental  value  of  the  gap  is  3.2eV.  The  lattice  constants  determined  by  the 
minimization  of  the  total  energy  are  4.46  and  4.50A  and  the  bulk  moduli  are  202  and 
212Mbar  for  the  PWPP  and  TB-LMTO  methods,  respectively.  The  bulk  modulus 
estimated  from  experiments  is  195-245Mbar. 

A  NITROGEN  VACANCY  IN  c-GaN:  STRUCTURAL  RELAXATION 

The  lattice  relaxation  around  a  N  vacancy  site  in  c-GaN  was  investigated  by  the 
PWPP  method.  To  model  an  isolated  N  vacancy,  we  began  by  removing  one  nitrogen 
atom  from  an  ideal  32-atom  supercell  of  GaN  with  the  symmorphic  space  group  having 
the  point  group  Td-  The  initial  geometry  was  then  relaxed  maintaining  the  symmetry 
group  and  calculating  self-consistent  forces  acting  on  all  the  atoms  in  a  unit  cell.  The 
relaxation  energy  was  found  to  be  0.04  eV/N-atom  vacancy,  which  is  slightly  more  than 
0.03eV/N-atom  vacancy  found  in  Ref.  12. 

The  relaxation  of  the  nearest  neighbor  Ga  atoms  appears  to  be  small.  These  atoms 
relax  inward  by  0.069  a.u.,  while  the  next  nearest  neighbor  N  atoms  are  displaced 
inward  by  only  0.015  a.u..  The  third  and  fourth  shell  atoms  hardly  move  at  all 

Decomposition  of  the  wave  functions  at  the  T  point  in  the  Brillouin  zone  into 
angular  momentum  components  at  the  vacancy  site  and  various  nearby  atoms  show  that 
a  single  doubly  occupied  state  with  ^-character  localized  on  the  vacancy  has  its  energy 
at  0.086  Ry  (1.17  eV)  below  the  valence  band  maximum.  A  triplet  state  with  p-character 
was  found  to  be  localized  at  the  vacancy  site  with  energy  0.060  Ry  (0.82  eV)  above  the 
conduction  band  minimum.  These  results  are  in  qualitative  agreement  with  previous 
density-functional  studies  of  nitrogen  vacancy  in  c-  and  w-GaN  [13]. 

In  order  to  further  investigate  the  origin  of  nitrogen  vacancy  states  and  their 
localization,  we  earned  out  calculations  using  the  well  developed  TB-LMTO  method. 

ELECTRONIC  STATES  OF  A  N  VACANCY:  TB-LMTO  CALCULATIONS 

The  nitrogen  vacancy  is  suiTounded  by  four  Ga  neighbors,  and  each  of  them  is 
coordinated  with  three  N  neighbors.  Each  Ga  atom  shares  3  electrons  (4s24pl)  with  its 
nearest  neighbors  and  leaves  a  total  of  3  (4x3/4)  "dangling"  unpaired  electrons  in  the 
vicinity  of  the  vacancy.  These  three  electrons  tend  to  form  bound  states  with  the  Ga 
ions:  a  doubly  occupied  (with  spin  degeneracy)  j-like  state  and  one  partially  occupied 
p-like  state  at  a  higher  energy.  The  details  of  the  energies  and  the  spatial  charge 
distributions  for  these  two  states  depend  on  the  full  response  of  the  crystal  to  the 
formation  of  the  vacancy.  We  have  modeled  this  response  in  the  TB-LMTO  method  with 
a  supercell  approach.  A  primitive  cubic  supercell  of  64  atoms  (with  the  central  N  atom 
replaced  by  the  vacancy  atomic  sphere  of  the  same  radius  as  the  N  atom  and  64  empty 
spheres,  i.e.  the  128-site  supercell)  was  used  in  the  calculations.  The  Is,  2p  and  3d 
vacancy  basis  functions  were  included  into  the  basis  set  and  each  shell  of  the  atoms 
around  the  vacancy  was  allowed  to  adjust  their  charge  distributions  to  the  creation  of 
the  vacancy.  The  extent  of  the  spatial  delocalization  of  the  vacancy  states  can  then  be 
examined  from  the  local  density  of  states  (DOS)  of  each  shell  of  atoms.  The 
characteristics  of  the  vacancy  states  and  the  coiTesponding  energy  spectrum  can  be 
easily  studied  from  the  partial  DOS  for  the  vacancy  "pseudoatom".  Because  a  small 
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relaxation  of  the  Ga  atoms  around  the  vacancy  has  been  found  (see  above  discussions), 
the  TB-LMTO  calculations  have  been  canied  out  for  the  unrelaxed  crystal. 


N  vac 

■  E(F1 

■A 

N  2nd  shell 

r 

i 

i 

m 

shel 

- 

|||P||||P||P|p^n 

^  '  I 

Oa  1st  shell  | 

1 

- r 

Total  ^ 

\  L 

-10 


Energy  (eV) 

(a) 


Energy  (eV) 

(b) 


Fig.  1.  Shell-projected  local  densities  of  states  for  a  N  vacancy  in  c-GaN  for:  (a)  N 

vacacny  site  and  the  neighboring  four  coordinated  spheres;  (b)  the  partial  s,  p, 
and  d  density  states  for  the  N  vacancy. 

Fig.l  presents  the  total  and  shell-projected  DOS  for  the  atoms  up  to  4-th  neighboring 
shell.  The  creation  of  a  nitrogen  vacancy  results  in  two  distinct  structures  -  "vacancy 
levels".  The  lower  energy  structure  has  a  narrow  width  (0.34  eV)  and  is  completely 
occupied.  The  peak  position  of  this  stmcture  is  at  0.17  eV  below  the  top  of  the  valence 
band.  There  is  some  quantitative  disagreement  with  the  results  obtained  from  PWPP 
method  which  gives  the  position  of  the  s-like  states  at  1.17  eV  below  the  valence  band 
edge.  The  higher  energy  structure  is  partially  occupied  and  overlaps  with  the  bands  near 
the  conduction  band  edge.  The  Fermi  energy,  E(F),  is  located  at  the  weaker  peak  of  the 
structure,  which  is  0.35  eV  above  the  conduction  band  minimum.  The  DOS  at  the  Fermi 
energy  is  76.8  states/Ry-cell.  The  total  width  of  this  vacancy  structure  is  0.78  eV. 
Qualitatively,  the  two  structures  of  the  "vacancy  levels"  agree  with  the  results  of  PWPP 
method. 

As  is  seen  from  the  shell-projected  DOS  (Fig.  la),  both  vacancy  levels  originate  from 
states  of  the  1st  shell  Ga  and  the  1st  shell  N  atoms  (the  str  ucture  located  at  the  top  of  the 
valence  bands).  The  contributions  from  the  2nd  shell  Ga  and  N  atoms  decrease 
drastically.  Therefore,  both  vacancy  levels  are  essentially  spread  over  the  two  first 
coordination  spheres  of  atoms  around  the  vacancy.  The  compositions  of  the  "vacancy 
levels"  can  be  seen  from  the  partial  DOS  given  in  Fig.  lb.  The  lower  energy  structure  is 
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related  to  the  ^-like  states  of  the  1st  shell  Ga  atoms  and  the  hybridization  of  the  states 
with  the  rest  of  the  valence  bands  is  small.  The  higher  energy  stmcture  is  predominantly 
p-like  mixed  with  about  10%  J-like  states.  Since  the  1st  shell  of  N  atoms  makes  a 
significant  contributions  to  the  vacancy  DOS,  this  indicates  that  the  N  vacancy  in  c-GaN 
does  not  induce  a  sharp  localized  state,  but  is  due  to  hybridization  of  states  associated 
with  the  two  nearest  shells  of  atoms.  Both  defect  DOS  structures  have  a  sizable  energy 
dispersion.  The  higher  energy  structure  is  noticeably  split,  with  the  energy  separation 
between  the  two  peaks  being  about  0.45  eV. 


(d)  («) 

Fig.2.  Charge  density  maps  in  the  (1 10)  plane  for  a  c-GaN  crystal  with  a  N  vacancy: 
(a)  the  total  charge  density  map  for  ideal  c-GaN  crystal ;  (b)  the  total  charge 
density  map  for  the  crystal  with  N  vacancy;  (c)  the  chargesiensity  map  for  s-type 
vacancy  state  at  the  valence  band  edge;  (d)  the  charge  density  map  for  p-type 
vacancy  state  at  the  conduction  band  edge. 


Vacancy  states  formed  by  the  states  of  two  nearest  neighboring  shells  of  Ga  and  N 
atoms  are  not  completely  localized  in  space  as  in  the  simple  picture  of  a  well-localized 
state.  The  spatial  extensions  of  both  vacancy  levels  can  be  seen  by  calculating  the 
charge  density  maps.  In  Fig.  2,  we  present  the  maps  of  the  total  charge  density  for  ideal 
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c-GaN  and  a  crystal  with  a  N  vacancy.  All  the  charge  distributions  are  given  in  the  (110) 
plane.  Strong  ionic  character  of  the  bonding  between  the  Ga  and  the  N  atoms  can  be 
seen  from  the  charge  density  plots.  In  the  Ga  atomic  spheres,  the  charge  appears  to  be 
depleted  by  ~  1.2  elections  (e).  The  N  vacancy  does  not  accumulate  a  significant 
electronic  charge,  and  is  not  a  trap  for  electrons  (Fig.  2b).  The  charge  in  the  vacancy 
atomic  sphere  is  only  0.62  e  (0.49  e  from  the  j-like  and  0.13  e  from  the  p-like  states).  Fig. 
2c  shows  the  strong  spatial  localization  of  the  5-Iike  vacancy  states  and  the  dominant 
origin  from  the  dangling  bond  type  p-like  states  of  the  nearest  Ga  atoms  and  the  states 
of  1st  shell  N  atoms.  The  charge  densities  of  the  higher  energy  p-like  vacancy  states  (Fig. 
2d)  illustrate  the  formation  of  Ga-Ga  metallic  bonding-type  states  and  the  distribution 
extending  to  the  vacancy  site.  The  contribution  of  the  p-like  states  centered  at  the  1st 
shell  N  atoms  is  clearly  illustrated.  These  vacancy  states  can  participate  in  the  formation 
of  conduction  band  states  of  nitiogen  deficient  crystals,  and  may  be  responsible  for  the 
observed  n-type  conductivity  of  the  undoped  GaN  samples. 

From  the  above  results,  it  is  conceivable  that  nitiogen  vacancies  can  induce  strong 
and  narrow  subbands  at  the  valence  band  edge  and  at  the  bottom  of  conduction  bands. 
The  calculated  energy  position  of  the  p-like  states  in  the  conduction  band  is  in  a  good 
agreement  with  the  recent  photoluminescence,  optical  absorption,  and  Raman  scattering 
experiments  [14,15].  The  measured  energy  of  the  vacancy  levels  at  ambient  pressure  is 
found  to  be  0.4eV  above  the  conduction  band  edge,  and  0.1 3eV  below  the  edge  at 
27GPa  (the  data  is  for  w-GaN). 

In  order  to  interpret  the  experimental  data,  the  model  of  treating  a  N  vacancy  as  a 
simple  donor-like  atom  producing  zero  width  levels  in  the  energy  spectrum  is  widely 
used.  It  seems  that  the  model  is  excessively  oversimplified.  Our  calculations  show  that  a 
N  vacancy  induced  states,  especially  the  p-like  states,  are  delocalized  and  extend  at  least 
to  two  neighboring  shells  of  atoms.  Furthermore,  the  energies  of  these  states  exhibit 
significant  dispersion  and  cannot  be  characterized  as  having  zero  width. 

CONCLUSIONS 

The  electronic  structure  calculations  of  a  N  vacancy  in  c-GaN  were  carried  out  with 
PWPP  and  TB-LMTO  methods.  The  PWPP  calculations  indicate  that  the  relaxation  of 
the  nearest  Ga  atoms  is  inward  but  is  very  small.  Both  results  show  that  the  vacancy 
states  split  into  two  bands  with  one  located  near  the  valence  band  edge  with  a  width  of 
0.3  eV  and  a  strong  s-character,  and  the  other  is  situated  near  the  minimum  of  the 
conduction  band  and  has  a  width  of  0.78  eV.  These  latter  states  have  strong  p-like 
character.  The  calculated  charge  densities  and  the  shell-projected  DOS  show  that  the  s- 
like  vacancy  states  are  localized  around  the  1st  shell  coordination  spheres  of  the 
vacancy.  The  p-like  vacancy  states  form  metallic  bond  between  the  nearest  Ga  atoms 
and  extend  their  charge  distribution  to  the  vacancy  site.  Furthermore,  the  1st  shell  N 
atoms  contribute  significantly  to  these  states.  These  states  may  explain  the  «-type 
conductivity  shown  in  undoped  GaN  samples. 
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ABSTRACT 

Ab  initio  local- density-functional  calculations  are  presented  for  bulk  AIN,  GaN,  and  InN 
in  the  wurtzite,  zincblende,  and  rocksalt  structures.  Structural  transition  pressures  and 
deformation  potentials  of  electronic  gaps  are  investigated.  In  addition,  we  study  the  band 
offset  at  the  polar  (0001)  and  non-polar  (lOTO)  AlN/GaN  interfaces.  Within  AlN-on-GaN 
epitaxial  conditions,  we  obtain  valence-band  offset  values  close  to  0.7  eV  for  both  interfaces. 
From  the  macroscopic  field  appearing  along  the  growth  direction  of  the  polar  interface 
(tentatively  attributed  to  AIN  macroscopic  polarization),  an  estimate  of  the  macroscopic 
dielectric  constant  of  GaN  is  extracted.  All  calculations  employed  conjugate-gradient  total- 
energy  minimizations,  ultrasoft  pseudopotentials,  and  plane  waves  at  25  Ryd  cutoff. 

INTRODUCTION 

Recently  III-V  nitrides  have  attracted  considerable  interest  as  materials  for  use  in  blue- 
violet  optoelectronics  and  high-power  device  electronics  [1].  An  accurate  study  of  the  elec¬ 
tronic  and  structural  properties  of  these  materials,  in  equilibrium  and  under  external  pertur¬ 
bations,  is  therefore  timely.  Also,  given  the  fairly  close  lattice  match  of  these  materials,  and 
the  range  of  fundamental  gap  energies  they  encompass,  a  field  of  applications  that  comes 
naturally  to  mind  is  that  of  nitride  heterojunctions  and  quantum- confinement  heterostruc¬ 
tures.  The  basic  physical  parameter  for  any  application  in  such  a  field  is  the  valence  band 
offset  at  the  interface  of  the  two  relevant  materials.  Theory  has  given  abundant  proof  of 
being  capable  of  reproducing  or  predicting  interface  band  offsets  in  a  number  of  technolog¬ 
ically  relevant  situations  [2].  A  theoretical  prediction  of  band  offsets  is  therefore  expected 
to  provide  useful  and  reliable  information  to  experiments  and  device  modeling. 

Here  we  present  a  study  of  the  structural  and  electronic  properties,  and  of  their  depen¬ 
dence  on  hydrostatic  pressure,  for  the  III-V  nitrides  AIN,  GaN,  and  InN  in  the  zincblende, 
wurtzite,  and  rocksalt  phases  (BN  is  the  subject  of  a  separate  study  [3]).  Thereafter,  we 
report  preliminary  estimates  of  the  valence  band  offsets  at  polar  and  non-polar  AIN /GaN 
interfaces; 

Our  calculations  employ  a  recently  developed  conjugate-gradient  total  energy  minimiza¬ 
tion  scheme  [4],  ultrasoft  pseudopotentials  [5]  for  the  ion-electron  interaction,  a  plane- wave 
basis,  and  the  local  density  approximation  to  density  functional  theory  for  the  electron- 
electron  interaction  [6].  It  has  been  amply  demonstrated  in  previous  work  [7]  that  the 
explicit  treatment  of  the  semicore  d  electrons  of  Ga  as  valence  states  is  necessary  to  ob¬ 
tain  reliable  structural  properties  for  GaN.  In  the  present  work  we  treat  as  valence  states 
the  semicore  d  states  for  both  Ga  and  In.  This  is  accomplished  using  ultrasoft  potentials, 
which  also  allow  for  an  easier  treatment  of  the  localized  p  states  of  N.  This  approach  has 
allowed  to  treat  large  GaN  systems,  such  as  impurities  and  H-impurity  complexes  [8].  The 
potentials  for  Ga,  Al,  and  N  were  generated  from  a  non-relativistic  atomic  calculation,  while 
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for  In  a  Koelling-Harmon  scalar- relativistic  equation  was  used  [4].  Spin-orbit  interaction  is 
neglected  throughout. 

AIN,  GaN,  AND  InN:  BULK  PROPERTIES 

The  bulk  properties  of  the  rocksalt,  zincblende,  and  wurtzite  phases  of  AIN,  GaN,  and 
InN  are  listed  in  Table  1.  For  the  cubic  phases  the  structural  parameters  were  obtained 
from  a  Murnaghan  fit  of  the  total  energy  vs.  volume.  For  wurtzite,  the  total  energy  was 
calculated  for  a  grid  of  values  of  a  and  c,  assuming  an  ideal  internal  parameter  u,  and 
the  theoretical  values  Uth  and  Cth  were  extracted  by  polynomial  interpolation.  At  Uth  and 
Cth,  atomic  positions  were  relaxed  to  obtain  the  internal  parameter  Uth-  The  bulk  modulus 
was  obtained  changing  the  cell  volume  at  Cth  and  uth-  Cohesive  energies  are  referred  to 
spin-polarized  free-atom  energies,  k-space  integrals  were  approximated  by  sums  over  the 
Chadi-Cohen  10-point  and  12-point  meshes  for  the  cubic  and  wurtzite  phases  respectively. 


GaN  I 

phase 

a  (bohr) 

B  (Mbar) 

B' 

cja 

u  iJcoh/pair  (eV) 

Pt  (KBar) 

3d 

wurtzite 

6.04 

2.13 

4.50 

1.634 

0.375  -10.547 

521 

zincblende 

8.54 

2.00 

4.15 

-10.536 

454 

rocksalt 

8.01 

2.48 

4.68 

-9.735 

no-3d 

zincblende 

8.07 

2.58 

4.1 

-14.08 

265 

rocksalt 

7.49 

3.30 

4.3 

-13.48 

exp 

wurtzite 

6.03 

2.0 

1.628 

-9 

~  500 

AIN  1 

phase 

a  (bohr) 

B  (Mbar) 

B' 

cja 

u 

-Ecoh/pair  (eV) 

P<  (KBar) 

wurtzite 

5.814 

2.071 

3.82 

1.619 

0.380 

-18.032 

132.07 

zincblende 

8.20 

2.04 

4.06 

-17.990 

104.50 

rocksalt 

7.59 

2.55 

3.90 

-17.799 

exp 

wurtzite 

5.88 

2.079 

6.3 

1.6004 

140 

InN  t 

phase 

a  (bohr) 

B  (Mbar) 

B' 

cja 

u  Ecoh/psii  (eV) 

Pt  (KBar) 

wurtzite 

6.66 

1.49 

4.12 

1.627 

0.377  -8.799 

122.9 

zincblende 

9.40 

1.49 

4.41 

-8.779 

rocksalt 

8.78 

1.95 

4.48 

-8.376 

exp 

wjurtzite 

6.70 

1.26 

12.7 

1.609 

121 

zincblende 

9.41 

Table  I:  Structure,  cohesive  energy,  and  transition  pressures  to  rocksalt  for  GaN,  AIN,  and  InN.  Results 
labeled  “no-3(f’  for  GaN  were  obtained  without  Ga  3d  states  in  the  valence, 

The  results  are  in  good  agreement  with  experiment  for  the  structural  parameters  as 
well  as  for  the  transition  pressures  to  rocksalt.  An  interesting  prediction  is  that  wurtzite 
AIN  and  InN  have  have  appreciably  non-ideal  structures,  while  GaN  has  an  ideal  u  and 
quasi-ideal  axial  ratio.  These  deviations  from  the  ideal  wurtzite  structure  suggest  that  AIN 
may  exhibit  a  large  macroscopic  polarization;  as  will  be  suggested  below,  this  may  influence 
interface  properties.  A  calculation  of  the  macroscopic  polarization  of  AIN  is  underway. 

In  Table  II  we  report  the  gap  values  and  deformation  potentials  for  the  principal  gaps  of 
AIN  and  GaN.  The  deformation  potentials  are  defined  as  D  =  dEgfd  InV.  The  valence  band 
top  is  a  Fi  singlet  state  (reminiscent  of  the  pg  state),  with  a  Fe  doublet  {px  —  Py)  slightly 
below  it.  As  was  to  be  expected,  the  Fi  state  is  quite  sensitive  to  variation  in  the  axial 
parameters.  The  gaps  obviously  suffer  from  the  well  known  DFT  gap  problem:  however. 
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deformation  potentials  (which  are  in  satisfactory  agreement  with  previous  studies  [9])  are 
expected  to  be  given  reliably  by  the  LDA  [10]. 


Table  II:  Calculated  deformation  potentials  D  (eV)  and  gap  values  Eg  (eV)  for  AIN  and  GaN. 


We  do  not  present  data  for  InN  in  table  II,  because  the  minimum  gap  turns  out  to 
be  negative  in  zincblende.  This  is  due  to  relativistic  effects  at  the  In  site  on  the  In-s-like 
bottom  conduction  state,  on  top  of  the  DFT  gap  error.  While  controllable  at  a  specific 
volume,  this  error  affects  the  reliability  of  deformation  potentials. 


AlN/GaN  INTERFACE  BAND  OFFSETS 

A  fundamental  ingredient  for  any  application  of  semiconductor  heterojunctions  are  band 
discontinuites  at  interfaces.  While  a  number  of  Ill-V-based  hetero junctions  have  been 
investigated  both  experimentally  and  theoretically,  the  same  is  not  true  for  nitride  interfaces. 
This  field  is  now  exploding,  driven  by  the  potential  of  these  heterostructure  systems  as  blue- 
to- violet  light  emitters  and  detectors. 

We  performed  calculations  on  abrupt  interfaces  of  AIN  and  GaN  in  the  wurtzite  struc¬ 
ture,  for  two  different  orientations:  the  non  polar  (1010)  and  the  polar  (0001).  (The  latter 
orientation  is  arguably  the  most  important,  as  recent  findings  indicate  that  GaN  will  grow 
on  e.g.  AIN  (1010)  in  such  a  way  as  to  eventually  expose  the  (0001)  face.)  We  extract 
band  offsets  from  ah  initio  calculations  using  the  macroscopic  average  concept.  As  pointed 
out  by  Baldereschi  et  al.  [2],  the  valence  band  offset  (VBO)  may  be  split  in  two  separate 
contributions  as 

VBO  =  -k  AK  (1) 

The  first  term  is  the  difference  between  the  valence  band  edges  of  the  two  bulk  materials, 
each  referred  to  the  average  electrostatic  potential  of  the  pertaining  bulk.  The  second  term, 
the  potential  line-up,  is  defined  as  the  drop  in  average  electrostatic  potential  across  the 
hetero  junction.  (Of  course,  this  splitting  of  the  offset  is  arbitrary,  and  the  two  contributions 
have  no  meaning  per  se.  For  instance,  with  an  all-electron  method,  one  calculates  the 
offset  via  alignment  of  core  levels.  Remarkably,  it  is  generally  the  case  that  the  offset  is 
independent  of  the  technique  used.) 

While  the  band  term  AE^  is  extracted  from  bulk  calculations  (at  the  same  lattice  pa¬ 
rameters  used  for  the  two  materials  in  the  interface  calculations),  the  evaluation  of  AV 
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requires  a  supercell  treatment  of  real  heterojunctions.  The  self-consistent  charge  density  of 
the  interface  supercell  is  averaged  over  planes  orthogonal  to  the  growth  direction,  and  then 
filtered  with  a  square-wave  weighting  function  with  appropriate  periodicity.  The  resulting 
macroscopic  average  of  the  supercell  charge  density  produces  the  sought-after  electrostatic 
potential  via  the  1-D  Poisson  equation  [2].  The  potential  drop  is  extracted  graphically  or, 
equivalently,  as 

AV  —  J  zno{z)dz.  (2) 

Here  no  is  the  total  charge  density:  since  our  hetero junctions  are  effectively  heterovalent  due 
to  the  presence  of  the  d  electrons  on  the  GaN  side,  it  is  convenient  to  use  the  macroscopic 
average  of  the  total  density,  whereby  the  electron  density  is  neutralized  by  an  array  of 
ionic  charges.  All  calculations  adopt  the  same  representation  of  ionic  charges.  For  the 
non-polar  orientation  we  used  a  4-|-4-layers  16-atom  cell,  and  supercells  of  up  to  20  atoms 
(lO-f-10  layers)  for  the  polar  one.  The  supercell  sizes  are  more  than  sufficient  to  obtain 
bulk-like  behavior  at  the  center  of  the  GaN  and  AIN  interfaced  regions.  Monkhorst-Pack 
(222)  special-point  meshes  were  used  in  the  k-space  summation. 


Orientation 

Valence  offset  (eV) 

(lOTO) 

(0001) 

0.77 

0.68 

Table  III:  Interface  valence  band  offsets  (eV)  for  the  GaN/AlN  polar  (0001)  and  non-polar  (1010)  orien¬ 
tations.  See  text  for  discussion. 

The  resulting  estimates  of  the  valence  offsets  are  summarized  in  Table  III.  It  must  be 
emphasized  that  these  values  should  be  taken  as  preliminary,  as  discussed  below.  We  note 
however  that  they  are  in  reasonable  agreement  with  the  results  of  a  LMTO  calculation  by 
Albanesi  et  at  on  the  zincblende  (110)  GaN/AlN  interface  (0.8  eV),  with  the  empirical 
estimate  by  Baur  et  at  based  on  the  Langer-Heinrich  rule  (0,5±  0,1  eV),  and  with  XPS 
measurements  of  Martin  et  at  for  the  polar  interface  (0.8  ±  0.3  eV)  [12].  Our  results 
confirm  the  possibility  of  achieving  conduction  confinement  potentials  as  large  as  2  eV  in 
GaN/AlN-based  quantum  well. 

Let  us  discuss  in  more  detail  the  approximations  involved  in  calculating  the  offsets  just 
reported.  Here  we  have  neglected  the  appreciable  mismatch  of  the  two  materials,  and  have 
assumed  the  configurations  discussed  below.  This  approximation  is  clearly  a  major  one: 
work  in  progress  to  account  for  strain  effects  will  be  reported  elsewhere.  For  the  (1010) 
non-polar  orientation,  the  lattice  parameters  of  GaN  have  been  imposed  throughout  the 
cell.  This  amounts  to  AIN  epitaxial  on  GaN,  with  neglect  of  elastic  effects  along  the  growth 
directions  and  of  internal  parameter  changes.  Removal  of  this  approximation  is  not  expected 
to  induce  major  changes  in  the  offset,  since  the  c  axis  length  is  constrained  by  the  epitaxial 
relation  to  GaN.  In  this  cell  there  is  no  macroscopic  electric  field,  as  expected  from  the  fact 
that  all  planes  are  neutral. 

For  the  (0001)  orientation,  the  two  interfaces  are  inequivalent.  The  interface  planes 
are  conventionally  placed  at  the  center  of  an  Al-N  axial  bond,  and  of  a  Ga-N  axial  bond 
respectively.  Again,  we  used  a  cell  with  GaN  lattice  parameters  throughout,  except  AIN  Uth 
on  the  AIN  side.  A  macroscopic  electric  field  appears  within  the  bulk  regions,  as  depicted  in 
Fig.  1.  It  is  important  to  note,  however,  that  the  field  is  superimposed  onto  a  dipole-related 
potential  offset,  which  is  very  close  to  that  of  the  non-polar  interface.  In  this  geometry,  the 
offset  values  at  the  two  inequivalent  interfaces  are  found  to  be  essentially  the  same. 
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This  macroscopic  field  signals  a  net  charge  accumulation  at  one  interface  with  respect 
to  the  other.  Integrating  the  macroscopically-averaged  total  charge  density  in  the  interface 
region,  one  finds  an  excess  charge  of  0.3  electrons  accumulated  at  the  Al-N  axial-bond 
interface  (right  side  in  Fig.l),  accompanied  by  an  equal  and  opposite  deficit  at  the  other 
interface.  Interestingly,  despite  the  fact  that  in  this  orientation  all  atomic  planes  carry  a 
net  charge,  relaxation  at  the  interface  does  not  affect  the  field  at  all.  (Relaxation  changes 
the  (0001)  interface  offset  appreciably,  but  this  is  not  necessarily  meaningful  because  of  the 
highly  strained  geometry  of  AIN  in  the  interface  cell.) 
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-0.005 


-0.015 


- ' - 1 - ' - 1 - ^ 
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- 1 - ' - 1 - - - 

■(  1 

_ 1 - 1 _ _ 1 _ _ 
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Figure  1:  Macroscopic  average  of  the  density,  and  electrostatic  potential  at  the  GaN-AlN  (0001)  interface. 
Potential  (Ryd)  and  density  (bohr“^)  have  been  downscaled  by  factors  of  10  and  2  respectively. 

The  macroscopic  field  in  the  polar  interface  is  therefore  related  to  polarization.  As 
mentioned  above,  AIN  may  have  a  spontaneous  macroscopic  polarization.  GaN  has  a  quasi¬ 
ideal  structure,  so  that  its  (symmetry-permitted)  polarization  should  be  smaller  than  that 
of  AIN).  Thus  the  AIN  portion  of  the  cell  may  be  viewed  as  a  piece  of  polarized  matter 
embedded  into  an  inert  matrix  (in  the  spirit  of  Ref.  [14],  where  a  similar  device  was  used 
to  evaluate  the  polarization  of  BeO).  The  interface  charge  accumulation  would  then  result 
from  the  spontaneous  macroscopic  polarization  of  AIN. 

However,  this  can  not  be  concluded  from  just  the  present  calculation,  since  the  strained 
internal  geometry  imposed  on  AIN  changes  the  polarization  (i.e.  the  field)  in  the  AIN  re¬ 
gion  via  piezoelectricity.  Piezoelectric  response,  which  is  the  only  source  of  polarization 
in  a  zincblende  interface,  may  be  split  in  general  into  electronic  (clamped-ions)  and  ionic 
(internal-parameter- related)  contributions  [13].  These  have  comparable  magnitude  and  op¬ 
posite  signs  in  many  systems  (e.g.  ZnO,  BeO  and  ZnS  [13],  and  many  III-V’s),  and  tend 
to  cancel  out.  Should  complete  cancellation  occur,  any  residual  field  in  a  wurtzite  must  be 
due  to  spontaneous  polarization.  However,  at  the  present  stage,  the  relative  magnitudes  of 
these  contributions  remain  to  be  determined,  and  no  conclusive  statement  can  be  made.  In 
particular,  the  structure  of  the  AIN  cell  half  must  be  optimized  before  attempting  further 
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refinements.  We  are  currently  working  in  this  direction. 

An  interesting  spin-off  of  our  results  concerns  the  dielectric  constant  of  GaN.  Since  the 
field  is  constant  within  the  GaN  half  of  the  supercell,  we  can  safely  picture  that  region  as  a 
capacitor  filled  with  GaN.  Then  the  high-frequency  macroscopic  dielectric  constant  of  GaN 
can  be  estimated  trivially  from  our  calculated  data.  The  field  and  the  interface  charge  are 
obtained  directly  from  the  interface  calculation;  the  distance  between  the  “capacitor  plates” 
is  chosen  to  be  the  distance  between  the  peaks  of  the  macroscopic-average  primitive 

N{x)  =  [  %  {z)  dz. 

Jo 

Of  course,  N{d)  =  0  when  d  is  the  supercell  length.  The  resulting  estimate  for  the  dielectric 
constant  is  which  is  by  all  means  a  reasonable  value  in  comparison  to  known 

experiments.  Obviously  this  estimate  only  contains  electronic  contributions.  For  AIN  the 
same  procedure  would  be  inaccurate,  as  the  AIN  half-cell  is  geometrically  quite  different 
from  real  AIN. 
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ABSTRACT 

We  have  investigated  the  relationship  of  the  Hall  electron  mobility  to  the  background 
carrier  concentration  in  low  pressure  MOCVD  grown  GaN.  The  highest  electron  mobility  (400 
cmVV's)  of  the  unintentionally  doped  GaN  was  obtained  at  a  carrier  concentration  of  1x10  cm' 
and  samples  with  carrier  concentrations  lower  than  this  exhibited  lower  mobilities.  SIMS 
analysis  shows  C  and  O  concentrations  in  the  range  of  2-3xl0'^cm'^  and  H  in  the  2-3x10  cm 
range.  Structural  defects,  stoichiometry  and  impurities  in  the  GaN  films  grown  under  different 
conditions  are  investigated  to  understand  their  relationship  to  the  electron  Hall  mobilities.  In 
particular,  different  growth  temperatures  and  pressures  were  used  to  grow  undoped  GaN  and 
modify  the  background  doping  effect  of  the  impurities. 


INTRODUCTION 

Most  III-V  compound  semiconductors  like  GaAs  and  InP  have  high  electron  or  hole 
mobility  when  the  impurity  or  carrier  concentration  is  low\  In  such  materials,  the  mobility 
decreases  gradually  as  the  impurity  concentration  increases.  For  GaN  films  grown  by  MOCVD, 
however,  the  highest  mobility  tends  to  occur  at  an  intermediate  carrier  concentration  and  the 
mobility  decreases  as  the  background  carrier  concentration  drops  below  this  value.  We  have 
investigated  this  unusual  behavior  of  the  electron  mobility  by  several  approaches.  First,  because 
the  defect  density  in  GaN  films  is  much  higher  than  in  Si  or  other  III-V  materials,  we  must 
examine  the  potential  role  of  the  defect  density.  Then,  we  examined  the  film  stoichiometry  and 
impurity  levels  to  pinpoint  the  origin  of  the  unusual  carrier  concentration/mobility  behavior. 


EXPERIMENTAL 

Samples  were  grown  by  MOCVD  with  TMG  and  NH3  as  the  precursors  as  described  in  a 
previous  publication^.  Several  characterization  techniques  were  used  to  find  the  correlation 
between  residual  stress,  stoichiometry,  impurities  and  the  electron  Hall  mobility.  Strain  was 
measured  by  both  X-ray  0-20  scans  and  rocking  curv’es  for  samples  with  different  mobilities.  We 
also  performed  RBS  and  AES  analysis  on  samples  with  different  values  of  mobility  and  carrier 
concentration  to  determine  their  Ga  to  N  ratio.  Finally,  to  monitor  the  impurity  levels  in  the 
films,  we  performed  concentration  depth  profiles  using  SIMS  analysis  on  several  samples.  Based 
upon  our  use  of  the  MOCVD  method  with  a  rotating  sample  holder,  the  most  likely  impurities  in 
the  film  are  H,  C  and  O  from  the  source  gases  and  Fe,  Cr,  Ni  and  Mo  from  the  reactor  itself 
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RESULTS 

Dislocation  Density  of  the  Films 

Structural  imperfections  in  the  GaN  films  are  one  possible  explanation  for  the  low 
electron  mobility  of  the  film.  To  investigate  this  possibility,  several  samples  with  different 
electron  mobilities  were  chosen  for  cross-sectional  and  plane-view  TEM.  From  the  cross- 
sectional  TEM  samples,  one  can  compare  the  crystal  structure  of  the  epilayer/buffer 
layer/substrate  interfaces.  When  the  growth  conditions,  i.e.  growth  temperature  and  thickness  of 
the  buffer  layer  are  the  same,  the  structure  of  the  epilayer  varies  little.  Also,  by  measuring  the 
dislocation  density  from  plane  view  TEM  micrographs,  we  found  that  the  dislocation  density  is 
not  strongly  related  to  the  mobility.  For  example,  we  found  one  sample  with  high  dislocation 
density  (2.8x1  oVcm^)  but  higher  mobility  than  a  second  sample  with  only  half  the  dislocation 
density.  This  is  supported  by  published  work^  where  a  commercial  sample  had  a  dislocation 
density  of  the  order  of  lxl0'%m^  but  still  had  high  mobility.  This  suggests  that  sources,  other 
than  the  dislocation  density,  are  responsible  for  the  decrease  of  the  mobility. 

B.  Stoichiometry  of  the  Films 

RBS  and  AES  analysis  were  performed  on  six  samples  with  different  values  of  mobility 
and  carrier  concentration  to  measure  the  N  to  Ga  ratio.  Due  to  the  low  atomic  weight  of  nitrogen 
and  large  difference  of  atomic  weight  between  Ga  and  N,  it  is  not  easy  to  measure  the  amount  of 
N  with  high  precision.  But,  based  upon  test  standards  and  computer  simulations,  we  are 
confident  that  the  N/Ga  ratio  is  very  close  to  the  desired  value  of  1.0  in  all  samples. 

The  film  thickness  of  the  grown  films  is  about  2  pm.  The  GaN  sample  has  some  carbon 
contamination  on  the  surface  as  measured  by  AES.  But  after  sputtering  off  a  few  hundred 
angstroms,  both  the  carbon  and  oxygen  content  are  dramatically  reduced.  Also,  the  N/Ga  atomic 
ratio  was  measured  by  AES  and  was  found  to  be  close  to  0.99  through  most  of  the  films. 

Both  the  RBS  and  AES  measurements  indicate  that  the  stoichiometry  of  the  films  was 
very  close  to  1.  Due  to  the  limited  sensitivity  of  the  techniques,  the  nitrogen  vacancy 
concentration  can  not  be  determined  because  it  is  probably  at  the  impurity  level. 

C.  Impurities  in  the  Films 
Effect  of  Growth  Temperature 

Growth  temperature  is  an  important  issue  in  GaN  growth.  Because  NH3  is  used  as  the 
nitrogen  source,  the  growth  temperature  must  be  high  enough  to  pyrolyze  ammonia.  Films  grown 
below  900  °C  have  a  yellowish  color  and  poor  electrical  properties.  This  is  due  to  the  fact  that  at 
these  lower  temperatures  ammonia  does  not  decompose  completely.  Thus,  the  nitrogen 
concentration  in  the  film  is  low  and  the  hydrogen  concentration  is  not  high  enough  to  remove  the 
methyl  group  from  the  TMG  molecules.  Evidence  for  this  is  seen  in  the  SIMS  analysis  of  a 
sample  as  shown  in  Fig.  1.  In  the  middle  of  a  growth  run,  the  temperature  of  the  film  was 
increased  from  1000°C  to  1030°C.  As  one  can  see,  the  carbon  concentration  decreases  from 
5xl0'^/cm^  to  IxlO'^/cm^  as  the  temperature  increased,  which  is  consistent  with  a  more  complete 
reaction  of  the  feed  gases. 
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Figure  2  shows  the  effect  of  growth 
temperature  on  the  background  carrier 
concentration  and  electron  mobility.  As 
expected,  the  background  carrier 
concentration  decreases  as  growth 
temperature  increases,  which  is  probably 
due  to  more  complete  decomposition  of 
the  NH3  .  Also,  the  higher  temperature 
will  result  in  a  higher  nitrogen  partial 
pressure  above  the  substrate  and  cause 
more  nitrogen  to  be  incorporated  into  the 
film.  When  we  examine  the  effect  of  the 
growth  temperature  on  the  mobility, 
however,  we  find  that  the  film  grown  at 
an  intermediate  temperature  (1035°C) 
exhibits  the  best  mobility. 


Figure  1  SIMS  depth  profile  of  a  film  grown 
via  an  interrupted  deposition  during  which  the 
temperature  was  abruptly  changed. 


Growth  Temperature  ( °C) 


Figure  2  Background  carrier  concentration  and 
electron  mobility  of  GaN  films  grown  at  different 
growth  temperatures. 


The  Effect  of  Growth  Pressure 


The  major  impurities  determined 
by  SIMS  analysis  are  H,  C  and  O.  Films 
grown  at  higher  pressures  exhibit  lower 
impurity  concentrations  than  films  grown 
at  lower  pressures  at  the  same  growth 
temperature.  An  example  of  a  SIMS  depth 
profile  is  shown  in  Fig.  3  for  a  sample 
grown  at  1030°C  and  200  torr.  The  C 
concentration  is  at  a  level  of  2-3x1 0'^cm'^ 
and  H  is  in  the  2-3x1  O^^cm’^  range.  The  O 
concentration  in  GaN  is  2x10*^  cm'^ 
through  most  of  the  film  but  jumps  to 
IxlO'^  cm’^  near  the  surface.  Surprisingly, 
the  transition  metals  like  Fe,  Cr,  Ni  and 
Mo  are  all  below  the  detection  limit  which 
is  estimated  to  be  IxlO'^  cm'^  for  our 
testing  conditions.  The  C,  O  and  H 
concentrations  for  a  film  grown  at 
1030°C  and  50  torr  are  TxlO'^-lxlO'^,  5- 
8x10*^  and  2-3x1 0’’  cm'^  respectively. 
When  the  growth  pressure  increases,  the  C 
and  O  concentrations  tend  to  decrease.  For 
example,  the  O  and  C  concentrations  are 
about  3-4  times  higher  for  films  grown  at 
50  torr  than  the  ones  grown  at  200  torr. 
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Figure  3  SIMS  depth  profile  of  H,  C,  O,  and 
A1  in  a  GaN  film  grown  at  1030°C  and  200 
torr. 


Background  Carrier  Cone,  (cm'^  at  300K) 

Figure  4  Electron  Hall  mobility  at  room 
temperature  versus  background  carrier 
concentration  for  GaN  films  grown  at  50  and 
200  torr. 


The  electron  Hall  mobility  versus 
background  carrier  concentration  for 
samples  grown  at  two  different  pressures 
is  shown  in  Fig.  4.  The  growth  condition 
for  each  sample  is  different  but  generally 
all  have  smooth  surfaces  and  good  crystal 
quality  (FWHM  =  5-8  arc  min  measured 
by  x-ray  rocking  curves).  Note  from  Fig.  4 
that  the  mobility  decreases  as  the  carrier 
concentration  drops  below  lo'^  cm'^  and 
peaks  when  the  coneentration  is  2x1 0‘^ 
cm'^  A  simulation  by  Chin  et  al.'^  shows 
that  the  curve  of  the  eleetron  Hall  mobility 
versus  background  carrier  concentration  of 
GaN  should  be  very  similar  to  GaAs.  They 
also  calculated  the  curves  for  different 
compensation  ratios.  For  comparison, 
these  calculated  curves  are  also  plotted  in 
Fig  4.  Compared  to  the  theoretical 
calculation,  our  films  show  strong 
compensation  behavior  with  the 
compensation  ratio  between  0.45  to  1.0. 
The  data  for  films  grown  at  200  torr  show 
higher  mobility  than  films  grown  at  50  torr 
at  the  same  background  carrier 
concentration  level.  The  highest  mobilities 
for  films  grown  at  200  torr  were  obtained 
at  earner  concentration  of  2x10^’  cm’^. 
However,  those  samples  with  background 
carrier  concentration  lower  than  2x10^’ 
cm’^  exhibit  lower  mobility. 

DISCUSSION 

As  described  previously,  the 
mobility  decreases  as  the  background 
carrier  coneentration  drops  below  2x1 0'^ 
cm‘^.  This  electrical  behavior  is  not  typical 
for  semiconductors.  Most  III-V  compound 
semiconductors  like  GaAs  and  InP  have 
high  electron  or  hole  mobility  when  the 
impurity  or  carrier  concentration  is  low 
and  the  mobility  decreases  gradually  when 
the  impurity  concentration  is  above  lO'^ 
cm’^.  The  reason  for  this  behavior  is  that 
the  ionized  impurities  result  in  carrier 
scattering  that  significantly  affects  the 
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mobility.  This  is  true  for  crystals  like  GaAs  whose  background  carrier  concentration  is  as  low  as 
1.5x10^  /cm^  at  room  temperature. 

Because  of  the  high  nitrogen  vapor  pressure  at  high  temperature,  it  is  difficult  to  grow 
intrinsic  material.  The  as-grown  GaN  always  shows  unintentionally  doped  n-type  behavior  due  to 
nitrogen  deficiency.  We  feel  that  this  may  be  attributed  to  nitrogen  vacancies  that  act  as  donors 
in  GaN.  Therefore,  if  we  accept  the  nitrogen  vacancies  as  impurities,  a  similar  mobility-carrier 
concentration  relation  as  the  one  described  above  for  GaAs  should  occur  in  GaN.  As  one  can  see 
in  Fig.  4,  although  the  compensation  ratio  is  high,  our  samples  show  very  similar  mobility-carrier 
concentration  behavior  as  Chin  predicted.  Only  in  the  range  of  low  background  carrier 
concentration  (>lxl0'^cm'^)  do  the  mobilities  drop  dramatically.  We  suspect  that  these 
impurities  are  the  cause  of  the  compensation.  Carbon  is  thought  to  be  the  main  species  that 
lowers  the  electron  mobility,  Pearton  et  al^  showed  that  C  in  GaN  acts  as  an  acceptor  when  C  is 
in  the  nitrogen  vacancy  site.  Although  it  is  not  a  good  p-type  dopant,  C  can  be  a  good 
compensation  center.  In  this  case,  the  C  introduced  by  TMG  during  growth  may  affect  the 
electrical  property  of  the  film  if  the  C  concentration  is  high  enough.  The  Hall  mobilities  of  the 
film  grown  at  50  torr  generally  show  lower  mobilities.  This  is  probably  due  to  a  higher  impurity 
level  which  causes  a  high  compensation  ratio. 

When  the  nitrogen  vacancy  concentration  ([Vn])  is  much  higher  than  the  carbon 
concentration  ([C]),  the  GaN  film  can  be  treated  as  an  n-type  semiconductor  whose  mobility 
decreases  as  [Vn]  increases.  As  [Vn]  decreases  below  2xl0’’  cm’^  [C]  is  close  to  [Vn]  and  the 
film  becomes  highly  resistive.  In  this  case  the  compensation  ratio  can  be  very  high.  Thus,  the 
mobility  drops  dramatically  and  this  would  explain  the  experimentally  observed  drop  at  low 
background  carrier  concentrations. 


SUMMARY 

In  summary,  the  unusual  behavior  of  electron  Hall  mobility  has  been  investigated. 
Stoichiometric  analysis  by  AES  and  RBS  indicate  that  the  Ga:N  is  close  to  1  and  both  oxygen 
and  carbon  are  below  the  detection  limit  (<  1  atomic  %)  .  Structural  defects  such  as  dislocations 
in  the  range  of  10®  to  10‘°  tcm  do  not  appear  to  affect  the  electrieal  properties  judging  from  the 
insensitivity  of  the  electron  mobility  to  the  dislocation  density.  SIMS  analysis  showed  H,  O,  and 
C  impurities  at  the  level  of  2  x  lO'^  2  x  lO'^  and  2  x  lO'^  cm'^  respectively,  for  films  grown  at 
1030°  C  and  200  torr.  Impurities,  especially  carbon,  are  thought  to  be  the  source  of  compensation 
centers  which  reduce  the  electron  mobility.  Our  experiments  have  shown  that  the  carbon 
incorporation  rate  increases  with  decreasing  growth  temperature  and  decreasing  growth  pressure. 
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Abstract 

GaN  films  and  GaN/AlGaN  heterostructures  have  been  gro  wn  by  MBE.  GaN  films  doped  with 
varying  levels  of  Mg  indicate  effective  mass  acceptor  at  low  doping  concentrations,  as  determined 
from  strong  photoluminescence  emission  at  about  380  nm.  As  the  Mg  concentration  is  increased 
the  photoluminescence  emission  line  red  shifts  considerably,  indicating  the  formation  of  Mg-related 
or  induced  complexes  whose  lifetimes  are  relatively  short.  GaN/AlGaN  separate  confinement 
heterostructures  grown  on  sapphire  show  strong  near  ultraviolet  stimulated  emission  at  room 
temperature  in  a  side-pumping  configuration.  The  pumping  threshold  for  stimulated  emission  at 
room  temperature  was  found  to  be  ~90  kW/cm^.  Initial  GaN  films  grown  on  ZnO  substrates  show 
the  A  exciton  in  low  temperature  photoluminescence.  ZnO  is  being  considered  for  nitride  growth 
because  of  its  stacking  order  and  close  lattice  match. 

*  On  sabbatical  leave  at  Wright  Laboratory  on  a  University  Resident  Research  Program  funded  by 
AFOSR. 

Introduction 

Unlike  Si  and  GaAs  technologies,  devices  based  on  group-III  nitrides  are  capable  of  operating  at 
high  temperatures  and  hostile  environments  as  well  as  emitters  and  detectors  for  wavelengths 
shorter  than  greenb2^3,4  j^ost  notable  of  the  group-III  nitrides  are  AIN,  GaN,  InN  and  their 
alloys,  which  are  all  wide  bandgap  semiconductors.  They  crystallize  in  both  wurtzite  and 
zincblende  polytypes,  the  former  being  the  more  stable  phase.  Wurtzitic  GaN,  AIN  and  InN  have 
direct  room  temperature  bandgaps  of  3.4,  6.2,  and  1.9  eV,  respectively.  The  group-III  nitrides 
thus  formed  span  a  continuous  range  of  direct  bandgap  energies  throughout  much  of  the  visible 
spectrum  well  into  the  ultraviolet  wavelengths.  This  is  one  of  the  reasons  fueling  the  recent  interest 
in  GaN,  AIN,  InN,  and  their  tertiary  alloys  for  short  wavelength  optoelectronic  device 
applications.  These  optoelectronic  devices,  especially  emitters  such  as  the  light  emitting  diodes 
(LEDs)  and  lasers,  can  be  active  in  the  yellow,  green,  blue,  and  ultraviolet  (uv)  wavelengths.^ 
LEDs  have  expanded  remarkably  not  only  in  terms  of  the  range  of  wavelengths  of  emission 
available,  but  also  brightness^-'^’^  These  LEDs  have  proved  to  be  reliable  and  have  applications, 
for  example,  in  displays,  lighting,  indicator  lights,  advertisement,  traffic  signs  and  traffic  signals, 
possibly  light  sources  for  accelerated  photosynthesis,  and  medicine  for  diagnosis  and  treatment 
9,10,11,12.13.14,15.  fQi-  coherent  sources,  they  are  crucial  for  high  density  optical  read  and  write 
technologies.  Because  the  diffraction  limited  optical  storage  density  increases  roughly 
quadratically  as  the  probe  laser  wavelength  is  reduced,  nitride  based  coherent  sources  at 
wavelengths  down  to  uv  are  attiacting  a  good  deal  of  attention. 
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Many  of  the  difficulties  besetting  nitrides  have  recently  been  overcome  or  are  about  to  be 
overcome.  Despite  disappointing  results  early  on,  p-type  conductivity  has  been  achieved  for  GaN, 
AIN,  and  some  of  their  alloys.  On  the  metal  contact  front,  specific  contact  resistivities  have  steadily 

dropped  to  below  10'^  Hcm'^.  While  the  recent  developments  in  GaN  and  related  compounds  have 
been  truly  breathtaking,  further  progress  in  this  material  system  hinges  on  the  reduction  of  defects 
which  is  closely  tied  to  substrates.  Ultimately,  substrates  with  close  lattice  match  and  stacking 
order  match  to  GaN  or  InGaN,  most  likely  native  substrates,  may  be  necessary  to  achieve  the 
potential  performance.  In  this  article  we  will  discuss  our  recent  effort  in  the  growth  and 
characterization  of  GaN  and  GaN/AlGaN  heterostructures. 

Experimental 

The  structures  were  grown  by  Reactive  MBE.  The  chamber  pressure  was  kept  at  2-5x10*5  Torr 
during  film  growth,  and  the  substrate  temperature  was  varied  between  610  and  820  “C,  which  was 
monitored  by  a  pyrometer  focused  on  the  surface  of  the  growing  film.  Sapphire  substrates  were 
degreased  with  organic  solvents,  and  etched  in  a  hot  solution  of  H2SO4  and  H3PO4  (H2SO4  : 
H3PO4  =  3  :  1)  for  about  20  mins.  They  were  then  rinsed  with  deionized  (DI)  water  and  dried  by 
blowing  filtered  nitrogen.  Nitridation  was  performed  by  exposing  sapphire  substrates  to  a  nitrogen 
flux  for  5-15  mins,  at  800  °C.  Prior  to  the  GaN  growth,  about  650  A  of  AIN  was  grown  on 
sapphire  at  a  growth  temperature  of  800  °C.  Note  that  this  growth  is  decidedly  different  from  that 
with  the  low  temperature  buffer  layers  employed  in  the  MOCVD  process. 

Separate  Confinement  Heterostructures 

The  GaN/AlGaN  separate  confinement  heterostructure  has  a  600  A  thick  AIN  layer,  directly  grown 
on  sapphire,  followed  by  a  GaN  buffer  layer,  an  AlGaN  cladding  layer,  a  low  mole  fraction 
AlGaN  waveguide  layer,  a  70  A  thick  GaN  quantum  well  which  is  capped  by  a  low  mole  fraction 
AlGaN  waveguide  and  an  AlGaN  cladding  layer.  The  quantum  well  was  doped  with  Si  to  a  level 
of  5x10^^  cm-3.  Samples  having  a  size  of  3x1  mm^  were  cut  and  mounted  on  a  sapphire  heat 
sink,  which  were  then  attached  to  copper  sample  holders  for  optical  pumping  experiments. 

Under  low-excitation,  the  room  temperature  spectra  exhibit  a  relatively  weak  and  broad  emission 
feature  with  the  peak  position  around  365  nm,  and  the  emission  intensity  linearly  increases  with 
the  excitation  power  density.  As  the  excitation  power  density  increases,  a  sharp  narrow  emission 
feature  appears  on  the  higher  energy  side  of  the  spontaneous  emission  peak.  The  position  of  the 
maximum  of  this  newly  emerged  emission  feature  is  at  -361.5  nm.  Its  emission  intensity  increases 
super  linearly  with  the  excitation  power.  This  new  emission  structure  becomes  the  dominant 
feature  as  the  pumping  power  density  is  further  increased.  Spectral  narrowing,  super  linear 
increase  in  intensity  with  the  excitation  power  density,  as  well  as  the  complete  suppression  of  the 
broad  emission  background,  are  characteristics  of  stimulated  emission. 

The  onset  of  the  steep  rise  of  the  emission  intensity  marks  the  threshold  for  stimulated  emission. 
The  pumping  threshold  for  stimulated  emission  was  determined  to  be  -90  kW/cm^  for  our 
GaN/AlGaN  SCH  sample.  The  measured  threshold  value  is  approximately  one  order  of  magnitude 
less  than  our  previously  reported  value  for  the  GaN  bulk-like  films  grown  by  metalorganic 
chemical  vapor  deposition.  Generally,  the  threshold  value  can  be  affected  by  parameters  which 
are  dependent  on  the  pumping  source  and  quality  of  the  sample  and  the  facets.  The  specimens  were 
just  small  pieces  simply  cut  off  from  the  large  GaN/AlGaN  SCH  wafer  with  no  attempt  to  finesse 
the  cut  surfaces.  Difficulties  of  forming  high  quality  facets  in  sapphire  are  well  known.  This 
provides  the  basis  for  our  optimism  that  the  pumping  power  threshold  for  stimulated  emission 
lasing  in  GaN  can  be  lowered  substantially  with  improved  facets,  possibly  brought  about  by 
employing  other  substrates  such  as  ZnO  and  spinnel  which  are  much  more  amenable  to  cleaved 
facet  formation. 
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Mg  Doped  GaN 

As  in  any  wide  bandgap  semiconductor,  p  type  doping  in  GaN  and  related  materials  is  rather 
complex  In  GaN  for  example,  while  the  effective  mass  like  acceptor  is  about  200  meV  from  the 
valence  band,  Mg  doped  GaN  exhibits  emission  at  centers  which  are  about  0.5  eV  above  valence 
band  when  the  Mg  concentration  exceeds  a  certain  level.  In  opticd  spectra,  two  broad  emission 
bands  of  about  290  (dominant  for  T  <  150  K)  and  550  meV(dominant  for  T  >  150  K)  below  the 
band  gap  appear.  Typical  continuous-wave  (CW)  PL  spectrum  of  p-type  GaN  layers  at  10  K  is 
dominated  by  a  band  at  about  3.21  eV  which  nearly  disappears  for  T  >  150  K.  As  the  temperature 
is  increased  above  150  K,  a  weak  emission  band  at  -2.95  eV  appears.  Moreover,  the  peak  position 
of  the  lower  energy  emission  red  shifts  considerably  as  the  Mg  doping  level  is  increased.  At  room 
temperature,  the  peak  position  of  this  lower  energy  emission  band  can  be  vaned  from  430  to  about 
700  nm. 


In  order  to  explore  the  physical  origin  of  the  observed  emission  lines,  their  dynamical  behaviors 
have  been  studied. At  low  temperatures,  PL  decay  is  non  exponential,  but  can  be  approximated 
by  two  exponential  decay  The  typical  lifetime  of  the  fast  component  which  contributes  90  percent 
of  the  PL  signal  is  about  0.6  ns,  and  the  slow  component  is  about  5.0  ns.  In  the  temperature 
region  T  <  150  K  where  the  3.21  eV  emission  band  dominates,  the  recombination  lifetime 
decreases  progressively  from  0.6  to  0.3  ns  as  temperature  increases  from  10  to  140  K.  This 
behavior  can  be  accounted  for  by  an  increased  nonradiative  recombination  rate  at  higher 
temperatures,  caused  by  the  nonradiative  carrier  transfer  to  the  lower  energy  recombination 
channels.  This  is  consistent  with  the  observation  of  the  thermal  quenching  of  the  3.21  eV  emission 
line  and  the  subsequent  increase  in  the  emission  intensity  of  the  lower  energy  band  at  2.95  eV  with 
temperature. 

In  the  higher  temperature  region  (T  >  150  K)  where  the  lower  energy  emission  band  (-2.95  eV  at 
T  <  150  K)  dominates,  the  fast  decay  component  contributes  nearly  95  percent  of  the  PL  signal  and 
consequently  the  decay  kinetics  of  PL  are  nearly  single  exponential.  The  temperature  dej^ndence 
of  the  recombination  lifetime  of  the  lower  energy  emission  band  indicates  an  increase  with 
temperature  reaching  0.3  at  room  temperature.  This  is  due  to  the  carrier  transfer  from  the  3.21  eV 
recombination  channel  as  discussed  above. 

The  observed  sub  nanosecond  PL  recombination  lifetimes  suggest  that  the  band-  edge  emissions  in 
Mg-doped  p-GaN  result  predominantly  from  the  conduction  band-to-impurity  recombination, 
involving  substitutional  shallow  Mg  acceptors  at  low  temperatures  (T  <  150  K)  and  Mg  related 
deep  level  centers  at  high  temperatures  (T  >  150  K).  In  such  a  context,  the  quenching  of  the  3.21 
eV  emission  line  is  due  to  either  thermal  ionization  of  shallow  neutral  Mg  acceptors  or  hole 
transfer  from  the  shallow  to  the  deep  impurities  as  temperature  increases. 

GaN  on  ZnO 

Lattice  and  thermal  expansion  mismatch  between  nitride  films  and  the  most  frequently  used 
substrates  (  SiC,  sapphire)  are  often  cited  as  one  of  the  major  causes  of  the  observed  extended  and 
point  defects.  Inversion  domain  boundaries  (IDB)  and  double  positioning  boundaries  (DPB),  have 
been  identified  as  defects  spreading  into  the  bulk  GaN  layersl^’^O.  21^  the  former,  being  well 
known  in  III-V  on  Si  (100)  epitaxy ,22  arise  from  an  inversion  transformation  of  a  binary 
compound.  If  special  care  were  taken  to  initiate  growth  with  only  one  species,  such  as  As,  then 
IDB’s  would  not  form.  However  substrates  invariably  pntain  steps,  and  with  single-species 
initiation  the  lattice  inverts  across  each  single  step  on  Si  (100)  and  produces  an  IDB.  One  solution 
for  avoiding  IDB’s  on  Si  GOO),  is  by  making  double-stepped  substrates.  In  the  case  of  DPB  s 
there  is  an  equal  probability  of  nucleating  two  different  FCC  stacking  sequences  (ABC  and  ACB), 
a  topic  treated  recently  by  Sverdlov  et  al.23  who  also  suggested  that  ZnO  would  be  a  better 
substrate  to  GaN  and  related  materials  because  of  its  stacking  match  to  nitrides  under  discussion. 
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Attempts  have  already  been  made  to  take  advantage  of  the  relatively  small  lattice  mismatch  between 
ZnO  and  GaN  in  that  there  have  been  several  preliminary  reports  of  GaN  growth  on  ZnO  and 
InGaN  on  ZnO  with  crystalline  quality  of  InGaN  to  be  superior  when  grown  on  the  well  matched 
ZnO  substrate24.  ZnO  substrates  also  would  allow  for  the  growth  of  lattice  matched  or  coherently 
strained  heterostmctures  for  optoelectronic  and  electronic  devices^s.  In  this  paper  we  report  on 
the  optical  emission  and  reflection  properties  of  GaN  grown  on  vicinal  c  plane  ZnO  substrates. 

We  have  utilized  ZnO  substrates  prepared  by  Litton  industries  by  the  hydrothermal  method.  The 
GaN  layers  were  then  grown  at  substrate  temperatures  of  about  650  °C  with  a  growth  rate  of  1 
limAour.  The  optical  transitions  from  the  sample  were  studied  by  photoluminescence  (PL)  and 
optical  reflection.  The  PL  was  excited  with  a  He-Cd  laser.  The  reflection  source  was  a  Xenon 
lamp.  The  reflection  was  measured  at  approximately  15°  off  normal  incidence.  The  details  of  the 
measurement  apparatus  can  be  found  elsewhere^^. 

The  PL  spectra  for  the  GaN  samples  show  that  the  ground  state  exciton  transition  associated  with 
the  A  band  appears  dominant.  The  exciton  associated  with  the  B-band  is  not  seen  in  emission; 
however,  it  can  be  seen  in  reflection.  In  this  experiment  we  did  classical  reflection;  however,  it  is 
off  normal  incidence  by  approximately  15°  as  noted  before.  The  minimum  in  the  A  reflection  peak 
is  shifted  to  the  higher  energy  from  the  A  emission  peaks  by  approximately  7  meV.  Although  the 
work  is  its  embryonic  stage  and  high  quality  substrates  are  lacking,  clean  luminescence  emission 
with  only  the  A  exciton  present  is  ve^  exciting.  The  observed  energies  of  A  and  B  excitons,  the 
latter  in  reflection  only,  provide  us  with  necessary  information  to  deduce  the  sign  and  extent  of 
strain  in  the  film.  Following  a  procedure  employed  previously27.28^  calculate  at  T=4  K,  the 
strain  induced  energy  shift,  AE ,  for  GaN/ZnO  is  -3.8  meV  while  that  for  GaN/(6H  SiC)  is  -6.7 
meV,  and  for  GaN/(a  -  AI2O3)  is  -f-9.3  meV.  This  should  yield  a  difference  of  13  meV  in  GaN 
grown  on  Sapphire  and  ZnO  in  the  band  gap  energy.  This  compares  with  the  observed  8  meV. 

This  discrepancy  may  be  due  to  several  factors  including  the  strain  variation  from  sample  to  sample 
grown  on  sapphire  substrates.  What  is  certain  is  that  more  research  is  necessary  before  conclusive 
remarks  can  be  made. 

Conclusions 

We  have  briefly  described  stimulated  emission  in  GaN/AlGaN  separate  confinement 
heterostructures,  discussed  the  nature  of  Mg  related  transitions  in  lightly  and  heavily  doped  GaN, 
and  preliminary  growth  experiments  on  ZnO  substrates.  Investigation  of  Mg  doped  GaN  show  an 
optical  shallow  level  at  290  meV  above  the  valence  band  for  lightly  doped  samples.  When  the  Mg 
concentration  is  increased  past  about  10^^  cm*^  level,  Mg-related  complexes  form  deeper  in  the 
band,  the  width  of  which  depends  on  concentration,  form  and  dominate  the  high  temperature 
luminescence.  The  transition  to  this  complex  is  presently  used  in  some  commercial  LEDs  for 
producing  blue  light. 
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ABSTRACT 

In  this  paper  we  demonstrate  the  feasibility  of  growing  III-N  semiconductors  on 
novel  lattice-matched  oxide  substrates.  Although  the  growth  parameters  are  not  yet  optimal, 
acceptable  GaN  layers  have  been  grown. 

INTRODUCTION 

The  recent  successes  of  III-N  compound  semiconductor  light  emitting  diodes  [1] 
point  to  the  future  use  of  these  materials  in  displays,  optical  data  storage,  reprographics, 
underwater  communications  and  so  on.  Their  direct  optical  bandgaps  span  the  UV-orange 
spectral  region.  They  are  mechanically  robust,  with  high  melting  temperatures  and  good 
resistance  to  chemical  attack.  These  materials  offer  several  advantages  over  their  main 
competitors,  such  as  II- VI  compounds  and  silicon  carbide,  in  that  they  offer  longer  device 
lifetimes,  higher  efficiencies  and  higher  powers.  As  yet,  however,  no  laser  diode  based 
upon  III-N  semiconductors  has  yet  been  demonstrated,  although  this  situation  is  ripe  for 
change. 

Among  the  problems  which  stand  in  the  way  of  the  realisation  of  a  laser  diode  we 
may  identify: 

(1)  The  very  high  density  of  structural  imperfections,  that  may  be  described  either  as 
dislocations  [2]  or  grain  boundaries  [3], 

(2)  The  relative  difficulty  of  p-doping,  ascribed  to  acceptor  passivation, 

(3)  The  presence  of  an  uncontrolled  deep  centre,  that  contributes  to  a  strong  yellow 
luminescence  band  in  competition  with  the  bandedge  emission  [4]. 

All  of  these  problems  relate,  to  a  greater  or  lesser  extent,  to  the  lattice  mismatch  that 
exists  in  all  cases  between  the  III-N  epilayer  or  heterostructure  and  the  underlying 
substrate.  The  purpose  of  this  contribution  is  to  advocate  the  use  of  some  novel  oxide 
substrates  for  the  epitaxial  growth  of  GaN  and  its  IIl-N  alloys.  Table  1  compares  the 
structural  properties  of  several  ni-N  compounds  with  those  of  the  substrates  that  may  be 
used  for  III-N  epitaxy.  It  is  clear  that  the  lithium  salts  offer  much  better  lattice  matching 
than  any  of  the  conventional  substrates.  In  addition,  they  have  comparable  coefficients  of 
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thermal  expansion.  This  is  necessary  to  preserve  lattice  matching  at  the  high  growth 
temperatures  used  for  widegap  ni-V  materials. 


Crystal 

Band  Gap 
(eV) 

a-axis 

(nm) 

Mismatch 

% 

Thermal 
(10-6  /K) 

AIN 

6.20 

0.3112 

-2.10 

4.2 

GaN 

4.20 

0.3180 

5.6 

InN 

1.95 

0.32530 

2.30 

LiAlOi 

6.20 

0.3134 

-1.45 

7.5 

LiGa02 

4.20 

0.3186 

+0.19 

7 

Li2Ge03 

5.35 

0.3203 

-0.16 

AI2O3 

8.70 

0.3476 

9.30 

7.5 

ZnO 

5.60 

0.3252 

2.26 

2.9 

6H-SiC 

3.70 

0.3080 

3.14 

_ 

Table  1:  structural  properties  of  lU-N  compounds  and  substrates. 

In  terms  of  crystal  structure,  lithium  aluminate  (LiAI02)  is  tetragonal,  while  the 
gallate  and  germanate  are  orthorhombic.  These  compounds  all  feature  purely  tetrahedral 
bonding,  so  that  they  may  be  said  to  be  "structure-matched"  as  well  as  lattice-matched  to 
both  the  wurtzite  and  cubic  forms  of  the  III-N  semiconductors.  .  In  addition,  they  are  all 
widegap  materials  with  high  transparency  in  the  ultraviolet  spectral  region.  Finally,  the 
germanate  is  particu;arly  interesting  dfor  laser  applications  because  of  its  strong  cleavage 
normal  to  the  direction  of  growth  (c-axis). 


SAMPLE  GROWTH 

The  melting  points  of  the  aluminate,  gallate  and  germanate  are  1275  ®C,  1600 
and  1700  ^C.respectively.  At  the  Optical  Materials  Centre  in  the  University  of  Strathclyde, 
Li2Ge03  and  LiGa02  were  grown  by  the  Czochrlski  technique  using  an  induction  heated 
furnace.  The  crystals  were  grown  in  a  nitrogen  atmosphere  from  a  melt  contained  in  an 
iridium  crucible.  Seed  material  was  obtained  by  spontaneously  nucleating  a  stoichiometric 
melt.  The  crystal  growth  furnace  employs  power/crystal  weight  feedback  to  control  the 
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growth  rate.  The  optimum  growth  conditions  for  both  the  germanate  and  gallate  was  found 
to  be  a  translation  rate  of  1-2  mm  per  hour  and  a  rotation  rate  of  20-30  rpm. 

GaN  layers  were  deposited  on  the  gallate  substrate  at  the  University  of 
Nottingham.The  gallate  substrate  was  degreased  using  standard  solvents  and  rinsed  in  DI 
water.  It  was  etched  in  a  solution  of  (1:1)  sulphuric  +  phosphoric  acid  mixture  for  5- 
lOmins  at  80  degrees  before  insertion  into  the  MBE  system.  The  dedicated  MBE  system, 
featuring  a  nitrogen  RF  activated  plasma  source  adapted  for  III-N  growth,  has  been 
described  elsewhere  [5].  The  substrate  was  thermally  heated  to  the  growth  temperature  of 
630  degree  C  and  nitrided  for  30mins.  The  surface  was  continuously  monitored 
throughout  the  growth  using  in-situ  Reflection  High  Energy  Electron  Diffraction  (RHEED). 


SAMPLE  CHARACTERISATION 

The  good  crystal  match  between  substrate  and  epilayer  is  shown  by  the  powder 
diffraction  spectrum  reproduced  in  Figure  1 . 


xio^ 


20  (degree) 

fig  1  Powder  diffraction  spectrum  of  GaN  grown  on  LiGa02 


Figure  2  compares  a  typical  photoluminescence  (PL)  spectrum  obtained  from  a  layer 
grown  on  gallate  at  room  temperature  with  one  obtained  from  a  layer  grown  on  a  sapphire 
substrate  under  comparable  conditions.  There  are  several  features  to  note.  The  bandedge 
features  appear  broad  and  structured  in  the  sample  grown  on  gallate;  the  yellow  band  is 
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however  much  weaker;  a  new  band  appears  near  490  nm.  The  origin  of  these  features  is 
still  under  investigation. 


400  500  600 


Wavelength  (nm) 

fig  2:  Comparing  PL  spectra  of  GaN  layers  grown  on  different  substrates. 

Cathodoluminescence  (CL)  spectroscopy  of  a  typical  layer  reveals  a  similar  spectrum  to  PL, 
showing  a  strong  band-edge  feature  and  a  weaker  deep  band.  By  monitoring  the 
luminescence  intensity  as  the  electron  beam  is  rastered  over  the  sample  surface,  a 
cathodoluminescence  image  is  formed.  Figure  3  shows  such  an  image  obtained  using  light 
centred  at  380  nm  with  a  pass  band  of  5  nm.  The  lack  of  discernible  structure  in  this  image 
is  actually  a  good  sign:  it  indicates  good  homogeneity  of  the  emitting  surface  and  a  lack  of 
the  distinguishable  crystalite  formation  which  is  a  feature  of  some  growth  [3]. 


fig.  3:  CL  image  of  GaN  layer  at  380  nm.  The  light  bar  represents  40  pm. 
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SUMMARY 

Our  preliminary  results  confirm  the  feasibility  of  III-N  growth  on  novel  oxide 
substrates  that  are  both  lattice-  and  structure-matched  to  the  epilayers.  Among  the  benefits 
that  are  apparent  from  this  exploratory  work,  we  highlight  the  suppression  of  both  the 
microcrystd  formation  and  the  impurity-related  deep  emission. 
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ABSTRACT 

The  optical  second-harmonic  (SH)  response  of  a  reverse  biased  gallium  nitride  (GaN) 
film  was  investigated  for  SH  photon  energies  near  the  fundamental  absorption  edge.  With  the 
application  of  a  DC  electric  field  (-100  to  220  kV/cm)  along  the  optical  axis  of  the  sample,  a 
strong  two-photon  resonance  was  observed  in  the  specular  reflected  SH  signal.  This  resonance 
was  attributed  to  electric-field  induced  SH  generation,  EFISH,  a  third-order  nonlinear  response 
which  arises  from  an  induced  polarization  that  is  linearly  dependent  on  the  amplitude  of  the  DC 
field.  The  EFISH  contribution  was  spectrally  localized  at  the  bandedge,  demonstrating  the 
potential  of  SH  spectroscopy  for  analysis  of  critical  points  in  the  band  structure  of 
semiconductors . 


INTRODUCTION 

It  has  been  recognized  since  the  early  1960’s  that  the  application  of  a  DC  electric  field  can 
perturb  the  linear  and  nonlinear  optical  properties  of  a  semiconductor  crystal.  This  principle  is 
the  basis  of  many  forms  of  optical  spectroscopy  where  field-induced  variations  are  gener^ly 
enhanced  near  critical  point  energies  in  the  joint  density  of  states  (JDOS)  [1].  In  linear 
electroreflectance  (ER)  spectroscopy,  dielectric  variations  are  generally  on  the  order  10'^  of  the 
unperturbed  function  when  a  DC  electric  field  of  100  to  500  kV/cm  is  applied  to  the  space-charge 
region  of  the  semiconductor.  Interestingly,  Aspnes  and  co-workers  [2,3]  have  shown  that  the 
low-field  limit  of  linear  ER  can  be  represented  as  a  third-order  nonlinear  phenomena  which 
involves  the  coupling  of  two  DC  fields  and  one  optical  field  with  the  third-order  susceptibility. 
This  mixing  process  induces  a  nonlinear  electric  polarization  at  the  same  frequency  of  the  incident 
optical  source  which  then  generates  a  variation  in  the  linear  dielectric  function. 

A  similar  DC  field-dependent  nonlinear  phenomena  that  arises  in  semiconductors  is 
electric-field  induced  second-harmonic  generation,  i.e.,  EFISH.  Unlike  the  linear  ER  process, 
the  nonlinear  response  is  a  result  of  the  coupling  of  two  optical  fields  of  frequency  ©  and  one  DC 
field  so  as  to  generate  a  second-harmonic  (2©)  polarization  that  is  linearly  dependent  on  the 
applied  DC  field  [4-6].  The  EFISH  signal  has  been  shown  to  be  enhanced  near  electronic 
transitions  such  as  critical  point  resonances  in  the  JDOS  of  one-dimensional  semiconductor 
systems  [7].  Although  EFISH  offers  the  potential  for  spectroscopic  studies  of  semiconductors, 
investigations  using  this  2©  response  have  been  limited  to  single-wavelength  investigations  of 
bulk  materials  [8-10]. 

In  this  paper,  we  demonstrate  that  the  EFISH  response  from  a  n-type  GaN  film  can  be 
resonantly  enhanced  when  the  photon  energy  of  the  SH  field  is  tuned  through  the  direct 
fundamental  absorption  edge  (Eq  critical  point).  The  EFISH  response  was  found  to  be  similar  to 
linear  ER  measurements  in  that  the  field-induced  signal  at  2©  was  localized  at  the  ^  critical 
point.  The  magnitude  of  the  EFISH  signal  exceeded  the  2©  contribution  from  the  intrinsic 
second-order  nonlinearity  when  a  field  on  the  order  of  10^  V/cm  was  applied  to  the  GaN  surface. 

As  such,  the  sharp  field-induced  SH  resonance  at  the  bandedge  was  easily  observed  in  either 
differential  or  absolute  intensity  measurements. 
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EXPERIMENTAL  PROCEDURE 


The  GaN  sample  was  grown  on  sapphire  using  metal  organic  chemical  vapor  deposition 
[11].  The  as-grown  single-crystal  film  was  oriented  with  the  (0001)  surface  parallel  to  die 
(0001)  surface  of  the  substrate  with  a  30®  azimuthal  rotation  of  the  GaN  layer  with  respect  to  the 
underlying  sapphire  substrate  as  verified  by  x-ray  diffraction. 

A  DC  electric  field  was  applied  to  the  GaN  sample  by  placing  the  semiconductor  film  in 
contact  with  an  HCl  aqueous  solution.  The  DC  potential  difference  and  field  strength  in  the  GaN 
space-charge  region  were  controlled  with  a  standard  potentiostat  in  a  three-electrode  quartz  cell 
using  a  Pt  counter  electrode  and  a  saturated  calomel  reference  electrode  (SCE). 

The  nanosecond  pulse,  tunable  dye  laser  source  used  for  the  SH  measurements  has  been 
previously  described  in  the  literature  [12].  Linearly  s-polarized  radiation  was  incident  at  an  angle 
of  45®  to  the  GaN/electrolyte  interface  so  as  to  generate  a  specularly  reflected  p-polarized  SH 
signal.  Typical  incident  power  densities  at  the  GaN  surface  were  kept  below  1  MW/cm^  so  as  to 
minimize  sub-bandgap  photocarrier  generation  from  possible  deep-level  traps  in  the  GaN  sample. 
The  reflected  signal  at  2co  was  detected  with  a  high-gain  photomultiplier  tube  (PMT)  and 
analyzed  with  a  gated  integrator.  The  SH  nature  of  the  signal  was  verified  by  demonstrating  its 
quadratic  dependence  to  the  incident  light  intensity. 

Linear  ER  measurements  were  performed  using  s-polarized  light  fi’om  a  xenon  lamp  that 
was  transmitted  through  a  monochromator  and  focused  onto  the  GaN/electrolyte  interface  at  an 
angle  of  45®.  The  DC  electric  field  in  the  depletion  layer  was  modulated  between  the  flatband 
(zero  field)  and  a  reverse  bias  condition  by  superimposing  an  AC  square-wave  voltage  (220  Hz) 
on  the  DC  potential.  After  detection  with  a  PMT,  the  AC  component  of  the  reflected  light  was 
analyzed  with  a  lock-in  amplifier  and  normalized  to  the  zero  DC  field  reflectance. 


EXPERIMENTAL  RESULTS 


M 


Prior  to  the  optical  investigations,  the  DC  field  characteristics  of  the  n-type  GaN  film  (Nj 
'  3xl0’’cm‘^)  were  analyzed  with  a  series  of  AC  capacitance  measurements.  In  these  electrical 

measurements,  the  AC  current 
response  to  a  3  kHz,  10  mV 
r.m.s.  AC  voltage  (superimposed 
on  the  DC  applied  potential)  was 
analyzed  with  a  two-phase  lock- 
in  amplifier.  The  GaN/electrolyte 
interface  was  modeled  as  a 
simple  RC  series  circuit,  where 
the  semiconductor  space-charge 
was  considered  the  dominant 
capacitance  relative  to  the 
solution  phase  [13].  The 
depletion  layer  capacitance  was 
de-convoluted  from  the  AC 
current  and  plotted  in  a  Mott- 
Schottky  format  as  shown  in 
Figure  1 .  The  linear  behavior  is 
characteristic  of  a  well-behaved 
depletion  layer. 


B 


U 
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Applied  Potential  (Volts  vs.  SCE) 


Figure  1.  Mott-Schottky  plot  for  a  GaN  sample  in  0. 1  M 
HCl  aqueous  solution.  Solid  line  is  a  linear  fit  to  the 
experimental  data  (solid  circles). 


The  spectra  in  Figure  2  show  the  SH  reflected  intensity  from  the  GaN/electrolyte  interface 
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for  various  reverse  bias  potentials.  The  flatband  spectrum,  Figure  2a,  exhibited  weak  dispersion 
in  the  SH  photon  energy  range  above  the  bandedge  which  was  consistent  with  previous 
measurements  of  in  wurtzite  GaN  [14].  The  SH  profile  below  the  bandedge  (dashed  line) 
was  found  to  be  dependent  on  film  thickness  and  incident  angle  due  to  the  phase-velocity 

interference  between  the  nonlinear 
source  polarization  and  the  generated 
SH  field.  Under  reverse  bias 
conditions  (Figure  2b-d),  a  narrow 
resonance  appeared  in  the  SH  intensity 
at  a  photon  energy  of  3.43  eV  and  a 
linewidth  of  ~50  meV.  A  weak 
secondary  feature  appeared  near  3.53 
eV  as  the  applied  potential  was 
increased  to  0.5V.  Both  resonant 
features  were  observed  to  increase 
linearly  in  amplitude  as  the  surface 
field  was  increased  from  100  to  225 

cTTr.u  /  TTx  kV/cm  with  a  slight  broadening  in  the 

SH  Photon  Energy  (eV)  linewidth. 

Figure  2.  Reflected  SH  intensity  from  an 

electrolyte/GaN  interface  for  a  bias  of  (a)  0.0, (b)  Xhe  resonances  in  the  SH  spectra 

0.1,  (c)  0.25,  and  (d)  0.5V  relative  to  the  flatband.  ^^ere  more  noticeable  when  the  optical 

measurements  were  performed  in  a 

differential  rather  than  absolute  detection  mode.  In  the  differential  measurements,  the  applied 
bias  to  the  GaN  sample  was  modulated  at  a  repetition  rate  of  5  Hz  so  as  to  vary  the  surface  DC 
field  from  the  flatband  value  to  DC  fields  in  the  range  of  100  to  225  kV/cm.  Field  modulation 
and  laser  repetition  were  synchronized  to  insure  sample  illumination  during  both  the  flatband  and 
reverse  bias  conditions.  At  the  end  of  each  potential  cycle,  the  difference  between  the  reverse 

bias  and  flatband  signals  was 
normalized  to  the  flatband  response. 
Figure  3  shows  the  SH  differential 
results  for  three  different  modulation 
potentials.  In  each  scan,  the 
differential  signal  was  characterized 
by  two  positive  peaks  that  were 
consistent  with  the  location  and 
linewidth  of  the  EFISH  resonance  in 
the  Fig.  2  spectra. 

In  addition  to  the  SH 
measurements,  differential  linear  ER 
spectra  (C0i„-®„J  were  recorded  near 
SH  Photon  Energy  (eV)  the  E„  critical  point  for  the  same  range 

of  applied  DC  fields  as  used  in  the  SH 

Figure  3.  Differential  SH  reflectance  from  an  scans  of  Figure  3.  In  Figure  4,  the 

electrolyte/GaN  interface  for  a  potential  modulation  of  negative  peak  associated  with  the  E„ 

(a)  0. l,(b)  0.25,  and  (c)  0.5V  relative  to  the  flatband.  optical  resonance  exhibited  a  slight 

broadening  in  linewidth  and  shift  to 
lower  energies  as  the  applied  DC  field  was  increased  in  the  GaN  depletion  layer.  Reflectance 
variations  were  observed  to  be  on  the  order  of  10'^  to  10’^.  Typical  of  linear  ER  measurements, 
Franz-Keldysh  oscillations  (FKO)  were  observed  at  photon  energies  above  the  bandedge  with  a 
period  that  increased  with  increasing  DC  field. 


3.25  3.35  3.45  3.55  3.65 
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THEORY  AND  DISCUSSION 


In  the  case  of  GaN,  the  2(0  polarization  response  from  an  electrified  sample  is  a 
superposition  of  the  intrinsic  second-  and  DC  field-dependent  third-order  nonlinear  contribution. 
Under  electrochemical  control,  the  DC  field  in  the  GaN  sample  was  directed  along  the  optical 

axis  of  the  crystal  which 
corresponded  to  the  surface  normal 
of  the  sample.  The  x-y  plane  of  the 
crystal  was  rotated  about  the  optical 
axis  until  the  plane  of  incidence 
coincided  with  the  x-z-plane  of  the 
crystal.  With  the  sample  in  this 
orientation,  s-polarized  incident  light 
(along  the  y-axis  of  the  crystal) 
generates  a  nonlinear  polarization 
along  the  optical  axis  (p-polarized) 
with  the  following  form: 

'-Sncidit  Photon  Energy  (eV)®  Pi\z,2^)=  (la) 


Figure  4.  Linear  differential  reflectance  spectra  from  where  the  effective  nonhneanty 
an  electrolyte/GaN  interface  for  a  potential  modulation  yJ/Kz)  is  given  by  [151: 
of  (a)  0.1, (b)  0.25,  and  (c)  0.5V  relative  to  the 
flatband. 


X?ff(z)  =  +  3xiy^yz(-2a);a),(O,0)Es(z)  Qb). 

In  these  two  expressions,  Ey(z,«))  is  the  y  component  of  the  fundamental  field,  Es(z)  is  the  DC 
field  directed  along  the  optical  axis,  and  and  are  the  second-  and  third-order  nonlinear 
susceptibility  tensors,  respectively. 

The  reflected  SH  intensity  from  the  GaN  sample  is  dependent  upon  the  product  of  the 
nonlinear  polarization  and  its  conjugate: 


IsH-^P;‘(z,2co)*P;‘(z,2tO)  (2a) 


The  effect  of  the  EFISH  contribution  on  the  total  SH  signal  will  depend  on  the  relative  phase 
difference  (y)  and  magnitudes  between  the  second-  and  third-order  susceptibilities  as  well  as  the 
sign  of  the  DC  field  in  the  depletion  layer.  The  SH  results  in  Figures  2  and  3  showed  that  the 
EFISH  term  in  Eq.  (lb)  was  clearly  the  dominant  2(0  term  when  DC  fields  on  the  order  of  100 
kV/cm  are  applied  to  the  GaN  sample.  However,  the  spectroscopic  nature  of  the  phase 
difference  between  the  second-  and  third-order  terms  has  not  been  examined  in  earlier 
investigations.  The  two  SH  resonances  in  Figures  2  and  3  may,  in  fact,  arise  from  a  wavelength 
dependent  phase  difference  between  X®  and  x'^^  •  Further  SH  studies  are  needed  to  determine 
the  role  of  the  phase  difference  on  the  spectral  lineshape  at  critical  point  transitions. 

A  comparison  of  the  flatband  SH  response  with  the  EFISH  contribution  in  Figure  2 
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shows  that  the  dispersion  of  is  narrower  than  the  corresponding  response  of  in  the 
bandedge  region.  Previous  band  structure  calculations  of  x^^^  for  bulk  cubic  zincblendeT&I-V  and 
n-VI  semiconductors  near  Eq  critical  point  in  the  JDOS  have  shown  that  the  second-order 
nonlinearity,  which  is  proportional  to  the  product  of  three  dipole-matrix  elements,  has  the 
following  form  [16,17]: 

..(2)  ..  <¥l'lzl^n><¥S'yI^><Vmlyl¥l> 

Xzyy  Ot 

(C0nr2<B  -iYnl)(®ml-®-iYnil)  (3). 

where  \|/i’  and  xi/J  are  the  wavefunctions  for  the  i‘‘'andj‘*' valence  and  conduction  band,  0);^  is 
the  energy  separation  and  Yj  is  the  broadening  parameter  for  the  i  to  j  transition.  The  summation 
in  this  expression  is  over  the  valence  band  (index  1),  and  the  conduction  band  (indices  n  and  m). 
As  is  evident  from  this  expression,  the  second-order  nonlinearity  is  resonantly  enhanced  when 
either  O)  or  2co  is  the  frequency  difference  between  two  single-particle  states  (valence  or 
conduction  bands).  Since  the  SH  experiments  on  GaN  were  performed  with  2ha)  ~  E^^p,  the  2co 
response  should  exhibit  a  single  resonance  in  the  bandedge  region  since  other  interband 
transitions  (Ej  critical  point)  are  at  least  4  eV  above  the  fundamental  gap.  Previous  SH 
transmission  measurements  of  GaN  [14]  have  shown  that  x^^^  exhibits  weak  dispersion  near  the 
bandedge  region  with  only  a  slight  increase  in  amplitude  at  the  bandedge.  Therefore,  the  sharp 
resonance  in  the  SH  response  of  Figures  2  and  3  is  unlikely  due  to  the  intrinsic  x^^^  response. 

In  regards  to  the  third-order  susceptibility,  a  number  of  recent  calculations  by  Tsang  et 
al.  on  the  EFISH  effect  in  semiconductor  quantum-wells  have  predicted  a  significant  field- 
induced  enhancement  in  the  SH  nonlinearity  of  GaAs/Al^GaAS;.^  structures  [19].  In  general,  x^^^ 
is  proportional  to  the  product  of  four  dipole-matrix  elements  and  is  dominated  by  "three-state” 
processes  which  involve  simultaneous  interband  transitions  between  the  valence  and  conduction 
bands  [16,18].  In  this  process,  the  dipole-matrix  elements  is  proportional  to  the  following 
expression: 


>.(3)  <Vllzl^><¥vlyl¥n><'l^JlylVm><¥mlzl'Kl> 

Xzyyz  Ot 

((Ovr2co  -iYvi)(a)ni-2a)  -iYni)(C0mi-®-iYmi)  (4) 

when  the  2a)  photon  energy  is  close  to  a  resonance  in  the  GaN  band  structure.  The  parameters  in 
Eq.  (4)  are  similarly  defined  as  for  the  parameters  in  Eq.  (3).  Eq.  (3)  shows  that  the  2® 
resonance  in  the  EFISH  signal  is  inversely  proportional  to  the  square  of  (Ej^^-Eg^p)  when  SH 
photon  energy  is  near  the  bandedge  (®v,=Wn,  ~  ©gap)-  A  resonant  response  of  this  form  will 
exhibit  narrower  dispersion  near  the  fundamental  bandedge  relative  to  the  second-order 
resonance  in  Eq.  (3)  provided  the  resonance  has  minimal  overlap  with  other  critical  point 
transitions.  Experimentally,  the  narrow  resonance  in  Figures  2  and  3  supports  the  conclusion 
that  the  third-order  nonlinear  response  is  the  dominant  contribution  to  the  2®  signal  since  the 
majority  of  the  field-induced  SH  variations  were  localized  within  ~  +/-  O.leV  of  the  Eq  critical- 
point. 


Finally,  a  comparison  of  the  differential  ER  spectra  at  2®  and  ®  (Figures  3  and  4, 
respectively)  show  that  the  field-induced  response  in  the  linear  and  nonlinear  cases  are  spectrally 
localized  at  the  Eq  critical  point  energy.  The  two  optical  responses  exhibit  different  lineshape 
profiles,  but  both  techniques  are  characterized  by  minimal  broadening  and  position  shifts  with 
DC  fields  in  the  100  to  225  kV/cm  region.  In  the  2®  case,  the  field-induced  contribution 
exceeded  the  intrinsic  second-order  response  by  over  100%  with  surface  DC  fields  on  the  order 
of  10^  V/cm.  Under  similar  field  conditions,  AR  values  of  ~  10“3  were  observed  in  the  linear 
ER  data.  Interestingly,  linear  refractive  index  variations  as  determined  from  the  AR  spectra  in 
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Figure  4  were  found  to  produce  variations  in  the  2co  signal  that  were  3  to  4  orders  of  magnitude 
below  the  >100  %  increase  observed  in  the  spectra  of  Figs.  2  and  3.  This  confirmed  that  the 
narrow  resonance  in  the  SH  spectra  was  due  to  the  resonant  behavior  of  and  not  from  the 
field-induced  dielectric  variations  of  the  linear  ER  spectra. 

In  summary,  we  have  measured  the  DC  field-induced  contribution  to  the  SH  response 
near  the  fundamental  bandedge  in  wurtzite  GaN  on  sapphire.  The  2a)  signal  near  Eg^p  was 
dominated  by  a  third-order  nonlinearity,  EFISH,  when  a  DC  field  of  ~  100  kV/cm  was  applied  to 
the  space-charge  region  of  the  sample.  The  sharp  resonance  (~50  meV  Unewidth)  at  this  critical 
point  suggests  that  SH  spectroscopy  may  be  a  useful  probe  of  the  electronic  band  structure  of 
semiconductor  materials. 
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ABSTRACT 

Both  wurtzite-and  zincblende-GaN  films  have  been  grown  on  sapphire  and  MgO 
substrates,  respectively,  and  examined  by  photoluminescence  and  x-ray  analysis.  GaN 
films  were  grown  on  suitably  prepared  AI2O3  and  MgO  substrates  by  molecular  beam 
epitaxy  employing  a  rf  plasma  discharge,  nitrogen  free  radical  source.  The  wurtzite-and 
zincblende-GaN  films  exhibited  dominant  near  band-edge  emission,  the  nature  of  which 
will  be  compared  and  contrasted  for  both  phases  in  this  paper.  X-ray  diffraction  data  for 
both  phases  will  also  be  discussed. 


INTRODUCTION 

GaN  and  related  materials  are  considered  to  be  excellent  materials  for  applications  of 
optoelectronic  devices  that  operate  in  the  near-UV  as  well  as  in  the  visible  regions  with 
appropriate  bandgap  modifications.  GaN  and  its  solid  solutions  such  as  AlGaN  and 
InGaN  have  been  used  in  the  development  of  ultraviolet  sensors,^  blue  light  emitting 
diodes^,  photodetectors  and  heterostructure  field-effete  transistors  and  optical 
pumping  structures  In  all  cases  wurtzitic  materials  are  used  for  device  structures. 
However,  these  hexagonal  materials  are  difficult  to  cleave  and  hence  lasing  action  in  an 
appropriate  structure  may  be  difficult  to  obtain.  Furthermore  p-doping  in  the  a-GaN  is 
rather  difficult.  Zincblende  GaN  (p-GaN),  which  is  thermodynamically  metastable  phase 
of  GaN,  is  thought  to  be  easier  to  cleave  and  p-dope. 

With  the  current  success  in  making  long  lasting  blue  light  emitting  devices  using  GaN, 
its  detailed  optical  behavior  in  both  a  and  p  phases  should  be  studied  under  varying 
conditions.  Significant  knowledge  is  available  on  a-GaN,  whereas  data  on  zincblende 
GaN  particularly  grown  on  MgO  are  scarce  Optical  properties  of  cubic  and  hexagonal 
GaN  in  the  regions  of  the  fundamental  gaps  were  studied  by  J.  Petalas  et  al  ^  who  found 
that  the  gap  of  hexagonal  GaN  is  larger  than  that  of  the  cubic  polytype. 
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EXPERIMENTAL 


Film-growth  experiments  were  carried  out  in  a  Varian  Gen  II  MBE  system  with  a  base 
pressure  of  10'^®  Torr  range.  The  substrates  used  in  this  work  were  highly  polished  AI2O3 
(0001),  and  MgO  (001)  wafers  of  1  cm.  square.  Both  types  of  substrates  were  degreased 
in  successive  rinsing  of  trichloroethane,  acetone,  methanol,  and  isopropyl  alcohol.  The 
AI2O3  wafers  were  then  etched  in  hot  (160  °C)  3:1  H2SO4:  H3PO4.  The  samples  were 
dried  by  blowing  dry  nitrogen  and  mounted  on  a  strain-free  MO  holder,  and  then  inserted 
into  the  vacuum  system.  The  substrates  were  heated  to  ~  730"  C  for  30  minutes.  Sharp 
lines  (1x1)  were  observed  in  the  RHEED  pattern.  Growth  temperature  was  between  650" 
C  to  700"  C  for  both  of  these  substrates.  Fig.l  shows  the  MBE  chamber  with  rf  plasma 
source. 

Electron 


FIG.  1.  Schematic  of  rf  plasma  MBE  system  used  to  grow  a-GaN  and  p-GaN 

films. 

The  source  of  nitrogen  in  this  MBE  system  is  a  rf  plasma  discharge,  free-radical  source 
manufactured  by  Oxford  Applied  Research  (OAR).  Active  nitrogen  plasma  was  generated 
by  inductively  coupling  13.56  MHz  rf  energy  into  a  small  cylindrical  pyrolytic  boron 
nitride  (PBN)  discharge  chamber  supplied  with  ultrapure  nitrogen  gas.  The  PBN 
discharge  tube  is  surrounded  by  a  water-cooled  rf  coil  and  the  N2  gas  is  fed  into  the  tube 
via  an  entry  hole  at  one  end  of  the  tube  while  a  PBN  disk  with  several  small  holes  (0.3mm) 


548 


serves  as  the  exit  plate  and  permits  a  fraction  of  the  active  nitrogen  species  to  diffuse  out 
of  the  discharge  chamber  towards  the  substrate  inside  the  MBE  growth  chamber.  In  this 
work,  the  forward  power  supplied  to  the  discharge  chamber  in  the  source  was  320  W  for 
a-GaN  and  200W  for  p-GaN,  the  reflected  power  being  <2  W  as  established  by  an  on¬ 
board  manual  tuning  network.  A  Si  photodiode  which  has  on-axis  line-of-sight  vision 
monitors  the  integrated  intensity  of  the  plasma  emission,  the  measured  intensity  being 
dependent  on  both  rf  power  and  N2  pressure  in  the  chamber.  In  this  work,  the  Si 
photodiode  output  was  maintained  at  a  constant  value  of  350  mV  for  a-GaN  and  150  mV 
for  p-GaN  which  was  obtained  by  establishing  an  equilibrium  N2  background 
pressure  in  the  MBE  growth  chamber  typically  around  10'^  Torn  The  active  nitrogen  in 
the  chamber  was  characterized  using  molecular  emission  spectroscopy.  A  previous  study 
had  indicated  that  a  significant  concentrations  of  nitrogen  atoms  in  both  the  ground  and 
excited  states  was  present  in  the  active  nitrogen  plasma.^ 

As-deposited  GaN  films  were  analyzed  in  situ  by  RHEED  and,  following  deposition  , 
by  XRD  and  room  temperature  photoluminescence.  For  the  experiment  reported,  a 
Philips  5-crystal  high  resolution  x-ray  diffractometer  was  operated  in  the  Q-20  mode,  with 
the  detector  rotation  being  twice  the  sample  rotation. 

The  photoluminescence  measurements  were  performed  at  room  temperature.  A  325 
nm  He-Cd  laser  with  a  power  of  50  mW  and  focused  beam  size  of  0.5mm  was  used  as  the 
excitation  source  for  the  measurements.  The  a-GaN  and  p-GaN  films  were  2  |xm  and 
3  pm  thick,  respectively. 

RESULTS  AND  DISCUSSION 

Films  grown  on  AI2O3  (0001),  and  MgO  (001)  were  single  crystals.  RHEED  and 
XRD  results  showed  that  the  films  grown  on  sapphire  were  wurtzite,  grown  on  MgO  was 
zinc-blende.  RHEED  patterns  obtained  during  growth  were  sharp  (1x1)  for  both  a-GaN 
and  p-GaN  films.  The  growth  rate  in  both  cases  was  between  0.3  -  0.4  pm/hr.  Figures  2 
and  figure  3  show  the  XRD  diffraction  patterns  obtained  from  a-GaN  grown  on  AI2O3 
(0001)  at  Tg~  720  “C  and  p-GaN  grown  on  MgO  at  Tg~  650  "C  respectively.  As  can  be 
seen  from  the  figure  2,  peaks  associated  with  (002)  hexagonal  GaN  and  (006)  sapphire 
reflections  are  evident  in  the  spectrum. 

X-ray  measurements  provided  FWHM  for  the  substrate  sapphire  for  a-GaN  was  about 
10  arc  seconds  for  the  epi  layer,  it  was  close  to  7  arc  minutes.  In  figure  3  peaks  associated 
with  (002)  cubic  GaN  and  (002)  MgO  reflections  are  evident.  The  FWHM  for  the 
substrate  was  about  60  arc  seconds  whereas  for  the  p-GaN  the  FWHM  was  found  to 
about  17  arc  minutes. 

Figure  4  and  5  illustrate  the  room  temperature  PL  spectrum  of  a-GaN  grown  on 
AI2O3  (0001)  and  p-GaN  grown  on  MgO  (001).  In  the  case  of  hexagonal  GaN  as 
indicated  in  fig.  4  the  dominant  peak  is  at  364  nm  (3.41  eV)  with  an  additional  small  peak 
at  590  nm.  In  the  case  of  the  cubic  GaN,  the  peak  is  at  384  nm  (3.23  eV)  with  additional 
shoulders  indicating  the  nature  of  the  crystal  structure.  At  present  there  is  some  dispute  as 
to  the  magnitude  of  zincblende  GaN  bandgap.  There  are  various  claims  that 
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FIG.  2.  X-ray  diffraction  pattern  of  GaN  epilayers  on  Sapphire  (0001) 
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FIG.  3.  X-ray  diffraction  patterns  of  GaN  epilayer  on  MgO  (001) 
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FIG.  4.  Photoluminescence  (RT)  spectrum  of  hexagonal  GaN 
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FIG.  5.  Photoluminescence  (RT)  spectrum  of  cubic  GaN 


the  bandgap  of  p-GaN  is  at  3.33  eV  at  15K  and  3.28  eV  at  room  temperature. 

Powell  etal^  claim  a  room  temperature  bandgap  of  3.21  eV  based  upon  optical 
absorption  measurements.  Strite  et  a/® suggest  that  the  bandgap  to  be  3.45  eV  at  room 
temperature  based  on  cathodoluminescence  measurements.  They  observed  weak  peaks  at 
higher  energies,  other  than  the  dominant  peak  at  3.2  eV.  Min  et  al  predict  the  bandgap 
energy  of  p-GaN  to  be  direct  and  «  0.1  -  0.6  eV  less  than  that  of  a-GaN,  indicating  that 
our  results  are  well  within  the  range.  This  observed  bandgap  difference  between 
hexagonal  and  cubic  GaN  can  be  attributed  to  their  conduction  band  characteristics  ^ 

CONCLUSIONS 

In  conclusion,  we  have  shown  for  the  first  time  that  zincblende  GaN  films  can  be 
grown  on  MgO  by  MBE  using  a  rf  plasma  discharge,  nitrogen  free-radical  source  with 
reasonable  growth  rate.  Room  temperature  PL  measurements  indicated  that  the  bandgap 
energy  is  about  3.23  eV  which  is  smaller  than  that  of  hexagonal  GaN  and  in  agreement 
with  other  results  and  theoretical  predictions.  Low  temperature  PL  measurements  are 
planned  in  order  to  study  both  phases  in  more  detail  and  these  results  will  be  reported  in  a 
future  publication. 
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ABSTRACT 

The  optical  absorption  near  the  fundamental  absorption  edge  in  GaN  thin  films  grown  on 
sapphire  substrates  is  studied  as  a  function  of  temperature.  TTie  absorption  band  edge  was 
determined  from  either  the  energy  position  of  the  exciton  line  in  samples  grown  by  metalorganic 
chemical  vapor  deposition  technique,  or  from  the  first  derivative  of  the  absorption  spectra  in 
samples  grown  by  molecular  beam  epitaxy  technique.  The  band  edge  energies  determined  in  the 
temperature  range  of  13  -  300  K  were  fitted  with  Varshni  empirical  relationship:  Eg(K)  =  Eg(0)  - 

a  TV(T  +  0p)  and  with  the  expression:  Eg(K)  =  Eg(0)  -  K  /[exp(0E/T)  -  1].  It  is  found  that  Eg(0), 
a,  0u,  and  0^  to  be  sample-dependent,  which  suggests  that  defects  and  dislocations  significantly 
affect  the  optical  band  edge  in  GaN. 

INTRODUCTION 

There  has  been  an  increasing  interest  in  GaN  and  related  materials  due  to  their 
optoelectronic  properties  in  the  visible  and  ultraviolet  spectral  regions. Ultraviolet  detection  is 
one  of  the  future  applications  of  these  wide  band  gap  materials.  The  band  edge  absorption  is  one 
of  the  fundamental  parameters  that  one  has  to  address  when  ultraviolet  detector  or  sensor  is 
fabricated  from  GaN  thin  films  and  other  related  materials.^  The  band  edge  of  GaN  has  been  the 
subject  of  several  studies.'^'^  In  this  paper,  we  present  results  on  the  temperature  dependence  of 
the  optical  absorption  near  the  band  edge  of  GaN  thin  films  grown  by  metalorganic  chemical  vapor 
deposition  (MOCVD)  and  molecular  beam  epitaxy  (MBE)  techniques.  The  optical  absorption 
spectra  of  GaN  sample  grown  by  MOCVD  exhibit  an  exciton  line  observed  in  the  entire 
temperature  range  of  13  -  300  K.  The  energies  of  the  band  edge  were  determined  either  by  the 
exciton  line  or  by  the  first  derivative  of  the  optical  absorption  spectra.  The  data  were  fitted  with 
two  different  empirical  expressions  to  determine  the  behavior  of  the  band  edge  as  a  function  of 
temperature.  It  is  found  that  the  fitting  parameters  were  sample-dependent,  suggesting  that  the 
variation  of  the  band  edge  is  influenced  by  the  presence  of  defects  and  dislocations. 

EXPERIMENT 

The  GaN  layers  were  nominally  undoped  and  grown  by  MOCVD  and  MBE  techniques  on 
c-plane,  i.e.  (0001),  oriented  sapphire  substrates.  The  optical  absorption  spectra  were  recorded, 
using  CARY  05E  spectrometer  in  conjunction  with  a  closed  cycle  refrigerator.  The  temperature 
was  controlled  between  13  and  300  K  to  within  ±  IK. 

The  optical  absorption  spectra  recorded  at  13  K  for  two  samples  are  shown  in  Fig.  1. 
Spectra  (a)  and  (b)  were  taken  for  two  samples  grown  by  MOCVD  and  MBE,  respectively.  An 
exciton  sharp  line  is  observed  in  spectrum  (a)  at  353.556  nm  (3.507eV).  This  exciton  line  was 
observed  in  the  entire  temperature  range,  but  its  full  width  half  maximum  is  increased  as  the 
temperature  increases.  The  MBE  sample,  on  the  other  hand,  exhibits  a  spectrum  with  a  broad 
exciton  line  at  356.33  nm  (3.479  eV).  Spectrum  (c)  was  obtained  for  a  GaN  sample  grown  by 
sputtering  technique  and  plotted  for  comparison.  The  band  edge  absorption  is  almost  washed  out 
in  this  sample. 

DISCUSSIONS 

The  band  edge  absorption  of  GaN  samples  is  studied  as  a  function  of  temperature.  The 
result  is  shown  in  Fig.  2.  It  is  well  known  that  the  band  edge  of  any  IH-V  semiconductor  becomes 
less  steep  (less  abrupt)  as  the  temperature  is  increased.  This  phenomena  causes  a  difficulty  in 
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Fig.  1.  The  absorbance  as  a  function  of  photon  energy  at  temperature  ~  13  K.  Spectrum  (a),  (b), 
and  ( c)  were  taken  for  samples  grown  by  MOCVD,  MBE,  and  sputtering  techniques, 
respectively.  The  absorption  peak  in  spectrum  (a)  at  353.556  nm  is  due  to  an  exciton  line 
in  the  MOCVD  GaN  Layer. 

determining  the  band  edge  as  a  function  of  temperature,  especially  above  50  K  where  the  exciton 
lines  are  usually  washed  out.  However,  we  found,  in  the  present  study,  that  the  exciton  line  in  the 
MOCVD  GaN  samples  is  still  present,  even  at  room  temperature  in  agreement  with  Amato  et  al.^^ 
We  defined  the  band  gap  of  this  sample  by  the  exciton  peak  energy,  '^e  result  is  shown  in  Fig.  2 
as  the  solid  circles.  However,  since  the  exciton  line  is  not  that  sharp  in  the  MBE  GaN  sample 
[Fig.  1,  spectrum  (b)],  the  band  gap  of  this  sample  is  defined  in  a  different  method  in  order  to 
minimize  the  error  in  the  band  gap  energy.  This  method  is  based  on  the  calculation  of  the  first 
derivatives  of  the  spectra  recorded  as  a  function  of  temperature.  Two  spectra  recorded  at  13  and 
300  K  (lower  panel)  and  their  derivatives  (upper  panel)  were  selected  and  plotted  in  Fig.  3.  It 


Fig.  2.  The  band  gap  energy  variation  as  a  function  of  temperature.  Solid  circles  and  squares 
were  taken  for  MOCVD  and  MBE  samples,  respectively.  The  solid  lines  are  the  result  of 

fitting  the  experimental  data  using  Eq.(})  with  EfO),  a,  and  0^  as  fitting  parameters. 
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is  clear  from  this  figure  that  the  peaks  of  the  first  derivatives  are  well  defined  at  all  temperatures. 
Thus,  the  band  gap  energy  extracted  from  the  first  derivatives  exhibits  minimum  errors.  The  band 
gap  energy,  as  determined  from  the  first  derivatives  of  the  spectra,  is  plotted  in  Fig.  2  as  the  solid 
squares.  It  should  be  noted  that  the  first  derivative  reflects  the  variation  of  the  slope.  Thus,  the 
band  gap  of  this  sample  is  smaller  than  the  exciton  peak  energy.  However,  the  band  gap  of  the 
MBE  GaN  samples  was  always  found  to  be  smaller  than  that  of  the  MOCVD  GaN  samples. 

The  experimental  data  of  the  band  gap  energies  in  Fig.  2  were  fitted  with  the  Varshni 
empirical  relationship" 


E,(K)  =  E,(0)  -  a  TV(T  +  60),  (1) 


where  Eg(0)  is  the  band  gap  at  0  K,  a  is  a  constant,  and  0^  is  approximately  the  0  K  Debye 
temperature.  Eg(0),  a,  and  0p  where  used  as  fitting  parameters.  The  values  of  these  parameters 
are  given  in  Table  I,  and  the  results  of  the  fitting  procedure  are  shown  as  solid  lines  in  Fig.  2.  The 
band  gap  data  in  Fig.  2  are  also  fitted  using  the  expression’^ 

Eg(K)  =  Eg(0)  -  K  /[cxpOe/T)  -  1],  (2) 

where  K  is  a  constant,  is  the  Einstein  temperature,  and  Eg(0)  is  the  same  as  in  Eq.  (1)  and  aU 
were  used  as  fitting  parameters.  The  results  are  also  shown  in  Table  I.  The  fitting  curves  using 
Eq.  (2)  are  somewhat  similar  to  those  obtained  using  Eq.  (1). 

It  is  clear  from  Table  I  that  the  values  of  Eg(0),  a,  k,  ©d,  and  0^  are  sample-dependent. 
The  most  important  parameter  here  is  the  band  gap  energy.  It  is  obvious  from  Figs.  1  and  2  that 
the  band  gap  energy  of  MBE  sample  (growth  temperature  -780  °C)  is  smaller  than  that  of  the 
MOCVD  sample  (growth  temperature  -1050  ”C).  The  growth  temperature  plays  a  major  role  in  the 
introduction  of  defects,  extended  defects,  and  dislocations.  Thus,  one  would  expect  to  see  more 
defects  in  the  MBE  samples  as  compared  to  the  MOCVD  samples.  On  the  other  hand,  the 
exponential  part  of  the  band  edge  absorption  (Urbach  band  edge’^)  is  influenced  by  the  defects  and 
dislocation  which,  in  turns,  affect  the  band  edge  energy.  This  premise  is  supported  by:  First,  the 
exciton  line  observed  in  the  MOCVD  sample  is  much  sharper  than  that  of  the  MBE  sample  as 
shown  in  Fig.  1.  In  addition,  this  exciton  line  does  not  exist  in  polycrystalline  sample  grown  by 


Fig.  3.  Optical  absorption 
spectra  of  the  MBE  samples 
taken  at  (a)  300  K  and  (b) 
13  K  and  their  respective 
first  derivatives.  The  peaks 
of  the  first  derivatives  were 
used  to  estimate  the  band 
gap  energy. 
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the  sputtering  technique.  Second,  the  band  edge  absorption  of  the  polycrystalline  sample  grown 
by  the  sputtering  technique  [see  spectrum  (c)  in  Fig.  1]  is  very  soft  and  does  not  exhibit  an 
exponential  behavior  similar  to  that  of  the  other  samples. 

The  other  two  parameters  worth  discussing  here  are  Einstein  (0g)  and  Debye  (6p) 

temperatures.  It  should  be  pointed  out  that  0^  in  Eq.  (1)  is  not  exactly  Debye  temperature.  It  is, 
however,  proportional  to,  but  somewhat  less  than,  the  usual  specific  heat  Debye  temperature.'^  In 
addition,  it  is  assumed  that  0e.  ~  (3/4)00.  II  been  observed  that  0e/0o  ~  0.60  for  other 


Table  I.  The  results  of  the  fitting  parameters  using  Eqs.  (1)  and  (2)  and  the  data  in  Fig.  2  for  both 
MOCVD  and  MBE  samples  are  presented.  The  results  of  other  work  are  listed  for  comparison. 


E/K)  =  Eg(O)-aT’/(T  +  0j,) 

EiO)  a  0^ 

Sample  (eV)  (lO’^'eV/K)  (K) 

Eg(K)  =  E^(O)-K/[exp(0EAr)-l] 

E„(0)  K  0, 

(eV)  (10-^  eV)  (K) 

en/eo 

^=*'MOCVD  Sample 

3.512 

5.66 

737.9 

3.510 

75.5 

289.0 

-0.39 

<^>MBE  Sample 

3.458 

11.56 

1187.4 

3.457 

119.3 

307.9 

-0.26 

^'MOCVD  Sample 

pv  _pc 

19  17 

3.486 

8.32 

835.6 

3.484 

103.7 

292.2 

-0.35 

r''  -n 

17  17 

3.494 

10.90 

1194.6 

3.492 

112.9 

310.6 

-0.26 

(^VPE  Sample 

3.503 

5.08 

996 

Present  work  (optical  absorption). 
Reference  4  (photoreflectance). 
Reference  7  (PLE). 


semiconductors  (as  an  example,  see  references  14  -  16).  In  case  of  GaN,  this  ratio  is  much  smaller 
than  0.60  as  shown  in  Table  I.  It  was  shown  that  the  Debye  temperature  can  be  derived  as  a 
function  of  the  elastic  constants  (Cl  1,  Cl 2,  and  C44)  for  semiconductors.'’  If  one  assumes  that 

0J3  is  somewhat  the  same  as  the  usual  specific  heat  Debye  temperature,  then  it  is  tempting  to  explain 
the  above  discrepancy  according  to  the  following  proposition.  The  present  GaN  samples  contain 
defects,  extended  defects,  dislocations,  and  possibly  local  (residual)  strains,  which  resulted  in 

different  elastic  constants  for  different  samples,  which  leads  to  different  0e/0d-  It  is  also  noted 
that  the  present  results  of  0^  and  0^  extracted  from  the  optical  absorption  technique  are  different 
from  those  obtained  from  photoreflectance''  and  photoluminescence  excitation’  techniques  (see 
Table  I).  However,  the  results  of  the  MOCVD  sample  in  the  present  work  are  in  good  agreement 

with  the  results  of  the  1^9  “  IT  transition  reported  by  Shan  et  aV  and  with  the  results  reported  for 
a  vapor-phase  epitaxy  (VPE)  sample’  as  shown  in  Table  I. 

CONCLUSION 

In  conclusion,  we  presented  for  the  first  time  the  band  gap  energy  of  GaN  thin  films  as  a 
function  of  temperature  using  the  optical  absorption  technique.  A  sharp  and  a  broader  exciton  line 

was  observed  in  MOCVD  and  MBE  samples,  respectively.  Einstein  (0^)  and  Debye  (0p) 
temperatures  were  extracted  by  fitting  the  experiment^  band  gap  energy  data  with  two  different 
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empirical  expressions.  The  results  indicate  that  6^  and  8p  ,  as  well  as  Urbach  band  gap,  are 
sample-dependent,  suggesting  that  defects  and  dislocations  significantly  affect  the  band  edge 
absorption  in  GaN. 
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ABSTRACT 

Using  picosecond  time-resolved  photoluminescence  we  have  studied  the  decay  time  of  excess 
carriers  in  GaN  epitaxial  layers  over  a  wide  range  of  temperatures  from  4  K  up  to  400  K.  At  low 
temperature,  a  thermal  dissociation  of  donor-bound  excitons  is  observed.  At  higher  temperatures 
up  to  room  temperature,  the  luminescence  decay  at  moderate  excitation  is  governed  by  trapping  of 
photogenerated  electrons  in  ionized  shallow  donor  levels.  Using  measured  luminescence  intensities 
to  determine  the  quantum  efficiency,  we  obtain  the  radiative  lifetime  of  free  excitons  from  low 
temperature  up  to  room  temperature.  We  use  these  data  to  determine  the  radiative  recombination 
coefficient  and  the  interband  momentum  matrix  element. 

INTRODUCTION 

The  group-III  nitrides  GaN,  AIN,  and  InN  have  recently  attracted  much  interest  due  to  their 
potential  application  for  blue  light  emitters.  Among  the  key  quantities  influencing  the  properties  of 
optoelectronic  devices  is  the  recombination  lifetime  of  excess  charge  carriers.  Only  low  temperature 
results  for  exciton  lifetimes  in  GaN  have  been  reported  up  to  now  [1,2].  There  are  no  experimental 
data  on  the  radiative  recombination  coefficient  or  on  the  interband  matrix  element  available  to  date. 

In  this  paper,  we  report  on  our  time-resolved  study  of  the  luminescence  decay  time  in  the 
near-bandgap  region  of  epitaxial  wurtzite  GaN  layers.  From  our  data,  we  determine  the  bound  and 
the  free  exciton  radiative  lifetimes  as  a  function  of  temperature  and  derive  the  first  reliable  values 
for  the  radiative  recombination  coefficient  and  the  interband  momentum  matrix  element. 

EXPERIMENTAL  DETAILS 

Samples 

Our  GaN  samples  were  grown  on  0001 -oriented  sapphire  substrates  using  low  pressure  metal- 
organic  vapor  phase  epitaxy  (LP-MOVPE)  and  employing  an  AIN  buffer  layer.  The  layer  thickness 
was  in  the  range  1  to  3  fim.  The  samples  exhibited  X-ray  diffraction  linewidths  of  50  to  SOarcsecs 
and  photoluminescence  linewidths  of  around  2  to  4  meV.  The  net  donor  concentration  of  nominally 
undoped  GaN  was  less  than  1  •  10*^cm“^. 

Measurement  Setup 

The  carrier  dynamics  were  investigated  using  a  picosecond  time-resolved  photoluminescence 
setup,  where  the  samples  were  excited  with  5  ps  pulses  from  a  cavity-dumped  frequency-doubled 
synchronously  mode-locked  dye  laser.  The  luminescence  was  detected  with  a  Hamamatsu  R3809- 
U  microchannel-plate  photomultiplier  and  processed  using  time-correlated  single-photon-counting 
electronics.  By  employing  suitable  deconvolution  techniques,  an  overall  time  resolution  of  less 
than  20  ps  was  reached.  The  samples  were  mounted  in  a  variable-temperature  cryostat,  allowing 
for  a  temperature  range  from  2  K  up  to  400  K. 
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EXPERIMENTAL  RESULTS 


Low  temperature:  Bound  excitons 


At  low  temperature  (5  K)  our  samples  exhibit  a  rather  sharp  emission  with  a  maximum  at 
3.488  eV  close  to  the  GaN  band  edge.  The  intensity  of  donor-acceptor  pair  transitions  etc.  is  lower 
by  more  than  a  factor  of  10.  A  close  look  at  highly  resolved  spectra  (Fig.  1)  reveals  that,  depending 
on  temperature,  there  are  at  least  3  lines,  which  are  about  6  and  8  meV  apart.  From  the  dynamic 
behavior  (see  below)  and  in  accordance  with  the  recent  literature  [2, 3]  we  interpret  these  as  being 
due  to  a  shallow-donor-bound  exciton  (D°X)  and  two  symmetry-split  states  of  the  free  exciton  (A 
B). 


3.46  3.47  3.48  3.49  3.5  3.51  3.52 

energy  (eV) 


Figure  1;  Temperature  dependent  PL  spectra  in  the  excitonic  region  close  to  the  band  gap  at  low 
temperature. 

The  decay  times  of  the  emission  lines  labeled  D°X  and  A  at  low  temperature  are  depicted  in 
Fig.  2.  Since  the  decay  time  of  the  lower  energy  line  D^X  decreases  rapidly  between  15  and  30  K 
our  previous  interpretation  as  shallow-donor-bound  excitons  is  confirmed.  It  is  interesting  to  note 
that  obviously  there  is  no  equilibrium  between  bound  and  free  excitons  at  these  low  temperatures, 
since  otherwise  their  decay  times  would  be  identical.  Therefore  we  have  to  solve  the  full  rate 
equations  including  the  capture  and  thermal  emission  times  in  order  to  fit  the  measured  data  as 
shown  in  Fig.  2.  For  the  fit  we  have  used  the  spectroscopic  binding  energy  of  6.2  meV  as  the 
activation  energy.  There  is  some  deviation  between  theory  and  experiment  for  the  lower  branch 
of  the  decay  times.  This  is  probably  due  to  the  fact  that  experimentally  one  expects  to  observe  a 
biexponential  decay,  which  may  not  have  been  resolved  in  our  experiments. 

As  a  subtle  detail,  we  observe  a  slight  increase  of  the  bound  exciton  decay  time  between  5  and 
15  K.  This  leads  us  to  suspect  that  there  might  be  a  shallow  excited  state  of  the  bound  exciton  at 
about  1  meV  above  the  ground  state,  which  has  a  considerably  lower  decay  rate. 

The  absolute  values  of  the  bound  exciton  decay  time  below  15  K  show  only  little  variation 
between  different  samples,  as  expected.  On  the  other  hand  there  are  considerable  differences  for 
the  free  exciton  decay  times,  as  will  be  discussed  below. 
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Figure  2;  Bound  exciton  and  free  exciton  luminescence  decay  times  versus  temperature.  The  full 
line  and  the  dotted  line  represent  a  fit  using  the  two  solutions  of  the  coupled  rate  equations. 

Towards  room  temperature:  Free  excitons  and  free  carriers 

At  temperatures  larger  than  about  50  K,  the  bound  exciton  line  vanishes  completely.  Only 
the  free  exciton  line  remains  and  dominates  the  spectrum,  with  the  higher-lying  states  being 
increasingly  populated  at  high  temperature.  An  integration  of  the  intensities  in  the  excitonic  region 
of  the  spectrum  yields  the  temperature  dependent  intensities  as  shown  in  Fig.  3.  We  find  that 
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Figure  3:  Temperature  dependence  of  the  integrated  band-edge  emission  intensity  and  the  radia¬ 
tive  quantum  efficiency.  Here  we  assume  that  the  quantum  efficiency  approaches  unity  at  low 
temperature. 
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Figure  4:  Temperature  dependence  of  the  free  exciton  /  free  carrier  luminescence  decay  time  up  to 
above  room  temperature.  The  fit  is  explained  in  the  text. 


between  5  K  and  400  K  there  is  a  decrease  of  the  overall  intensity  by  about  3  orders  of  magnitude. 
If  we  assume  a  unity  quantum  efficiency  at  low  temperature,  we  find  a  quantum  efficiency  of  about 
3  •  10“^  at  room  temperature  under  our  experimental  conditions. 

Even  though  the  total  intensity  at  elevated  temperatures  decreases  considerably,  we  were  able 
to  measure  the  decay  times  after  pulsed  excitation.  Fig.  4  shows  the  results  of  these  measurements 
for  the  temperature  range  between  50  and  350  K.  Initially,  at  lower  temperatures,  the  decay  time 
remains  constant  at  a  level  of  25  ps  for  this  particular  sample.  At  higher  temperatures  there  is  a 
slightly  sub-linear  increase  of  the  decay  time  reaching  about  50  ps  at  350  K.  Comparing  different 
samples  we  note  that  there  is  some  variation  of  the  absolute  values  of  the  decay  times  (between  25 
and  40  ps  at  50  . . .  100  K)  but  the  overall  behavior  does  not  change  significantly. 

Considering  the  fact  that  the  quantum  efficiency  of  the  luminescence  is  far  below  unity  over 
the  whole  temperature  range  of  these  measurements,  we  have  to  conclude  that  we  are  dealing 
with  a  nonradiative  decay.  Since  we  are  working  at  rather  low  excitation  densities  of  the  order  of 
10’^cm“^  we  may  suspect  that  trapping  of  electrons  or  holes  into  shallow  donor  or  acceptor  levels 
is  responsible  for  this  decay.  Based  on  this  assumption  we  have  fitted  our  data  using  a  rate  equation 
model  and  found  an  activation  energy  of  about  76  meV  and  a  trap  density  of  about  5  •  10^*^cm"^. 

RADIATIVE  LIFETIME 


Using  our  measured  data  presented  above,  we  are  able  to  derive  a  quantitative  estimate  of  the 
radiative  lifetime  Trad  in  our  samples.  We  do  this  by  using  the  quantum  efficiency  i]  determined  from 
the  luminescence  intensities  and  the  measured  nonradiative  decay  time  Tnonrad  with  the  relation 


Trad  —  Tnonrad 


(1) 


Since  our  quantum  efficiency  really  gives  an  upper  bound  for  the  real  quantum  efficiency,  this 
procedure  provides  us  with  a  lower  bound  for  the  radiative  lifetime. 
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Figure  5:  Temperature  dependence  of  the  radiative  lifetime  determined  from  our  data.  The 
dashed  line  indicates  the  dependence  expected  for  free  excitons  or  free  carriers  in  a  direct 
semiconductor.  The  full  line  is  explained  in  the  text. 

The  results  are  shown  in  Fig.  5.  First,  we  note  that  for  temperatures  below  50  K  the  radiative 
lifetime  follows  a  law  as  expected  for  either  free  excitons  or  free  carriers  in  a  direct  semicon¬ 
ductor  [4].  At  higher  temperature  the  radiative  lifetime  increases  more  rapidly,  but  again  following 
a  law  between  about  100  and  150  K.  At  even  higher  temperatures  we  observe  an  exponential 
increase  of  the  radiative  lifetime. 

In  order  to  explain  this  behavior,  we  have  to  keep  in  mind  that  the  free  excitons  present  at  low 
temperature  are  increasingly  dissociated  into  free  electrons  and  holes  at  higher  temperature.  In  a 
very  simple  picture  this  is  governed  by  a  mass-action  law 

^  =  (2) 
a:  \2irny 

where  n,p,x  are  the  densities  of  electrons,  holes,  and  free  excitons,  respectively,  is  the  free 
exciton  binding  energy,  and  p,  is  the  reduced  effective  mass.  Since  the  electron  and  the  hole  forming 
the  exciton  are  strongly  localized,  the  free  exciton  is  expected  to  have  a  much  smaller  radiative 
lifetime  than  free  carriers  at  a  given  carrier  density. 

In  order  to  fully  understand  the  data  in  Fig  5,  we  have  to  consider  the  background  electron 
density  present  due  to  unintentional  doping.  Since  the  shallow  donor  binding  energy  is  about 
35  meV  [5],  we  expect  the  background  electron  density  to  vary  strongly  in  the  temperature  range 
between  50  and  150  K. 

Taking  into  account  all  these  considerations  [6],  we  are  able  to  fit  our  data  as  shown  in  Fig  5 
with  the  full  line,  reaching  excellent  agreement.  From  the  fit  we  find  a  free  exciton  binding  energy 
of  about  27  meV,  a  shallow  donor  binding  energy  of  about  37  meV,  and  a  donor  concentration  of 
about  9  •  lO'^cm"^.  Our  free  exciton  binding  energy  is  in  good  agreement  with  the  spectroscopic 
value  of  26.1  meV  [3]. 

Based  on  the  same  argument  we  are  led  to  conclude  that  in  the  temperature  region  below  50  K 
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we  observe  the  intrinsic  free  exciton  radiative  lifetime.  From  the  fit  we  find 


(3) 


as  a  lower  bound  for  the  free  exciton  radiative  lifetime.  Using  published  data  for  the  effective 
masses  -  0.22  [5],  rrihh  =  0.54  [3])  and  for  the  dielectric  constant  (e  =  8.9  [7])  we  calculate  a 
free  exciton  Bohr  radius  of  ao  =  3.0  nm.  Using  the  relation 


1 

r.|^(0)P 


Tx 


(4) 


for  the  free  carrier  radiative  recombination  coefficient  B,  where  ^  is  the  free  exciton  ground  state 
wavefunction,  we  find  an  upper  bound  for  B  at  room  temperature. 


B^2A-  10-^VmVs. 


(5) 


Going  one  step  further  we  use  B  to  determine  the  interband  momentum  matrix  element  Ep  according 
to 


^3moc^MkT)y^ 


(6) 


where  M  is  the  exciton  effective  mass,  and  find  Ep  2.2  eV  (as  an  upper  bound). 


DISCUSSION 


Previously,  no  data  have  been  available  for  the  free  exciton  radiative  lifetime  and  for  the 
radiative  recombination  coefficient,  and  only  theoretical  estimates  for  the  interband  momentum 
matrix  element  have  been  presented  [8,  9].  We  note  that  our  value  of  2.2  eV  is  considerably  lower 
than  both  of  these  estimates  (9.8  eV  [8],  24.6  eV  [9]). 

For  the  potential  use  of  GaN  and  related  material  for  semiconductor  lasers,  this  is  both  good 
and  bad  news.  The  low  value  of  the  interband  matrix  element  means  that  the  optical  gain  at  a  given 
carrier  density  is  low  on  one  hand,  but  that  the  spontaneous  radiative  recombination  rate  is  also  low 
on  the  other  hand.  Detailed  investigations  of  the  consequences  of  these  results  for  the  threshold 
current  of  GaN-based  lasers  are  currently  in  progress. 
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ABSTRACT 

Picosecond  Raman  spectroscopy  has  been  employed  to  study  electron-phonon  interactions 
in  the  wide  bandgap  semiconductor  GaN.  An  ultraviolet  picosecond  laser  with  photon  energy 
=  4.36eV  was  used  to  excite  electron-hole  pairs  in  an  undoped  bulk  GaN.  The  relaxation  of 
these  high  energy  electrons  and  holes  were  used  to  interrogate  electron-phonon  interactions.  We 
have  found  that  electrons  thermalize  toward  the  bottom  of  the  conduction  band  by  emitting 
primarily  longitudinal  optical  phonons.  Our  work  demonstrates  that  the  Frohlich  interaction  is 
much  stronger  than  the  deformation  potential  interaction  in  wuitzite  GaN. 

INTRODUCTION 

Wide  bandgap  semiconductors  such  as  AIN,  SiC  and  GaN  have  recently  attracted  much 
attention[l].  This  is  partly  due  to  the  need  for  electronic  devices  capable  of  operation  at  high 
power  levels,  at  high  temperatures,  and  in  severe  environments,  and  partly  due  to  a  need  for 
optical  materials  which  operate  in  the  blue  and  ultraviolet  spectral  range.  Particularly,  GaN  and 
AIN  form  a  continuous  alloy  system  whose  bandgaps  c^  cover  from  3.4  to  6.2  eV.  This 
property  makes  the  applications  for  many  novel  optical  devices  based  upon  these  wide  bandgap 
semiconductors  very  promising. 

Because  of  advances  in  crystal  growth  techniques  and  the  ease  of  doping  with  both  n-type 
and  p-type  impurities,  SiC  has  so  far  received  the  greatest  attention.  On  the  other  hand,  GaN 
may  prove  to  be  superior  for  wide  bandgap  applications  owing  to  its  lower  ohmic  contact 

resistances  and  its  larger  predicted  electron  saturation  velocity [2]. 

We  note  that  although  much  progress  has  been  made  in  device-  oriented  applications  with 
these  wide  bandgap  semiconductors,  very  little  information  on  their  dynamical  properties  has 
yet  been  obtained;  in  particular,  the  carrier  relaxation  mechanisms  in  these  wide  bandgap 
semiconductors  remain  completely  unexplored.  In  this  paper,  we  report  results  of  our 
picosecond  Raman  studies  of  electron-phonon  interactions  in  wuitzite  GaN.  Our  experimental 
results  demonstrate  that  high  energy  electrons  relax  primarily  through  the  emission  of 
longitudinal  optical  phonons  and  that  the  Frohlich  interaction  is  much  stronger  than  the 
deformation  potential  interaction  in  this  wide  bandgap  semiconductor. 

SAMPLE  AND  EXPERIMENTAL  SETUP 

The  sample  used  in  this  work  was  a  wurtzite  structure,  undoped  GaN  (with  electron  density 
n  =  5xl0'^cm”^)  grown  by  molecular  beam  epitaxy  on  a  (OOOl)-oriented  sapphire  substrate. 
The  z-axis  of  this  wurtzite  structure  GaN  is  perpendicular  to  the  sapphire  substrate  plane.  The 
thickness  of  the  GaN  layer  was  about  2  ^im. 

Very  short  ultraviolet  laser  pulses  were  generated  by  the  frequency-doubling  of  a  cavity- 
dumped  R6G  dye  laser  which  was  synchronously  pumped  by  the  second  harmonic  of  a  cw 
mode-locked  NdiYAG  laser[3].  The  ultraviolet  laser  was  chosen  to  operate  at  a  photon  enegy  of 
hti)  =  4.36  eV,  at  a  repetition  rate  of  10  MHz.  The  average  output  power  of  the  ultraviolet  laser 
was  about  10  mW.  We  note  that  the  photons  in  our  laser  beam  have  sufficient  energy  to 
directlyexcite  electron-hole  pairs  with  large  excess  energies  (  ~  1.0  eV).  The  same  ultraviolet 
laser  beam  was  also  used  to  study  the  strength  of  the  electron-phonon  interaction  by  monitoring 
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the  non-equilibrium  phonon  population  with  Raman  scattering.  The  photoexcited  electron-hole 

pair  density  was  estimated  to  be  3x10*^  cm from  the  fitting  of  time-integrated  luminescence 
spectrum[4].  Polarized  Raman  scattering  experiments  were  carried  out  in  a  variety  of  scattering 
geometries  as  specified  below.  The  sample  was  kept  in  contact  with  a  cold  finger  tip  of  a  close- 
cycled  refrigerator.  The  temperature  of  the  sample  was  estimated  to  be  T  =  25K.  The  scattered 
signal  was  collected  and  analyzed  with  a  standard  Raman  setup  with  a  CCD  detection  system. 

EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 

Figs.  1(a)  and  2(a)  show  two  polarized  Stokes  Raman  spectra  of  a  GaN  sample  taken  at 
T=25Kandin  Z(X,X)Z,  Y(X,X)Y  scattering  geometries,  respectively;  where  X=  (1(X)),  Y= 
(010)  and  Z=  (001).  Similar  Raman  spectra  were  reported  by  Azuhata  et  al.[5]  at  T=  300K.  In 
Fig.  1(a),  the  sharp  peak  around  757  cm"^  comes  from  scattering  of  light  by  the  phonon 
mode  of  sapphire;  the  shoulder  close  to  741  cm~^  belongs  to  the  Aj(LO)  phonon  mode;  On  the 
other  hand,  in  Fig.  2(a),  the  sharp  peak  around  574  cm“^  corresponds  to  the  Ej  mode;  the  peak 
centered  about  538  cm~^  represents  the  Ai(TO)  mode;  the  small  structure  around  422  cm"^  is 
from  the  Ajg  mode  of  sapphire. 


Frequency  Shift  (cm*^) 

Fig.  1:  Polarized  Stokes  Raman  spectrum  (a)  and  anti-Stokes  Raman  spectrum  (b)  for  a  GaN 
sample  taken  at  T=25K,  and  in  the  scattering  geometry  Z(X,X)Z.  For  clarity,  the  anti-Stokes 
Raman  signal  has  been  multiplied  by  a  factor  of  50.  The  appearance  of  the  A,(LO)  mode  in  the 
anti- Stokes  spectrum  is  an  indication  of  strong  electron-LO  phonon  interaction  in  GaN. 
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Fig.  2:  Polarized  Stokes  Raman  spectrum  (a)  and  anti-Stokes  Raman  spectrum  (b)  for  a  GaN 
sample  taken  at  T=25K  and  in  a  scattering  geometry  Y(X,X)Y.  For  clarity,  the  anti-Stokes 
signal  has  been  multiplied  by  a  factor  of  10.  The  fact  that  no  observable  phonon  modes  in  the 
anti-Stokes  Raman  spectrum  suggests  that  neither  E2  nor  Ai(TO)  phonon  modes  interacts 
strongly  with  electrons. 


E 


Fig,  3:  A  diagram  showing  how  the  strength  of  electron-phonon  interactions  can  be  probed  by 
picosecond  Raman  spectroscopy.  Here  CB,  VB  represent  conduction  and  valence  bands, 
respectively. 
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As  depicted  in  Fig,  (3),  one  way[6]  to  study  electron-phonon  interactions  in  semiconductors 
is  to  first  generate  electron-hole  pairs  with  sufficient  kinetic  energy  (>>^00^0);  the  high  energy 
electrons  then  relax  to  the  bottom  of  the  conduction  band  by  emitting  all  types  of  high  frequency 
phonons.  By  monitoring  this  thermalization  process  with  Raman  spectroscopy  at  very  low 
temperatures,  information  such  as  the  relative  strength  of  the  interaction  of  electrons  with  each 
type  of  phonons  can  be  obtained. 

The  anti-stokes  Raman  spectra  corresponding  to  Figs.  1(a)  and  2(a)  were  shown  in  Figs. 
1(b),  2(b),  respectively.  Since  at  very  low  temperatures,  thermal  occupations  of  phonons  are 
vanishingly  small,  any  Raman  signal  observed  in  the  anti-stokes  Raman  spectra  must  arise  from 
the  presence  of  non-eqilibrium  phonon  modes.  With  the  help  of  Stokes  Raman  spectra  in  Figs. 
1(a)  and  2(a),  we  can  make  the  following  identification:  The  broad  structure  centered  around 
-741  cm  ^  comes  from  Raman  scattering  of  light  from  non-equilibrium  Ai(LO)  phonon  mode. 
We  note  that  within  our  experimental  accuracy  there  is  no  detectable  non-equilibrium  phonons 
for  either  the  Ai(TO)  mode  or  the  E2  mode  of  GaN  and  for  the  Eg  mode  as  well  as  Ajg 
modes  of  sapphire. 

Similar  Raman  experiments  were  also  carried  out  in  scattering  geometries  of  A(Z,X)Y  and 
Y(Z,X)Y,  where  Ej(LO)  and  Ej(TO)  phonon  modes  could  be  observed;'^  here,  A= 
(sin  0,  — cos  0,0)  with  0  =  108°.  These  experimental  results  (which  were  not  shown) 
indicated  that  a  substantial  occupation  of  non-equilibrium  phonons  was  observed  for  the 
Ei(LO)  mode  but  not  for  the  E|(TO)  mode. 

Our  experimental  results  therefore  show  directly  that  hot  electrons  thermalize  primarily 
trough  the  emission  of  polar  longitudinal  optical  phonons  in  wurtzite  structure  GaN.  Electrons 
interact  with  LO  phonons  through  the  Frohlich  interaction  as  well  as  the  deformation  potential 
interaction,  and  they  interact  with  TO  phonons  via  the  deformation  potential  interaction  only. 
Since  only  the  LO  phonon  modes  are  driven  out  of  equilibrium,  these  experimental  results 
demonstrate  that  the  Frohlich  interaction  is  much  stronger  than  the  deformation  potential 
interaction  in  this  wide  bandgap  semiconductor. 

From  the  measured  Raman  spectra  we  can  estimate  that  the  phonon  occupation  number  of 
the  observed  non-equilibrium  Ai(LO)  and  Ej(LO)  phonons  is  about  An  =  0.01810.001, 
0.01510.001,  respectively.  This  suggests  that  electrons  interact  almost  as  strongly  with 
Aj(LO)  as  with  Ei(LO)  phonon  modes  in  GaN. 

Because  the  laser  pulse  width  in  our  experiment  is  =  2  ps,  if  the  phonon  lifetimes  for 
various  phonon  modes  vary  dramatically  then  it  can  play  a  role  in  the  interpretation  of  the 
observed  phonon  populations.  However,  since  the  energies  of  those  high  frequency  phonons 

are  very  close  to  each  other  (ranging  from  550  to  750  cm"^),  we  expect  that  their  lifetimes 
should  be  about  the  same.  Therefore,  the  increase  in  the  measured  phonon  populations  of 
the  Ai(LO)  and  Ei(LO)  modes  must  be  an  indication  that  the  electron-phonon  interaction  is 
much  stronger  for  these  particular  phonon  modes.  This  is  expected  from  the  polar  nature  of 
GaN,  as  the  Frohlich  interaction  is  usually  the  dominant  electron-phonoh  interaction. 

CONCLUSIONS 

Picosecond  Raman  spectroscopy  has  been  used  to  study  electron-phonon  interactions  in  the 
wide  bandgap  semiconductor  GaN.  Our  experimental  results  demonstrated  that  high  energy 
electrons  in  this  wurtzite  structure  semiconductor  relax  toward  the  bottom  of  the  conduction 
band  primarily  through  the  emission  of  longitudinal  optical  phonons,  and  that  the  Frohlich 
interaction  is  much  stronger  than  the  deformation  potential  interaction. 
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ABSTRACT 

A  luminescence  band  centered  around  3.42  eV  is  commonly  observed  in  GaN.  Its  appearance  has 
been  tentatively  assigned  to  an  oxygen  donor  level.  Stimulated  laser  activity  has  also  been 
reported  at  this  energy.  We  present  a  study  of  this  band  in  GaN  grown  by  high  temperature  vapor 
phase  epitaxy  (HTVPE).  The  high  quality  of  this  material,  with  an  excitonic  line  width  as  narrow 
as  3  meV,  allows  us  to  distingish  four  different  peak  positions  of  this  luminescence  band.  They 
appear  at  3.4066,  3.4121,  3.4186,  and  3.4238  eV  (T  =  6K).  Within  the  experimental  error  the 
lines  exhibit  an  equidistant  spacing  of  6  meV.  They  show  a  pressure  behavior  similar  to  shallow 
levels  described  by  effective  mass  theory.  We  discuss  our  results  in  the  context  of  incorporation  of 
oxygen  and  structural  defects  in  GaN. 


INTRODUCTION 

The  strong  commercial  interest  for  the  group-III  nitrides  is  primarily  based  on  its  application  in 
light  emitting  devices.  A  characterization  of  the  materials  properties  by  photoluminescence  (PL), 
however,  is  not  just  a  natural  consequence,  but  in  addition  can  provide  detailed  information  on  the 
recombination  processes  involved.  Sofar  several  characteristic  luminescence  bands  have  been 
described  in  GaN  which  can  be  attributed  to  one  of  the  following:  Transitions  between  shallow 
bound  carriers  in  the  vicinity  of  the  bandgap,  transitions  in  the  blue-violet  spectral  range  involving 
an  acceptor  level  and  a  broad  band  in  the  yellow  part  of  the  visible  spectrum  of  as  yet  unidentified 
origin.  In  addition  a  strong  band  centered  around  3.42  eV  is  frequently  observed  in  low 
temperature  PL  spectra  of  GaN  [1-8].  Lying  energetically  between  the  transitions  of  shallow 
bound  carriers  and  acceptor  related  transitions  this  band  recently  attracted  considerable  interest. 
Several  groups  have  reported  stimulated  emission  at  this  photon  energy  in  optically  pumped  GaN. 
Laser  activity  was  observed  at  3.424  eV  (10  K)  [9]  and  3.43  eV  (77  K)  [10].  These  values 
coincide  with  the  3.42  eV  band  described  here.  In  thoses  reports,  however,  no  explanation  could 
be  given  on  the  origin  of  this  transition.  In  PL  studies  this  transition  has  been  found  in  GaN 
powder  [2,5,7],  single  crystal  needles  [1],  as  well  as  in  epitaxial  films  on  sapphire  (HVPE  [4,6], 
MBE  [3]  and  MOCVD  [8]).  The  reported  peak  energy  vary  between  3.41  and  3.435  eV.  The 
appearance  of  this  band  could  not  be  correlated  to  special  conditions  of  the  growth  processes  in 
these  reports. 

It  has  been  reported  that  doping  of  GaN  by  incorporation  of  C  [5],  Hg  or  Li  [7]  in  the  Ga  melt 
produces  or  enhances  this  emission.  In  a  very  recent  report,  however,  it  was  found  that  both, 
injection  of  H2O  during  MOCVD  growth,  or  implantation  of  O  can  produce  this  PL  band 
(3.424  eV)  [8].  In  the  same  work  it  was  found  that  implantation  of  O  in  HVPE  material  produced 
this  band  at  3.415  or  3.424  eV  and  it  was  assigned  to  a  donor  to  valance  band  (D°h)  transition 
involving  a  78  meV  deep  O  related  donor  level.  The  observed  PL  features  were  broad  and  no  fine 
structure  could  be  resolved  most  likely  due  to  the  high  n-type  conductivity  [8]. 
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In  a  study  of  this  band  by  time  resolved  PL  a  wide  distribution  of  recombination  life  times  was 
found.  The  peak  energy  ranged  between  3,414  and  3.422  eV  in  these  MBE  grown  samples.  From 
the  distribution  of  the  life  times  found  incorporation  of  several  levels  in  this  transition  was 
concluded.  But  again,  no  fine  structure  in  standard,  time  integrated,  PL  could  be  found  [3]. 

We  present  data  of  various  GaN  samples  resolving  up  to  four  different  peaks  contributing  to  the 
3.42  eV  band. 


EXPERIMENTAL 

Nominal  undoped  GaN  films  were  grown  by  High  Temperature  Vapor  Phase  Epitaxy  (HTVPE). 
In  this  unconventional  growth  technique  liquid  Ga  and  NH3  act  as  Ga  and  N  sources.  No 
transport  gas  is  necessary.  Growth  onto  various  substrates  was  performed  at  a  temperature  of 
1200  -  1240^0.  GaN  was  grown  either  on  sapphire  (c-  and  r-plane),  6H-SiC  (c-plane)  or  directely 
onto  the  graphite  crucible.  Highly  oriented  films  at  thicknesses  up  to  20  |im  were  obtained  on  the 
substrates,  whereelse  growth  by  nucleation  on  the  graphite  resulted  in  microcrystalline  grains 
(typically  100  [im  in  diameter).  The  best  crystalline  quality  was  achieved  on  SiC  substrates  as 
shown  by  x-ray  rocking  curve  measurements.  More  details  are  given  in  Ref  [11]. 


I _ _ _ ^ - - - 1 - ^ ^ - — ' - ^ 

3.0  3.1  3.2  3.3  3.4  3.5 

Energy  (eV) 


Fig.  1:  Representative  PL  spectra  of  GaN  films  grown  on  sapphire  and  6H-SiC.  Both  are 
dominated  by  the  donor  bound  exciton  at  3.472  eV.  The  striking  feature  is  the  appearence  of  a 
strong  3. 42  eV  luminescence  in  the  film  grown  on  sapphire. 
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PL  was  performed  at  both  low  temperature  (6  K)  and  temperature  dependent  (6  K-300  K).  The 
luminescence  was  excited  with  the  325  nm  line  of  a  10  mW  HeCd  Laser.  The  emitted  light  was 
dispersed  by  a  0.85  m  double  monochromator  and  detected  by  a  UV  sensitve  photomultiplier 
using  lock-in  technique.  Additonal  hydrostatic  pressure  was  applied  by  means  of  a  Merrill-Bassett 
type  diamond  anvil  cell.  The  fluorescence  of  the  Rj  ruby  lines  at  6  K  was  used  for  pressure 
determination  [12]. 


RESULTS 

A  typical  PL  spectrum  at  6  K  of  GaN/bH-SiC  and  GaN/sapphire  films  is  presented  in  Fig.  1.  For 
GaN/6H-SiC  the  PL  is  dominated  by  the  donor  bound  exciton  (D“X).  At  lower  energies  clearly 
resolved  band-acceptor  (eA)  and  donor-acceptor  (DA)  transitions  between  the  residual  donor  and 
carbon  acceptor  are  present  [13].  In  this  material  no  contribution  can  be  found  in  the  vicinity  of 
3.42  eV.  The  energetic  distance  between  the  DA  and  eA  transitions  can  be  used  to  determine  the 
free  carrier  concentration  by  an  interpretation  of  the  coulomb  shift.  The  derived  concentrations 
are  in  the  high  10^®  and  low  10^^  cm‘^  for  the  GaN  on  6H-SiC  fiilms.  For  GaN/sapphire  the  PL  is 
also  dominated  by  the  D®X.  However,  a  second  prominent  emission  is  the  band  found  at  3.42  eV. 
At  lower  energies  in  the  range  of  the  acceptor  related  transitions,  an  eA,  but  no  DA  transition  is 
observed.  This  indicates  a  rather  high  carrier  concentration  above  n  =  1x10^*  cm'^  [13].  The  PL  of 
small  substrate-free  grown  crystals  is  very  similar  to  the  spectrum  of  GaN  on  sapphire. 


Fig.  2:  Normalized  PL  spectra  of  different  samples  shewing  the  four  distinct  peak  positions  of 
the  3.42  eV  band  The  peaks  are  named  LI,  L2,  L3  .  and  L4  with  peak  energies  of  3.4066, 
3.4121,  3.4186,  and  3.4238  eV,  respectively.  The  peak  at  higher  energy  is  the  donor-bound 
exciton  (D°X). 
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The  peak  position  of  the  3.42  eV  band  varies  within  different  samples  of  the  HTVPE  material.  We 
are  able  to  resolve  four  distinct  peak  positions.  They  appear  at  3.4066,  3.4121,  3.4186,  and 
3.4238  ±  0.002  eV  and  are  named  fUrtheron  LI,  L2,  L3,  and  L4,  respectively  (see  Fig.  2).  For  all 
of  those  samples  we  find  the  identical  value  of  the  D°X  line  at  3.4715  ±  0.0019  eV.  This  value  is 
very  close  to  the  energy  observed  in  bulk  material  [14].  This  indicates  that  all  films  are  already 
relaxed  and  no  residual  stress  is  present.  This  therefore  rules  out  any  stress  effect  that  could  have 
let  to  a  splitting  of  a  single  transition  at  3.42  eV.  Therefore  we  find  optical  binding  energies  of 
96.4,  90.9,  84.4,  and  79.2  meV  with  respect  to  the  bandgap  of  GaN  (3.503  eV  at  6K  [15]). 

It  is  seen  in  Fig.  2  that  LI  -  L3  appear  as  the  dominant  emissions  in  the  PL  spectrum.  However 
this  behavior  is  only  observed  on  samples  grown  on  sapphire,  where  the  growth  process  was 
stopped  before  the  entire  substrate  area  was  covered.  In  this  case  the  full  width  at  half  maximum 
(F^^T^M)  of  the  LI  -  L3  lines  is  below  30  meV  and  as  low  as  14.1  meV.  If  the  (D“X)  is  the 
dominant  emission  the  FWHM  of  the  lines  LI  -  L4  is  above  30  meV  and  as  broad  as  60  meV. 
This  gives  rise  to  the  assumption  that  the  broad  emissions  contain  contributions  of  their  adjacent 
lines.  Additionally  a  weak  3.42  eV  luminescence  is  found  in  GaN  films  grown  on  6H-SiC  of  lower 
crystalline  quality  exhibiting  a  cracked  surface. 


Fig.  3:  The  luminescence  of  the  L3  line  is  shown  as  a  function  of  temperature.  From  6  to  40  K 
L3  shifts  to  higher  energies.  Above  40  K  it  decreases  in  energy  simultanously  to  the  (LTJQ.  This 
temperature  dependence  is  typical for  a  free-to-bound  transition. 

In  order  to  investigate  the  origin  of  these  recombinations  temperature  dependent  PL  was 
performed  on  a  sample  with  a  peak  emission  at  L3.  From  6  to  40  K  L3  shifts  to  higher  energies 
with  a  slope  of  0.21  meV/K.  Above  40  K  it  shifts  to  lower  energies  almost  simultaniously  with  the 
(D"X),  see  Fig.  3.  Contrary  to  another  report  both  emissions  can  be  well  separated  above  80  K 
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and  even  resolved  at  300  K.  From  the  thermal  quenching  a  activation  energy  of  the  L3  line  of 
Ea  =  19  ±  2  meV  is  determined. 

Additional  hydrostatic  pressure  up  to  1.7  GPa  was  applied  to  the  small  GaN  crystals  exhibiting 
the  same  PL  as  the  GaN  films  grown  on  sapphire.  The  3.42  eV  emission  was  again  on  the  L3 
position.  Under  increasing  hydrostatic  pressure  L3  shifts  towards  higher  energies  parallel  to  the 
(D°X).  We  find  a  linear  pressure  dependence  for  both,  the  L3  line  and  the  (D®X),  similar  to  a 
recently  determined  one  in  an  AlGaN/GaN/sapphire  sample  for  the  (D®X)  of  the  GaN  layer  [16]. 


DISCUSSION 

We  will  mainly  discuss  the  L3  level  under  the  assumption  that  LI,  L2,  and  L4  show  a  similar 
behavior. 

The  shift  to  higher  energies  with  increasing  temperature  is  typical  for  a  free  to  bound  transition. 
This  shift  can  be  attributed  to  an  increase  in  the  mean  velocity  of  holes  in  the  valence  band  of  a 
(D°h)  transition.  In  this  case  the  thermal  activation  reveals  the  involved  donor.  One  has  to  keep  in 
mind  that  in  n-type  material  the  Fermi  level  lies  approximately  in  the  middle  between  the  dominant 
shallow  donor  level  and  the  conduction  band  (CB).  Only  half  of  the  donor  binding  energy  is 
therefore  necessary  to  excite  electrons  from  the  Fermi  level  to  the  CB.  This  would  indicate  that  a 
donor  level  38  meV  below  the  CB  is  involved,  which  is  within  the  experimental  error  the  residual 
donor  in  GaN  (ED  =  35.5  meV  [17]).  The  activation  energy  and  the  residual  donor  level  depth 
are  significantly  lower  than  the  determined  level  position  of  85  meV  below  the  CB.  Also  the 
appearance  of  four  different  peak  positions  can  not  be  explained  within  the  simple  (D°h)  model. 

On  the  other  hand  the  pressure  dependent  measurement  showed  that  the  level  shifts  p^allel  to  the 
bandgap.  This  is  the  expected  behavior  for  a  hydrogenic  level  which  can  be  described  by  effective 
mass  theory.  Therefore  deep  localized  levels  can  be  excluded. 

In  general  in  GaN  films  grown  on  sapphire  an  one  order  of  magnitude  higher  carrier 
concentrations  compared  to  the  films  grown  on  6H-SiC  is  observed.  High  resolution  transmission 
electron  microscopy  reveals  that  the  sapphire  substrate  is  significantly  affected  at  the  growth 
temperature  in  contrast  to  6H-SiC  [18].  Thus  a  release  of  0  from  the  substrate  and  a  doping  of 
the  GaN  film  is  possible.  In  Ref  [8]  injection  of  H2O  during  growth  lead  to  higher  carrier 
concentrations,  which  was  attributed  to  an  additional  incorporation  of  O  donors.  O  is  also  a 
candidate  for  the  residual  donor  in  GaN  [19],  whereas  as  shown  above  the  residual  donor  level  is 
much  shallower  than  the  LI  -  L4  levels. 

However  the  following  has  to  be  taken  into  account.  On  GaN/SiC  samples  of  lower  structural 
quality  a  weak  3.42  eV  luminescence  can  be  observed.  Additionally  the  microcrystalline  GaN 
exhibit  the  same  PL  as  GaN  on  sapphire.  In  both,  the  microcrystalline  GaN  and  the  films  grown 
on  sapphire  much  more  structural  defects  are  observed  than  in  the  GaN  films  grown  on  6H-SiC 
[18].  This  seems  to  be  obvious  considering  the  larger  lattice  mismatch  of  sapphire  compared  to 
6H-SiC  or  the  random  nucleation  on  the  crucible.  Therefore  one  also  has  to  consider  structural 
defects  to  be  responsible  for  the  LI  -  L4  lines.  This  could  explain  the  observations  in  other 
publications  where  the  3.42  eV  band  vanished  in  the  films  of  higher  structural  quality  [4,6]. 
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To  summarize  we  have  found  four  distinct  peak  position  of  the  3.42  eV  band,  named  LI,  L2,  L3, 
and  L4,  at  3,4066,  3.4121,  3.4186,  and  3.4238  eV,  respectively.  Under  hydrostatic  pressure  the 
respective  levels  shift  like  shallow  hydrogenic  levels  parallel  to  the  bandgap.  Temperature 
dependent  PL  measurements  show  a  shift  towards  hi^er  energies  as  expected  fo  a  (D“h) 
transition.  However  the  revealed  thermal  activation  energy  is  much  lower  than  the  corresponding 
energetic  position  of  the  respective  level. 

Besides  the  believed  involvement  of  a  0  related  donor  level  in  these  transitions  [8]  there  is 
experimental  evidence  for  structural  defects  playing  a  major  role. 
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ABSTRACT 

We  performed  spatially-resolved  photo  luminescence  and  Raman  experiments  on  the 
substrate  interface  region  of  Avurtzite  GaN  layers.  We  found  that  the  broad  ’’yellow” 
photoluminescence  band  is  strong  only  near  the  interface.  Our  investigations  reveal  that  both  the 
substrate  interface  and  a  region  of  structural  reorientation  of  the  layer  near  the  interface  act  as 
source  of  the  photoluminescence.  The  Raman-scattering  experiments  show  that  at  least  a  portion 
of  the  GaN  layer  near  the  substrate  interface  is  oriented  in  such  a  way  that  the  c-axis  of  the  layer 
is  parallel  to  the  substrate  interface.  At  a  distance  about  30  pm  away  from  the  interface  the  layer 
reorients  by  turning  the  c-axis  by  90°  into  a  direction  perpendicular  to  the  substrate  interface. 

INTRODUCTION 

The  wide-bandgap  semiconductor  GaN  has  attracted  considerable  attention  over  the  last 
years  because  of  its  application  as  a  basic  material  for  optoelectronic  devices  working  in  the  blue 
and  UV  spectral  region,  such  as  blue  laser  diodes  [1].  Apart  from  the  near-bandgap  excitonic  and 
donor-acceptor-pair  luminescence  GaN  shows  an  unwanted  broad  ’’yellow”  photoluminescence 
band  between  2.0  and  2.5  eV  at  low  temperatures  [2],  Recently,  intensive  work  has  been  done  to 
clarify  its  origin,  and  some  authors  connect  this  luminescence  band  with  the  inherent  property  of 
GaN  to  be  automatically  n-type  conductive  [3-5].  However,  this  issue  is  still  controversial. 

Similar  luminescence  bands  are  also  known  from  several  II-VI  semiconductors  like  ZnS 
[6].  They  are  often  interpreted  as  a  recombination  between  shallow  donors  and  deep  acceptors  in 
which  the  donors  or  the  acceptors  were  build  by  anion  or  cation  vacancies.  The  creation  of  such 
intrinsic  vacancies  is  very  probable  near  surfaces,  interfaces  or  grain  boundaries. 

In  order  to  clarify  wether  the  broad  “yellow"  photoluminescence  band  is  an  intrinsic 
property  of  GaN  or  caused  by  defects  located  near  the  interface  to  the  substrate,  we  performed 
spatially-resolved  photoluminescence  and  Raman  measurements  on  hexagonal  GaN  samples 
which  were  grown  on  sapphire.  We  found  that  the  luminescence  band  is  strong  only  in  a  region 
near  the  interface  and  hence  not  an  intrinsic  property  of  GaN.  Our  investigations  reveal  that  the 
photoluminescence  originates  from  both  the  substrate  interface  and  a  region  of  structural 
reorientation  near  the  interface  where  the  c-axis  of  the  GaN  layer  rotates  by  90°  from  a  direction 
parallel  into  a  direction  perpendicular  to  the  substrate  interface. 
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EXPERIMENT 


The  samples  investigated  were  undoped  wurtzite  GaN  layers  grown  on  [0001]  sapphire 
using  hydride  vapor  phase  epitaxy  (HVPE)  with  thicknesses  of  220  pm,  230  pm  and  400  pm 
and  a  free  carrier  concentration  of  about  MO^^cm"^.  The  spatially-resolved  photoluminescence 
and  Raman  experiments  were  carried  out  using  a  Dilor  XY800  triple-grating  spectrometer  with  a 
charge-coupled  device  (CCD)  detector  and  confocal  optics.  The  sample  was  excited  either 
parallel  (in-plane)  or  perpendicular  (on-plane)  to  the  substrate  surface  using  the  488  nm 
(2.54  eV)  line  of  an  Ar'^-Kr'^  mixed-gas . laser  and  the  632.8  nm  (1.96  eV)  line  of  an  He-Ne 
Laser.  By  passing  the  laser  through  a  microscope  objective  (x80)  the  laser  beam  was  focused  on 
a  point  spot  with  a  diameter  of  about  1  pm  and  a  power  of  2  mW.  The  scattered  light  was 
detected  in  backscattering  geometry  which  corresponds  to  an  x(..)x  configuration  for  in-plane 
excitation  and  a  z(. .  )z  configuration  for  on-plane  excitation  (under  the  assumption,  that  the  z  is 
parallel  to  the  c-axis).  The  samples  were  cooled  down  to  4.2  K  using  an  Oxford  microscope 
cryostat.  With  this  setup  we  obtained  a  spatial  resolution  of  about  1  pm  and  a  spectral  resolution 
better  than  1  cm'k 

RESULTS 

Figure  1  shows  a  40  pm  long  linescan  across  the  GaN-substrate  interface  where  we  have 
taken  a  spectrum  every  1  pm.  The  region  of  the  substrate  is  marked  by  the  presence  of  the  Ag 
sapphire  mode  at  419  cm'l  [7].  The  transition  to  the  GaN  layer  is  indicated  by  the  appearance  of 
the  Ai(TO)  and  the  E2  modes  at  534  cm'l  and  569  cm'l,  respectively.  A  photoluminescence 
band  with  an  intensity  maximum  at  2.4  eV  appears  directly  at  the  interface  with  the  substrate;  it 
is  seen  as  constant  in  Raman  shift  background,  since  it  is  broad  compared  to  the  spectral  range 
observed  here.  The  spatial  width  of  the  region  from  which  this  photoluminescence  occurs  is 
about  3  pm.  The  GaN  region  is  dominated  by  the  abruptly  increasing  Ai(TO)  mode.  At  a 


Fig.  1:  Linescan  across  the  GaN-substrate  interface  of  a  400  pm  thick  layer  taken  at 
4.2  K.  In  order  to  emphasize  the  sapphire  Raman  mode  it  was  multiplied  by  a  factor 
of  2. 
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distance  d  of  about  30  urn  away 
from  the  substrate  interface,  in  a 
region  several  gm  wide,  a  second 
broad  photoluminescence  band 
appears  peaking  at  the  same 
spectral  position  as  the  first  photo¬ 
luminescence  band.  Simultaneously 
with  the  increasing  photo¬ 
luminescence  the  intensity  of  the 
Ai(TO)  Raman  signal  decreases  but 
the  modes  continues  to  be  visible. 

The  spatial  continuation  of 
Fig.  1  is  shown  in  Fig.  2  on  an 
expanded  spectral  and  spatial  scale. 
The  decrease  of  the  Ai(TO)  Raman 
signal  (near  d  =  20  pm)  and  the 
broad  photoluminescence  band  (at 
d  =  30pm)  can  be  seen.  Of 
particular  importance  is  the  change 
in  scattering  intensity  of  the 
different  phonon  modes.  While 
both,  the  E2  mode  and  the  Ai(TO) 
mode  appear  in  this  region  the  ratio 
of  their  intensity  inverts  with 
increasing  distance  from  the 
substrate  interface.  We  have 
clarified  this  in  Fig.  3  where  we 
show  individual  spectra  taken  at  15, 
25  and  50  pm.  The  strong 
luminescence  was  subtracted  in  the 
middle  spectrum  of  Fig.  3.  The 
change  in  intensity  starts  where  the 
second  photoluminescence  band 
appears.  While  near  the  interface 
with  the  substrate  (0  <  d  <  20  pm) 
the  spectra  are  dominated  by  the 
Ai(TO)  mode  the  intensity  of  the 
E2  mode  increases  with  the 
appearence  of  the  second 
photoluminescence  band  and 
becomes  the  most  intensive  phonon 
mode  (d  >  35  pm).  The  inversion  of 
the  relative  intensities  can  be 
explained  by  a  structural 
reorientation  of  the  GaN  layer.  It  is 
interesting  to  note  that  the 
frequencies  of  both,  the  Ai(TO) 


Fig.  2:  Spatial  continuation  of  Fig.  1.  Linescan  across 
the  inner  interface  caused  by  a  reorientation  of  the 
GaN  layer  taken  at  4.2  K.  For  clarification  the  spectral 
scale  was  enlarged. 


Ai(TO)  E, 


Fig.  3:  Raman  spectra  of  the  400pm  thick  GaN  layer 
taken  at  various  distances  d  from  the  interface  with  in¬ 
plane  excitation.  The  red  shift  can  be  explained  by 
strain  relaxation. 
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mode  and  the  E2  mode  decrease  by 
about  2  cm“l  for  distances  larger 
than  25  gm  (Fig.  3),  which  is 
likely  to  be  caused  by  strain 
relaxation.  This  is  consistent  with 
the  results  of  Kozawa  et  al.  [8] 
who  observed  a  decrease  of  ~ 

1  cm’l  for  increasingly  relaxed 
GaN  layers. 

In  Table  I  the  selection 
rules  for  first-order  Raman 
scattering  of  hexagonal  material 
and  in-plane  excitation  are  listed 
[9,  10],  Comparing  Table  I  with 
the  corresponding  Raman  spectra  in 
Fig.  3  reveals  that  for  the  region 
near  the  substrate  interface  (0  <  d  < 
20  pm)  where  the  spectra  are 
dominated  by  the  Ai(TO)  mode  the 
GaN  layer  is  oriented  in  such  a  way 
that  the  scattering  geometry 
corresponds  to  x(zz)x.  For 
d>35|im  the  E2  mode  is  the 
strongest  mode  and  the  Ai(TO)  is 
still  observable.  This  combination 
corresponds  to  Since  the 

incident  polarization  of  the  exciting 
laser  remained  parallel  to  the 
substrate  interface  and  constant 
throughout  the  experiment  our 
results  show  that  the  c-axis  of  the 
GaN  layer  near  the  substrate  is 
parallel  to  the  interface  and  turns  by 
about  90®  at  a  larger  distance 
(d  >  20  pm)  from  the  interface. 
This  becomes  more  clear  when 
considering  Fig.  4  in  which  a  depth 
profile  of  room-temperature  Raman 
spectra  taken  in 

z(yy)z  configuration  on  a  220  pm 
layer  are  plotted.  By  using  the 
632.8  nm  line  of  a  He-Ne  laser  no 
photoluminescence  was  excited. 
The  confocal  optics  allows  to 
record  Raman  spectra  at  several 
depths,  i.  e.  distances  to  the 
substrate  interface.  All  spectra  are 


Tab.  I:  Raman  selection  rules  for  backscattering 
configuration  used  in  this  work.  The  c-axis  is  parallel 
to  the  z  direction. 


Scattering 

Configuration 

Allowed  Modes 

z(yy)^ 

Ai(LO),E2 

x(zz)x 

Ai(TO) 

x(yz)x 

E|(TO) 

x(yy)x 

Ai(TO),  E2 

Fig.  4:  Depth  profile  of  a  220  pm  thick  GaN  layer. 
The  Raman  spectra  are  taken  at  room  temperature 
using  the  632.8  nm  line  of  a  He-Ne  laser. 
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dominated  by  the  E2  and  the  Ai(LO)  modes  but  near  the  substrate  interface  the  Ai(TO)  mode 
can  clearly  be  seen.  The  scattering  intensity  decreases  with  increasing  distance  to  the  interface. 
According  to  the  selection  rules  listed  in  Tab.  I  the  Ai(TO)  is  only  excitable  if  the  c-axis  lies 
perpendicular  to  the  incident  wave  vector.  Hence  it  follows  from  both  in-  and  on-plane  Raman 
measurements  that  at  least  a  portion  of  the  GaN  layer  near  the  interface  to  the  substrate  is 
oriented  parallel  to  it.  This  reorientation  yields  a  further  interface  which  like  the  substrate 
interface  acts  as  source  of  the  broad  luminescence  band. 

CONCLUSIONS 

We  have  shown  that  the  origin  of  the  broad  photoluminescence  band  with  an  intensity 
maximum  at  2.4  eV  is  not  homogeneously  distributed  in  our  GaN  layers.  Instead,  we  found  that 
the  luminescence  is  strong  only  near  the  interface  region.  A  first  luminescence  band  appears 
directly  at  the  interface  with  the  substrate,  a  second  one  appears  approximately  30  pm  away 
from  the  interface  in  a  region  which  is  several  pm  wide.  Simultaneously  performed  Raman 
scattering  experiments  allowed  us  to  analyze  layer  orientation  and  strain  and  revealed  that  the 
second  band  appears  where  a  significant  reorientation  of  the  wurtzite  GaN  c-axis  from  parallel  to 
perpendicular  to  the  substrate  surface  occurs.  This  observation  suggests  that  the  2.0  -  2.5  eV 
luminescence  is  not  intrinsic  to  GaN  but  occurs  primarily  near  structural  defects. 
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Abstract 

We  report  on  the  excitation  wavelength  and  power  dependence  of  LPMOCVD  grown 
GaN  photoluminescence  (PL).  A  mode-locked  Ti:Sapphire  laser  that  is  doubled  to  provide  a 
tunable  wavelength  range  of  350-500  nm  is  used  to  pump  the  GaN  samples.  Special  attention 
has  been  paid  to  the  "yellow"  (-567  nm)  luminescence.  Different  power  dependence 
characteristics  of  the  yellow  emission  are  observed  when  pumping  above  and  below  the 
bandgap.  A  measurement  of  the  photoluminescence  excitation  spectrum  of  the  yellow  peak 
(~567  nm)  is  also  perfoimed  and  this  spectrum  shows  a  peak  at  room  temperature  at  3.36  eV 
(369  nm),  an  additional  broad  peak  at  77  K  and  only  the  broad  peak  at  7  K.  An  excitation 
model  is  used  to  explain  the  behavior  of  the  yellow  emission,  suggesting  the  neutral  donor 
serves  as  a  key  species  for  the  yellow  emission. 

Introduction 

A  broad  yellow  photoluminescence  band  centered  at  about  2.2  eV  is  frequently  observed 
in  GaN  crystals.  This  important  parasitic  transition  may  limit  the  possible  optical  applications 
of  GaN.  Previous  work^-4  suggested  that  the  yellow  emission  involves  a  shallow  donor  level. 
We  report  the  photoluminescence  excitation  (PLE)  of  the  yellow  emission  which  supports  the 
involvement  of  the  shallow  donor  and  provides  additional  insight  into  the  mechanism  of  the 
yellow  emission. 


Experiment 

Thin  films  of  unintentionally  doped  wurtzite  GaN  were  grown  by  low  pressure  metal- 
organic  chemical  vapor  deposition  (LPMOCVD).  A-plane  [1120]  sapphire  substrates  were 
used  and  were  solvent-cleaned  before  growth.  Low  temperature  buffer  layers  were  deposited  at 
temperatures  between  480  and  600  °C.  The  temperature  was  then  ramped  to  the  main  growth 
temperature  of  1025  “C  and  the  GaN  epilayers  were  grown  at  a  chamber  pressure  of  100  Torr. 
Tiimethylgallium  and  high  purity  ammonia  sources  were  used  with  a  hydrogen  carrier  gas.  A 
typical  deposition  rate  was  about  2  |im  h‘l,  yielding  samples  with  thicknesses  of  about  4  or  5 
)im.  Hall  measurements  indicate  n-type  conduction,  with  a  mobility  of  200-500  cm^V'^s"^  and 
an  electron  concentration  of  10^^  cm-3. 

The  PL  excitation  source  is  a  Coherent  Mira  Model  900  Ti: Sapphire  laser  that  is 
frequency  doubled  or  tripled  to  give  a  tunable  wavelength  range  of  233-333  nm  and  350-500 
nm.  The  TirSapphire  laser  has  a  pulse  width  of  200  fs  and  a  repetition  rate  of  76  MHz.  A 
typical  average  power  from  the  doubler  is  about  150  mW.  This  power  is  focused  to  an 
estimated  10  ^im  spot  radius  to  give  a  maximum  average  power  density  on  the  order  of  10^  W 
cm*2  and  a  maximum  peak  power  density  on  the  order  of  100  MW  cm‘2.  The  PL  was  collected 
by  a  lens  and  focused  onto  the  entrance  slits  of  an  Acton  SpectraPro  0.275  m  monochromator. 
A  Hammatsu  GaAs  photomultiplier  (R-636)  was  used  to  detect  the  UV  and  visible  light  and  a 
North  Coast  Ge  detector  (EO-817)  cooled  by  liquid  nitrogen  was  used  to  detect  the  infrared 
light.  The  detector  outputs  were  read  by  a  Stanford  Research  Systems  SR850  lock  in  amplifier. 
Measurements  were  made  at  room  temperature  as  well  as  liquid  nitrogen  and  liquid  helium 
temperatures. 
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The  excitation  wavelength  was  vaiied  from  350-450  nm.  A  set  of  neutral  density  filters 
was  used  to  attenuate  the  incident  laser  intensity  for  studying  the  excitation  power  dependence 
of  the  PL.  The  yellow  emission  at  567  nm  was  measured  as  a  function  of  incident  power  at 
each  wavelength  step.  This  data  was  then  used  to  obtain  the  PLE  spectrum  for  fixed  photon 
fluxes. 


Results  and  Discussion 

Excitation  Wavelength  Dependence 

The  PLE  spectrum  at  room  temperature  for  the  yellow  emission  is  shown  in  Figure  1. 
A  PL  spectrum  is  overlaid  on  this  plot  to  demonstrate  that  absorption  and  emission  occur  at 
different  wavelengths. 


Energy  (eV) 


Figure  1 :  Normalized  PLE  spectrum  with  overlaid  yellow  PL  spectrum. 

Neither  the  peak  nor  the  full  width  at  half  maximum  of  the  broad  yellow  emission  changes  as 
the  excitation  wavelength  is  varied.  The  PLE  spectinim  indicates  the  existence  of  a  narrow  band 
of  shallow  donors.  The  plot  also  shows  some  as  yet  unidentified  fine  structure.  The  donor 
absorption  mechanism  can  be  represented  by  D+— >D0+h,  from  which  it  is  concluded  that  the 
yellow  transition  begins  with  a  process  involving  the  neutral  donor.  The  model  shown  in 
Figure  2  is  used  to  describe  the  observed  transition.  It  is  evident  that  the  radiative  yellow 
transition  is  only  accessible  through  the  shallow  donor  states  since  no  direct  absorption  of  the 
yellow  is  observed.  The  complimentary  infrai'ed  transition  that  has  been  previously  reported^ 
has  not  been  obseiwed  in  these  experiments,  and  therefore  some  form  of  nonradiative  relaxation 
is  assumed  to  occur  before  yellow  emission. 


Figure  2:  Excitation  model  of  yellow  emission. 
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The  PL  intensity  was  measured  as  a  function  of  incident  power  at  each  wavelength  step. 
Figure  3  illustrates  the  behavior  of  the  bandedge  and  the  yellow  for  above  gap  pumping  as  the 
pump  power  is  varied.  It  is  observed  that  the  yellow  PL  intensity  is  proportional  to  where  F 
is  the  intensity  of  the  pump.  The  measured  value  of  k  is  plotted  as  a  function  of  excitation 
energy  in  Figure  4. 


Figure  3.  Typical  PL  power  dependences  Figure  4:  Yellow  PL  power  dependence 
for  above  gap  pumping.  ^  ^  function  of  excitation  energy. 

Above  gap  pumping  yields  a  nearly  square  root  dependence  (k==0.4)  while  below  gap  pumping 
yields  a  nearly  linear  (k=0.8-0.9)  dependence  on  input  power.  We  note  that  the  data  does  not 
fit  well  to  an  F^  dependence  in  the  wavelength  region  where  k  changes  rapidly.  The  data 
outside  this  region  can  easily  be  explained  by  a  three  level  model  in  which  the  conduction  band 
and  shallow  donor  band  are  treated  as  one  level.  Figure  5  shows  this  model  with  the  labeled 
transition  rates  and  level  occupancies.  Ni  represents  the  total  number  of  midgap  states  and  ni 
represents  the  number  of  occupied  midgap  states. 


n 


P 


Figure  5:  Rate  model  used  to  explain  yellow  emission  kinetics. 

Two  independent  rate  equations  and  a  charge  neutrality  equation  can  be  written  to  analyze  this 
model  in  Ae  steady  state: 


—  =  F  -  Pio^P  ~  /?2in(N  1  -  ni )  =  0  (1) 

^  =  /32in(Ni  - ni)  -  Ao^iP  =  0  (2) 

n  =  p  +  (Ni-ni).  (3) 

If  the  excitation  energy  is  below  the  bandedge  and  there  is  no  competition  with  the  bandedge 
transition  (P20  =  0)»  the  yellow  emission  term  becomes  proportional  to  the  pump  (F). 

For  above  gap  pumping,  the  assumption  of  high  level  injection  (n=p)  is  invoked.  Equation  (3) 
implies  that  all  the  midgap  states  are  filled  which  implies  with  Equation  (1)  that  n  and  p  are  both 

proportional  to  VF  .  Thus  the  yellow  emission  term  (j^iqUiP)  also  follows  a  Vf  dependence. 


Temperature  Dependence 


Figure  6  shows  the  PLE  spectrum  as  a  function  of  temperature.  Notice  that  the  ionized 
donor  absorption  shifts  to  higher  energies  as  the  temperature  is  reduced,  as  expected  for  a  near 
band  gap  donor  transition.  More  significant  is  the  emergence  of  a  broad  absorption  peak  at 
3.22  eV.  This  absorption  is  consistent  with  a  donor-acceptor-pair  transition  represented  by 
D+A'-^D^AO  with  an  acceptor  activation  energy  of  about  0.25  eV.  Figure  7  shows  the  photon 
flux  dependence  of  this  absorption  at  77  K.  At  low  incident  flux  the  donor  absorption 
dominates  but  as  the  flux  is  increased  the  DAP  transition  emerges  and  dominates.  The 
temperature  and  flux  dependence  is  consistent  with  freeze-out  of  free  carriers  on  donors  at  low 
temperatures  and  the  saturation  of  the  donor  absorption.  Together,  this  data  suggests  the 
importance  of  the  neuti'al  donor  state  as  key  to  the  yellow  luminescence. 


Excitation  Energy  (eV) 


Figure  6.  Temperature  dependence  of 
PLE  Spectrum. 


Excitation  Energy  (eV) 


Figure  7.  PLE  spectrum  at  77  K  for  various 
pumping  photon  fluxes  (photons  s'^). 


The  power  dependence  of  the  yellow  at  77K  and  7K  follow  the  same  trend  as  at  room 
temperature,  i.e.  a  nearly  square  root  dependence  for  above  gap  pumping  and  a  nearly  linear 
dependence  for  below  gap  pumping. 


Conclusion 

Previous  investigations  have  linked  the  yellow  emission  with  shallow  donors.  The 
room  temperature  PLE  spectrum  supports  this  identification  with  some  as  yet  unidentified 
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structure  occurring  on  an  ionized  donor  absorption.  As  temperature  is  reduced,  the  reduction  in 
the  ionized  donor  concentration  allows  DAP  absorption  to  occur.  Both  of  these  data  suggest  the 
neutral  donor  is  crucial  for  yellow  emission.  The  absence  of  a  complementary  infrared  signal 
indicates  that  significant  lattice  relaxation  probably  occurs.  The  power  dependent  measurements 
indicate  competition  between  bandedge  emission  and  yellow  emission  for  above  gap  pumping. 
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ABSTRACT 

Recombination  processes  and  their  dynamics  are  selectively  studied  (a)  near  the  interface 
betweeen  a  400pm  thick  GaN  epilayer  and  its  AI2O3  substrate  and  (b)  in  the  structurally  relaxed 
regions  near  the  surface  of  this  sample.  Strong  radiative  excitonic  recombination  is  observed  in 
the  relaxed  regions.  However,  the  recombination  dynamics  of  free  and  shallow-bound  excitons 
here  are  strongly  influenced  by  shallow  and  deep  defects.  Near  the  substrate  the  presence  of 
dislocations  suppresses  radiative  recombination  of  free  and  shallow  bound  excitons.  Deeper 
emissions  appear  which  we  attribute  to  excitons  deeply  bound  to  dislocation-related  defects. 
They  exhibit  ps-recombination  dynamics  effected  by  strong  nonradiative  contributions. 

INTRODUCTION 

The  now  demonstrated  use  of  the  InGaAlN  alloy  system  over  most  of  the  visible  spectrum 
makes  it  one  of  the  key  materials  for  future  optoelectronical  applications.  Among  the  major 
research  issues  at  this  point  is  the  development  of  a  GaN-based  blue  laser  diode.  Present  light- 
emitting  diodes  use  an  impurity  related  recombination  process  [1]  and  exhibit  excellent 
performance  despite  a  dislocation  density  as  high  as  10^  cm'^  [2].  For  laser  action  sufficient  gain 
is  expected  to  rely  on  an  intrinsic  recombination  process  involving  free  carriers  or  excitons. 
Present  growth  techniques  using  mismatched  substrates  cannot  prevent  the  creation  of 
dislocations  and  defects  near  the  interface  nor  the  incorporation  of  the  intrinsic  shallow  donor  35 
meV  below  the  conduction  band  edge.  It  is  therefore  necessary  to  assess  the  influence  of 
impurities  and  dislocations  on  the  excitonic  recombination  processes  and  their  dynamics  in  GaN. 

The  present  paper  will  show  that  the  dominating  recombination  processes  near  the  interface 
between  GaN  and  its  lattice-mismatched  substrate  differ  strongly  from  those  far  away  from  the 
interface,  i.e.,  near  the  surface  of  the  epilayer.  We  will  show  that  in  structurally  perturbed  regions 
such  as  in  the  vicinity  of  the  interface,  the  radiative  recombination  of  free  and  shallow  bound 
excitons  is  quenched  and  deep  dislocation  excitons  appear  in  the  spectrum.  A  detailed  report  on 
the  recombination  dynamics  both  near  and  far  away  from  the  interface  will  be  given. 

EXPERIMENTAL 

To  separate  the  influence  of  the  dislocations  having  a  high  density  near  the  substrate  interface 
from  the  properties  of  relaxed  single-crystalline  GaN  we  used  in  the  main  an  epitaxial  GaN  layer 
of  400pm  thickness  grown  by  hydride  vapor  phase  epitaxy  without  a  buffer  layer  [3].  Using 
band-to-band  excitation  from  either  the  epilayer  side,  or  the  substrate  side  we  sampled  without 
any  overlap  either  high-quality,  relaxed  GaN  near  the  surface  or  strongly  perturbed  GaN  near  the 
interface.  Due  to  the  high  absorption  coefficient  above  the  gap,  the  estimated  depth  of  excitation 
within  the  sample  is  less  than  5  pm.  We  therefore  use  the  terms  ‘bulk’  and  ‘interface’ 
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luminescence  to  distinguish  between  excitation  from  either  the  epilayer  or  the  substrate  side.  The 
sapphire  substrate  is  transparent  at  the  energies  of  excitation  and  detection  and  does  not  influence 
the  spectrum  taken  from  the  interface  region.  For  continuous- wave  (cw-)  measurements  a  HeCd 
laser  was  employed.  Time-resolved  measurements  were  performed  at  various  temperatures  using 
a  frequency-doubled  dye  laser  synchronously  pumped  by  an  actively  mode-locked  and  frequency- 
doubled  Nd:YAG  laser.  The  overall  time  resolution  employing  convolution  techniques  was  15 
ps. 

RESULTS 

‘Bulk’  and  ‘Interface’  Photoluminescence 


Comparative  cw  low-temperature  photoluminescence  spectra  taken  from  the  400  pm  GaN 
epilayer  are  shown  in  Fig.  1.  The  spectrum  in  Fig.  1  (a)  was  obtained  after  excitation  of  the 
sample  on  the  surface  of  the  epilayer.  The  donor-bound-exciton  line  U  at  3.4782  eV  is  most 
prominent.  Emission  from  the  free  A-exciton  is  seen  at  3.4800  eV.  The  localization  energy  of  the 
exciton  at  the  donor  thus  amounts  to  7. 1 8  meV.  High  resolution  spectra  reveal  the  presence  of  a 
weak  second  donor-bound-exciton  line  with  a  localization  energy  of  3.6  meV.  The  energy 
positions  of  the  free  exciton  and  U  agree  precisely  with  calorimetric  reflection  and  absorption 
data  taken  from  the  same  sample  [4]  and  thus  unambiguously  determine  the  low  temperature 
energy  positions  of  the  free  and  bound  excitons  in  relaxed  GaN.  The  line  width  of  U  amounts  to 
920  peV,  a  value  that  confirms  the  high  quality  of  HVPE-grown  ‘bulk’  GaN  and  its  potential  for 
a  lattice-matched  substrate  material.  Due  to  the  high  intensity  of  h,  the  spectrum  on  its  low- 
energy  side  has  to  be  multiplied  by  a  factor  of  40  in  the  spectrum  of  Fig.  1  (a)  to  make  manifest 
an  acceptor  bound  exciton  line  Ij  at  3.446  eV.  The  other  emissions  are  due  to  phonon-assisted 
decay  of  excitons  except  for  the  line  at  3.26  eV  which  is  of  unknown  origin.  Donor-acceptor-pair 
recombination  can  be  excluded  because  of  missing  characteristic  phonon  replica. 

The  spectrum  obtained  after  excitation  of  the  epilayer  through  the  sapphire  substrate  at  the 
same  excitation  density  (Fig.  1  (b))  differs  very  much  from  that  just  described.  No  free  and 
shallow-bound-exciton 


luminescences  are  observed 
here.  Instead  we  see  a  complex 
structure  of  lines  between  3.37 
eV  and  3.31  eV  which  at  higher 
excitation  densities  reveals  even 
more  lines  down  to  3.29  eV,  see 
Fig.  4.  These  lines  were  already 
observed  in  hexagonal  epilayers 
on  SiC  [5],  and  also  cubic 
samples  on  GaAs  [6,  7],  all 
grown  without  buffer  layer.  The 
fact  that  they  were  observed  in 
samples  on  various  lattice- 
mismatched  substrates  indicates 
that  they  are  an  inherent 
property  of  stmcturally  dis¬ 
turbed  GaN.  We  see  that  here 
the  free  and  shallow  bound 
excitons  decay  entirely 


3.20  3.25  3.30  3.35  3.40  3.45 


Energy  (eV) 

Fig.  1:  Low  temperature  cw-photoluminescence  spectra  of  a 
400pm  epitaxial  GaN/AhOs  layer,  (a)  ‘bulk’  luminescence 
excited  from  the  epilayer  side,  (b)  ‘interface’  luminescence 
excited  through  the  substrate. 
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nonradiatively.  We  attribute  the  observed  ‘interface’  emissions  to  the  annihilation  of  excitons 
deeply  bound  to  defect  centers  connected  with  dislocations.  The  excitonic  character  of  these  lines 
will  become  clear  below.  Dislocation  excitons  are  well  known  in  other  materials  like  CdS  [8,  9]. 
Beside  these  dislocation  excitons  a  broad  emission  band  at  2.4  eV  is  also  observed  [10]. 

Summarizing  the  results  of  the  cw-spectra,  we  see  that  far  away  from  the  substrate  HVPE 
GaN  exhibits  strong  radiative  recombination  at  low  temperatures  due  to  free  and  shallow  bound 
excitons.  On  the  other  side,  in  the  presence  of  defects  and  dislocations  near  the  substrate,  the 
decay  of  free  and  shallow  bound  excitons  is  completely  nonradiative.  The  excitation  energy  is 
transferred  to  deep  levels  associated  with  defects  and  dislocations  localized  near  the  interface, 
giving  rise  to  emissions  between  3.37  eV  and  3.31  eV. 

In  the  following  section  the  dynamics  of  the  energy  relaxation  of  free  and  shallow  bound 
excitons  and  of  the  deeply  bound  dislocation  excitons  will  be  investigated. 

Recombination  Dynamics  in  ‘bulk’  GaN:  Free  and  Shallow  bound  Excitons 

In  the  previous  section  we  showed  that  free  and  donor-bound  excitons  contribute  to  strong 
radiative  recombination  in  high-quality  GaN  at  low  temperatures.  To  get  a  better  picture  of  the 
influence  of  nonradiative  processes  it  is  necessary  to  increase  the  temperature.  We  observed  a 
rapid  decrease  of  the  intensity  of  the  donor-bound  exciton  with  raised  temperatures  governed  by 
an  activation  energy  of  7  meV.  This  value  agrees  very  well  with  the  localization  energy  of  the 
exciton  at  the  shallow  donor.  The  physical  process  involved  is  the  dissociation  of  the  exciton 
from  the  donor  caused  by  the  absorption  of  low-energy  acoustical  phonons  which  are  present 
even  at  relatively  low  temperatures.  We  will  now  show  that  this  process  also  governs  the 
recombination  dynamics  of  the  donor-bound  exciton.  In  Fig.  2  (a)  luminescence  transients  of  the 
shallow-donor-bound-exciton  line  after  band-to-band  excitation  are  shown  for  different  values  of 
the  lattice  temperature.  ‘Bumps’  in  the  very  fast  transients  are  caused  by  the  response  of  our 
detection  system  to  ps- 
signals  and  do  not  have 
any  physical  meaning. 

No  rise  process  can  be 
resolved  in  any 
transient  from  which 
we  have  to  conclude 
that  the  lifetime  of  the 
free  exciton  is  shorter 
than  our  time 
resolution  of  15  ps  at 
low  temperatures.  The 
lifetime  of  the  donor- 
bound  exciton  of  70  ps 
at  8  K  is  seen  to 
decrease  con-tinously 
with  increa-sing 

temperature, 
corresponding  well  to 

the  expected  increa-sed 
dissociation  rate  as  was 
also  reported  by  Chen 
et  al.  [11].  How  does 


Time(ps)  TimeCps) 


Fig.  2:  Luminescence  transients  (a)  from  the  donor-bound  exciton 
(D^X) ,  (b)  from  the  free  A-exciton  Xa.  ,  taken  at  different  lattice 
temperatures  after  excitation  from  the  epilayer  side  ( bulk 
luminescence). 
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this  increased  dissocia-tion  affect  the  transients  of  the  free  exciton?  The  answer  is  given  in  Fig.  2 
(b).  At  low  temperatures  the  decay  is  fast  as  expected  from  the  lack  of  a  rise  process  in  the 
bound-exciton  transients.  As  soon  as  the  donor-bound  exciton  decay  becomes  faster  with 
increasing  temperature,  the  luminescence  transient  of  the  free  exciton  slows  down.  Above  28  K 
the  free  exciton  decay  becomes  again  faster. 

To  prove  that  the  dissociation  of  the  bound-exciton  from  the  donor  is  responsible  for  this 
temperature  dependence  of  the  free-exciton  transient,  we  evaluated  a  three-level  model  with 
temperature-dependent  transition  probabilities.  Fig.  3  (a).  Corresponding  to  our  experimental 
excitation  conditions  we  assume  the  system  to  be  in  the  free-exciton  state  initially.  Here  we 
neglect  the  comparatively  short  exciton  formation  time.  We  also  assume  that  the  only 
temperature-dependent  process  is  the  thermally  activated  dissociation  of  the  bound  exciton  from 
the  donor,  given  by  the  characteristic  time  constant  T23 ,  cf.  Fig.  3  (a).  Its  temperature  dependence 
is  set  as 


T23  =tj3-exp(A£:/itr)  (1) 

AE  denotes  the  localization  energy  of  the  exciton  at  the  shallow  donor,  k  Boltzmann’s  constant 
and  T  the  lattice  temperature.  The  decay  rate  of  the  free  exciton  is  assumed  to  be  independent  of 
the  lattice  temperature.  The  solution  from  the  two  coupled  rate  equations  was  used  to  model 
luminescence  transients  by  convolution  with  the  response  of  our  detection  system  to  the  laser 
pulse,  see  Fig.  3  (b).  The  effects  observed  in  the  experiment  are  nicely  reproduced  by  the 
calculated  transients  even  though  a  perfect  fit  has  not  been  achieved.  We  ascribe  the  difference 
between  the  measured  and  calculated  transients  to  the  effect  of  the  second  donor-bound  exciton 
with  3.6  meV  localization  energy.  However,  the  parameters  used  in  the  calculation  of  the 
transients,  which  give  the  closest  resemblance  to  the  observed  temperature  behaviour,  are  shown 
in  Fig.  3  (b)  and  serve  as  a  reasonable  estimate  of  the  actual  transition  times.  We  see  that  not 


Fig.  3:  (a)  Three-level  system  used  to  model 
the  energy  relaxation  dynamics  of  free  (level 
3)  and  shallow  bound  excitons  (2).  Dotted 
arrows  denote  radiationless  processes. 

(b)  Calculated  luminescence  transients  of 
the  free  exciton  obtained  from  the  model  of 
Fig.  3  (a)  using  the  parameters  shown.  The 
temperature  dependence  of  the  measured 
transients  shown  in  Fig.  2  (b)  is 

qualitatively  reproduced. 


Time  (ps) 
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only  the  decay  time  T31  describing  the  annihilation  of  the  exciton  is  short  in  comparison  with  free 
exciton  lifetimes  in  other  high-quality  materials  such  as  CdS,  but  also  that  there  is  a  strong 
influence  of  the  shallow  donors  which  capture  free  excitons  at  low  temperatures  within  Ips. 

To  summarize  of  the  results  on  free  and  shallow  bound  excitons  in  structurally  relaxed  regions 
of  GaN,  through  an  analysis  of  the  temperature  dependence  of  the  luminesence  transients  we 
obtained  an  estimate  of  the  time  constants  governing  the  energy  relaxation  in  this  energy  range. 
We  observe  a  fast  luminescence  decay  of  the  free  exciton  which  is  additionally  accelerated  at  low 
temperatures  by  the  capture  at  the  shallow  donor.  Further  nonradiative  relaxation  processes  have 
to  be  taken  into  consideration  to  account  for  the  short  exciton  decay  time  T31  of  less  than  15ps. 
The  observation  of  transition  metals  in  this  sample  which  are  known  to  act  as  ‘luminescence 
killers’  is  a  likely  explanation  [12]. 

Recombination  Dynamics  near  the  Substrate  Interface:  Deeply  Bound  Excitons 

We  performed  a  comparative  study  of  the  recombination  dynamics  of  emissions  between 
3.29  eV  and  3.37  eV  in  various  samples  grown  by  HVPE  or  MOCVD.  We  find  that  the  results 
agree  with  our  previously  reported  measurements  on  GaN/SiC  [5],  showing  again  that  these 
emissions  are  a  general  feature  of  disturbed  GaN.  The  time  constants  vary  only  slightly  between 
different  samples.  As  an  example,  the  results  obtained  from  a  thinner  GaN/SiC  epilayer  is 
summarized  in  Fig.  4,  which  also  gives  a  spectrum  using  pulsed  excitation.  Lines  are  marked  Li 
to  Ls  with  increasing  energy.  As  also  observed  by  Hong  et  al.  [7]  the  shoulder  at  3.360  eV 
observed  in  Fig.  1  (b)  develops  into  a  well  resolved  line  L7  given  higher  excitation  densities. 
Also,  additional  lines  Li  and  L2  at  3.28  and  3.29  eV  are  detected  at  higher  excitation  densities. 
The  luminescence  decay  in  the  whole  range  is  fast  with  time  constants  in  the  ps-range.  It  can  be 
fitted  using  one  or  two  exponential  decays.  The  spectral  analysis  of  the  decay  shows  that 
transients  with  two  time  constants  are  always  caused  by  the  spectral  overlap  of  different 


a 


Sd 


Fig.  4:  Luminescence  spectrum  of  deeply  bound  excitons  in  GaN  at  higher  excitation  densities 
effected  by  ps-laser  pulses.  The  filled  squares  denote  the  decay  constant  (right  scale)  at  the 
respective  energy  positions.  In  the  inset  the  pertaining  luminescence  transients  are  shown. 
Here  dotted  curves  stand  for  the  experiment  while  full  lines  represent  two-exponential  fits. 
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luminescences.  Thus,  the  decay  of  each  luminescence  is  essentially  monoexponential.  On  the 
basis  of  this  result,  donor-acceptor-pair  recombination  as  suggested  by  some  groups  [7,  13]  for 
the  3.311  eV  line  can  be  excluded  as  interpretation  of  this  luminescence.  Due  to  the  energy 
position  close  to  the  band  gap  and  the  monoexponential  luminescence  decay  we  attribute  the 
lines  observed  to  excitonic  recombination  at  dislocations.  The  decay  constants  in  the  ps  range  are 
unusually  fast  for  a  localization  energy  of  more  than  lOOmeV  and  suggest  strong  nonradiative 
contributions  to  the  recombination  process.  Electron-phonon  coupling  and  Auger  processes 
probably  add  to  the  short  lifetimes  observed. 

CONCLUSIONS 

In  conclusion,  we  compared  recombination  processes  and  their  dynamics  in  single-crystalline 
GaN  near  the  surface  of  a  thick  epilayer  with  those  of  structurally  disturbed  GaN  near  the 
interface  to  the  lattice  mismatched  substrate.  We  observe  strong,  radiative  excitonic 
recombination  due  to  free  and  shallow  bound  excitons  near  the  surface.  However,  the  decay  of 
the  free  exciton  is  fast  due  to  the  impact  of  deep  impurities.  It  slows  down  at  temperatures 
between  20  K  and  40  K  where  thermally  activated  dissociation  of  shallow  bound  excitons 
contributes  to  the  free-exciton  population.  Near  the  substrate  the  presence  of  dislocations 
supresses  the  radiative  decay  of  free  and  shallow  bound  excitons.  Instead,  we  observe 
characteristic  emissions  between  3.31  and  3.37  eV  whose  decay  is  fast  and  monoexponential 
strongly  suggesting  that  they  are  caused  by  dislocation  excitons. 
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ABSTRACT 

We  report  low  temperature  photoluminescence  (PL)  spectra  related  to  a  two-dimensional 
electron  gas  confined  at  a  GaN/AlGaN  heterointerface.  The  recombination  between  electrons 
confined  in  the  bottom  of  the  interface  potential  and  photoexcited  holes  causes  a  broad  PL 
emission  about  50  meV  below  the  bulk  GaN  exciton  emission.  A  second  emission,  attributed  to 
the  recombination  of  electrons  in  the  first  excited  level  at  the  interface,  is  also  observed  close  to 
the  excitonic  band  gap  in  GaN.  The  data  agrees  with  a  self  consistent  calculation  of  the  energy 
levels  and  the  electron  concentration  at  the  interface.  Similar  PL  data  from  a  modulation  doped 
AlGaN/GaN  quantum  well  exhibit  three  PL  emissions  related  to  the  2D  electron  gas. 


INTRODUCTION 

Modulation  doping,  i.e.  doping  of  the  barrier  layer  at  a  heterointerface,  causes  a 
redistribution  of  electrical  charge  across  the  interface.  In  the  case  of  n-type  doping  of  the  banier 
layer,  the  region  in  the  barrier  close  to  the  interface  will  be  depleted  and  the  corresponding 
electrons  accumulated  in  a  triangular  shape  potential  in  the  active  layer  close  to  the  interface  [1]. 
The  electrons  accumulated  in  the  potential  form  a  two-dimensional  electron  gas  (2DEG).  These 
electrons  normally  have  a  very  high  mobility,  since  the  caiiiers  are  separated  from  dopants  in  the 
barrier  layer.  This  fact  is  frequently  used  for  device  applications,  such  as  the  high  electron 
mobility  transistor.  The  properties,  electrical  and  optical,  related  to  the  2DEG  electrons  have 
previously  been  extensively  studied  by  several  groups,  mainly  in  the  GaAs/AlGaAs  [2-6]  but  also 
in  the  InGaAs/InP  [7]  material  system.  Single  and  double  heterostructures,  involving  different 
nitride  compounds,  are  also  expected  to  be  used  for  optoelectronic  devices.  The  understanding 
of  the  recombination  processes  related  to  the  modulation  doped  heterointerface  and  quantum 
wells  is  thus  of  vital  importance. 


EXPERIMENTAL  DETAILS 

The  samples  used  in  this  study  were  grown  by  Metal  Organic  Vapour  Phase  Epitaxy  (MOVPE)  on 
optical  grade  polished  sapphire  substrates.  An  initial  AIN  buffer  layer  was  introduced  to  accommodate  the 
lattice  mismatch  with  the  substrate.  For  the  single  heterostructure  sample  this  was  followed  by  an 
intentionally  undoped  GaN  layer  and  a  0.16  mm  thick  Si  doped  AlQjGao.yN  barrier,  see  Fig.  la.  For  the 
quantum  well  sample  two  additional  AlGaN  layers  as  well  as  a  GaN  buffer  layer  was  added,  see  Fig  lb. 

PL  and  time-resolved  PL  measurements  were  performed,  in  the  temperature  range  from  2  K  to  room 
temperature,  using  pico  second  pulsed  excitation  from  a  frequency  doubled  mode  locked  dye  laser.  For 
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spectral  measurements  the  emitted  PL 
was  detected  with  a  cooled  CCD 
camera,  while  the  time  resolved 
measurements  were  performed  with  a 
syncroscan  streak  camera  with  a  time 
resolution  of  about  20  ps.  For  longer 
time  decays  we  used  a  time  correlated 
photon  counting  system  with  a  time 
resolution  of  about  150  ps. 


EXPERIMENTAL  RESULTS  AND 
DISCUSSION 
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Figure  1.  Schematic  description  of  the  two  different 

rru^  -1  modulation  doped  structures,  a)  shows  the  modulation 

The  2DEG  m  the  single  ^ 

heterojunction  sample  is  formed  in  the  modulation  doped  quantum  well  sample.  TTie  2DEG  is, 
GaN  layer  at  the  interface  to  the  jn  samples,  formed  in  the  shaded  GaN  layer, 
modulation  doped  AlGaN  barrier.  The 

electron  concentration  in  the  2DEG  is  about  10^3  cm"2,  as  measured  by  electrical  measurements 
as  shown  in  Fig.  2.  The  electron  concentration  is  almost  independent  of  temperature.  The 
mobility  shows,  on  the  other  hand,  a  strong  temperature  dependence  reaching  about  4000 
cm^A^s  at  77  K.  This  value  of  the  mobility  is  larger  than  for  bulk  GaN,  where  the  highest 
reported  value  at  77  K  is  3000  cm^/Vs  [9]. 

The  time-integrated  PL  spectra  of  a  modulation  doped  single  heterostructure  GaN/AlGaN 
sample  are  shown  in  Fig.  3  for  different  temperatures.  The  spectra  are  dominated  by  exciton 
emissions  typical  for  bulk  GaN,  originating  from  the  flat  band  region  of  the  GaN  epitaxial  layer. 
At  low  temperatures  the  donor  bound  exciton  (DBE)  is  dominating  with  a  recombination  energy 
at  3.488  eV.  At  higher  temperatures  the  DBE  is  theimally  quenched  and  the  recombination  of 
free  excitons  (FE),  at  3.493  eV,  is  instead 

dominating.  These  values  are  19  meV  _ _ _ ^ _  .jqm 

higher  than  values  for  unstrained  bulk  ^ 

GaN.  Similar  energy  shifts,  due  to  the  \  o 

residual  stress  of  the  epilayer,  have  ^  \ 

previously  been  observed  in  <?■  3000-  \  o 

heteroepitaxial  GaN  layers  [10].  The  §  \  o 
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2DEG  is  known  to  be  strongly  dependent  Temperature  (K) 

on  the  band  bending,  caused  by  the 

equilibrium  carrier  concentration  and  the  Figure  2.  Mobility  and  sheet  carrier  concentration  as  a 
photoexcited  carriers  [3-6].  A  strong  blue  iuuction  of  temperature  in  the  modulation  doped 
shift  with  increasing  excitation  intensity  AlGaN  heterostructure. 
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Figure.  3.  Photoluminescence  spectrum  of  a  modulation  doped  GaN/AlGaN  sample.  The 
spectrum  is  at  low  temperatures  dominated  by  BE  and  FE  emissions  typical  for  bulk  GaN, 
originating  from  the  flat  band  region  of  the  active  layer.  The  broad  emission  about  50  meV 
below  the  exciton  emission  is  attributed  to  recombination  involving  electrons  from  the  2DEG 
at  the  GaN/AlGaN  heterointerface. 

has  previously  been  observed  in  GaAs/AlGaAs  structures,  but  is  not  observed  in  the  time 
integrated  spectra  of  the  GaN/AlGaN  structure.  However,  spectral  measurements  at  increasing 
time  delays  after  the  pulsed  excitation  show  a  weak  red  shift  of  the  broad  emission.  The 
conditions  during  a  time  delayed  spectral  measurements  are  similar,  but  not  identical,  to 
measurements  varying  the  excitation  intensity,  since  the  concentration  of  photo  excited  carriers 
decreases  with  time  after  the  excitation  pulse  due  to  carrier  recombination.  Spectral  curves  at 
different  time  delays  are  shown  in  Figure  4. 

In  this  figure  we  also  observe  a  red  shift  of  the  emission  in  the  exciton  range.  We  believe  that 
this  component,  observed  at  longer  time  delays,  is  related  to  electrons  in  the  first  excited  state  of 
the  2DEG.  This  emission  is  spectrally  overlapping  with  the  bulk  DBE  emission,  and  can  not  be 
distinguished  from  this  exciton  emission  in  a  time-integrated  spectrum,  as  in  Fig.  3. 

The  time  decay  of  all  observed  emissions  is  quite  similar,  with  a  dominating  fast  component 
with  a  decay  time  of  150  ps  and  a  slower  component  with  a  decay  time  of  several  ns.  The  decay 
of  the  emissions  related  to  the  2DEG  should  be  directly  determined  by  the  lifetime  of  the  photo- 
excited  holes,  since  the  electrons  in  the  2DEG  are  always  present  at  a  high  equilibrium 
concentration.  The  lifetime  of  the  holes  is  determined  by  the  dominating  excitonic 
recombination,  present  in  the  flat  band  region.  The  observed  2DEG  related  emission  will 
consequently  have  the  same  initial  decay  as  the  bulk  exciton  recombination.  When  the  exciton 
recombination  disappears,  due  to  a  limited  number  of  photoexcited  electrons  in  the  flat  band 
region,  the  recombination  of  remaining  photoexcited  holes  and  electrons  in  the  2DEG  will 
dominate  the  spectrum,  as  observed  in  fig.  3.  The  decay  of  the  holes  will  now  be  determined  by 
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Figure  4.  Time  resolved  spectra,  at  2  K, 
of  the  band  gap  region  of  the  modulation 
doped  GaN/AlGaN  heterointerface.  The 
time  delay  between  each  spectrum  is  not 


Figure  5.  The  band  potential  at  tiie 
GaN/AlGaN  heterointerface.  The  enagy  levels 
are  obtained  from  a  self-consistent  calculation. 
Two  electron  levels  are  obtained  with  energies  of 
139  meV  and  223  meV  above  the  notch 
potential.  Also  shown  are  the  electron 
probability  function  for  the  two  occupied  levels. 


this  much  slower  recombination,  which  corresponds  to  the  slower  component  observed  in  the 
decay  measurements. 

The  identification  of  these  emission  bands  is  supported  by  the  results  from  a  self-consistent 
calculation  of  the  energy  band  potential  and  energy  levels  at  the  heterointerface,  as  schematically 
shown  in  fig.  5.  In  the  calculation  we  have  used  an  electron  mass  of  0.2mg  [11],  a  conduction 
band  offset  of  0.666  eV,  obtained  from  the  linear  inteipolation  of  the  GaN  [12]  and  AIN  [13] 
band  gaps  with  x=0.3  and  80%  of  the  energy  offset  in  the  conduction  band  [14].  The  Fermi  level 
in  the  AlGaN  was  assumed  to  be  determined  by  shallow  donors  with  Eo  =  25  meV.  The 
concentration  of  the  electrons  in  the  2DEG  is  dependent  on  the  doping  concentration  in  the 
AlGaN  layer.  The  experimentally  measured  electron  concentration  of  IxlO^^  cm"2  was  obtained 
with  a  doping  concentration  of  2.0xl0l9  cm-^.  The  position  of  the  donor  levels  in  AlxGaj.xN 
is  to  our  knowledge  not  determined,  but  model  calculations  shows  that  the  result  is  relatively 
independent  on  the  shallow  donor  energy  position,  as  long  as  we  require  a  certain  electron 
concentration  at  the  interface.  An  increase  of  the  donor  binding  energy  to  100  meV,  requires  an 
increase  of  the  doping  concentration  to  2.2x10^^  cm"3  in  order  to  obtain  the  same  electron 
concentration,  while  the  electron  energy  levels  are  almost  unaffected.  Under  this  condition  two 
energy  levels  are  occupied  in  the  2DEG,  with  energies  139  and  223  meV  above  the  bottom  of 
the  potential  notch,  while  the  Fermi  level  is  242  meV  above  the  potential  notch.  Recombination 
between  electrons  in  the  2DEG  and  photo  excited  holes  in  the  flat  band  region  of  the  valence 
band  would  result  in  recombination  energies  24  and  107  meV  below  the  bandgap.  This,  is  in 
reasonable  agreement  with  the  energies  of  the  observed  emissions,  in  Fig.  3-4. 

The  higher  PL  intensity  of  the  emission  related  to  the  excited  electron  state  in  the  2DEG,  as 
compared  to  the  emission  related  to  the  ground  state,  can  be  understood  from  the  overlap  of  the 
hole  and  electron  wavefunctions.  The  electron  wavefunctions,  probability  functions,  are  shown 
in  fig.  5.  The  photo  excited  holes  are  located  close  to  the  flat  band  region,  due  to  the  band 
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Figure  6.  PL  spectra  from  the  modulation  doped  QW.  The  top  spectrum  is  obtained  with 
excitation  above  the  AlGaN  barrier,  while  the  lower  spectra  are  measured  with  selective 
excitation  as  indicated  by  the  arrow  in  each  case, 

bending  of  the  valence  band.  The  electron  ground  state  is  strongly  localised  to  the  notch  region, 
while  the  first  excited  electron  state  penetrates  further  into  the  flat  band  region.  This  gives  a 
higher  recombination  probability,  and  hence  a  stronger  PL  intensity  for  the  emission  involving 
the  excited  electron  state. 

We  have  also  studied  the  emission  from  a  single  side  modulation  doped  GaN/AlGaN 
structure,  as  described  in  Fig.  1.  This  sample  has  an  electron  concentration  of  3.0  10^^  cm"^  and 
a  mobility  of  850  cm^A^s  at  300K,  and  we  assume  that  a  2DEG  is  formed  in  the  QW.  PL  spectra 
from  the  modulation  doped  QW  are  shown  in  Fig.  6.  The  upper  spectrum  shows  the  emission 
with  excitation  above  the  AlGaN  barrier,  while  the  lower  spectra  shows  the  emission  with  the 
excitation  at  different  energy  position  below  the  barrier  bandgap,  as  indicated  by  the  arrows.  The 
high  energy  emission  peaking  at  3.64  eV  is  attributed  the  exciton  recombination  in  the  AlGaN 
barrier  while  the  lowest  emission  at  3.48  eV  originates  from  the  GaN  buffer  layer.  Between  these 
two  peaks  we  observe  three  well  defined  peaks  which  we  attribute  to  recombination  processes  in 
the  QW.  The  spectra  obtained  with  different  excitation  energies  show  that  these  peaks  do  not 
originate  from  the  barrier. 

The  origin  of  the  three  middle  peaks  are  not  yet  fully  understood.  Since  the  structure  is 
modulation  doped  only  on  one  side  of  the  quantum  well,  we  expect  a  significant  electric  field 
across  the  GaN  well,  giving  a  similar  potential  as  for  the  heterostructure  sample  shown  in  Fig.  5. 
In  addition  we  have  quantum  effects  giving  rise  to  several  electron  and  hole  subbands.  This  is 
however  difficult  to  calculate  and  we  can  not  at  the  moment  determine  how  many  electron  or 
hole  subbands  that  are  expected  to  be  populated.  An  important  but  yet  unsolved  problem  is  the 
energy  levels  and  dispersion  of  the  top  valence  band  for  the  2D  case  in  GaN. 

Possible  explanation  for  the  observed  emissions  include  three  electron  sublevels  populated  in 
the  notch  potential  or  two  electron  sublevels  together  with  higher  states  in  the  valence  band. 
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CONCLUSIONS 


We  have  observed  low  temperature  photoluminescence  related  to  a  two-dimensional  electron 
gas  confined  at  a  GaN/AlGaN  heterointerface.  The  energy  position  and  the  recombination 
kinetic  of  the  emission  can  be  explained  assuming  a  recombination  between  electrons  confined  in 
the  bottom  of  the  interface  potential  and  photoexcited  holes.  This  is  supported  by  a  self 
consistent  calculation  of  the  eband  potential,  which  gives  confined  energy  levels  in  agreement 
with  the  experimental  results. 

We  have  also  observed  Similar  PL  data  from  an  assymetric  modulation  doped  AlGaN/GaN 
quantum  well.  The  spectrum  exhibit  three  PL  emissions,  which  we  attribute  to  recombinations 
with  electrons  in  the  2D  electron  gas  in  the  QW.  A  definite  assignment  of  the  origin  of  the  three 
peaks  has  not  been  possible,  due  to  the  complex  and  partly  unknown  energy  splittings  in  the 
QW.  Further  studies  of  the  emission  from  the  modulation  doped  QW  is  neccesary,  and  in 
progress. 
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ABSTRACT 

We  present  calculated  longitudinal  frequency  and  wavevector  dependent  dielectric  func¬ 
tions  of  zincblende  and  wurtzite  structure  GaN  using  band  energies  and  wavefunctions  gen¬ 
erated  in  the  framework  of  the  empirical  pseudopotential  method.  We  discuss  the  anisotropy 
of  the  static  dielectric  function  and  find  that  our  results  are  in  satisfactory  agreement  with 
experimental  data  for  — >  0. 

INTRODUCTION 

GaN  in  both  wurtzite  and  zincblende  modifications  has  considerable  potential  as  a  novel 
semiconductor  material  for  short  wavelength  optoelectronic  and  high  temperature  electronic 
devices.  Its  most  attractive  property  for  many  applications  is  its  large  direct  bandgap  (3.4 
eV  and  3.3  eV  at  300K  for  wurtzite  and  zincblende  phases,  respectively)  [1].  Together  with 
the  similar  direct  bandgap  materials  InN  and  AIN  and  their  alloys  with  GaN,  the  range 
of  direct  gaps  of  III-N  materials  extends  from  1.9  eV  (InN)  to  6.2  eV  (AIN),  which  may 
lead  to  the  fabrication  of  light  emitting  diodes,  lasers,  and  photodetectors  over  the  full 
visible  spectrum  and  into  the  ultraviolet  range.  Considerable  effort  also  is  directed  towards 
the  realization  of  electronic  devices  capable  of  high  temperature  operation.  Theoretical 
research  on  GaN  transport  [2]  has  pointed  out  a  number  of  properties  that  are  different  for 
the  two  crystal  modifications  (wurtzite  and  zincblende)  that  have  been  grown  successfully 
as  epitaxicd  layers.  Current  work  on  high  field  transport  properties,  e.g.  impact  ionization, 
and  on  impurity  states  requires  a  quantitative  understanding  of  the  electronic  screening,  i.e. 
of  the  frequency  and  wavevector  dependent  dielectric  function,  e(g,a;).  In  this  paper  we  will 
discuss  results  for  t(q^  u)  for  both  crystalline  modifications  of  GaN. 

THEORY 


Outline  of  method 


The  screening  function  associated  with  electronic  interband  transitions  in  crystals  was 
formulated  by  Ehrenreich  and  Cohen[3]  in  the  mean-field  approximation.  The  frequency  and 
wavevector  dependent  dielectric  function  can  be  expressed  as 


=  E 

Afc,c,v 


{^kf\{k,  c\k  +  q,  v)p[E,{k)  -E,{k  +  g)] 
[Ec{k)  -  E^k  +  ^]2  ial2 


(1) 


Where  c  and  v  represent  the  indices  of  empty  conduction  and  occupied  valence  bands,  re¬ 
spectively,  and  (AA:)^  is  a  reciprocal  space  volume  associated  with  each  mesh  element  in  the 
first  Brillouin  zone.  The  sum  is  over  all  mesh  elements.  In  this  work  the  band  energies  Ec{k) 
and  Ev(k)  were  determined  in  the  framework  of  the  empirical  pseudopotential  method[4], 
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and  the  overlap  integrals,  ijz,c\k  ->r  q^v),  were  evaluated  using  pseudowavefunctions.  The 
pseudopotential  form  factors  for  GaN  were  empirically  determined  from  experimental  data 
for  several  critical  point  bandgaps  and  the  conduction  band  effective  masses[5][l].  Following 
this  procedure,  the  pseudopotential  bandstructure  calculation  for  zincblende  GaN  yielded  re¬ 
sults  in  satisfactory  agreement  with  the  published  experimental  data  and  with  first-principles 
calculations [6],  For  wurtzite  structure  GaN,  however,  we  had  difficulty  in  fitting  all  exper¬ 
imental  parameters  simultaneously.  The  best  fit  was  achieved  by  choosing  pseudopotential 
form  factors  that  yielded  a  bandstructure  with  all  critical  point  bandgaps  larger  than  the  ex¬ 
perimental  values  by  approximately  1  eV.  This  discrepancy  was  then  corrected  by  shifting  all 
conduction  bands  rigidly  down  by  1  eV.  Fig.  1(a)  displays  the  bandstructure  for  zincblende 
GaN,  and  Fig.  1(b)  shows  the  corrected  bandstructure  for  wurtzite  GaN.  In  all  calculations 
the  spin-orbit  interaction  was  neglected. 


Figure  1;  (a).  Bandstructure  of  zincblende  GaN  with  a  direct  gap  of  3.3  eV.  (b).  Band- 
structure  of  wurtzite  GaN  with  a  direct  gap  of  3.4  eV.  Both  are  produced  by  the  empirical 
pseudopotential  method. 


Numerical  evaluation  of  equation  (1)  is  straightforward  for  non-vanishing  q.  We  used  a 
k  •  p  expansion  of  the  overlap  integral  to  obtain  the  long  wavelength  limit: 


l^e(9,a;)  =  1-h 


_ |g-Pcr;P(Afc)^ _ 

-  EviMEcik)  -  -  [fto;  +  ian 


(2) 


where  q  is  the  unit  vector  in  the  direction  of  q,  and  the  overlap  integral  has  been  replaced 
by  the  matrix  element  Pcv  =  (k,  c\P\k,  u),  where  P  is  the  momentum  operator. 

The  static  dielectric  function  c(^  was  directly  calculated  from  equation  (1).  However, 
for  hu  >  Eg  the  denominator  will  be  zero  at  certain  k  points,  and  equation  (1)  becomes 
singular.  Therefore  we  first  calculated  the  imaginary  part  of  the  dielectric  function  63(9,0;) 
and  then  used  the  Kramers- Kronig  relation  to  calculate  the  real  part  €1(9,0;). 

Prom  equation  (1)  the  expression  of  €3(9,0;)  has  the  form 

€2(9,0;)  =  ^  ^  \{k,c\k-^q,v)\^{Akf5{Ecik)-Ev{k-]-^-tiw)  (3) 

Ak,c,v 
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To  evaluate  e2(9>‘A;),  we  replaced  the  delta  function  by  a  Gaussian  function.  Using  the 
Kramers-Kronig  relation,  we  obtained  immediately  the  real  part  of  the  dielectric  function 
ei{q,u).  We  will  discuss  the  Brillouin  zone  discretization  schemes  and  the  bands  included 
for  zincblende  structure  and  wurtzite  structure  GaN  separately. 

Zincblende  GaN 

For  the  zincblende  structure  we  set  up  a  mesh  which  divides  the  first  Brillouin  zone  into 
small  cubes[7].  The  coordinates  of  the  centers  of  the  cubes  are  given  by  ^(2nx  +  l,2ny  + 
1,271^  +  1)  in  units  of  27r/a,  where  n^,  Uy,  and  are  integers  from  -8  to  +7  and  a  is  the 
lattice  constant.  Hence,  the  first  Brillouin  zone  is  divided  into  2432  parts. 

In  the  calculation  of  the  dielectric  functions,  four  valence  bands  and  the  lowest  11  con¬ 
duction  bands  were  used.  The  contribution  from  higher  conduction  band  states  is  negligible 
because  of  the  small  overlap  integrals  and  the  big  energy  differences.  Prom  equation  (2)  we 
obtained  the  “optical”  dielectric  constant  e{q  ^  0,a;  =  0)  =  Coo=5-16.  Evaluating  equation 
(3)  with  a  denser  mesh  (each  cube  is  further  divided  into  27  smaller  cubes),  we  obtained  a 
reasonably  smooth  dielectric  function. 


Figure  2:  (a)  Static  dielectric  functions  for  q  along  the  (100),  (110)  and  (111)  directions  in 
zincblende  GaN;  (b)  and  along  (100),  (010)  and  (001)  directions  in  wurtzite  GaN. 


■Wurtzite  GaN 

For  wurtzite  GaN  we  chose  a  coordinate  system  in  which  the  direct  primitive  lattice 
vectors  are  defined  as  ai  =  (-^a,  — 1,0),  02  =  (-^0,^,0),  =  (0, 0,c),  where  a  and  c  are 

the  lattice  constants;  the  corresponding  reciprocal  lattice  vectors  are  61  =  27r(-^,  — 0), 
62  =  27r(-^,  ^,0),  and  63  =  27r(0,0,  ^),  respectively.  In  this  coordinate  system  we  defined 
three  unit  vectors:  vi  —  0),  U2  =  5, 0),  and  V3  =  (0, 0, 1),  The  mesh  points  in  the 

Brillouin  zone  were  defined  by  ^  =  C'i(/7Ti  •+•  7717/2)  +  02777/3,  where  /,  tti,  and  n  are  integers, 
Cl  —  3^  and  02  =  •^.  For  the  results  presented  here  we  used  Ni  =  18  and  iV2  =  12,  and 
the  Brillouin  zone  was,  hence,  divided  into  3024  parts. 
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The  calculations  for  wurtzite  GaN  included  8  valence  and  the  lowest  12  conduction  bands; 
the  higher  conduction  bands  contribute  negligibly  and  were  ignored.  With  these  approxi¬ 
mations  we  obtained  “optical”  dielectric  constants  of  5.49  in  the  c-direction  and  5.54  in 
perpendicular  directions.  For  a;  /  0,  each  mesh  element  was  further  divided  into  7  parts. 


Figure  3:  The  real  and  imaginary  parts  of  the  optical  dielectric  functions,  (a)  Zincblende 
GaN;  (b)  Wurtzite  GaN.  The  solid  lines  show  the  real  and  the  dash-dotted  lines  the  imaginary 
parts. 


RESULTS 

Fig.  2(a)  displays  the  static  dielectric  function  of  zincblende  GaN  along  (100),  (110) 
and  (111)  directions;  Fig.  2(b)  shows  those  of  wurtzite  GaN  along  (100),  (010),  and  (001) 
directions.  In  both  cases,  the  three  curves  converge  to  the  same  values  for  very  small  and 
large  wavevectors,  but  noticeable  anisotropy  occurs  for  intermediate  q.  For  wurtzite  GaN  a 
small  anisotropy  persists  even  at  4'’=  0. 

Fig.  3(a)  shows  £2(9  ->  0,a;)  and  the  corresponding  ei(^  0,  a;)  for  zincblende  GaN  in 
the  (111)  direction,  and  Fig.  3(b)  shows  those  of  wurtzite  GaN  along  the  (001)  direction 
(here  we  again  used  the  k  •  p  expansion). 

Figs.  4(a)  and  (b)  depict  £1(9,0;)  and  £2(9,0;)  of  zincblende  GaN  with  9  in  the  (111) 
direction.  Each  curve  corresponds  to  a  different,  fixed  9  value.  To  show  the  anisotrpy  more 
clearly,  we  plot  in  Figs.  5(a)  and  (b),  respectively,  the  differences  of  the  £1(9,0;)  and  £2(9,^^) 
between  (100)  and  (111)  directions.  Comparable  differences  are  also  observed  between  (100) 
and  (110)  directions,  and  between  (111)  and  (110)  directions,  indicating  that  the  anisotropy 
is  more  significant  at  non-zero  frequency  than  in  the  static  case  shown  in  Fig.  2. 

CONCLUSIONS 

Comparing  our  results  with  other  calculations,  we  found  that  our  “optical”  dielectric  con¬ 
stant  values  lie  between  those  of  LMTO  calculations  within  the  atomic  sphere  approxima- 
tion[8]  and  those  based  on  LDA  pseudopotential  calculations  with  local-field  corrections [9]. 
The  former  yield  4.78  for  zincblende  GaN,  and  4.71  for  wurtzite  GaN,  while  the  latter  give 
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5.74  for  zincblende  GaN  and  5.54  for  wurtzite  GaN  (the  experimental  value  of  Cqo  for  wurtzite 
GaN  is  5.35±0.20). 

In  comparing  to  experimental  data,  we  found  our  result  of  €2(9  0,  a;)  to  be  quantita¬ 

tively  different  from  the  measurements  of  Logothetidis,  et.  al  [5].  As  shown  in  Fig.  3(b), 
we  found  that  our  optical  dielectric  function  in  the  c-direction  peaks  at  7  and  8  eV,  which  is 
very  close  to  the  experimental  values.  However,  our  peaks  are  much  higher.  For  zincblende 
GaN,  as  shown  in  3(a),  our  result  reveals  a  dominant  {E2)  peak  located  at  8.6  eV,  which  is 
associated  with  transitions  near  ^(3, 1, 1).  The  experimental  data  appears  to  suggest  that 
this  peak  occurs  close  to  7.6  eV  and  that  it  is  considerably  weaker.  It  may  be  speculated 
that  residual  strain  in  epitaxial  layers  could  lead  to  significant  shifts  of  some  resonance  peaks 
relative  to  the  unstrained  material.  We  also  noticed  that  the  experimentally  measured  di¬ 
electric  function  at  frequencies  close  to  the  bandgap  is  systematically  larger  than  our  result. 
The  second  peak,  positioned  at  11.5  eV,  is  approximately  1  eV  below  an  experimentally 
observed  feature[6]. 

In  summary,  we  calculated  the  dielectric  functions  for  zincblende  structure  and  wurtzite 
structure  GaN  based  on  a  mean  field  formula;  band  energies  and  wavefunctions  were  pro¬ 
duced  by  empirical  pseudopotential  calculations.  Our  results  for  the  “optical”  dielectric 
constant,  Coo,  agree  quantitatively  with  experimental  values. 
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ABSTRACT 

Detailed  photoluminescence  (PL)  studies  of  high-quality  MBE-grown  single-crystal  cubic 
and  hexagonal  GaN  are  presented.  We  identify  free  and  bound  exciton  recombination.  By 
means  of  a  line-shape  analysis,  we  quantitatively  analyze  our  spectra,  which  were  taken  as 
a  function  of  temperature  (T  =  4  —  300  K)  and  excitation  density  (Pex  =  0.3  —  200W/cm^). 
We  show  the  dominant  recombination  channel  at  300  K  to  be  free-excitonic  in  nature  with 
an  internal  small-signal  quantum  efficiency  of  6  •  10“^  for  both  cubic  and  hexagonal  material. 
Based  on  a  three-level  model,  activation  energies  for  exciton  dissociation  are  evaluated. 
Radiative  (ryad  ~  2  ns)  and  nonradiative  lifetimes  (xg  «  1  ^s,  Th  ^  20 ps)  are  determined, 
where  in  the  latter  case,  electron  and  hole  trapping  are  considered  separately.  Furthermore, 
we  show  that  the  dominant  nonradiative  recombination  center,  being  a  hole  trap,  saturates 
at  Pex  >  20W/cm^. 

INTRODUCTION 

GaN  has  become  subject  of  intensive  research,  since  it  is  not  only  a  promising  candidate  for 
optical  devices  in  the  near-UV  spectral  range,  but  also  for  high-power  and  high-frequency 
electronic  applications.  Triggered  by  a  realization  of  a  blue  LED  in  1994,  many  groups  have 
started  working  on  group-III  nitrides  grown  on  sapphire  with  the  objective  to  develop  a  blue 
laser  diode  .  However,  fundamental  problems  regarding,  e.g.,  crystal  quality,  cleavability  and 
p-type  doping  are  still  to  be  solved. 

Even  though  a  sound  understanding  of  the  dominant  recombination  channels  at  room  tem¬ 
perature  in  general  and  the  intrinsic  luminescence  in  particular  are  of  crucial  importance  for 
the  design  of  such  a  laser  diode  ,  little  is  known  about  these  processes.  In  this  work,  we 
fill  this  gap  for  both  phases  not  only  by  investigations  on  exciton  recombination,  band-band 
recombination  and  carrier  trapping,  but  also  by  determination  of  the  figures  of  merit  for 
device  operation,  which  are  the  quantum  efficiency  and  the  (non)radiative  lifetimes. 

We  mainly  focus  on  the  two  radiative  transitions  at  FA'c=3.27  eV  and  FAh=3.47  eV  (T=4 
K),  Cathodoluminescence  (CL)  studies  were  used  to  assign  these  to  cubic  and  hexagonal 
GaN  [1],  respectively.  By  a  careful  analysis  of  the  temperature  dependence  of  the  photo¬ 
luminescence,  we  show  that  FXc  and  FXu  follow  the  band-gap  of  cubic  [2]  and  hexagonal 
GaN  [3] ,  respectively,  being  shifted  to  lower  energies  by  the  estimated  free-exciton  binding 
energy  Rx  ^  28  meV  [3]. 

Having  identified  FXc  and  FXu  to  arise  from  free-exciton  recombination,  we  determine 
their  quantum  efficiency  and  investigate  the  room-temperature  behavior  of  the  band-gap 
luminescence  (BGL),  which  consists  of  the  band-band  and  free-exciton  transitions.  We 
model  the  dependence  of  the  BGL  intensity  on  Pex  and  extract  the  (non)radiative  lifetimes. 
The  values  obtained  are  not  only  consistent  with  time- resolved  PL  studies  [4],  but  also  with 
the  phenomenon  of  defect  saturation,  which  we  observe  to  occur  for  the  sample  investigated. 
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EXPERIMENT:  Sample  and  Photoluminescence  Apparatus 

All  the  measurements  were  performed  on  one  sample  grown  in  a  custom-made  MBE  system 
equipped  with  a  DC  glow-discharge  N2  plasma  source. 

A  1.5 /im  thick  single-phase  cubic  GaN  film  was  grown  on  a  (100)  GaAs  substrate.  On  top 
of  this  film,  cubic  and  hexagonal  microcrystals  with  diameters  of  3  (xm  were  grown  by 
a  vapor-liquid-solid  like  epitaxial  process  under  Ga-rich  conditions  [5].  The  crystals,  being 
extremely  pure  and  hence  defining  an  optical  standard,  dominate  the  sample’s  luminescence. 
Therefore,  this  sample  structure  was  chosen  for  our  investigations.  The  structural  and  mor¬ 
phological  properties  of  the  sample  were  verified  by  means  of  in  situ  RHEED,  XRD,  TEM 
and  SEM,  while  CL  was  used  to  selectively  analyze  the  crystals  and  the  film  [1]. 

The  PL  measurements  were  carried  out  in  a  standard  apparatus  using  the  325  nm  line 
of  a  HeCd  laser  for  carrier  injection.  Neutral  density  filters  were  employed  to  vary  the 
excitation  power  which  was  measured  in  front  of  the  sample  by  a  calibrated  joulemeter. 
The  luminescence  signal  was  detected  by  a  photoniultiplier  after  having  been  analyzed  in  a 
grazing-incidence  spectrometer  (60Q  lines/mm).  The  sample  itself  was  kept  in  an  evacuated 
continuous  flow  cryostat  with  T  =  3.8  —  300  K. 

RESULTS  AND  DISCUSSION 

Photoluminescence:  Temperature  Dependence 

In  order  to  identify  the  band-gap  luminescence  and  to  study  the  behavior  of  defect-mediated 
radiative  recombination,  temperature  dependent  photoluminescence  measurements  were  per¬ 
formed  with  T  ranging  from  4  to  300  K.  As  already  mentioned  above,  we  are  mainly  interested 
in  the  two  emission  lines  with  EXc=3.27  eV  and  FAh=3.47  eV  at  4  K. 
Cathodoluminescence  studies  [1]  reveal  that  these  lines  originate  from  cubic  and  hexagonal 
material,  respectively.  FXc  does  not  only  appear  upon  excitation  of  cubic  crystals  but  can 
also  be  found  in  the  cubic  film  underneath  the  crystals.  In  this  case,  the  linewidth  of  the 
FXc  transition  is  larger  due  to  the  inferior  crystal  quality  of  the  film  as  compared  to  the 
cubic  crystals.  FXu  can  only  be  detected  in  hexagonal  crystals  and  not  in  the  film. 

Having  three  different  emission  sources  on  one  sample,  namely,  two  kinds  of  crystals  and 
the  cubic  film,  the  PL  spectra  will  generally  be  rather  complex  in  nature.  To  cope  with  the 
resulting  problems  of  quantitative  interpretation,  a  line-shape  analysis  program  has  been 
developed.  We  distinguish  between  1.)  Band-Band  {BB),  2.)  Free  Exciton  {FX),  3.)  Bound 
Exciton  (BX)  and  4.)  Defect-Mediated  Recombination  [6, 7].  This  enables  us  to  obtain  good 
fits  for  all  the  spectra,  where  the  average  deviation  from  the  data  points  is  of  the  order  of 
the  noise  level.  In  Fig.  1-4,  examples  of  such  a  spectral  decomposition  are  displayed. 

Anart  from  the  FXc  and  FXn  lines,  which  will  be  shown  to  arise  from  the  recombination  of 
tree  excitons,  the  bound  exciton  of  the  cubic  phase  BX  can  be  seen.  Furthermore,  a  broad 
band  higher  in  energy  than  FXc  is  found,  which  we  tentatively  assign  to  the  band-band 
transition  {BB)  of  the  cubic  phase,  since  its  position  agrees  with  the  reported  value  [2]  and 
because  it  has  the  theoretically  predicted  lineshape  [7]. 
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FIG.  1-4:  PL  spectra  with  line-shape  analysis  at  various  temperatures. 

The  symbols  are  the  measured  data  whereas  the  solid  lines  show 
the  least  squares  fits  and  their  individual  contributions. 

BX  can  be  observed  only  for  T  <  50  K.  The  binding  energy  of  the  bound  exciton  has 
been  estimated  to  pa  5  meV  [1].  All  the  other  peaks  are  related  to  defects  and  prevail  for 
10  <  r  <  70  K.  At  higher  temperatures,  however,  the  FXc  and  FXa  transitions  are  getting 
stronger  and  finally  dominate  the  PL  at  300  K. 

In  FIG.  5a,  the  energy  positions  of  FXc  and  FXu  are  compared  to  the  band  gaps  (dashed 
lines)  of  cubic  [2]  and  hexagonal  GaN  [3].  The  solid  lines  are  fits  to 

Eg{T)  =  Eo{0)  -  S  {hu)  coth  ,  (1) 


where  {hco)  stands  for  an  average  phonon  energy  and  S  is  the  Huang- Rhys- Fact  or  [8]. 

The  data  for  the  cubic  phase  are  shifted  by  an  average  of  27  ±  3  meV  to  lower  energies, 
while  those  for  the  hexagonal  phase  are  shifted  by  30  ±  3  meV.  Taking  into  account  that 
the  predicted  free-exciton  binding  energy  is  Rx  ~  28  meV,  this  provides  strong  evidence  for 
the  interpretation  of  these  peaks  as  free  exciton  transitions.  The  observed  position  of  BB, 
which  can  be  resolved  at  low  temperatures  to  within  1%,  agrees  with  the  reported  values. 
Furthermore,  FXc  and  FXn  have  the  same  exciton-like  line-shape  and  their  intensity  versus 
excitation  density  behaves  intrinsically,  i.e.  linearly  for  Pex  >  20W/cm^,  as  will  be  shown 
below.  We  thus  identify  these  transitions  as  arising  from  free-exciton  recombination. 
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FIG.  5a:  Free-exciton  energies  (symbols)  and  band-gaps  (dashed  lines) 
as  functions  of  temperature.  The  solid  lines  are  fits  to  Eq.(l). 

FIG.  5b:  Intensity  of  exciton  luminescence  (symbols)  against  T~^  at 

small  signal  excitation  (Pex  =  2W/cm^)  with  fits  (solid  lines) 
based  on  Eq.  (2). 


In  FIG.  5b,  the  intensity  I  of  the  free-exciton  luminescence  is  plotted  versus  T~^.  The  data 
were  taken  under  small  signal  excitation  conditions  (Pex  =  2  W/cm^).  The  lines  represent  a 
fit  based  on  a  3-level  exciton  model  [9]  with  two  activation  energies  £^1,2: 


7(r)  = 


_ h _ 

1  -f  Cl  exp  (— £?i/£T)  -h  C2  exp  {—E2lkT)  ’ 


(2) 


We  obtain  E'f  =  13.4  meV,  E2  —  2.1  meV  for  cubic  and  E^  =  18.5  meV,  E^  —  3.5  meV 
for  hexagonal  GaN.  E\  is  compatible  with  the  thermal  exciton  dissociation,  which  is  known 
to  occur  at  kinetic  energies  of  3/4 This  process  is  predominantly  responsible  for  the 
quenching  of  the  free-exciton  recombination  with  increasing  temperature.  E2,  being  consi¬ 
derably  lower  than  Rx-,  is  still  under  discussion.  We  suppose  E2  to  be  due  to  local  potential 
fluctuations  which  can  create  quasi-bound  excitons.  The  total  decrease  in  intensity  of  the 
exciton  luminescence  from  4  K  to  300  K  is  7/  =  /(300)/7(4)  ^  10“^  for  both  cubic  and 
hexagonal  GaN.  Under  the  assumption  that  the  quantum  efficiency  of  free  exciton  recombi¬ 
nation  is  unity  at  4  K,  this  factor  rj  represents  the  room  temperature  small  signal  quantum 
efficiency.  By  comparison  with  FIG.  6b,  we  see  that  t]  is  close  to  the  quantum  efficiencies 
extracted  from  intensity  dependent  measurements  at  300  K  and  low  excitation  densities  for 
both  phases. 
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FIG.  6a, b:  Intensity  and  quantum  efficiency  of  the  near  band-edge  luminescence  against 
excitation  density  (symbols)  compared  to  model  calculations  (solid  lines). 

Photoluminescence:  Excitation-Density  Dependence 


To  obtain  the  (non)radiative  lifetimes  and  quantum  efficiencies,  PL  spectra  were  taken  at 
300  K  as  a  function  of  excitation  density  Pex-  In  FIG.  6a,  the  intensity  of  the  band-gap 
luminescence  is  depicted  against  Pgx- 

At  Pex  <  10  W/cm^,  the  intensity  varies  nonlinearly  due  to  the  existence  of  non-radiative 
recombination  centers.  At  Pgx  ~  lOW/cm^,  we  observe  a  strong  increase  in  intensity.  For 
Pex  >  20W/cm^,  the  band-gap  luminescence  behaves  intrinsically,  i.e.  increases  linearly 
with  increasing  excitation  density. 

Based  on  a  modified  version  of  a  rate  equation  model  developed  in  [10],  which  takes  into 
account  radiative  band-band  recombination,  free-exciton  recombination,  electron  and  hole 
capture  and  exciton  formation  and  dissociation,  we  are  able  to  extract  the  intrinsic  radiative 
lifetime  r^ad  and  the  nonradiative  lifetimes  Te,  for  electron  and  hole  capture: 


TAB.  1:  (Non)Radiative  lifetimes  at  300  K 


Cubic 

Hexagonal 

'Hrad 

2  ns 

2  ns 

ni 

10  ps 

40  ps 

Te 

0.7  fis 

3  fis 

It  has  to  be  pointed  out  that  absolute  values  can  only  be  obtained  upon  calculation  of  the 
radiative  recombination  coefficient  B  and  the  absorption  coefficient  a.  The  above  results, 
which  have  to  be  taken  as  order-of-magnitude  estimate  are  however  consistent  with  the 
lifetimes  which  have  been  determined  directly  by  time-resolved  PL  measurements  [4].  They 
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reveal  that  the  dominant  nonradiative  recombination  center  acts  as  a  hole  trap.  Moreover, 
the  data  show  that  this  trap  saturates  at  modest  excitation  densities  because  of 
In  FIG.  6b,  the  quantum  efi&ciency  as  function  of  excitation  density  can  be  seen.  It  approa¬ 
ches  unity  at  Fex  ^  lOOW/cm^  for  both  cubic  and  hexagonal  GaN,  while  under  very  low 
excitation  conditions,  quantum  efficiencies  of  Rri  6  •  10"^  are  obtained. 


CONCLUSIONS 

In  this  work,  we  have  shown  that,  for  both  phases  of  GaN,  the  dominant  radiative  recombina¬ 
tion  channel  at  room  temperature  is  free-excitonic  in  nature  while  the  dominant  nonradiative 
recombination  center  acts  as  a  hole  trap  which  can  be  saturated  under  modest  excitation 
conditions.  This  explains  the  well-known  fact  that  the  luminescence  of  state  of  the  art  GaN 
is  very  intense  despite  its  high  defect  density. 
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ABSTRACT 

We  study  deep  defects  in  AIN  crystals  in  the  near  infrared  by  photolumin^ence  and 
compare  the  observed  emissions  with  those  in  GaN.  By  below  bandgap  excitation  with  an 
Ar  ion  laser  three  no-phonon  lines  at  1.043  eV,  0.943  eV,  and  0.797  eV  were  detected,  which 
are  caused  by  different  residual  transition  metal  contaminants.  The  weak  emission  at  1.043 
eV  and  the  intensive  emission  at  0.797  eV  show  AIN  related  phonon  sidebands,  whereas  the 
emission  at  0.943  eV  has  practically  no  phonon  sideband.  No  hot  lines  could  be  detected  for 
the  emissions  at  0.943  and  0.797  eV  in  temperature  dependent  measurements.  We  discuss 
possible  identifications  of  the  luminescence  centers  and  the  similarity  between  GaN  and  AIN 
in  view  of  transition  metals. 

INTRODUCTION 

With  the  tremendous  increase  of  interest  for  GaN  to  develop  not  only  a  blue  light  emit¬ 
ting  diode  (LED)  but  also  a  blue  laser,  the  interest  in  the  nitrides  increased  in  general.  With 
the  three  nitride  based  semiconductors  InN,  GaN,  and  AIN  the  bandgap  can  be  varied  be¬ 
tween  1.9  eV  (bandgap  of  InN)  and  6.3  eV  (bandgap  of  AIN).  Thus,  not  only  the  blue-green 
LED  is  possible  [1],  but  also  opticsJ  devices  in  the  ultra-violet  region.  Up  to  now  only  a  few 
photoluminescence  (PL)  studies  of  AIN  have  been  done  because  no  conventional  ion  lasers 
are  available  to  excite  electrons  with  6.3  eV  from  the  valence  band  to  the  conduction  band. 
Deep  defects  like  transition  metals  are  believed  to  be  omnipresent  defects  in  the  nitride 
compounds.  However  no  quantitative  information  is  available,  yet.  One  method  to  gain 
information  about  deep  traps  also  at  low  doping  concentrations  can  be  PL.  For  GaN  vziri- 
ous  luminescence  centers,  which  are  caused  by  transition  metals,  were  detected  in  the  near 
infrared  region  (NIR)  and  could  partly  be  identified  [^-7].  Recently  Baur  et  al.  [4]  reported 
two  emission  centers  in  AIN  which  have  no-phonon  (NP)  lines  at  1.201  eV  and  1.297  eV.  On 
the  basis  of  a  comparison  of  their  results  with  two  emissions  at  1.19  eV  and  1.3  eV  in  GaN 
they  attributed  the  1.201  eV  luminescence  center  to  Cr^"^  and  the  1.297  eV  luminescence 
center  to  Fe^'*'.  Although  we  believe  that  the  two  emissions  in  GaN  and  AIN  have  the  same 
origin,  we  attribute  the  1.19  eV  center  in  GaN  [7]  and  therefore  also  the  1.201  eV  center  in 
AIN  to  the  ^E  — ^  ^A2  internal  electronic  transition  of  Ti^"*"  and  not  to  Cr^"^.  In  this  paper 
we  focus  on  further  luminescence  centers  in  AIN  that  could  be  detected  in  various  crystals 
by  below  bandgap  excitation  with  an  At  ion  l2iser. 

EXPERIMENTAL 

The  samples  were  partly  grown  by  mixing  Al  and  N  at  very  high  temperatures  (1900°C). 
Small  AIN  crystalline  needles  were  obtained  with  a  typical  length  of  3  mm  and  a  diameter 
of  about  100/xm.  For  comparison  we  also  investigated  AIN  powder  and  AIN  layers  grown  by 
metal  organic  vapor  phase  epitaxy.  Preliminary  intentional  doping  experiments  of  GaN  and 
AIN  crystals  by  indiffusion  of  Fe  at  temperatures  between  700  and  900®C  in  vacuum  were 
unsuccessful  to  stimulate  the  Fe®"^  luminescence  signal  at  1.3  eV  in  GaN  and  1.297  eV  in 
AIN. 

The  PL  measurements  were  performed  using  either  conventional  monochromator  tech¬ 
nique  or  a  BOMEM  DA8.02  Fourier  spectrometer.  The  excitation  was  performed  with  an 
Ar  ion  laser,  which  had  a  possible  UV  option.  For  all  measurements  a  Germanium  detector 
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was  used. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Figure  1  shows  a  PL  spectrum  of  an  AIN  needle  in  the  NIR.  We  observe  one  weak  NP  line 
at  1.043  eV  and  two  intense  NP  lines  peetking  at  0.943  eV  and  0.797  eV  by  below  bandgap 
excitation  with  the  514  nm  green  line  of  the  Ar  ion  laser.  Only  the  0.943  eV  luminescence 
center  could  be  detected  under  UV  excitation,  the  other  two  emissions  could  not  be  detected 
by  the  UV  light  (360  nm)  of  the  Ar  laser. 


FIG.  1  NIR  PL  spectrum  of  an  AIN  crystalline  needle  excited  with  below  bandgap  exci¬ 
tation  of  the  514  nm  ^een  line  of  an  Ar  ion  laser.  Besides  a  weak  NP  line  at  1.043  eV  we 
observe  two  strong  emissions  peaking  at  0.943  eV  and  0.797  eV. 


The  1,043  gV  emission 

Figure  2  (a)  shows  a  more  detailed  spectrum  of  the  weak  1.043  eV  emission.  The  linewidth 
is  about  2  meV.  The  defect  center  shows  coupling  to  phonon  modes  close  to  modes  observed 
for  AIN  in  Raman  spectroscopy  [8].  The  peaks  in  the  phonon  sideband  at  86.3  meV,  and 
112.8  meV  (Ei(LO))  coincide  with  the  modes  observed  in  Raman  spectroscopy  on  the  AIN 
needles.  The  mode  at  77.9  meV  is  a  little  lower  in  energy  than  the  corresponding  Raman 
mode.  Thus,  this  mode  is  caused  by  a  local  mode  of  the  defect.  A  part  of  the  peak,  which  is 
attributed  to  the  phonon  at  112.8  meV,  belongs  to  a  shoulder  of  the  0.943  eV  emission  (see 
next  section). 

The  1.043  eV  luminescence  is  still  visible  with  about  the  same  intensity  at  80  K.  We 
only  observe  a  small  shift  of  about  0.2  meV  to  lower  energy,  which  is  t3^ical  for  internal 
electronic  transitions  of  3d  elements  [9].  As  already  pointed  out  in  the  introduction  internal 
electronic  transitions  of  the  same  transition  metal  ion  in  GaN  and  AIN  seem  to  have  nearly 
equal  energies.  On  the  basis  of  this  argument  the  1.043  eV  emission  in  AIN  is  caused  by  the 
luminescence  center  responsible  for  the  1.047  eV  emission  in  GaN[10,  11],  which  is  depicted 
in  the  upper  spectrum  of  Fig.  2.  This  emission  is  attributed  to  the  ^T2  ^  A2  transition  of  a 

3d  element  with  a  3d^  electronic  configuration.  Co^"*"  and  Ni^^  are  discussed  as  luminescence 
centers  [10,  llj. 
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Fig.  2.  (a)  PL  spectrum  of  the  1.043  eV  emission  in  AIN  together  with  the  corresponding 
phonon  sideband.  The  energy  values  belong  to  phonon  energies  and  localized  vibrational 
modes,  (b)  A  comparison  spectrum  of  the  1.047  eV  luminescence  in  GaN  together  with  the 
GaN  related  phonon  sideband. 


The  0.943  eV  emission 

The  emission  at  0.943  eV  is  close  to  an  emission  at  0.931  eV  in  GaN  reported  by  Baur 
et  al.  [4).  They  observed  in  temperature  dependent  PL  spectra  a  hot  line  1.6  meV  higher 
in  energy.  This  was  their  basis  to  attribute  the  0.931  eV  emission  to  an  internal  electronic 
transition  of  V®"'". 

Figure  3  shows  the  0.943  eV  emission  for  three  different  samples.  The  inset  comp2tres 
two  spectra  recorded  at  diflferent  sample  temperatures. 

With  rising  temperature  we  observe  no  hot  line  (also  at  higher  energies  not  shown  here). 
The  energy  shift  towards  lower  energy  between  the  2  K  and  the  85  K  spectrum  is  about  0.2 
meV.  In  some  samples  the  emission  showed  a  shoulder,  labelled  A,  on  the  low  energy  side. 
A  similar  observation  can  be  made  for  the  1.19  eV  emission  in  GaN.  Possibly  this  is  caused 
by  internal  strain  or  rather  a  disturbance  in  the  neighborhood  of  the  luminescescence  center. 

The  linewidth  of  this  emission  is  between  0.5  and  0.6  meV  depending  on  the  sample.  For 
rising  temperatures  up  to  85  K  the  linewidth  only  slightly  increases  from  0.5  meV  to  0.7 
meV. 

Phonon  sidebands  could  practically  not  be  resolved  for  this  emission.  By  chance  the 
weak  emission  at  0.832  eV,  labelled  a  (compare  also  Fig.  4),  is  112.8  meV  from  the  0.943 
eV  NP  line  in  this  sample.  But  the  emission  at  0.832  eV  belongs  most  definitely  to  a  fine 
structure  of  the  0.797  eV  luminescence  center  and  not  to  the  coupling  of  a  phonon  mode 
of  AIN.  The  experimental  behavior  of  this  emission  is  very  similar  to  that  of  the  1.19  eV 
emission  in  GaN  and  may  also  be  caused  by  the  ->  ^A2  transition  of  a  3d^  configuration 
(possilbly  or  Cr^+).  Maybe  in  AIN  the  excited  state  is  energetically  below  the  ^T2 
excited  state,  similar  to  Ti^"^  in  GaN  [7].  Zeeman  measurements  have  to  be  performed  to 
identify  this  emission  center.  The  linewidth  of  0.5  meV  in  the  best  samples  is  sufficient  to 
allow  these  studies. 
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Fig.  3.  PL  spectra  in  the  energy  range  of  the  0.943  NP  line.  Spectra  with  and  without 
the  low  ener^  shoulder  labelled  A  are  shown.  In  the  inset  two  spectra  detected  at  2  K  and 
85  K  are  depicted.  The  linewidth  of  the  peak  is  0.5  meV. 


In  general  the  strongest  luminescence  in  our  samples  is  the  emission  at  0.797  eV.  Figure 
4  gives  a  detailed  spectrum  in  the  range  of  this  emission.  Besides  the  strong  NP  line  at  0.797 
eV  we  resolve  four  weak  satellite  peaks  in  the  range  of  the  0.797  eV  emission  at  0.832  eV 
(a),  0.815  eV  (b),  0.811  eV  (c),  and  0.777  eV  (e).  The  whole  set  of  lines  is  indicated  by  the 
rake  with  five  arrows. 

The  linewidth  of  the  main  peak  at  0.797  eV  is  4  meV  in  our  samples.  As  shown  in  the 
inset  of  Fig.  4  no  hot  lines  could  be  resolved  up  to  85  K.  Similar  to  the  0.943  eV  emission 
also  the  strong  0.797  eV  emission  shows  nearly  no  increase  in  linewidth  and  only  the  small 
shift  of  about  0.2  meV  to  lower  energy. 

On  the  low  energy  side  of  the  0.797  eV  emission  a  broad  shoulder  appears.  The  maximum 
of  this  shoulder  is  close  to  the  E2(low)  (30.7  meV)  phonon  mode,  which  is  observed  in  Raman 
measurements.  76  meV  lower  in  energy  a  further  set  of  peaks  appears.  The  spacing  of  the 
two  main  peaks  at  0.722  eV  (d’)  and  0.782  (c’)  agrees  excellently  with  the  Ai(TO)  (76.1 
meV)  mode,  which  can  be  observed  in  Raman  measurements. 

In  general  the  spectrum  of  the  0.797  eV  luminescence  center  looks  similar  to  the  well- 
studied  0.84  eV  emission  of  Cr  in  GaAs  [12].  This  luminescence  center  is  attributed  to  an 
internal  electronic  transition  of  Cr^"''  on  a  Ga  substitutional  lattice  site.  The  tetrahedral 
environment  of  the  Cr  center  is  disturbed  by  a  defect  atom  on  one  of  the  four  As  nearest 
neighbor  sites.  The  0.797  eV  luminescence  center  may  be  caused  by  a  similar  defect.  A 
^To  ground  state  is  a  good  possibility  for  this  emission.  Thus  possible  candidates  are  Mn®'*', 
Cr2+,  and  V+. 
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Fig.  4.  PL  spectrum  of  the  0.797  eV  emission.  In  addition  to  the  main  no-phonon  line  we 
observe  further  weak  satellite  peaks  indicated  by  the  rake.  The  inset  compares  two  spectra 
of  the  0.797  eV  emission  detected  at  2  K  and  85  K. 

To  the  0.797  eV  emission  in  AIN  we  also  observed  an  emission  with  the  main  peak  at 
0.77  eV  in  GaN  samples  grown  by  the  sandwich  technique.  This  luminescence  in  GaN  is 
shown  in  the  upper  part  of  Fig.  5.  The  shape  looks  similar  to  the  0.797  eV  emission,  but  it 
is  broader  and  therefore  possible  fine  structures  can  not  be  resolved. 


FIG.  5.  PL  spectra  of  AIN  and  GaN  in  the  optical  range  of  between  0.7  eV  and  1.4  eV. 
The  emission  at  0.797  eV  seems  to  have  a  counterpart  in  GaN  at  0.77  eV. 

CONCLUSIONS 

By  photoluminescence  we  studied  residual  transition  metals  in  AIN.  We  observe  three 
luminescence  centers  at  1.043  eV,  0.943  eV,  and  0.797  eV.  As  already  pointed  out  by  Baur 
et  al.  [4]  it  seems  possible  to  transfer  the  identifications  of  internal  electronic  transitions  in 
GaN  £Uso  to  AIN.  In  Tab.  I  transition  metal  emissions  in  AIN  and  GaN  are  summarized. 
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AIN  GaN  possible  identification 

Energy  (eV)  Energy  (eV)  in  GaN 

1.297  [2,3]  1.30  [2,3,5]  Fe^+{*Ti  «Ai) 

1.201  [4]  1.193  [7]  Ti2+(iE  ^^2) 

1.043  this  work  1.047  [11],  this  work  3d^  (Co^"^,  Ni^'^) 

0.943  this  work  0.931  [4] 

0.797  this  work  0.77  this  work  transition  metal  complex 

TABLE  1.  Comparison  of  transition  metal  emissions  in  AIN  and  GaN.  The  possible  iden¬ 
tifications  obtained  for  GaN  also  seem  to  fit  in  AIN. 

On  the  basis  of  a  comparison  with  GaN  the  1.043  eV  center  in  AIN  is  caused  by  the 
same  contaminant  as  the  1.047  eV  emission  in  GaN.  An  exception  to  these  nearly  equi^ent 
transition  metal  energies  is  the  0.943  eV  emission  in  AIN.  In  contrast  to  the  0.931  eV  emission 
in  GaN  the  0.943  eV  emission  in  AIN  shows  no  hot  line.  In  general  the  intense  0.943  eV 
no-phonon  line  shows  similar  properties  as  the  1.19  eV  emission  in  GaN.  Thus  it  might  also 
be  attributed  to  a  >  ^A2  transition.  Possibly  for  V®'*'  in  AIN  the  ^E  excited  state  shifts 
below  the  ^T2  state  as  observed  for  Ti^"''  in  GaN  f7].  The  0.797  eV  no-phonon  line  has  at 
least  4  weak  satellite  peaks.  The  whole  spectra  looks  like  the  0.84  eV  luminescence  of  Cr  in 
GaAs.  Probably  a  similar  transition  metal  complex  is  responsible  for  this  emission.  Zeeman 
measurements  are  now  essential  to  identify  these  defects. 

Reasons  for  the  appearance  of  the  internal  electronic  transitions  at  about  the  same  en¬ 
ergies  in  GaN  and  AIN  are  the  same  neighborhood  of  nitrogen  atoms  (N  has  a  much  larger 
electronegativity  than  P  and  As),  the  almost  equal  covalent  bonding,  the  similar  lattice  con¬ 
stant,  and  the  large  bandgap. 
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ABSTRACT 

The  yellow  Luminescence  in  GaN  centered  at  2.2  eV  has  been  studied  in  various  epitaxial 
layers  grown  by  MOVPE  on  sapphire  and  by  the  sandwich  sublimation  methode  on  6H-SiC 
substrates.  The  photoluminescence  and  optically  detected  magnetic  resonance  results  can  be 
consistently  explained  by  a  recombination  model  involving  shallow  donors  and  deep  donors. 

INTRODUCTION 

The  near  bandgap-luminescence  efficiency  of  semiconductors  is  severly  influenced  by  the 
presence  of  deep  level  defects  in  the  bandgap.  Therefore  it  is  of  importance  to  study  the 
properties  of  these  defects  and,  if  possible,  to  identify  their  chemical  nature  which  might  help 
to  avoid  their  presence  in  furture  crystal  growth  experiments. 

For  GaN  its  was  realized  quite  early  that  a  deep  broad  photoluminescence  (PL)  band 
located  with  its  peak  maximum  at  2.2  eV  is  omnipresent  [1].  In  a  photoluminescence  (PL) 
investigation  on  doped  GaN  microcrystals  and  needle  like  crystals  it  was  shown  that  the 
properties  of  this  PL  band  (i.e.  the  temperature  dependence  of  its  intensity  and  halfwidth  as 
well  as  PL-excitation)  can  be  described  by  a  recombination  model  of  randomly  distributed 
shallow  donors  and  deep  acceptors  -  a  model  originally  developed  by  Thomas  and  Hopfield 
[2].  In  addition,  from  doping  experiments  evidence  was  obtained  that  carbon  might  be  involved 
in  the  deep  acceptor  structure. 

In  contrast  in  an  optically  detected  magnetic  resonance  (ODMR)  investigation  on  GaN 
epitaxial  layers  grown  under  various  growth  conditions  the  observed  signals  were  attributed  to 
shallow  donors  and  deep  donors,  likely  to  be  caused  by  an  intrinsic  defect  [3].  The 
recombination  mechanism  for  the  2.2  eV  PL  was  explained  by  a  recombination  from  a  deep 
intrinsic  double  donor  to  a  singly  positively  charged  shallow  acceptor. 

We  have  investigated  the  yellow  luminesence  in  epitaxial  GaN  layers  by  PL,  time  resolved- 
PL,  PL-excitation  spectroscopy  and  ODMR.  The  results  can  be  consistently  explained  by  a 
recombination  model  involving  shallow  donors  and  deep  donors. 
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Figure  1:  a)  Low  temperature  photoluminescence  spectrum  of  GaN/sapphire 

b)  excitation  spectrum  of  the  optically  detected  magnetic  resonance  signals 

RESULTS  AND  DISCUSSION 

Two  type  of  samples  were  used  for  the  experiments:  undoped  GaN  epitaxial  layers  grown 
by  MOVPE  on  sapphire  substrates  and  GaN  epitaxial  layers  grown  by  the  sandwich 
sublimation  method  on  6H-SiC  substrates.  The  layer  thicknesses  of  the  MOVPE  samples  were 
about  3  pm.  To  improve  the  ciystalline  quality  of  the  layers  a  35  nm  AIN  buffer  was  grown  at 
low  temperatures.  The  n-type  carrier  concentrations  of  the  layers  as  determined  by  CIV 
measurements  are  below  lOUcm'^  at  room  temperature. 

A  typical  steady  state  low  temperature  PL  spectrum  of  a  GaN  sample  is  shown  in  Fig.  la). 
Near  band  gap  the  strong  exctionic  recombinaton  of  the  donor  bound  excitons  (D^X)  is 
detected.  In  the  3.4  eV  -  2.6  eV  range  the  donor  acceptor  pair  recombination  of  the  so  called 
"violet  band"  occurs.  At  lower  energies  the  2.2  eV  ("yellow")  luminescence  is  visible.  These 
spectral  features  are  very  similar  for  the  MOVPE  and  sandwich  sublimation  grown  samples. 
Especially  the  energy  position  and  spectral  shape  of  the  yellow  PL  band  presented  here  is  also 
very  similar  to  the  C  doped  GaN  samples  used  by  Ogino  and  Aoki  [1],  and  to  that  observed  by 
Glaser  et  al  [3]. 

Measuring  the  temperature  dependence  of  the  2.2  eV  PL  intensity  in  the  range  from  2  K  to 
300  K  we  find  an  activation  energy  of  15  ±  2  meV  [4].  For  an  uncompensated  semiconductor 
the  binding  energy  of  the  involved  defect  is  expected  to  be  twice  this  value.  It  corresponds 
approximately  to  the  shallow  donor  binding  energy  of  35  meV, 

The  ODMR  signals  observed  on  the  yellow  band  at  2  K  are  shown  in  Fig.  2.  The  position  of 
the  resonance  at  higher  magnetic  field  is  slightly  dependent  on  the  orientation  of  the  crystal  in 
the  static  magnetic  field.  Its  g-value  is  g  =  1 .95  ±  0.01  which  is  very  close  to  the 
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Figure  2; 

Optically  detected  magnetic  resonance  spectrum 
of  the  2.2  eV  luminescence  in  GaN 


value  of  the  effective  mass  donors  known  from  EPR  experiments  [5].  The  resonance  position 
of  the  signal  at  lower  field  corresponds  to  the  deep  donor  resonance  (labeled  Al)  reported  by 
Glaser  et  al  [3].  It  should  be  noted  that  the  halfwidth  of  the  donor  resonance  is  very  sample 
dependent  in  some  samples  it  was  as  high  as  40  mT  which  prevents  the  resolution  of  the  deep 
donor  signal.  Such  broadening  can  be  explained  by  higher  donor  concentrations  causing 
additional  exchange  interation  [6].  Both  signals  enhance  the  PL  intensity  which  is  usually 
taken  as  evidence  that  the  defects  are  directly  involved  in  the  radiative  recombination  [7].  The 
ODMR  excitation  spectrum,  i.e.  keeping  the  resonance  conditions  fixed  and  scanning  the  PL 
detection  wavelength  (Fig.  lb)  shows  that  the  signal  intensity  follows  the  lineshape  of  the  2.2 
eV  band.  It  is  known  that  the  2.2  eV  PL  can  be  excited  not  only  above  bandgap  but  down  to 
2.6  eV  [1].  Independent  of  above  or  below  bandgap  excitation  we  observed  both  the  shallow 
and  the  deep  donor  ODMR,  which  gives  further  evidence  that  both  defects  are  directly 
involved  in  the  recombination. 

The  two  discussed  recombination  models  for  the  yellow  emission  in  GaN  are  shown  in 
Fig. 3.  Model  A  is  the  shallow  donor  to  deep  acceptor  model  which  is  favoured  by  Ogino  and 
Aoki  [1].  Model  B  was  developed  by  Glaser  and  coworkers  [3].  Here  the  yellow  emission 
originates  from  a  recombination  between  a  deep  double  donor  and  a  shallow  acceptor.  The 
electron  transfer  from  the  shallow  donor  to  deep  state  is  assumed  to  occur  via  a  spin  dependent 
nonradiative  tranfer  process.  Initially  the  shallow  and  deep  donor  are  singly  occupied,  and  thus 
observable  by  ODMR.  the  yellow  luminescence  occurs  between  the  neutrally  charged  (doubly 
occupied)  deep  donor  and  the  effective  mass  acceptor . 

Our  investigations  support  Model  A,  except  that  a  deep  donor  is  involved  instead  of  a  deep 
acceptor.  To  associate  the  Al  resonance  with  a  deep  acceptor  would  be  in  conflict  with  the 
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Model  A 


Model  B 


observed  g-values  (g[|  =1.989,  gj^=1.992)  which  are  smaller  than  the  free  electron  value 
(ge=2.0023).  In  first  order  pertubation  theory  the  deviation  of  the  g-value  is  given  by  g  ~  XfAE 
[6],  X  is  the  spin  orbit  interaction  constant.  Thus  electron  centers  (negative  X)  should  show  g- 
values  smaller  than  the  free  electron  value  and  hole  centers  should  have  a  positive  g-shift. 
Exceptions  from  this  rule  are  known.  For  example  arsenic  antisite  defects  in  GaAs  which  are 
double  donors  have  a  g-value  of  2.04  [8],  However,  the  negative  g-shift  is  a  stong  argument 
for  the  observation  of  a  donor  type  defect. 

Model  A  is  further  supported  by  our  time  resolved  PL  experiments,  for  a  recombination 
between  a  shallow  donor  with  an  extented  waveflmction  and  a  deep  defect  which  is  localized  in 
real  space  one  expects  to  observe  an  broad  lifetime  distribution,  whereas  for  a  recombination 
between  two  localized  defects  (deep  donor  and  a  acceptor)  a  single  lifetime  or  only  a  narrow 
distribution  is  expected  [2].  A  broad  lifetime  distribution  is  observed  for  the  2.2  eV  PL  in  GaN 
grown  on  sapphire  [4].  Thus  our  experiments  strongly  support  model  B. 

The  time  resolved  PL  experiments  on  the  GaN  grown  on  6H  SiC  show  a  pecularity.  In 
addition  to  the  lifetime  distribution  obseved  in  the  GaN/sapphire  samples  a  destinctly  slower  ( 
>  5  msec.)  component  is  observed  (see  fig.  4).  The  measurements  indicate  that  its  peak 
maximum  position  is  at  about  2.1  eV  with  a  similar  halfwidth  as  the  2.2  eV  band.  Although  the 
defects  responsible  for  this  slow  luminescence  are  not  identified  a  relation  to  the  substrate 
seems  to  be  likely.  The  presence  of  the  2.2  eV  band  in  almost  all  type  of  GaN,  independent  of 
the  growth  technique  and  the  substrate  used  make  it  likely  that  the  defects  are  of  intrinsic 
origin.  The  ODMR  results  give  strong  evidence  that  the  deep  defects  are  donor-type.  To 
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Figure  4:  a)  Photoluminescence  spectrum  of  the  GaN  on  6H  SiC  sample  grown  by  the 
sandwich  sublimation  methode  and,  based  on  the  results  of  time  resolved 
spectroscopy,  a  deconvolution  of  the  spectrum  into  two  recombinations: 
b)  the  shallow  Donor  to  deep  donor  recombination  and  c)  the  component  showing 
an  extremely  long  lifetime  (>  5  msec.) 

obtain  more  specific  information  possibly  optically  detected  electron  nuclear  double  resonance 
experiments  or  ODMR  experiments  with  enhanced  resolution  (using  higher  microwave 
frequencies)  may  be  helpful. 

CONCLUSIONS 

The  2.2  eV  luminescence  band  in  GaN  has  been  studied  by  photoluminescence  and  optically 
detected  magnetic  resonance  spectroscopy.  The  results  can  be  consistently  explained  in  a 
shallow  donor  to  deep  donor  recombination  model.  The  GaN  samples  grown  on  6H:SiC 
substrates  show  supperimposed  on  the  2.2  eV  band  a  slow  recombination  with  a  maximum  at 
2.1  eV.  Its  origin  is  likely  to  be  related  to  the  use  of  this  special  substrate  material,  whereas 
the  omnipresent  2.2  eV  band  is  likely  to  be  caused  by  intrinsic  defects. 
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ABSTRACT 

We  report  the  growth  and  photoluminescence  characterization  of  GaN  grown  on  different 
substrates  and  under  different  growth  conditions  using  metalorganic  chemical  vapor  deposition. 
The  deep-level  yellow  luminescence  centered  at  around  2,2eV  is  attributed  to  native  defect,  most 
possibly  the  gallium  vacancy.  The  yellow  luminescence  can  be  substantially  reduced  By  growing 
GaN  under  Ga-rich  condition  or  doping  GaN  with  Ge  or  Mg. 

INTRODUCTION 

The  realization  of  high  brightness  blue,  green  and  yellow  light  emitting  diodes  from 
InGaN,  GaN  and  AlGaN  [1]  has  stimulated  tremendous  scientific  interest  in  these  large  bandgap 
(1.9eV  to  6.2eV)  Bi-Nitride  semiconductors.  It  is  expected  that  these  devices  can  bring  a 
revolution  to  high-density  optical  storage,  full-color  displays  and  huge  energy  savings.  Besides 
that,  these  materials  are  ideal  candidates  for  efficient,  highly  selective  (  and  thus  solar-blind )  UV- 
photodetectors,  which  can  find  numerous  applications  such  as  astronomical  physics,  undersea 
detection ,  space-to-space  communication,  surveillance  and  recognition  of  spacecraft  [2]. 

in-Nitride  semiconductors  are  usually  grown  on  basal  plane  sapphire  substrate  by 
metalorganic  chemical  vapor  deposition  (MOCVD)  or  molecular  beam  epitaxy  (MBE).  At  the 
early  stage,  these  materials  normally  occurred  as  a  naturally  heavily  doped  n-type  semiconductors 
and  it  was  impossible  to  obtain  device  quality  p-type  layers.  With  the  introduction  of  the  AIN  [3] 
or  GaN  [4]  buffer  layer,  the  layer  qu2jity  has  been  dramatically  improved,  n-type  background 
carrier  concentration  has  been  reduced  to  around  lO'^cm'^  and  p-type  doping  has  been 
successfully  achieved.  However,  it  is  widely  recognized  that  even  in  high  quality  Bi-Nitride  layers, 
the  dislocation  density  is  very  high  (  10^®  cm'^)  and  there  exist  high-density  deep  levels  and  other 
defects  which  limit  the  performance  of  the  devices  [5]. 

One  of  the  very  popular  phenomena  associated  with  the  deep-level  is  the  so-called  yellow 
luminescence  (YL).  It  is  a  broad  luminescence  band  centered  around  2.2  -2.3eV  and  exists 
virtually  in  all  samples  from  different  laboratories  and  growth  methods.  Intensive  studies  have 
been  carried  out  experimentally  and  theoretically  to  investigate  the  origin  and  mechanism  of  this 
emission.  Ogino  and  Aoki  [6]  did  the  most  complete  study  and  proposed  a  band  model.  In  their 
model,  the  YL  is  attributed  to  an  emission  between  a  shallow  donor  level  to  a  deep-level 
originating  from  a  complex  consisting  of  a  gallium  vacancy  and  an  impurity.  In  their  case,  they 
suggested  the  impurity  is  carbon,  but  Pankove  [7]  showed  that  ion  implantation  can  also  introduce 
such  a  deep  level.  The  impurity  related  deep-level  is  also  supported  by  the  argument  of  Singh 
et.al.[S].  Recently,  using  the  results  from  optically  detected  magnetic  resonance  and  low 
temperature  photoluminescence,  Glaser  et.al.  [9]  proposed  another  model  to  explain  the  yellow 
luminescence.  In  their  scheme,  the  YL  is  the  radiative  recombination  of  electrons  between  a  deep 
double  donor  of  Ai  character  (  with  a  depth  of  about  0.8eV)  and  an  acceptor  state  of  the 
effective-mass  character.  But  Suski  et.al. [\Qi\  showed  that  this  model  cannot  explain  the  pressure- 
dependent  behavior  of  the  YL.  The  origin  of  the  YL  has  also  been  studied  theoretically  by 
calculations  of  defects  states  in  GaN.  These  state-of-art  calculations  [11,12,13]  showed  that 

625 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®1996  Materials  Research  Society 


native  defects  are  the  natural  candidates  for  the  origin  of  the  electronic  levels  participating  in  the 
YL.  Contrary  to  conventional  beliefs,  Neugebauer  and  Van  de  Walle  showed  that  in  n-type  GaN, 
the  gallium  vacancy  is  the  most  energetically  favorable  native  defect  [13]. 

The  above  studies  show  important  characteristics  of  the  YL.  However,  a  correlation 
between  the  growth  conditions  and  the  YL  would  be  more  helpful  to  relate  these  results  with  each 
other.  In  our  previous  studies  [14,15,16],  we  noticed  that  the  YL  becomes  barely  detectable  for 
Si-  or  Mg-doped  GaN.  For  undoped  samples,  GaN  grown  on  SiC  substrates  shows  the  weakest 
YL.  In  this  paper,  we  report  a  systematical  photoluminescence  study  of  GaN  samples  grown 
under  different  growth  conditions.  With  the  correlation  between  photoluminescence  and  growth 
conditions,  the  results  shown  here  strongly  suggest  that;  (i)  the  gallium  vacancy  and  related 
complexes  are  responsible  for  the  YL  emission;  (ii)  These  defects  are  generated  due  to  the  large 
lattice  and  thermal  mismatch  between  epilayer  and  substrates.  The  closer  to  the  epilayer-substrate 
interface,  the  higher  the  density  of  defects. 

EXPERIMENTS 

The  growth  conditions  are  the  same  as  those  we  have  reported  [14,15,16].  Briefly,  all 
epitaxial  layers  were  grown  by  MOCVD.  Trimethylgallium,  trimethylaluminum,  ammonia, 
germane  and  bis-cyclopentadienylmagnesium  were  used  as  starting  materials  for  Ga,  Al,  N,  Ge 
and  Mg  elements,  respectively.  The  carrier  gas  was  H2.  The  effect  of  lattice  mismatch  was  studied 
by  using  two  different  substrates:  sapphire  (00.1)  and  6H-SiC  (00.1).  These  substrates  were 
always  put  side  by  side  on  a  4.5"-diameter  SiC-coated  graphite  susceptor.  The  susceptor  is 
rotated  by  gas-foil  rotation  technology  and  heated  by  a  RF-coil.  Thus  excellent  uniformity  can  be 
achieved  across  the  susceptor.  For  other  studies,  only  sapphire  (00.1)  was  used  as  the  substrate. 
A  thin  AIN  buffer  layer  was  deposited  before  the  GaN  layer  with  a  thickness  of  0.5|im  to  4pm. 

Photoluminescence  spectra  were  measured  with  a  He-Cd  laser  as  the  excitation  source 
(25nm,  «5mW),  a  grating  monochromator  and  a  standard  synchronous  detection  setup.  The 
power  density  on  the  sample  is  approximately  50W/cm‘^  after  focusing.  At  this  power  density,  we 
measured  that  the  dependence  of  the  integrated  peak  intensities  of  YL  and  bandedge  emission  are 
both  linear.  AH  photoluminescence  experiments  reported  in  this  paper  are  carried  out  at  room 
temperature. 

Two  series  of  experiments  were  performed  to  study  the  correlation  between  the  growth 
conditions  and  YL.  One  is  the  doping  of  GaN  with  Ge  and  Mg;  the  other  is  the  growth  of  GaN 
with  different  TMGa  flow. 

RESULTS  AND  DISCUSSION 

The  photoluminescence  of  undoped  GaN,  Ge-doped  GaN  and  Mg-doped  GaN  are  shown 
in  Fig.  1  (a),  (b)  and  (c)  respectively.  Clearly  shown  is  the  absence  of  YL  emission  from  both 
GaN:Ge  and  GaN:Mg  on  (00.1)  AI2O3.  Such  emission  was  not  observed  from  doped  layers  on 
other  substrates  either.  Ge  (group  IV)  acts  as  a  donor  and  Mg  (  group  II)  as  an  acceptor  in  GaN 
by  substituting  to  Ga  (group  HI)  sites.  In  this  instance,  the  removal  of  the  deep-level  YL  in  Ge- 
doped  or  Mg-doped  GaN  strongly  suggests  that  the  YL  is  closely  related  to  the  Ga-vacancies 
because  Ge  or  Mg  atoms  would  fill  the  Ga  vacancies  for  a  successful  doping.  Complementaiy 
evidence  can  be  found  in  the  results  reported  by  Nakamura  et  a/.  [18]  They  showed  that  the  YL 
was  eliminated  when  GaN  was  doped  with  Mg  and  activated  by  LEEBI  or  thermal  annealing 
treatments. 
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Figure  2  shows  the  photoluminescence  spectra  of  undoped  GaN  which  were  grown  on 
(00.1)  AI2O3  with  TMGa  flow  rates  of  1.25  and  2.5  seem  respectively.  All  other  parameters  were 
kept  the  same  for  these  two  growths.  Deep-level  YL  can  be  observed  from  GaJSf  grown  with  a 
lower  TMGa  flow  rate  while  it  was  absent  from  the  samples  with  higher  TMGa  flow  rate.  Since 
fewer  Ga  vacancies  are  expected  in  the  case  of  a  higher  TMGa  flow  rate,  these  experiments  again 
strongly  suggest  that  the  YL  result  from  Ga  vacancies  or  its  related  complexes. 


FIG.  1.  photoluminescence  (300K)  of  (a) 
undoped  GaN,  (b)  GaN:Ge,  (c)  GaN:Mg. 
Yellow  luminescence  is  undetectable  from 
doped  GaN. 


FIG.  2.  Photoluminescence  (3(X)K)  of 
undoped  GaN  grown  with  different  TMGa 
flows.  Yellow  luminescence  are 
substantially  reduced  with  more  TMGa 
flow. 


During  our  experiments,  it  was  found  out  that  the  YL  of  GaN  on  6H-SiC  substrates  is 
always  much  lower  than  that  of  GaN  on  basal  plane  sapphire.  Figure  3  shows  the  room 
temperature  PL  of  GaN  grown  on  these  two  different  substrates.  The  same  scale  is  used  for  the 
two  curves.  It  can  be  clearly  seen  that  the  YL  of  GaN/6H-SiC  is  barely  detectable. 

Between  basal  plane  6H-SiC  and  sapphire,  the  former  is  expected  to  provide  lower  density  of 
defects  since  it  has  closer  lattice  and  thermal  match  with  GaN  crystals.  Wetzel  et  al  [17]  have 
also  shown  that  no  YL  was  detectable  from  high  quality  GaN  grown  on  6H-SiC.  Generally  it  is 
observed  that  the  defect  density  is  as  high  as  10^®  cm'^  near  the  interface  of  GaN  and  basal  plane 
sapphire  substrate.  It  is  very  possible  that  these  defects  are  responsible  for  the  YL  emission. 

Figure  4  (a)  and  (b)  are  two  other  interesting  results  which  show  the  effect  of  defects  on 
YL.  Two  PL  spectra  were  obtained  by  front-side  (  Fig.4(a))  and  back-side  excitation  (  Fig.4(b) ) 
of  the  same  sample,  which  is  GaN  on  basal  plane  sapphire  and  is  0.7pm  thick.  Clearly  shown  is 
the  stronger  YL  and  weaker  bandedge  emission  using  the  backside  excitation  scheme.  Because  of 
the  high  absorption  coefficient  of  GaN  at  the  laser  wavelength  (  >  2  x  lO^cm"’  for  325nm)  [14] 
and  the  transparency  of  sapphire  in  the  UV  and  visible  range,  the  PL  emission  is  mostly  from  the 
top  layer  or  interface  layer  within  a  depth  of  approximately  0.1pm  in  the  case  of  front-side  or 
backside  excitation  respectively.  The  above  results  strongly  suggest  that  the  YL  is  from  the 
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defects  close  to  the  GaN/sapphire  interface.  These  defects  are  introduced  by  the  large  lattice  and 
thermal  mismatch. 


FIG.  3.  photoluminescence  (3(X)K)  of  (a) 
undoped  GaN  grown  on  6H-SiC  and  AI2O3 
substrates. 


Energy  (eV) 


FIG.  4.  Photoluminescence  (3(X)K)  of 
undoped  GaN  with  (a)  front-side  excitation, 
(b)  back-side  excitation. 


CONCLUSIONS 

Correlation  between  growth  conditions  (  by  MOCVD  )  and  the  deep-level  yellow 
luminescence  (YL)  of  GaN  centered  around  2.2eV  has  been  found.  The  YL  was  usually  observed 
from  GaN  grown  on  basal  plane  sapphire  while  it  was  not  detected  from  GaN  on  basal  plane  6H- 
SiC,  which  possesses  smaller  lattice  and  thermal  mismatch.  It  was  also  found  that  YL  is  more 
intense  at  the  epilayer/substrate  interface.  The  YL  can  be  eliminated  in  two  ways:  (i)  grow  GaN 
under  Ga-rich  conditions;  (ii)  dope  GaN  with  Ge  or  Mg.  Since  Ga-rich  ambient  favors  the 
reduction  of  gallium  vacancies  and  both  Ge  and  Mg  substitute  Ga-sites,  it  is  strongly  suggested 
that  YL  be  related  to  Ga-vacancies  and  its  complexes,  which  may  be  introduced  by  the  big  lattice 
mismatch. 
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ABSTRACT 

We  have  studied  by  photoluminescence  (PL)  and  optically  detected  magnetic  resonance  (ODMR)  un¬ 
doped,  n-doped  and  p-doped  thin  wurtzite  GaN  layers  grown  by  metal-organic  chemical  vapor  deposition 
on  sapphire  substrates.  From  the  PL  data  for  free  excitons  an  accurate  value  of  the  free  A-type  exciton 
binding  energy  and  a  more  accurate  estimate  for  the  hole  effective  mass  is  deduced.  The  localization  ener¬ 
gies  of  the  Mg  and  the  Zn  neutral  acceptor  bound  excitons  are  found  to  be  in  good  agreement  with  Haynes’ 
rule.  A  sharp  emission  line,  assigned  to  free  electron  recombination  at  a  116  meV  shallow  acceptor,  to¬ 
gether  with  three  additional  weak  zero-phonon-lines  (ZPLs),  assigned  to  distant  donor-acceptor  (DA)  pairs, 
are  reported  for  the  first  time.  The  chemical  nature  of  this  acceptor  and  that  of  three  residual  donors,  in¬ 
ferred  from  the  DA  pair  ZPLs,  is  discussed.  The  effects  of  strain  in  thin  GaN  layers  on  a  dissimilar  sub¬ 
strate  like  sapphire  are  emphasized  with  respect  to  the  energetic  position  of  narrow  PL  lines.  The  ODMR 
data  obtained  for  undoped,  Mg-doped  and  Zn-doped  GaN  layers  provide  insight  into  the  recombination 
mechanisms  responsible  for  the  broad  yellow  (2.25  eV),  the  violet  (3.15  eV)  and  the  blue  (2.8  eV)  PL 
bands,  respectively.  The  ODMR  results  for  Mg  and  Zn  also  show  that  these  acceptors  do  not  behave  effec¬ 
tive  mass  like  and  indicate  that  the  acceptor  hole  is  mainly  localized  in  the  nearest  neighbor  shell  surround¬ 
ing  the  acceptor  core. 

INTRODUCTION 

Samples  of  gallium  nitride,  GaN,  were  synthesized  already  in  1959  and  the  highest  energy  optical 
emission  from  this  material  was  found  to  be  peaked  near  3.44  eV  at  90  K  [1].  Twelve  years  later  when 
crystals  grown  by  hydride  vapor  phase  epitaxy  [2]  were  available  it  was  established  that  wurtzite  GaN  is  a 
direct  band  gap  semiconductor  with  Eg=3.50  eV  at  low  temperatures  in  thick  (>100  )xm)  quasi-bulk  layers 
[3].  Thus,  the  potential  of  GaN  for  short  wavelength  optoelectronic  emitters  was  obvious  at  an  early  time 
but  the  failure  to  achieve  p-type  conductivity  during  the  early  seventies  delayed  this  development  for  dec¬ 
ades.  During  the  late  eighties  GaN  layers  with  high  crystalline  quality  and  good  surface  morphology  were 
prepared  by  metal-organic  vapor  phase  epitaxy  [4].  The  real  breakthrough  was  achieved  in  1989  vdth  the 
discovery  that  p-type  conductivity  can  be  enforced  in  Mg  doped  GaN  [5].  Since  then  the  progress  in  the 
technology  of  GaN  based  p-n  junction  light  emitting  diodes  (LEDs)  was  breath  taking.  Blue  [6,7,8],  green 
[9],  and  even  yellow  [10]  high-brightness  LEDs  based  on  GaN  and  its  alloys  with  In  and  A1  have  been 
realized  and  are  or  will  soon  be  available  commercially. 

In  view  of  the  above  technological  successes  it  is  surprising  that  the  light  generating  carrier  recombina¬ 
tion  processes  in  GaN  as  well  as  the  residual  impurities  involved  in  most  cases  are  still  poorly  understood. 
An  important  point  that  renders  comparisons  of  optical  spectra,  in  particular  luminescence  data,  from  dif¬ 
ferent  GaN  samples  more  difficult  is  the  following.  Normally  in  a  given  semiconductor  a  particular  re¬ 
combination  process  gives  rise  to  a  recombination  line  at  a  fixed  photon  energy  which  is  sample  independ¬ 
ent  as  long  as  effects  due  to  confinement  or  pseudomorphic  strains  do  not  play  a  role.  This  is  no  longer  the 
case  for  GaN  layers  grown  on  a  dissimilar  substrate  like  sapphire.  Here  the  large  mismatch  in  thermal 
expansion  coefficients  of  the  substrate  and  the  layer  can  induce  large  strains  in  the  layer  which  depend  on 
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layer  thickness  in  the  range  1  to  100  [1 1].  The 

associated  hydrostatic  strain  component  modifies 
the  band  gap  energy  Eg,  as  compared  to  stress 
relaxed  thick  quasi-bulk  (>  100  pm)  layers,  and 
consequently  the  energetic  position  of  all  lumines¬ 
cence  recombination  lines  tied  to  the  band  gap.  An 
increase  in  Eg  of  25  meV  in  1  pm  thick  layers  can 
occur.  As  a  result,  the  energetic  positions  of  e.g. 
exciton  lines  reported  in  the  literature  scatter  sig¬ 
nificantly.  Therefore,  it  is  often  impossible  to  judge 
from  the  position  of  an  exciton  line  alone  whether  a 
free  or  a  bound  exciton  is  involved.  Similar  prob¬ 
lems  exist  for  other,  relatively  narrow  recombina¬ 
tion  lines,  and  reliable  assignments  of  such  lines 
are  possible  only  by  studying  their  temperature 
dependence. 

In  this  article  we  present  photoluminescence 
(PL)  examples  for  some  of  the  fundamental  re¬ 
combination  processes  expected  in  a  high  band  gap 
semiconductor  like  GaN,  namely  free  and  bound 
exciton-,  free  to  bound  (FB)-,  and  distant  donor- 
acceptor  (DA)  pair  recombination.  We  emphasize 
the  role  of  strain  on  the  energetic  positions  of  the 
recombination  lines.  In  addition  recent  results  for 
donors  and  acceptors  obtained  by  magnetic  reso¬ 
nance  are  presented  and  their  implications  on  the 
nature  of  several  recombination  bands  of  practical 
interest  are  discussed. 
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Fig.  1  Free  and  bound  exciton  PL  lines  and  their 
evolution  with  temperature  as  observed  from  the 
10 pm  thick  nominally  undoped,  n-type  GaN 
MOCVD  layer  A4. 


EXPERIMENTAL  DETAILS 

Six  different  wurtzite  GaN  films  w^re  studied  all  of  which  were  grown  by  metal-organic  chemical  vapor 
deposition  (MOCVD)  on  a-plane  (1 12 ,0)  sapphire  substrate  above  a  50  nm  AIN  buffer-layer  [4,7].  Sam¬ 
ple  A4  is  undoped  with  a  thickness  of  about  10  |am.  Layer  A1  is  also  undoped  but  has  a  thickness  of  1  pm 
only.  Layer  A5  is  Mg  doped  in  the  low  10^^  cm'^  range.  It  is  p-conducting  and  has  a  thickness  of  about  3 
pm.  The  p-type  Mg  doped  film  A3  has  the  same  thickness  but  the  Mg  concentration  is  near  lO^^cm'^.  Lay¬ 
ers  A7  and  A8  are  doped  with  Si  (n  «  10^®  cm*^)  and  Zn  (concentration  about  10**  cm'^),  respectively.  The 
doped  layers  of  the  latter  two  samples  have  a  thickness  of  1  pm  and  were  grown  on  top  of  a  1  pm  thick 
undoped  GaN  layer.  Thus  the  total  GaN  thicknesses  of  samples  Al,  A3,  A5,  A7  and  A8  are  comparable 
(1-3  pm). 

Photoluminescence  was  excited  with  the  325  nm  line  of  a  He-Cd  laser  or  with  the  337  and  350  nm  lines 
of  a  Kr*  laser.  Power  densities  usually  were  less  than  50  mW/mm^.  The  luminescent  light  was  collected 
normal  to  the  excitation  beam,  dispersed  by  a  0.85  m  double  monochromator  and  detected  by  a  cooled 
GaAs  photomultiplier.  Polarization  effects  have  not  been  studied.  The  absolute  accuracy  of  the  wavelength 
calibration  was  0.08  nm  which  converts  into  an  energy  accuracy  of  0.8  meV  near  the  band  edge  of  GaN. 
The  samples  were  mounted  in  a  variable  temperature  (1.8  -  300  K)  cryostat  and  either  immersed  in  liquid 
helium  or  kept  in  cold  flowing  helium  gas. 

Optically  detected  magnetic  resonance  (ODMR)  spectra  were  taken  with  a  K-band  setup  (about  21 
GHz)  built  around  a  4  T  superconducting  magnet.  Luminescence  was  excited  with  the  35 1  nm  line  of  an 
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Ar^  laser.  The  emitted  light  was  detected  with  a  cooled  Si  diode.  The  ODMR  signals  were  measured  as 
microwave  induced  changes  in  luminescence  intensity  using  synchronous  detection  with  microwave  chop¬ 
ping  frequencies  in  the  range  30  to  1000  Hz. 


FREE  AND  BOUND  EXCITONS 

The  best  near  band  gap  excitonic  PL  spectra  were  obtained  from  the  10  pm  thick  undoped  layer  A4.  As 
can  be  seen  from  Fig.  1,  the  line  labelled  D°X  dominates  the  spectrum  at  1.8  K.  Three  additional  lines  la¬ 
belled  A],  Bi  and  A2  appear  at  higher  energies.  In  accordance  with  the  interpretation  of  early  PL  and  re¬ 
flection  measurements  [3]  on  quasi-bulk  samples  and  recent  PL  data  from  thin  layers  [12],  the  lines  D°X, 
A],  and  Bi  have  been  assigned  to  the  neutral  donor  bound  exciton,  the  n=l  state  of  the  free  A  exciton  se¬ 
ries,  and  the  n=l  state  of  the  free  B  exciton  series,  respectively.  Several  arguments  are  in  conflict  with  the 
assumption  that  line  A2  is  related  to  the  C  exciton  of  wurtzite  GaN.  We  have  therefore  attributed  this  line 
to  the  n=2  state  of  the  A  exciton  series  [13].  The  same  conclusion  has  been  independently  reached  by  an¬ 
other  group  [14],  Upon  warming  up  from  1.8  K,  the  D°X  line  in  Fig.  1,  as  expected,  continously  shifts  to 
lower  energies  reflecting  the  shrinkage  of  the  band  gap  with  inereasing  temperature.  On  the  other  hand,  the 
positions  of  the  free  exciton  lines  are  independent  of  temperature  up  to  about  30  K.  Free  excitons  gain 
kinetic  energy  with  increasing  temperature  and  therefore  can  show  exciton  polariton  dispersion  effects.  We 


have  suggested  that  such  effects  for  the  free  exciton 
30  K. 

The  temperature  dependence  of  the  line  intensi¬ 
ties  in  Fig.  1  suggests  the  following  picture.  At 
elevated  temperatures,  see  the  40  K  trace,  the  neu¬ 
tral  donor  bound  excitons  are  thermally  released 
from  the  donors  and  “feed“  the  free  Ai  exciton 
line.  At  even  higher  temperature,  see  the  120  K 
trace,  where  D'^X  is  just  still  visible  as  the  shoulder 
at  3.48  eV,  A  excitons  partially  dissociate.  The 
free  holes  thus  generated  are  thermally  excited  into 
the  B  valence  band  where  they  can  form  B  exci¬ 
tons.  This  mechanism  provides  a  natural  explana¬ 
tion  for  the  increase  of  the  Bi  intensity  relative  to 
Ai  with  increasing  temperature.  From  the  data  in 
Fig.  1  accurate  values  of  the  A  exciton  localization 
energy  Eioc(D°X)  at  neutral  shallow  donors  and  the 
free  A  exciton  binding  energy  Ex  have  been  de¬ 
termined.  They  are  given  by  Eioc(D°X)  =(5. 9+0.5) 
meV  at  2  K  and  e\  =  (26.1  ±0.7)  meV.  With  the 
latter  value  and  the  energetic  position  of  the  Ai  line 
one  finds  that  the  band  gap  energy  of  the  10  pm 
thick  layer  A4  is  given  by  Eg  =(3.522±0.002)  eV. 
Thus  Eg  is  22  meV  larger  than  in  thick  quasi-bulk 
GaN  layers  [3].  As  mentioned  in  the  introduction  it 
has  been  argued  [13]  that  this  increase  in  Eg  re¬ 
sults  from  the  hydrostatic  stress  component  which 
thin  GaN  layers  experience  when  grown  on  sap¬ 
phire  with  an  AIN  nucleation  layer. 


lines  just  compensate  the  decrease  in  band  gap  up  to 


Fig.  2  Near  band  gap  PL  spectra  at  2K  of  four 
MOCVD  GaN  layers  with  thicknesses  in  the  range 
1  to  2pm. 
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In  the  previous  literature  the  effective  hole  mass 
of  the  uppermost  Fg  (Cev)  valence  band  in  vrartz- 
ite  GaN  scatters  between  0.4  and  1  in  units  of  the 
free  electron  mass  mo.  With  the  above  precision 
value  of  E°x  ,  the  spectroscopically  determined 
effective  mass  (EM)  shallow  donor  binding  energy  W 
Ed  =  35.5  meV  [15]  and  the  effective  electron  ^ 
mass  me  =  0.20  mo  [16]  from  cyclotron  resonance  ^ 
studies,  a  more  accurate  hole  mass  can  be  deduced.  ^ 

The  band  hole  mass  inferred  in  this  way  is  mh  »  < 

0.54mo[13].  ^ 

Since  the  band  gap  of  GaN  can  vary  with  layer  ^ 
thickness,  a  systematic  study  of  free  and  bound  ^ 
excitons  by  PL  requires  a  set  of  undoped  and  ^ 
doped  samples  all  of  which  have  similar  layer 
thicknesses  and  which  are  grown  on  the  same  type  CL 
of  substrate  with  the  same  type  of  buffer  layer. 

This  is  the  case  for  the  1  to  3  pm  thick  layers  Al, 

A5,  A7  and  A8  used  in  the  present  work.  Their 
near  band  gap  PL  spectra  are  shown  in  Fig.  2.  The 
undoped  sample  Al  again  reveals  the  free  exciton 
lines  Al  and  Bi ,  and  with  better  resolution  also  line 

but  no  D»X  line.  The  lines  labelled  R  are  pho-  3  Temperature  dependence  of  the  two  weak 

non  Raman  replicas  of  the  laser  excitation  line  and  ^superimposed  on  the  low  energy 

arise  either  from  the  GaN  layer  or  the  sapphire  <“‘1  of  the  DX  line  in  Fig.  1. 
substrate.  The  low  energy  shoulder  S  of  line  Ai  is 

separated  by  «1 1  meV  from  the  Ai  peak.  Its  origin  is  uncertain,  see  the  following  section,  as  well  as  that  of 
the  structure  near  3.2  eV. 

The  dominant  recombination  line  in  the  Si  doped  layer  A7  is  the  D°X  line.  A  weak  shoulder  s  occurs  20 
meV  lower  in  energy  («  53  meV  below  Eg)  which  will  be  discussed  in  the  next  section.  The  D°X  and  the  Ai 
line  in  samples  A7  and  Al  respectively,  occur  about  2.5  meV  higher  in  energy  than  the  corresponding  lines 
of  sample  A4  in  Fig.  1 .  This  shows  that  the  band  gap  of  the  samples  in  Fig.  2  is  2.5  meV  higher  than  that 
of  sample  A4,  i.e.  Eg  =  (3.525±0.002)  eV  at  2K. 

The  lines  labelled  Mg°X  and  Zn°X  in  the  acceptor  doped  samples  A5  and  A8  have  been  assigned  to 
excitons  bound  to  the  neutral  Mg  acceptor  and  to  the  neutral  Zn  acceptor,  respectively  [13].  The  localiza¬ 
tion  energies  of  these  A°X  acceptor  bound  excitons  are  given  by  the  separation  of  the  bound  exciton  lines 

Tab.l  Energetic  positions  (eV)  at  2  K  of  free  and  bound  exciton  lines  in  thick  quasi-bulk  and 
thin  GaN  layers  on  a  a-plane  sapphire  with  AIN  buffer.  The  line  positions  marked  with  an  aster¬ 
isk  have  been  obtained  from  reflection  measurements. 


3.455  3.465  3.475 

ENERGY  (eV) 


from  the  free  exciton  A,  line.  We  find  Ei„c  (Mg“X)  =  (19±4)  meV  and  Ete  (Zn“X)  =  (34±4)  meV.  These 
values  correlate  surprisingly  well  with  the  acceptor  ionization  energies  of  Mg  (Eas»200  meV)  and  Zn 
(Ea»340  meV),  i.e.  with  Haynes’  rule,  the  proportionality  factor  being  very  close  to  0.1. 

The  localization  energy  of  the  neutral  donor  bound  exciton,  as  mentioned  before,  is  Eioc  (D°X)  =  5.9 
meV.  In  the  following  section  we  provide  evidence  for  two  shallow  donors  with  binding  energies  around  55 
meV.  If  they  gave  the  dominant  contribution  to  the  D'^X  line  one  would  infer  that  Eioc  (D°X)  is  close  to  10 
percent  of  the  donor  binding  energy,  as  for  the  aceeptor  case  discussed  before. 

The  free  and  bound  exciton  line  positions  from  Fig.  2  are  collected  in  Tab.  1,  and  compared  to  the  data 
from  thick  quasi-bulk  samples.  It  is  evident  that,  whenever  a  comparison  is  possible,  the  lines  of  the  1  to  3 
frm  thick  layers  occur  about  25  meV  higher  in  energy  as  a  result  of  the  hydrostatic  stress  component  in 
these  thin  layers  grown  on  a-plane  sapphire  with  an  AIN  buffer.  The  mismatch  in  the  substrate-layer  ther¬ 
mal  expansion  coefficients  also  induces  a  dilative  axial  stress  along  the  growth  direction  which  is  parallel 
to  the  wurtzite  GaN  c-axis  in  the  present  case  [17].  This  axial  stress  modifies  the  intrinsic  axial  field  of 
bulk  wurtzite  GaN.  This  has  consequences  for  the  valence  band  splitting  and  therefore  the  splittings  be¬ 
tween  the  free  exciton  lines  in  thin  layers  are  not  necessarily  the  same  as  those  in  quasi-bulk  samples.  A 
comparison  of  the  Ai  -  Bi  separations  in  Tab.  1  provides  an  indication  for  this  effect. 


FREE  TO  BOUND  AND  DISTANT  DONOR- ACCEPTOR  PAIR  RECOMBINATION 

In  sample  A4,  see  Fig.  3,  two  weak  lines  labelled  5  and  s  appear  on  the  low  energy  slope  of  the  D°X 
line.  At  2  K  they  are  separated  from  Eg  by  »  56  meV  and  k  52  meV,  respectively.  At  present  their  origin  is 


uncertain.  However,  as  will  be  shown  later,  there  is 
independent  evidence  for  two  residual  donors  in 
sample  A4  with  binding  energies  near  Ed“  «  57 
meV  and  Ed*^  «  54  meV,  both  being  deeper  than 
the  Ed^  =  35.5  meV  shallow  EM  donor  [15,16]. 
Lines  6  and  e  occur  close  to  the  energetic  positions 
expected  for  the  recombination  of  free  holes  with 
these  two  deeper  donors  when  neutral  (D°h  re¬ 
combination).  Fig.  3  shows  that  line  5  increases  in 
intensity  upon  warming  up  from  2  K  to  about  20  K 
but  looses  intensity  above  that  temperature.  This 
dependence  would  be  consistent  with  a  D°h  re¬ 
combination  process  provided  that  free  holes  can 
be  thermally  generated  at  temperatures  as  low  as 
10  K.  A  conceivable  hole  source  are  excitons 
bound  to  the  ionized  35.5  meV  EM  donor,  Dy  X. 
They  are  expected  to  exist  in  GaN  (me/mh  =  0.37) 
[13]  but  close  to  the  stability  limit  (me/mh  »  0.43) 
above  which  Dy^X  dissociates  into  Dy^X  and  a  free 
hole  [18].  In  this  me/mh  range  Dy'^X  can  equally 
well  be  viewed  as  Dy*^  weakly  binding  (  ~  ImeV)  a 
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hole.  Obviously,  this  hole  is  bound  only  at  the 
lowest  temperatures  (<  5  K)  and  becomes  ionized 
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at  elevated  temperatures  thus  "feeding"  D°h  re-  Fig.  4  Overall  mar  band  gap  PL  spectrum  of 


combination  processes.  If  present  in  sample  A4,  layer  A4  at  2K.  The  inset  in  addition  to  the  broad 

the  Dy^X  recombination  line  is  expected  near  3. OeV  vibronic  band  reveals  the  deep  2.25 eV yel- 

3 .485  eV  where  it  is  likely  masked  by  the  low  en-  low  emission  band. 
ergy  slope  of  the  D”X  line,  see  Fig.  1 . 


Let  us  now  consider  a  clearcut  example  for  free  to  bound  recombination.  Fig.  4  shows  the  PL  spectrum 
of  sample  A4  on  a  wider  energy  scale.  The  by  far  dominating  D°X  signal  is  followed  by  LO  (Ei)  and  2LO 
(El)  phonon  replicas  93  and  184  meV  lower  in  energy.  In  addition  there  is  a  new  broad  recombination  band 
peaked  near  3.0  eV  showing  partially  resolved  structure  on  its  high  energy  wing.  As  the  inset  of  Fig.  4 
shows  another  broad  PL  band  peaks  near  2.25  eV  which  corresponds  to  the  notorious  yellow  luminescence 
band  of  GaN. 

The  key  to  the  understanding  of  the  broad  3.0  eV  band  are  several  weak  but  sharp  zero-phonon-  lines 
(ZPLs)  between  3.34  and  3.41  eV  in  Fig,  4.  These  are  shown  in  more  detail  in  Fig.  5  together  with  their 
temperature  dependence  in  the  range  2  K  to  90  K  and  are  labelled  a,  p,  y  and  FB.  We  note  first,  that  all 
partially  resolved  structures  on  the  high  energy  wing  of  the  3.0  eV  band  can  be  explained  as  LO  replicas  of 
these  four  lines,  the  first  series  of  replicas  being  correspondingly  labelled  in  Fig.  5.  The  FB  line  occurs  116 
meV  below  Eg  and  with  increasing  temperature  displays  the  classical  shape  expected  for  jfiee  carrier  re¬ 
combination  with  a  neutral  acceptor  or  donor  [19].  Note  also,  that  the  overall,  absolute  intensity  of  this 
line  increases  with  rising  temperature.  Originally,  the  FB  line  was  thought  to  be  related  to  the  recombina¬ 
tion  of  fi-ee  holes  with  a  116  meV  deep  donor  [13].  However,  there  are  strong  arguments  against  such  a 
model  and  in  favor  of  the  opposite  case,  namely  the  recombination  of  free  electrons  with  a  1 16  meV  deep 
acceptor.  First,  in  the  temperature  range  10  to  60  K,  shallow  donors  rather  than  shallow  acceptors  become 
ionized  in  GaN  and  thermally  generated  electrons  rather  than  holes  contribute  to  the  increase  in  FB  inten¬ 
sity  when  the  temperature  is  raised.  Secondly,  the  FB  to  FB-LO  intensity  ratio  indicates  a  strong  vibronic 
(electron  -  phonon)  coupling  which  also  clearly  favors  an  A°e  recombination  model.  We  therefore  associate 
line  FB  with  free  electron  recombination  at  a  re¬ 
sidual  116  meV  shallow  acceptor.  This  is  the 
shallowest  acceptor  reported  for  GaN  to  date. 

In  contrast  to  line  FB,  the  weak  lines  a,  P  and  y 
fade  out  with  increasing  temperature  similar  as  the 
broad  3.0  eV  band.  They  are  therefore  interpreted 
as  the  ZPLs  which,  together  with  line  FB,  give  rise 
to  the  broad  vibronic  3.0  eV  band.  The  next  point 
to  note  is  the  separation  of  line  y  from  line  FB 
which  amounts  to  «  34  meV.  This  value  matches 
the  shallow  EM  donor  ionization  energy,  35.5  meV 
[15,  16],  within  experimental  error.  Thus,  the  data 
in  Fig.  4  and  5  suggest  the  following  model.  Line  y 
is  the  ZPL  of  distant  (>  200  A)  DA  pairs  with 
nearly  negligible  Coulomb  interaction,  involving 
the  116  meV  acceptor  and  the  35.5  meV  EM  do¬ 
nor.  Obviously,  the  donors  in  these  pairs  will 
"feed"  the  FB  recombination  line  when  the  tem¬ 
perature  is  raised.  Lines  a  and  p  are  separated 
from  line  FB  by  «  57  meV  and  «  54  meV,  respec¬ 
tively.  They  behave  very  similar  to  line  y  except 
that  they  disappear  somewhat  less  rapidly  when  the 
temperature  is  raised.  In  accordance  with  the  ten¬ 
tative  interpretation  of  lines  5  and  e  in  Fig.  3  we 
therefore  postulate  two  deeper  residual  donors  with 
ionization  energies  Ed“^  «  57  meV  and  Ed*^  «  54 
meV  and  attribute  lines  a  and  p  to  the  ZPLs  of 
distant  DA  pairs  involving  these  donors  and  the 


Fig.  5  Temperature  dependence  of  the  weak  but 
sharp  PL  structures  near  the  high  energy  thresh¬ 
old  of  the  broad  S.OeV  band  in  Fig.  4.  The  lines 
without  a  label  are  the  LO  and  2LO  replicas  of  the 
D^Xline. 
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1 16  meV  acceptor.  Taken  together,  the  broad  3,0  eV  band  in  Fig.  4  is  interpreted  as  the  vibronic  sideband 
of  the  distant  DA  pair  ZPLs  a,  p  and  y  with  additional  higher  order  LO  replicas  of  the  FB  line  superim¬ 
posed  on  its  high  energy  wing.  The  vibronic  coupling  evidently  is  strong,  the  Franck-Condon  shift  and  the 
width  of  the  broad  band  being  comparable,  about  370  meV. 

Nothing  definite  is  presently  known  about  the  chemical  nature  of  the  116  meV  acceptor  and  the  donors 
involved  in  the  3.0  eV  pair  band.  A  very  likely  acceptor  candidate  in  the  present  MOCVD  layers  is  carbon, 
Cn  •  It  has  been  reported  recently  that  carbon  can  be  incorporated  in  MOCVD  GaN  in  high  concentrations 

[20]  and  it  is  known  that  carbon  doping  of  molecular  beam  epitaxy  grown  GaN  produces  p-type  material 

[21] .  However,  SIn  or  even  an  intrinsic  defect  like  the  Ga  vacancy  [22-25]  cannot  be  excluded  at  present. 
Once  the  nature  of  the  1 16  meV  acceptor  is  known  it  must  be  tested  whether  it  is  a  practical  p-type  dopant 
since  the  Mg  acceptor,  eonventionally  used  for  this  purpose,  is  eonsiderably  deeper  (Ea  «  200  meV).  One 
of  the  donors  involved  in  the  3.0  eV  pair  band  is  likely  silicon,  Sica  Other  candidates  are  germanium, 
Geca,  group  VI  impurities  on  the  nitrogen  site,  and  the  nitrogen  vaeancy,  Vn  [22-26]. 

So  far  an  exciton  bound  to  the  116  meV  acceptor  has  not  been  indentified.  Applying  Haynes’  rule  with 
the  proportionality  factor  firom  the  previous  seetion  one  expects  this  exciton  line  «  12  meV  below  the  free 
exciton  Ai  line.  If  present  in  sample  A4,  Fig.  1,  it  would  be  masked  by  the  low  energy  slope  of  D°X. 
However,  the  shoulder  S  in  sample  Al,  Fig.2,  occurs  at  the  position  expected.Further  studies  are  required 
to  aseertain  the  possible  aeeeptor  bound  exciton  character  of  shoulder  S. 

The  deeper  acceptors  Mg  and  Zn  are  known  to  give  rise  also  to  broad  PL  bands  in  the  violet  and  blue 
spectral  range  in  deliberately  doped  GaN.  Portions  of  these  bands  are  seen  in  the  two  upper  traces  of  Fig. 
2.  In  the  following  section  we  will  present  and  discuss  evidence  from  optically  detected  magnetic  resonance 
that,  at  low  temperatures,  also  these  bands  result  from  DA  pair  recombination,  but  now  involving  pairs 
with  closer  separations  of  their  members.  So  far  neither  ZPLs  of  these  broad  bands  nor  free  to  bound  re¬ 
combination  lines  of  these  acceptors  have  been  reported  so  that  precision  values  for  the  acceptor  ionization 
energies  of  Mg  and  Zn  are  not  yet  available.  Nevertheless,  the  hypothetical  ZPLs  of  the  broad  Mg  and  the 
broad  Zn  band  occur  roughly  at  3.30  and  3.15  eV,  respectively,  compare  Fig.  2.  These  values  are  in 
agreement  with  the  binding  energies  usually  quoted  for  Mg  (Ea  =  200  ±30  meV)  and  Zn  (Ea  =  340  ±  30 
meV).  Therefore,  there  is  no  need  to  invoke  a  different,  deeper  Mg  acceptor  level  (0.5  eV)  as  proposed  by 
another  group  [27]  to  account  for  the  peak  position  of  the  broad  Mg  band.  Its  shift  to  lower  energies  with 
increasing  Mg  concentration  presumably  results  from  the  broadening  of  the  200  meV  Mg  acceptor  level  for 
very  high  Mg  doping  levels  (>10^^cm  ).  It  appears  likely  that  the  DA  pair  band  with  a  ZPL  near  3.26  eV 
[28],  frequently  observed  in  nominally  undoped  and  lightly  Mg  doped  layers,  is  also  related  to  the  Mg  ac¬ 
ceptor  but  now  involves  DA  pairs  wih  a  larger  separation  of  their  members. 

There  is  early  evidence  [29]  that  the  2.25  eV  yellow  luminescence  band,  practically  always  observed 
from  GaN,  compare  the  inset  of  Fig.  4,  is  carbon  related.  Recent  studies  of  MOCVD  GaN  layers  support 
this  view  [20].  It  has  been  suggested  that  this  band  also  has  DA  pair  character  involving  a  shallow  donor 
and  a  deep  carbon  related  acceptor  [29].  However,  in  view  of  the  likely  nature  of  the  116  meV  acceptor 
and  the  ODMR  data  to  be  discussed  in  the  next  section  the  alternative  model  involving  DA  recombination 
between  a  deep  donor  («  0.7  eV)  and  the  shallow  carbon  acceptor  must  be  considered  seriously. 

Apart  from  the  PL  recombination  bands  discussed,  the  samples  studied  in  this  work  reveal  sharply 
structured  PL  bands  in  the  near  infrared  spectral  range  due  to  residual  3d-transition  metal  impurities  like 
iron  [30].  They  result  from  carrier  capture  at  these  deep  impurities  and  subsequent  internal  3d-3d  deexci¬ 
tation. 

MAGNETIC  RESONANCE  OF  DONORS  AND  ACCEPTORS 

Optically  detected  magnetic  resonance  (ODMR)  is  particularly  suited  to  study  defects  and  impurities  in 
thin  GaN  layers  and  to  elucidate  the  recombination  mechanisms  giving  rise  to  specific  luminescence  bands. 
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At  2  K  the  undoped  sample  A4  reveals  two  _ 

weak,  nearly  isotropic  ODMR  signals  which  have 
beenlabelledDandX[31,  32].Theirg-factorsare  ^  ^ 

g-|l »  1.950,  »  1.947  (AH  «  6  mT)  and  g  = 

1.995  ±.005(AH«  15  mT),  respectively.  They  are  21.20  GHz  a  q 

observed  on  the  yellow  2.25  eV  band  in  the  inset  of  1 .5  K  / 1 

Fig.  4.  These  observations  parallel  the  findings  of  ^  A  I 

other  authors  for  similar  MOCVD  layers  who  rp  /  \  /  1 

labelled  these  two  resonances  as  EM  and  DD,  re-  =  /  \  /  1 

spectively  [27].  There  is  virtually  no  doubt  [27,  31,  ■£  /  1  \  /  1 

33]  that  the  D  signal  corresponds  to  the  resonance  ^  J  \  I  \ 

of  shallow  donors.  The  origin  of  signal  X  is  less  <  H  //  c  /  ^  I  \ 

well  established  but  is  thought  to  correspond  to  a  O  ^/l  I 

deep  donor  [27].  ^  \  / 

The  spectral  dependencies  of  the  above  donor  ^  \  r 

resonance  and  the  resonance  X  reflect  the  position  0 

and  shape  of  the  yellow  band  [27].  This  indicates  f  \ 

that  its  pumping-recombination  cycle  involves  both  H 1  c  J  \ 

defects.  At  present  it  is  not  clear  whether  the  resid-  Muwbi  J*  v 

ual  116  meV  acceptor  in  sample  A4  also  partici- 

pates  in  this  recombination  process.  If  this  were  the  ^ i i ^ ^ 

case,  this  would  be  consistent  with  the  deep  donor  0.65  0.70  0  75  0  80  0  85 

to  shallow  acceptor  pair  recombination  model  re-  ^ 

4.  J  f  II  u  J  r-m  I  MAGNETIC  FIELD  (T) 

cently  suggested  for  the  yellow  band  [27].  In  this  '  ^ 

connection  it  appears  important  to  clarify  the  donor  pig  5  ODMR  spectra  of  a  Mg-doped  MOCVD 

properties  of  residual  oxygen  in  GaN,  having  QaN  layer  for  two  orientations  of  the  magnetic 

GaP;0  in  mind.  field.  The  spectrum  has  been  detected  on  the  broad 

All  Mg  doped  layers  investigated  by  us  [3 1,  32]  Mg  PL  band  centered  near  S.  ISeVin  Fig.  2. 
and  other  authors  [27]  exclusively  reveal  an 

ODMR  signal  (AH  «  20  mT)  with  a  characteristic  axial  g-factor  anisotropy,  see  the  line  labelled  Mg  in 
Fig.  6.  The  largest  anisotropy  is  observed  in  the  least  heavily  doped  sample  A5  for  which  gy  =  2.084  and 
gj^  =  1.990.  Since  this  resonance  is  Mg  specific  it  has  been  tentatively  assigned  to  the  Mg  acceptor  [31]. 
The  problem  with  this  assignment  is  the  explanation  of  the  g-factors  to  which  we  return  later.  When 
ODMR  is  detected  on  the  broad  Mg  related  PL  band,  compare  the  uppermost  trace  in  Fig.  2,  one  observes 
the  shallow  donor  resonance  D  in  addition  to  the  Mg  signal,  see  Fig.  6.  The  recently  reported  spectral  de¬ 
pendencies  for  these  two  signals  [27]  provide  strong  support  for  the  DA  pair  character  of  the  broad  Mg  PL 
band  at  low  temperatures.  However,  as  already  alluded  to  in  the  previous  section,  we  suggest  that  the  nor¬ 
mal  Ea  «  200  meV  Mg  acceptor  level  is  involved  rather  than  a  deeper  (0,5  eV)  perturbed  Mg  related  ac¬ 
ceptor. 

An  ODMR  spectrum  similar  to  that  of  the  Mg  doped  layers  is  observed  jfrom  the  Zn  doped  layer  A8, 
see  Fig.7,  when  detected  on  the  broad  blue  Zn  emission  peaked  near  2.8  eV.  Apart  from  the  shallow  donor 
D  a  weakly  anisotropic  line  with  gn  »  1.997,  gj^  =1.992  and  AH  «  7  mT  appears.  This  line  is  Zn  specific 
as  comparative  studies  of  a  Zn  doped  vapor  phase  epitaxial  layer  have  shown  [32].  Closer  inspection  of  the 
H|lc  spectrum  in  Fig.7  reveals  a  low  field  shoulder  of  the  Zn  line  which  moves  towards  the  main  line  when 
the  magnetic  field  is  rotated  towards  Hlc,  Whether  or  not  the  shoulder  and  the  main  line  belong  together  is 
presently  not  clear,  thus  preventing  a  proper  g-factor  analysis.  However,  it  is  obvious  that  both  g|]  and 
are  close  to  the  free  spin  value  (2.002)  as  for  the  Mg  acceptor  resonance.  The  fact  that  the  Zn  resonance 


MAGNETIC  FIELD  (T) 

Fig.  6  ODMR  spectra  of  a  Mg-doped  MOCVD 
GaN  layer  for  two  orientations  of  the  magnetic 
field.  The  spectrum  has  been  detected  on  the  broad 
Mg  PL  band  centered  near  3. 15eV in  Fig.  2. 
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together  with  the  shallow  donor  resonance  D  are  - - - 

observed  on  the  broad  blue  Zn  emission  band 

provides  support  for  the  DA  character  also  of  a  .  n 

this  band  at  low  temperatures .  I  \ 

Both  g\\  and  of  the  Mg  and  the  Zn  accep-  21.14  GHz  j  \ 

tor  resonance  are  close  to  2  and  for  Mg  the  g-  1 .5  K  I  \ 

factor  anisotropy  is  definitely  such  that  g  n  >  •  -SJ-  /  1 

It  is  known  that  quasi-bulk  GaN  shows  the  nor-  c  Jr  1 

mal  wurtzite  valence  band  ordering,  the  upper-  ^  /  \ 

most  band  transforming  as  r9  (C6v)  [3].  In  this  ^  J  \ 

case  the  resonance  of  an  EM  acceptor  consists  of  ^  H  //  c  ^  A  \ 
a  single,  highly  anisotropic  line  with  2  <  g\\<  4  z  .  /*  /  1  \ 

and  gj^=  0  [34],  It  appears  unlikely  that  the  ^  ’M/yyyV*  /  \  V 

strain  induced  axial  field  in  thin  layers  reverses  qc;  I  \ 

the  sign  of  the  intrinsic  wurtzite  axial  field  split-  ^  j  \ 

ting.  Nevertheless,  we  have  considered  this  hypo-  O  /  \ 

thetical  case  where  the  topmost  valence  band  Hie  y  \ 

would  transform  as  F?  (Cev)-  Now,  EM  acceptor 

g-values  g  II  and  gj^  near  2  are  possible  for  axial  Zn  D 

field  splittings  large  compared  with  the  spin-orbit 

splitting.  However,  the  g-factor  anisotropy  pre-  — i - 1 - 1 - -l - 

dieted  (g  II  <gj^)  is  opposite  to  that  observed  for  0-72  0.74  0.76  0.78 

the  Mg  resonance.  We  therefore  conclude  that  the  MAGNETIC  FIELD  (T) 

Mg  acceptor  resonance  in  GaN  does  not  show  ^ 

EM  behavior  ^  spectrum  of  a  Zn-doped  MOCVD 

The  bound  to  the  negatively  charged  core 

of  a  typical  EM  acceptor  in  a  covalent  sem.con-  *'2'’  """S' “  """"  ^ 

ductor  like  GaAs  (Ea  «  30  meV)  has  a  Bohr 

radius  of  20  A  and  is  distributed  over  hundreds  of  lattice  sites.  When  an  acceptor  level  becomes  deeper  and 
deeper  the  hole  radius  shrinks  and,  in  the  extreme  case,  for  a  cation  substitutional  acceptor,  the  hole  finally 
can  be  trapped  at  a  single  nearest-neighbor  (nn)  anion  ligand.  Now  the  hole  binding  energy  amounts  to 
about  1  eV.  There  are  well  documented  examples  for  such  a  behavior  in  those  IIb-VI  compounds  having 
strongly  ionic  character  similar  as  GaN.  Of  particular  relevance  in  the  present  context  are  the  Li  [35]  and 
the  Na  [36]  acceptor  in  ZnO.  Their  resonance  properties  are  those  of  a  hole  in  the  p-shell  of  a  nn  oxygen 
ligand,  and  the  spectrum  consists  of  several  lines  since  the  hole  can  be  trapped  at  either  of  the  four  nn  li¬ 
gands  with  2  a;  g||  <  «  2.  A  less  extreme  case,  where  the  hole  binding  energy  is  about  0.7  eV,  is  the 

chlorine  A-center  in  ZnS,  a  Zn  vacancy  paired  with  a  nn  Cl  donor  [37].  At  2  K  this  acceptor  traps  the  hole 
at  a  single  nn  S  ligand  of  the  vacancy.  However,  at  temperatures  above  ss  70  K  an  averaged  spectrum  ap¬ 
pears  (9  GHz)  showing  that  the  hole  now  is  equally  shared  among  the  three  nn  S  ligands  of  the  vacancy  in 
the  A-center.  The  essential  point  to  note  is  that  the  g-factor  anisotropy  of  the  high  temperature  resonance 
spectrum  (2  »  gn  >  gj^  «  2  )  is  reversed  compared  to  that  of  the  2  K  spectrum  (2  »  g  n  <  gj^  «  gx  *  gy  « 
2).  A  similar  situation  is  encountered  for  the  «  300  meV  deep  boron  acceptor  in  cubic  SiC,  Bsi ,  where 
below  40  K  the  hole  is  trapped  at  a  single  rm  carbon  ligand  while  at  higher  temperatures  it  is  shared  among 
the  four  C  ligands  [38].  Since  the  Mg  acceptor  in  GaN  is  even  shallower  it  is  reasonable  to  associate  the 
single  Mg  line  in  Fig.  6  at  2K  with  a  hole  distributed  mainly  over  the  four  nn  N  ligands  surrounding  the 
Mg”  core.  The  g-factor  anisotropy  then  expected  is  that  observed  in  the  high  temperature  spectrum  of  the 
Cl  A-center  in  ZnS  which  is  consistent  with  that  of  Mg  in  GaN.  Taken  together,  the  resonance  behavior  of 
Mg  is  not  that  of  an  EM  acceptor  but  indicates  that  the  hole  is  mainly  localized  at  the  four  rm  N  ligands 
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Fig.  7  ODMR  spectrum  of  a  Zn-doped  MOCVD 
GaN  layer  detected  on  the  broad  2.8eV  Zn  PL  band 
the  high  energy  wing  of  which  is  seen  in  Fig.  2 
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This  experimental  finding  also  appears  reasonable  in  the  light  of  EM  theory.  When  the  Bohr  radius  re  of 
the  1 16  meV  acceptor  from  the  previous  section  is  calculated  vrith  the  EM  relation  rs  =  h  (2mh  Ea)”"^  using 
mh  =  0.54  [13]  one  obtains  rB  «  7.5  A.  Therefore,  an  re  value  of  the  order  of  the  GaN  nn  distance  for  the 
almost  twice  as  deep  Mg  acceptor  makes  sense,  but  EM  theory  no  longer  applies. 

SUMMARY 

We  have  presented  PL  results  for  MOCVD  GaN  layers  which  provide  examples  for  the  fundamental 
carrier  recombination  processes  in  a  high  band  gap  semiconductor.  A  precision  value  for  the  free  A  exciton 
binding  energy  and  a  more  accurate  hole  effective  mass  has  been  derived.The  localization  energies  of  the 
neutral  acceptor  bound  excitons  were  found  to  be  in  line  with  Haynes’  rule.  A  new  1 16  meV  shallow  ac¬ 
ceptor  has  been  identified,  presumably  Cn-  The  nature  of  the  broad  PL  bands  induced  by  the  deeper  accep¬ 
tors  Mg  and  Zn  are  discussed  in  the  light  of  ODMR  results.  The  ODMR  data  also  indicate  that  Zn  but  also 
Mg  do  not  behave  EM  like  in  GaN. 
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ABSTRACT 

We  have  studied  the  electronic  and  energetic  properties  of  native  defects,  impurities  and 
complexes  in  GaN  applying  state-of-the-art  first-principles  calculations.  An  analysis  of  the 
numerical  results  gives  direct  insight  into  defect  concentrations  and  impurity  solubility  with 
respect  to  growth  parameters  (temperature,  chemical  potentials)  and  into  the  mechanisms 
limiting  the  doping  levels  in  GaN.  We  show  how  compensation  and  passivation  by  native 
defects  or  impurities,  solubility  issues,  and  incorporation  of  dopants  on  other  sites  influence 
the  acceptor  doping  levels.  The  role  of  hydrogen  in  enhancing  the  p-type  doping  is  explained 
in  detail.  We  also  discuss  the  mechanisms  responsible  for  the  experimentally  observed 
limitation  of  the  free-carrier  concentration  in  p-type  GaN. 

INTRODUCTION 

During  the  past  few  years  interest  in  GaN-based  devices  has  grown  rapidly,  stimulated 
by  the  accomplishment  of  bright,  highly-efficient  green/blue  light-emitting  diodes  [1].  How¬ 
ever,  despite  the  progress  in  devices,  doping  problems  remain  an  important  issue.  Current 
doping  levels  are  sufficient  for  producing  light-emitting  diodes,  but  the  lack  of  high  p-type 
doping  levels  may  be  a  major  obstacle  in  achieving  III-V  nitride  laser  diodes.  Native  defects 
are  often  invoked  to  explain  the  shortcomings  in  doping. 

With  the  advent  of  increasingly  fast  computers  and  methodical  improvements,  first- 
principles  calculations  have  evolved  into  a  powerful  tool  to  study  various  properties  of 
defects  and  impurities  in  semiconductors.  With  the  capability  to  calculate  accurate  total 
energies  and  electronic  structure,  it  became  possible  to  investigate  the  character  and  the 
position  of  defect  levels,  the  atomic  structure  of  the  defect,  as  well  as  the  energy  to  create 
the  defect.  More  recently,  formalisms  have  been  developed  to  use  the  total  energy  of 
the  defect  to  calculate  defect  concentrations,  under  the  assumption  of  thermodynamic 
equilibrium  [2,  3].  The  same  formalism  can  also  be  extended  to  the  calculation  of  impurity 
solubilities  [4,  5]. 

In  the  present  paper  we  will  give  an  overview  about  theoretical  results  for  native  defects 
and  impurities  in  GaN.  We  will  mainly  focus  on  the  problem  of  acceptor  doping  limits  in 
GaN,  particularly  for  Mg,  which  is  presently  the  acceptor  of  choice  to  obtain  p-type  con¬ 
ductivity.  However,  hole  concentrations  are  still  lower  than  desired.  We  therefore  discuss 
various  mechanisms  which  may  limit  the  hole  concentration:  compensation  by  native  de¬ 
fects  and  impurities,  solubility  limits,  and  incorporation  of  the  Mg  acceptor  on  other  sites. 
The  role  of  hydrogen,  in  particular  its  ability  to  enhance  the  p-type  doping,  is  discussed  in 
detail. 
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FORMALISM 

The  equilibrium  concentration  c  of  an  impurity  or  defect  at  temperature  T  is  deter¬ 
mined  by  its  formation  energy,  : 

C  =  iVsite.  9  exp-®'/*®’’  (1) 

where  NaHes  is  the  number  of  sites  the  defect  can  be  built  in.  5/  is  a  degeneracy  factor 
representing  the  number  of  possible  configurations  in  which  a  defect  can  be  formed  on  the 
same  site,  ks  is  the  Boltzmann  constant  and  S  the  vibrational  entropy.  The  vibrational 
entropy  is,  at  the  present  stage  of  our  work,  not  explicitly  included,  which  would  be  compu¬ 
tationally  very  demanding.  Entropy  contributions  cancel  to  some  extent  [6],  and  are  small 
enough  not  to  affect  any  qualitative  conclusions.  The  effect  of  entropy  can  be  included 
in  an  approximate  way;  experimental  and  theoretical  results  show  that  the  entropy  S  is 
typically  in  the  range  between  0  (no  entropy  contributions)  and  10  ks  (where  ks  is  the 
Boltzman  constant)  [7]. 

The  formation  energy  depends  on  various  parameters.  For  example,  the  formation 
energy  of  a  Mg  acceptor  is  determined  by  the  relative  abundance  of  Mg,  Ga,  and  N  atoms. 
In  a  thermodynamic  context  these  abundances  are  described  by  the  chemical  potentials 
/^Mg,  fJ-G&i  and  /iN-  If  the  Mg  acceptor  is  charged,  the  formation  energy  depends  further 
on  the  Fermi  level  (F'f),  which  acts  as  a  reservoir  for  electrons.  Forming  a  substitutional 
Mg  acceptor  requires  the  removal  of  one  Ga  atom  and  the  addition  of  one  Mg  atom;  the 
formation  energy  is  therefore: 

£:/(GaN;MgJ,J  =  £i„,(GaN:Mg^J  -  +  pa*  +  qEp  (2) 

where  jFtot(GaN:MgQ^)  is  the  total  energy  derived  from  a  calculation  for  substitutional  Mg, 
and  q  is  the  charge  state  of  the  Mg  acceptor.  Similar  expressions  apply  to  the  hydrogen 
impurity,  and  to  the  various  native  defects.  For  calculating  the  total  energies  we  have 
performed  first-principles  calculations  based  on  density-functional  theory  (DFT)  using  a 
supercell  approach  with  32  atoms  per  cell,  a  plane- wave  basis  set  with  60  Ry  cutoff  and  soft 
Troullier- Martins  pseudopotentials  [8].  Details  of  the  method  and  convergency  checks  can 
be  found  elsewhere  [9,  10,  11]. 

NATIVE  DEFECTS 

We  have  calculated  the  position  of  the  defect  levels  and  the  formation  energies  for  all 
native  defects  in  GaN:  vacancies  (Vca,  VSj),  antisites  (GaN,  Noa),  and  interstitials  (Ga,-, 
N,).  All  relevant  charge  states  were  taken  into  account.  The  positions  of  the  defect  levels 
corresponding  to  the  neutral  charge  state  are  shown  in  Fig.  1.  From  these  results  we  can 
immediately  classify  the  defects  into  donors,  acceptors  and  amphoteric  defects:  Vn  and 
Ga.,-  are  donors,  Vca  is  an  acceptor,  and  N,-  and  both  antisites  are  amphoteric. 

We  find  that  antisites  and  interstitials  have  high  formation  energies,  and  are  therefore 
very  unlikely  to  occur  in  any  significant  concentration  [11].  The  vacancies,  however,  have 
lower  formation  energies.  Under  conditions  of  thermodynamic  equilibrium,  low  formation 
energies  are  required  for  the  defect  to  occur  in  high  concentration.  In  particular,  the  nitro¬ 
gen  vacancy  (a  single  donor)  has  a  low  formation  energy  under  p-type  and  semiinsulating 
conditions,  and  the  Ga  vacancy  (a  triple  acceptor)  gets  a  low  formation  energy  under  n-type 
conditions.  Thus,  based  on  the  assumption  of  thermodynamic  equilibrium,  the  dominant 
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Figure  1:  Schematic  representation  of  the  defect  levels  in  GaN.  The  occupations  are  shown 
for  the  neutral  charge  state;  filled  circles  indicate  electrons,  open  circles  indicate  holes. 


native  defects  are  the  vacancies:  in  p-type  GaN  the  N  vacancy,  in  n-type  GaN  the  Ga 
vacancy. 

Based  on  Eq.  (1)  the  defect  concentration  as  a  function  of  temperature  can  be  calcu¬ 
lated.  The  results  are  shown  in  Fig.  2,  where  we  have  assumed  Ga-rich  conditions  (which 
appear  to  be  common  in  experimental  growth  conditions).  For  this  calculation  undoped 
GaN  is  assumed;  no  impurities  are  included.  It  is  important  to  note  that  the  defect  concen¬ 
trations  are  not  independent  from  each  other:  they  are  coupled  via  the  condition  of  charge 
neutrality.  The  total  charge  associated  with  electrons  in  the  conduction  band,  holes  in  the 
valence  band,  and  charges  on  the  defects  must  be  zero  [7]. 

Figure  2  shows  that  for  all  growth  temperatures  the  N  vacancy  is  the  defect  with 
the  highest  concentration  in  undoped  GaN.  The  concentration  of  Ga  vacancies  is  orders 
of  magnitude  smaller,  and  the  other  native  defects  occur  only  in  insignificant  concentra¬ 
tions.  Generally,  the  defect  concentration  increases  with  increasing  temperature.  However, 
even  at  growth  temperatures  as  high  as  1300  K  [typical  for  metalorganic  vapor  deposition 
(MOCVD)]  the  N  vacancy  concentration  is  orders  of  magnitude  too  small  to  explain  the 
high  unintentional  carrier  concentrations  of  10^® . . .  10^°  cm~^  found  in  “autodoped”  GaN 
samples. 

We  have  proposed  two  alternative  explanations  for  the  high  unintentional  carrier  con¬ 
centration.  First,  we  stress  that  our  conclusions  about  N  vacancies  applies  to  isolated  point 
defects.  A  vacancy- related  defect  or  extended  defect  may  be  involved,  if  it  acts  as  a  donor. 
Second,  we  propose  unintentional  incorporation  of  donor  impurities.  In  particular,  we  find 
Si  and  0  to  have  a  high  solubility  in  GaN;  our  calculations  also  show  that  C  can  be  ex¬ 
cluded  as  a  possible  donor  [12].  Recent  progress  has  enabled  the  growth  of  GaN  with  low 
unintentional  carrier  concentrations  (10^®  . . .  10^^  cm“^),  and  even  semiinsulating  GaN  has 
been  reported. 

ATOMIC  AND  MOLECULAR  HYDROGEN  IN  GaN 

Hydrogen  is  a  common  impurity  in  many  semiconductors,  and  well  known  for  its  ability 
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Figure  2:  Equilibrium  concentration  of  native  defects  in  undoped  GaN  versus  growth  tem¬ 
perature.  Ga-rich  conditions  are  assumed.  Lower  (solid  line;  S  =  Iks)  and  upper  limit 
(dashed  line;  S  =  10/jb)  are  shown. 


to  terminate  dangling  bonds,  passivate  or  compensate  both  shallow  and  deep  defects,  and 
to  induce  extended  defects  [13].  In  modern  high-temperature  growth  techniques  such  as 
MOCVD  and  HVPE  (hydride  vapor  phase  epitaxy),  which  are  used  to  grow  high-quality 
epitaxial  GaN,  hydrogen  is  highly  abundant.  There  is  also  strong  experimental  evidence 
that  hydrogen  is  involved  in  the  passivation  of  acceptors  in  GaN  [14]. 

We  have  recently  investigated  energetics  and  migration  behavior  of  monatomic  H  and 
H  molecules  in  GaN.  The  main  results  regarding  the  energetics  of  interstitial  H  in  GaN  are 
summarized  in  Fig.  3,  which  displays  the  formation  energy  for  the  different  charge  states 
of  H  (H"'',  H®,  H“)  as  a  function  of  the  Fermi  level.  For  this  plot,  we  assumed  that  the 
H  chemical  potential  is  fixed  at  the  energy  of  a  free  H  atom,  as  a  reference.  In  p-type 
GaN,  H"*"  has  the  lowest  formation  energy,  indicating  that  H  acts  as  a  donor.  For  n-type 
GaN,  H"  has  the  lowest  formation  energy:  H  acts  as  an  acceptor.  From  these  results  we 
can  conclude  that:  (i)  H  is  not  a  dopant  but  (ii)  it  may  compensate  both  acceptors  and 
donors. 

From  Fig.  3  we  further  derive  that  the  solubility  of  p-type  GaN  is  considerably  higher 
under  p-type  conditions  than  under  n-type  conditions.  We  also  found  that  the  migration 
barrier  for  diffusion  of  H+  is  low,  while  the  barrier  of  diffusion  of  H“  is  high  [15].  Our  the¬ 
oretical  predictions  were  very  recently  confirmed  by  experimental  observations  of  Gotz  and 
Johnson  [16]  on  plasma  hydrogenation  of  MOCVD-grown  GaN:  H  is  readily  incorporated  in 
p-type  GaN,  consistent  with  a  high  diffusivity  and  solubility,  whereas  no  detectable  levels 
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Figure  3:  Formation  energy  as  a  function  of  the  Fermi  level  for  H'*’,  H°  and  H“  (solid  lines), 
for  a  hydrogen  molecule  (dashed  line),  and  for  a  magnesium-hydrogen  complex  (long-dashed 
line).  The  formation  energy  is  referenced  to  the  energy  of  a  free  H  atom. 


of  H  were  found  in  n-type  GaN,  consistent  with  a  low  diffusivity  as  well  as  lower  solubility. 

The  fact  that  the  neutral  charge  state  is  never  stable  is  characteristic  for  a  “negative- 
f/”  system.  The  value  of  U  is  given  by  the  difference  between  the  +/0  and  0/—  transition 
levels:  U  =  ^  — 2.4eV.  A  negative-C/  behavior  appears  to  be  common  for  H 

in  semiconductors;  it  was  also  found  for  H  in  Si  and  GaAs.  However,  the  value  found  here 
for  GaN  is  unusually  large,  and,  to  the  best  of  our  knowledge,  larger  than  any  predicted  or 
measured  value  for  any  defect  in  any  semiconductor. 

We  have  also  studied  hydrogen  molecules  in  GaN.  The  formation  energy  and  atomic 
geometry  were  calculated  for  several  symmetric  as  well  as  asymmetric  configurations.  The 
formation  energies  for  all  the  calculated  structures  are  nearly  degenerate;  the  value  for  the 
energetically  most  stable  configuration  is  included  in  Fig.  3.  We  have  also  investigated 
the  H2  geometry,  proposed  by  Chang  and  Chadi  [17],  where  one  H  is  located  at  the  bond- 
center  site  and  the  other  at  either  the  N  or  Ga  antibonding  site.  Our  calculations  show 
that  these  configurations  are  energetically  even  less  favorable  than  those  where  the  H  atoms 
may  form  a  H-H  bond.  As  shown  in  Fig.  3,  H2  is  unstable  with  respect  to  dissociation  into 
monatomic  H.  The  formation  energy  of  w  —0.6  eV  is  much  higher  than  that  of  H2  in  vacuum 
(— 2,4eV).  Both  properties,  the  unfavorably  high  formation  energy  and  the  low  stability  of 
the  H2  molecule  are  distinctly  different  from  the  behavior  of  H  in  Si  and  GaAs. 
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DOPING  LIMITS  OF  Mg-DOPED  GaN 

Magnesium  is  the  most  commonly  used  acceptor  in  GaN;  it  has  an  ionization  energy  of 
0.16  eV  [18]  and  can  be  incorporated  in  concentrations  up  to  10^°  cm~^.  However,  the 
relatively  deep  character  of  the  Mg  acceptor  level  implies  that  only  a  tiny  fraction  of  the 
Mg  acceptors  will  be  ionized,  explaining  why  the  maximum  achievable  hole  concentration  is 
much  smaller  than  the  Mg  concentration.  Several  procedures  are  conceivable  to  overcome 
this  problem:  (i)  use  of  acceptors  with  a  lower  ionization  energy  and  (ii)  an  increase  of  the 
acceptor  concentration.  In  the  past,  several  other  acceptor  impurities  were  studied,  but 
Mg  was  found  to  be  the  most  shallow  acceptor  [19].  However,  even  if  an  acceptor  with  a 
smaller  binding  energy  exists,  the  question  is  whether  it  can  be  incorporated  in  sufficiently 
high  concentrations. 

We  will  therefore  discuss  in  detail  what  the  doping-limiting  mechanisms  are  for  Mg  in 
GaN.  The  conclusions  we  draw  can  be  applied  also  to  other  acceptors.  The  doping  level 
can  be  limited  by  three  mechanisms:  (i)  solubility  issues,  (ii)  compensation  or  passivation 
by  native  defects  and  impurities,  and  (iii)  incorporation  of  the  dopant  on  sites  where  it  no 
longer  acts  as  an  acceptor.  In  the  following  discussion  we  will  show  that  these  mechanisms 
cannot  be  treated  independently,  but  the  achievable  hole  concentration  depends  on  a  com¬ 
bination  of  these  effects. 


Solubility 

The  formation  energy  to  create  a  Mgca  acceptor  can  be  separated  into  two  independent 
processes:  (i)  the  removal  of  a  Ga  atom  (creation  of  a  Ga  vacancy)  and  (ii)  the  chemisorp¬ 
tion  of  a  Mg  atom  on  this  site.  For  both  processes  the  energy  depends  on  the  specific 
growth  conditions  which  are  characterized  by  the  chemical  potentials.  The  removed  Ga 
atom  has  to  be  brought  to  a  reservoir  for  Ga  atoms  where  it  has  the  energy  //Qa-  K  this 
energy  is  high  (Ga-rich  environment)  the  formation  energy  will  be  high  as  well.  The  same 
argumentation  can  be  applied  to  the  incorporation  of  Mg;  the  formation  energy  depends 
thus  on  two  external  parameters  (/xca?  /^Mg)-  An  upper  limit  for  the  Mg  chemical  potential 
is  the  formation  of  bulk  Mg.  Our  calculations  show  that  an  even  more  stable  configuration 
is  Mg3N2,  having  a  large  cohesive  energy  of  4.8  eV.  The  chemical  potentials  then  have  to 
obey  the  relation: 

2/^Mg  "I"  3/^Ga  =  /^Mg2N3  •  (3) 

The  formation  of  Mg3N2  is  thus  an  upper  limit  for  the  solubility  of  Mg  in  GaN,  giving  at 
the  same  time  a  lower  limit  for  the  Mgoa  formation  energy. 

The  formation  of  Mg3N2  or  Mg  precipitates  may  be  suppressed  by  working  far  away 
from  thermodynamic  equilibrium,  i.e.,  at  low  temperatures.  This  may  work  for  MBE 
(molecular  beam  epitaxy)  growth  (where  low  temperatures  are  characteristic),  however,  we 
expect  that  the  temperatures  in  MOCVD  and  related  growth  methods  (T>  lOOOK)  are 
high  enough  to  realize  thermodynamic  equilibrium. 


Compensation  by  native  defects 

The  incorporation  of  acceptors  dramatically  changes  the  position  of  the  Fermi  level 
causing  strong  changes  in  the  formation  energies  of  native  defects  and  impurities.  Defects 
that  are  very  high  in  energy  under  semiinsulating  or  n-type  conditions  (and  thus  occur 
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Figure  4:  Formation  energy  vs.  Fermi  level  for  the  Mgca  acceptor  and  the  native  defects. 
The  corresponding  equilibrium  concentrations  are  given  in  (b).  Ga-rich  conditions  are 
assumed. 


only  in  small  concentrations)  may  now  become  energetically  favorable.  In  p-type  GaN,  as 
discussed  in  the  Section  about  native  defects,  the  N  vacancy  (a  donor)  is  the  defect  with  the 
lowest  formation  energy.  Figure  4(a)  shows  the  calculated  formation  energies  for  the  native 
defects  and  the  Mgoa  acceptor  under  Ga-rich  conditions.  For  the  calculation  of  the  Mgoa 
formation  energy  the  limited  solubility  of  Mg  in  GaN  [Eq.  3]  was  taken  into  account,  which 
gives  a  lower  limit  for  the  formation  energy.  The  position  of  the  kink  in  the  Mg  formation 
energy  at  «  0.2  eV  gives  the  position  of  the  acceptor  level,  close  to  the  experimental  value 
(0.16 eV)  [18]. 

Using  the  calculated  formation  energies,  and  taking  into  account  that  the  Fermi  energy 
is  not  a  free  parameter  but  fixed  by  the  condition  of  charge  neutrality,  the  equilibrium  defect 
concentration  [Eq.  1]  for  each  defect  can  be  calculated  as  function  of  temperature  [3].  The 
results,  displayed  in  Fig.  4(b),  show  that  the  Mg  concentration,  as  expected,  increases  with 
the  growth  temperature.  The  only  native  defect  which  occurs  in  relevant  concentrations  is 
the  N  vacancy.  At  temperatures  exceeding  1000  K  the  Mg  acceptors  become  increasingly 
compensated  by  the  N  vacancies.  Compensation  by  native  defects  is  therefore  potentially 
a  major  concern  for  high-temperature  growth  techniques.  Growth  at  low  temperatures  as 
characteristic  for  MBE  may  suffer  less  from  this  problem  since  non-equilibrium  conditions 
probably  apply.  This  may  explain  why  p-type  GaN  without  post-growth  treatment  was 
successful  in  MBE  [20,  21). 

Role  of  hydrogen  in  achieving  p-type  doping  in  GaN 

Until  recently,  efforts  to  dope  GaN  p-type  led  to  highly-resistive  material.  It  was  not 
until  1989  that  Amano  et  al.  made  a  major  breakthrough  when  they  observed  that  initially 
compensated  Mg-doped  GaN  can  be  activated  by  low-energy  electron  beam  irradiation 
(LEEBI)  [22].  Nakamura  later  showed  that  the  Mg  activation  can  be  achieved  equally  well 
by  thermal  annealing  at  700°C  under  N2  ambient  [14].  Nakamura  further  observed  that  the 
process  was  reversible,  with  p-type  GaN  reverting  to  semiinsulating  when  annealed  in  a  NH3 
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Figure  5:  Formation  energy  vs.  Fermi  level  for  the  Mgca  acceptor  and  the  neutral  Mg- 
H  complex.  Also  included  are  the  native  defects  and  interstitial  H.  The  corresponding 
equilibrium  concentrations  are  given  in  (b)  as  a  function  of  the  growth  temperature.  H  rich 
conditions  are  assumed. 

ambient  [14],  revealing  the  crucial  role  played  by  hydrogen.  Based  on  these  observations, 
Van  Vechten  et  ah  [23]  proposed  a  model  describing  acceptor  passivation  by  H  in  which 
Mg-H  defect  complexes  are  converted  to  active  Mg  acceptor  impurities  by  LEEBI.  This 
model  highlights  the  important  role  of  H,  but  leaves  various  issues  unanswered,  such  as 
why  activation  can  be  achieved  also  by  thermal  annealing,  the  lack  of  H  incorporation  in 
n-type  GaN,  and  the  success  of  p-type  doping  without  post-growth  treatments  in  MBE. 

We  will  now  combine  our  results  about  native  defects,  interstitial  hydrogen  and  Mg 
acceptors  to  address  these  questions.  Figure  5(a)  displays  the  formation  energies  as  a  func¬ 
tion  of  the  Fermi  level.  In  addition,  the  formation  energy  of  the  neutral  Mg-H  complex 
is  included,  which  will  be  discussed  later  in  detail.  Figure  5(a)  shows  that  for  all  Fermi 
energies  H  is  energetically  more  favorable  than  the  dominant  native  defect,  the  N  vacancy. 
From  the  calculated  formation  energies  the  equilibrium  concentrations  for  all  defects  can 
be  calculated.  The  results,  displayed  in  Fig.  5(b),  reveal  a  remarkably  dilferent  behavior 
compared  to  the  H-free  limit  (Fig.  4):  the  Mg  concentration  is  increased  and  the  N  vacancy 
concentration  is  decreased.  Both  effects  are  beneficial  for  doping.  We  further  find  that 
the  Mg  and  H  concentrations  are  virtually  identical  indicating  that  H  completely  compen¬ 
sates  the  Mg  acceptors.  At  the  growth  temperature,  the  concentration  of  Mg-H  complexes 
is  orders  of  magnitude  smaller  than  isolated  (but  compensated)  Mgca-  Our  finding  of 
virtually  complete  compensation  of  the  Mg  acceptors  is  consistent  with  the  experimental 
observations:  the  only  cases  where  p-type  GaN  has  been  achieved  without  any  post-growth 
treatment  involved  MBE  growth  where  H  is  absent.  MOC VD-grown  Mg  doped  GaN  (where 
H  is  highly  abundant)  is  compensated  and  highly  resistive. 

Let  us  now  describe  the  beneficial  role  of  H  on  the  Mg  incorporation  in  GaN  in  a 
more  qualitative  way.  In  Fig.  5(a)  the  Fermi  level  can  be  roughly  estimated  to  be  near  the 
crossing  point  between  the  acceptor  and  the  dominant  donor  species.  At  this  point  their 
formation  energies,  and  hence  their  concentrations,  are  equal,  ensuring  charge  neutrality. 
This  approximation  works  well  if  the  Fermi  level  is  far  enough  from  the  valence-band  edge; 
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free  carriers  can  then  be  neglected.  If  only  native  defects  are  present  (H-free  case),  the  N 
vacancy  is  the  dominant  defect,  and  the  crossing  occurs  at  about  0.8  eV.  If  H  is  present, 
the  crossing  point  and  thus  the  Fermi  energy  shifts  to  higher  energies,  resulting  in  a  decrease 
of  the  acceptor  (Mg)  formation  energy  and  an  increase  of  the  donor  (N  vacancy)  energy. 
Consequently,  a  lowered  defect  concentration  and  an  increased  acceptor  concentration  is 
achieved. 

In  order  to  study  the  interaction  between  Mg  and  H  in  more  detail  we  have  calculated 
the  complete  total-energy  surface  for  a  H  atom  around  a  Mgca  acceptor  [15].  We  find  that 
Mg  and  H  form  a  neutral  complex  with  an  atomic  structure  very  different  from  the  well 
established  acceptor-hydrogen  complexes  in  other  semiconductors  (where  a  bond  center 
(BC)  configuration  is  preferred):  The  H  prefers  the  (antibonding)  AB  site  of  one  of  the  N 
neighbors  around  the  Mg  atom. 

Our  calculated  binding  energy  for  the  neutral  Mg-H  complex  with  respect  to  its  disso¬ 
ciation 

+  (4) 

is  Eb  Pb  0.7 eV  [15],  the  positive  binding  energy  indicating  that  the  formation  of  Mg-H 
complexes  is  energetically  favorable.  If  the  formation  of  Mg-H  complexes  is  energetically 
favorable,  why  then  is  the  concentration  of  isolated  Mg  and  H  atoms  larger  than  the 
concentration  of  complexes  [see  Fig.  5(b)]?  The  reason  is  the  large  difference  in  the  con¬ 
figurational  entropy  between  a  point  defect  and  a  complex.  As  pointed  out  above,  the 
condition  of  charge  neutrality  ensures  that  the  formation  energies  of  the  acceptor  (Mg) 
and  the  dominant  donor  (H)  are  almost  equal;  let  us  call  this  energy  JSdefect  =  E^^  =  Ef. 
The  complex  formation  energy  is  then  given  by  jEcompi  =  2£ldefect  —  Eb.  The  prefactor  in 
the  equilibrium  concentration  [Eq.  (1)]  depends  on  the  number  of  possible  configurations, 
which  is  for  a  point  defect  the  number  of  either  Ga  or  N  atoms  (NgUes)-  For  the  Mg-H 
complex  it  is  the  number  of  Ga  sites  (the  location  of  the  Mg  atom)  times  the  degeneracy 
factor  g  indicating  the  number  of  possible  orientations  of  the  Mg-H  complex,  which  is  four; 
indeed,  the  H  atom  can  bond  to  each  of  the  four  N  atoms  surrounding  the  Mg  atom.  The 
concentrations  for  the  defect  and  the  complex  are  then  given  by; 

^defect  =  -^sites  6Xp(  — F/defect/^flT)  (5) 

^complex  —  Agites  Q  CXp(  ^/compl/^BT)  (6) 

If  we  neglect  the  degeneracy  factor  the  ratio  between  complex  concentration  and  the  con¬ 
centration  of  the  isolated  defects  depends  solely  on  the  difference  in  formation  energy:  for 
-Ecompi  <  ■E'defect  (which  is  equivalent  to  FJdefect  <  Eb)  the  complex  formation  dominates, 
otherwise  dissociation  is  predominant.  Thus,  complex  formation  is  the  dominant  mech¬ 
anism  (and  controls  the  achievable  concentration  of  the  dopants)  only  if  the  energy  gain 
due  to  complex  formation  is  larger  than  the  energy  necessary  to  create  either  one  of  the 
constituents. 

For  the  specific  choice  of  chemical  potentials  made  here,  the  complex  binding  energy 
is  not  large  enough  to  prevent  dissociation  of  the  Mg-H  complex  during  growth.  However, 
the  Mg  and  H  will  form  pairs  when  the  sample  is  cooled  to  room  temperature,  consistent 
with  experimental  observations  [16].  The  beneficial  character  of  H  incorporation  is  thus 
not  due  to  complex  formation,  but  simply  due  to  compensation.  Complexes  are  formed 
only  after  growth  and  do  not  affect  the  achievable  acceptor  concentration. 

In  order  to  activate  the  Mg,  post-growth  treatments  are  necessary.  The  first  step  in 
the  activation  process  is  the  dissociation  of  the  Mg-H  complex.  Our  calculated  dissociation 
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Figure  6;  Formation  energy  as  a  function  of  the  Fermi  level  for  Mg  in  different  configurations 
(MgGa,  Mg,-,  MgN).  Also  included  are  the  native  defects  and  interstitial  H. 

barrier  is  «  1.5  eV,  which  should  be  considered  a  lower  limit:  only  a  jump  to  a  nearest 
neighbor  site  has  been  considered  in  this  calculation,  and  the  attractive  electrostatic  inter¬ 
action  between  the  negative  Mg  acceptor  and  the  positive  H  atom  may  slightly  increase 
this  value.  This  barrier  is  low  enough  to  be  overcome  at  modest  annealing  temperatures 
(around  300°C).  Experimental  results  show,  however,  that  activation  has  to  be  carried  out 
at  much  higher  temperatures  (>  600°C)  [14].  The  reason  is  that  dissociation  alone  is  in¬ 
sufficient;  in  order  to  prevent  the  H  from  compensating  the  Mg  acceptor  it  has  to  be  either 
removed  (to  the  surface  or  into  the  substrate)  or  neutralized  (e.g.,  at  an  extended  defect). 
This  phenomenon  is  well  known  from  studies  of  complex  dissociation  in  Si;  activation  can 
be  achieved  at  much  lower  temperatures  if  an  electric  field  is  applied  which  sweeps  the  H 
out  of  the  region  [24]. 

Incorporation  of  Mg  on  other  sites 

Another  mechanism,  that  may  limit  the  hole  concentration,  is  self-compensation  of  the 
Mg  acceptors:  instead  of  being  incorporated  on  the  Ga  substitutional  site  the  Mg  may  be 
built  in  on  other  sites  where  it  is  electrically  inactive  or  even  becomes  a  donor.  As  possible 
configurations  we  have  investigated  the  N  substitutional  site  (MgN)  and  several  interstitial 
configurations. 

The  calculated  formation  energies  are  displayed  in  Fig.  6.  The  positive  slope  in  the 
formation  energy  indicates  that  Mg  in  both  configurations  acts  as  a  donor:  Mg^  as  a  dou¬ 
ble  donor,  MgN  as  a  triple  donor.  Whereas  the  behavior  of  Mg,-  is  expected,  the  donor 
character  for  MgN  is  not  as  obvious:  at  first  sight  Mg  should  act  as  a  triple  acceptor.  The 
replacement  of  the  “small”  N  atom  (rcov  =  0.75  A)  with  a  “large”  Mg  atom  (rcov  =  1.36  A) 
results  in  a  large  increase  of  the  nearest  neighbor  bond  length  (by  24%  !),  giving  rise  to  sub¬ 
stantial  changes  in  the  positions  of  the  defect  levels.  The  large  strain  around  the  Mg  atom 
further  explains  the  high  formation  energy,  rendering  this  site  energetically  unfavorable. 
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Figure  6  shows  that  the  formation  energies  of  Mg,-  and  MgN  become  comparable  with  Mgca 
only  under  extreme  p-type  conditions.  We  further  find  that  the  N  vacancy  or  hydrogen  (if 
present),  are  the  dominant  donors:  their  formation  energies  are  lower  for  all  Fermi  energies. 
We  therefore  conclude  that  Mg  will  always  prefer  the  Ga  substitutional  site:  incorporation 
on  other  sites  can  be  ruled  out.  For  other  possible  acceptors  (particularly  elements  with  a 
small  ionic  radius),  the  situation  may  be  different. 

CONCLUSIONS 

Based  on  first-principles  calculations  we  have  studied  several  mechanisms  which  may 
limit  the  hole  concentration  in  Mg-doped  GaN.  Two  mechanisms  are  found  to  be  impor¬ 
tant:  (i)  the  formation  of  Mg3N2  precipitates  (solubility  limit)  and  (ii)  the  compensation 
by  native  defects.  Incorporation  of  the  Mg  atoms  on  the  N  site  or  in  an  interstitial  config¬ 
uration  was  found  to  be  negligible.  Combining  our  numerical  results  about  native  defects, 
interstitial  H  and  the  Mg  impurity  we  could  identify  why  H  incorporation  increases  the 
acceptor  concentration  and  simultaneously  reduces  compensation  by  native  defects.  An 
analysis  of  these  results  reveals  that  this  mechanism  should  also  work  for  other  acceptors 
in  GaN.  However,  it  is  by  no  means  general:  it  does  not  work  for  donor  impurities  in  GaN 
and  may  fail  for  other  wide-band-gap  semiconductors. 
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ABSTRACT 

Electrically  detected  magnetic  resonance  (EDMR)  is  used  to  study  recombination 
processes  in  two  types  of  gallium  nitride  light  emitting  diodes:  in  m/i/n/n^-  and 
InGaN/AlGaN  double-heterostructure  devices.  In  the  MIS-diodes,  two  resonances  at 
g=1.96  and  2.00,  corresponding  to  the  effective  mass  donor  and  a  deep  defect  are 
observed  at  room  temperature.  At  low  temperahires,  an  acceptor-related  resonance  at 
g=2.06  is  visible  as  well.  After  current  degradation,  the  spectra  are  dominated  by  the 
defect  resonance,  indicating  that  the  creation  of  this  defect  is  responsible  for  the 
decreased  electroluminescence  efficiency.  In  the  double-heterostructure  devices,  EDMR 
can  only  be  observed  below  60  K  showing  the  g=2.00  defect  resonance.  The  same  defect 
resonance  is  also  observed  in  conventional  electron  spin  resonance  experiments  under 
illumination  (light-induced  ESR). 

INTRODUCTION 

Various  electronic  devices  such  as  high  brightness  light  emitting  diodes  and 
field  effect  transistors  have  recently  been  developped  on  the  basis  of  GaN.  To  further 
improve  the  performance  of  these  devices,  detailed  information  on  electrically  active 
defect  states  will  be  important.  A  notable  problem  where  defect  studies  will  become 
important  is  the  difficulty  to  achieve  stimulated  emission  from  the  group  ni-nitrides: 
The  extremely  short  lifetime  of  the  luminescence  requires  enormous  excitation  densities 
to  achieve  the  necessary  occupation  inversion.  The  short  lifetime  is  most  probably  due 
to  an  unidentified  deep  defect  leading  to  an  efficient  nonradiative  recombination  path 
quenching  the  radiative  transition.  The  large  bandgap  of  the  material  makes  the  simple 
extension  of  existing  techniques  for  the  electrical  characterisation  of  defects  in  other 
semiconductors  difficult.  As  an  example,  the  thermal  excitation  used  in  conventional 
deep  level  transient  spectroscopy  (DLTS)  has  to  be  replaced  by  optical  excitation,  which 
has  indeed  led  to  the  observation  of  several  deep  states  [1].  Here,  we  will  show  that 
both  donor  and  acceptor  levels  as  well  as  deep  defects  can  be  detected  via  electronic 
transport  measurements  in  GaN  diodes  with  the  help  of  electrically  detected  magnetic 
resonance  (EDMR). 

We  will  briefly  discuss  why  magnetic  resonance  can  influence  electronic 
transport  processes  such  as  recombination.  Imagine  that  an  electron  encounters  a 
paramagnetic  defect  state  (ie.  a  singly  occupied  defect)  on  its  path  through  the  sample. 
Both  have  a  spin  of  S=l/2.  The  possible  recombination  step  would  in  this  case  be  the 
capture  of  the  electron  by  the  defect  leading  to  a  doubly  occupied  defect.  The  Pauli 
principle  only  allows  this  final  state  to  be  an  S=0  singlet  state.  However,  the  spins  of  the 
two  initial  states  can  form  both  a  singlet  or  a  triplet  (S=l).  Since  angular  momentum  is 
conserved  in  a  non-radiative  recombination,  only  the  initial  electron/defect  states 
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forming  a  spin  singlet  will  be  able  to  recombine,  the  transiton  of  the  triplet  is 
forbidden.  However,  flipping  the  spin  of  either  the  electron  or  the  defect  with  the  help 
of  electron  spin  resonance  (ESR)  transfrom  the  triplet  into  a  singlet  state.  This  increases 
the  total  recombination  rate.  Although  the  induced  resonant  changes  of  the  total  current 
through  the  device  are  small  (typically  of  the  order  of  10"^  at  room  temperature),  they 
can  easily  be  measured  with  the  help  of  lock-in  techniques.  We  then  obtain  the 
resonance  signature  of  both  states  involved  in  the  recombination  which,  in  principle, 
allows  us  to  form  a  detailed  model  of  the  transport  processes  present  in  the  material  or 
device. 

Electron  spin  resonance  (ESR)  provides  detailed  information  on  the  microscopic 
structure  of  paramagnetic  states  in  semiconductors.  In  GaN,  several  groups  have 
studied  the  ESR  signature  of  the  residual  donor  at  low  temperatures  [2,3].  However, 
due  to  the  low  sensitivity  of  this  method,  comparatively  thick  samples  have  to  be 
studied.  Optically  detected  magnetic  resonance  (ODMR)  uses  similar  selection  rules  for 
the  resonant  detection  of  paramagntic  states  involved  in  recombination  processes  as 
EDMR.  Indeed,  this  method  has  been  applied  successfully  to  GaN,  and  additional 
resonances,  assigned  to  a  deep  defect  and  the  Mg  acceptor-state,  have  been  reported 
[4,5].  However,  this  type  of  measurements  is  usually  performed  at  very  low 
temperahires  and  is  therefore  not  necessarily  suitable  for  device  investigations. 

The  non-equilibrium  carriers,  whose  recombination  is  studied  with  the  help  of 
EDMR,  can  either  be  created  by  light  (leading  to  resonant  changes  of  the 
photoconductivity)  or  by  injection  (eg.  in  diode  structures).  In  both  crystalline  and 
amorphous  silicon,  for  example,  electrical  detection  of  magnetic  resonance  has  been 
used  successfully  to  understand  carrier  recombination  and  degradation  processes  in 
pn-junctions,  MOSFETs  and  solar  cells  [6,7].  Until  now,  the  extension  of  this  technique 
to  compound  semiconductors  is  very  limited,  probably  due  to  the  extremely  short 
relaxation  times  caused  by  the  strong  spin-orbit  coupling  [8].  However,  we  have 
previously  shown  that  a  defect  resonance  in  undoped  GaN  films  can  be  detected  with 
spin-dependent  photoconductivity  even  at  room  temperature  [9],  with  a  g-factor  of 
g=2.00  and  a  full-width  at  half-maximum  linewidth  of  AHi/2=120G.  The 
magnitude  of  the  resonant  change,  normalized  to  the  dc  conductivity,  was  found  to  be 
AI/I=10“^  at  a  microwave  frequency  of  9  GHz  and  200  mW  microwave  power. 

For  the  present  study  on  GaN  devices,  two  different  light  emitting  diodes  have 
been  investigated:  MIS-type  structures  which  are  only  made  from  GaN  and 
InGaN/AlGaN  heterostructures.  While  the  second  type  of  LED  exhibits  the  highly 
efficient  blue  electroluminescence  which  has  led  to  the  recent  excitement  and  therefore 
is  of  current  interest,  the  former  LED  is  potentially  easier  to  analyse  with  respect  to  the 
EDMR  resonances  observed  since  ODMR  measurements  on  pure  GaN  have  led  to  the 
necessary  assignments.  In  addition,  it  is  well  known  that  these  diodes  exhibit  a 
pronounced  degradation  which  could  be  addressed  using  this  method. 

m/i/n/n"-DIODES 

Commercial  m/i/n/n^-GaN  LEDs  were  obtained  from  LEDtronics,  CA.  The 
structure  of  the  LED  as  reported  by  Koide  et  al.  is  as  follows  [10]:  sapphire  substrate, 
AIN  buffer  (50  nm  thickness,  400<^C  growth  temperature),  n+-GaN  (Si  concentration  of 
1.5xl0l®  cm"3,  2  pm,  1150OC),  undoped  GaN  (1.5  pm),  i-GaN  (Zn-doped,  100  nm. 
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900*^0).  Aluminum  is  used  as  contact  material  both  to  the  n+-  and  the  i-layer.  The  diode 
was  placed  inside  the  TE102  cavity  of  a  Broker  X-band  ESR  spectrometer,  with  the 
symmetry  axis  of  the  diode  housing  perpendicular  to  the  magnetic  field  Hq.  The  diode 
could  be  cooled  down  to  liquid  helium  temperatures.  However,  since  the  diode  was 
not  removed  from  its  epoxy  housing  and  the  EDMR  measurements  were  performed 
imder  strong  forward  bias,  the  actual  temperature  will  be  above  the  temperature  given 
by  the  thermocouple  in  the  cryostat.  EDMR  measurements  were  performed  under 
constant  voltage  conditions.  With  the  help  of  a  small  resistor  between  the  voltage 
source  and  the  diode  the  current  changes  under  ESR  resonance  conditions  were 
detected  with  a  lock-in  amplifier.  Typical  modulation  frequencies  of  the  microwave 
power  were  in  the  lOkHz  range.  The  nonresonant  microwave  conductivity,  which  is 
appearing  as  a  background  when  using  microwave  modulation,  has  been  removed 
from  the  spectra  below. 


Fig.l;  Room  temperature  and  30  K  I-V-characeristics  (labeled  I)  of  the  GaN  m/i/n/n'*'- 
diodes  studied.  The  circles  correspond  to  the  as  shipped  diode,  the  squares  show  the 
characteristic  after  a  low  temperature  current  degradation.  The  open  symbols  give  the 
size  of  the  peak  current  change,  AI,  under  ESR  resonance  conditions. 


Figure  1  (a)  shows  the  room  temperature  I-V-characteristics  of  the  diode  as 
shipped.  At  a  forward  bias  of  about  2  V,  ^e  ideality  factor  is  best  (ie.  smallest)  with  a 
value  slightly  above  2.  Electroluminescence  with  a  peak  wavelength  of  485  nm  is 
observed  for  forward  biases  above  4  V.  The  corresponding  room  temperature  EDMR 
resonance  spectrum  is  shown  in  the  top  of  Fig.  2.  An  assymmetric  resonance  line  is 
found  with  a  g-factor  of  g=1.96  and  a  shoulder  at  higher  g-factors.  The  size  of  the 
resonant  change,  AI,  is  included  in  Fig.  1  (open  symbols).  The  relative  change  under 
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resonance  conditions  is  AI/I=3xlO"^.  The  sign  of  the  change  is  difficult  to  determine 
due  to  the  large  non-resonant  background.  However,  in  other  diodes  studied  with 
EDMR  so  far  a  resonant  increase  of  the  current  was  observed,  which  we  also  assume  in 
GaN.  Below  3  V  forward  bias,  the  size  of  the  spin-dependent  current  was  below  the 
measurement  limit  of  10  fA.  Both  under  reverse  bias  and  when  monitoring  the  open 
circuit  voltage,  the  spin-dependent  signal  also  was  below  this  detection  limit. 

The  diode  was  subsequently  cooled  down  to  30  K.  The  corresponding  change  in 
the  forward  bias  I-V-characteristic  is  shown  in  Fig.  1  (b).  The  low  temperature  EDMR 
spectrum  is  considerably  changed  with  respect  to  the  room  temperature  spectrum  as 
can  be  seen  in  Fig.  2.  The  resonance  is  shifted  to  lower  magnetic  fields  and  is 
dominated  by  two  resonances,  with  g=2.00  and  g=2.06.  Again,  a  shoulder  can  be  found, 
corresponding  to  the  g-factor  of  g=1.96.  The  relative  change  of  the  current  under 
resonance,  AI/I=2xlO"^,  is  significantly  larger  than  at  room  temperature. 

Under  high  forward  bias  (>15V),  the  light  emitting  diode  degraded  considerably 
at  30  K.  This  can  been  seen  by  the  change  in  the  I-V-characteristics.  The  resonance 
lineshape  observed  in  EDMR  also  changed  as  shown  in  Fig.  2,  the  spectrum  is  now 
dominated  by  the  g=2.00  resonance. 


Fig.  2:  Electrically  detected 
magnetic  resonance  spectra 
of  the  MIS  GaN  diode  at  300 
K  and  30  K.  The  spectra  have 
been  decomposed  into  three 
resonances,  with  g-factors  of 
1.96,  2.00  and  2.06,  as  shown 
by  the  dotted  lines  and 
discussed  in  the  text.  The 
EDMR  spectrum  observed  in 
the  photoconductivity  of 
undoped  GaN  films  is 
included. 
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gllc 

glc 

Ref. 

EDMR 
(this  work) 

AHi/2 
(this  work) 

donor 

1.943-1.948 

1.951 

1.940-1.951 

1.948 

[4] 

[5] 

1.96 

defect  X 

1.983 

1.936 

[4] 

narrow  defect 

1.99 

deep  donor 

1.989 

[5] 

ilH 

120G  (RT) 
150G  (4K) 

defect  Y 

1.95 

[4] 

1.992 

[4] 

acceptor  (Zn) 

1.997 

1.992 

2.00 

[11] 

[14] 

2.06 

85G  (30K) 

Table  I:  g-factor  of  donor  and  acceptor  related  resonances  as  well  as  defect  resonances 
observed  in  ODMR,  compared  to  the  EDMR  resonances  found  here. 


To  identify  the  different  resonances  observed  in  the  EDMR  spectra,  we  have 
fitted  the  spectra  with  a  superposition  of  three  resonances,  taking  into  account  the 
assignments  obtained  from  previous  ODMR  measurements  (Tab.  I).  The  width  AH1/2 
of  the  g=2.00  resonance  is  assumed  to  be  120  G  as  observed  in  the  EDMR  of  the 
photoconductivity  (bottom  spectrum  of  Fig.  2).  The  width  of  the  donor  related 
resonance  is  known  to  be  strongly  temperature  dependent  due  to  lifetime  broadening. 
Fitting  the  spectra  provided  an  estimated  width  of  150  G  at  room  temperature.  For 
the  Zn  acceptor,  we  find  g=2.06  and  AH^ /2=85  G  at  30  K.  The  observed  similarity 
between  the  Zn-  (measured  here)  and  Mg-acceptors  (ODMR)  is  at  variance  with  recent 
ODMR  measurements  on  Zn-doped  GaN  [17],  an  issue  which  remains  to  be  resolved. 
Taking  into  account  the  reduced  g-factor  resolution  due  to  the  X-band  spectrometer 
used,  however,  an  overall  good  agreement  is  found.  No  anisotropy  could  be  detected 
with  the  LED  examined  in  the  present  work. 

A  detailed  analysis  of  the  recombination  processes  involved  in  EDMR  is 
somewhat  more  difficult  than  the  corresponding  analysis  in  ODMR,  since  the  ability  to 
lock  onto  specific  processes  via  the  detection  of  their  characteristic  PL  emission  is  not 
possible.  However,  some  conclusion  can  already  be  drawn  from  the  schematic  band 
diagram  of  the  GaN  diode  under  forward  bias  as  shown  in  Fig.  3.  In  principle,  three 
different  transport  steps  are  expected  to  be  spin-dependent  in  the  GaN  LED:  the 
hopping  between  EM  donors  bo^  in  the  n+-  and  n-layers,  the  recombination  between 
donor  and  deep  defect  states,  probably  near  the  n/i-interface  and  the  recombination 
between  the  acceptor  and  defect  states  near  the  m/i-interface.  As  seen  from  the 
resonance  spectrum  in  Fig.  2,  the  donor-band  hopping  is  dominant  in  the  as-shipped 
diode  at  room  temperature,  with  a  very  small  (AI/I»10"S)  contribution  due  to  defect- 
acceptor  recombination.  This  situation  inverts  at  low  temperatures:  Now  the  defect- 
acceptor  recombination  dominates  the  spectrum,  with  a  small  contribution  due  to 
donor-band  hopping.  The  reduction  in  the  latter  might  be  linked  to  changes  in  the 
Fermi-level  position  in  the  n-layer.  Finally,  after  degradation,  the  deep  defect  resonance 
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dominates,  which  suggests  that  recombination  of  electrons  and/or  holes  via  defect 
becomes  the  dominant  spin-dependent  process. 


Fig.  3:  Schematic  band 
diagram  under  forward  bias 
of  the  MIS  GaN  diode 
studied.  The  arrows  indicate 
the  possible  spin-dependent 
transport  processes. 

Independent  of  the  exact  origin  of  the  spin-dependent  transport  steps,  the  EDMR 
results  can  be  used  to  identify  the  microscopic  process  responsible  for  degradation. 
Time  dependent  processes  including  degradation  have  already  been  reported  in  GaN 
metal-insulator-semiconductor  structures,  including  the  changes  in  the  I-V- 
characteiisics  shown  in  Fig.  1  [12].  It  was  already  then  speculated  that  the  decreased 
luminescence  efficiency  could  be  due  to  a  deep,  nonradiative  recombination  center.  Our 
EDMR  results  show  that  indeed  the  recombination  via  defects  is  strongly  enhanced 
after  degradation,  directly  linking  this  defect  to  ihe  detrimental  changes  in  the  device 
properties. 

DOUBLE-HETEROSTRUCTURE  LED 

From  the  point  of  view  of  device  applications,  the  study  of  transport  and 
recombination  in  the  new  high-brightness  LEDs  is  certainly  much  more  interesting.  We 
have  therefore  studied  EDMR  on  the  first  generation  of  commercial  Nichia 
InGaN/AlGaN  double-heterostructure  LEDs  (NLPB  500)  [13].  Similar  to  Fig.  1,  the  I-V- 
characteristic  of  the  diode  at  room  temperature  and  at  4K  is  shown  in  Fig.  4.  At  room 
temperature,  no  resonant  EDMR  signal  could  be  observed.  However,  at  4K,  the  EDMR 
signal  shown  in  Fig.  5  was  found,  with  a  resonant  change  of  about  AI/I=5xlO“^,  which 
slightly  increases  over  the  forward  bias  range  of  4.5  to  6V  where  the  low-temperature 
EDMR  signal  could  be  observed. 

Due  to  a  very  large  microwave  conductivity  shown  by  the  diodes,  microwave 
power  modulation  could  not  be  used  for  the  lock-in  detection  of  the  EDMR  signal  as  in 
the  case  of  the  other  diodes.  Instead,  magnetic  field  modulation  was  used  resulting  in  a 
resonance  line  shape  which  is  the  first  derivative  compared  to  the  absorption-type 
lineshape  of  Fig.  2.  In  the  Nichia  diodes,  we  observe  only  the  defect  resonance  at 


EM  hopping  Al 
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g-2.01.  Carlos  and  coworkers  have  found,  using  EDMR  at  2K,  an  additional  narrow 
resonance  at  g=1.99.  In  our  measurements  at  4K  and  above,  this  additional  resonance 
could  not  be  detected  with  the  same  relative  intensity  with  respect  to  the  broad  g=2.01 
defect  resonance  as  reported  by  these  authors  [14].  The  measurements  indicate  that  at 
low  temperatures  a  recombination  current  via  deep  defects  contributes  to  the  transport 
processes  in  the  heterostructure  LEDs  in  a  similar  way  as  in  the  degraded  MIS  LEDs. 
The  exact  position  inside  the  diode  structure  where  this  recombination  occurs  might  be 
determined  by  a  very  careful  analysis  of  the  g-factor  observed,  since  it  should  be 
dependent  on  the  composition  of  the  alloy  carrying  the  defect.  However,  no  systematic 
study  of  the  ESR  on  InGaN  or  AlGaN  alloys  exists  which  could  be  used  for  such  an 
comparative  analysis. 


Fig.  4:  Room-temperature 
and  4K  I-V  characteristics  of 
the  blue  Nichia  LED.  The 
full  circles  show  the  size  of 
the  resonant  current  change 
at4K. 


In  passing,  we  would  also  like  to  point  out  that,  although  on  a  much  smaller 
scale,  the  heterojunction  LEDs  also  show  changes  in  the  I-V-characteristics  after  EDMR 
measurements  at  low  temperatures,  as  shown  in  the  top  of  Fig.  4.  Although  of  more 
academic  interest  due  to  the  low  temperatures  necessary,  it  would  nethertheiess  be 
important  to  imderstand  the  microscopic  mechanism  of  this  apparant  degradation  in 
more  detail. 

We  finish  the  section  on  EDMR  with  some  brief  remarks  concerning  more  the 
experimental  technique,  namely  the  microwave  power  and  temperature  dependence  of 
the  EDMR  signal  intensity.  In  the  case  of  an  inhomogeneously  broadened  line,  the 
microwave  power  dependence  is  expected  to  follow  a  square-root  law  [15].  This  is 
indeed  found  for  the  EDMR  of  the  Nichia  diodes. 
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Fig.  5:  EDMR  spectrum  of 
the  Nichia  LED  at  4  K.  Note 
that  magnetic  field 
modulation  was  used  to 
obtain  this  spectrum, 
resulting  in  a  lineshape 
which  is  the  first  derivative 
of  the  lines  shown  in  Fig.2. 


Turning  to  the  temperature  dependence  of  the  EDMR  signal  intensity  two 
different  models  have  to  be  discussed  [16,17].  In  fact,  it  is  very  difficult  to  seperate  the 
pure  temperature  dependence  of  the  EDMR  from  the  large  changes  in  the  non-resonant 
diode  characteristic.  As  a  first  attempt  to  overcome  this  problem,  we  have  studied  the 
temperature  dependence  of  the  EDMR  at  a  fixed  current  of  0.2mA,  therefore  adjusting 
the  bias  voltage  when  changing  the  temperature.  This  results  in  a  rather  weak 
temperature  dependence  of  T"®-^,  which  would  point  to  spin-pair  formation  as  the 
underlying  process  causing  the  spin-dependence  [16].  An  additional  argument  is 
the  fact  that  the  resonant  current  change  of  AI/I=3xlO“^  at  room  temperature  in  the 
degraded  MIS  diodes  is  also  above  the  maximum  value  predicted  by  Lepine's  spin- 
polarization  model.  The  temperature  dependence  of  AI/I  in  the  as-shipped  MIS  diodes, 
in  contrast,  would  be  in  accordance  with  the  spin-polarisation  model,  which 
predicts  AI/I=(gjj,BHo/kBT)2.  Since  however  the  resonant  recombination  channel 
changed  drastically  as  seen  from  the  resonance  spectra,  such  a  comparison  cannot  be 
drawn.  The  mechanism  leading  to  the  spin-dependence  should  better  be  studied  by 
performing  EDMR  measurements  at  different  magnetic  fields.  Although  some  aspects 
concerning  the  application  of  EDMR  to  GaN  LEDs  still  have  to  be  understood  more 
thoroughly,  the  results  shown  above  clearly  indicate  that  EDMR  can  provide  valuable 
information  on  the  physics  of  GaN  but  can  also  be  of  interest  for  applications. 

UGHT-INDUCED  ELETRON  SPIN  RESONANCE 

The  exact  microscopic  structure  of  the  deep  defect  at  g=2.00  is  still  under 
investigation.  The  study  of  this  resonance  is  further  made  complicated  by  the  fact  that  it 
has  not  yet  been  observed  with  standard  ESR  techniques  which  would  provide  a  direct 
measure  of  the  defect  concentration.  Instead,  the  defect  resonance  has  been  detected 
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with  the  help  of  either  ODMR  or  EDMR  which,  due  to  the  indirect  detection  of  the 
resonance  do  not  provide  quantitative  information.  In  addition,  the  energy  position  of 
the  correlated  defect  state  within  the  bandgap  has  only  indirectly  been  infered  and  is 
still  subject  to  discussion.  To  detect  the  resonance  in  ESR,  the  defect  state  has  to  be 
paramagnetic,  ie.  the  Fermi  level  must  be  at  about  the  same  position  as  the  defect  level. 
However,  due  to  the  native  background  doping  the  Fermi  level  is  generally  near  the 
conduction  band  and  the  deep  defect  therefore  doubly  occupied  and  not  accessible  to 
standard  ESR.  This  can  be  overcome  be  illuminating  the  sample  which  leads  to  the 
excitation  of  electrons  from  the  deep  defect  states  and  provides  singly-occupied, 
paramagnetic  defects.  This  technique  is  called  light-induced  electron  spin  resonance 
(LESR). 


Fig.  6:  Light-induced 

electron  spin  resonance  of  a 
thick  undooed  GaN  film. 


Figure  6  shows  the  LESR  signal  of  a  thick  undoped  GaN  film  grown  by 
MOCVD,  which  has  a  particularly  strong  yellow  luminescence  band  at  2.2  eV,  under 
illumination  with  white  light.  It  should  be  noted  that  the  sapphire  substrate  shows 
background  signals  which,  in  some  cases,  are  also  photosensitive  and  care  has  to  be 
taken  to  properly  substract  these  resonances  from  the  spectrum.  However,  the  well- 
known  GaN  g=2.00  defect  resonance  is  found  again  in  LESR,  with  a  half-width  of  about 
140  G.  Measurements  using  monochromatic  light  for  excitation,  which  could  identify 
the  energetic  position  of  the  defect  level  with  respect  to  the  conduction  band,  are 
currently  under  way. 

The  identification  of  the  microscopic  defect  structure  based  on  a  g-factor  alone  is 
diffucult.  A  more  detailed  understanding  would  be  possible  if,  eg.,  hyperfine-split  lines 
caused  by  nuclear  spins  in  the  vicinity  of  the  electronic  defect  are  observed.  Since  this 
has  not  yet  been  achieved  in  GaN,  comparisons  with  ESR  results  on  similar  materials 
might  provide  valuable  information.  Indeed,  an  ESR  resonance  at  g=1.997  is  observed 
for  group  Vl-donors  in  GaP.  For  both  S  and  Te,  the  resonance  line  is  much  narrower  as 
observed  in  GaN.  However,  substituional  oxygen  on  the  phosphorous  lattice  site, 
which  acts  as  a  deep  donor,  was  found  to  show  both  a  g-factor  and  a  line  width  which 
is  extremely  similar  to  the  defect  resonance  observed  in  GaN  [18].  Oxygen  on  the 
nitrogen  lattice  site  in  GaN  would  have  the  identical  local  configuration,  namely  four 
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Ga  nearest  neighbors,  and  might  show  the  same  ESR  resonance.  Indeed,  the  effects  of 
oxygen  impurities  on  GaN  are  currently  under  investigation  as  can  be  seen  from  these 
proceedings.  More  detailed  studies  on  the  dependence  of  the  LESR  signal  on  the 
oxygen  concentration  as  well  as  theoretical  studies  on  the  electronic  levels  induced  by 
oxygen  will  be  necessary  to  resolve  this  issue. 

SUMMARY 

In  conclusion,  we  have  shown  that  electrically  detected  magnetic  resonance  can 
be  used  to  study  recombination  processes  in  GaN  even  at  room  temperature  and  in 
commercial  devices.  Donor  and  acceptor  related  resonances  as  well  as  deep  defects 
have  been  observed.  In  addition,  the  observation  of  the  relative  intensity  ch^ges  for 
the  different  resonances  allows  further  understanding  of  device  relevant  processes  such 
as  degradation  due  to  deep  defects. 
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ABSTRACT 

Photoluminescence  (PL)  and  optically-detected  magnetic  resonance  (ODMR)  experiments 
have  been  performed  on  undoped  GaN  epitaxial  layers  grown  on  6H-SiC  substrates.  The  defects 
observed  in  these  films  are  compared  with  those  found  from  previous  ODMR  studies  of  undoped 
GaN  layers  grown  on  sapphire  substrates.  Strong,  sharp  donor-bound  exciton  bands  at  3.46  - 
3.47  eV  and  weak,  broad  emission  bands  at  2.2  eV  were  observed  from  several  0.7  and  2.6  pm- 
thick  films.  In  addition,  fairly  strong  shallow  donor  -  shallow  acceptor  (SD-SA)  recombination 
with  a  zero-phonon-line  at  3.27  eV  was  found  for  GaN  layers  less  than  1  pm-thick.  The  first  ob¬ 
servation  of  magnetic  resonance  on  this  SD-SA  recombination  from  undoped  GaN  is  reported  in 
this  work.  Two  magnetic  resonance  features  attributed  to  effective-mass  (EM)  and  deep-donor 
(DD)  states  were  detected  on  the  2.2  eV  emission  bands  from  all  the  GaN/6H-SiC  films.  These 
resonances  were  observed  previously  on  similar  emission  from  undoped  GaN  layers  grown  on 
sapphire  substrates.  The  same  EM  donor  resonance,  though  much  we^er,  was  also  found  on  the 
SD-SA  recombination.  However,  a  resonance  associated  with  shallow  acceptor  states  was  not 
observed  on  this  emission.  The  weakness  of  the  donor  resonance  arises  from  the  weak  spin- 
dependence  of  the  recombination  mechanism  involving  spin-thermalized  shallow  acceptors.  The 
absence  of  an  EM  acceptor  is  due  to  the  broadening  of  the  resonance  through  the  spreading  of 
the  acceptor  g-values  by  random  strains  in  these  films. 

INTRODUCTION 

There  has  been  much  activity  lately  by  several  groups  to  study  and,  if  possible,  to  identify 
intrinsic  defects  in  undoped  epitaxial  layers  of  GaN  grown  by  either  organo-metallic  chemical 
vapor  deposition  (OMCVD)  or  molecular  beam  epitaxy  (MBE).  In  addition,  there  has  been 
some  work  to  obtain  more  detailed  information  on  the  participation  of  these  defects  in  the  recom¬ 
bination  processes  observed  from  these  GaN  films.  Both  shallow,  effective-mass  like  and  deep 
states  of  donor  or  acceptor  character  have  been  revealed  from  a  variety  of  techniques.  The  origin 
of  these  states  in  undoped  GaN,  either  due  to  residual  impurities  or  non-stoichiometric  defects 
such  as  vacancies,  anti-sites,  or  interstitials,  is  a  subject  of  much  discussion.  Much  of  this  work 
has  focused  on  GaN  films  grown  on  sapphire  (AI2O3)  substrates,  typically  with  the  use  of  AIN 
buffer  layers.  Since  the  in-plane  lattice  constant  mismatch  is  ~  1%  between  AIN  and  6H-SiC  as 
compared  to  the  ~  13%  difference  between  AIN  and  sapphire,  the  expected  lower  degree  of 
strain  in  the  GaN  layers  grown  on  6H-SiC  should  lead  to  improved  film  quality.  Recently,  it  has 
been  reported  that  GaN  films  grown  with  the  use  of  high-temperature  AIN  buffer  layers  on  6H- 
SiC  substrates  has  resulted  in  a  significant  reduction  of  the  dislocation  density  in  these  films  after 
the  first  micron  of  growth  [1]. 

We  have  previously  reported  PL  and  ODMR  experiments  performed  on  both  undoped  and 
Mg-doped  GaN  films  grown  on  (OOOl)-oriented  sapphire  (AI2O3)  substrates.  Both  shallow  and 
deep  states  were  revealed  by  magnetic  resonance  obtained  by  detection  on  the  2.2  eV  broad 
emission  band  from  undoped  GaN  layers  [2-4]  and  on  emission  from  heavily  Mg-doped  GaN 
films  [3,4].  Preliminary  results  obtained  for  undoped  GaN  layers  grown  on  6H-SiC  substrates 
were  presented  recently  [4]. 

In  this  work  we  discuss  in  more  detail  the  results  of  PL  and  ODMR  studies  of  undoped  wurt- 
zite  GaN  layers  grown  by  OMCVD  on  6H-SiC.  One  of  the  goals  of  this  work  is  to  compare  the 
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magnetic  resonance  obtained  from  GaN  films  grown  on  6H-SiC  with  the  results  obtained  from 
layers  grown  on  sapphire  substrates.  In  addition,  it  was  found  from  this  work  that  the  PL  ob¬ 
served  from  these  films  was  found  to  be  quite  dependent  on  the  layer  thickness.  In  particular,  a 
rather  strong  shallow  donor  -  shallow  acceptor  band  was  observed  from  films  less  than  1  fim- 
thick  (in  addition  to  a  stronger  donor-bound  excitonic  peak  near  the  band-gap  energy  and  a  rela¬ 
tively  weak  2.2  eV  emission  band  also  observed  from  these  thin  films  and  for  layers  greater  than 
2  pm).  The  first  observation  of  magnetic  resonance  on  this  SD  -  SA  recombination  from  un¬ 
doped  GaN  is  reported  in  this  work.  Thus,  the  thin  GaN  layers  grown  on  6H-SiC  provided  the 
opportunity  to  contrast  the  magnetic  resonance  detected  on  the  2.2  eV  deep  emission  band  with 
that  found  on  shallow  donor  -  shallow  acceptor  recombination  from  the  same  film.  In  addition, 
the  ODMR  studies  of  the  SD-SA  recombination  allowed  us  to  learn  more  about  the  character  of 
the  effective-mass  (EM)  acceptors  in  GaN  epitaxial  layers  in  the  presence  of  random  strain  fields 
derived  from  growth  of  these  films  on  lattice-mismatched  substrates. 

EXPERIMENTAL  BACKGROUND 

The  PL  and  ODMR  experiments  reported  in  this  work  were  performed  on  undoped  GaN 
films  grown  on  6H-SiC  substrates  by  OMCVD  at  950  ^C.  The  epitaxial  layers  were  of  wurtzite 
crystal  structure.  The  films  were  grown  with  the  use  of  high-temperature  (-1100  ^C)  AIN 
nucleation  layers  which  have  shown  to  improve  the  film  quality  of  GaN  grown  on  6H-SiC  sub¬ 
strates  [1].  Further  details  of  the  growth  procedure  are  described  elsewhere  [1].  This  paper 
focuses  on  the  results  obtained  for  two  GaN  samples  (referred  to  as  No.  1  and  No.  2)  which  are 
representative  of  the  PL  and  ODMR  found  from  several  0.7  and  2.6  pm-thick  films.  The  film 
thickness  of  sample  No.  1  is  0.7  pm  while  No.  2  is  2.6  pm  thick.  Room-temperature  Hall-effect 
measurements  reveal  that  both  layers  No.  1  and  No.  2  are  n-type  with  carrier  concentrations 
equal  to  1.2  x  lO^^  cm'^  and  1.4  x  lO^^  cm'^,  respectively. 

The  PL  from  the  GaN  layers  was  excited  with  radiation  provided  by  the  325.0  nm  line  of  a 
HeCd  laser.  The  emission  from  1.7  -  3.5  eV  was  analyzed  by  a  0.85-m  double-grating  spec¬ 
trometer  and  detected  by  a  UV-enhanced  GaAs  photomultiplier  tube. 

The  ODMR  was  detected  synchronously  as  a  change  in  the  total  intensity  of  PL  which  was 
coherent  with  the  on-off  amplitude  modulation  (700  Hz  -  10  kHz)  of  50  mW  of  microwave 
power.  The  GaN  layers  were  studied  in  both  K-band  (24  GHz)  and  Q-band  (35  GHz)  spec¬ 
trometers.  For  the  ODMR,  the  PL  was  generated  Iw  351.1  nm  radiation  from  an  Ar+-ion  laser 
with  power  densities  between  5  and  500  mW/cm^-.  The  emission  was  detected  by  a  room- 
temperature,  UV-enhanced  Si  photodiode.  Visible  cut-off  filters  were  placed  in  front  of  the 
detector  to  isolate  and  separately  study  the  emission  bands  observed  from  these  films. 

RESULTS  AND  DISCUSSION 

Photoluminescence 


The  photoluminescence  obtained  at  6  K  from  the  two  representative  GaN/6H-SiC  films 
reported  in  this  work  is  shown  in  Fig.  1 .  Several  recombination  processes  are  revealed. 

The  dominant  emission  observed  from  both  samples  No.  1  (t=0.7  pm)  and  No.  2  (t=2.6  pm) 
are  sharp  peaks  (FWHM  -  4  -  6  meV)  at  3.46  -  3.47  eV  (labeled  D^X  in  Fig.  1).  This  band  has 
been  assigned  to  excitons  bound  to  neutral  donors  and  is  considered  a  PL  signature  of  high  quali¬ 
ty,  n-type  GaN  [5]. 

The  next  highest-energy  PL  emission  observed  from  these  samples  is  characterized  by  a 
zero-phonon-line  (ZPL)  at  3.27  eV  and  a  series  of  well-resolved  LO  phonon  replicas  at  lower 
energies  {Ei^q=92  meV).  This  emission  has  been  assigned  previously  to  shallow  donor  -  shal¬ 
low  acceptor  (SD-SA)  recombination  with  a  donor  binding  energy  of  -  35  -  40  meV  and  an  ac¬ 
ceptor  binding  energy  of  -  200  meV  [6].  As  seen  in  Fig.  1,  it  was  found  that  the  amplitude  of  the 
SD-SA  recombination  relative  to  the  amplitude  of  the  D^X  peak  was  a  much  larger  fraction  for 
the  GaN  films  less  than  1  pm-thick  compared  to  the  ratio  found  for  the  GaN  layers  greater  than  2 
pm-thick.  This  indicates  that  these  thin  films  are  more  highly  compensated  by  residual  shallow 
acceptors  closer  to  the  film/buffer  layer  interface  (i.e.  within  a  micron)  compared  to  the  degree  of 
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compensation  that  exists  in  the  top  ~  0.5  |LLm 
layer  of  the  thick  films  [7]  (note  that  the  pene¬ 
tration  depth  of  the  laser  excitation,  325.0  and 
351.1  nm,  employed  in  the  PL  and  ODMR 
studies  is  ~  0.5  -  1  pm).  It  has  also  been 
found  that  GaN  films  grown  on  6H-SiC  sub¬ 
strates  at  ~  100  higher  temperature  than 
that  employed  for  samples  No.  1  and  No.  2 
exhibited  PL  that  had  the  same  dependence  on 
film  thickness  as  shown  for  these  samples. 
We  note  that  the  3.27  eV  band  can  be  ob¬ 
served,  though  weakly,  from  sample  No.  2 
and  similar  thick,  undoped  GaN/6H-SiC  films 
at  low  excitation  power  densities. 

Additional  structure  (unlabeled  arrow  in 
Fig.  1)  is  also  found  in  this  near-bandedge 
spectrd  region  on  the  low-energy  side  of  the 
3.27  eV  peak  at  approximately  3.24  eV  and 
with  associated  GaN-like  LO  phonon  replicas 
found  on  the  low-energy  shoulders  of  the  LO 
phonon  sidebands  associated  with  the  3.27  eV 
SD-SA  band.  This  additional  PL  band  was 
first  reported  by  Dingle  and  Ilegems  [6]  from 
PL  studies  of  250  pm-thick  epitaxial  layers  of 
GaN  grown  from  the  vapor  phase  on  (OOOl)-oriented  sapphire  substrates.  It  was  suggested  by 
these  workers  that  this  emission  is  associated  with  a  second  SD-SA  recombination  system. 

The  dislocated  nature  of  the  GaN  layers  near  the  film/buffer  layer  interface  may  be  the  rea¬ 
son  why  the  shallow  donor  -  shallow  acceptor  recombination  is  so  much  stronger  in  the  thin 
films  (t  <  1  pm)  compared  to  what  is  observed  from  the  2.5  pm  layers.  The  dislocation  density 
within  the  first  0.5  pm  of  the  GaN  films  grown  using  the  high-temperature  AIN  buffer  layers  (t  = 
100  nm)  was  found  to  be  ~  1  x  10^  cm^,  as  determined  from  plan- view  transmission  electron 
microscopy  [1].  Most  noteworthy,  the  dislocation  density  was  found  to  decrease  rapidly  (by  ~ 
two  orders  of  magnitude)  with  increasing  film  thickness.  Thus,  it  is  possible  that  the  dislocations 
may  be  very  efficient  at  trapping  residual  donors  and  acceptors  leading  to  higher  compensation 
near  the  film/buffer  layer  interface.  However,  it  is  also  plausible  that  the  strong  SD-SA  recom¬ 
bination  observed  from  the  t  =  0.7  pm  GaN  film  arises  from  the  tendency  of  point  defects  such 
as  donors  and  acceptors  to  pile-up  near  interfaces. 

The  lowest  energy  band  observed  from  these  samples  is  a  broad  emission  of  Gaussian  shape 
with  peak  energy  near  2.2  eV  (the  so-called  "yellow"  emission  band).  The  2.2  eV  band  was 
found  to  be  weaker  than  the  SD-SA  recombination  for  the  thin  GaN  films  and  stronger  than  the 
3.27  eV  emission  for  the  thick  layers.  The  2.2  eV  band  has  been  commonly  observed  to  some 
degree  of  strength  from  all  of  the  undoped  GaN  layers  grown  on  sapphire  substrates  by  OMCVD 
or  MBE  studied  by  our  group  [3,4]  and  from  PL  studies  reported  in  the  literature  by  numerous 
workers.  The  origin  of  this  band  is  still  under  discussion.  Ogino  and  Aoki  assigned  this  recom¬ 
bination  to  donor-acceptor  pairs  involving  shallow  donors  and  deep  acceptors  [8].  One  group 
has  interpreted  the  results  of  their  PL/hydrostatic  pressure  experiments  to  support  this  recom¬ 
bination  model  [9].  We  have  proposed  that  both  capture  and  recombination  processes  involving 
EM  donors,  EM  acceptors,  and  deep  donors  are  needed  to  fully  describe  the  origin  of  this  band 
[3,4].  This  model  is  supported  by  recent  photoemission  capacitance  transient  spectroscopy  ex¬ 
periments  which  have  revealed  evidence  for  a  series  of  deep-level  states  located  ~  0.9  -  1.5  eV 
below  the  conduction  band  edge  [10].  It  should  be  noted  that  there  has  been  no  definitive  report 
to  date  of  the  chemical  identification  of  the  deep  defect  state  that  participates  in  the  2.2  eV  emis¬ 
sion  band. 
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ENERGY  (eV) 

Fig.  1.  PL  spectra  obtained  under  similar  con¬ 
ditions  from  two  undoped  GaN/6H-SiC  layers 
at6K. 
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Optically-Detected  Magnetic  Resonance  Found  on  the  2.2  eV  Band 


The  ODMR  spectra  obtedned  at  24  GHz  on  the  2.2  eV  emission  bands  from  samples  No.  1 
and  No.  2  with  B  1  c  are  shown  in  Fig.  2.  Three  resonances  are  revealed  in  these  spectra.  As 
discussed  below,  two  of  the  features  derive  from  the  GaN  epitaxial  layers  while  the  third  line  is 
attributed  to  the  underlying  6H-SiC  substrate. 

The  ODMR  feature  labeled  EM  is  a  sharp 
resonance  (FWHM  ~  3  mT)  with  g||  =  1.9515 
±  0.0002  and  gj_  =  1.9485  ±  0.0002,  where  II 
refers  to  the  c-axis.  The  line  labeled  DD  is  a 
broader  resonance  (FWHM  ~  13  mT)  with  g|| 
=  1.989  ±  0.001  and  g_L  =  1.992  ±  0.001. 
This  feature  was  much  better  resolved  for 
sample  No.  1  from  studies  in  the  35  GHz 
spectrometer  due  to  the  increased  spread  in 
resonance  field  positions  of  the  three  peaks. 
We  note  that  the  same  two  resonances  have 
been  found  on  the  2.2  eV  broad  emission 
bands  from  undoped  GaN  films  grown  by 
several  laboratories  on  sapphire  substrates  [2- 
4].  As  discussed  previously,  the  resonances 
have  been  assigned  to  effective-mass  (EM) 
and  deep  donor  (DD)  states,  respectively,  in 
these  undoped  Gz^  epitaxial  layers. 

The  feature  observed  from  sample  No.  1 
MAGNETIC  FIELD  (mT)  at  855  mT  is  due  to  residual  N  donors 

Fig.  2.  ODMR  spectra  found  at  24  GHz  on  (g=2.005)  found  on  deep  emission  from  the 

emission  less  than  2.32  eV  from  a  0.7  p.m-  underlying  6H-SiC  substrate  [11].  The  sub¬ 
thick  GaN  layer  (sample  No.  1)  and  a  2.6  pm-  strate  emission  is  produced  by  the  penetration 

thick  GaN  film  (sample  No.  2)  with  B  1  c.  of  the  351.1  nm  excitation  light  through  the 

The  feature  observed  from  sample  No.  1  at  thin  GaN  film  and,  perhaps  in  part,  by  the 

855  mT  is  due  to  residual  N  donors  detected  GaN  band-edge  excitonic  emission  since  this 

on  weak  emission  from  the  underlying  6H-  energy  is  larger  than  the  6H-SiC  bandgap  (~ 

SiC  substrate.  3.1  eV).  This  was  confirmed  from  ODMR 

studies  performed  with  the  351.1  nm  excita¬ 
tion  light  incident  on  the  substrate  side  of  sample  No.  1  and  from  the  non-observation  of  the  N 
donor  signal  on  emission  less  than  2.32  eV  from  the  2.6  pm-thick  GaN  films  (bottom  spectrum 
in  Fig.  2). 


Optically-Detected  Magnetic  Resonance  Found  on  the  Shallow  Donor  -  Shallow  Acceptor 


Recombination 


The  ODMR  spectrum  obtained  at  35  GHz  on  the  shallow  donor  -  shallow  acceptor  recom¬ 
bination  (ZPL  @  3.27  eV)  from  sample  No.  1  with  B  II  c  is  shown  in  Fig.  3.  A  single  ODMR 
feature  (labeled  EM)  is  found  on  this  emission.  The  amplitude  of  the  ODMR  signal  is  quite 
small  ~  0.015  %).  Also,  the  g-tensor  of  this  feature  is  identical  to  that  found  for  the  ODMR 
resonance  labeled  EM  detected  on  the  2.2  eV  emission  band  from  this  sample  (see  Fig.  2).  Thus, 
this  line  is  also  assigned  to  electrons  bound  at  EM-donors. 

No  additional  resonances  were  detected  on  the  SD-SA  recombination  in  this  study  from 
wider  magnetic  field  scans  with  B  II  c  or  for  any  field  orientation.  In  particular,  an  ODMR  fea¬ 
ture  associated  with  shallow  acceptors,  as  might  be  expected,  was  not  observed  on  this  emission. 

Previous  studies  have  clearly  demonstrated  for  particular  GaN  films  that  the  four-fold 
degeneracy  of  the  J  =  3/2  upper  valence  band  is  removed  due  to  the  wurtzite  structure  crystal 
field.  In  particular,  recent  PL  and  reflectance  studies  [12]  of  high-quality  4.2  pm-thick  GaN 
epitaxial  layers  have  confirmed  the  results  of  reflectance  studies  [5]  of  100  pm-thick  GaN  films 
reported  nearly  25  years  ago  that  the  =  ±  3/2  (heavy  hole)  ground-state  valence  band  is  split 
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above  the  Jz  =  +  1/2  (light  hole)  valence  band 
by  ~  6  -  8  meV.  The  expected  g-tensor  for 
shallow  hole  states  associated  with  the  Jz  =  i 
3/2  (±  1/2)  valence  band  is  g||  ~  4  (2),  g_L  =  0 
(4)  [Ref.  13].  Such  highly  anisotropic  g- 
tensors  have  been  observed  from  ODMR 
studies  on  emission  involving  shallow  accep¬ 
tors  from  bulk  6H-SiC  [14]  and  from  bulk 
CdS  [15],  semiconductors  with  similar 
hexagonal  crystal  structure,  valence  band  pa¬ 
rameters,  and  shallow  acceptor  binding 
energies. 

Both  the  weakness  of  the  effective-mass 
donor  signal  and  the  non-observation  of  an 
EM  acceptor  resonance  on  the  SD-SA  emis¬ 
sion  from  sample  No.  1  are  attributed  to  the 
influence  of  the  random  strain  fields  in  this 
film.  As  noted  above,  the  dislocation  density 
was  found  to  be  ~  1  x  10^  cm"2  for  0.5  p,m 
GaN  films  grown  on  6H-SiC  using  the  high- 
temperature  AIN  buffer  layers  [1].  This  dis¬ 
location  density  is  still  lower  than  that  typical¬ 
ly  found  for  films  of  comparable  thickness 
grown  on  sapphire  substrates.  Since  sample 
No.  1  is  of  similar  thickness,  these  ODMR  results  provide  evidence  that  the  energy  splittings  of 
the  Jz  =  ±  3/2  and  ±1/2  valence  bands  caused  by  the  random  strain  fields  that  arise  in  this  thin 
GaN  layer  are  comparable  (~  6  -  8  meV)  to  the  splitting  of  the  heavy  and  light  hole  valence 
bands  produced  by  the  wurtzite  structure  crystal  field.  Thus,  the  shallow  acceptor  states  in  this 
film  are  not  all  associated  with  the  Jz  =  ±  3/2  ground-state  valence  band  as  would  be  expected 
for  a  perfect  wurtzite  crystal.  This  has  two  important  consequences  which  can  account  for  the 
ODMR  observations  on  this  emission  noted  above.  First,  the  shallow  acceptors  participating  in 
the  SD-SA  recombination  from  this  layer  will  be  spin-thermalized.  Based  on  the  observations 
and  analyses  of  ODMR  found  on  SD-SA  recombination  from  Zn-doped  InP  [16],  the  weakness 
of  the  GaN  EM  donor  resonance  on  the  3.27  eV  band  is  attributed  to  the  weak  spin-dependence 
of  this  recombination  mechanism  involving  spin-thermalized  shallow  acceptors.  Second,  the  EM 
acceptor  resonance  will  broaden  beyond  observability  through  the  spreading  of  the  acceptor  g- 
values  [17]. 

CONCLUSIONS  and  FUTURE  WORK 

Photoluminescence  and  optically-detected  magnetic  resonance  experiments  have  been  per¬ 
formed  on  undoped  GaN  layers  grown  on  6H-SiC  substrates  by  OMCVD  with  the  use  of  high- 
temperature  AIN  buffer  layers.  PL  and  ODMR  results  were  obtained  for  0.7  and  2.6  p,m-thick 
films.  The  defects  observed  in  these  films  are  compared  with  those  found  from  previous  ODMR 
studies  of  undoped  GaN  layers  grown  on  sapphire  substrates.  In  addition,  the  first  observation  of 
magnetic  resonance  on  shdlow  donor  -  shallow  acceptor  recombination  from  undoped  GaN  is 
reported  in  this  work. 

Several  conclusions  are  drawn  from  this  work.  First,  the  correlation  of  the  intensity  of  the 
SD-SA  recombination  with  the  film  thickness  as  revealed  by  the  PL  studies  indicates  that  the 
layers  are  more  highly  compensated  near  the  film/buffer  layer  interface.  Second,  the  ODMR 
found  on  the  2.2  eV  emission  band  from  GaN  films  grown  on  6H-SiC  substrates  is  the  same  as 
that  detected  on  this  band  from  GaN  layers  grown  on  sapphire  substrates.  Third,  the  influence  of 
the  random  strain  fields  in  these  films  is  revealed  by  the  weakness  of  the  shallow  donor  signal 
and  the  non-observation  of  an  EM  acceptor  resonance  as  found  from  the  magnetic  resonance 
studies  of  the  SD-SA  recombination. 

These  PL  and  ODMR  results  suggest  some  issues  that  still  need  to  be  addressed  and  some 
interesting  future  work.  First,  in  addition  to  the  unknown  chemical  identity  of  the  residual 


MAGNETIC  FIELD  (T) 


Fig.  3.  ODMR  spectrum  obtained  at  35  GHz 
on  shallow  donor  -  shallow  acceptor  recom¬ 
bination  from  GaN  film  No.  1  with  B  II  c. 
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donors,  the  identity  of  the  residual  acceptors  in  these  films  is  also  not  well-established.  One  can¬ 
didate  for  the  residual  shallow  acceptors  is  C  as  suggested  by  recent  workers  [18].  There  has 
been  evidence  from  doping  studies  that  C  can  behave  as  a  shallow  acceptor  in  GaN  [19].  Sec¬ 
ond,  this  work  provides  evidence  that  an  observation  of  residual  shallow  acceptors  in  GaN  films 
via  magnetic  resonance  is  quite  difficult  in  the  presence  of  large  dislocation  densities.  A  better 
chance  to  observe  magnetic  resonance  of  shallow  acceptors  (associated  with  a  unique  valence 
band  edge)  on  SD-SA  recombination  should  occur  for  GaN  films  with  much  lower  dislocation 
densities,  such  as  recently  found  for  thick  (t  >  1.5  jim)  GaN  films  grown  using  high-temperature 
AIN  buffer  layers  on  6H-SiC  substrates  [1].  The  SD  -  SA  recombination  observed  from  such 
films  investigated  in  this  study  was  too  weak  to  study  via  ODMR.  This  opportunity  may  arise, 
also,  from  the  growth  of  GaN  homoepitaxial  films. 

ACKNOWLEDGMENTS 

S.W.  Brown  acknowledges  support  from  a  NRC-NRL  Cooperative  Research  Associateship. 
Also,  this  work  was  supported  in  part  by  the  Office  of  Naval  Research. 

REFERENCES 

1.  T.W.  Weeks  Jr.,  M.D.  Bremser,  K.S.  Ailey,  E.  Carlson,  W.G.  Perry,  and  R.F.  Davis,  Appl. 
Phys.  Lett.  67, 401  (1995). 

2.  E.R.  Glaser,  T.A.  Kennedy,  H.C.  Crookham,  J.A.  Freitas,  Jr.,  M.  Asif  Khan,  D.T.  Olson,  and 
J.N.  Kuznia,  Appl.  Phys.  Lett.  63,  2673  (1993). 

3.  E.R.  Glaser,  T.A.  Kennedy,  K.  Doverspike,  L.B.  Rowland,  D.K.  Gaskill,  J.A.  Freitas  Jr.,  M. 
Asif  Khan,  D.T.  Olson,  and  J.N.  Kuznia,  Phys.  Rev.  B  51,  13326  (1995). 

4.  E.R.  Glaser,  in  Proceedings  of  the  18th  International  Conference  on  Defects  in  Semi¬ 
conductors,  to  be  published. 

5.  R.  Dingle,  D.D.  Sell,  S.E,  Stokowski,  and  M.  Ilegems,  Phys.  Rev.  B  4,  1211  (1971). 

6.  R.  Dingle  and  M.  Ilegems,  Solid  State  Commun.  9,  175  (1971). 

7.  W.E.  Carlos,  J.A.  Freitas,  Jr.,  M.  Asif  Khan,  D.T.  Olson,  and  J.N.  Kuznia,  Phys.  Rev.  B  48, 
17878  (1993). 

8.  T.  Ogino  and  M.  Aoki,  Jpn.  J.  Appl.  Phys.  19,  2395  (1980). 

9.  T.  Suski,  P.Perlin,  H.  Teisseyre,  M.  Leszczynski,  I.  Grzegory,  J.  Jun,  M.  Bockowski,  S. 
Porowski,  and  T.D.  Moustakas,  Appl.  Phys.  Lett.  67,  2188  (1995),  and  references  therein. 

10.  W.  Gbtz,  N.M.  Johnson,  R.A.  Street,  H.  Amano,  and  I.  Akasaki,  Appl.  Phys.  Lett.  66,  1340 
(1995). 

11.  N.G.  Romanov,  V.V.  Vetrov,  and  P.G.  Baranov,  Sov.  Phys.  Semicond.  20,  96  (1986). 

12.  W.  Shan,  T.J.  Schmidt,  X.H.  Yang,  S.J.  Hwang,  J.J.  Song,  and  B.  Goldenberg,  Appl.  Phys. 
Lett.  66,  985  (1995). 

13.  G.E.  Pake  and  T.L.  Estle,  The  Physical  Principles  of  Electron  Paramagnetic  Resonance 
(Benjamin,  Reading,  MA,  1973). 

14.  Le  Si  Dang,  K.M.  Lee,  G.D.  Watkins,  and  W.J.  Choyke,  Phys.  Rev.  Lett.  45,  390  (1980). 

15.  J.L.  Patel,  J.E.  Nicholls,  and  J.J.  Davies,  J.Phys.  C  14,  1339  (1981). 

16.  I.  Viohl,  W.D.  Ohlsen,  and  P.C.  Taylor,  Phys.  Rev.  B  44,  7975  (1991). 

17.  See,  e.g.,  F,  Mehran,  T.N.  Morgan,  R.S.  Title,  and  S.E.  Blum,  J.  Mag.  Res.  6,  620  (1972). 

18.  S.  Fischer,  C.  Wetzel,  E.E.  Haller,  and  B.K.  Meyer,  Appl.  Phys.  Lett.  67,  1298  (1995). 

19.  C.R.  Abernathy,  J.D.  MacKenzie,  S.J.  Pearton,  and  W.S.  Hobson,  Appl.  Phys.  Lett.  66  1969 
(1995). 


672 


MAGNETIC  RESONANCE  STUDIES  OF  RECOMBINATION 
PROCESSES  IN  GaN-BASED  LIGHT  EMITTING  DIODES 


W.E.  Carlos*,  E.R.  Glaser*,  T.A.  Kennedy*  and  S.  Nakamura** 

*Naval  Research  Laboratory,  Washington,  D.C. 

**Nichla  Chemical  Industries,  Ltd.,  491  Oka,  Kaminaka,  Anan,  Tokushima  774,  Japan. 
ABSTRACT 

Magnetic  resonance  techniques  are  used  to  study  the  recombination  processes  in 
GaN-based  light  emitting  diodes  (LEDs).  Electrically-detected  magnetic  resonance 
(EDMR)  and  electroluminescence-detected  magnetic  resonance  (ELDMR)  results  on 
InGaN/AIGaN  double  heterostructures  are  presented  for  blue  and  green  LEDs.  In  either 
technique  our  signals  are  dominated  by  a  broad  feature  that  we  ascribe  to  a  deep  Zn- 
related  acceptor.  Our  ELDMR  measurements  show  that  this  is  associated  with  the  blue 
or  green  emission.  Our  EDMR  measurements  resolve  a  second  center  that  Is  tentatively 
identified  as  a  deep  donor  trap. 

INTRODUCTION 

Recent  advances  in  the  growth  and  processing  of  GaN-based  materials''  have 
made  possible  devices  such  as  efficient  blue  and  green  light  emitting  diodes  (LEDs).^’^ 
These  devices  have  impressive  externa!  quantum  efficiencies  (-1-10%)  in  spite  of  high 
dislocation  densities  that  would  quench  the  luminescence  from  LEDs  based  on  other 
semiconductors.  Recently,  we  have  applied  electroluminescence  detection  of  magnetic 
resonance  (ELDMR)  and  electrical  detection  of  magnetic  resonance  (EDMR)  to  double 
heterostructure  blue  LEDs  in  an  effort  to  understand  the  radiative  recombination 
processes  in  GaN-based  materials  and  devices.''  In  this  work  we  compare  the  green 
LEDs,  which  have  a  higher  InN  mole  fraction  in  the  optically-active  region,  with  the  blue 
diodes.  These  resonance  techniques  have  many  advantages  over  conventional  electron 
spin  resonance  (ESR),  including  greatly  enhanced  sensitivity  and  selective  detection  of 
centers  that  are  important  to  recombination  processes.  Previously,  both  techniques  have 
been  applied  to  polymer-based^  and  amorphous  Si-based  LEDsf  EDMR  has  long  been 
applied  to  Si  devices^  and  has  recently  been  employed  as  a  probe  of  compound 
semiconductors.'*®  ESR  and  ODMR  (optically  detected  magnetic  resonance  in  which 
changes  in  photoluminescence  are  monitored)  have  been  applied  to  doped  and  undoped 
wurtzite  GaN  thin  films.®  *®”  ''^  The  observed  resonances  include  an  effective  mass  (EM) 
donor,  a  deep  double  donor  and  a  deep  Mg-related  acceptor  state  (in  Mg-doped  films). 

Devices  used  in  this  work  are  double  heterostructure  AIGaN/InGaN  LEDs  whose 
structure  and  manufacture  have  been  discussed  in  detail  in  previous  publications.^  These 
devices,  based  on  wurtzite-phase  material  grown  on  sapphire,  rely  on  donor-acceptor  pair 
recombination  for  their  intense  emission.  The  bottom  contact  is  made  through  a  relatively 
thick  (-4  pm)  layer  of  n*  GaN.  The  active  device,  grown  on  this  GaN  layer,  is  a  50  nm 
layer  of  InGaN  co-doped  with  Si  and  Zn  sandwiched  between  n  and  p-type  layers  of 
AloisGaossN  that,  in  addition  to  serving  as  sources  of  electrons  and  holes,  respectively, 
help  to  confine  the  carriers  in  the  InGaN  layer.  Zinc  is  used  as  the  acceptor  in  the  InGaN 
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because  it  forms  deeper  levels  in  GaN  than  Mg,  thereby  shifting  the  luminescence  to 
somewhat  lower  energies  and  minimizing  the  In  mole  fraction  (and  the  accompanying 
strain)  in  the  active  layer.  Two  variations  of  the  device  were  studied,  differing  only  in  the 
InN  mole  fraction  In  the  active  InGaN  layer  comprised  either  of  lno.06Gao.94N  (referred  to 
as  blue  diodes)  or  In  o.23Ga  0.77N  (referred  to  as  green  diodes).  The  c-axis  of  the  thin-film 
LED  was  always  perpendicular  to  the  magnetic  field  and  light  was  extracted  using  a 
quartz  light  pipe  and  detected  by  a  UV-enhanced  Si  photodiode.  Electroluminescence 
(EL)  spectra  were  measured  using  a  0.22  m  double  grating  spectrometer.  The  magnetic 
resonance  apparatus  is  based  on  a  Varian  E9  ESR  X-band  (9.25  GHz.)  spectrometer  and 
a  p-i-n  modulator  for  microwave  power  modulation.  Samples  were  cooled  to  approxi¬ 
mately  2  K  using  a  liquid  helium  flow  cryostat  and  biased  with  a  constant  current. 
ELDMR  signals  were  detected  as  changes  In  the  EL  in-phase  with  the  microwave  power 
modulation  and  EDMR  signals  were  obtained  by  detecting  the  AC  voltage  across  the 
sample  in-phase  with  magnetic  field  modulation. 

LOW  TEMPERATURE  ELECTROLUMINESCENCE 

The  intense  room  temperature  blue 
and  green  EL  from  these  devices  has 
attracted  considerable  Interest  recently. 

Our  magnetic  resonance  measurements 
require  cryogenic  temperatures  and  rela¬ 
tively  low  biases;  therefore,  an  examination 
of  the  low  temperature,  low  current  EL  is 
important  in  interpreting  our  results.  EL 
spectra  taken  at  T=2  K  for  typical  blue  and 
green  diodes  are  shown  in  Fig.  1.  Our  low 
temperature  EL  spectra  both  show  two 
distinct  peaks.  To  analyze  the  two  peak 
structures  further  we  have  fit  each  spec¬ 
trum  to  a  pair  of  gaussian  lines.  We  be¬ 
lieve  the  peaks  at  ~2.7  eV  (blue  LEDs)  and 
~2.4  eV  (green  LEDs)  are  due  to  a  deep 
donor  to  Zn-acceptor  recombination.'*  In 
both  diodes  there  is  a  second  line  at  -2.9 
eV  that,  other  than  differences  in  relative 
intensity,  is  essentially  the  same  for  the  two 
diodes,  as  illustrated  in  the  inset  to  Fig.1. 

We  also  note  that  the  relative  intensity  of 
this  line  increases  with  increasing  bias  for 
both  diodes.  While  it  could  be  argued  that  this  band  in  the  green  diodes  is  due  a  near 
bandedge  emission  (energy  gap  of  lno23Gao.77N  «  3.00  eV),  this  would  require  a  separate 
explanation  for  the  existence  such  a  band  at  the  same  energy  in  the  blue  diode  and  the 
lack  of  a  similar  band,  presumably  shifted  down  in  energy,  in  the  green  diode.  Since  this 
EL  line  is  independent  of  In  fraction,  we  suggest  that  this  line  Is  due  to  a  transition  outside 
the  InGaN  layer,  most  probably  in  one  of  the  AIGaN  layers. 


2.0  2.5  3.0  3.5 

Energy  (eV) 


Figure  1  The  electroluminescence  spectra 
of  blue  and  green  LEDs.  The  dashed  lines 
are  the  results  of  fitting  each  spectrum  to 
two  gaussians.  In  the  inset  the  fits  to  the 
feature  at  ~2.9  eV  are  compared. 
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ELECTROLUMINESCENCE  DETECTED  MAGNETIC  RESONANCE 


Results  of  ELDMR  measurements 
for  the  two  diodes  are  shown  In  Fig.  2. 

The  signals  represent  much  smaller 
changes  (-0.001%)  in  the  luminescence 
level  than  were  typically  observed  in 
ODMR  measured  by  monitoring  the  photo¬ 
luminescence  (-0.1%)  from  thin  films  of 
GaN.  To  establish  that  the  magnetic  reso¬ 
nance  signal  was  due  to  small  changes  in 
the  blue  or  green  EL  rather  than  larger 
fractional  changes  in  a  weak  deep  emis¬ 
sion  we  inserted  bandpass  filters,  peaked 
at  465  nm  for  the  blue  diode  and  520  nm 
for  the  green  diode  in  front  of  the  detector. 

The  same  resonance  with  the  same  rela¬ 
tive  intensity  is  observed  with  the  appro¬ 
priate  filter  inserted  as  with  no  fitter,  associ¬ 
ating  this  resonance  with  the  blue  and 
green  EL  bands  in  the  different  LEDs.  The 
bandwidths  of  the  filters  are  large  enough 
to  prevent  us  from  definitively  ruling  out 
any  involvement  of  the  weak  blue  EL  at  2.9 
eV  in  the  ELDMR  signal.  However,  the  intensities  of  the  ELDMR  signals  are  comparable 
for  the  blue  and  green  diodes,  while  the  relative  intensity  of  the  2.9  eV  band  is  much 
weaker  in  the  green  diode,  suggesting  that  this  band  is  not  involved  in  the  ELDMR  For 
this  orientation  (BJ-C-axis)  the  resonance  has  a  Lande  g  value  of  2.00  and  a  full  width  at 
half  maximum  of  -18  mT,  both  of  which  are  very  similar  to  the  resonance  assigned  to 
a  deep  Mg-related  acceptor  in  GaN:Mg  films.  The  resonance  is  not  due  to  a  shallow  EM- 
like  acceptor  state  since  for  this  orientation  one  expects^®  g~0  rather  than  -2  as  we 
observe.  The  two  donor  states  observed  in  GaN  films  both  have  g  values  less  than  2  and 
InN  alloying  should  decrease  the  energy  gaps  and  increase  the  spin-orbit  splittings,  thus 
increasing  the  shift  of  the  g  value  from  the  free  electron  value  of  2.0023.  Based  on  the 
similarities  with  the  Mg  resonance  and  its  role  in  the  blue  or  green  EL,  we  assign  the 
observed  resonance  to  a  deep  Zn-related  acceptor  state  in  the  InGaN  layer. 

ELECTRICALLY  DETECTED  MAGNETIC  RESONANCE 

EDMR  signals  were  obtained  by  monitoring  the  effects  of  changes  in  the 
recombination  rate  and  hence,  the  recombination  current  in  the  LEDs.  As  mentioned 
previously,  the  sample  is  biased  at  a  constant  current  and  the  ac  voltage  in-phase  with 
the  magnetic  field  modulation  is  detected.  The  voltage  across  the  sample  includes 
several  parasitic  voltages,  e.g.,  those  due  to  high  resistance  contacts  and  to  the  layer 
resistances.  While  these  become  more  significant  at  low  temperatures,  they  are  generally 
not  related  to  electron-hole  recombination  and  should  not  contribute  to  the  magnetic 
resonance  signal.  We  believe  that  the  observed  signals  are  due  to  changes  in  the  recom¬ 
bination  rate  in  the  InGaN/AIGaN  hetero-junction  region.  Examples  of  the  EDMR  spectra 


Figure  2  The  ELDMR  signals  for  blue  and 
green  diodes.  The  higher  amplitude  and 
lower  signal  to  noise  ratio  for  the  green 
diode  is  a  result  of  lower  EL  intensity. 
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are  shown  in  Fig,  3.  The  spectra  consist  of  a 
sharp  feature  superimposed  on  a  dominant 
broad  line.  For  this  orientation  (B_Lc-axjs)  the 
broad  resonance  has  a  Lande  g  value  of 
-2.00  and  a  full  width  at  half  maximum  of 
-22  mT  and  we,  therefore,  associate  this 
resonance  with  a  deep  Zn-related  acceptor 
level  observed  in  ELDMR.  The  narrow  line 
has  a  g  value  of  1 .990±0.005  (blue  diodes) 
and  1.997±0.005  (green  diodes).  It  is  not 
certain  whether  the  small  difference  in  g 
value  for  the  two  diodes  is  significant.  How¬ 
ever,  either  value  is  in  good  agreement  with 
that  of  the  deep  donor  obsen/ed  in  ODMR, 
although  the  linewidths  are  only  about  half  as 
large.  Based  on  the  g  value  agreement  and 
the  difference  in  linewidth,  we  assign  this 
resonance  to  a  similar  but  not  identical  deep 
donor  to  that  observed  by  ODMR  in  GaN  thin 
films.  In  Fig.  3  we  marked  the  expected 
positions  of  an  EM  donor  at  g«1 .94  (InGaN  in 
blue  diodes),  g«1.91  (InGaN  in  green  diodes) 
or  g«1.97  (AIGaN  layer),  based  on  our 
observations  in  GaN  films  and  accounting  for 
InN  or  AIN  alloying.  Note  that  we  do  not 
observe  this  resonance  in  either  diode. 

The  peak  positions  of  the  two 
resonances  observed  In  EDMR  are  only 
~2mT  apart  and  the  sharp  line  represents 
only  -10%  of  the  total  intensity.  Given  the 
relative  strengths  of  the  two  lines,  their 
widths  and  their  separation,  it  is  reasonable 
that  the  narrow  line  Is  only  resolved  be¬ 
cause  of  the  derivative  lineshape.  A  numer¬ 
ical  integration  of  the  EDMR  signal  gives  a 
lineshape  very  similar  to  the  ELDMR  signal 
with  no  obvious  second  line."''* 

The  Intensity  of  the  resonance  signal 
depends  on  the  bias  conditions,  i.e.,  on  the 
rate  at  which  electrons  and  holes  are  in¬ 
jected  into  the  active  region.  The  relation¬ 
ship  between  the  EDMR  signal  intensity  and 
the  applied  bias  voltage  for  the  two  diodes 
is  illustrated  in  Fig.  4.  The  signal  intensity  is 
6V(dl/d\/)/l  scaled  to  account  for  the  field 
modulation  amplitude.^®  The  two  diodes  give 


g  value 

2.2  2,1  2.0  1.9  1.8 


Figure  3  The  EDMR  spectra  for  the 
two  diodes.  The  single  headed  arrows 
indicate  expected  positions  for  an 
effective  mass  donor  resonance  in  the 
InGaN  layers,  while  the  double  headed 
arrow  indicates  the  expected  position 
for  such  a  resonance  in  an  AIGaN 
layer. 


Figure  4  The  intensities  of  the  EDMR  as 
a  function  of  bias  for  the  blue  and  green 
LEDs.  The  dashed  lines  are  intended  as 
aids  to  the  eye. 
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a  maximum  EDMR  signal  at  very  similar  bias  voltages.  The  currents  at  this  voltage  are 
significantly  different  (-100  pA  for  the  blue  LED  vs.  -500  pA  for  the  green  LED).  This 
may  be  because  of  the  higher  leakage  current  due  to  strain-induced  lattice  defects  in  the 
InGaN  layer  of  the  green  LED.  As  noted  above,  the  bias  voltage  contains  parasitic 
voltages  that  add  to  voltage  across  the  active  region.  However,  these  are  expected  to  be 
similar  for  the  two  diodes.  The  ELDMR  intensity  of  the  blue  LED  has  a  similar  functional 
form  to  that  of  the  EDMR  and  the  magnitudes  are  reasonably  close."*  The  EL  signal  from 
the  green  diode  is  more  dependent  on  the  magnetic  field  at  that  causes  a  significant 
background  signal  in  the  ELDMR,  particularly  a  low  bias  currents.  This  makes  extraction 
of  a  reliable  intensity  difficult. 

SUMMARY 

In  summary  we  have  detected  magnetic  resonance  effects  in  both  the  electrolumines¬ 
cence  and  the  electrical  characteristics  of  GaN-based  double  heterostructure  LEDs. 
These  techniques  can  be  powerful  probes  of  the  recombination  mechanisms  in 
semiconductor  devices,  as  is  demonstrated  by  our  observation  of  a  Zn-related  acceptor 
and  a  deep  donor  in  both  diodes.  The  fact  that  these  two  resonances  are  so  similar,  i.e., 
insensitive  to  In  mole  fraction,  in  the  two  diodes  is  consistent  with  our  association  of  them 
with  deep  levels.  Clearly  much  work  still  needs  to  be  done  to  understand  the  radiative 
and  nonradiative  recombination  processes  in  GaN-based  materials  and  devices  fully. 
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ABSTRACT 

A  comparison  between  300  K  electron  transport  data  for  state-of-the-art  wurtzite  GaN 
grown  on  sapphire  substrates  and  corresponding  theoretical  calculations  shows  a  large  difference, 
with  experimental  mobility  less  than  the  predicted  mobility  for  a  given  carrier  concentration. 
The  comparison  seems  to  imply  that  GaN  films  are  greatly  compensated,  but  the  discrepancy 
may  also  be  due  to  the  poorly  known  values  of  the  materials  parameters  used  in  the  calculations. 
In  this  work,  recent  analysis  of  transport  and  SIMS  measurements  on  silicon-doped  GaN  films 
are  shown  to  imply  that  the  compensation,  Na/Nq,  is  less  than  0.3.  In  addition,  the 
determination  of  an  activation  energy  of  34  meV  in  a  GaN  film  doped  to  a  level  of  6X10  cm"^ 
suggests  either  that  a  second,  native  donor  exists  in  the  doped  films  at  a  level  of  between  6X10^^ 
cm‘3  and  IXIO^^  cm"^,  or  that  the  activation  energy  of  Si  in  GaN  is  dependent  on  the 
concentration,  being  influenced  by  impurity  banding  or  some  other  physical  effect.  GaN  films 
grown  without  silicon  doping  are  highly  resistive. 

INTRODUCTION 

Significant  advances  have  recently  been  reported  on  the  performance  of  devices  based  on 
the  III-N  material  system  for  both  opto-electronic  as  well  as  high  power  and  high  temperature 
electronic  applications.  For  the  fabrication  of  high  frequency  field  effect  transistors  (FET’s), 
thin,  high  mobility  active  layers,  typically  grown  on  highly  resistive  buffer  layers,  are  required. 
Optimal  device  performance  is  dependent  upon  optimization  of  the  transport  properties  in  the 
active  layer,  hence  a  comparison  of  active  layer  transport  properties  to  thick  film  state-of-the-art 
GaN  properties  is  desired.  Previously,  we  have  reported  the  growth  of  high  mobility  silicon- 
doped  FET  structures  on  highly  resistive  GaN  buffer  layers  1.  In  the  present  work  the  properties 
of  lightly  Si-doped  and  unintentionally  doped  thick  (~  3  |im)  GaN  layers  are  investigated  as  a 
preliminary  step  toward  achieving  the  stated  objective. 

EXPERIMENT 

An  inductively  heated,  water-cooled,  vertical  organometallic  vapor  phase  epitaxy  reactor 
operated  at  57  torr  (7,600  Pa)  was  used  for  the  growth  of  the  GaN  films  as  previously  described 

in  the  literature^.  The  films  discussed  in  this  paper  were  grown  on  a-plane  (1120)  sapphire 
substrates.  An  AIN  nucleation  layer  of  approximately  20  nm  thickness  was  deposited  at  450  °C, 
using  triethylaluminum  and  ammonia  (NH3)  as  the  source  reagents.  The  GaN  films  were  grown 
using  trimethylgallium  (TMG)  and  NH3  at  a  growth  temperature  of  1040  °C.  Disilane,  in  a 
concentration  of  8  ppm  in  H2,  was  used  as  the  dopant  source.  Variable  temperature  Hall 
measurements  were  performed  using  the  van  der  Pauw  technique  with  a  cloverleaf  geometry  and 
indium  contacts  at  a  magnetic  field  of  0.2  T.  The  current- voltage  characteristics  of  highly 
resistive  GaN  films  were  determined  by  a  2-point  surface  probe.  In  these  highly  resistive  films, 
surface  breakdown  voltages  in  excess  of  1200  V  were  typical,  using  a  probe  spacing  of 
approximately  3  mm. 


679 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®  1996  Materials  Research  Society 


High-mass-resolution  secondary  ion  mass  spectroscopy  (SIMS)  was  performed  in  an  ion 
microscope  operating  with  a  Cs'''  beam,  as  previously  described^.  Pieces  of  a  representative 
highly  resistive,  unintentionally  doped  GaN  film  were  implanted  at  room  temperature  with  200 
keV  29si  ions,  to  a  dose  of  5X10 cm^.  The  reference  standard  was  profiled  by  SIMS  using 
the  same  conditions  as  the  GaN  films  being  investigated  to  generate  the  relative  sensitivity  factor 
of  Si  in  the  GaN  matrix.  The  depth  scale  of  the  SIMS  profiles  was  established  by  measuring  the 
crater  depths  with  a  stylus  profilometer. 

RESULTS  AND  DISCUSSION 


A  sequence  of  Si-doped  GaN  films  was  grown,  varying  the  [Si2H6]/[TMG]  ratio  over  the 
range  1.4X10-6  to  6.0X10"6.  The  relationship  of  the  300  K  Hall  electron  concentration  to  the 
disilane  dopant  flow  is  illustrated  in  Figure  1,  and  is  seen  to  be  linear.  A  film  grown  with  no 
disilane  flow  was  determined  to  be  highly  resistive.  The  ability  to  controllably  dope  the  GaN 
films  demonstrated  here  validates  their  potential  for  FET  applications. 

Variable  temperature  Hall  measurements  were  performed  on  three  of  the  Si-doped  GaN 
films  of  this  series.  The  Hall  electron  concentration  and  mobility  are  plotted  as  functions  of 
temperature  in  Figure  2.  The  data  was  analyzed  using  a  single,  monovalent  donor  model  of 
density  Nd,  ionization  energy  Ep)  and  degeneracy  =  1/2,  in  the  Boltzman  approximation  for  a 


non-degenerate  semiconductor: 


2Nd(1-K) 


4Nd(1-K) 


where  K  =  Na/Nd  is  the  compensation  ratio,  and  x  =  1/2  (Nc  exp(-ED/kT)),  where  Nc  is  the 
density  of  states  at  the  conduction  band  edge^.  We  assumed  a  Hall  scattering  factor,  rn  =  1.1,  for 
all  temperatures^.  Fits  to  the  data  were  constrained  to  values  for  an  electron  effective  mass  0.18 
me  ^  m*  <  0.22  me,  a  donor  energy  value  14  meV  <  Ed  ^  40  meV,  and  a  compensation  ratio  0  < 
K  <  1.  In  the  case  of  the  higher  doped  samples,  as  seen  in  Figure  2b,  the  data  showed  significant 
parallel-conduction-type  behavior  at  low  temperatures.  The  single-donor  model  does  not  apply 
for  values  of  1000/T  greater  than  10-20  K'l  in  samples  where  curvature  of  the  data  due  to 
parallel  conduction  is  seen. 


Disilane  Flow  (seem) 


Figure  1.  Relationship  of  300K  Hall  electron  concentration  to  disilane  dopant  flow. 
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Figure  2.  a.)  Hall  mobility  temperature  and  b.)  Hall  electron  concentration  V5  1000/T  for  the 
samples  listed  in  Table  1. 

The  results  of  the  curve  fitting  analysis,  using  K  =  0  and  m*  =  0.22  me  (Samples  A  and 
B)  or  0.18  me  (Sample  C),  as  well  as  the  measured  300  K  Hall  electron  concentration  and  SIMS 
silicon  concentration,  are  given  in  Table  I  for  the  three  samples.  In  the  highest  doped  Sample  A, 
a  fit  to  data  up  to  1000/T  =  10  K"!  yielded  a  derived  value  of  Nd  in  excellent  agreement  with  the 
silicon  concentration  of  SXIO^^  cm’^  seen  in  SIMS  analysis  of  a  sample  grown  under  identical 
conditions  and  with  identical  300  K  Hall  transport  properties.  The  fit  for  the  mid-doped  Sample 
B  was  made  to  data  up  to  1000/T  =  20  K"l,  and  the  derived  Nd  value  is  in  close  agreement  with 
the  silicon  concentration  measured  by  SIMS  for  a  sample  with  the  same  silicon  doping  level  but 
slightly  higher  V/III  ratio  during  film  growth.  The  fit  for  the  lowest-doped  Sample  C  was  made 
to  data  up  to  1000/T  =  25  K‘l.  SIMS  analysis  was  not  performed  on  this  sample. 

The  ionization  energy  for  the  moderately  doped  Sample  B,  taken  from  the  fit  described 
above,  agrees  well  with  the  expected  energy  of  26  ±  1  meV  value  previously  reported^^  and  is  in 
close  agreement  with  the  value  of  28  meV  reported  by  Hacke  and  co-workers^,  as  well  as  the 
value  of  29  meV  recently  determined  by  Wang  and  co-workers  in  infrared  absorption 
experiments  on  Si  doped  GaN  films^.  The  highest  doped  film.  Sample  A,  exhibits  a  smaller 
value  of  ionization  energy,  which  may  be  explained  by  the  effects  of  impurity  banding.  For 
Sample  C,  the  film  with  the  lowest  Si  concentration,  an  ionization  energy  of  34  meV  was  derived 
from  fitting  the  Hall  data,  as  shown  in  Figure  3.  This  energy  level  has  previously  been  identified 
as  being  associated  with  a  native  donor  in  GaN  films  9,  10^  and  is  of  particular  interest  here 
since  the  films  grown  in  this  study  without  the  introduction  of  Si  exhibited  highly  resistive,  semi- 
insulating  type  behavior. 

In  the  case  of  each  of  the  samples  listed  in  Table  I,  the  best  fit  to  the  data  using  the 
monovalent,  single  donor  model  occurred  for  K  =  0.  In  the  case  of  Sample  A,  an  accurate  fit  to 
the  data  may  not  be  possible  due  to  the  significant  curvature  in  the  data  for  1000/T  >  10  K"l. 

Table  I.  Results  of  Hall,  SIMS  and  theoretical  analysis  of  Si-doped  films. 


Si2H6  flow 

N300K  Hall 

Ed  (calc) 

Nd  (calc) 

SIMS  Si  Cone. 

A 

0.88  seem 

3.8X10^7  cm-3 

19.8  meV 

7.9X1017  cm-3 

8X1017  cm-3 

B 

0.44  seem 

1.6X1017  cm-3 

26.5  meV 

3.1X1017  cm"3 

4X10 17  cm-3 

C 

0.21  seem 

5.4X1016  cm-3 

36.0  meV 

9.4X1016  cm-3 

N/A 
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1000/T  (K^) 

Figure  3.  Data  fit  to  low-doped  Sample  C,  varying  K  =  Na/Nd  between  0  and  0.4. 

Reliable  fits  to  the  data  are  achieved  for  data  with  substantially  larger  values  of  1000/T,  in  the 
range  of  20-30  K"l.  The  data  from  Sample  B  is  a  better  candidate  for  analysis.  Setting  K  =  0.3 
while  keeping  Ed  =  26.5  meV  resulted  in  a  very  poor  fit.  The  best  attempt  at  fitting  the  data 
with  this  compensation  resulted  in  Nd  =  4.4X10  cm"3  and  Ed  =  14.6  meV.  This  derived 
value  of  Nd  agrees  with  the  SIMS  concentration  data  within  error  limits.  Attempts  to  fit  the  data 
with  different  values  of  Ed  were  worse,  and  m*  was  varied  in  the  range  of  0.18  to  0.24  with  no 
improvement.  At  best,  a  compensation  ratio,  0  <  K  <  0.3  may  be  deduced  for  this  film,  with  14.6 
meV  <  Ed  <  26.5  meV.  Enough  data  appears  to  be  present  for  an  adequate  curve  fit  to  Sample 
C.  The  best  fit  for  this  film  occurs  for  K  =  0  and  Ed  =  36  meV.  Attempts  to  fit  the  data  with 
larger  values  of  K  resulted  in  very  poor  fits  to  the  data  which  could  not  be  explained  by  the 
curvature  at  low  temperatures.  Figure  3  illustrates  the  fit  to  this  set  of  data  for  two  sets  of 
conditions,  K  =  0  with  Ed  =  36  meV  and  K  =  0.4  with  Ed  =  23  meV  (the  best  fit  for  the  K  =  0.4 
case).  Further  attempts  at  decreasing  K  to  0.25  and  0.1  showed  improvements  in  the  curve  fit  at 
high  temperatures,  but  deviated  from  the  data  for  1000/T  >  12  K‘l.  Fitting  attempts  with  K  =  0 
and  Ed  =  26.5  meV  were  very  poor.  Thus,  the  model  implies  that  this  sample  is  not  strongly 
compensated,  with  a  probable  compensation  ratio  K  <  0.1. 

Figure  4  illustrates  the  relationship  between  the  Si  concentrations  measured  by  SIMS  and 
calculated  values  of  Nd  assuming  K  =  0  for  Si-doped  GaN  films.  Data  from  the  samples  in 


Figure  4.  Relative  agreement  between  Nd  value  derived  from  model  and  SIMS  data. 
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Table  I,  as  well  as  higher  doped  films  from  a  previous  study  3,  are  plotted.  For  the  highest  doped 
film,  the  fit  to  the  data  was  made  assuming  Ed  =  0,  as  an  approximation  for  a  degenerately 
doped  film.  Consistency  of  the  model  with  the  empirical  data  is  evident  for  the  samples  with  low 
concentrations  of  Si.  The  implication  of  the  validity  of  the  model  in  this  doping  range  is  that 
compensation  is  low.  Divergence  of  the  data  occurs  for  the  more  highly  doped  GaN  films.  Even 
using  conservative  estimates  of  error,  the  model  predictions  are  in  excess  of  measured  Si 
concentrations.  An  additional  source  of  electrons  is  implied  which  should  be  included  in  the 
analysis. 

CONCLUSIONS 

We  have  shown,  based  on  analysis  of  variable  temperature  Hall  measurements  using  a 
single-donor  model,  that  the  compensation  in  our  Si-doped  GaN  films  lies  in  the  range  0  < 
Na/Nd  <  0.3.  This  assertion  is  supported  by  the  variable  temperature  Hall  data  from  the  lightly- 
doped  Sample  C,  which  exhibits  no  curvature  of  the  data  at  electron  concentrations  of  less  than 
1X1015  cm-3. 

The  data  for  the  series  of  Si-doped  GaN  films  presented  in  this  study  may  suggest  that  a 
second,  native  donor  exists  in  the  doped  films  at  a  concentration  between  6X10l^  cm"^  and 
1X10 1^  cm"3.  Alternatively,  the  data  may  suggest  that  the  activation  energy  of  Si  in  GaN  is 
dependent  on  the  Si  concentration,  being  influenced  by  impurity  banding  to  and  perhaps  below  a 
concentration  of  6X10 1^  cm"^,  or  by  the  formation  of  point  defects  upon  varying  the  Fermi  level 
in  the  GaN  films,  as  suggested  by  Boguslawski  and  co-workersH.  Initial  analysis  of  the  data 
using  a  two-donor  model  results  in  poorer  fits  to  the  data  than  using  the  single  donor  model. 
Additionally,  the  linear  fit  between  the  measured  electron  concentration  and  dopant  flow,  shown 
in  Figure  1,  would  not  be  expected  if  two  donors  were  present.  Further  studies  are  in  progress  to 
determine  the  nature  of  the  variation  of  the  Si  activation  energy  in  lightly-doped  GaN  films. 
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ABSTRACT 

The  light  ion  impurities  C,  O  and  H  have  been  implanted  or  diffused  into  GaN  and 
related  compounds  and  their  effect  on  the  electrical  properties  of  these  materials  measured  by 
Hall,  C-V  and  SIMS  as  a  function  of  annealing  temperatures  from  300-1  lOO^C.  While  C  in  as- 
grown  GaN  appears  to  create  an  acceptor  under  MOMBE  conditions,  implanted  C  shows  no 
measurable  activity.  Similarly,  implanted  O  does  not  show  any  shallow  donor  activity  after 
annealing  at  <  700'*C,  but  can  create  high  resistivity  regions  (10^  Q/D)  in  GaN,  AlInN  and 
InGaN  for  device  isolation  when  annealed  at  500-700-C.  Finally,  hydrogen  is  found  to 
passivate  shallow  donor  and  acceptor  states  in  GaN,  InN,  InAlN  and  InGaN,  with  dissociation 
of  the  neutral  complexes  at  >450°C.  The  liberated  hydrogen  does  not  leave  the  nitride  films 
until  much  higher  annealing  temperatures  (>800°C).  Typical  reactivation  energies  are  ~2.0eV 
for  impurity-hydrogen  complexes. 

INTRODUCTION 

The  most  common  impurities  in  GaN  are  probably  C,  O  and  H  from  the  growth 
precursors  [(C2H5)3Ga  and  NH3]  and  the  ambient.  Past  work  has  shown  that  C  has  a  deep 
acceptor  level  in  the  gap  and  is  an  ineffective  dopant, although  recent  theoretical  studies 
suggest  it  may  have  utility.^^^  There  has  been  one  report  of  p-type  GaN  grown  by  Metal 
Organic  Molecular  Beam  Epitaxy  (MOMBE)  in  which  the  hole  density  increased  with  CCI4 
flow,  but  a  completing  parasitic  etching  reaction  by  the  chlorine  reduced  the  growth  rate 
severely  and  a  maximum  hole  concentration  of  ~3xl0'^cm'^  was  achieved.^^^ 

Oxygen  has  been  ascribed  by  some  workers  to  be  responsible  for  at  least  part  of  the 
residual  n-type  doping  in  most  GaN,^"*^  although  others  suggest  this  is  due  to  nitrogen 
vacancies.^^^  Hydrogen  is  of  course  important  for  its  role  in  passivating  the  electrical  activity 
of  Mg  acceptors  in  GaN  grown  by  Metal  Organic  Chemical  Vapor  Deposition.  Both  e-beam 
irradiation  or  simple  thermal  annealing  are  found  to  restore  the  electrical  activity  of  the  Mg  by 
dissociating  the  neutral  Mg-H  complexes.^^^  We  have  also  recently  found  that  forward  bias 
injection  of  minority  carriers  in  hydrogenated  GaN  p-n  junctions  can  reactivate  the  Mg 
acceptors,  a  phenomenon  that  has  also  been  observed  for  passivated  B  in  Si  and  S  donors  in 
GaAs. 

In  this  paper  we  report  on  some  experiments  in  which  C,  0  or  H  have  been  introduced 
into  GaN  and  related  materials  by  implantation  or  diffusion  and  the  effects  on  the  electrical 
properties  of  the  material  measured. 
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EXPERIMENTAL 


The  nitrides  employed  in  this  work  were  prepared  in  a  Varian  Gas  Source  Gen  II 
system  fitted  with  a  Wavemat  MPDR  610  ECR  plasma  source.®  The  nitrogen  beam  was 
generated  using  200 W  forward  power  and  nitrogen  flows  of  1-20  seem.  All  layers  grown  on 
AI2O3  contain  an  initial  SOOA  low  temperature  AIN  buffer  grown  at  425°C  using  1  seem  N2 
flow.  Triethylgallium  III  (TEG)  was  used  as  the  Ga  source,  trimethylamine  alane  (TMAA) 
and  dimethylamine  alane  (DMEAA)  were  used  as  the  A1  sources,  and  trimethylindium  (TMI) 
and  triethylindium  (TEI)  were  employed  as  In  sources. 

Some  san^les  were  implanted  with  or  ions  at  typical  energies  of  lOOkeV  and 
doses  of  lO^^-lO^^cm'^  followed  by  annealing  up  to  1100°C  under  a  flowing  N2  ambient  in  an 
RTA  system.  Hydrogen  was  introduced  by  exposing  the  samples  to  either  a  or  ECR 
discharge  for  30  mins  at  250-400°C.  Carrier  densities  and  mobilities  were  obtained  from  van 
der  Pauw  geometry  Hall  measurements  using  alloyed  Hgin  contacts  and  impurity  profiles 
obtained  from  Secondary  Ion  Mass  Spectrometry  (SIMS)  measurements  performed  at  Charles 
Evans  and  Associates. 

RESULTS  AND  DISCUSSION 


We  find  that  InxGaj.xN  and  InxAlj.xN  alloys  grown  by  MOMBE  are  strongly  n-type 
for  X  >  0.15  (InGaN)  and  x  >  0.3  (InAlN),  with  steadily  decreasing  conductivity  as  the  In 
concentration  is  decreased.  High  electron  concentrations  have  also  been  reported  for  InN 
grown  by  other  methods, and  are  usually  ascribed  to  the  presence  of  N  vacancies,  although 
this  seems  less  likely  in  light  of  trends  observed  in  InN  grown  using  various  IIW  ratios.^*^^ 
Furthermore,  ion  channeling  and  AES  do  not  indicate  nitrogen  deficiency  in  these  films. 

Another  possible  explanation  for  the  electrical  behavior  is  the  presence  of 
unintentionally  incorporated  carbon.  Though  carbon  has  been  shown  capable  of  producing  p- 
type  GaN,  the  hole  concentrations  obtained  have  been  limited  to  low  -lO^^cm'^  even  though 
carbon  levels  are  measured  to  be  lO^^cm'^  or  higher.  It  has  been  found  in  other  III-V  materials 
that  the  maximum  hole  concentration  which  can  be  obtained  using  carbon  is  related  to  the 
difference  in  bond  strength  between  the  group  Ill-carbon  case  and  group  V-carbon  sites.  In  the 
case  of  InP,  the  carbon  actually  sits  on  the  group  III  site  and  acts  as  a  donor  resulting  in  n-type 
material.  Based  on  this  simple  model,  it  is  expected  that  carbon  will  be  a  donor  in  InN  and 
high  In  concentration  alloys  (see  Figure  1).  Thus  at  least  some  of  the  conduction  observed  in 
these  ternary  films  may  be  due  to  carbon.  Further,  as  the  composition  is  reduced  in  In,  the 
tendency  for  carbon  to  act  as  an  acceptor  rather  than  a  donor  increases,  thus  possibly 
explaining  the  reduction  in  electron  concentration  observed  with  increasing  Ga  or  A1 
concentration.  Clearly  more  work  is  needed  in  this  area  in  order  for  the  role  of  carbon  to  be 
fully  understood. 

We  also  implanted  C  into  GaN  and  annealed  at  temperatures  up  to  1100®C,  but  did  not 
obtain  p-type  conductivity.  Based  on  the  results  to  date  we  find  that  C  probably  displays 
amphoteric  behavior  in  the  nitrides,  with  acceptor  formation  under  some  conditions 
(MOMBE-grown  GaN)  and  possible  donor  action  in  other  cases  (  implantation  in  GaN; 
growth  of  In-containing  alloys). 


686 


Figure  1.  Maximum  reported  carrier  concentration  for  materials  with  various  group  Ill-carbon 
and  group  V-carbon  bond  strengths  as  a  function  of  the  difference  between  the  two  bonds/^"*^ 


(b)  Oxygen 

Oxygen  implantation  into  initially  doped  GaN  produces  damage-related  compensation 
which  is  thermally  stable  to  <  750°C,  and  indicates  that  oxygen  does  not  have  a  deep  acceptor 
or  donor  state  with  high  concentration  in  this  material.  InGaN  which  is  initially  n-type  shows 
less  effective  implant  isolation  characteristics,  with  a  maximum  of  a  100  fold  increase^"^  in 
sheet  resistance  independent  of  ion  species  after  a  500°C  anneal. 

As  seen  in  Figure  2,  InAlN,  in  contrast  to  InGaN,  can  be  highly  compensated  with  N- 
or  0-implantation  with  over  a  three  order-of -magnitude  increase  in  sheet  resistance  after  a  600 
to  700°C  anneal  while  F-implantation  produces  only  one  order-of-magnitude  increase  in  sheet 
resistance.  The  compensating  level  in  InAlN  is  also  high  in  the  bandgap  with  the  deepest  level 
estimated  at  580meV  below  the  conduction  band  edge  in  high  dose  N-isolated  material, 
however  it  is  sufficiently  deep  to  achieve  highly  compensated  material.  The  enhanced 
compensation  for  N-  and  0-implantation  in  InAlN  may  result  from  a  reduction  in  N-vacancies 
for  N-implantation  or  the  formation  of  an  0-Al  complex  for  0-implantation.  An  0-Al 
complex  is  thought  to  also  be  responsible  for  thermally  stable  implant  isolation  in 
0-implanted  AlGaAs.^^^^ 

When  O  is  implanted  into  GaN  and  annealed  at  1100®C,  Zolper  has  demonstrated  it 
creates  n-type  doping  with  an  ionization  level  of  -29meV  and  poor  activation  efficiency  (<  4 
<i3)  diffusivity  was  <2.7x1 0'^^m^/sec  at  1125®C. 

M-Hydrogen 

By  analogy  with  the  models  for  neutral  hydrogen-dopant  complexes  in  other  III-V 
semiconductors.  Figure  3  shows  schematic  representations  of  the  likely  configurations  in 
GaN.  For  donor  dopants,  the  H  occupies  an  antibonding  position  either  attached  to  the  dopant 
in  the  case  of  group  IV  donors  or  attached  to  the  Ga  neighbor  in  the  case  of  a  group  IV  donor. 
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For  acceptor  dopants,  the  H  is  at  a  bond-centered  position,  bonded  predominantly  either  to  the 
acceptor  or  a  N  neighbor,  respectively,  depending  on  whether  the  acceptor  is  from  column  IV 
or  II  of  the  Periodic  Table. 


200  400  600  800  1000 

anneal  temperature  (“C) 


Figure  2.  Sheet  resistance  versus  anneal  temperature  for  autodoped  Ino75Alo.25N  implanted 
with  O,  N  or  F  with  an  average  ion  concentration  =  SxlO^^cm'^, 


Figure  3.  Schematic  representation  of  hydrogen-dopant  complexes  in  GaN. 
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The  native  donors  in  InGaN  and  InAlN  are  also  passivated  by  association  with  atomic 
hydrogen.  Figure  4  shows  the  fraction  of  passivated  donors  remaining  in  both  alloys  as  a 
function  of  post-hydrogenation  annealing  temperature.  Both  samples  displayed  a  decrease  in 
carrier  concentration  of  approximately  an  order  of  magnitude  after  H  plasma  exposure.  On 
subsequent  annealing  the  passivated  donors  begin  to  reactivate  around  500°C.  The 
reactivation  was  fit  to  the  relation 

No/N  =  l-exp[-tvexp(Ed/kT)]  (1) 

where  No/N  is  the  fraction  of  passivated  centers  reactivated  by  annealing  at  temperature  T  for 
time  t,  v  is  the  attempt  frequency  (assumed  to  be  lO^'^s'^)  and  Ed  is  the  activation  energy  for 
reactivation.  The  recovery  of  the  donor  activity  occurred  over  a  broader  temperature  range 
than  generally  observed  for  passivated  dopants  and  was  consistent  with  the  presence  of  a 
Gaussian  distribution  of  activation  energies.  We  obtained  values  for  Ed  around  2.4eV  with  a 
FWHM  of  '0.3eV.  The  hydrogen  does  not  leave  the  crystal  at  these  temperatures,  but 
probably  associates  with  other  hydrogen  atoms  to  form  molecules  and  larger  clusters.  At 
much  higher  temperatures  ( >  SOO^C)  these  clusters  are  evolved  from  the  sample. 


Figure  4.  Fraction  of  passivated  donors  remaining  in  InAlN  or  InGaN  after  deuteration  at 
250®C  and  subsequent  annealing  at  different  temperatures. 
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ABSTRACT 

Both  infrared  absorption  (IR)  and  electron  spin  resonance  (ESR) 
spectroscopies  have  been  used  to  investigate  the  complicated 
structure  of  nanocrystalline  cubic  boron  nitride/amorphous  hydro¬ 
genated  boron  nitride  thin  films.  The  ESR  spectra  from  this  mater¬ 
ial  consist  of  a  component  with  a  four-line  hyperfine  structure 
and/or  a  component  with  a  ten-line  hyperfine  structure  superim¬ 
posed  upon  a  broad  central  line.  The  hyperfine  structures  are 
associated  with  defect  centers  located  in  the  nanocrystalline 
phase,  whereas  the  broad  line  is  attributed  to  dangling  bonds  in  the 
amorphous  phase.  The  IR  spectra  consist  of  three  lines  around  1400 
cm“i:  the  lines  at  1263  and  1505  cm”i  originate  in  a  boron-poor 
amorphous  hydrogenated  boron  nitride  region;  the  line  at  1371  cm“i, 
in  a  boron-rich  amorphous  hydrogenated  boron  nitride  region.  These 
results,  together  with  previously  reported  electron  diffraction 
spectra,  suggest  the  following  picture:  small  (2.5  nm)  nanocrys¬ 
tallites  of  cubic  boron  nitride  (about  5%  of  the  material)  are 
imbedded  in  a  mixed  amorphous  phase.  The  amorphous  region  can  be 
approximated  by  a  mixture  of  boron-rich  and  boron-poor  amorphous 
hydrogenated  boron  nitride. 

INTRODUCTION 

Boron  nitride  thin  films  have  a  number  of  attractive  proper¬ 
ties,  such  as  an  extremely  large  bandgap,  hardness,  low  conductiv¬ 
ity,  chemical  inertness,  and  good  adhesion  to  substrate  materials. 
They  have  found  technological  applications  as  insulating  layers  in 
optical  devices  and  high  temperature  electronics.  Thin  films  of 
boron  nitride  have  been  grown  by  a  variety  of  growth  techniques  — 
sputtering,  evaporation,  ion  plating  and  plasma  assisted  chemical 
vapor  deposition  (CVD)  [1] .  The  growth  of  polycrystalline  cubic  and 
hexagonal  boron  nitride  by  CVD  usually  requires  very  high  substrate 
temperatures  (900  C)  [2],  but  amorphous  boron  nitride  can  be  grown 
by  rf  plasma  assisted  CVD  at  low  substrate  temperatures  (250  C) 
[3,4]. 

We  have  followed  up  on  this  low  substrate  temperature  work  and 
recently  reported  chemical  composition,  electron  diffraction,  opt¬ 
ical  absorption,  infrared  absorption  and  electron  spin  resonance 
results  [5-7].  From  the  electron  diffraction  results,  the  thin 
films  grown  at  a  substrate  temperature  of  250  C  were  a  5%  mixture 
of  cubic  boron  nitride  nanocrystals  (2.5  nm  average  size)  inter¬ 
spersed  in  an  amorphous  medi\im  [5].  From  the  chemical  composition 
results,  our  films  contain  approximately  49  at.  %  boron,  28  at.  % 
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nitrogen  and  23  at.  %  hydrogen.  From  the  optical  absorption  res¬ 
ults,  the  optical  bandgap  increases  from  4.0  to  5.6  eV  as  the  sub¬ 
strate  temperature  increases  from  60  C  to  250  C.  From  the  infrared 
absorption  results,  the  dominant  absorption  feature  around  1400 
cm“i  consists  of  three  separate  lines,  two  associated  with  small 
bandgap  amorphous  hydrogenated  boron  nitride  and  one  with  large 
bandgap  amorphous  hydrogenated  boron  [6].  The  ESR  results  consist 
of  a  broad  spectrum,  associated  with  dangling  bonds  in  the  amor¬ 
phous  regions,  superimposed  on  two  less  intense  spectra  showing 
hyperfine  structures.  The  latter  are  associated  with  defects  in 
the  cubic  boron  nitride  nanocrystals  [7].  In  this  paper,  we  extend 
our  measurements  to  samples  grown  at  various  substrate  tempera¬ 
tures  to  learn  how  the  structure  of  our  films  changes  with  sub¬ 
strate  temperature. 

EXPERIMENT 

The  boron  nitride  thin  films  were  grown  in  a  capacitively  cou¬ 
pled  rf  plasma  reactor  with  a  feedstock  of  diborane  (B^Hg) ,  ammonia 
(NHj)  and  hydrogen  (H2).  The  growth  parameters  are:  diborane  par¬ 
tial  pressure  of  4.0  mT;  ammonia  partial  pressure  of  40  mT; 
hydrogen  partial  pressure  of  356  mT;  rf  power  of  23  W;  self-bias 
voltage  of  43  0  V;  and  the  films  were  grown  on  silicon  or  aliiminum 
foil  substrates  mounted  on  an  anode  heated  between  60  C  and  300  C. 
The  films  grown  on  silicon  substrates  were  inserted  into  a  Perkin 
Elmer  Model  1610  FTIR  spectrophotometer  for  infrared  absorption 
measurements.  The  films  grown  on  aluminum  substrates  were 
immersed  in  dilute  hydrochloric  acid  until  the  aluminum  was  dis¬ 
solved.  The  remaining  film  was  washed,  dried  and  placed  in  a  5mm  OD 
sample  tube  which  was  inserted  into  the  dual  mode  microwave  cavity 
of  a  Varian  E-12  ESR  spectrometer.  The  signal  averaging,  spectral 
substractions  and  integrations  were  accomplished  with  software 
obtained  from  Scientific  Software,  Bloomington,  Illinois.  Both  the 
first  and  second  derivative  spectra  of  the  ESR  absorptions  were 
always  recorded.  For  the  best  resolution  together  with  reasonable 
sensitivity,  it  was  preferable  to  use  first  derivative  spectra  for 
the  four-line  and  broad  central  line  features,  and  the  second  deri¬ 
vative  spectra  for  the  ten-line  features. 

RESULTS 

The  infrared  absorption  spectrum  of  boron  nitride  thin  films 
grown  at  a  substrate  temperature  of  150  C  is  shown  in  Figure  1  as 
the  open  circles.  This  spectrum  is  fitted  to  a  sum  of  three  Lorent- 
zian  lines  with  peaks  at  1263,  1371,  and  1505  cm“i  (solid  line  in 
Figure  1).  This  fitting  procedure  was  performed  on  four  other  in¬ 
frared  spectra  of  samples  grown  at  various  substrate  temperatures 
ranging  from  60  C  to  300  C.  As  a  function  of  increasing  substrate 
temperature,  the  integrated  intensity  of  the  1371  cm“i  line  incre¬ 
ases  until  it  totally  dominates  at  substrate  temperatures  at  or 
above  250  C,  whereas  the  integrated  intensity  of  the  1263  and  1505 
cm“i  lines  decrease  until  at  or  above  250  C,  they  have  a  negligible 
contribution  [6].  The  transverse  optical  mode  of  cubic  boron  nit¬ 
ride  is  a  very  sharp  line  at  1070  cm“i,  but  it  is  unobserved  in  any 
of  our  spectra. 
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Figure  1.  The  infrared  absorption  spectrum  of  our  boron  nitride 
thin  film  grown  at  a  substrate  temperature  of  150  C.  The  open  cir¬ 
cles  are  the  measured  data  and  the  solid  line,  the  fit  of  the  data 
to  a  sum  of  three  Lorentzian  lines  centered  at  1263  cm”!,  1371  cm  “i, 
and  1505  cm“i. 


The  first  and  second  derivative  ESR  spectra  of  our  boron  nitride 
thin  films  grown  at  120  C  and  250  C  substrate  temperatures  are 
shown  in  Figures  2  and  3.  Three  spectra  were  observed  from  our 
boron  nitride  samples;  a  sharp  four-line  spectrum,  a  sharp  ten-line 
spectrum  and  a  broad  single-line  spectrum,  all  centered  at  g  = 
2.0028.  The  broad  single-line  feature  in  Figures  2  and  3  has  a 
peak-to-peak  width  of  1.2  mT  and  a  spin  count  of  1.6  ±  0.2  x  lO^® 
spins/gram.  Both  Figures  2  and  3  exhibit  weak  four-line  and  ten- 
line  features;  however,  these  are  much  more  pronounced  in  the  spec¬ 
trum  of  the  sample  grown  at  250  C. 

DISCUSSION 

We  have  attempted  to  identify  the  three  infrared  absorption 
lines  in  our  spectra.  It  is  useful  to  compare  our  thin  films  to 
amorphous  hydrogenated  boron  thin  films,  where  the  infrared  spec¬ 
tra  consist  of  a  single  line  at  1362  cm”^  and  the  optical  bandgaps 
range  from  5.1  to  5.6  eV  as  the  substrate  temperature  varies  from 
60  to  250  C  [6].  Our  boron  nitride  thin  films  grown  at  250  C  also 
have  an  optical  bandgap  of  5.6  eV,  are  boron-rich  from  the  chemical 
composition  analysis,  and  only  have  the  1371  cm”i  line  present  in 
the  infrared  absorption  spectra.  Hence,  we  associate  the  1371  cm  ^ 
line  with  a  large  bandgap,  boron-rich  amorphous  hydrogenated  boron 
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Figure  3.  The  second  derivative  ESR  spectra  of  our  boron  nitride 
films  grown  at  substrate  temperatures  of  (a)  250  C  and  (b)  120  C. 


nitride  (a-B:N:H)  phase.  In  contrast,  the  low  substrate  temperature 
material  has  a  smaller  optical  bandgap  of  4.1  eV  and  significant 
amplitudes  of  the  1271  and  1505  cm”i  lines  in  the  infrared  spectra. 
We  therefore  associate  the  1271  and  1505  cm”i  lines  with  small 
bandgap,  boron-poor  a-B:N:H.  Finally,  previous  workers  in  boron- 
rich  materials  provide  convincing  evidence  that  infrared  absorption 
lines  around  1400  cm”i  are  due  to  modes  from  boron  containing  clus¬ 
ters — most  likely,  icosahedral  structures  [8]. 

]n  contrast,  previous  workers  in  CVD  boron  nitride  have  con¬ 
cluded  that  the  infrared  lines  around  1400  cm“i  are  due  to  the  pres¬ 
ence  of  hexagonal  boron  nitride  [2-4].  This  identification  is  sug¬ 
gested  by  the  fact  that  single  crystal  hexagonal  boron  nitride  has 


a  transverse  optic  infrared  active  mode  at  1367  cm~i  and  a  Raman 
active  mode  at  1370  cm"i  [9].  The  truth  may  lie  somewhere  between 
these  two  interpretations,  given  that  the  composition  of  the  mater¬ 
ial  —  49  at.  %  boron,  28  at.  %  nitrogen,  and  23  at.  %  hydrogen  —  is 
almost  half-way  between  boron  nitride  and  amorphous  hydrogenated 
boron.  However,  because  boron  icosahedra  are  so  tightly  bound, 
they  have  very  large  oscillator  strengths  so  that  they  dominate  the 
infrared  absorption  spectra  [10].  The  1070  cm"!  line  of  cubic  boron 
nitride  is  also  undetected,  presumably  because  of  the  low  nanocrys¬ 
tallite  concentration  and  the  much  smaller  oscillator  strength  of 
this  mode  in  comparison  to  that  of  the  boron  clusters. 

Hyper fine  structures  are  easily  seen  in  the  first  and  second 
derivative  ESR  spectra,  because  their  linewidths  (0.7  mT)  are 
smaller  than  that  of  the  central  line  (1.2  mT) .  Since  the  split¬ 
tings  observed  in  the  four-line  and  ten-line  features  were  attri¬ 
buted  to  hyperfine  interactions  with  nuclei,  these  hyperfine 
structures  were  assigned  to  a  one-boron  paramagnetic  defect  center 
and  a  three-boron  paramagnetic  defect  center,  respectively  [7]. 
Both  centers  are  located  in  the  cubic  boron  nitride  nanocrystalline 
phase.  The  central  single-line  spectrum  was  associated  with  dan¬ 
gling  bonds  present  in  the  amorphous  phase  [7].  The  linewidth  of 
this  central  line  in  a-B:N:H  is  larger  than  the  linewidths  of  the 
hyperfine  components  because  of  the  random  site-to-site  variations 
in  bond  angles  and  bond  lengths  due  to  the  heterogeneous  environ¬ 
ments  present  in  an  amorphous  matrix. 

The  preparation  of  partially  deuterated  samples  by  using  deu¬ 
terium  gas  instead  of  hydrogen  gas  in  the  feedstock  resulted  in  a 
marked  narrowing  of  the  central  spectrum  and  no  efffect  on  the 
linewidths  of  the  four-line  and  ten-line  spectra  [7].  This  result 
indicates  that  the  hydrogen  resides  only  in  the  amorphous  regions 
and  not  in  the  nanocrystalline  regions.  Furthermore,  it  is  evidence 
that  the  central  spectrum  can  be  associated  with  dangling  bonds 
located  in  the  amorphous  regions. 

The  relative  intensities  of  the  three  features  depend  upon  the 
exact  conditions  present  at  the  substrate  during  film  growth.  For 
example,  as  is  shown  in  Figure  3,  the  intensity  of  the  ten-line  fea¬ 
ture  increases  when  the  substrate  temperature  is  increased  from 
120  C  to  250  C.  On  the  other  hand,  the  linewidth,  lineshape  and 
value  of  the  double  integral  of  the  central  line  (i.e.  the  spin 
concentration  in  the  amorphous  phase)  is  within  experimental  error, 
independent  of  substrate  temperature.  These  results  suggest  that 
increasing  the  substrate  temperatures  from  120  to  250  C  increases 
the  concentration  of  cubic  boron  nitride  nanocrystals.  This  conc¬ 
lusion  is  consistent  with  previous  reports  that  mainly  polycrystal¬ 
line  boron  nitride  material  forms  at  high  substrate  temperatures 
(900  C)  whereas  amorphous  boron  nitride  material  is  formed  at  lower 
temperatures  (250  C)  [2-4].  Furthermore,  the  lack  of  any  depen¬ 
dence  of  the  spin  concentration  on  the  substrate  temperature  sug¬ 
gests  that  the  dangling  bonds  are  located  primarily  in  the  boron- 
rich  a-B:N:H  phase. 

CONCLUSIONS 

The  structure  of  our  nanocrystalline  cubic  boron  nitride/amor¬ 
phous  hydrogenated  boron  nitride  mixed  phase  thin  films  is  compli- 
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Gated.  However,  the  infrared  absorption  and  ESR  spectra  are  useful 
tools  to  deconvolute  that  structure  and  monitor  its  components  as  a 
function  of  substrate  temperature.  In  particular,  infrared  absorp¬ 
tion  spectra  indicate  that  there  are  two  amorphous  phases,  a  boron- 
rich  phase  associated  with  the  1371  cm"i  line  and  a  boron-poor  phase 
associated  with  the  1263  cm“i  and  1505  cm”i  lines.  As  a  function  of 
increasing  substrate  temperature,  the  boron-poor  phase  decreases 
and  the  boron-rich  phase  increases  until  it  totally  dominates  at 
substrate  temperatures  at  or  above  250  C.  The  ESR  spectra  are  sen¬ 
sitive  to  the  concentration  of  cubic  boron  nitride  nanocrystals. 
The  nanocrystal  concentration  increases  as  a  function  of  increasing 
substrate  temperature. 
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ABSTRACT 

Magneto-studies  have  been  carried  out  for  several  MOCVD  grown  GaN  thin  films  and 
GaN/AlGaN  heterostructures  at  magnetic  fields  up  to  30  T  and  at  temperatures  between  4.2  K 
to  100  K.  Electron  cyclotron  resonance  was  observed  in  two  heterostructures  with  high  mobilities 
(p  >  2000  cmW-s),  the  effective  mass  obtained  from  the  cyclotron  resonance  measurement  is 
0.23±0.01  mo,  where  mo  is  the  mass  of  free  electron.  For  Si-doped  thin  film  GaN  there  was  no 
sign  of  electron  cyclotron  resonance  even  when  samples  were  heated  up  to  100  K.  However,  a 
Is  to  2p+  absorption  line  was  observed  for  Si-doped  GaN  samples.  A  binding  energy  of  29  meV 
and  low  frequency  dielectric  constant  of  10.4  is  obtained. 

INTRODUCTION 

GaN  belongs  to  group-III  nitride  semiconductor  where  the  large  energy  gap  is  expected  to 
play  a  significant  technological  role  such  as  the  blue  light  emitting  diode,  and  in  electric  power 
generation  [1].  Until  recently,  sample  quality  has  prevented  direct  measurement  of  the  effective 
mass  via  cyclotron  resonance  since  this  technique  requires  C()T>1  where  t  is  the  scattering  time. 
We  present  here  cyclotron  resonance  (CR)  measurements  on  free  electrons  on  the  2  dimensional 
electron  gas  (2DEG)  on  GaN/Al^Uaj.^N  heterojunction,  and  on  impurity  transition  on  Si-doped 
GaN  films  using  high  magnetic  fields. 

Recently,  Meyer  [2]  et.  al.  and  Alt  [3]  et.  al.  have  reported  effective  mass  of  m*  = 
0.236±0.005  m^,  where  m^  is  the  free  electron  mass  using  transmission  experiment  on  unknown 
residual  donors  on  GaN.  Our  measurements  employ  Fourier  transform  spectroscopy  and  high 
magnetic  field  to  probe  the  cyclotron  resonance  absorption  in  GaN/Al^jGaj.^^N  heterostructures, 
and  the  Is  to  2p+  absorption  of  Si  donor  in  GaN  films. 

EXPERIMENT  AND  RESULTS 

The  magneto-optical  experiments  were  performed  at  the  National  High  Magnetic  Field 
Laboratory  in  Tallahassee,  Florida.  A  Bruker  1 13v  interferometer  with  focusing  parabolic  mirrors 
was  used  to  direct  the  infrared  radiation  down  a  light  pipe  to  the  sample  [4].  Static  magnetic 
fields  up  to  30  T  were  obtained  and  the  temperature  range  is  from  2  K  to  100  K.  After  passing 
through  the  sample  the  infrared  radiation  is  picked  up  using  a  composite  Si  bolometer.  Both  the 
Si-doped  GaN  films  and  the  GaN/AlGaN  heterostructures  were  grown  by  metalorganic  vapor 
phase  epitaxy  on  a  0.5  mm  thick  sapphire  substrate  with  a  AIN  buffer  layer  that  is  about  350  A 
thick.  The  Si  donor  films  are  about  2  pm  thick.  In  the  case  of  the  heterostructure  samples,  the 
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Figure  1.  Field  dependence  of  the  cyclotron  resonance.  Inset  shows 
representative  resonance  absorption  for  sample  1. 


GaN  is  3  pm  thick  that  is  capped  off  with  a  500  A  thick  AlGaN  layer. 

Figure  1  shows  the  cyclotron  resonance  position  versus  field  for  spectra  at  4.2  K  for  2 
heterostructure  GaN/Al^Gai.^N  samples.  The  sample  labelled  as  sample  1  has  x  =  0.12  while  that 
of  sample  2  has  x  =  0.23.  The  inset  in  Fig.  1  illustrates  some  typical  cyclotron  resonance 
absorption  for  the  sample  1.  While  the  absorption  can  be  clearly  observed  for  fields  as  low  as 
4  T  for  sample  1,  in  sample  2  the  absorption  is  only  visible  above  20  T.  The  points  on  Fig.  1 
were  obtained  by  applying  the  Marquardt-Levenberg  algorithm  with  a  Lorentian  model  to  the 
absorption  spectra  to  give  the  resonance  frequency  and  the  absorption  half-width.  From  the  fit, 
sample  1  gives  an  absorption  half-width  of  7  cm"’  from  which  the  mobility  and  scattering  time 
is  estimated  to  be  6000  cmW-s  and  2  x  10’’^  s  respectively.  The  corresponding  values  for  the 
second  sample  are  about  3  times  smaller. 

A  linear  regression  fit  applied  to  both  set  of  measurements  yields  a  common  slope  within 
experimental  errors  from  which  the  electron  effective  mass  for  the  2DEG  is  m*  =  0.23±0.01  m^. 
This  value  agrees  with  the  3DEG  value  of  0.22  m„  on  GaN  films,  where  the  measured  mass  is 
associated  with  the  polaron  mass[3].  The  slope  also  indicates  that  there  is  no  evidence  of  non- 
parabolicity  in  the  band. 

Further  investigations  have  been  carried  out  to  prove  that  the  observed  resonance  are  indeed 
the  CR  of  2DEG.  Figure  2a  shows  the  temperature  dependence  of  sample  1  at  27  T.  It  is  clear 
that  no  appreciable  change  in  absorption  can  be  seen  even  for  temperatures  as  high  as  70  K.  The 
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Figure  2.  (a)  Insensitivity  of  absorption  line  to  increased  temperature,  (b) 
Shift  in  absorption  line  v/hen  the  sample  is  tilted  30°. 


same  result  is  seen  in  the  second  sample.  That  the  absorption  is  from  the  2DEG  can  be  seen  by 
orienting  the  normal  of  the  sample  at  an  angle,  0,  to  the  magnetic  field.  In  Fig.  2b  we  show  that 
the  absorption  minimum  is  shifted  down  precisely  by  a  factor  of  cos  0  when  0  =  30°  as  one 
would  expect. 

The  intercept  for  sample  1  is  at  the  origin  as  expected.  However,  for  sample  2  the  intercept 
is  shifted  up  by  18  cm  *.  One  possible  reason  for  the  upward  shift  may  be  due  to  structural 
defects  as  a  result  of  increased  A1  concentration.  These  defects  would  explain  the  shorter 
scattering  time  for  sample  2.  The  decreased  mobilities  and  scattering  times  with  increasing  AI 
is  in  line  with  transport  measurements  at  16  K  for  similar  heterostructures  [5].  Structural  defects 
at  the  heterojunction  can  be  modelled  using  a  set  harmonic  oscillator  potentials  with  different 
characteristic  frequencies,  to,,.  The  potentials  confine  the  electrons  and  result  in  an  upward  shift 
in  the  cyclotron  frequencies  as  given  by  [6] 

CO  =  >/2[o),  +  (co,^  +  4©/)*^].  (1) 

Fig.  1  suggests  a  level  crossing  at  about  70  cm  ’  corresponding  to  a  magnetic  field  of  17  T. 
A  possible  candidate  for  level  crossing  may  be  due  to  the  reduced  screening  when  one  of  the 
Landau  levels  is  completely  filled.  However,  calculations  of  the  filling  factor,  v,  yields  v  =  5  at 
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Figure  3.  Absorption  in  Si-doped  GaN  film  with  Si  concentration  of 
1.7x10’’  cm’’.  Arrows  indicate  absorption  minimum. 


at  17  T  for  a  2DEG  density  of  10’’  cm‘^,  the  level  crossing  was  not  observed  at  fields 
corresponding  to  neighboring  integer  values  of  v.  Also,  it  is  unlikely  to  be  due  to  electron-phonon 
coupling  since  there  is  no  phonon  band  at  this  frequency  range  for  GaN.  The  third  possibility  of 
the  level  crossing  may  involve  coupling  to  sub-band  transition.  But,  the  10  %  observed  absorption 
strength  of  the  resonance  line  (inset  Fig.  1)  corresponds  to  a  2DEG  density  of  10’’  cm  ’.  An 
estimation  based  upon  triangular  potential  approximation  requires  the  2DEG  electron 
concentration  =  4x10’°  cm  ’  for  the  lowest  sub-band  excitation  occurring  at  70  cm’’  [7].  Thus, 
it  is  unclear  at  this  point  as  to  the  origin  of  the  level  crossing. 

We  next  look  at  the  donor  excitation  of  Si-doped  GaN.  The  spectra  shown  in  Figure  3  is  for 
a  sample  with  Si  concentration  of  about  1.6x10”  cm'^  and  a  mobility  of  about  559  cm’A^-s  at  300 
K.  The  absorption  minimum  (indicated  by  arrows)  increases  linearly  with  increasing  field  and  can 
be  clearly  identified  for  fields  greater  than  12  T.  A  second  sample  of  higher  Si  concentration  of 
5.7xl0”  cm’^  and  lower  mobility  of  339  cm’A^  s  also  shows  absorption  minimum  that  increases 
with  magnetic  field.  However,  the  half-width  is  much  broader  compared  to  the  45  cm  '  seen  in 
the  first  sample,  indicating  higher  scattering  rate.  This  line  width  is  much  larger  than  the  2  cm*' 
line  width  of  undoped  sample  reported  in  Ref  2.  On  samples  with  semi-insulating  characteristics 
no  absorption  could  be  seen. 

A  plot  of  the  absorption  minimum  with  field  yields  a  straight  line  (Figure  4)  with  the  same 
slope  as  the  case  for  the  heterostructure  GaN/AlGaN.  The  zero  field  intercept  is  at  175  cm-1 
(21.7  mev).  Since  Si  is  a  donor  in  GaN,  it  is  reasonable  to  use  a  hydrogenic  model,  in  which  the 
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Figure  4.  Si  donor  in  GaN  film  transition  minimum  versus  field.  Solid  line 
is  the  cyclotron  resonance  as  obtained  from  Fig.  1. 


energy  levels  are  given  by 

E  =  13.6  m*/(8„n)^  eV  (2) 

where  is  the  static  dielectric  constant  and  n  are  integers.  Assuming  the  donor  is  hydrogenic, 
then  the  Is  to  2p+  transition  energy  is  3/4  of  the  donor  binding  energy,  which  is  thus  determined 
to  be  29  meV. 

Another  quantity  not  well  known  is  the  low  frequency  dielectric  constant,  e^.  Previous 
calculations  use  8^  =  9.0  to  give  a  binding  energy  of  38.6  meV  [8,9].  A  much  earlier  optical 
measurement  in  1970  suggests  that  8^=  12.0  for  which  the  binding  energy  is  22  meV  [10]. 
From  our  measurements  the  low  frequency  dielectric  constant  was  calculated  to  be  10.4  using 
Eq.  2.  It  seems  that  the  present  result  of  8^  is  an  appropriate  estimation  since  the  Zeeman 
splitting  is  well  described  by  the  hydrogenic  model. 

In  summary,  the  effective  mass  of  2DEG  in  GaN/Al,^Ga,.^N  heterojunctions  is  m*  =  0.23±0.01 
m^,  with  scattering  times  that  is  increases  with  A1  concentration.  There  is  as  yet  unexplained  level 
crossing  at  70  cm  ’.  On  Si-doped  GaN,  the  binding  energy  for  the  Si  donor  is  29  meV  and  low 
frequency  dielectric  constant  is  10.4. 
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ABSTRACT 

Deep  levels  in  insulating  GaN  grown  by  metalorganic  chemical  vapor  deposition  have 
been  studied  using  thermally  stimulated  current  (TSC)  and  photocurrent  (PC)  spectroscopies. 
Five  main  traps  were  observed  by  TSC  measurement  in  the  as-grown  undoped  GaN  in  the 
range  of  0-0.75  eV  below  the  conduction  band  edge  or  above  the  valence  band  edge.  Their 
activation  energies  were  0.11,  0.24,  0.36,  0.53  and  0.62  eV,  respectively.  PC  measurements 
showed  three  deep  levels  located  within  the  bandgap  at  1.32,  1.70  and  2.36  eV,  respectively. 
Furnace  annealing  was  carried  out  on  GaN  for  identifying  all  the  observed  deep  levels.  We  have 
found  that  the  0.24,  0.36  and  0.53  eV  traps  were  eliminated  by  annealing  at  1000°C  under  N2 
for  six  hours,  whereas  the  0.62  eV  trap  density  increased  after  annealing.  The  three  deep  levels 
detected  by  the  PC  measurement  were  not  affected  by  annealing.  The  1.70  eV  trap,  which  is 
located  at  the  midgap,  does  not  seem  to  compensate  with  narrow  donors.  We  attribute  the  0.1 1 
eV  trap  to  surface  states,  and  the  0.62  eV  trap  to  nitrogen  vacancies. 

INTRODUCTION 

Gallium  nitride  has  been  considered  to  be  one  of  the  most  promising  materials  for  the 
development  of  high  responsivity  and  solar  blind  ultraviolet  (UV)  detectors  due  to  its  wide 
bandgap  (3.4  eV).  This  allows  instruments  utilizing  GaN  UV  detector  arrays  to  operate  in  an 
environment  with  significant  visible  radiation  without  expensive  visible  blocking  filters  and 
extensive  stray  light  baffling.  One  of  the  central  problems  in  GaN  UV  detectors  is  the  slow 
response  to  the  UV  radiation.  Khan  et  al^  reported  that  the  response  time  for  their  metal- 
semiconductor-metal  (M-S-M)  GaN  detectors  was  about  1ms.  We  have  found  that  the  M-S-M 
detectors  made  from  insulating  GaN  epilayers  grown  by  different  groups  (Cree  Research  Inc., 
Applied  Physics  Lab.  of  John  Hopkins  University,  and  Naval  Research  Lab.  etc,)  have  a 
response  time  ranging  from  0.25  to  10ms.  It  is  suggested  that  the  high  density  of  defects  in 
GaN  was  the  cause  for  the  slow  response.  These  defects  are  mainly  stacking  faults  and 
dislocations  in  the  materials  grown  by  metalorganic  chemical  vapor  deposition  (MOCVD). 
Lester  et  al.^  and  Qian  et  al.^  reported  that  the  dislocation  density  in  GaN  was  as  high  as  10^- 
10^”  cm'^.  According  to  Kurtin  et  ah'*,  GaN  is  an  ionic  material,  in  which  the  electronic 
properties  are  fundamentally  different  from  those  of  more  covalent  materials  such  as  Si,  GaAs, 
or  InP.  In  view  of  the  electrical  properties  of  the  defects  in  undoped  insulating  GaN,  almost  no 
results  have  been  reported  to  date.  Its  insulating  nature  and  its  low  carrier  mobilities  make  it 
difficult  to  carry  out  conventional  electrical  measurements^’^.  In  this  paper,  we  studied  the  deep 
levels  in  undoped  GaN  by  thermally  stimulated  current  (TSC)  and  photocurrent  (PC) 
spectroscopies.  Micron  size  M-S-M  structures  were  fabricated  on  GaN  wafers  for  a  better 
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current  collection.  We  observed  at  least  five  deep  traps  in  GaN  by  TSC  measurements,  and 
three  deep  levels  by  PC  measurement.  Furnace  annealing  was  employed  to  investigate  the  origin 
of  these  levels. 


EXPERIMENT 

The  GaN  samples  studied  in  this  paper  were  provided  by  the  Applied  Physics  Lab.  of 
John  Hopkins  University.  An  1.5-|im-thick  GaN  layer  was  grown  on  (0001)  sapphire  by 
MOCVD  at  llOO^C.  Because  of  the  insulating  nature  of  the  GaN  (  resistivity  >10*  Q.cm),  we 
have  found  that  the  TSC  current  was  below  10'’^  A  at  300K  under  an  applied  bias  of  20V  if 
two  contacts  were  made  2  mm  apart.  Therefore  it  is  very  difficult  to  determine  TSC  peaks 
based  on  such  a  small  current.  Hence  the  two  electrodes  made  for  TSC  and  PC  measurements 
should  be  close  enough  so  that  they  can  collect  current  efficiently.  For  this  purpose,  we  have 
made  M-S-M  photoconductors  with  Ipm  finger  size  and  spacing,  as  shown  in  Fig.l,  by  a 
conventional  lift-off  technique.  The  ohmic  contacts  were  made  by  evaporating  3 00 A  A1 
followed  by  1200A  Au,  and  annealing  at  450°C  for  5  mins.  After  fabrication,  the  patterned 
wafer  was  sliced  into  5x5  mm^  pieces,  and  packaged  for  measurements.  The  TSC  measurement 
was  carried  out  using  a  Keithley  617  Electrometer  and  a  9620-1  Temperature  Controller 
interfaced  with  a  computer.  The  temperature  scan  was  from  40  to  360K  with  a  constant  heating 
rate  of  0.35K/s.  Illumination  was  performed  at  30K  for  2  mins  by  broad-band  light  from  a 
Xenon  lamp.  For  PC  measurements,  a  monochromator  with  a  1200/mm  line  density  grating  was 
used  for  different  wavelength  light  beams  ranging  from  200  to  1  lOOnm.  Furnace  annealing  was 
done  at  1000°C  for  six  hours  under  N2  environment  without  proximity  capping.  Prior  to  the 
contact  fabrication,  the  annealed  wafer  was  dipped  into  40%  NaOH  solution  for  5  mins,  to 
remove  any  possible  surface  damage. 


Fig.l.  M-S-M  structure  on  GaN  with  Ipm  width  and  spacing. 

RESULTS  AND  DISCUSSIONS 

Figure  2  shows  the  TSC  spectra  for  as-grown  insulating  GaN.  The  data  were  taken 
under  an  applied  bias  of  20V.  The  dark  current  shown  in  Fig. 2  was  taken  under  the  same 
condition  but  without  illumination  at  low  temperature.  Five  traps,  Tl,  T2,  T3,  T4  and  T5,  were 
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Fig. 2.  The  TSC  spectra  for  insulating  GaN  with  and  without  illumination  at  low  temperature. 

observed  in  a  temperature  range  of  40-360K  with  activation  energies  of  0.11,  0.24,  0.36,  0.53 
and  0.62  eV,  respectively,  as  obtained  from  an  approximation^:  Ea  =  kTmln(TmVp),  where  k  is 
the  Boltzman  constant,  is  the  peak  temperature  and  P  is  heating  rate(0.35K/s).  The  high 
temperature  range  was  limited  by  our  measurement  system.  We  have  noticed  that  the  0. 1 1  eV 
trap  T 1  has  higher  density  during  the  first  temperature  scan,  but  it  disappeared  after  the  second 
run,  and  never  appeared  in  the  following  consecutive  runs.  This  phenomenon  was  observed  only 
in  some  GaN  samples,  not  all  of  them.  It  may  be  related  to  surface  states  or  adsorbates,  caused 
by  moisture  or  oxidation.  The  0.62  eV  trap  T5  has  the  highest  density  among  all  the  observed 
traps.  The  dark  current  measurement  showed  that  this  trap  dominates  the  conduction  band 
conduction  in  the  high  temperature  range  (>300K).  We  have  found  that  T5  is  the  only  trap  left 
in  GaN  after  furnace  annealing,  whereas  other  traps,  T2,  T3  and  T4  disappeared  (Fig. 3).  In 
Fig. 3,  the  dark  current  has  increased,  meaning  that  the  GaN  layer  becomes  more  conductive 
after  annealing.  The  net  peak  height  of  trap  T5  increased  about  four  times  as  much  as  that  in  as- 
grown  materials,  indicating  an  increased  trap  density  after  annealing.  Here  the  net  peak  height  is 
the  difference  between  the  measured  TSC  peak  and  the  dark  current.  We  suggest  that  the  trap 
T5  is  related  to  nitrogen  vacancies  (Vn),  because  the  out-diffusion  of  nitrogen  tends  to  happen 
during  thermal  annealing,  which  creates  more  nitrogen  vacancies  in  the  material.  Our  0.53  eV 
trap  T4  is  very  close  to  the  0.49  eV  trap  observed  by  Gotz  et  al.^  and  Huang  et  al.*  in  their  Si- 
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doped  and  undoped  GaN,  respectively.  This  trap  becomes  dominant  in  Si-doped  and  Si-ion 
implanted^  GaN  layers,  and  is  probably  related  to  Siw  substitutionals.  We  are  not  clear,  at  this 
moment,  about  the  origins  of  traps  T2  and  T3.  However,  they  seem  to  be  less  important  than 
the  trap  T5,  which  we  found  is  responsible  for  the  slow  response  in  GaN  UV  detectors^. 
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Fig. 3.  The  TSC  spectra  for  GaN  after  annealing. 
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Fig. 4.  Photocurrent  spectrum  for  GaN  photoconductor  at  room  temperature. 
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Due  to  our  system  limit,  the  TSC  measurement  can  only  detect  deep  levels  in  the  range 
of  0-0.75  eV  below  the  conduction  band  edge  or  above  the  valence  band  edge.  In  order  to 
measure  deeper  levels,  we  have  carried  out  the  photocurrent  measurement,  which  was 
performed  at  the  room  temperature  under  an  applied  bias  of  20V.  Figure  4  shows  the  PC 
spectrum  for  insulating  GaN  taken  from  M-S-M  photoconductors.  In  Fig.4,  the  photocurrent 
was  normalized  by  a  calibrated  light  source.  Besides  the  bandgap  excitation  at  about  3.41  eV, 
three  other  deep  levels,  Dl,  D2  and  D3,  were  observed  in  this  material.  Their  energy  levels 
converted  from  wavelengths  are  2.36,  1.70  and  1.32  eV,  respectively.  We  did  not  observe  much 
difference  in  the  curve  shape  and  the  relative  peak  height  of  these  three  levels  before  and  after 
annealing.  However,  it  is  interesting  to  examine  the  deep  level  at  1.70  eV.  This  level,  similar  to 
EL2  in  semi-insulating  GaAs,  is  located  at  the  midgap,  and  has  the  highest  concentration 
compared  to  the  other  two  levels.  In  undoped  liquid-encapsulated  Czochralski-grown  GaAs, 
the  semi-insulating  property  is  due  to  the  compensation  of  shallow  acceptor  carbon  by  midgap 
donor  EL2‘^.  This  property  can  be  changed  by  the  so-called  "EL2  out-diffusion" after 
annealing,  because  many  lattice  vacancies  are  created  near  the  surface  due  to  the  loss  of  lattice 
atoms,  and  hence  the  surface  acceptor  concentration  increases.  This  brings  us  to  question 
whether  D2  in  GaN  plays  a  similar  role  as  EL2  does  in  GaAs.  It  is  commonly  reported  that 
some  of  the  MOCVD-grown  undoped  GaN  exhibited  high  n-type  carrier  concentrations  (lO’^- 
10^^  cm'^),  which  are  generally  attributed  to  nitrogen  vacancies’^’^^.  As  mentioned  above,  if 
annealing  indeed  increases  the  concentration  of  nitrogen  vacancies,  the  insulating  property  of 
GaN  should  have  changed  after  annealing,  which  is  consistent  with  our  results  based  on  the  fact 
that  our  GaN  becomes  more  conductive  after  annealing.  However,  there  is  no  evidence  to  show 
that  an  increase  of  Vn  causes  a  decrease  of  trap  D2,  i.e.,  the  D2  out-diffusion.  This  suggests 
that  the  1.70  eV  level  is  not  compensated  with  Vn.  The  nature  of  such  a  level  may  be  different 
from  EL2  in  GaAs.  A  study  to  clarify  this  issue  is  now  underway. 

CONCLUSIONS 

In  conclusion,  we  have  studied  deep  levels  in  insulating  GaN  grown  by  MOCVD  using 
thermally  stimulated  current  and  photocurrent  spectroscopies.  Five  main  traps,  with  activation 
energies  of  0.11,  0.24,  0.36,  0.53  and  0.62  eV,  were  observed  by  TSC  measurements  in  the  as- 
grown  undoped  GaN.  PC  measurements  showed  three  deep  levels  located  within  the  bandgap 
at  1.32,  1.70  and  2.36  eV,  respectively.  We  have  found  that  the  0.24,  0.36  and  0.53  eV  traps 
can  be  eliminated  by  annealing  at  1000°C  for  six  hours,  whereas  the  0.62  eV  trap  density 
increased  after  annealing.  The  presence  of  three  deep  levels  observed  by  PC  measurements  was 
not  affected  by  annealing.  We  attribute  the  0.1 1  eV  trap  to  surface  adsorbates,  and  the  0.62  eV 
trap  to  nitrogen  vacancies. 

ACKNOWLEDGMENTS 

This  work  was  supported  by  NASA  through  contract  number  NAS5-32350.  One  of  the  authors 
(ICC)  acknowledges  the  support  from  Army  Research  Office  (Dr.  J.  Zavada  and  the  AASERT 
program).  The  authors  would  like  to  thank  Dr.  Dennis  Wickenden  for  the  GaN  material 
preparation. 


707 


REFERENCES 

1.  M.A.Khan,  J.N.  Kuznia,  D.T. Olson,  J.M.  Van  Hove,  M.Blasingame  and  L.F.Reitz.  Appl. 
Phys.  Lett,  60,  2917  (1992) 

2.  S.D.  Lester,  F.A.  Ponce,  M.G.  Craford  and  D.A.  Steigerwald,  Appl.  Phys.  Lett.,  66,  1249 
(1995) 

3.  W.  Qian,  M.  Skowronski,  M.  De  Graef,  K.  Doverspike,  L.B.  Rowland  and  D.  K.  Gaskill, 
Appl.  Phys.  Lett.,  66,  1252  (1995) 

4.  S,  Kurtin,  T.C.  McGill,  and  C.A.  Mead,  Phys.  Rev.  Lett.,  22,  1433  (1969) 

5.  K.  Xie,  Z.C.  Huang,  C.R.  Wie,  J,  Electron.  Mater.,  20,  553  (1991) 

6.  Z.C.  Huang,  K.  Xie  and  C.R.  Wie,  Rev,  Sci.  Instrum.,  62,  1951  (1991) 

7.  W.  Gotz,  N.M.  Johnson,  H.Amano  and  I.  Akasaki,  Appl.  Phys.  Lett.,  65,  463  (1994) 

8.  W.I.  Lee,  T.C.  Huang,  J.D.  Guo  and  W.S.  Feng,  Appl.  Phys.  Lett.,  67,  1721  (1995) 

9.  Z.C.  Huang,  J.C.  Chen  and  Brent  D.  Mott,  to  be  submitted. 

10.  G.M.  Martin,  J.P.  Farges,  G.  Jacob,  and  J.  P.  Hallais,  J.  Appl.  Phys.,  51,  2840  (1980) 

11.  L.B.  Ta,  H.M.  Hobgood,  A.  Rohatgi,  and  R.N.  Thomas,  J.  Appl.  Phys.,  53,  5771  (1982) 

12.  S.  Strite  and  H.  Morkoc,  J.  Voc.  Sci.  Technol.  BIO,  1237  (1992) 

13.  H.  Morkoc,  S.  Strite,  G.B.  Gao,  M.E.  Lin,  B.  Sverdla  and  M.  Burns,  J.  Appl.  Phys.,  76, 
1363  (1994) 


708 


EXCITON  LIFETIMES  IN  GAN 


J.P.  BERGMAN*,  C.  HARRIS*,  B.  MONEMAR*,  H.  AMANO**  AND  1.  AKASAKI** 
♦Department  of  Physics  and  Measurement  Technology,  LinkOping  University, 

S  -  58183  LinkOping,  Sweden 

♦♦Department  of  Electrical  and  Electronic  Engineering,  Meijo  University, 

Nagoya  468,  Japan 


ABSTRACT. 

We  have  performed  time  resolved  photoluminescence  measurements  of  the  exciton 
recombination  in  different  GaN  samples  at  low  temperatures.  In  epitaxial  layers  the  decay  time 
of  the  free  exciton  is  typically  faster  than  100  ps.  This  is  due  to  a  dominating  non-radiative 
recombination  process.  In  thick  bulk  samples  we  have  resolved  and  measured  the  decay  time  of 
the  free  exciton  with  a  value  of  about  200  ps.  We  believe  that  this  value  is  close  to  the  radiative 
lifetime  for  free  excitons  in  GaN.  We  have  also  shown  that  excitation  transfer  occurs  between 
free  and  bound  exciton  states.  We  have  furthermore  measured  the  decay  of  the  donor  and 
acceptor  bound  excitons,  and  obtained  values  of  the  decay  time  of  250  ps  and  1200  ps, 
respectively. 


INTRODUCTION 

GaN  and  nitride  based  compounds  have  in  recent  years  attracted  a  great  interest.  This  is  due 
to  the  potential  for  nitrides  as  excellent  materials  for  devices,  mainly  in  optoelectronic 
applications.  The  radiative  lifetimes,  and  the  influence  of  Coulomb  correlation  on  such  lifetimes 
as  well  as  on  gain  spectra  are  very  important  parameters  for  future  laser  applications,  in  a 
conventional  laser  structure.  A  long  radiative  lifetime  will  make  it  more  easy  to  obtain  the  carrier 
concentration  needed  for  a  specific  gain.  On  the  other  hand,  a  long  radiative  lifetime  increases 
the  possibility  for  a  dominating  non-radiative  recombination,  as  compared  to  the  radiative 
recombination. 

Optical  time  resolved  spectroscopy  of  bulk  material  can  provide  important  information  on 
the  radiative  lifetimes.  At  low  •  temperatures  the  photoluminescence  (PL)  spectrum  in  bulk 
semiconductors  is  typically  completely  dominated  by  the  recombination  of  bound  excitons  (BE). 
The  BE's,  both  the  donor  BE  (DBE)  and  the  acceptor  BE  (ABE)  are  thermally  quenched  at 
about  50  K  due  to  the  relatively  low  exciton  binding  energy.  At  higher  temperatures  the 
emission  is  typically  dominated  by  the  recombination  of  free  excitons  (FE). 

So  far  only  scattered  studies  of  time  resolved  measurements  have  been  published  [1-3]. 
These  results  are  also  somewhat  contradictory  mainly  dependent  on  the  large  difference  in 
sample  quality  used  for  the  studies.  In  this  work  we  have  mainly  studied  three  different  samples. 
Sample  A  is  an  epitaxial  double  heterostructure,  with  a  GaN  layer  surrounded  by  AIN  and 
AlGaN  barriers.  This  sample  shows  a  PL  spectrum  typical  for  epitaxial  GaN  layers,  where  the 
emission  at  low  temperatures  is  dominated  by  the  recombination  of  DBE's.  The  second  sample, 
Sample  B,  is  also  an  epitaxial  layer  but  .with  lower  substitutional  defect  concentration,  so  that 
the  emission  is  dominated  by  the  recombination  of  FE's.  The  third  sample,  sample  C,  is  a  thick 
(500  |xm)  bulk  crystal  grown  by  vapour  phase  epitaxy.  This  sample  is  of  higher  optical  quality 
with  narrow  emission  lines. 
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We  have  studied  these  three  samples  with  optical  time  resolved  spectroscopy,  and  the 
exciton  dynamics  is  discussed  based  on  ihe  different  behaviour  in  the  different  samples. 


EXPERIMENTAL  DETAILS 

Samples  A  and  B  were  grown  by  Metal  Organic  Vapour  Phase  Epitaxy  (MOVPE)  on  optical 
grade  polished  sapphire  substrates,  with  an  initial  AIN  buffer  to  accommodate  the  lattice 
mismatch  with  the  substrate.  Sample  A  consisted  of  a  nominally  undoped  GaN  layer  and  a 
likewise  undoped  AlGaN  barrier.  For  the  second  sample  (B)  the  buffer  was  followed  by  a  3  p,m 
thick  intentionally  undoped  GaN  layer  and  a  top  InGaN  layer.  The  third  sample  (C)  is  a  500  p.m 
thick  quasi  bulk  sample  grown  by  hydride  vapour  phase  epitaxy  (VPE)  as  described  previously 
[4]. 

PL  and  time  resolved  PL  measurements  were  performed  in  a  combined  bath  and  flow 
cryostat,  where  the  temperature  could  be  varied  in  the  range  between  2  K  to  room  temperature. 
A  mode  locked  Ar+-laser  synchronously  pumping  a  dye  laser,  using  the  DCM  dye,  was  used  as 
excitation  source.  This  produced  10  pico-second  pul^s  in  the  red  spectral  region,  which  were 
frequency  doubled  with  a  LiI03  crystal  to  obtain  pulsed  excitation  in  the  region  of  the  bandgap 
of  GaN.  For  spectral  measurements  the  emitted  PL  was  detected  with  a  cooled  CCD  camera, 
while  the  time  resolved  measurements  were  performed  with  a  syncroscan  streak  camera  with  a 
time  resolution  of  about  20  ps. 


Photon  Wavelength  (A) 


Figure  1.  PL  spectrum  from  a  GaN  epitaxial 
layer  (sample  A).  The  spectrum  is  at  low 
temperatures  dominated  by  the  recombination 
of  the  DBE.  This  is  thermally  quenched  at 
about  40K,  after  which  the  FE  recombination 
dominates  the  spectrum. 
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Figure  2.  Measured  decay  curves  for  the 
DBE  and  the  ABE  in  epitaxial  GaN. 
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Figure  3.  PL  spectrum  from  a  high  quality 
epitaxial  layer  (sample  B),  where  the  FE 
recombination  dominates  the  emission. 


Time  (ps) 


Figure  4.  Decay  curves  of  the  FE 
recombination  from  sample  B. 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  PL  spectrum  from  sample  A  is  shown  in  Fig.  1.  The  spectrum  is  at  low  temperatures 
dominated  by  the  recombination  of  donor  bound  excitons,  with  a  shoulder  at  the  high  energy 
side  corresponding  to  the  recombination  of  FE’s.  At  increasing  temperature  the  intensity  of  the 
DBE  is  quenched  due  to  the  relatively  small  binding  energy  of  the  DBE.  At  the  same  time,  the 
intensity  of  the  FE  recombination  increases  giving  an  almost  constant  total  PL  emission 
intensity.  This  increase  demonstrates  the  strong  interaction  between  the  FE  and  the  DBE,  where 
an  important  recombination  mechanism  for  the  FE  is  the  capture  to  a  donor  thus  creating  a 
DBE.  The  decay  time  of  the  FE  in  this  sample  is  relatively  fast,  below  100  ps.  The  decay  time 
for  the  DBE  is  longer,  about  260  ps,  as  shown  in  Fig.  2.  Also  shown  in  Fig.  2  is  the  measured 
decay  at  low  temperature  for  the  ABE,  which  is  weakly  observed  in  some  samples. 

The  PL  spectrum  for  the  epitaxial  layer  B  is  shown  in  Fig.  3.  The  emission  is  dominated  by 
the  FE  recombination  at  3.488  meV.  Weak  shoulders  on  the  high  energy  side  of  the  main  peaks 
indicate  the  presence  of  the  two  higher  exciton  states.  The  lowest  two  different  states,  labelled  A 
and  B,  are  due  to  the  corresponding  splitting  of  the  valence  band.  On  the  low  energy  side 
additional  weaker  peaks  corresponding  to  the  recombination  of  the  DBE  and  the  ABE  are 
observed.  The  time  decay  of  the  dominating  FE  recombination  is  shown  in  Fig.  4,  for  different 
excitation  intensities.  At  low  excitation  intensity  the  observed  decay  time  is  relatively  fast,  of  the 
order  60  ps.  This  is  comparable  to  previously  published  decay  times  of  the  FE.  With  increasing 
excitation  intensity  we  observe  an  increase  of  the  observed  decay  time.  This  is  interpretated  as  a 
partial  saturation  of  non-radiative  recombination  channels.  The  observed  decay  time  at  low 
excitation  intensity  should  then  be  dominated  by  this  non-radiative  recombination.  By  increasing 
the  intensity  we  saturate  the  centers  responsible  for  the  non-radiative  recombination  and  the 
observed  decay  time  increases  and  should  eventually  approach  the  true  radiative  recombination 
rate.  The  decay  time  at  highest  available  excitation  intensity  is  about  1 14  ps.  Since  we  can  not 
further  increase  the  excitation  intensity,  we  can  not  determine  whether  this  decay  time  is  the 
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Figure  5.  PL  spectrum  from  the  high  Figure  6.  Decay  curves  at  2K  of  the  DBF 
quality  bulk  GaN  sample  (C).  and  the  FE  emissions  in  GaN 


radiative  lifetime  or  whether  it  is  still  dominated  by  non-radiative  recombination  processes.  The 
decay  time  of  the  FE  shows  only  a  very  veak  temperature  dependence  at  these  low 
temperatures.  It  increases  slightly  up  to  lOK  and  is  at  higher  temperatures  rapidly  decreasing. 
There  are  several  possible  non-radiative  recombination  channels.  One  important  non-radiative 
recombination  processes  for  the  FE  is  the  capture  of  the  exciton  to  defects,  donors  or  acceptors. 
This  process  is  non-radiative  in  the  sense  that  it  reduces  the  FE  population  without  emitting  a 
photon  at  the  corresponding  FE  energy.  However,  the  recombination  of  the  DBE  and  ABE  are 
mainly  radiative  so  this  capture  process  is  not  a  non-radiative  process  for  the  photoexcited 
carriers.  The  emission  intensity  related  to  the  DBE  and  the  ABE  is  however  very  low  in  this 
sample  and  we  believe  that  the  concentration  of  these  substitutional  defects  are  too  low  to  be  the 
dominating  recombination  channel.  The  observed  decay  time  at  low  excitation  intensities  is  also 
comparable  to  the  value  obatined  in  other  samples  which  shows  a  much  higher  emission  from 
the  bound  excitons.  The  most  probable  non-radiative  recombination  is  instead  dislocations  which 
are  known  to  exist  in  high  concentration,  due  the  stress  induced  by  the  lattice  mismatch  in 
heteroepitaxial  samples. 

The  spectra  at  2.0  K,  using  pulsed  excitation,  from  the  bulk  sample  (C)  is  shown  in  Figure  5. 
The  sample  has  sharper  emission  lines,  as  compared  to  the  previous  sample,  with  a  FWHM  less 
than  2.0  meV.  The  different  exciton  emissions  can  clearly  be  resolved  at  3.471  eV  (DBE),  and 
3.479  eV  (FE^),  respectively.  The  origin  of  the  emission  at  3.497  eV  is  yet  unknown.  Several 
emissions  such  as  excited  states  of  the  FEA  and  FE®  or  band  to  band  recombinations  are  possible 
at  this  energy  region.  The  ABE  at  3.455  eV  [1]  is  also  present,  but  relatively  weak,  in  this 
sample.  Under  certain  excitation  conditions,  i.e.  with  the  excitation  energy  below  the  bandgap,  it 
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is  possible  to  resolve  another  BE  at  3.468 
eV  [1]  as  a  weaJc  shoulder  on  the  low 
energy  side  of  the  DBE,  as  can  be  seen  in 
Fig.  5. 

The  decay  curve  of  the  DBE  and  FE^ 
exciton  emissions  are  shown  in  Figure  6. 

The  FE^  exciton  has  a  fast  rise  time  with 
an  almost  exponential  decay  with  a  decay 
time  of  200  ps.  The  spectrally  dominating 
DBE  emission  has  a  longer  decay  time  of 
more  than  230  ps.  The  rise  time  is  however 
also  longer  and  similar  to  the  decay  time  of 
the  FE"^  emission.  It  is  reasonable  to 
assume  that  transfer  processes  occur 
between  the  free  and  bound  state.  This 
means  that  the  population  of  DBE's  is 
formed  by  capture  of  free  excitons.  the 
observed  value  for  the  DBE  decay  time 
obtained  with  above  bandgap  excitation 
could  then  be  determined  by  the  population 
lifetime  of  the  FE.  By  assuming  a  complete 
feeding  from  the  FE^  state  and 
deconvoluting  the  observed  decay  curve  for 
the  DBE,  we  obtain  a  decay  time  of  190  ps 
for  FE-^  at  2.0  K. 

The  values  for  the  decay  time  in  this  third  sample  is  somewhat  longer  than  previously 
reported  for  thin  GaN  layers  [6].  In  general,  it  is  difficult,  especially  for  the  FE  recombination,  to 
determine  whether  the  observed  decay  time  is  the  true  radiative  recombination  time  or 
influenced  by  non-radiative-  processes.  The  longest  measured  decay  time  for  the  FE’s  should  be 
the  value  closest  to  the  radiative  decay  time.  The  presence  of  other  and  additional  processes  can 
only  reduce  the  observed  decay  time.  The  most  probable  non-radiative  recombination  process 
for  the  FE  in  bulk  material  is  the  capture  of  the  FE  to  defects. 

In  this  sample  we  have  not  observed  any  intensity  dependence  of  the  measured  decay  time, 
which  as  a  comparison  to  previous  samples,  indicates  that  the  recombination  at  low 
temperatures  in  sample  C  is  dominated  by  radiative  recombinations. 

We  have  also  measured  the  temperature  dependence  of  the  FE  emission,  as  seen  in  Fig.  7. 
The  observed  increase  of  the  measured  decay  time  is  a  strong  indication  that  the  observed 
recombination  is  close  to  the  true  radiative  recombination  time.  For  the  radiative  recombination 
of  a  FE  we  do  expect  an  increase  in  decay  time  due  to  a  thermal  redistribution  of  the  excitons. 
This  reduces  the  relative  number  of  excitons  with  small  momentum,  which  are  the  only  excitons 
involved  in  the  radiative  recombination.  The  observed  increase  of  the  FE  decaytime  is  only 
present  up  to  about  20  K.  At  higher  temperatures  we  observe  a  decrease  of  the  decay  time, 
believed  to  be  due  to  the  onset  of  a  non-radiative  recombination  process. 

The  decay  time  values  for  the  FE's  in  the  GaN  -sample  C  is  still  very  fast  as  compared  to 
other  materials.  In  GaAs  a  longest  free  exciton  decay  time  of  3.3  ns  at  2K  has  been  observed 
[7].  An  increase  of  the  recombination  probability  is  expected  for  GaN  as  compared  to  GaAs, 
mainly  due  to  the  increase  in  photon  energy.  The  exciton  decay  time  is  roughly  proportional  to 
the  recombination  photon  energy,  the  exciton  absorbtion  coefficient  and  the  refractive  index 


5  10  15  20 

Temperature  (K) 

Figure  7.  Temperature  dependence  of  the  decay 
time  for  the  DBE  and  the  FE,  in  the  bulk  sample 
(C).  The  observed  increase  is  expected  for  a 
dominating  radiative  recombination. 
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according  to  (^co^  r\^  This  gives  a  reduction  of  the  decay  time  with  a  factor  of  20  as 

compared  to  GaAs.  The  so  estimated  value  of  200  ps  is  in  reasonable  agreement  with  our 
experimental  results.  A  more  exact  calculation  of  the  FE  decay  time  in  GaN  requires  knowledge 
of  several  additional  material  parameters,  such  as  effective  masses  and  spin-orbit  splittings, 
which  are  not  yet  accurately  determined  for  GaN. 
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ABSTRACT 

The  chemical  inertness  and  high  bond  strengths  of  the  III-V  nitrides  lead  to  slower 
plasma  etching  rates  than  for  more  conventional  III-V  semiconductors  under  the  same 
conditions.  High  ion  density  conditions  (>3xl0^*cm’^)  such  as  those  obtained  in  ECR  or 
magnetron  reactors  produce  etch  rates  up  to  an  order  of  magnitude  higher  than  for  RIE,  where 
the  ion  densities  are  in  the  10  cm’^  range.  We  have  developed  smooth  anisotropic  dry  etches 
for  GaN,  InN,  AIN  and  their  alloys  based  on  Cl2/CH4/H2/Ar,  BCl3/Ar,  CI2/H2,  CI2/SF6, 
HBr/H2  and  HI/H2  plasma  chemistries  achieving  etch  rates  up  to  '4,000A/min  at  moderate  dc 
bias  voltages  (<-150V).  Ion-induced  damage  in  the  nitrides  appears  to  be  less  apparent  than  in 
other  III-V’s.  One  of  the  key  remaining  issues  is  the  achievement  of  high  selectivities  for 
removal  of  one  layer  from  another. 

INTRODUCTION 

Applications  for  the  wide  bandgap  nitrides  include  emitters  in  the  blue/green/UV 
sections  of  the  spectrum,  solar-blind  UV  detectors  and  transistors  capable  of  operation  up  to 
Much  of  the  recent  progress  in  these  technologies  has  occurred  on  the  materials 
side,^^'^^  with  improvements  in  epitaxial  growth  quality,  higher  n-  and  particularly  p-type 
doping  levels  and  lower  impurity  concentrations.  A  significant  road-block  to  realization  of  a 
continuous  wave,  electrically-pumped  diode  laser  is  the  fact  that  most  GaN  and  related  alloys 
are  grown  on  C-AI2O3  substrates  with  hexagonal  symmetry.  Therefore,  cleavage  to  form  laser 
facets  is  not  feasible,  at  least  with  any  practical  yield.  There  is  interest  in  dry  etched  laser 
facets  for  the  nitrides  and  this  will  require  achievement  of  smooth,  highly  anisotropic 
sidewalls  in  GaN-based  epitaxial  layers.  A  particularly  relevant  feature  of  forming  laser 
mirrors  or  mesas  by  dry  etching  is  that  the  sidewall  usually  has  vertical  striations  that  result 
from  transfer  of  roughness  on  the  mask  edge  into  the  semiconductors.  The  other  requirement 
is  that  the  GaN  etch  rates  be  reasonably  fast  (  at  least  more  than  a  few  thousand  angstroms  per 
minute)  since  the  total  etch  depth  is  going  to  be  >4pm. 

Table  1  shows  a  compilation  of  published  dry  etch  rates  for  GaN.^^"’*^^  The  conclusions 
from  this  data  are  fairly  clear,  namely 

(i)  etch  rates  under  high  ion  density  conditions  (Electron  Cyclotron  Resonance,  ECR,  or 
magnetron-enhanced  reactive  ion  etching,  MIE)  are  much  higher  than  for  conventional  RIE. 

(ii)  Halogen-based  plasma  chemistries  produce  much  higher  rates  than  for  CH4/H2, 
regardless  of  the  etching  technique. 

(iii)  the  highest  etch  rates  are  <4,000A/min,  which  is  slower  by  a  factor  of  3-5  than 
conventional  III-V’s  like  GaAs  under  the  same  conditions. 
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In  this  paper  we  contrast  some  of  the  results  obtained  with  CI2/H2,  HBr/H2  and  HI/H2 
ECR  etching  of  the  binary  nitrides  in  terms  of  rates,  surface  morphology  and  quality  of  the 
resultant  sidewall.  Under  optimized  conditions,  the  quality  of  this  sidewall  again  appears  to  be 
determined  by  the  initial  mask  material. 

EXPERIMENTAL 

The  nitride  layers  were  grown  on  AI2O3  or  GaAs  substrates  by  Metal  Organic 
Molecular  beam  Epitaxy.^^^'^^^  The  materials  are  defective  single-crystal  with  a  high  density 
of  threading  dislocations  and  stacking  faults  ('-lO^^cm'^).  They  were  patterned  with  SiNx 
masks  and  etched  in  several  SLR  770  Plasma-Therm  systems  with  rf  biased,  He-backside 
cooled  sample  chucks  and  ECR  plasma  sources. 

RESULTS  AND  DISCUSSION 

In  general  etch  rates  increased  with  rf  power  (or  ion  energy)  or  microwave  power  (ion 
current)  and  decreased  with  increasing  pressure  in  Ci2/CH4/H2/Ar  plasma  chemistries,  while 
there  was  little  dependence  on  temperature.  In  Figure  1,  we  observe  a  general  increase  in  etch 
rate  as  the  microwave  power  and  therefore  the  ion  density  is  increased.  This  trend  agrees  with 
decreasing  etch  rates  which  were  observed  at  higher  pressures  and  lower  ion  densities.  The 
etch  rate  for  GaN  and  AIN  increases  moderately  (less  than  a  factor  of  2)  as  the  microwave 
power  is  increased  from  125  to  850 W,  whereas  the  InN  etch  rate  increases  monotonically 

from  1040  to  3670A/min.  Following  exposure  to  the  plasma,  within  experimental  error,  there 
is  no  change  in  the  stoichiometry  of  the  GaN  surface  for  either  30  or  170®C  etching  and  some 
residual  atomic  Cl  is  present.  Similar  results  were  observed  for  the  InN  and  AIN  samples. 


Table  I.  Plasma  chemistries  for  dry  etching  of  GaN 
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Figure  1.  Etch  rates  of  GaN,  InN  and  AIN  as  a  function  of  microwave  power  for  an  ECR 
generated  Cl2/H2/CH4/Ar  plasma. 

SEM  micrographs  of  mesas  formed  in  GaN  by  ECR  etching  in  a  IOHI/IOH2,  -150V, 
lOOOW  (microwave)  discharge  are  shown  in  Figure  2.  The  SiNx  mask  has  been  removed.  The 
etched  field  has  similar  morphology  to  that  of  the  initial  (masked)  area  on  top  of  the  mesa. 
The  anisotropy  is  reasonably  good  (-75°  sidewall  angle).  The  striations  present  originate  from 
similar  roughness  on  the  edge  of  the  SiNx  mask,  which  in  turn  is  transferred  from  the  original 
photoresist  that  was  used  to  pattern  the  SiNx-  This  illustrates  one  of  the  key  problems  in 
trying  to  form  an  etched  laser  facet.  The  striations  lead  to  scattering  and  loss  of  light  either 
propagating  down  a  laser  stripe  or  incident  on  a  facet. 


Figure  2.  SEM  micrographs  of  feature  etched  into  GaN  with  HI/H2. 
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The  fastest  etch  rates  were  obtained  with  Cl2/CH4/H2/Ar  ECR  discharges.  Figure  3 
shows  both  GaN  etch  rate  and  root  mean  square  (RMS)  surface  roughness  measured  by  AFM, 
as  a  function  of  rf  power  in  10Cl2/3CH4/15H2/10Ar  discharges  at  a  pressure  of  ImTorr  and  a 
microwave  power  of  850W.  Note  that  the  etch  rate  increases  in  a  linear  fashion,  suggesting 
that  the  sputter-assisted  desorption  of  the  etch  products  is  the  limiting  step.  The  GaN  surface 
roughness  remains  fairly  similar  to  that  of  the  as-grown  material  until  ~150W,  and  worsens 
rapidly  thereafter.  However  it  is  still  possible  to  achieve  a  rate  of  ~2,500A/min  with  excellent 
morphology.  The  onset  of  surface  roughening  corresponds  to  an  increasing  Ga-to-N  ratio 
measured  by  Auger  Electron  Spectroscopy  as  N  is  preferentially  lost  by  sputtering  at  high  ion 
energies.  The  Cl2/CH4/H2/Ar  plasma  chemistry  produces  etch  rates  of  >lpm/min  for  InP, 
GaAs  and  other  more  common  III-V  materials  for  these  same  conditions,  emphasizing  the 
difficulty  in  achieving  very  high  rates  for  the  nitrides. 


rf-power  (W) 

Figure  3.  GaN  surface  roughness  and  etch  rate  as  a  function  of  rf  power  in  ECR 
Cl2/CH4/H2/Ar  discharges. 


Figure  4  (top)  shows  SEM  micrographs  of  features  produced  in  nitride  structures  with 
10HBr/10H2,  lOOOW  (microwave)  discharges.  The  structure  is  an  AlN/GaN/AlN  multilayer, 
which  clearly  demonstrates  the  differential  undercut  between  the  two  materials  in  HBr/H2 
discharges.  By  contrast,  use  of  a  HI/H2  plasma  chemistry  under  the  same  conditions  produces 
relatively  uniform  mesas  (Figure  4,  bottom).  Note  that  the  etched  surface  morphology  even 
after  removing  ~3.5pm  is  still  good,  and  there  is  little  differential  etching  between  the  foot  of 
the  mesa  and  areas  out  on  the  field.  This  is  a  benefit  of  the  low  process  pressures  employed 
under  ECR  conditions,  which  minimize  such  effects. 

The  sidewall  roughness  is  also  considerably  worse  under  high  dc  bias  conditions 
(Figure  5,  left)  due  to  mask  erosion,  whereas  it  is  much  smoother  at  dc  biases  <125V  (right  of 
figure) 
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Figure  4.  SEM  micrographs  of  features  etched  into  AlN/GaN/AlN  structure  using  HBr/H2 
or  HI/H2  (bottom). 

CONCLUSIONS  AND  SUMMARY 

The  same  basic  plasma  chemistries  that  are  used  for  conventional  III-V  materials  also 
work  for  GaN,  AIN  and  InN.  The  resulting  etch  rates  are  typically  3-4  times  slower  than  for 
GaAs,  InP  and  so  on.  High  ion  densities  conditions  such  as  those  found  in  ECR  or  MIE 
systerns  produce  significantly  faster  rates  than  reactive  ion  etching.  Sidewall  corrugations  on 
dry  etched  photonic  device  structures  are  usually  present,  and  will  require  careful  control  of 
the  masking  material  quality  and  its  integrity  during  the  etching  processes. 
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Figure  5.  SEM  of  laser  structure  sidewall  using  (left)  high  dc  bias  or  (right)  low  dc 
bias. 
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HYDROGEN  IN  GaN 
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ABSTRACT 

Hydrogen  is  implicated  in  the  low  doping  efficiency  of  acceptors  (e.g..  Mg)  in 
MOCVD-grown  GaN  by  the  following  observations:  the  well-established  role  of 
hydrogen  in  the  same  phenomenon  in  other  semiconductors;  re-passivation  of 
thermally  activated  Mg  in  GaN  upon  exposure  to  NH3  or  H  at  temperatures  >  400’"C; 
correlation  between  Mg  and  H  concentrations;  and  computational  studies  on  the 
diffusivities  of  charged  H  in  GaN  and  on  the  configuration  and  stability  of  the  Mg-H 
complex  in  GaN.  Strong  experimental  evidence  for  the  Mg-H  complex  comes  from 
variable-temperature  Hall  effect  measurements  which  reveal  that  after  hydrogenation  of 
activated  GaN:Mg  the  hole  mobility  increases  as  the  hole  concentration  decreases, 
which  is  consistent  with  removal  of  ionized  scattering  centers  and  not  with  the 
introduction  of  separate  compensating  defects.  However,  experimental  evidence  is  also 
accumulating  to  suggest  that  the  Mg  activation  process  involves  the  generation  or 
transformation  of  electrically  active  defects. 

INTRODUCTION 

Epitaxial  layers  of  GaN  grown  by  MOCVD  require  a  deliberate  post-growth 
processing  step  to  activate  the  shallow  acceptor  dopant,  which  is  commonly  Mg. 
Demonstrated  activation  techniques  are  low  energy  electron  beam  irradiation(LEEBI) 
[1]  and  furnace  annealing  [2].  The  involvement  of  hydrogen  in  the  low  acceptor  doping 
efficiency  of  MOCVD-grown  GaN  is  implicated  by  many  observations  and  theoretical 
considerations,  which  are  summarized  in  this  review. 

Acceptor-Hydrogen  Complexes 

It  is  now  well  established  by  both  theory  and  experiments  that  hydrogen  forms 
stable  complexes  with  shallow  acceptor  dopants  in  a  host  of  elemental  and  compound 
semiconductors  [3].  For  boron  acceptors  in  silicon,  the  complex  is  energetically  most 
stable  with  the  hydrogen  situated  at  a  bond-center  site  between  the  substitutional 
boron  and  an  adjacent  silicon  [4].  Similarly,  for  the  zinc  acceptor  in  GaAs  the  hydrogen 
resides  in  a  bond-center  position  between  the  zinc  (on  a  Ga  site)  and  an  adjacent  As 
atom  [5].  In  both  cases  the  electrical  consequence  of  the  complex  is  neutralization  of 
the  dopant  impurity  so  that  the  acceptor  energy  level  is  removed  from  the  bandgap  and, 
therefore,  the  material  becomes  more  electrically  resistive. 

Another  important  common  feature  of  such  complexes  is  that  they  are  only 
moderately  stable.  The  thermal  dissociation  energies  for  B-H  in  silicon  [6]  and  Zn-H  in 
GaAs  [7,8]  are  both  ~1 .3  eV  .  The  dissociation  energy  is  approximately  equal  to  the 
sum  of  the  binding  energy  of  the  complex  and  the  activation  energy  for  diffusion  of  the 
(charged)  hydrogen  [9].  The  most  reliable  values  for  dissociation  energies  have  been 
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obtained  from  experiments  designed  to  isolate  the  dissociation  kinetics  from  the  total 
phenomenon  of  dopant  activation  which  includes  dissociation,  recombination,  and 
hydrogen  migration.  With  the  “depletion-layer”  technique  the  dopant-hydrogen 
complexes  are  situated  in  the  space-charge  layer  of  a  reverse-biased  diode  so  that 
recombination  is  suppressed  due  to  field-driven  sweep-out  of  the  dissociated  charged 
hydrogen  [10].  Such  experiments  have  not  yet  been  reported  for  Mg-doped  GaN. 


Sources  of  Hydrogen 

The  MOCVD  growth  technique  is  inherently  rich  in  sources  of  hydrogen  that  can  be 
incorporated  into  the  growing  film.  The  group  III  gaseous  precursors  for  the  AIGaInN 
system  are  metalorganic  compounds  (e.g.,  TMGa)  that  can  produce  hydrocarbon 
radicals  (e.g.,  CH3)  and  stable  hydrocarbons  (e.g.,  CH4)  as  products  of  the  growth 
reactions.  The  currently  most  widely  used  precursor  for  nitrogen  is  NH3.  The  precursors 
for  dopant  impurities  are  typically  obtained  from  either  metalorganics  (e.g.,  Cp2Mg  and 
DEZn)  or  hydrides  (e.g.,  SiH4).  Finally,  the  carrier  gas  is  typically  molecular  hydrogen, 
although  its  stability  renders  H2  the  least  serious  source  of  hydrogen  incorporation. 

Hydrogen  incorporation  during  MOCVD-growth  of  Mg-doped  GaN  has  been 
demonstrated  with  secondary  ion  mass  spectrometry  (SIMS).  In  particular,  it  has  been 
shown  that  the  hydrogen  concentration  increases  linearly  with  the  Mg  concentration 
[11],  It  has  also  been  reported  with  SIMS  data  that  the  hydrogen  concentration 
decreases  after  furnace  anneals  which  activate  the  Mg  acceptors  [11,12].  The  furnace 
anneal  is  typically  performed  in  the  temperature  range  from  700°C  to  850°C  for  times  of 
5  to  60  min  and  in  an  ambient  of  flowing  N2. 

High  acceptor  doping  efficiencies  have  been  achieved  in  Mg-doped  GaN  layers 
without  post-growth  treatment  by  MBE  [13].  Chemically  active  nitrogen  was  obtained 
from  N2  with  an  ECR  plasma  source,  and  none  of  the  other  precursors  deliberately 
contained  hydrogen.  The  high  doping  efficiency  may  reflect  the  absence  of  hydrogen  in 
the  growth  process,  although  there  are  other  fundamental  differences  between  MOCVD 
and  MBE  (e.g.,  approximation  to  thermal  equilibrium). 

EXPERIMENTAL  RESULTS 
Hydrogen  Diffusion 

Hydrogen  diffusion  into  GaN  depends  strongly  on  the  conductivity  type  of  the 
material  as  well  as  on  diffusion  conditions  (e.g.,  temperature  and  time).  This  is 
illustrated  in  Fig.  1  with  depth  profiles  of  deuterium  in  MOCVD-grown  GaN  [14].  The  p- 
type  conductivity  was  obtained  from  Mg-doped,  furnace-activated  GaN  samples  with  a 
hole  concentration  at  room  temperature  of  8x10^^  cm“^  The  n-type  GaN  was  Si  doped 
to  a  concentration  of  2x10^^  cm"  The  deuterations  were  performed  in  a  remote 
microwave  plasma  system  [15],  and  the  hydrogen  isotope  was  detectable  with  high 
sensitivity  by  SIMS.  For  the  p-type  material,  depth  profiles  are  shown  after  deuteration 
at  400°C  and  600®C.  The  amount  of  deuterium  that  has  diffused  into  the  p-type  GaN  at 
600°C  is  substantial  and  available  to  play  a  role  in  acceptor  passivation  [2,14,16],  as 
further  discussed  below.  In  dramatic  contrast,  no  deuterium  is  detectable  in  the  n-type 
material  after  deuteration  at  temperatures  from  200°C  to  600°C,  and  there  is  no  change 
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Depth  {j^m) 

Fig.  1.  Depth  distributions  of  deuterium  in  specimens  of 
GaN  with  either  p-type  or  n-type  conductivity  after 
deuteration  at  different  temperatures. 

in  the  electronic  properties  after  these  deuteratlons.  Computational  studies  to  be 
reviewed  below  provide  a  fundamental  understanding  of  these  results. 


H-neutralized  Mg 

Strong  experimental  evidence  for  the  existence  of  the  Mg-H  complex  has  been 
obtained  from  variable-temperature  Hall  effect  measurements  [14].  Results  are 
presented  in  Fig.  2  for  p-type,  Mg-doped  GaN  before  and  after  deuteration  at  600°C. 
(The  p-type  material  and  deuteration  conditions  were  the  same  as  for  Fig.1.)  The 
material  was  furnace  activated  prior  to  the  experiment.  In  Fig.  2(a)  the  hole 
concentration  is  observed  to  be  thermally  activated  above  250  K  and  dominated  by 
impurity  band  conduction  at  lower  temperatures.  The  solid  lines  in  Fig.  2(a)  were 
calculated  from  the  charge  neutrality  condition  by  assuming  that  the  Mg  introduces  a 
single  acceptor  level  with  an  activation  energy  of  170  meV  and  allowing  for  uniform 
donor  compensation  [17].  The  analysis  yields  an  effective  acceptor  concentration  of 
8x10^®  cm“  ^  after  the  post-growth  furnace  anneal,  which  agrees  within  experimental 
uncertainty  (-50%)  with  the  total  Mg  concentration  as  determined  from  SIMS.  After 
deuteration  the  hole  concentration  has  significantly  decreased,  as  reported  in  a 
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Fig.  2.  Variable-temperature  Hall  effect  data  for  p-type,  Mg-doped  GaN 
before  and  after  deuteration  at  600°C:  (a)  hole  concentration  and  (b)  hole 
mobility. 

previous  study  [16],  which  indicates  a  reduction  in  the  effective  acceptor  concentration. 
This  response  to  hydrogenation  could  be  the  consequence  of  either  the  introduction  of 
separate  compensating  defects  or  the  formation  of  acceptor-hydrogen  complexes. 

Examination  of  the  Hall  mobility  for  holes  before  and  after  the  600°C  deuteration 
provides  a  means  to  distinguish  between  the  two  possible  passivation  processes.  As 
shown  in  Fig.  2(b),  the  hole  mobility  increases  after  deuteration.  This  is  consistent  with 
removal  of  ionized  acceptor  scattering  centers  and  not  with  the  introduction  of  separate 
compensating  defects. 

Defects 

The  process  of  thermally  activating  Mg  acceptors  in  GaN  appears  to  be 
accompanied  by  the  generation  or  transformation  of  deep  level  defects.  This  is 
illustrated  in  Fig.  3  [18]  with  photoluminescence  (PL)  spectra  from  a  single  specimen  of 
the  material  first  as-grown  and  then  after  sequential  anneals  at  500°C,  700°C,  and 
775°C;  the  spectrum  after  a  600°C  anneal  is  identical  to  that  for  the  500°C  anneal.  The 
spectrum  for  the  as-grown  material  is  dominated  by  a  broad  luminescence  band  in  the 
blue  region  of  the  visible  spectrum.  The  band  contains  a  zero  phonon  line,  labeled  LI, 
and  LO  phonon  replicas.  This  band  “red-shifts”  (within  the  blue  region)  by  -0.25  eV 
after  anneals  at  >  500°C,  with  the  new  zero  phonon  line  labeled  L2.  After  annealing  at 
775°C  a  weak  broad  (blue)  band  appears  centered  at  435  nm. 
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Fig.  3.  Photoluminescence  (PL)  spectra  for  Mg-doped  (-6x10^®  cm“^)  GaN 
as-grown  and  after  annealing  at  incremental  temperatures.  The  sample 
was  annealed  in  a  rapid  thermal  anneal  (RTA)  system  at  the  specified 
temperatures  T  for  5  min  in  flowing  Ns,  and  the  PL  measurement  utilized  a 
HeCd  laser  (325  nm)  for  photogeneration  of  electron-hole  pairs  with  the 
specimen  at  2  K. 

In  addition  to  the  red-shifted  blue  band,  a  set  of  sharp  lines  appears  near  the 
bandedge  after  the  775®C  anneal.  These  lines  are  observed  only  when  Mg  is  present  in 
the  material,  and  their  intensities  are  attenuated  by  hydrogenation  at  600*^0,  which  also 
reduces  the  hole  concentration.  These  observations  suggest  a  correlation  between  the 
near-bandedge  PL  lines  and  activated  Mg.  However,  the  microscopic  nature  of  this 
connection  remains  to  be  determined. 

THEORY 

Detailed  information  has  recently  become  available  from  computational  studies  on 
the  electronic  structure,  energetics,  and  migration  of  hydrogen  and  hydrogen 
complexes  in  GaN  [19,20].  These  studies  utilized  first-principles  total-energy 
calculations  based  on  density-functional  theory  and  ab-initio  pseudopotentials.  They 
were  performed  for  cubic  GaN  in  order  to  take  advantage  of  its  higher  symmetry  as 
compared  to  the  wurtzite  structure;  the  results  are  considered  valid  for  hydrogen  in 
either  the  zincblende  and  wurtzite  structure.  Highlights  of  these  studies  are 
summarized  below  for  later  comparison  with  experimental  results. 
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Monatomic  Hydrogen 

The  total  energy  calculations  for  monatomic  interstitial  hydrogen  in  GaN  have 
identified  stable  sites,  migration  paths,  and  diffusion  barriers  for  all  three  charge  states 
(i.e.,  H°,  H").  Total  energies  were  calculated  by  fixing  the  H  atom  at  different 

positions  and  allowing  alt  other  atoms  to  relax.  The  energetically  most  stable  site  for 
was  found  to  be  the  nitrogen  antibonding  site  (ABn),  as  depicted  in  Fig.  4(a).  This 
preference  for  the  ABn  site  is  in  striking  contrast  to  the  behavior  of  in  Si  and  GaAs, 
where  the  bond-center  position  is  the  most  stable  site.  This  difference  reflects  the  more 
ionic  character  of  GaN  as  compared  to  GaAs,  The  prefers  sites  with  high  negative 
charge  density  for  maximum  screening.  Unlike  GaAs,  in  GaN  there  is  no  local  maximum 
at  the  bond  center,  rather  the  charge  density  monotonically  increases  from  the  Ga 
towards  the  much  more  electronegative  N,  which  results  in  a  nearly  spherically 
symmetric  charge  density  around  the  N.  While  this  feature  alone  favors  all  positions 
around  the  N  atom,  the  BC  site  is  unfavorable  due  to  the  addition  of  strain  energy 
involved  in  relaxing  the  Ga  and  N  atoms  outwards.  The  migration  barrier  for  was 
found  to  be  0.7  eV,  which  is  sufficiently  small  to  ensure  high  mobility  even  near  room 
temperature. 

The  energetically  most  stable  position  for  H"  was  found  to  be  the  Ga  antibonding 
site  (T/^),  as  depicted  in  Fig.  4(b).  The  H"  is  strongly  confined  at  the  site,  with  a 
large  migration  barrier  of  ~3.4  eV.  Therefore,  H~  is  expected  to  have  a  very  limited 
mobility  in  GaN. 

The  formation  energies  of  the  different  charge  states  of  monatomic  hydrogen  in 
GaN  where  calculated  as  a  function  of  the  Fermi  energy  [19,20].  For  Fermi  energies 


Fig.  4.  Stick-and-ball  illustrations  of  the  most  stable  configurations  for  isolated 
interstitial  hydrogen  in  GaN  from  total  energy  calculations:  (a)  and  (b)  H~. 
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within  ~2.1  eV  of  the  valence  band,  H'"  is  the  energetically  most  stable  charge  state. 
Thus,  is  expected  to  be  the  predominant  charge  state  in  p-type  GaN.  For  Fermi 
energies  higher  than  -2.1  eV,  H“  is  the  most  stable  species,  so  that  H”  predominates  in 
n-type  GaN.  The  H°  is  never  the  predominant  stable  charge  state.  This  reveals  that 
hydrogen  in  GaN  has  a  negative  effective  correlation  energy  (commonly  designated 
“negative  U  ”),  with  a  calculated  value  of  -2.4  eV.  This  is  the  largest  negative  U  yet 
calculated  or  measured  for  hydrogen  in  a  semiconductor.  For  example,  for  H  in  silicon, 
t7-  -  0.4  eV  [21].  The  formation  energies  also  indicate  that  the  solubility  is  high  for 
in  (p-type)  and  low  for  H"  in  (n-type)  GaN. 


Mg-H  Complex 

The  calculations  also  provide  strong  support  for  the  formation  of  the  Mg-H  complex 
in  GaN  and  reveal  a  novel  atomic  structure  which  is  qualitatively  different  from  the  well- 
established  configuration  for  the  acceptor-hydrogen  complex  in  other  semiconductors 
[19,20].  As  illustrated  in  Fig.  5,  the  hydrogen  prefers  the  AB  site  of  one  of  the  N 
neighbors.  The  Mg-H  complex  contains  a  N-H  bond  with  a  calculated  H  stretch  mode 
frequency  of  3360  cm“\  which  is  very  close  to  that  of  H  in  NH3  (3444  cm“^).  An  estimate 
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Fig.  5.  Stick-and-ball  model  for  the  Mg-H  complex  in 
GaN  from  total  energy  calculations. 
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of  1.5  eV  was  obtained  for  the  dissociation  energy  of  the  Mg-H  complex.  This  estimate 
specifically  applies  to  a  jump  from  the  ABn  site  to  a  neighboring  N  atom  which  is  a 
second-nearest  neighbor  to  the  Mg  atom.  This  is  only  the  first  step  in  the  dissociation 
reaction  after  which  the  Mg  atom  is  still  compensated  by  the  atom.  Therefore,  this 
calculated  dissociation  energy  may  represent  only  a  lower  limit  to  the  actual  value,  for 
which  there  is  as  yet  no  experimental  determination. 

DISCUSSION  AND  CONCLUSIONS 

It  has  been  proposed  that  hydrogen  Incorporation  during  growth  of  GaN  is 
actually  beneficial  for  the  practical  realization  of  p-type  conductivity  [22,23].  When 
acceptors  are  intentionally  incorporated  in  the  growing  material  it  is  energetically 
favorable  for  compensating  donors  to  form  in  wide  bandgap  semiconductors  under 
thermal  equilibrium.  In  the  absence  of  donor  impurities  and  if  formation  energies  permit, 
donor-like  native  defects  will  be  generated  to  provide  the  compensation.  Such  defects 
can  be  highly  stable.  Since  their  concentration  is  determined  by  thermal  equilibrium, 
high-temperature  post-growth  annealing  cannot  remove  the  compensating  native 
defects.  Alternatively,  incorporation  of  hydrogen  donors  {H"")  during  growth  suppresses 
the  formation  of  compensating  native  defects.  In  Mg-doped  GaN,  compensation  can  be 
enabled  by  the  presence  of  monatomic  hydrogen  donors  during  growth.  These 
complexes  can  subsequently  be  dissociated  at  moderate  temperatures  (e.g.,  [18])  and 
the  hydrogen  removed  or  rendered  electrically  inactive  (perhaps  at  internal  surfaces 
such  as  grain  boundaries  or  at  extended  defects  such  as  dislocations)  to  achieve  p- 
type  conductivity. 

Comparison  of  electrical  and  PL  data  for  the  thermal  activation  of  Mg  acceptors 
raises  questions  regarding  the  connection  between  the  defect  luminescence  and 
dopant  activation.  There  is  no  evidence  that  the  set  of  PL  lines  containing  LI  (Fig.3)  is 
directly  due  to  the  Mg  or  that  the  red-shift  after  annealing  at  >500°C  is  directly  related 
to  the  acceptor  activation  of  Mg.  For  example,  the  red-shift  is  substantially  complete 
after  a  500°C  anneal,  while  the  amount  of  electrical  activation  at  this  temperature  is 
negligible  [14].  The  complex  pattern  of  defect  generation  and  removal  revealed  by  PL 
strongly  indicates  that  acceptor  activation  invoives  more  than  simply  the  dissociation  of 
Mg-H  complexes,  although  this  process  is  implicated. 

Convergence  of  theory  and  experiment  on  the  existence  and  nature  of  the  Mg-H 
complex  has  yet  to  be  achieved.  In  particular,  the  microscopic  model  for  the  complex 
(Fig.  5  and  [19])  yields  an  estimate  of  3360  cm~^  for  the  vibrational  frequency  of  the  H 
stretch  mode,  which  is  close  to  that  for  H  in  NH3.  This  disagrees  with  reported 
experimental  values  for  local  modes  (2168  and  2219  cm“^)  detected  in  MBE-grown,  Mg- 
doped,  H-contaminated  GaN  by  vibrational  mode  spectroscopy  [24];  while  it  was 
suggested  that  these  modes  may  arise  from  two  nonequivalent  Mg-H  configurations  in 
the  wurtzite  structure,  it  was  also  suggested  as  an  alternative  assignment  that  the 
experimentally  observed  modes  might  arise  from  a  hydrogen-decorated  native  defect 
such  as  a  nitrogen  vacancy  with  one  or  more  Ga  atoms  passivated  by  hydrogen. 

Experimental  information  on  the  properties  of  hydrogen  in  GaN  substantially  lags 
theory.  The  list  of  physical  parameters  yet  to  be  experimentally  determined  for  a 
quantitative  description  of  hydrogen  in  GaN  includes  such  basic  information  as  the 
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diffusivities  and  solubilities  for  and  H  ,  donor  and  acceptor  transition  energies,  and 
acceptor-hydrogen  dissociation  energies. 
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ABSTRACT 

In  this  paper,  we  present  ensemble  Monte  Carlo  based  calculations  of  electron 
initiated  impact  ionization  in  bulk  zincblende  GaN  using  a  wavevector  dependent 
formulation  of  the  interband  impact  ionization  transition  rate.  These  are  the  first  reported 
estimates,  either  theoretical  or  experimental,  of  the  impact  ionization  rates  in  GaN.  The 
transition  rate  is  determined  from  Fermi’s  golden  rule  for  a  two-body  screened  Coulomb 
interaction  using  a  numerically  determined  dielectric  function  as  well  as  by  numerically 
integrating  over  all  of  the  possible  final  states.  The  Monte  Carlo  simulator  includes  the  full 
details  of  the  first  four  conduction  bands  derived  from  an  empirical  pseudopotential 
calculation  as  well  as  all  of  the  relevant  phonon  scattering  mechanisms.  It  is  found  that  the 
ionization  rate  has  a  relatively  “soft”  threshold. 

INTRODUCTION 

The  large  gap  III-V  nitride  materials  have  been  the  subject  of  increased  interest  in 
recent  years,  because  of  their  potential  usage  in  high  temperature  electronics,  blue 
electroluminescent  devices  and  ultraviolet  detectors  and  emitters.  In  addition,  their 
radiation  hardness  makes  them  attractive  for  space  applications.  Among  the  varieties  of 
III-V  nitride  materials,  gallium  nitride  with  its  direct  bandgap  of  approximately  3.4  eV  in 
the  hexagonal  (wurtzite)  phase  and  slightly  lower  bandgap  in  the  cubic  (zincblende) 
phase,  plays  an  important  role  as  a  potential  candidate  in  all  of  these  applications.  There 
have  been  many  investigations  on  both  phases  of  GaN  reported  recently,  involving  both 
experimental  as  well  as  theoretical  work  [1,2].  However,  the  latter  deals  mostly  with  the 
band  structure  calculations;  few  theoretical  investigations  of  transport  properties  of  GaN 
have  been  reported  to  date  [3-7]. 

Recently  we  presented  the  results  of  Monte  Carlo  based  calculations  of  low  field 
electronic  transport  properties  in  both  wurtzite  and  zincblende  GaN  using  a  realistic  band 
structure  obtained  by  the  empirical  pseudopotential  method  [8].  These  calculations  were 
restricted  to  the  range  for  which  impact  ionization  events  do  not  typically  occur.  However, 
the  performance  of  many  devices  depends  in  part  upon  impact  ionization,  such  as 
avalanche  photodiodes,  APDs.  In  order  to  evaluate  the  potential  performance  of  APD 
photodetectors  for  ultraviolet  detection,  information  about  the  high  field  transport  physics 
including  impact  ionization  is  required.  In  this  paper,  we  extend  our  previous 
investigations  to  the  case  of  high  field  electronic  transport  in  bulk  zincblende  GaN.  We 
present  results  of  calculations  of  the  electron  interband  impact  ionization  transition  rate 
based  on  Fermi’s  golden  rule.  Results  from  ensemble  Monte  Carlo  simulations,  namely 
the  electron  initiated  impact  ionization  transition  rate,  quantum  yield  and  electron  energy 
distribution  fimetions  are  reported  too. 


733 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®1996  Materials  Research  Society 


MODEL  DESCRIPTION 


The  details  of  our  Monte  Carlo  simulator  have  been  reported  previously  [8], 
therefore  only  its  salient  features  are  reviewed  here.  The  total  electron  initiated  impact 
ionization  rate,  quantum  yield  and  electron  energy  distribution  are  determined  using  an 
ensemble  Monte  Carlo  simulation,  which  includes  the  full  details  of  the  first  four 
conduction  bands  of  zincblende  GaN.  The  calculation  of  the  electronic  band  structure  was 
performed  within  the  framework  of  the  empirical  pseudopotential  method  using  an 
expansion  over  a  closed,  fixed  set  of  113  G  vectors,  which  produces  a  reasonably  accurate 
band  structure  over  the  entire  Brillouin  zone.  The  energy  eigenvalues,  their  gradients  with 
respect  to  the  k-vector,  and  their  second  derivatives  are  calculated  at  regularly  spaced 
points  within  a  k-space  mesh  and  are  used  to  calculate  the  electron  energy  during  its  free 
flight  [9].  The  band  structure  used  in  the  calculations  is  shown  in  Fig.  1. 


Fig.  1  Bandstructure  of  zincblende  GaN 


The  electron-phonon  scattering  mechanisms  included  in  the  simulation  are  polar 
optical,  acoustic  and  intervalley  scatterings.  The  rates  are  determined  for  each  of  these 
mechanisms  at  low  energies.  Polar  optical  scattering  is  included  only  within  the  central 
valley.  The  parameters  used  in  our  calculations  have  been  reported  previously  [8].  At 
higher  electron  energies,  deformation  potential  scattering  is  assumed  to  be  the  dominant 
scattering  mechanism.  In  this  regime  the  scattering  rate  has  been  obtained  by  integrating 
over  the  pseudopotential  calculated  final  density  of  states  including  collision  broadening 
[10].  The  deformation  potential  is  assumed  to  be  constant  and  the  high  energy  scattering 
rate  is  matched  to  the  low  energy  scattering  rate  at  a  selected  energy.  Another  scattering 
mechanism  included  in  the  simulator  is  ionized  impurity  scattering,  calculated  using  the 
approach  of  Ruch  and  Fawcett  [11].  Their  approach  takes  into  account  the  effect  of 
nonparabolicity,  Bloch  states  and  a  screened  Coulomb  potential. 

In  addition  to  the  above  mentioned  scattering  mechanisms,  impact  ionization  has  to 
be  incorporated  in  the  simulations  in  the  high  field  regime  as  well.  The  k-vector  dependent 
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impact  ionization  transition  rate  has  been  calculated  using  Fermi's  golden  rule,  which 
applies  as 

E  ,  J  J d%d^k\\M\^5{Es-E,-)  (1) 

^  n\^2,n2 

where  ki  ,ni  are  the  wave  vector  and  band  index  of  the  initiating  electron,  respectively,  k2, 
n2 ,  ki',  ni',  k2' ,  n2'  are  the  wave  vectors  and  band  indices  of  the  particles  after  the  impact 
ionization  event  (a  hole  and  two  electrons,  respectively).  V  is  the  crystal  volume,  Ef  and  Ei 
represent  the  final  and  initial  energies  of  the  particles.  M  stands  for  the  matrix  element  of 
the  interaction  and  can  be  expressed  in  terms  of  the  direct  Md  and  exchange  Me  elements 
as 

\M\^  =  2\MD\^  +  2\ME\^-(MhME+MDMl).  (2) 

The  matrix  element  is  calculated  based  on  the  plane-wave  expansion  of  the  wave  functions 
using  the  approach  described  in  [12].  The  energy  values  and  the  wave  functions  have  been 
calculated  and  stored  at  the  916  k-points  in  the  irreducible  wedge  of  the  Brillouin  zone, 

corresponding  to  the  mesh  size  of  0.05x^^,  where  a  is  the  lattice  constant.  To  obtain  the 
wave  functions  at  the  points  outside  the  irreducible  wedge,  symmetry  properties  of  the 
zincblende  structure  have  been  utilized  [12,13].  For  the  numerical  evaluation  of  Eq.  (1), 
the  delta  function  has  been  replaced  by  a  rectangle  with  a  height  of  1/6E  and  width  6E, 
with  8E  equal  to  0.2  eV.  The  integration  is  performed  using  the  Monte  Carlo  method,  the 
four  lowest  conduction  bands  and  all  four  valence  bands  are  taken  into  account  for  the 
final  states.  The  dielectric  function  is  evaluated  numerically  from  the  pseudopotential 
calculation  [14]  and  is  included  in  the  impact  ionization  transition  rate  formulation.  To 
evaluate  the  energy  dependent  rate,  an  additional  integration  over  the  initial  particles  states 


W{E)  = 


l\cPkx5{E{mM-E)Wii(mM) 

I.ld^kyd({E{nuki)-E) 


(?) 


is  performed.  The  calculated  impact  ionization  transition  rate  is  plotted  as  a  function  of 
energy  in  Figure  2a. 


RESULTS 

The  energy  dependent  ionization  transition  rate  is  incorporated  into  the  ensemble 
Monte  Carlo  simulation  to  calculate  the  total  electron  initiated  ionization  rate  as  a  function 
of  inverse  applied  electric  field.  The  results  are  shown  in  Figure  2b.  As  can  be  seen  from 
Figure  2b,  the  ionization  rate  is  calculated  to  be  relatively  low,  between  10^^  -  10^^  cm'^ 
at  an  electric  field  of  1.0  MV/cm.  More  appreciable  ionization  occurs  as  the  field  increases 
up  to  3.0  MV/cm,  the  limiting  field  used  in  this  analysis.  The  calculated  rate  at  1.0  MV/cm 
has  a  great  amount  of  uncertainty  due  to  the  lack  of  sufficient  ionization  statistics.  A 
statistically  valid  sampling  including  an  accounting  of  the  standard  deviation  will  be  given 
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in  a  later  work.  The  statistical  reliability  is  far  better  at  the  higher  electric  fields  analyzed 
here.  However,  it  should  be  noted  that  the  Monte  Carlo  model  itself  becomes  questionable 
at  these  high  electric  field  strengths.  It  is  possible  that  at  high  electric  fields,  the  band 
structure  exhibits  Stark  effects,  and  the  neglect  of  the  intra-collisional  field  effect  and  the 
basic  assumption  of  semi-classical  transport  physics  become  suspect.  Nevertheless,  the 
calculations  given  here  provide  a  first  attempt  at  ascertaining  the  magnitude  of  the 
ionization  rate  in  GaN. 


(a) 


(b) 


Figure  2;  (a)  Electron  initiated  impact  ionization  transition  rate  in  zincblende  GaN. 
(b)  Impact  ionization  rate  in  zincblende  GaN  vs.  inverse  electric  field. 


The  Monte  Carlo  model  was  also  used  to  evaluate  both  the  quantum  yield  and  the 
distribution  functions.  The  quantum  yield  is  defined  as  the  average  number  of  impact 
ionization  events  caused  by  a  high  energy  injected  electron  until  its  kinetic  energy  relaxes 
below  the  ionization  threshold  through  scattering  and/or  ionization  events.  The  quantum 
yield  is  particularly  useful  since  it  provides  a  means  of  assessing  the  relative  hardness  or 
softness  of  the  ionization  threshold.  The  calculated  quantum  yield  in  zincblende  GaN  is 
plotted  as  a  function  of  injection  energy  in  Figure  3  a.  As  can  be  seen  from  Fig.  3a,  the 
slope  of  the  quantum  yield  is  relatively  low  implying  that  the  threshold  is  quite  “soft”; 
carriers  survive  to  energies  substantially  above  the  energy  bandgap  before  suffering  an 
impact  ionization  event.  Notice  that  100%  ionization  probability  does  not  occur  until  the 
carriers  reach  nearly  10  eV,  almost  three  times  the  direct  energy  bandgap.  Further 
information  about  the  nature  of  the  threshold  can  be  gleaned  from  examination  of  the 
distribution  functions.  The  number  density  distribution  function,  defined  as  the  product  of 
the  density  of  states,  g(E),  and  the  energy  distribution  function,  f(E),  is  plotted  for  two 
different  electric  fields,  1.0  and  3.0  MV^m  respectively,  in  Figure  3b.  Inspection  of 
Figure  3b  shows  that  a  significant  high  energy  tail  appears  in  the  distribution  particularly  at 
3  MV/cm.  Notice  that  the  population  of  electrons  persists  to  well  above  9  eV,  in  good 
agreement  with  the  quantum  yield  data  discussed  above. 
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(a) 


(b) 


Figure  3 :  (a)  Quantum  yield  as  a  function  of  electron  energy. 

(b)  The  electron  number  density  function  at  1000  kV/cm  and  3000  kV/cm. 


CONCLUSIONS 

In  this  paper,  the  first  determination  of  the  electron  initiated  interband  impact 
ionization  rate  in  bulk  zincblende  GaN  has  been  presented.  From  the  calculations  it  is 
found  that  little  appreciable  ionization  occurs  at  electric  fields  below  1.0  MV/cm.  From 
the  calculated  quantum  yield  and  distribution  functions,  it  appears  that  the  ionization 
process  is  quite  “soft”,  implying  that  the  electrons  survive  to  energies  substantially  above 
the  direct  energy  bandgap  before  suffering  an  impact  ionization  event.  Though  the  present 
analysis  omits  the  Stark  effect,  the  intra-collisional  field  effect  and  a  full  quantum 
mechanical  treatment  of  the  ionization  transition  rate  which  all  may  be  important  at  the 
field  strengths  and  carrier  energies  examined,  the  results  give  a  rough  first  estimate  of  the 
impact  ionization  rate  in  GaN. 
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ABSTRACT 

Exposure  to  numerous  acids  and  bases  and  UV/O3  oxidation  were  used  to  determine  the  best  ex 
situ  cleaning  techniques  for  the  (0001)  surfaces  of  AIN  and  GaN.  HF  arid  HCl  were  the  most 
effective  in  removing  the  oxide  from  AIN  and  GaN,  respectively.  However,  AES  and  XPS 
revealed  the  surfaces  to  be  terminated  with  F  and  Cl  which  inhibM  re-oxidation  prior  to  loading 
into  vacuum.  TPD  showed  that  temperatures  of  650  and  850“C  are  necessary  to  thermally  desorb 
the  Cl  and  F,  respectively.  UV/O3  oxidation  in  air  was  not  effective  in  removing  hydrocarbons 
from  either  surface  but  was  effective  for  oxide  growth.  In  situ  remote  hydrogen  plasma  exposure 
at  450“C  removed  halogens  and  hydrocarbons  remaining  after  ex  situ  cleaning  of  both  AIN  and 
GaN  surfaces;  however,  oxide  free  surfaces  could  not  be  achieved.  Thermal  desorption  of 
hydrocarbons  from  GaN  in  UHV  was  achieved  at  650°C.  Complete  thermal  desorption  of  the 
surface  oxide  in  UHV  was  only  achieved  at  temperatures  >  SOO-C  where  some  GaN 
decomposition  occurred.  Annealing  GaN  in  NH3  at  7{)0°C  reduced  the  surface  oxide  without  loss 
of  surface  stoichiometry. 

INTRODUCTION 

Surface  cleaning  and  preparation  is  an  absolutely  critical  first  step  in  all  semiconductor 
processing  [1].  Improper  removal  of  surface  contamination  and  oxides  prior  to  Si  homoepitaxy 
has  been  shown  to  result  in  an  increase  in  the  density  of  line  and  planar  defects  in  expitaxial  films 
from  <10^/cm2  to  >  lO^^/cm^  [2-4]  and  an  associated  drop  in  device  yield  [2].  Improper  removal 
of  surface  oxides  prior  to  metal  contact  deposition  has  been  demonstrated  to  result  in  higher  contact 
resistances,  changes  in  Schottky  barrier  heights,  and  lack  of  parameter  uniformity  [5,6].  Surface 
preparation/cleaning  can  passivate  the  surface  dangling  bonds  which  control  the  existence  and 
density  of  surface/interface  states  in  metal  contacts  and  metal-insulator-semiconductor  devices 
[7,8].  In  the  latter,  a  large  density  of  interface  states  can  produce  changes  in  threshold  voltage  and 
must  be  controlled  to  ensure  uniformity  in  device  operation.  Drift  in  Ae  MIS  parameters  has  also 
been  linked  to  the  presence  of  alkali  ions  at  the  interface  which  can,  in  part,  be  controlled  by 
surface  cleaning  prior  to  insulator  deposition  [9].  Lastly,  the  existence  of  either  positive  or 
negative  electron  affinities  in  diamond  [10]  have  been  shown  to  be  significantly  dependent  on 
surface  preparation.  The  control  of  the  surface  electron  affinity  may  be  important  for  the 
development  of  cold  cathodes  from  AIN  and  AlGaN  alloys. 

To  the  authors’  knowledge  there  has  been  no  systematic  investigation  and  comparison  of  surface 
preparation  and  cleaning  techniques  for  IH-V  Nitride  surfaces.  Thus  the  objectives  of  this  ongoing 
study  have  been  to  investigate  the  applicability  of  both  ex  situ  and  in  situ  cleaning  techniques  found 
useful  in  semiconductor  technologies  based  on  Si  and  GaAs.  The  removal  of  adventitious  carbon 
and  oxygen  were  of  paramount  importance;  however,  the  elimination  of  other  contaminants 
including  Na  and  residual  species  associated  with  the  cleaning  processes  were  also  addressed.  The 
information  gained  in  these  studies  will  then  be  used  to  tailor  and  refine  selected  cleaning 
techniques  specifically  to  the  III-V  nitrides. 

EXPERIMENTAL 

The  surfaces  of  a  variety  of  AIN  and  GaN  samples  were  investigated.  The  AIN  samples  were 
derived  from  (1)  films  epitaxially  grown  either  on  6H-SiC  ((X)01)si  by  organometaUic  vapor  phase 
epitaxy  (OMVPE)  [11]  or  gas  source-molecular  beam  epitaxy  (GSMBE)  [12]  or  (2)  deposit^  via 
reactive  ion  sputtering  on  Si  (111)  and  (3)  hotpressed  polycrystalline  AIN  wafers.  The  GaN 
surfaces  investigated  were  those  of  GaN  films  either  epitaxially  deposited  directly  on  6H- 
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SiC(OOOl)  or  on  epitaxial  AIN  buffer  layers  previously  grown  on  6H-SiC  (0001)  by  OMVPE  [11] 
and  GSMBE  [12],  respectively. 

The  in  situ  cleaning  and  the  surface  analyses  of  the  samples  subjected  to  ex  situ  and  in  situ 
cleaning  were  conducted  in  a  unique  ultra-high  vacuum  (UHV)  system  consisting  of  a  36  ft.  long 
UHV  transfer  line  to  which  were  connected  several  surface  an^ysis  and  thin  film  deposition  units. 
The  details  of  each  unit  and  the  transfer  line  have  been  described  elsewhere  [10],  CMOS  grade 
acids  and  bases  were  used  for  the  ex  situ  wet  cleaning  processes.  After  wet  chemical  cleans, 
samples  were  briefly  rinsed  in  18.4  MO  de-ionized  water,  blown  dry  with  N2,  mounted  to  a 
molybdenum  sample  holder  and  loaded  into  the  transfer  line  load  lock.  After  evacuation  for  ~  20 
min.,  the  samples  were  placed  in  the  transfer  tine  for  immediate  analysis  by  x-ray  photoelectron 
spectroscopy  (XPS)  and  Auger  electron  spectroscopy  (AES).  For  the  ultra-violet^ozone  (UV/O3) 
oxidation  studies,  a  specially  designed  box  was  used  which  incorporated  a  Hg  lamp  in  a  design 
described  in  ref.  [13j.  In  situ  methods  consisted  of  exposure  to  a  H  plasma  or  annealing  in  UHV 
or  fluxes  of  NH3,  Al,  or  Ga.  After  in  situ  cleaning  in  either  the  GSMBE  or  the  H  plasma  system, 
samples  were  immediately  (<  5  min.)  transferred  for  analysis  by  AES,  low  energy  electron 
diffraction  (LEED),  and  XPS.  XPS  analysis  was  performed  using  both  the  Al  (hv=1486.6  eV)  and 
Mg  (hv=1253.6  eV)  anodes  at  20  mA  and  lOkV,  AES  spectra  were  obtained  using  a  beam  voltage 
of  3  keV  and  an  emission  current  of  1  m  A.  LEED  was  performed  using  rear  view  optics,  a  be^ 
voltage  of  approximately  100  eV,  and  an  emission  current  of  1  mA.  Calibration  of  the  XPS 
binding  energy  scale  was  performed  by  measuring  the  position  of  the  Au  and  shifting  the 
spectrums  such  that  the  peak  position  occurred  at  83.98  eV.  All  sample  temperatures  quoted  here 
were  measured  using  an  optical  pyrometer  and  an  emissivity  of  0.5. 

RESULTS 

Ex  situ  and  In  situ  cleaning  of  AIN 

Figure  1(a)  shows  an  AES  spectrum  of  the  surface  of  an  as-received  OMVPE  AIN  sample  which 
is  oxidized  due  to  the  strong  affinity  of  Al  for  O2.  Additional  oxidation  via  UV/O3  was 
investigated  initially  as  a  possible  ex  situ  method  for  C  removal  from  the  nitride  surfaces.  Both 
AES  and  XPS  were  used  to  examine  an  OMVPE  AIN  film  which  had  been  cleaned  in 
trichloroethylene,  acetone,  and  methanol  for  5  min.  in  each  solvent  and  then  exposed  to  UV/O3  for 
10  min.  at  room  temperature.  As  shown  in  Fig.  1(b),  the  combination  of  solvent  cleaning  and 
UV/O3  exposure  reduced  the  surface  C  from  the  AIN  surface  by  50%.  Longer  UV/O3  exposures 
(30  min.  -  Ihr.)  with  or  without  a  solvent  preclean  did  not  further  decrease  the  surface  C. 
However,  Fig.  1(b)  does  show  that  the  AIN  surface  was  further  oxidized  by  the  UV/O3  exposure 
which  indicates  that  O3  was  being  generated  by  the  Hg  UV  lamp. 

As  AIN  is  reasonably  chemically  inert,  oxidation  of  an  AIN  surface  in  a  typical  laboratory 
ambient  does  not  proceed  rapidly.  Therefore,  UV/O3  exposure  was  used  to  repeatedly  grow  a  thin 
oxide  on  an  AIN  surface  to  assess  the  efficacy  of  wet  chemical  removal  of  this  oxide.  Various 
acids,  bases,  and  acid/base  mixtures  such  as  HCl,  HF,  HNO3,  H2SO4,  H3PO4,  H2O2,  NH3OH, 
NaOH,  acetic,  1:1:7  H20:H202:H2S04,  AND  RCA  SCI  &  SC2  were  investigated  as  possible 
etchants.  The  1:1  HC1:DI  and  NH30H:H202  solutions  reduced  the  surface  oxide,  however,  HF 
based  solutions  produced  surfaces  with  the  lowest  oxygen  levels  in  both  AES  and  XPS.  Fig.  Ic 
shows  an  AES  spectrum  taken  from  an  AIN  surface  exposed  to  UV/O3  for  20  min.  and  then 
dipped  in  10:1  buffered  HF  (7:1  NH4F:HF)  for  3  min.  A  dramatic  reduction  in  the  amount  of 
oxygen  was  achieved.  A  change  in  the  Al  KLL  line  shape  from  that  typical  of  aluminum  oxide  to 
that  of  aluminum  nitride  is  also  observed  (compare  Figures  1(b)  and  1(c))  [14].  Figure  1(c)  also 
shows  the  presence  of  a  small  concentration  of  F.  Relative  to  XPS,  AES  is  particularly  insensitive 
to  detecting  the  presence  of  fluorine.  Therefore,  XPS  was  employed  to  further  investigate  AIN 
surfaces  cleaned  using  HF  based  solutions.  For  this  purpose,  a  thin  (=  200A)  AIN  film  was 
intentionally  grown  on  6H-SiC  (0001)  by  GSMBE  such  that  the  electrons  tunneling  from  the 
conducting  SiC  substrate  into  the  insulating  AIN  film  would  be  sufficient  to  prevent  charging 
effects  in  the  XPS  spectra.  Figure  2(a)  shows  an  XPS  spectrum  of  the  FIs  region  from  a  GSMBE 
AIN  film  after  dipping  in  10:1  buffered  HF  (BHF)  for  10  min.  A  very  broad  peak  is  detected 
which  can  be  deconvoluted  using  a  Gaussian-Lorentzian  distribution  into  two  peaks  having  peak 
positions  of  688.5  and  686.8  eV. 
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Electron  Energy  (eV) 

Figure  1.  AES  spectrums  of  OMVPE  AIN:  (a)  As 
ledeved,  (b)  Solvent  clean  and  20  min.  UV/03 
exposure,  and  (c)  3  min.  in  10:1  buffered  HF  (BHF). 


Figure  2.  XPS  of  F  Is  from  200 A  AIN  film  on 
(0001)  6H-SiC  aften  (a)  dipping  in  10:1  BHF,  and 
annealmg  for  15  min.  eadi  at:  (b)  400*C,  (c)  6(X)'C, 
(d)800*C,and(e)950'C. 


The  chemistiy  of  F  on  AIN  was  further  investigated  using  AES,  XPS,  and  temperature 
programmed  desorption  (TPD).  Fig.  2(b)  shows  that  ^ter  annealing  an  HF  dipped  AIN  surface  at 
400“C  for  15  min.,  the  two  F  peaSs  become  more  distinguishable  and  positioned  at  688.7  and 
686.7  eV.  Annealing  at  600“C  resulted  in  a  reduction  in  the  high  binding  energy  peak,  as  shown 
in  Fig.  2(c);  this  peak  was  further  reduced  after  annealing  at  800°C.  Complete  elimination  of  the 
low  binding  energy  peak  at  686.5  eV  was  not  achieved  until  950'’C  for  15  min.  (Fig.  2e).  In  a 
separate  study  (data  not  shown)  [12],  TPD  was  performed  on  an  AIN  film  sputtered  on  Si  (111) 
which  had  been  subsequently  dipped  in  10:1  BHF.  A  large  TPD  peak  was  detected  for  desorption 
of  m/e'  19  and  20  (F  and  HF)  at  approximately  400“C  while  a  small  peak  for  m/e'  38  (F2)  was 
detected  at  500“C.  A  general  increase  in  m/e*  19  and  20  occurred  after  600”C  and  continued  until 
lOOO'C  after  which  annealing  was  stopped. 

As  complete  thermal  desorption  of  fluorine  from  AIN  occurred  only  at  elevated  temperatures,  the 
lower  temperature  process  of  remote  H  plasma  cleaning  was  investigated  for  this  purpose  and  for 
the  removal  of  other  contaminants.  The  details  regarding  the  RF  plasma  system  and  its  operation 
are  described  elsewhere  [15].  Atomic  H  has  been  previously  shown  to  be  extremely  efficient  for 
the  removal  of  halogens  from  Si  (001)  surfaces  [15,16].  Figure  3  shows  an  XPS  spectrum  of  the 
F  Is  region  taken  from  a  polycrystalline  AIN  wafer  before  and  after  exposure  to  a  remote  H 
plasma.  Figure  3(a)  shows  the  presence  of  a  large  quantity  of  F  on  the  AIN  surface  after  dipping 
in  10:1  BHF.  This  result  demonstrates  that  HF  is  ^0  useful  for  removing  surface  oxides  from 
AJN  ceramics.  Fig.  3(b)  reveals  that  almost  complete  removal  of  fluorine  is  achieved  after 
exposure  of  the  AIN  wafer  to  a  15  mTorr  20W  remote  H  plasma  at  450°C  for  5  min.  This 
technique  was  also  efficient  for  removal  of  C  from  AIN  surfaces,  as  shown  by  the  AES  spectrums 
in  Fig.  4(a)  and  4(b).  However,  it  was  not  found  efficient  for  removing  oxygen  from  AIN 
surfaces.  Amnealing  AIN  grown  via  OMVPE  and  GSMBE  in  UHV  in  fluxes  of  Al,  Ga,  and  NH3 
was  investigated,  but  none  of  these  processes  was  found  particularly  affective  in  further  removing 
oxygen  from  the  AIN  surface.  Exposure  to  silane  at  high  temperatures  (1()()0“C)  was  the  only  in 
situ  clean  found  capable  of  appreciably  removing  oxygen  from  an  AIN  surface  [12]. 
Unfortunately,  the  loss  of  oxygen  produced  by  the  silane  exposure  was  at  the  expense  of  some 
formation  of  Si-N  bonding  at  the  surface. 

Ex  situ  and  In  situ  Cleaning  pf  GaN 

Figure  5(a)  shows  an  AES  spectrum  from  an  as-received  GaN  film  grown  via  GSMBE.  As  this 
sample  was  kept  on  a  laminar  flow  bench  for  the  period  of  time  that  it  was  removed  from 
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Figure  3.  XPS  of  F  Is  from  polycrystalline  AIN 
wafer  cleaned  in  10:1  BHF  (a)  before  and  (b)  aftear 
remote  H  plasma  at  450°C  (15  mTorr,  20W).  Note  F 
Is  shifted  due  to  sample  charging. 


Electron  Energy  (eV) 

Figure  4.  AES  spectrums  of  OMVPE  AIN  after:  (a) 
UV/O3  and  10:1  BHF  dip  (b)  remote  H  plasma  at 
450'C.  OMVPE  GaN  after  (c)  UV/O3  and  HC1:DI, 
(d)  remote  H  plasma  at  KXl'C,  and  (e)  H  plasma  at 
450‘C. 


vacuum  (1  day),  the  level  of  C  contamination  was  quite  small.  To  investigate  the  ability  of  UV/O3 
to  remove  carbon  from  GaN  surfaces,  the  GaN  film  was  exposed  to  UV/Oa  for  10-20  min.  and 
investigated  with  AES.  Figure  5(b)  shows  that  this  exposure  resulted  in  additional  oxidation  of  the 
GaN  surface  without  significantly  affecting  the  level  of  C  contamination.  On  the  contrary,  the  C 
level  actually  increased,  probably  as  a  result  of  the  increased  handling  of  the  sample  during 
unmounting  and  remounting  for  the  UV/O3  treatment  Examination  of  the  UV/Oa  treated  GaN 
surfaces  with  LEED  did  not  detect  any  diffraction  patterns,  indicating  that  the  O3  generated  oxide  is 
amorphous. 

The  combination  of  UV/O3  oxidation  and  exposure  to  the  same  acids  and  bases  investigated 
above  for  oxide  removal  from  AIN  was  used  to  determine  the  best  chemical  method  for  removing 
oxides  from  GaN  surfaces.  In  this  case,  1:1  HC1:DI,  NH30H:H202,  and  10%  HF  mixtures,  were 
very  effective  for  oxide  removal.  The  HC1:DI  etch  produced  surfaces  with  the  lowest  oxide  levels. 
The  surfaces  exhibited  (1x1)  LEED  diffraction  patterns  after  cleaning.  However,  these  surfaces 
contained  Cl,  as  shown  in  Fig.  5c. 

In  a  separate  study  [17],  Ae  thermal  desorption  of  Cl  and  the  removal  of  contaminants  from 
HCl-cleaned  GaN  surfaces  were  examined.  The  concentration  of  the  former  was  decreased  below 
the  detection  limit  of  AES  by  annealing  at  bOO'C  or  greater.  Annealing  at  >  800°C  resulted  in 
decomposition  of  the  GaN  films,  as  detected  by  monitoring  the  evolution  of  m/e'  28  and  69  with  a 
residud  gas  analyzer  (RGA).  Further  investigation  of  G^  oxide  (native  or  produced  via  UV/O3 
processing)  removal  via  annealing  in  fluxes  of  Ga  and  NH3  were  also  conducted.  Both  procedures 
resulted  in  a  reduction  in  the  amount  of  surface  oxides  (see  Fig.  6a-f),  but  annealing  in  NH3 
produced  the  most  stoichiometric  surface  with  the  lowest  levels  of  oxygen.  However,  oxygen 
could  not  be  removed  below  the  detection  limit  («  0.1%)  of  our  AES  system. 

The  use  of  a  remote  hydrogen  plasma  for  cleaning  GaN  was  also  investigated.  Figure  4  (c) 
shows  an  AES  spectrum  from  a  HC1:DI  cleaned  OMVPE  GaN  film  before  plasma  exposure. 
Exposure  to  a  15  mTorr,  20W  remote  H  plasma  for  5  min.  at  100”C  resulted  in  the  complete 
removal  of  Cl  and  surface  C  within  the  detection  limit  of  AES.  However,  the  level  of  oxygen  was 
found  to  increase  dramatically,  due  to  the  low  temperature  plasma  exposure  (Fig.  4d).  A  second 
exposure  of  the  same  sample  to  a  H  plasma  at  450°C  for  10  min.  resulted  in  a  reduction  of  the 
oxygen  level  to  that  prior  to  the  first  H  plasma  exposure.  Higher  sample  temperatures  during 
plasma  processing  were  investigated,  but  futher  reduction  of  the  surface  oxygen  levels  was  not 
realized. 
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Figure  5.  AES  spectrums  from  GSMBE  GaN  after 
(a)  1  day  in  air,  (b)  UV/O3  oxidation,  and  (c)  5  min. 
etch  in  HCl:DI. 


Figure  6.  AES  spectrums  of  GSMBE  GaN 
exposed  to  UV/O3,  and  after  annealing  in:  (b)  UHV  at 
bSO'C,  20  min.,  (c)  NH3  at  bSO'C,  20  min.,  (d)  Ga 
at  bSO'C,  40  min.,  (e)  NH3  at  720'C,  20  min.,  and 
(f)  NH3  at  800°C,  25  min. 


DISCUSSION 

Ex  situ  wet  chemical  cleaning  of  GaN  and  AIN  surfaces  with  HCl-  and  HF-based  solutions 
produced  surfaces  with  the  lowest  levels  of  oxygen  but  with  significant  concentrations  of  Cl  and  F, 
respectively.  The  authors  hypothesize  that  the  halogens  tie  up  dangling  bonds  at  the  nitride  surface 
and  inhibit  re-oxidation.  As  such,  the  presence  of  significant  amounts  of  Cl  on  GaN  and  F  on  AIN 
is  not  unexpected  given  their  respective  metal-halogen  bond  strengths  (Ga-Cl=48i  and  Al-F=664 
kJ/mol  [18]).  The  increased  halogen  content  on  the  IH-V  nitrides  relative  to  other  ni-V  materials 
may  be  related  to  the  larger  ionic  component  to  bonding  in  the  former.  The  rather  high  temperature 
stability  of  fluorine  on  AIN  also  parallels  with  the  thermal  stability  of  AIF3  (Tni=13(X)”C)  [18]. 

In  the  AIN-F  TPD  experiments,  two  F  Is  XPS  peaks  were  detected  at «  688.7  and  686.6  eV 
which  disappeared  after  annealing  at  600  and  950°C.  The  lower  binding  energy  F  Is  peak  is 
attributed  to  fluorine  directly  bonded  to  aluminum,  as  the  value  of  686.6  eV  directly  corresponds 
with  the  value  of  686.  3  eV  reported  for  AIF3  H2O  [19].  As  binding  energies  of  atomic  core  levels 
tend  to  be  higher  in  molecules,  the  authors  propose  that  the  higher  binding  energy  F  Is  peak  is  due 
to  physisorbed  HF,  NF,,  or  CF^.  This  would  correlate  with  the  lower  desorption  temperature 
observed  for  the  higher  binding  energy  peak. 

Halogen  removal  from  silicon  surfaces  using  atomic  H  has  been  shown  to  be  via  an  Ely-Rideal 
mechanism  [16].  In  this  mechanism,  atomic  H  is  able  to  extract  halogens  from  silicon  without 
being  thermally  accomodated  at  the  surface.  The  H  atom  can  accomplish  this  due  to  the  220  kJ/mol 
(relative  to  V2H2(g))  of  excess  potential  energy  residing  in  the  H  atom.  In  the  case  of  GaN  and 
AIN,  a  detailed  study  has  not  yet  been  made  to  ascertain  whether  Ely-Rideal  is  operable  in  halogen 
extraction  from  these  surfaces.  However  in  Fig.  3,  it  was  shown  that  a  small  amount  of  F  was  still 
present  on  the  AIN  surface  after  H  plasma  exposure  at  450°C.  Given  the  large  flux  of  atomic  H 
GO^^/cm^s  [15])  produced  in  the  plasma,  complete  removal  of  F  from  AIN  would  be  expected  if 
Ely-Rideal  were  operable. 

It  was  shown  in  Fig.  6  that  annealing  GaN  in  NH3  at  800°C  reduced  the  surface  oxide  while 
maintaining  a  stoichiometric  surface  and  prohibiting  decomposition  of  the  GaN  film.  This  is 
analogous  to  other  III-V  compounds  where  it  has  b^n  found  necessary  to  anneal  in  a  flux  of  the 
group  V  component  during  oxide  desorption.  However,  it  should  be  noted  that  removal  of  oxygen 
below  the  AES  detection  limit  was  not  achieved  when  annealing  in  NH3.  This  could  be  relat^  to 
problems  particular  to  the  use  of  ammonia.  Water  is  a  notorious  contaminant  in  ammonia  the 
detection  of  which  is  non-trivial.  Ammonia  also  displaces  H2O  from  stainless  steel  chamber  walls 
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and  tubing  which  bcreases  the  background  concentration  of  the  latter  in  a  system  during  cleaning 
[20].  For  these  reasons,  it  may  be  difficult  to  completely  remove  oxygen  from  GaN  via  annealing 
in  ammonia.  However,  the  small  levels  of  oxygen  detected  in  AES  may  also  be  due  to  electron 
beam  induced  oxidation  of  GaN  during  the  AES  analysis.  This  effect  has  been  documented  for  II- 
VI  compounds  such  as  ZnSe  [21].  Currently,  investigations  are  underway  to  determine  the  source 
of  the  small  amounts  of  detected  oxygen. 

CONCLUSIONS 

Of  the  numerous  acids  and  bases  examined,  HF  and  HCl  solutions  were  the  best  for  removal  of 
oxides  from  AIN  and  GaN,  respectively.  However,  significant  amounts  of  F  and  Cl  were 
detected  using  AES  and  XPS  on  these  surfaces  after  dipping  in  HF  and  HCl,  respectively.  It  is 
h’-'p-othesizeu  that  these  halogens  tie  up  dangling  bonds  at  these  nitride  surfaces  hindering  re- 
oxidation  of  the  surface.  Fluorine  was  very  thermally  stable  requiring  temperatures  of  >  850°C  for 
desorbtion.  Remote  H  plasma  exposure  was  effective  for  removing  halogens  and  hydrocarbons 
from  both  AIN  and  GaN  surfaces  at  temperatures  of  450°C,  but  was  not  particularly  efficient  for 
oxide  removal.  Annealing  GaN  in  NH3  at  700-o00°C  produced  clean  as  well  as  stoichiometric 
GaN  surfaces. 
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ABSTRACT 

Development  of  devices  based  on  the  wide  gap  semiconductor  gallium  nitride  (GaN) 
requires  the  realization  of  reliable,  high  fidelity,  low  damage  pattern  transfer  processes.  In  this 
work,  GaN  thin  films  grown  by  OMVPE  have  been  subjected  to  both  chlorine-  and 
methane/hydrogen-based  etch  chemistries  in  an  electron  cyclotron  resonance  mierowave  plasma 
reactive  ion  etehing  system.  Both  n-type  and  semi-insulating  thin  films  have  been  utilized  to 
examine  the  effeet  of  these  etch  processes  on  the  electronic  properties  of  the  materials.  The 
methane/hydrogen-based  etch  system  (CH4/H2/Ar)  induced  considerable  changes  in  the  electrical 
properties  of  both  n-type  and  semi-insulating  films,  causing  the  former  to  become  more  insulating 
and  the  latter  to  become  conducting.  In  both  cases,  the  original  electrical  properties  were 
recoverable  after  a  short,  high  temperature  anneal.  In  the  chlorine-based  etching  system  (CI2),  no 
changes  in  the  electrical  properties  were  observed  and  etch  rates  five  times  greater  than  in  the 
methane/hydrogen-based  system  were  achieved.  Proposed  mechanisms  responsible  for  the 
observed  behavior  will  be  discussed.  These  results  show  that  pattern  transfer  processes  based  in 
chlorine  etch  chemistries  are  more  suitable  for  the  generation  of  high  performance  GaN  devices. 

INTRODUCTION 

The  wide  band-gap,  compound  semiconductor  gallium  nitride  (GaN)  continues  to  increase 
in  importance  for  the  development  of  high  temperature  electronic  and  blue/green  optoelectronic 
device  structures.  Consistent  with  this  trend,  the  ability  to  pattern  GaN  using  dry  etching 
techniques  has  been  an  area  of  increasing  research[l-7].  As  with  most  semiconductor  processing 
techniques,  the  objective  is  to  achieve  the  desired  result  (here,  the  delineation  of  small  areas  of 
semiconducting  thin  film)  with  minimal  modification  to  the  properties  of  the  material,  namely, 
the  electronic  properties.  In  dry  etch  processing,  the  electronic  properties  of  the  remaining  thin 
film  structures  can  be  affected  in  several  ways:  1)  the  direct  ion  bombardment  of  the  surface  can 
cause  structural  defects  to  form  near  the  surface  of  the  semiconductor,  2)  reactive  specie  from 
the  plasma  can  penetrate  into  the  remaining  structure  and  alter  the  electronic  properties  through 
passivation  of  carriers,  and  3)  the  creation  of  recombination  centers  at  the  surface  as  a  result  of 
unpassivated  semiconductor  bonds.  Carrier  passivation,  particularly  when  hydrogen  is  present 
in  the  process,  has  been  shown  to  be  a  significant  problem  for  III-V  materials[8].  Several  studies 
have  shown  that  at  elevated  temperatures,  hydrogen  exposure  can  result  in  significant  passivation 
of  carriers  in  GaN  to  depths  of  up  to  a  micrometer[9,10].  Previous  works  have  examined  GaN 
etching  in  high  density  discharges  using  chlorine-  [1 -3,5,7],  methane/hydrogen-based  [1-4],  and 
mixtures  of  these  chemistries [6].  These  works  have  shown  that  both  discharges  are  effective  in 
performing  anisotropic  pattern  transfer  on  GaN  even  down  to  nanometer-scale  feature  sizes,  but 
none  of  these  works  evaluate  the  effect  of  the  etch  process  on  the  properties  of  the  remaining 
structures. 
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In  this  work,  we  report  on  the  effects  of  electron  cyclotron  resonance  microwave  plasma 
reactive  ion  etching  (ECR-RJE)  in  both  CH4/H2/Ar  and  CI2  chemistries  on  the  electronic 
properties  of  n-type  and  semi-insulating  gallium  nitride  layers.  In  both  materials,  modifications 
to  the  electronic  properties  are  observed.  The  effects  of  post-etch  rapid  thermal  anneals  on  the 
electronic  properties  are  also  presented  and  preliminary  explanations  are  offered  for  the  observed 
behaviors. 

EXPERIMENT 

Two  types  of  GaN  thin  films  were  used  in  this  study  and  both  were  grown  between  1 
and  3  p.m  thick  onto  sapphire  substrates  by  organometallic  vapor  phase  epitaxy.  The  first  set  of 
films  were  undoped,  n-type  GaN  films  with  carrier  concentrations  between  10>7  and  10^^  cm-^ 
and  carrier  mobilities  between  150  and  300  cm^A^'s.  These  mobility  values  indieate  that  the 
films  are  highly  compensated[l  1].  The  second  set  were  highly  resistive  or  semi-insulating  GaN 
thin  films.  For  the  n-type  films  Van  der  Pauw  type  Hall  measurements  were  used  for  evaluation 
of  electronic  properties  during  processing  steps.  For  semi-insulating  films,  simple  I-V 
characteristics  were  used  to  determine  the  general  resistivity  of  the  films.  For  these 
measurements  ohmic  contacts  of  tungsten/10%  titanium  were  used.  These  ISOOA  thick  contacts 
also  served  as  lithographic  masks  for  etch  processing  to  aid  in  determination  of  the  change  in 
layer  thickness  by  profilometry. 

The  etching  techniques  applied  to  the  GaN  thin  films  were  predominantly  perfonned  in 
an  ECR-RIE  system  described  previously[12].  In  these  proeesses,  the  total  pressure  was  held  at 
ImTorr  while  total  flows  of  12.8  seem,  9.6  seem,  6.8  seem  and  9.0  seem  were  used  for 
CH4/H2/Ar  (2.876.8/3.2  flow  fractions),  CH4/H2  (2. 8/6. 8),  H2  and  CI2  chemistries,  respeetively. 
Microwave  powers  of  400W  and  200W  were  used  for  hydrogen-containing  and  chorine-based 
chemistries,  respectively.  The  capacitively  coupled,  rf-induced  dc  bias  level  of  the  substrate 
platen  was  typically  -300  V  (1.6  W/cm^)  for  methane/hydrogen-based  etch  chemistries  and 
-250V  (1.4  W/cm2)  for  the  chlorine  etch  chemistry.  The  substrates  were  plaeed  32  cm 
downstream  of  the  position  of  the  electron  cyclotron  resonance  condition,  defined  by  the  on-axis 
location  of  the  875  G  magnetic  field  intensity  contour.  A  fewer  number  of  etching  experiments 
were  performed  in  a  traditional  parallel  plate  reactive  ion  etching  apparatus  using  BCI3  chemistry 
and  in  wet  chemical  etching  using  hot  phosphoric  acid.  The  etching  rates  of  both  GaN  and  the 
W/Ti  ohmic  contact  material  for  the  various  dry  etch  chemistries  are  presented  in  Table  I. 

TABLE  I.  GaN  and  W/10%Ti  etch  rates  in  various  plasma  chemistries. 

GaN  etching  rate  W/Ti  etching  rate 
Plasma  Chemistry  (A/min)  (A/min) 


CH4/H2/Ar 

140 

14 

CH4/H2 

90 

1-5 

H2 

30 

1-5 

BCI3  (RIE) 

80 

10 

CI2 

500 

100-200 

Rapid  thermal  annealing  experiments  were  performed  to  evaluate  the  response  of  electrical 
parameters  to  annealing  treatments.  In  these  experiments,  the  wafer  is  placed  face  down  on  a  Si 
wafer  with  the  GaN  surface  in  contact  with  the  smooth  Si  surface.  Annealing  was  performed  in 
flowing  N2  gas.  The  sample  was  first  annealed  at  400  °C  for  30  sec  and  then  a  room  temperature 
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Hall  measurement  was  performed.  Using  the  Hall  data,  the  sheet  electron  concentration,  ng,  was 
calculated  using  a  Hall  factor,  P,  equal  to  one.  The  annealing  was  continued  by  100  °C  increments, 
each  of  30  sec  duration.  After  each  anneal  the  electrical  parameters  were  determined. 

RESULTS 

When  GaN  is  subjected  to  an  etch  involving  hydrogen-containing  gas  mixtures  (either 
methane/hydrogen/argon,  methane/hydrogen,  or  hydrogen  alone)  the  electronic  properties  of  the 
remaining  film  are  severely  altered.  In  all  of  the  above  etch  chemistries,  the  films  resistivity  is 
increased  to  levels  significantly  above  those  expected  based  on  the  reduetion  in  film  thickness 
alone.  Meanwhile,  the  mobility  is  substantially  reduced.  For  example,  when  a  3  |im  thick  GaN 
sample  is  exposed  to  the  CH4/H2/Ar  etching  environment  for  1  hour,  approximately  SOOOA  of 
film  is  removed.  With  this  removal,  the  expected  increase  in  resistivity  is  about  40%  over  the 
original  value  of  the  film  and  the  mobility  is  expected  to  be  largely  unaffected  as  a  result  of  the 
reduction  in  film  thickness.  However,  when  the  films  properties  are  measured  after  exposure,  the 
resistivity  is  seen  to  increase  by  120%  and  the  mobility  is  decreased  by  50%. 

In  sharp  contrast,  if  3pm  thick  GaN  films  are  exposed  to  either  an  8  minute  ECR  CI2 
plasma  (under  nearly  identical  conditions)  or  a  BCls  parallel  plate  RIE  plasma  for  35  minutes 
only  small  changes  in  the  resistivity  and  mobility  values  are  observed.  These  changes  are 
consistent  with  the  thickness  variation  before  and  after  the  etching.  It  should  also  be  noted  that 
wet  chemieal  etehing  in  hot  phosphoric  acid  causes  no  change  in  the  resistivity  or  mobility 
values. 

The  observed  changes  to  the  electronic  properties  of  GaN  thin  films  etched  in  H2- 
containing  plasmas  can  be  summarized  as  follows:  1)  the  measured  sheet  resistivity  is 
significantly  greater  than  the  calculated  sheet  resistivity,  2)  the  measured  mobility  is  less  than  the 
ealculated  mobility  and  3)  the  measured  sheet  carrier  concentration  is  greater  than  the  expected 
sheet  carrier  concentration.  All  of  these  observations  can  be  satisfied  if  the  near  surface  layer 
doping  level  (n=N(i-Na)  is  increased.  In  principle,  the  creation  of  hydrogen  complexes  by 
passivating  acceptors  or  the  formation  of  hydrogen-related  donor  levels  could  explain  our 
observations.  Acceptors  forming  neutral  complexes  with  hydrogen,  would  deerease  the  ionized 
acceptor  concentration  Na".  Therefore,  the  free  earrier  concentration,  n=(Nd'^-Na'),  would 
increase.  Simultaneously,  with  the  decreased  concentration  of  ionized  acceptors,  the  mobility 
would  decrease.  Likewise,  increasing  the  ionized  donor  concentration  would  increase  the  free 
earrier  coneentration  and  decrease  the  mobility.  These  results  are  consistent  with  the  known 
results  of  hydrogen  interaetion  with  III-V  semieonductors[10,13]. 

It  is  well  known  that  the  dopants  in  the  dopant-hydrogen  eomplexes  can  be  reactivated 
by  annealing.  Therefore,  the  annealing  behavior  of  the  as-grown  and  plasma  etched  GaN  thin 
films  has  also  been  investigated.  As  grown  GaN  layers  subjected  to  30  sec  aimeals  from  400  °C 
to  900  ”€  did  not  display  any  changes  in  their  sheet  resistivity  or  Hall  mobility  values. 
However,  when  the  annealing  process  was  applied  to  GaN  films  previously  subjected  to 
hydrogen-containing  plasma  etches,  a  continuous  decrease  in  the  sheet  resistivity  and  a 
continuous  increase  in  the  mobility  values  was  observed.  The  calculated  sheet  carrier 
concentrations  are  also  decreased.  Table  II  presents  the  measured  sheet  resistivity  and  mobility 
values,  and  the  calculated  Ug  values  for  the  GaN  films  before  and  after  the  annealing  process.  We 
have  found  that  after  30  see  annealing  at  approximately  800  ”C,  the  Ug  and  the  mobility  values 
agree  with  those  of  the  pre-etched  films  for  samples  exposed  to  H2,  or  CH4/H2  or  CH4/H2/Ar 
plasmas.  The  recovery  of  the  layers  electrical  properties  is  consistent  with  the  breaking  of  the 
hydrogen-eomplex  bond.  Therefore,  it  should  lead  to  the  original  sheet  carrier  concentration  and 
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the  mobility  values.  However,  for  the  samples  exposed  to  CI2  or  BCI3  plasma  environments, 
similar  anneals  did  not  change  Og  or  the  mobility.  Without  hydrogen  in  the  plasma  there  should 
be  no  change  in  or  the  mobility  values  during  anneals. 


TABLE  II.  Effect  of  post-etch  anneal  on  electronic  properties  of  GaN  thin  films. 


Sample, 

Step# 

RIE  plasma 
time 
(hr) 

Anneal 

Temperature 

CO 

Anneal 

Time 

(sec) 

Sheet 

Resistivity 
(Q/sq,  xlO^) 

Mobility 

(cmW'S) 

ns 

(cm-2,x] 

A,0 

2.6 

190 

1.3 

A,1 

CH4/H2/Ar,0.5 

6.2 

45 

2.2 

A, 2 

500 

30 

3.6 

95 

1.8 

A,3 

600 

30 

3.0 

125 

1.7 

A, 4 

700 

30 

2.7 

160 

1.4 

A,5 

800 

30 

2.3 

210 

1.3 

A,6 

800 

30 

2.3 

216 

1.3 

B,0 

1.6 

170 

2.3 

B,1 

BCI3,  0.6 

1.7 

165 

2.1 

B,2 

700 

30 

2.1 

160 

1.9 

C,0 

0.197 

120 

26 

c,i 

CI2,  0.05 

0.203 

123 

25 

C,3 

700 

30 

0.203 

115 

27 

The  effect  of  hydrogen-containing  plasma  etching  on  high  resistivity  or  semi- insulating 
GaN  thin  films  was  also  examined.  This  experiment  looked  at  the  current-voltage  (I-V)  trace 
between  any  two  of  the  four  Van  der  Pauw  Hall  measurement  contacts  before  and  after  various 
plasma  treatments.  The  as-grown  material  demonstrated  a  flat  line  I-V  characteristic  indicative  of 
a  highly  resistive  sample.  This  material  was  then  exposed  to  either  CH4/H2/Ar  or  CI2  plasmas 
under  conditions  similar  to  those  discussed  above.  After  exposure  to  the  hydrogen-containing 
plasma,  the  I-V  trace  is  linear  with  a  positive  slope  indicative  of  a  resistance  of  ~10^D.  On  the 
other  hand,  exposure  to  CI2  plasmas  resulted  in  no  change  of  the  I-V  characteristic.  If  the  altered 
sample,  which  was  previously  exposed  to  the  hydrogen-containing  plasma,  was  subsequently 
exposed  to  the  chlorine  plasma,  the  original  high  resistivity  was  restored  after  2000A  of  GaN 
removal.  Thus,  it  appears  that  the  effected  depth  of  the  hydrogen  is  <  2000A. 

CONCLUSIONS 

It  has  been  shown  that  plasma  etching  in  hydrogen  containing  plasmas  (either  CH4/H2/Ar, 
CH4/H2,  or  H2)  results  in  an  increase  in  the  n-type  GaN  layer  sheet  resistivity  and  decreases  the 
mobility.  Wet  chemical  etching  in  hot  phosphoric  acid  or  dry  etching  in  a  high  density  CI2 
discharge  or  a  parallel  plate  RIE,  BCI3  discharge  did  not  introduce  changes  in  the  layer  electrical 
properties.  The  hydrogen-containing  plasma  etch’s  influence  on  electronic  properties  can  be 
removed  by  subsequent  annealing  at  SOO'C.  The  creation  of  hydrogen  complexes  {HNa}°  by 
passivating  acceptors  or  by  the  formation  of  hydrogen  related  donors  {H'Nd'*^}+  could  explain  the 
effects  observed  due  to  hydrogen  plasma  exposure  by  increasing  the  sheet  carrier  concentration. 
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n=|Nd‘^-Na'|.  It  has  also  been  shown  that  exposure  of  high  resistivity  or  semi-insulating  GaN  to 
hydrogen-containing  plasmas  results  in  increased  conductivity  of  the  top  <  2000 A  of  the 
remaining  GaN  layer.  In  general,  these  results  show  that  pattern  transfer  processes  based  in 
chlorine  etch  chemistries  are  more  suitable  for  the  generation  of  high  performance  GaN  devices. 
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ABSTRACT 


Electron  cyclotron  resonance  (ECR)  etching  of  GaN  in  Cl^/H^/Ar,  Cl^/SF^Ar,  BCl^/H^/Ar  and 
BCl^/SF^Ar  plasmas  is  reported  as  a  function  of  percent  H2  and  SF^.  GaN  etch  rates  were  found 
to  be  2  to  3  times  greater  in  discharges  than  in  BClj/Hj/Ar  discharges  independent  of  the 

Hj  concentration.  In  both  discharges,  the  etch  rates  decreased  as  the  concentration  increased 
above  10%.  When  SF^  was  substituted  for  H2,  the  GaN  etch  rates  in  BClj-based  plasmas  were 
greater  than  those  for  the  Cl2-based  discharges  as  the  SF^  concentration  increased.  GaN  etch  rates 
were  greater  in  discharges  as  compared  to  Cl2/SFg/Ar  discharges  whereas  the  opposite 

trend  was  observed  for  BCl3-based  discharges.  Variations  in  surface  morphology  and  near-surface 
stoichiometry  due  to  plasma  chemistries  were  also  investigated  using  atomic  force  microscopy  and 
Auger  spectroscopy,  respectively. 


INTRODUCTION 


Wide  band-gap  group-III  nitrides  continue  to  attract  interest  as  blue  and  ultraviolet  emitters  and 
detectors,  high  temperature  electronics,  and  passivation  layers' ^  Recent  advances  in  the  growth 
of  GaN  films  have  resulted  in  device  demonstrations  of  GaN  light  emitting  diodes  (LEDs)^’  ^  and 
metal  semiconducting  field  effect  transistors  (MESFETs)^’  Although  progress  has  also  been 
reported  in  dry  patterning  these  materials,  rapid  development  of  material  growth  and  advanced 
device  structures  including  lasers  and  heterojunction  bipolar  transistors  (HBTs)  has  increased  the 
need  for  anisotropic,  smooth,  high-rate  etching.  A  variety  of^j)lajsma  etch  chemistries  have  been 
reported  in  a  reactive  ion  etch  (RIE)  system  using  chlorine-  ’  and  bromine-  based  plasma 
chemistries.  Etch  rates  for  GaN  up  to  approximately  650  A/min  have  been  reported  at  dc  biases  of 
-400  V.  Significantly  higher  etch  rates  have  been  reported  in  electron  cyclotron  resonance  (ECR) 
etch  systems  where  the  plasma  is  confined  by  a  magnetic  field  to  provide  a  high  density  plasma  at 
low  pressure  and  low  ion  energies.  Most  ECR  etching  of  GaN  has  been  performed  using  CX^^- 
based  plasmas. Highly  anisotropic  GaN  etching  was  obtained  at  dc-biases  ranging  from  -150 
to  -250  V  with  etch  rates  exceeding  2800  A/min. 

In  this  paper,  we  report  ECR  etching  of  GaN  as  a  function  of  plasma  chemistry  using 
Cl^/H^/Ar,  Cl^/SFg/Ar,  BCl^/H^/Ar,  and  BCl^/SF^/Ar  plasmas.  These  discharge  chemistries  are 
expected  to  etch  GaN  due  to  the  high  volatility  of  the  Ga-chlorides  and  the  formation  of  volatile 
NHjj  or  NF^  etch  products  with  the  addition  of  Hj  or  SFg  to  the  plasma. 


EXPERIMENT 

The  GaN  films  were  grown  using  Metal  Organic  Molecular  Beam  Epitaxy  (MO-MBE)  on 
GaAs  substrates  in  an  Intevac  Gen  II  system  described  previously.  The  group-III  source  was 
triethylgallium  and  the  atomic  nitrogen  was  derived  from  an  ECR  Wavemat  source  operating  at  200 
W  forward  power.  The  layers  were  single  crystal  with  a  high  density  of  stacking  faults  and 
microtwins  and  were  resistive  as-grown. 
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The  GaN  samples  were  patterned  using  a  photoresist  mask.  The  ECR  plasma  reactor  used 
in  this  study  was  a  load-locked  Plasma-Therm  SLR  770  etch  system  with  an  ECR  source  operating 
at  2.45  GHz.  Energetic  ion  bombardment  was  provided  by  superimposing  an  rf-bias  (13.56  MHz) 
on  the  sample.  Samples  were  mounted  using  vacuum  grease  on  an  anodized  A1  carrier  that  was 
clamped  to  the  cathode  and  cooled  with  He  gas.  Etch  gases  were  introduced  through  an  annular 
ring  into  the  chamber  just  below  the  quartz  window.  To  minimize  field  divergence  and  to  optimize 
plasma  uniformity  and  ion  density  across  the  chamber,  an  external  secondary  collimating  magnet 
was  located  on  the  same  plane  as  the  sample  and  a  series  of  external  permanent  rare-earth  magnets 
were  located  between  the  microwave  cavity  and  the  sample.  ECR  etch  parameters  held  constant  in 
this  study  were:  30°C  electrode  temperature,  1  mTorr  total  pressure,  30  seem  total  gas  flow,  5 
seem  of  Ar,  850  W  of  applied  microwave  power,  and  150  W  rf-power  with  a  corresponding  dc- 
bias  of -150  ±  10  V. 

Etch  rates  were  calculated  from  the  depth  of  etched  features  measured  with  a  Dektak  stylus 
profilometer  after  removing  the  photoresist  mask.  Samples  etched  in  the  ECR  were  approximately 
1  cm  and  depth  measurements  were  taken  at  a  minimum  of  three  positions.  Error  bars  for  the  etch 
rates  were  ±10%  across  the  sample.  Limited  sample  supply  precluded  multiple  runs  at  each 
condition.  The  gas  phase  chemistry  of  the  plasma  was  studied  using  a  quadrupole  mass 
spectrometer  (QMS).  Surface  morphology,  anisotropy,  and  sidewall  undercutting  were  evaluated 
with  a  scanning  electron  microscope  (SEM).  The  root-mean-square  (rms)  surface  roughness  was 
quantified  using  a  Digital  Instruments  Dimension  3000  atomic  force  microscope  (Al^)  system 
operating  in  tapping  mode  with  Si  tips.  Auger  electron  spectroscopy  (AES)  was  used  to 
investigate  the  near-surface  stoichiometry  of  GaN  before  etch  and  after  exposure  to  several  plasma 
conditions. 


RESULTS  AND  DISCUSSIONS 

The  etch  rate  for  GaN  is  plotted  in  Figure  1  as  a  function  of  percent  hydrogen  concentration  for 
the  Cl2/H2/Ar  and  BCl3/H2/Ar  plasma  discharges.  The  GaN  etch  rates  were  consistently  greater 


Figure  1.  GaN  etch  rates  as  a  function  of  %H2  concentration  for  and  BCl3/H2/Ar 

plasmas. 
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in  the  Clj-based  plasma  as  compared  to  BCI3  by  a  factor  of  2  to  3  due  to  the  higher  concentration  of 
active  Cl  species.  The  trends  were  similar  for  both  plasmas  as  the  Hj  concentration  was  increased, 
however,  the  increase  in  etch  rate  at  10%  H2  was  much  more  significant  in  the  BClj-plasma.  The 
increase  in  etch  rate  observed  at  10%  concentration  in  BCI3  correlated  with  an  increase  in  the 
reactive  Cl  concentration  indicated  by  m/e  =35  peak  intensity.  In  the  Cl2-based  plasma,  the  GaN 
etch  rate  and  Cl  concentration  remained  relatively  constant  at  10%  H2.  As  the  H2  concentration 
was  increased  further,  the  Cl  concentration  decreased  and  the  HCl  concentration  increased  as  the 
GaN  etch  rates  decreased  in  both  plasmas,  presumably  due  to  the  consumption  of  reactive  Cl  by 
hydrogen. 

In  Figure  2,  GaN  etch  rates  are  shown  for  the  Cl2/SFg/Ar  and  BClj/SFg/Ar  plasmas.  With  the 
substitution  of  SFg  for  H2  in  the  Cl2-based  plasma,  the  GaN  etch  rate  was  typically  a  factor  of  2 
lower.  As  the  concentration  of  SFg  was  increased  the  etch  rate  decreased  up  to  30%  SF^  followed 
by  a  slight  increase  at  40%.  As  the  %SFg  was  increased  from  0  to  20,  the  Cl  concentration  (m/e  = 
35)  decreased  but  remained  significant;  GaN  etching  at  20%  SF^  might  be  expected  based  on  the  Cl 
concentration  alone.  However,  formation  of  SCI  (m/e  =  67)  was  observed  at  20%  SF^. 
Consumption  of  the  reactive  Cl  by  S  may  be  responsible  for  the  reduced  GaN  etch  rate.  At  30  and 
40%  SFg,  the  Cl  concentration  was  greatly  reduced  and  low  GaN  etch  rates  result.  The  opposite 
trend  was  observed  for  BCI3,  where  the  GaN  etch  rates  were  significantly  greater  when  SFg  was 
substituted  for  H2.  The  GaN  etch  rate  increased  up  to  30%  SFg  and  then  decreased  sharply  at  40% 
SFg.  The  Cl  concentration  (m/e  =  35)  also  increased  as  the  SFg  increased  to  30%  and  then 
decreased  at  40%.  As  with  the  Cl2-based  plasma,  there  appeared  to  be  a  competitive  reaction  of 
sulfur  with  chlorine  as  the  SCI  concentration  increased  above  30%  SFg.  Under  most  etch 
conditions,  the  trend  of  the  Cl  concentration  correlated  with  the  trends  observed  for  the  GaN  etch 
rate.  However,  a  higher  concentration  of  Cl  was  observed  at  40%  SFg  than  0%  SFg  while  the 
GaN  etch  rate  was  greater  at  0%  SFg.  Studies  are  planned  to  elucidate  the  chemistry  involved. 


Figure  2.  GaN  etch  rates  as  a  function  of  %SFg  concentration  for  Cl2/SFg/Ar  and  BCl3/SFg/Ar 
plasmas. 

The  root-mean-square  (rms)  roughness  of  the  etched  surfaces  were  quantified  using  AFM.  In 
Figure  3  the  rms  roughness  is  plotted  as  a  function  of  %H2  for  the  Cl2-based  and  BClj-based 
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plasmas.  The  rms  roughness  for  the  as-grown  GaN  was  6.4  ±  0.5  nm.  The  rms  roughness  for 
GaN  etched  in  CX^^lAi  increased  as  the  %H2  increased  from  0  to  10  and  then  decreased  as  the  H2 
concentration  was  increased  further.  The  roughest  surface  was  observed  at  10%  H2  where  the  etch 
rate  was  greatest.  In  the  BCl3/H2/Ar  plasma  the  rms  roughness  increased  slightly  as  the  %H2 
increased,  but  remained  relatively  smooth.  Pattern  transfer  into  GaN  was  very  smooth  in 
CySFg/Ar  and  BClj/SF^/Ar  discharges  with  rms  roughness  ranging  from  7.5  to  3.6  nm. 
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Figure  3.  GaN  rms  roughness  as  a  function  of  %H2  concentration  for  and  BClj/Hj/Ar 

plasmas.  The  rms  roughness  for  the  as-grown  GaN  is  6.4  ±  0.5  nm. 

The  etch  profiles  showed  a  strong  dependence  on  the  discharge  chemistry  (Figure  4).  The 
etched  surface  was  quite  rough  (Figure  4a)  in  the  Cl2/Ar  plasma  possibly  due  to  preferential 
removal  of  the  GaCl^^  etch  products.  The  foot  observed  at  the  edge  of  the  etched  feature  may  be 
attributed  to  mask-edge  erosion  due  to  the  aggressive  attack  of  photoresist  by  reactive  Cl.  As  the 
concentration  was  increased  to  20%  the  etch  became  smooth  and  very  anisotropic  (Figure  4b). 


(a)  (b)  (c) 


Figure  4.  SEM  micrographs  of  GaN  samples  ECR  etched  in  (a)  Cl2/Ar  plasma,  (b)  20%  H2 
C\Jh..JAv  plasma,  and  (c)  60%  H2  Cl2/H2/Ar  plasma.  The  photoresist  mask  has  been  removed. 
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However,  the  SEM  mierograph  showed  a  lower  density  of  surfaee  roughness  near  the  etched 
feature  than  AFM  images  scanned  in  open  10  x  10  |im  areas.  This  may  be  attributed  to  a  proximity 
effect  of  the  etch  where  redeposition  is  worse  in  the  open  areas.  It  may  also  explain  the  smooth 
etch  observed  in  Figure  4b  where  the  rms  roughness  measured  in  the  field  was  approximately  21 
nm.  At  60%  Hj,  the  etch  remained  smooth  and  anisotropic  with  a  slight  foot  at  the  base  of  the 
feature  (Figure  4c).  The  GaN  etch  profiles  in  Cl2/SFg  plasmas  were  anisotropic  with  relatively 
smooth  sidewalls  and  etched  surfaces.  Etching  GaN  in  BCI3/H2  or  BClj/SFg  resulted  in 
anisotropic  profiles  with  etched  surface  morphologies  similar  to  the  as-grown  samples.  The 
anisotropic  profiles  may  have  been  improved  in  the  BClj-based  plasmas  due  to  the  higher  physical 
component  of  the  etch  mechanism  as  compared  to  Cl2~based  plasmas. 

Auger  spectra  for  GaN  samples  etched  under  several  different  plasma  conditions  were  taken  to 
determine  the  near-surface  stoichiometry.  Prior  to  exposure  of  the  GaN  to  the  plasma,  the  Auger 
spectrum  for  the  as-grown  GaN  showed  a  Ga:N  ratio  of  1.5  with  normal  amounts  of  adventitious 
carbon  and  native  oxide  on  the  GaN  surface.  The  Auger  spectra  showed  virtually  no  Ga  or  N  for 
GaN  samples  exposed  to  the  Cl2/Ar  plasma  or  the  80%  H2  Cl2/H2/Ar  plasma.  This  is  not 
understood  since  the  GaN  was  grown  on  GaAs  and  showed  a  minimum  of  2500  A  of  GaN 
remaining  after  etch.  Since  the  Auger  spectra  were  near-surface  and  did  not  include  any  depth 
profiling,  redeposition  during  etch  may  have  prevented  the  observation  of  the  Ga  and  N  peaks. 
Further  surface  analysis  is  underway.  For  GaN  samples  etched  in  Cl2/SFg/Ar,  the  Ga:N  ratio 
increased  as  the  SF^  concentration  increased  implying  that  the  N  is  effectively  removed  as  NF^.  In 
the  BClj/Ar  plasma  the  Ga:N  ratio  increased  from  1.5  for  the  as-grown  sample  to  1.9  following 
exposure  to  the  plasma.  This  may  be  attributed  to  the  preferential  removal  of  the  lighter  N  atoms 
due  to  the  strong  physical  component  of  the  etch  mechanism  in  BC13  plasmas.  As  the  H2  or  SFg 
concentration  was  increased  in  the  BClj/Ar  plasma,  the  Ga:N  ratio  increased  to  6.3  for  80%  Hj  and 
4.2  for  40%  SFg.  Within  experimental  error,  these  trends  imply  that  the  GaN  film  is  being 
depleted  of  N  perhaps  due  to  preferential  chemical  etching  of  the  N  atoms  with  the  addition  of  H2 
or  SFgto  either  Clj-  or  BCl3-based  plasmas. 


CONCLUSIONS 


In  summary,  ECR  etching  of  GaN  is  reported  as  a  function  plasma  chemistry.  GaN  etch  rates 
were  greatest  in  CyAr  and  C\^l\{Jhx  at  10%  Hj.  Etch  rates  were  a  factor  of  2  to  3  times  higher  in 
CI2/H2  plasmas  than  BCI3/H2  plasmas  due  to  higher  concentrations  of  reactive  Cl.  As  the  hydrogen 
concentration  was  increased  above  10%,  the  GaN  etch  rate  decreased  in  both  plasmas  possibly  due 
to  consumption  of  the  reactive  Cl  by  hydrogen.  When  SFg  was  substituted  for  H2,  the  GaN  etch 
rates  were  greater  in  the  BCl3-based  plasma.  The  GaN  etch  rate  increased  as  SFg  was  added  to  the 
BCl3/Ar  plasma  up  to  30%  and  then  dropped  sharply  at  40%  SF^.  This  trend  correlated 
qualitatively  with  the  concentration  of  reactive  Cl.  In  general,  GaN  etch  rates  increased  as  the 
concentration  of  reactive  Cl  increased.  Surface  morphologies  were  evaluated  and  quantified  using 
AFM.  Very  smooth  pattern  transfer  was  obtained  for  a  wide  range  of  plasma  chemistries; 
however,  the  etched  surface  morphology  was  rougher  in  CyAr  and  Cl2/H2/Ar  plasmas  at  low  H2 
concentrations.  Etch  profiles  were  more  anisotropic  with  the  addition  of  H2  or  SFg  to  CI2.  The 
etch  profiles  were  typically  more  anisotropic  with  BClj-based  plasmas  due  to  the  physical  nature  of 
the  etch  while  the  etch  rates  were  slower  due  to  less  reactive  Cl  present  in  the  plasma.  Using 
Auger  spectroscopy,  we  have  observed  a  general  trend  where  the  Ga:N  ratio  increased  as  the 
concentration  of  H2  or  SF^  increased  implying  a  substantial  chemical  etch  mechanism  to  remove  N 
atoms  from  the  GaN  film. 
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ABSTRACT 

The  lll-V  nitrides  are  promising  materials  for  use  in  UV-blue-green  optoelectronics, 
high-temperature  electronics,  and  negative-electron-affinity  (NEA)  electron  emitter 
applications.  In  order  to  realize  this  potential,  it  is  important  to  develop  an  etching 
technology  for  device  fabrication.  The  stability  of  the  lll-V  nitrides  to  harsh  chemical 
environments  makes  most  wet  etching  extremely  difficult,  so  that  dry  etching 
alternatives  are  desirable.  Recent  experiments  have  shown  that  BCIa-based 
chemistries  are  effective  for  reactive  ion  etching  of  GaN  and  that  KOH-based  solutions 
may  preferentially  etch  AIN  from  GaN.  This  paper  reports  on  the  use  of  BCI3  for 
etching  AIN  and  AIGaN  in  addition  to  GaN  and  the  creation  of  structures  such  as 
mesas  and  lines.  It  also  examines  the  potential  use  of  potassium  Hydroxide  (KOH)  as 
a  wet  etchant  of  the  nitrides.  AIN,  AIGaN,  and  GaN  films  grown  by  either  metal-organic 
chemical  vapor  deposition  (MOCVD)  or  molecular  beam  epitaxy  (MBE)  were  patterned 
with  Ni  in  250  jim  x  250  [im  squares  and  5  [im  wide  lines  to  create  mesas  and  lines  for 
typical  light  emitting  diode  (LED)  or  laser  diode  applications.  Reactive  ion  etching  was 
performed  in  a  commercial  reactor  using  BCI3  pressures  ranging  from  5  to  30  mTorr. 
Gas  flow  rates  of  5  to  50  sccmi  and  RF  powers  of  50  to  1 50  W  were  employed.  High 
nitride  etch  rates  of  up  to  730  A/min.  were  observed  but  lower  etch  rates  were  needed 
to  avoid  etching  of  the  Ni  mask.  Smooth  mesa  surfaces  and  sidewalls  were  observed 
in  scanning  electron  micrographs  of  the  etched  nitride  structures.  Mesas  as  small  as  5 
pm  X  5  pm  were  patterned  and  made  in  this  way.  Lines  were  also  made  in  a  similar 
manner  as  narrow  as  5  pm  on  GaN/AIN  epilayers.  Subsequent  wet  etching  of  these 
lines  showed  that  KOH-based  solutions  such  as  AZ400K  developer  attack  not  only  AIN 
but  also  GaN  depending  upon  the  quality  of  the  film.  Possibilities  for  using  this  wet 
etch  as  a  defect  etchant  or  selective  etch  of  nitrides  on  SiC  are  discussed. 

INTRODUCTION 

The  pursuit  of  short  wavelength  light-emitting  devices  based  on  wide  band-gap 
semiconductors  has  been  one  of  the  most  active  areas  of  research  in  semiconductor 
physics  over  the  past  decade.  After  the  initial  successes  of  MBE-grown  ZnSe-based 
ll-VI  semiconductors  devices,  GaN  based  materials  have  emerged  at  the  forefront  with 
Nichia  Chemical  developing  commercial  blue  and  green  LEDs  utilizing  MOCVD- 
grown  GaN  and  InGaN  structures  [1]. 

The  commercial  introduction  of  LEDs  from  lll-V  nitrides  have  led  many  researchers 
to  consider  new  electronic  and  opto-electronic  devices  for  which  lll-V  nitrides  may  be 
well  suited.  In  addition  to  their  wide  band-gaps,  these  materials  also  are  quite 
chemically  stable,  allowing  their  use  in  other  applications  where  resistance  to  harsh 
environments,  high  temperatures,  or  radiation  is  needed.  There  is  also  the  possibility 
of  using  the  negative  electron  affinity  of  AIN  in  the  development  of  electron  emitters. 

For  many,  if  not  all  these  applications  it  is  necessary  to  pattern  the  nitride  films  into 
mesa,  line,  or  tip  structures.  Unfortunately,  the  same  characteristics  that  make  these 
materials  desirable  in  harsh  environments  make  them  difficult  to  pattern.  The  chemical 
stability  has  limited  the  use  of  wet  etchants  for  standard  etching  of  structures.  Recently 
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published  results  have  shown  that  potassium  hydroxide  (KOH)  solutions  may  be 
useful  in  selectively  removing  AIN  from  InGaN  layers  [2].  In  addition,  much  recent 
research  has  been  dedicated  to  finding  appropriate  dry-etching  formulas. 

The  most  common  dry-etch  chemistries  that  have  been  studied  for  lll-V  nitride 
processing  include  chlorine  or  fluorine-containing  gases.  Some  of  these  have  used 
chlorocarbon  or  fluorocarbon  compounds  which  are  somewhat  undesirable  because 
of  environmental  concerns  [3].  Other  authors  have  reported  results  using  other 
chlorine-containing  gases  such  as  HCl  or  BCI3  to  etch  GaN  [4,5],  AIN,  and  InN  [6].  At 
North  Carolina  State  (NCSU),  we  have  attempted  to  optimize  the  etching  of  GaN  and 
related  Ill-V  nitride  materials  using  reactive  ion  etching  (RIE)  with  BCI3  to  determine  if 
these  processes  may  be  used  to  produce  useful  devices  from  MBE-grown  films.  BCI3 
provides  the  active  chlorine  necessary  for  etching  the  Ga  and  Al-containing 
compounds  while  breaking  down  into  components  that  can  be  easily  removed  from 
the  reactor  exhaust.  In  addition,  using  BCI3  avoids  the  risk  of  hydrogen  contamination. 
We  have  also  studied  wet  chemical  etching  with  KOH  solutions  to  compare  the 
advantages  and  disadvantages  of  the  wet-etch  and  the  dry-etch  techniques. 

EXPERIMENTAL  DETAILS 

Our  experiments  were  performed  on  Ill-V  nitride  epilayers  grown  either  by  MOCVD 
at  Cree  Research,  Inc.  or  by  MBE  at  NCSU.  The  MOCVD-grown  layers  were  grown  on 
6H-SiC.  These  high  quality  films  exhibited  double-crystal  X-ray  rocking  curve  peaks 
as  narrow  as  85  arcsec.  MOCVD-grown  GaN  films  were  also  used  as  homoepitaxial 
substrates  for  the  MBE  growth.  The  MBE  growth  was  performed  in  a  commercial 
reactor  with  an  RF  plasma  source  for  nitrogen  activation.  The  details  of  MBE  film 
growth  have  previously  been  published  [7]. 

The  dry-etching  experiments  were  done  using  a  Plasma-Therm  Batch-Top  RIE 
system.  This  commercial  reactor  uses  a  parallel  plate  geometry  with  a  RF  power 
generator  that  could  supply  up  to  500  W  over  a  cathode  area  of  180  cm2,  j^e  system 
was  pumped  by  a  corrosive  duty  turbo  molecular  pump  to  pressures  on  the  order  of  10 
mTorr  with  BCI3  gas  flow  rates  of  up  to  50  seem. 

Squares  of  250  pm,  100  pm,  and  5  pm  and  lines  ranging  from  80  pm  to  5  pm  wide 
were  patterned  with  Ni  on  the  samples  using  standard  lithographic  techniques.  After 
etching,  the  nitride  surfaces  were  examined  using  a  SEM  to  determine  etch  quality. 
Etch  rates  were  determined  by  measuring  the  heights  of  the  mesas  or  stripes  using  a 
Dektak  profilometer  both  before  and  after  removing  the  Ni  masks.  The  change  in  step 
height  after  stripping  the  Ni  mask  was  used  to  determine  the  selectivity  between  the 
etching  of  the  nitride  over  the  etching  of  the  Ni. 

RESULTS  AND  DISCUSSION 

Dry-Etch  Rate?  Qf  AlGaN_Ep.i.!ayers 

MOCVD-grown  AI0.05Ga0.95N  samples  with  Ni  squares  and  stripes  were  etched  at 
powers  ranging  from  50  to  150  W.  Other  masking  materials  such  as  Al  or  photoresist 
were  also  tested,  but  were  found  to  etch  too  quickly  for  selective  etching  of  the  nitride. 

It  was  found  that  the  etch  rate  increased  with  increasing  power  up  to  730  A/min.  for 
films  etched  at  10  mTorr  with  gas  flow  rates  of  50  seem  (Fig.  1).  This  increase  came  at 
the  cost  of  decreased  selectivity.  For  these  particular  parameters,  the  Ni  was  removed 
at  a  rate  almost  one  fourth  as  large  as  the  AIGaN  itself.  This  means  that  to  create 
structures  over  1  pm  high,  more  than  2500A  of  Ni  would  be  needed.  This  is  not  only 
time-consuming,  but  also  introduces  the  possibility  of  contamination  as  the  mask  is 
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sputtered.  Furthermore,  the  surface  ^ 
quality  was  somewhat  degraded  at  .E 
these  higher  etch  rates.  The  etch  E 
rates  also  increased  with  decreasing  •< 
pressure.  As  has  been  observed 
previously  by  other  authors  while 
etching  of  AIN,  InN,  and  GaN,  the  etch  ^ 
rate  had  very  little  variation  with  cc 
changes  in  the  gas  flow  rate  between  ^ 
5  seem  and  30  seem  [8,9].  It  was  q 
concluded  that  the  best  surfaces  and  H 
etch  rates  333  A/min.)  came  when  ^ 
the  etches  were  done  at  100W,  20 
seem,  and  10  mTorr.  The  etch  rates 


POWER  (W) 


observed  here  were  slightly  higher 

than  those  reported  by  Lin,  et  al.  [4]  It  Fig.  1  -  Etch  rate  vs.  power  from  Alo.05Gao.95N 
is  likely  that  this  is  due  to  the  Al  films  reactive  ion  etched  at  10  mTorr  and  50 
content  of  the  film.  seem  of  BCIs. 


After  demonstrating  that  reactive  ion  etching  with  BCI3  is  a  viable  technique  for 
patterning  AIGaN  films,  we  tested  this  technique  for  making  mesas  and  lines  in  AIN, 
GaN,  and  AIGaN-containing  structures.  In  particular,  we  were  concerned  with  isolating 
mesas  for  the  development  of  LEDs.  These  mesas  would  be  useful  either  current 
isolation  through  the  active  region  of  a  light  emitting  device  and  for  diode  structures 
that  require  front-side  contacts  to  both  the  p-type  and  n-type  layers. 

Double  heterostructures  consisting  of  AI0.10Ga0.90N  between  GaN  layers  were 
patterned  and  etched  using  the  methods  described  above  into  250  pm  x  250  pm 
squares.  The  etch  was  timed  to  expose  the  active  region  of  the  heterostructure  and 
allow  a  contact  to  be  made  to  the  n-type  GaN  layer.  In  this  way,  the  diode  could  be 
tested  without  interference 


from  the  heterojunction 
between  the  SiC  underlayer 
and  the  MOCVD-grown  n- 
GaN.  Scanning  electron 
micrographs  of  the  etched 
structure  show  sharp  side 
walls  with  a  clean,  exposed 
n-GaN  surface  around  them 
(Fig.  2).  Tests  of  diodes 
made  in  this  way  showed 
diode  characteristics  with 
some  blue  light  emission. 

Even  smaller  mesa 
features  can  be  created  if 
the  Ni  is  deposited  in  100 
pm  or  even  5  pm  squares. 
Test  patterns  with  these 
small  squares  were  made 
on  undoped  GaN  layers  to 
determine  the  feasibility  of 


Fig.  2.  -  SEM  photograph  of  250  pm  square  mesa  from  a 
double  heterostructure  light  emitting  diode. 
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etching  structures  below  10 
on  a  side.  Fig.  3  shows 
an  SEM  photograph  of  one 
of  these  5  pm  x  5  |im  mesas 
after  etching  1  pm  deep. 
Again,  smooth  sidewalls 
and  surface  morphology 
can  be  seen  though  some 
sloping  of  the  sidewalls  was 
observed.  This  is  believed 
to  be  caused  by  the 
sputtering  of  the  Ni  mask 
from  the  edges  inward. 

Dry  and  Wet  Etching  of  Line 


In  order  to  make  diode 
lasers,  features  on  the  scale 
of  the  5  pm  squares 
mentioned  above  must  be 


Fig.  3.  -  SEM  photograph  of  5  pm  square  mesa  test 
structure. 


created.  Test  samples  were 

made  with  1  pm  of  GaN  on  2  pm  of  AIN  grown  on  top  of  the  MOCVD  GaN  buffer  layer. 
The  layers  were  etched  to  a  depth  of  4  pm  to  expose  all  of  the  MBE  grown  layers  and 
part  of  the  MOCVD-grown  substrate.  An  SEM  photograph  of  the  end  of  one  of  these 
lines  shows  the  difference  in  contrast  between  the  layers;  the  dark  layer  which  is  the 
AIN  sandwiched  between  the  two  GaN  layers  with  the  remaining  Ni  mask  on  top 
(Fig.  4).  With  the  proper  structure  for  optical  confinement,  this  etching  technique  could 
be  used  to  make  stripes  which  could  then  be  cleaved  into  laser  diodes. 

Recent  results  at  the  University  of  Florida  have  shown  that  AIN  can  be  wet 
chemically  etched  in  KOH- 


containing  solutions  [2].  It 
was  shown  that  the  AIN  was 
preferentially  etched  by 
AZ400K  developer.  To  test 
this,  we  exposed  the 
reactive  ion  etched  line 
structures  to  AZ400K  at 
85°C.  Gas  bubbles  were 
evolved  at  the  surface  of  the 
sample  while  soaking  in  this 
solution.  After  60  min.,  the 
sample  was  removed  and 
examined  by  scanning 
electron  microscopy  (Fig.  5). 
A  side  view  of  one  of  the 
lines  on  the  same  sample 
shown  in  Fig.  4  shows  that 


the  GaN  and  AIN  layers 


grown  by  MBE  have  been 
undercut  from  beneath  the 
Ni  mask.  In  addition, 


Fig.  4.  -  SEM  photograph  the  end  of  a  5  pm  wide  line 
etched  in  a  GaN/AIN/GaN  film.  The  dark  layer  on  top  is 
the  remaining  Ni  mask. 
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regions  of  the  MOCVD- 
grown  GaN  substrate  have 
also  been  etched  down  to 
the  SiC  underneath. 

Similar  results  were  seen 
when  the  samples  were 
etched  in  1%  K0H:H20 
solutions.  It  appears  from 
these  results  that  the  KOH- 
based  solutions  are  not 
selective  etches  for  the  AIN 
over  the  GaN.  Rather,  since 
the  MOCVD-grown  GaN 
substrate  for  these 
particular  samples  was  of 
better  quality  than  the 
GaN/AIN  epilayers,  it  seems 
that  the  etch  is  heavily 

influenced  by  the  quality  of  ^  ^  ....  ... 

the  film  This  can  be  seen  ^  of  a  5  pm  wide  line  etched  in  a 

most  dramatically  in  the  GaN/AIN  film  after  60  min.  exposure  to  85°  C  AZ400K 
etching  that  did  occur  on  the  deveioper.  Note  that  this  is  the  same  iine  shown  in  Fig. 
substrates,  where  only  large  4  at  a  different  orientation, 
cracks  at  60°  angles  were 

formed.  Further,  the  etch  did  selectively  remove  the  nitride  from  the  SiC  beneath. 

A  micrograph  taken  of  a  wider  line  structure  after  KOH  exposure  for  only  15  min. 
dramatically  illustrates  the  defect-sensitive  nature  of  this  etch  (Fig.  6).  Here,  large 
hexagonal  pits  have  been  formed  where  previously  none  could  be  found.  These  pits 
are  presumed  to  arise  from  the  long,  hollow  pipes  which  form  around  screw 
dislocations  in  a  number  of  hexagonal  crystals  such  as  SiC,  ZnO,  and  GaN  [10].  It 
should  be  noticed  that  the  etch  rate  lower  dislocation  density  films  is  dramatically 
lower,  so  that  while  this  wet- 
chemical  treatment  may  not 
be  adequate  for  producing 
device  structures,  it  may 
have  some  use  in 
determine  defect  density 
and  overall  film  quality. 


CONCLUSIONS 


We  have  shown  that 
BCIa-based  reactive  ion 
etching  is  a  viable 
technology  for  processing 
lll-V  nitride  semiconductor 
devices.  Etch  rates  greater 
than  700  A/min.  have  been 
achieved,  though  rates 
below  400  A/min.  are  better 
suited  for  patterning  since 
the  Ni  mask  is  more  stable. 


Fig.  6  -  Side  view  of  an  80  pm  wide  line  etched  in  a 
GaN/AIN  film  after  60  min.  exposure  to  1%  KOH  at  85°C. 
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Mesas  as  small  as  5  |j,m  x  5  |im  have  been  etched  in  GaN,  AIN,  and  AIGaN-containing 
films.  These  have  been  used  to  create  light  emitting  diodes  which  emit  in  the  blue 
region  of  the  spectrum.  The  same  etch  procedures  were  used  to  make  5  pm  wide 
lines  which  could  be  used  for  the  production  of  laser  diodes. 

The  use  of  KOH  as  a  wet  etchant  of  AIN  was  also  examined  and  not  found  to  etch 
selectively  the  AIN,  but  defective  material  rather  than  less  defective.  This  etch  did  not 
attack  higher  quality  GaN  or  SiC  .  The  hydroxide  etch  also  revealed  the  presence  of 
micropipe  defects  associated  with  screw  dislocations.  These  had  not  been  visible  by 
SEM  before  exposure  to  the  KOH.  It  is  possible  that  this  treatment  may  be  useful  in 
determining  the  defect  density  and  overall  quality  of  nitride  films. 
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Electron  cyclotron  resonance  etching  characteristics  of  GaN  in  plasmas 
with  and  without  hydrogen 
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ABSTRACT 

Electron  cyclotron  resonance  (ECR)  plasma  etching  characteristics  of  gallium  nitride  (GaN) 
are  investigated  using  low  pressure  (4-10  mTorr)  SiCyAr  and  Clj/Hj/Ar  ECR  discharges.  The 
purpose  of  this  effort  is  to  develop  a  dry  etching  process  for  making  laser  mirrors  on  GaN  and  to 
examine  dry  etching  processes  of  GaN  that  do  not  require  hydrogen,  which  is  known  to  cause 
carrier  compensation  in  GaN.  The  etch  rate  is  found  to  increase  near-linearly  with  increasing  DC 
bias,  and  a  minimum  DC  bias  of  lOOV  is  required  to  initiate  etching  in  SiCl/Ar.  We  have  also 
found  that  the  material  quality  significantly  affects  the  etch  rate.  The  latter  decreases  with  x-ray 
rocking  curve  half-width  and  increases  with  defect  density.  A  reasonable  etch  rate  of  660A/min 
and  good  surface  morphologies  obtained  in  SiCyAr  ECR  etching  make  this  process  suitable  for 
gate  recess  of  an  FET.  An  etch  rate  of  5270A/min  has  been  achieved  in  CyH^/Ar  plasmas.  This  is 
the  highest  reported  etch  rate  of  GaN  so  far.  The  smooth  and  vertical  etch  sidewalls  (etch  to  mask 
selectivity  of  16  is  obtained)  make  this  process  promising  for  dry-etched  laser  mirrors  on  GaN. 

INTRODUCTION 

GaN  has  attracted  considerable  interest  for  making  visible  and  near  UV  light  emitting 
diodes  (LEDs)  and  semiconductor  lasers  because  of  its  large  direct  band  gap  energy  (3.39  eV  at 
room  temperature).  Its  excellent  chemical  stability,  high  thermal  conductivity,  and  high  melting 
temperature  also  make  it  suitable  for  high  temperature  electronic  and  photonic  device  applications. 
Commercially  available  blue  LEDs  based  on  InGaN/AlGaN  double  heterostructures  have  been 
successfully  fabricated  by  Nichia  Chemical  Company  and  Cree  Research  [1],  and  high 
responsivity  photodetectors  operating  at  UV  wavelength  have  also  been  reported  [2].  In  the  past 
few  years,  significant  progress  has  been  made  in  obtaining  reproducible  high  quality  GaN 
epilayers  [3,4],  but  considerable  work  is  required  in  the  area  of  process  development.  Etching 
studies  are  especially  needed  because  GaN  is  chemically  inert  in  all  acids  and  bases  at  room 
temperature.  This  circumstance  leaves  dry  etching  as  the  only  practical  way  for  reliable  pattern 
definition  of  GaN. 

Various  systems  have  been  used  to  dry-etch  GaN,  including  reactive  ion  etching  (RIE), 
electron  cyclotron  resonance  (ECR)  plasma  etching,  chemically  assisted  ion  beam  etching 
(CAIBE),  and  magnetron  reactive  ion  etching  (MIE).  To  date,  the  highest  etch  rates  of  GaN  are 

3500A/min  in  BCI3  MIE  [5],  2340A/min  in  Cl/H^/CH^Ar  ECR  plasma  at  170°C  [6],  2100A/min 

in  CyAr  CAIBE  [7],  and  1800A/min  in  HCl/Ar  CAIBE  at  300°C  [8].  TypicaUy,  CAKE  tends  to 
cause  more  damage  to  the  material  than  ECR  etching  because  of  higher  ion  energy,  and  the 
uniformity  of  MIE  plasma  is  unsatisfactory.  Compared  to  conventional  RIE,  ECR  plasma  etching 

has  the  advantage  of  providing  higher  ion  density  (>5xl0“  cm'^)  at  lower  pressures.  These 
conditions  yield  high  etch  rates  with  large  etch  anisotropy.  With  a  separately  controlled  RF  power 
source  that  controls  the  ion  energy  independently  of  the  ion  density,  ECR  obtains  a  high  ion 
density  plasma  with  a  relatively  low  ion  energy  that  minimizes  the  ion  induced  damage  to  the 
material. 

The  addition  of  hydrogen  to  plasmas  containing  chlorine  has  resulted  in  some  of  the  highest 
etch  rates  of  GaN  by  enhancing  the  removal  of  N  as  NH^^  [6,8].  Achieving  high  etch  rates  of  GaN 
is  very  important  for  the  fabrication  of  etched  laser  mirrors.  Since  GaN  grown  on  sapphire  does 
not  have  the  same  orientation  as  the  substrate,  cleaved  mirrors  cannot  be  expected.  Thus,  to  make 
diode  lasers  other  than  vertical  cavity  surface  emitting  lasers  (VCSELs),  a  process  for  dry-etched 
mirrors  has  to  be  developed. 

Hydrogen  incorporated  into  semiconductors,  however,  passivates  both  donor  and  acceptor 
shallow  levels  causing  lower  free  carrier  concentrations  [9,10].  For  EH-V  semiconductor  power- 
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FET  processing,  hydrogen  compensation  during  the  gate  recess  would  be  very  undesirable  because 
this  step  is  critical  in  determining  a  transistor’s  performance.  Nakamura  has  shown  that  N2-ambient 
thermal  annealing  can  eliminate  donor/acceptor-hydrogen  complexes  in  GaN  at  an  optimum 
temperature  of  7()0°C  and  restore  conductivity.  Our  own  studies  of  Ti/Al  contacts  to  undoped  GaN 
grown  by  metal  organic  chemical  vapor  deposition  (MOCVD)  indicate  that  the  optimum  anneal 
temperature  for  driving  out  the  hydrogen  and  maximizing  the  conductivity  is  about  800°C. 
Nakamura  has  shown,  however,  Aat  the  annealing  process  causes  dissociation  of  GaN  at  the 
surface  [11].  This  dissociation  can  have  a  variety  of  deleterious  effects  on  device  characteristics 
and  processes,  e.g.,  it  can  cause  lower  surface  carrier  concentration  which  would  make  low 
resistance  ohmic  contacts  more  difficult  to  fabricate.  In  the  gate-drain  region  of  FETs,  surface 
dissociation  can  increase  the  leakage  current  and  lower  the  bre^down  voltage  due  to  the  increased 
defect  density  at  the  surface. 

The  first  part  of  this  work  investigates  a  dry-etch  process  that  potentially  leaves  less 
damage  than  CAIBE,  is  more  uniform  than  MIE,  and  does  not  incorporate  hydrogen.  Based  on 
this  reasoning  and  our  prior  experience  with  the  dry  etching  of  GaAs  [12],  ECR  plasma  etching  of 
GaN  using  SiCl/Ar  was  selected.  This  type  of  process  is  best  suited  for  gate  recess  of  an  FET 
and  surface  preparation  prior  to  ohmic  contact  metdization.  The  influence  of  the  DC  self-bias,  the 
fraction  of  SiCl4  in  the  plasma,  the  pressure,  and  the  material  quality  on  the  etch  rate  are 
investigated  for  hydrogen-free  etching.  The  second  section  describes  an  ECR  process  using  Clj, 
H2,  and  Ar  that  is  designed  for  maximum  etch  rate  and  selectivity.  This  recipe  is  best  suit^  for 
laser  mirror  fabrication  since  hydrogen  compensation  is  of  less  concern. 

EXPERIMENT 


The  GaN  samples  used  in  this  work  were  grown  by  MOCVD  on  c-plane  [0001]  or  a-plane 
[1120]  oriented  sapphire  substrates  [4].  Trimethylgallium  and  high  purity  ammonia  were  used  as 
Ga  and  N  sources.  A  thin  GaN  buffer  layer  was  deposited  on  the  sapphire  substrate  at  a 
temperature  of  approximately  480°C. 

The  main  GaN  epilayer  was  grown  at 


1025°C  with  pressure  of  100  Torr.  A 
typical  growth  rate  was  2|J,m/hour.  The 
surface  of  the  samples  were  smooth  and 
the  thickness  of  the  layers  ranged  from 

3|a.m  to  6|am.  AZ4330  photoresist  was 
used  for  the  mask  in  the  SiCl/Ar 
plasmas,  and  a  more  durable  mask,  Ni, 
was  employed  in  the  mixture. 

Etch  rates  were  obtained  from  stylus 
profilometry  after  removing  the  mask. 


Wet  chemical  etching  experiments  have  100  150  200  250  300 


been  conducted  on  these  samples  and  no 
detectable  etching  was  observed  in  room 

temperature  buffered  HF,  HF,  90°C 


Figure  1: 


DC  Bias  (V) 

Etch  rates  of  GaN  as  a  function  of  the  DC  self-bias 
voltage.  The  etch  parameters  are  300  W  microwave 


NaOH,  or  80°C  KOH.  power,  8  seem  SiC^/lS  seem  Ar  flow  rate,  and  10 

Dry  etching  of  GaN  samples  is  mTorr  pressure.  A  minimum  DC  bias  of  100  V  to 

performed  in  a  Plasma  Quest  877-U  initiate  etching  can  be  obtained  by  extrapolating  to 

ECR  system  with  an  Astex  S-700i  zero  etch  rate, 

microwave  generator  (2.45  GHz).  DC 

bias  is  induced  by  an  independentiy  controlled  RF  power  source  (13.56  MHz).  For  etching  in  the 
SiCl/Ar  plasmas,  the  microwave  input  power  is  fixed  at  300W.  Fig.  1  shows  the  etching  rate  of 
GaN  in  an  8  seem  SiCl4/15  seem  Ar  discharge  as  a  function  of  DC  bias  at  a  fixed  pressure  of  10 
mTorr.  Under  these  conditions,  a  minimum  DC  bias  of  lOOV  is  required  to  initiate  the  etching. 
This  voltage  is  relatively  high  compared  to  the  biases  needed  to  etch  GaAs  in  ECR  SiCyAr 
plasmas.  (We  have  found  that  GaN  etches  approximately  50  times  slower  than  GaAs  for  the  same 
plasma  conditions  using  SiCyAr.)  Unlike  GaAs,  GaN  does  not  spontaneously  etch  in  chlorine- 
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containing  gases  at  temperatures  below  at  least  200  °C  and,  thus,  highly  energetic  ions  are  needed 
to  break  the  strong  chemical  bond  of  GaN  [7].  The  etching  is  enhanc^  by  a  factor  of  4  between 
150  and  280V,  and  an  etching  rate  of  660A/min  is  obtained  at  280V  DC  bias. 

Fig.  2  shows  the  etch  rates  as  a 


SiCyAr  plasma  at  a  constant  Argon 
flow  rate  of  15  seem.  As  expected, 
enhanced  rates  are  obtained  as  the 
fraction  of  active  chemical  etching 
species  (SiCl4)  is  increased,  but  at  SiCl4 
fractions  greater  than  0.5,  the  etched 
surface  becomes  rougher.  We  presume 
from  this  observation  that  Ar  ensures  a 
smooth  etched  surface  by  efficiently 
removing  the  reaction  products.  A 
maximum  rate  of  960  A/min  is  achieved 
in  a  pure  SiCl4  plasma.  This  rate  is  the 
highest  report^  for  SiCybased  etching 
of  GaN.  Keeping  the  microwave  input 
power  and  the  DC-bias  constant,  the 
etch  rate  increases  by  a  factor  of  2  when 
the  processing  pressure  is  increased 
from  4  to  10  mTorr.  In  comparison  to 
RIE  of  GaN  in  SiCyAr  discharges  [13], 
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Figure  2:  Etch  rates  of  GaN  as  a  function  of  the  fraction  of 
SiCI^  in  the  SiCVAr  plasma.  The  etch  parameters  are 
300  W  microwave  power,  10  mTorr  pressure,  -280  V 
DC  bias,  and  15  seem  Ar  flow  rate. 


which  shows  a  150V  threshold  DC  bias  and  no  dependence  of  etching  rates  on  pressure  or 
SiCyAr  ratios,  enhanced  chemical  etching  and  a  lower  threshold  DC  bias  are  achieved  in  our 
experiment.  For  the  same  DC  bias,  much  higher  etching  rates  are  obtained  using  the  ECR  process 
developed  in  this  work.  This  result  is  attributed  to  the  higher  ionization  efficiency  in  ECR 
systems. 

Variation  in  the  etch  rate  is  observed  as  a  function  of  material  quality.  One  way  to  assess 
the  material  quality  is  by  the  FWHM  of  the  X-ray  diffraction  rocking  curve.  Generally,  the  better 
the  crystalline  quality,  the  smaller  the  rocking  curve  half-width.  As  shown  in  Fig.  3,  Ae  etch  rate 
decreases  by  30%  for  GaN  with  a  half-widdi  of  260  arc-sec  compared  to  a  650  arc-sec  sample. 
Fig.  4  shows  the  significant  difference  in  etching  rates  and  pit  densities  for  two  different  wafers 
labeled  sample  A  and  B.  The  two  samples  were  etched  at  the  same  time  with  conditions  of  300W 
microwave  power,  15  SiCyi5  Ar  gas 
flow  rates,  -180V  DC-bias  voltage, 
and  4  mTorr  etching  pressure.  Sample 
A  shows  a  pit  density  of  2x10*  cm'^ 
and  sample  B  has  a  smooth  surface 
with  no  evidence  of  pitting.  The  etch 
rates  are  450A/min  and  310A/min  for 
samples  A  and  B,  respectively.  These 
two  samples  have  similar  rocking 
curve  half-widths  of  260  and  300  arc- 
sec,  but  we  can  infer  from  the  etch 
surfaces  that  they  have  different  defect 
densities  or  defect  types.  The  growth 
rate  of  the  unpit^  sample  B  is 

Ifim/hour,  and  2.5)J.m/hour  for  sample 
A.  This  result  suggests  that  lower 
growth  rates  gives  better  material 
quality,  i.e.  lower  defect  density. 

Sample  B  showed  a  smooth  etch^ 
surface,  indicating  that  Ga  and  N  were 
removed  at  near-equal  rates  in 


Figure  3:  Etch  rates  of  GaN  as  a  function  of  the  measured  X-ray 
rocking  curve  half-width.  The  etch  parameters  are  300 
W  microwave  power,  8  seem  SiC^/lS  seem  Ar  flow 
rate,  -280  V  DC  bias,  and  10  mTorr  pressure. 
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15SiCl4/15Ar  ECR  discharges.  The  etching  is  anisotropic  and  the  slight  overcut  on  the  etched 
profiles  is  attributed  to  the  mask  erosion  due  to  physical  sputtering. 


Figure  4:  SEM  micrographs  of  GaN  samples  A  and  B  exhibit  a  significant  difference  in  their  etched  surface 
morphologies.  The  conditions  are  300  W  microwave  power,  15  seem  SiCyiS  seem  Ar  flow  rate,  - 
185  V  DC  bias,  and  4  mTorr  pressure.  The  etch  rates  are  450  A/min  and  310  A/min  for  samples  A 
and  B,  respectively. 


In  [8],  Ping  and  Adesida 
demonstrate  vertical  etched  facets  in  GaN 
at  a  very  high  process  temperature.  Our 
approach  for  obtaining  high  temperature 
etching  is  to  rely  on  self-heating  of  the 
sample  in  a  plasma. 

Accordingly,  the  wafer  is  placed  on  the 
chuck  with  no  provisions  made  for 
heating  sinking.  The  etch  conditions  are 
700  W  microwave  power,  300  W  RF 
power,  10  seem,  15  seem,  and  9  seem  of 
CI2,  Hj,  and  Ar,  respectively,  -120  V  DC 
bias,  and  4  mTorr  chamber  pressure.  Ni 
is  used  as  the  etch  mask,  and  an  etch  rate 
of  5270  A/min  is  achieved.  This  rate  is 
the  highest  yet  reported  for  GaN,  which  is 
we  attribute  predominantly  to  self-heating 
of  the  sample  during  the  etching.  Fig.  5 
shows  the  sidewall  profile  of  a  sample 
etched  to  a  total  depth  of  2.6  |im.  The 
bottom  1.5  pm  of  the  facet  is  vertical, 
while  the  upper  1.1  pm  has  an  angle  that 
is  slightly  less  than  vertical  due  to  the 
recession  of  the  Ni  mask.  A  maximum 
GaN  to  Ni  etch  selectivity  of  16  is 
obtained,  which  make  this  process 
suitable  for  laser  mirror  fabrication  in  GaN. 


Figure  5:  SEM  micrograph  of  the  sidewall  profile  of  a  GaN 
sample  etched  in  Clj/Hj/Ar  ECR  plasma.  The 
conditions  are  700  W  microwave  power, 
10Cl2/15H2/9Ar,  300  W  BIF  power,  -120  V  DC 
bias,  and  4  mTorr  chamber  pressure.  The  etch  rate 
is  5270  A/min.  The  GaN  to  Ni  mask  etch 
selectivity  is  16.  The  bottom  1.5  |im  smooth  and 
vertical  facet  which  conesponds  to  the  first  few 
minutes  etching  is  large  enough  to  provide 
sufficient  feedback  for  lasing. 


CONCLUSIONS 

The  ECR  etching  characteristics  of  GaN  in  SiCyAr  have  been  investigated.  The  influence 
of  DC  self-bias,  the  fraction  of  SiCl4  in  the  plasma,  and  the  material  quality  on  the  etch  rate  have 
been  presented.  A  reasonable  etch  rate  of  660A/min  for  a  hydrogen-free  plasma  has  been  obtained 
with  smooth  etched  surfaces  and  an  anisotropic  profile.  This  process  is  appropriate  for  device 
process  steps  such  as  gate  recess  of  an  FET  and  surface  preparation  prior  to  ohmic  contact 
metalization.  An  etch  rate  as  high  as  5270  A/min  and  a  GaN  to  Ni  mask  selectivity  of  16  have  been 
achieved  with  CXJUJAi  ECR  plasma  etching.  Vertical  and  smooth  facets  with  a  depth  of  1.5  ^im 
have  been  demonstrated.  This  process  makes  etched  facet  laser  diodes  feasible  for  TTT-N 
heterostructures. 

ACKNOWLEDGMENTS 

This  work  was  supported  by  the  ARPA  Optoelectronic  Materials  Center  under  grant  # 
MDA  972-94-1-0003,  the  National  Science  Foundation  under  a  Career  grant  #  ECS-9501785,  and 
Sandia  National  Laboratories  under  the  SURP  program.  The  authors  thank  J.  Cecchi  and  G. 
Melden  for  helpful  discussions  related  to  ECR  etching. 

REFERENCES 

1.  S.  Nakamura,  T.  Mukai,  and  M.  Senoh,  Appl.  Phys.  Lett.  64,  1678  (1994). 

2.  M.  Asif  Khan,  J.  N.  Kuznia,  D.  T.  Olson,  J.  M.  Van  Hove,  M.  Blasingame  and  L.  F.  Reitz 
Appl.  Phys.  Lett.  60,  2917  (1992). 

3.  S.  Nakamura,  Jpn.  J.  Appl.  Phys.  30,  L1620  (1991). 

4.  S.  D.  Hersee,  J.  Ramer,  K.  Zheng,  C.  Kranenberg,  K.  Malloy,  M.  Banas,  and  M.  Goorsky,  to 
be  published  in  J.  of  Electronics  Materials,  November  1995. 

5.  G.  F.  McLane,  L.  Casas,  S.  J.  Pearton,  and  C.  R.  Abernathy,  Appl.  Phys.  Lett.  66,  3328 
(1995). 

6.  R.  J.  Shul,  S.  P.  Kilcoyne,  M.  Hagerott  Crawford,  J.  E.  Parmeter,  C.  B.  Vartuli,  C.  R. 
Abernathy,  and  S.  J.  Pearton,  Appl.  Phys.  Lett.  66,  1761  (1995). 

7. 1.  Adesida,  A.  T.  Ping,  C.  Youtsey,  T.  Dow,  M.  Asif  Khan,  D.  T.  Olson,  and  J.  N.  Kuznia, 
Appl.  Phys.  Lett.  65,  889  (1994). 

8.  A.  T.  Ping,  I.  Adesida,  M.  A.  Khan,  Appl.  Phys.  Lett.  67,  1250  (1995). 

9.  S.  J.  Pearton,  C.  R.  Abernathy,  C.  B.  V^uli,  J.  D.  Mackenzie,  R.  J.  Shul,  R.  G.  Wilson,  and 
J.  M.  Zavada,  Electron.  Lett.  31,  836  (1995). 

10.  J.  A.  Van  Vechten,  J.  D.  Zook,  R.  D.  Homing  and  B.  Goldenberg,  Jpn.  J.  Appl.  Phys.  31, 
3662  (1992). 

11.  S.  Nakamura,  N.  Iwasa,  M.  Senoh,  and  T.  Mukai,  Jpn.  J.  Appl.  Phys.  31,  L1258  (1992). 

12.  L.  F.  Lester,  W.  J.  Schaff,  S.  D.  Offsey,  and  L.  F.  Eastman,  IEEE  Photon.  Technol.  Lett.,  3, 
403  (1991). 

13. 1.  Adesida,  A.  Mahajan  ,  E.  Andideh,  M.  Asif  Khan,  D.  T.  Olson,  and  J.  N.  Kuznia,  Appl 
Phys.  Lett.  63,  2777  (1993). 


767 


Effects  of  Reactive  Ion  Etching  on  the  Electrical  Properties 
of  n-GaN  Surfaces 

A.  T.  Ping*,  A.  C.  Schmitz*,  M.  Asif  Khan**,  and  I.  Adesida* 

*  Center  for  Compound  Semiconductor  Microelectronics  and  Department  of  Electrical  and 
Computer  Engineering,  University  of  Illinois  at  Urbana-Champaign,  Urbana,  IL  61801 

**  APA  Optics,  Inc.,  Blaine,  MN  55449 
ABSTRACT 

Dry  etch  damage  on  n-GaN  has  been  investigated  using  Pd  Schottky  diodes 
fabricated  on  surfaces  etched  by  conventional  reactive  ion  etching  with  SiCl4  plasma.  The 
Schottky  barrier  height  and  ideality  factor  were  investigated  as  a  function  of  the  plasma 
self-bias  voltage.  Current-voltage  measurements  revealed  severe  degradation  of  both  the 
forward  and  reverse  characteristics  for  plasma  self-bias  voltages  in  excess  of  -150  V. 

INTRODUCTION 

Dry  etching  has  become  an  important  avenue  for  reliable  pattern  definition  in  the  III- 
V  nitrides  due  to  their  resistance  to  wet  chemical  etchant  solutions.  Several  reports  have 
been  published  over  the  last  few  years  on  various  dry  etching  techniques:  conventional 
reactive  ion  etching  (RIE)  [1],  electron  cyclotron  resonance  (ECR)  RIE  [2],  magnetron  RIE 
[3],  and  chemically  assisted  ion  beam  etching  (CAIBE)  [4, 5].  These  reports  characterize 
various  aspects  of  each  technique  from  etch  rates,  etch  profiles,  to  etch-induced 
stoichiometric  surface  changes.  However,  not  much  is  known  about  the  damages  created 
in  the  nitrides  as  a  result  of  dry  etching,  Pearton  et  al.  [6]  have  investigated  the  change  in 
sheet  resistance  of  InN,  InGaN,  and  InAlN  layers  exposed  to  Ar  plasmas  under  both  ECR- 
RIE  and  RIE  conditions.  It  was  found  that  InGaN  was  the  most  resistant  to  damage.  To 
date,  no  work  has  been  reported  on  the  Schottky  barrier  properties  of  etched  surfaces. 
Knowledge  of  etch-induced  damages  are  important  in  the  fabrication  of  devices,  especially 
for  recessed-gate  field  effect  transistors. 

In  this  paper,  we  investigate  the  electrical  characteristics  of  reactive  ion  etched 
surfaces  of  n-type  GaN  using  Pd  Schottky  diodes.  Reactive  ion  etching  was  performed  in 
a  SiCl4  plasma.  The  forward  and  reverse  characteristics  were  investigated  using  current- 
voltage  (I-V)  measurements  as  a  function  of  the  plasma  self-bias  voltage.  The  Schottky 
barrier  height  and  ideality  factor  were  also  investigated  as  a  function  of  the  plasma  voltage. 

EXPERIMENT 

The  GaN  used  for  this  study  was  epitaxially  grown  by  metal-organic  chemical 
vapor  deposition  (MOCVD)  on  (0001)  sapphire  substrates.  The  epitaxial  layer  was  4  pm 
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thick.  The  electron  carrier  concentration  was  1  x  cm’3.  The  room  temperature 
mobility  was  ~  300  V/cm-s.  The  Schottky  diode  structure  consisted  of  an  array  of  300  |im 
openings  in  a  large-field  ohmic  contact  patterned  over  the  GaN  surface.  The  ohmic  contact 
consisted  of  a  Ti/Al  bilayer  and  was  annealed  using  rapid  thermal  annealing  (RTA).  Prior 
to  etching,  the  exposed  surface  was  cleaned  in  dilute  HCl.  The  exposed  GaN  was  then 
etched  in  a  Plasma  Technology  RIE  system  equipped  with  a  nitrogen-purged  load-lock. 

The  system  uses  a  17  cm  diameter  cathode  which  is  covered  by  a  1/2  cm  thick  quartz  plate. 
The  anode  and  cathode  are  spaced  5  cm  apart.  Both  are  water  cooled  to  maintain  a 
temperature  during  processing  of  20  “C.  The  cathode  was  rf-driven  at  13.56  MHz  for 
plasma  excitation.  A  turbomolecular  pump  is  used  to  evacuate  the  30  cm  diameter  chamber 
to  a  base  pressure  of  5  x  10"^  Torr.  A  mechanical  pump,  though,  was  used  during  etching 
to  remove  the  process  gases.  An  array  of  250  (im  dots  for  the  Schottky  contacts  was  then 
patterned  at  the  center  of  ohmic  contact  openings  using  AZ5214  photoresist.  The  exposed 
GaN  surface  was  cleaned  in  a  plasma  asher.  The  samples  were  then  dipped  in  dilute  HCl, 
rinsed  in  deionized  water,  blown  dry  with  nitrogen,  and  immediately  loaded  into  the 
evaporator.  The  chamber  was  pumped  to  a  base  pressure  of  6  x  10'^  Torr  prior  to  metal 
deposition.  Palladium  metal  was  used  for  the  Schottky  contacts  [7].  The  Pd  thickness  was 
100  nm.  The  Schottky  characteristics  were  then  measured  using  a  four-point  probe 
technique  with  an  HP4142  analyzer. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  forward  I-V  characteristics  of  samples  etched  under  plasma 
self-bias  voltages  from  -100  to  -350  V.  This  corresponds  to  a  RF  power  plasma  density 


Fig.  1.  Forward  characteristics  of  Pd  Schottky  diodes  unetched  and  etched 
using  RIE/SiCl4  at  various  plasma  self-bias  voltages.  Etching  was 
conducted  at  25  mT  and  10  seem  SiCl4  flow  rate  for  2  min. 
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from  0.2  to  0.75  W/cm^  in  our  system.  Etching  parameters  consisted  of  a  chamber 
pressure  of  25  mT,  a  SiCU  flow  rate  of  10  seem,  and  an  etch  time  of  2  min.  From  the 
figure,  we  observed  severe  degradation  for  plasma  self-bias  in  excess  of  -150  V. 

Figure  2  shows  the  reverse  saturation  leakage  current  as  a  function  of  the  plasma 
self-bias  voltage.  The  lower  and  upper  curves  were  measured  at  an  applied  bias  of  -5  and 
-10  V,  respectively.  We  observe  severe  degradation  of  the  leakage  current  for  plasma  self- 
bias  voltages  in  excess  -150  V,  similarly  as  with  the  forward  characteristics. 


Fig.  2.  Reverse  saturation  leakage  current  of  Pd  Schottky  diodes  plotted  as  a 
function  of  plasma  self-Was  voltage. 

The  barrier  height  and  ideality  of  the  Schottky  contacts  were  determined  using  the 
thermionic  emission  theory.  Using  a  linear  curve  fit  of  the  forward  log  I  vs  V  curve  of  Fig. 
1,  the  Schottky  barrier  heights  and  the  ideality  factors  can  be  determined  from  the  y- 
intercept  and  slope,  respectively.  The  barrier  heights  were  determined  using  a  theoretical 
value  for  the  Richardson  constant  where  the  electron  effective  mass  was  assumed  to  be 
0.22mo  [8].  Figure  3  shows  the  Pd  Schottky  barrier  height  plotted  as  a  function  of  the 
plasma  self-bias  voltage.  Etching  conditions  consisted  of  a  chamber  pressure  of  25  mT  and 
a  SiCl4  flow  rate  of  10  seem.  Etch  times  were  conducted  for  2  min  for  all  samples.  The 
barrier  height  was  found  to  degrade  rapidly  with  plasma  voltage.  The  barrier  height  was 
observed  to  be  reduced  by  a  factor  of  two  after  etching  at  -250  V.  The  barrier  height  could 
not  be  measured  for  plasma  voltages  in  excess  of  -250  V  because  of  the  severe  degradation 
of  the  forward  characteristics.  The  ideality  factor  of  the  contacts  as  a  function  of  the  plasma 
self-bias  voltage  are  plotted  in  Fig.  4.  Ideality  factor  was  found  to  increase  rapidly  from 
the  control/unetched  sample  of  1.06  to  1.18  after  etching  at  -250  V.  The  increase  in  the 
ideality  factor  and  lowering  of  the  barrier  height  both  indicate  that  significant  traps  are  being 
created  at  the  surface  [9]. 
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Fig.  3.  Pd  Schottky  barrier  height  plotted  as  a  function  of  plasma  self-bias 
voltage.  Etching  was  conducted  at  25  mT  and  10  seem  SiCl4  flow 
rate  for  2  min. 


Fig.  4.  Pd  Schottky  ideality  factor  plotted  as  a  function  of  plasma  self-bias 
voltage.  Etching  was  conducted  at  25  mT  and  10  seem  SiCl4  flow 
rate  for  2  min. 

SUMMARY 

Reactive  ion  etching-induced  damage  on  n-type  GaN  using  SiCl4  plasma  has  been 
investigated  with  Pd  Schottky  diodes.  The  forward  and  reverse  I-V  characteristics  were 
found  to  be  significantly  degraded  for  plasma  self-bias  voltages  in  excess  of  -150  V.  The 
barrier  height  was  found  to  rapidly  decrease  with  plasma  voltage.  The  ideality  factor  was 
observe  to  increase  and  indicates  significant  states  are  being  created  at  the  surface.  Issues 
of  how  to  anneal  out  the  induced-damages  are  currently  being  addressed. 
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ABSTRACT 

The  electron  affinity  of  a  semiconductor  defines  the  relationship  of  the  vacuum  level  and  the 
semiconductor  band  structure.  It  is  dependent  on  the  atomic  orbitals  of  the  material  and  the  surface 
termination.  We  report  experimental  and  theoretical  results  that  support  the  presence  of  a  negative 
electron  affinity  on  AIN  and  the  A1  rich  AlGaN  alloys.  The  GaN  surface  is  found  to  exhibit  a 
(positive)  electron  affinity  of  3.3eV.  The  experimental  measurements  employ  UV-photoemission 
spectroscopy  on  in  situ  gas-source  MBE  samples  and  on  CVD  samples.  Theoretical  results 
indicate  that  the  (negative)  electron  affinity  of  AIN  depends  sensitively  on  the  surface 
reconstruction  and  adatom  termination.  The  experimental  dependence  of  the  electron  affinity  on 
alloy  concentration  is  presented.  The  results  indicate  that  AlGaN  alloys  with  band  gap  similar  or 
greater  than  that  of  diamond  will  exhibit  a  negative  electron  affinity.  Field  emission  results  are 
reported,  and  the  characteristics  are  similar  to  those  obtained  from  a  diamond  film.  Issues  related 
to  cold  cathode  electronic  devices  based  on  NEA  surfaces  are  noted. 


INTRODUCTION 

Wide  bandgap  semiconductors  have  the  potential  of  exhibiting  a  negative  electron  affinity 
(NEA).  These  materials  could  be  key  elements  of  cold  cathode  electron  emitters  which  could  be 
used  in  applications  that  include  flat  panel  displays,  high  frequency  amplifiers,  and  vacuum 
microelectronics.  The  surface  conditions  have  been  shown  to  be  of  critical  importance  in  obtaining 
a  negative  electron  affinity  on  diamond  surfaces. [1,2,3, 4]  In  this  paper,  angle  resolved  UV- 
photoemission  spectroscopy  (ARUPS)  is  used  to  explore  this  effect  on  AIN, [5]  GaN  and  AlGaN 
alloy  surfaces.  The  value  of  UV  photoemission  in  characterizing  electron  emission  is  that  the 
technique  emphasizes  effects  of  the  emission  process.  To  fully  characterize  electron  emission 
properties  it  is  necessary  to  also  employ  additional  measurements  such  as  field  emission,  and 
secondary  electron  emission.  The  measurements  are  interpreted  with  the  help  of  theoretical 
calculations.  Measurements  of  field  emission  from  AIN  on  6H-SiC  are  presented  to  demonstrate 
the  device  potential  of  the  materials. 

The  electron  affinity  of  a  semiconductor  is  defined  as  the  energy  required  to  remove  an 
electron  from  the  conduction  band  minimum  to  a  distance  macroscopically  far  from  the 
semiconductor  (i.e.  away  from  image  charge  effects.).  At  the  surface  this  energy  can  be  shown 
schematically  as  the  difference  between  the  vacuum  level  and  the  conduction  band  minimum.  The 
electron  affinity  is  not,  in  general,  dependent  on  the  Fermi  level  of  the  semiconductor.  Thus  while 
doping  can  change  the  Fermi  level  in  the  semiconductor  and  the  work  function  will  change 
accordingly,  the  electron  affinity  is  unaffected  by  these  changes.  An  alternative  view  is  that  the 
electron  affinity  is  a  measure  of  the  heterojunction  band  offset  between  the  vacuum  and  a 
semiconductor  of  interest.  For  most  semiconductors,  the  conduction  band  minimum  is  below  the 
vacuum  level  and  electrons  in  the  conduction  band  are  bound  to  the  semiconductor  by  an  energy 
equal  to  the  electron  affinity.  In  some  cases,  surface  conditions  can  be  obtained  in  which  the 
conduction  band  minimum  is  above  the  vacuum  level.  In  that  case,  the  first  conduction  electron 
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would  not  be  bound  to  the  sample  but  could  escape  with  a  kinetic  energy  equal  to  the  difference  in 
energy  of  the  conduction  band  minimum  and  the  vacuum  level.  This  situation  is  termed  a  negative 
electron  affinity.  (Note  that  the  electron  is  still  bound  to  the  vicinity  of  the  sample  by  coulomb 
forces.) 

The  electron  affinity  or  work  function  of  a  material  is  usually  ascribed  to  two  aspects  of  the 
material:  (1)  the  origin  of  the  atomic  levels,  and  (2)  the  surface  dipole  due  to  the  surface 
termination. [6]  These  effects  are  shown  schematically  in  Fig.  1.  The  atomic  levels  are  more  or 
less  intrinsic  to  a  material  and  cannot  be  changed.  This  is  not  the  case  for  the  surface  dipole.  The 
surface  dipole  can  be  substantially  affected  by  surface  reconstructions  and  surface  adsorbates. 
Recent  results  on  diamond  have  indicated  a  positive  electron  affinity  of  ~0.5eV  for  clean  or  oxygen 
terminated  surfaces  and  a  NBA  of  approximately  1.5eV  for  hydrogen  terminated  surfaces.  [7,8] 
These  changes  are  directly  attributed  to  changes  of  the  surface  dipole.  Because  of  the  large  effect 
of  the  surface  dipole,  it  is  essentially  impossible  to  determine  if  a  material  is  "intrinsically  NEA." 
Thus  the  surface  termination  is  critical  in  describing  the  electron  affinity  (or  NEA)  properties  of  a 
material. 


Physical  Properties  Affecting 
the  Workfunctlon  or  Electron  Affinity 


Adsorbed 

Molecules 


Modification  of 
Surface  Dipole 
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Fig.  1  A  representation  of  the  effects  which  contribute  to  the  work  function  (or  electron  affinity)  of 
any  material.  While  the  atomic  levels  are  an  intrinsic  property  of  the  material,  changes  in  the 
surface  bonding  can  substantially  affect  the  work  function  or  electron  affinity. 


One  method  to  explore  aspects  of  the  electron  affinity  of  a  semiconductor  is  UV- 
photoemission.[l,2]  For  a  material  with  a  positive  electron  affinity  the  value  can  be  directly 
deduced  from  the  measurements  (see  below).  Furthermore,  the  UV-photoemission  can  be  used  to 
indicate  the  presence  of  a  NEA.  The  changes  in  the  spectra  due  to  a  NEA  are  indicated  in  Fig. 
2. [3]  The  electrons  from  the  valence  band  are  excited  into  the  conduction  band.  In  transiting 
towards  the  surface,  electron  scattering  occurs  and  a  large  number  of  secondary  electrons 
accumulate  at  the  conduction  band  minimum.  For  materials  with  a  positive  electron  affinity  these 
electrons  cannot  escape,  while  for  a  NEA  the  electrons  can  be  emitted  directly  and  will  be  observed 
with  a  low  kinetic  energy.  Thus  the  two  effects  which  signify  a  NEA  are  an  extension  of  the 
spectral  range  to  lower  energy  and  the  appearance  of  a  sharp  peak  at  low  kinetic  energy.  This 
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feature  will  appear  at  the  largest  (negative)  binding  energy  in  typical  presentations  of  UPS  spectra. 

In  addition  to  the  sharp  feature  that  is  often  evident  in  the  spectra  of  a  NEA  semiconductor, 
the  width  of  the  photoemission  spectrum  (W)  can  be  related  to  the  electron  affinity  (%).  The 
spectral  width  is  obtained  from  a  linear  extrapolation  of  the  emission  onset  edge  to  zero  intensity  at 
both  the  low  kinetic  energy  cutoff  and  at  the  high  kinetic  energy  end  (reflecting  the  valence  band 
maximum).  From  Fig  2.  it  is  evident  that  we  can  write  the  following  relations: 

X  =  hv  -Eg  -W  for  a  positive  electron  affinity,  and 

0  =  hv  -Eg -W  for  a  negative  electron  affinity 

where  Eg  is  the  bandgap  and  hv  is  the  excitation  energy.  We  stress  that  the  photoemission 
measurements  cannot  be  used  to  determine  the  energy  position  of  the  electron  affinity  for  the  NEA 
surface.  Careful  measurements  of  the  width  of  the  spectra  are  helpful  in  distinguishing  whether  the 
effect  is  direct  emission  of  the  electrons  from  conduction  band  states  or  whether  excitons  are 
involved  in  the  emission  process.  The  effects  of  excitons  have  recently  been  reported  by  Bandis 
and  Pate.  [9] 


Fig.  2  A  schematic  of  how  NEA  affects  the  photoemission  spectra.  For  a  NEA  surface  the 
spectrum  is  broadened  to  lower  kinetic  energy,  and  a  peak  due  to  quasi  thermalized  electrons  is 
detected  at  the  lowest  kinetic  energy  (highest  negative  binding  energy). 


In  addition  to  measurement  of  the  electron  affinity,  UV  photoemission  can  be  used  to 
determine  the  position  of  the  surface  Fermi  level.  The  Fermi  level  of  the  sample  will  be  the  same 
as  that  of  the  metal  sample  holder,  and  the  Fermi  level  of  the  metal  can  easily  be  determined.  The 
energy  difference  of  the  valence  band  maximum  and  the  metal  Fermi  level  then  gives  the  position 
of  the  surface  Fermi  level  of  the  semiconductor.  The  position  of  the  surface  Fermi  level  will  be 
critical  in  determining  the  band  bending  near  the  surface. 
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THEORETICAL  RESULTS 


Previous  theoretical  studies  of  the  electron  affinity  of  wide  bandgap  semiconductors  have 
focused  on  non-polar  surfaces,  namely  diamond.[7,8,10]  The  study  of  polar  surfaces  is 
substantially  more  complicated,  and  special  techniques  were  developed  to  deal  with  charge  transfer 
effects  inherent  at  such  surfaces. 

The  theoretical  technique  is  based  on  ab  initio  molecular  dynamics  (Car-Parrinello  method 
[11]),  A  plane  wave  basis  was  employed,  and  soft  core,  norm  conserving  pseudopotentials  were 
used  to  describe  the  ions.  The  supercells  consisted  of  10-12  layers  of  AIN  with  4-16  atoms  in  each 
layer.  For  most  calculations,  a  12A  vacuum  region  separated  the  surfaces.  One  side  of  each  slab 
was  terminated  by  hydrogen  atoms  to  reduce  charge  transfer  caused  by  the  finite  width  of  the  slab. 

A  surface  created  by  truncating  the  bulk  always  has  dangling  bonds.  To  achieve  a  more 
stable  state,  the  partially  filled  dangling  bonds  must  be  eliminated  -  a  process  which  involves  the 
formation  of  new  bonds  that  inevitably  increases  the  strain  between  the  surface  and  the  subsurface 
layers.  The  balance  between  the  lowering  of  the  energy  due  to  the  elimination  of  the  dangling 
bonds  and  the  induced  strain  determines  the  nature  of  the  surface  reconstruction.  In  the 
calculations,  reconstruction  patterns  were  chosen  based  on  either  experimental  observations  or 
physical  intuition.  In  the  case  of  a  polar  surface,  the  difference  of  the  work  functions  between  two 
different  sides  of  the  slab  causes  a  non-physical  dipole  field  in  the  ideal  bulk-cleaved  slab.  The 
work  functions  of  two  different  sides  of  the  slab  are  not  independent.  This  problem  is  aggravated 
when  dealing  with  a  polar  surface,  since  the  electrons  will  move  to  the  side  which  has  the  higher 
work  function  in  order  to  lower  the  total  energy.  In  a  real  physical  system,  the  effect  of  the  surface 
from  one  side  is  screened  within  the  distance  of  a  few  lattice  constants.  This  is  not  true  in  a  thin 
slab  which  is  only  10-12  layers  thick.  To  reduce  this  “screening”  problem  in  these  calculations, 
one  side  of  the  slab  was  terminated  with  hydrogen  atoms.  The  charge  transfer  caused  by  the 
infinite  slab  width  was  then  reduced  to  less  than  0.02  electrons  per  surface  atom.  The  other 
problem  is  the  periodic  boundary  conditions  that  result  in  a  slope  of  the  electrostatic  potential  in  the 
vacuum  region  when  the  slab  consists  of  two  non-equivalent  surfaces.  To  solve  this  problem,  we 
employed  a  compensating  field  deep  inside  of  the  vacuum  region,  which  cancels  out  the  effect 
caused  by  the  periodic  boundary  conditions.  The  details  of  this  technique  will  be  discussed 
elsewhere.  [12] 

The  electron  affinity  of  a  semiconductor  can  be  related  to  the  bulk  average  potential  through 
the  following: 

where  D  is  defined  as  the  surface  dipole  potential  that  determines  the  relative  energies  of  the  bulk 
electron  states  and  the  vacuum  level  and  is  the  position  of  the  conduction  band  minimum 

relative  to  the  bulk-averaged  electrostatic  potential.  The  surface  dipole  potential  was  obtained  in 
these  calculations  from  the  difference  of  the  electrostatic  potential  across  the  surface.  The  electron 
affinities  of  different  surface  configurations  of  AIN  are  listed  in  Table  I,  where  prior  results  for 
diamond  (111)  surface  are  also  listed. 

Table  I,  The  Calculated  results  of  electron  affinities  [in  eV]  for  different  surface  configurations. 


Surface  Specie 

Bare  Surface 

H-terminated  (1x1) 

Vacancy  (2x2) 

Diamond  (111) 

positive 

-1.5 

N.A. 

Al-AIN 

+0.85 

+1.60 

-0.70 

N-AIN 

+1.40 
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The  results  exhibit  trends  for  changes  between  clean  and  chemisorbed  surfaces.  Once 
chemisorption  occurs,  the  adsorbates  saturate  the  dangling  bonds  by  bonding  with  the  surface 
atoms.  The  bonding  causes  a  charge  transfer  between  the  adsorbates  and  the  surface  atoms,  and  an 
additional  dipole  field  occurs.  The  strength  and  direction  of  the  additional  dipole  field  determines 
the  change  of  the  electron  affinity. 

In  general  the  electronegativity  can  be  used  as  a  good  indicator  of  the  sign  of  the  surface 
dipole.  For  an  adsorbate  with  a  lower  electronegativity  than  the  surface  atoms,  when  the  adsorbate 
atoms  attach  to  the  surface  atoms,  the  bond  charge  will  tend  to  get  closer  to  the  surface  atom, 
which  results  in  an  additional  dipole  field  pointing  outwards  with  respect  to  the  surface.  This  field 
will  reduce  the  surface  barrier  or  lower  the  electron  affinity  of  a  semiconductor.  An  opposite 
charge  transfer  would  result  in  an  additional  dipole  directed  towards  the  surface,  which  would 
increase  the  electron  affinity. 

In  AIN,  A1  has  a  lower  electronegativity  than  H,  while  the  opposite  is  true  for  N.  Thus 
hydrogen  adsorbed  on  the  Al-terminated  surface  is  expected  to  result  in  an  increased  electron 
affinity,  and  this  is  reflected  in  the  full  calculations.  Moreover,  from  their  electronegativities,  it  is 
expected  that  both  Al-  and  N-terminated  AIN  surfaces  with  chemisorbed  Li  or  Be  should  exhibit 
reduced  or  negative  electron  affinities. 


Fig.  3.  A  schematic  of  a  portion  of  the  integrated  surface  processing  and  characterization  system 
used  in  the  studies  described  here. 


EXPERIMENTAL 

The  experiments  described  in  this  summary  paper  were  carried  out  in  an  integrated  UHV 
system  with  surface  preparation,  film  growth  and  surface  characterization  capabilities.  The  system 
consists  of  eight  chambers  interconnected  by  a  linear  sample  transfer  mechanism.  The  overall 
length  of  the  sample  transfer  chamber  is  ~35ft.  A  portion  of  the  system  is  shown  schematically  in 
Fig.  3.  This  figure  shows  the  positions  of  the  UV  photoemission  system,  the  plasma  surface 
processing  system,  the  LEED/Auger  systems,  and  the  MBE  chamber.  In  the  experiments 
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described  here,  the  UV-photoemission  measurements  were  made  with  Hel  (21.21eV)  radiation  and 
the  electrons  were  analyzed  with  a  VSW  HAC50  50mm  mean  radius  hemispherical  electron 
analyzer.  The  spectra  were  collected  at  normal  emission  with  a  collection  angle  of  ~2°.  The  sample 
was  biased  with  ~1  to  3V  so  that  the  low  energy  electrons  can  overcome  the  work  function  of  the 
analyzer.  While  higher  sample  bias  can  be  employed,  the  low  bias  used  here  is  to  minimize 
spectral  distortions  that  occur  due  to  changes  in  the  effective  collection  angle  for  the  higher  sample 
bias. 

To  avoid  charging  and  to  obtain  high  quality  epitaxy,  the  AlGaN  films  were  grown  on 
(0001)  6H-SiC  substrates.  The  substrates  were  supplied  by  Cree  Research,  Inc.  [1]  The  SiC 
wafers  were  n-type  with  doping  concentrations  of  10'^  to  lO’Vcml  The  AlGaN  alloy  samples 
were  grown  by  CVD  (OMVPE)  in  a  remote  location  and  transported  in  ambient  to  the  analysis 
system.  Clean,  as-grown  surfaces  of  AIN  and  GaN  were  prepared  in  the  integrated  UHV  transfer 
system  (described  above)  by  gas  source  molecular  beam  epitaxy  (GSMBE),  and  transferred 
directly  to  the  UPS  system.  The  A1  concentration  of  the  alloy  samples  was  estimated  from 
respective  cathodoluminescence  measurements. 

Field  emission  measurements  were  obtained  within  a  separate  high  vacuum  chamber 
(pressure  <  10‘^  Torr).  During  the  experiment,  samples  were  placed  beneath  a  2  mm  diameter 
movable  platinum  anode  with  a  flat  tip.  The  anode  was  controlled  by  a  stepper  motor  such  that  one 
step  yielded  a  translation  of  0.44  pm.  The  current-voltage  (I-V)  measurements  were  taken  at 
several  distances  ranging  from  2  to  20  pm  and  for  bias  voltages  in  the  range  of  0  to  1100  volts. 
The  relative  travel  of  the  probe  was  determined  by  the  number  of  steps  and  the  step  size  established 
by  the  translation  stage.  The  I-V  curves  were  measured  at  intervals  as  the  probe  approached  the 
sample  and  the  absolute  distance  was  calculated  when  the  probe  tip  touched  the  sample.  Using  this 
procedure,  the  measurements  were  made  before  the  probe  tip  touched  the  sample.  In  both  the  field 
emission  and  UV-photoemission,  the  techniques  probed  a  similar  sample  area  of  2-3  mm  in 
diameter.  While  the  field  emission  properties  of  the  samples  may  not  be  uniform,  this 
nonuniformity  is  expected  to  be  on  a  microscopic  scale  so  that  the  probe  area  averages  over  the 
variation  in  emission  sites. 


UV-PHOTOEMISSION  RESULTS 

The  UV  photoemission  spectra  of  AIN,  GaN  and  the  two  alloy  samples  are  shown  in  Fig. 
4.  [20,21]  Samples  were  biased  with  2-3  V  to  overcome  the  work  function  of  the  analyzer,  and  all 
spectra  were  shifted  to  be  aligned  at  the  valence  band  maximum.  The  spectra  were  scaled  such  that 
the  strongest  emission  was  the  same  for  all  curves. 

The  first  aspect  to  be  noted  is  that  the  spectra  of  the  A1  rich  alloy  and  AIN  exhibit  sharp 
strong  features  at  the  largest  (negative)  binding  energy,  which  corresponds  to  the  lowest  kinetic 
energy.  These  features  are  often  indicative  of  a  negative  electron  affinity.  As  noted  in  the 
introduction,  the  feature  is  attributed  to  emission  from  electrons  quasi-thermalized  to  the 
conduction  band  minimum.  The  emission  from  the  Alo.13Gao.87N  sample  is  significantly 
weaker,  and  the  GaN  emission  does  not  show  the  sharp  peak  at  all. 
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Figure  4.  The  UV  photoemission  spectra  of  AlxGai-xN  films  grown  on  6H-SiC.  The  spectra 
were  excited  with  21 .21eV  Hel  radiation.  Samples  were  biased  at  -3V  such  that  the  low  energy 
electrons  could  overcome  the  work  function  of  the  analyzer.  All  spectra  are  aligned  at  the  valence 
band  maximum,  and  the  energy  scale  references  this  energy  as  0. 

A  second  indication  of  the  change  in  electron  affinity  with  alloy  concentration  is  the 
extension  of  the  AlxGaj-xN  spectra  to  lower  energy  as  x  is  decreased,  A  more  precise  description 
of  the  relation  of  the  NEA  is  obtained  from  the  spectral  width.  To  determine  the  energy  position  of 
the  valence  band  maximum,  each  spectrum  was  magnified,  and  the  intensity  was  extrapolated  to  0 
emission.  The  spectral  widths  obtained  from  the  AlxGai_xN  samples  were  14.5,  14.5,  15.5,  and 
15  eV  for  x=0,  0.13,  0.55,  and  1.0,  respectively.  To  apply  the  relations  noted  above,  the  bandgap 
of  each  sample  must  also  be  known.  The  reported  values  of  the  AIN  and  GaN  bandgaps  are  6.2 
and  3.4  eV  respectively.  The  band  gap  of  the  alloy  samples  was  determined  from  the  respective 
cathodoluminescence  measurement.  Using  the  relations  described  above,  the  AIN  satisfies  the 
relations  for  a  NEA,  while  the  Alo.55Gao.25N  surface  exhibits  a  low  but  positive  electron  affinity. 
The  GaN  and  Alo.i3Gao.87N  surfaces,  do  not  satisfy  the  relations  for  a  NEA.  We  can,  however, 

determine  the  value  of  the  electron  affinity  of  these  materials  and  find  that  %  =  3.3  eV  and  2.9  eV 
for  X  =  0  and  0.13  respectively. 

Another  aspect  that  is  evident  from  the  photoemission  spectra  is  the  position  of  the  surface 
Fermi  level  relative  to  the  valence  band  maximum.  It  was  found  that  Ep  ranges  from  2  to  3.5  eV 
above  the  valence  band  maximum  for  each  sample.  For  the  GaN  and  Alo.i3Gao.87N  surfaces, 
these  values  position  Ep  in  the  upper  part  of  the  gap  while  for  the  A1  rich  samples,  the  values 
indicate  that  the  surface  Fermi  level  is  pinned  near  midgap.  The  surface  Fermi  level  position  and 
the  bandgap  of  the  alloys  are  indicated  in  Fig.  5.  The  pinning  at  midgap  may  be  an  indication  of 
surface  states  or  increased  impurity  incorporation.  In  particular,  the  strong  affinity  of  A1  with 
oxygen  may  result  in  increased  oxygen  incorporation  at  the  surface  or  in  the  bulk  of  these  films. 
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The  deduced  electron  affinities  versus  alloy  concentration  are  shown  in  Figure  5.  Again  we 
note  that  the  photoemission  measurements  cannot  be  used  to  determine  the  position  of  the  vacuum 
level  for  a  NBA  surface.  Therefore,  the  electron  affinity  of  the  AIN  is  indicated  at  x  =  0  with  an 
arrow  to  larger  negative  values.  The  results  suggest  that  the  electron  affinity  depends  on  the  alloy 
concentration.  It  should  be  noted  that  we  have  made  no  effort  to  control  the  surface  termination  for 
these  samples.  Previous  results  for  diamond  indicate  that  the  observation  of  a  NBA  may  be 
critically  dependent  on  the  surface  termination.  This  may  not  be  the  case  with  the  nitrides.  Future 
studies  should  explore  whether  the  electron  affinity  of  AlGaN  materials  is  also  affected  by  different 
surface  preparations. 


Fig.  5.  The  dependence  of  the  electron  affinity  (upper  panel),  bandgap  (filled  circles)  and  surface 
Fermi  level  position  (triangles)  for  the  AlGaN  alloys.  The  electron  affinity  and  surface  Fermi  level 
are  obtained  from  the  UPS  spectra  of  Fig.  4. 
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Applied  Voltage  (Volts) 


Fig  6.  The  field  emission  I-V  measurements  obtained  from  AIN  (lOnm)  on  6H-SiC  compared  to 
that  from  a  polished  p-type  diamond  film  (SOpm)  and  a  sputtered  gold  film.  The  (Pt)  anode  to  film 
surface  distance  of  the  AIN,  diamond  and  Au  measurements  were  7.2±1.3,  6.2+0.9,  and  6.5±1.5 
pm  respectively. 


ELECTRON  EMISSION  FROM  A  NEGATIVE  ELECTRON  AFFINITY  SURFACE 

The  major  device  related  goal  of  these  studies  is  the  development  of  a  cold  cathode  electron 
emitter.  Three  steps  can  be  considered  in  understanding  the  emission  process:  (1)  electron  supply 
to  the  semiconductor,  (2)  transport  from  the  supply  electrode  to  the  surface,  and  (3)  the  emission 
into  vacuum.  The  photoemission  and  theoretical  sections  above  have  focused  mostly  on  the  last  of 
these  processes.  In  contrast,  field  emission  involves  all  three  process. 

The  field  emission  W  curves  for  a  thin  (lOnm)  AIN  sample  is  compared  to  that  of  p-type 
diamond  and  a  sputtered  gold  film  in  Fig.  6.  All  measurements  were  obtained  at  similar  distances 
so  that  the  electric  field  dependence  near  the  surface  is  essentially  the  same  for  all  three  samples. 
The  diamond  sample  was  a  50pm  thick  p-type  film  deposited  on  Si  and  polished  such  that  the 
RMS  roughness  from  AFM  measurements  was  ~lnm.  While  we  did  not  measure  the  flatness  of 
the  AIN  and  the  Au  films,  we  expect  a  similar  surface  roughness.  Compared  to  the  emission  from 
gold,  the  AIN  and  diamond  show  a  significant  reduction  in  the  field  to  obtain  similar  electron 
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emission  currents.  It  is  interesting  to  note  that  both  semiconductors  exhibited  emission  currents  of 
InA  at  a  field  of  3 1  V/jim. 


Fig.  7.  A  Fowler-Nordheim  plot  of  the  current  voltage  data  shown  in  Fig.  6.  The  straight  lines 
show  regions  in  which  the  emission  exhibits  F-N  characteristics. 


All  three  samples  exhibit  Fowler  Nordheim  type  dependence  in  the  I-V  measurements.  The 
F-N  plots  for  the  samples  are  shown  in  Fig.  7.  The  F-N  characteristics  suggest  the  presence  of  a 
barrier  to  emission.  For  metals  this  is  simply  the  surface  barrier  due  to  the  work  function.  There 
is  still  considerable  discussion  on  the  mechanism  of  electron  emission  from  p-type  diamond 
films. [13, 14, 15]  We  note  that  the  work  function  from  these  films  is  slightly  less  than  5eV  which 
is  similar  to  the  value  for  most  metals.  In  contrast,  the  photoeraission  results  indicate  that  the 
Fermi  level  of  the  AIN  is  near  the  center  of  the  6.3eV  band  gap.  This  would  imply  a  ~3eV  work 
function.  The  band  alignment  for  the  AIN  on  n-type  SiC  has  previously  been  discussed,  [5]  and 
new  results  are  reported  in  this  conference.  [16]  It  was  suggested  that  the  AlN-6H-SiC  band  offset 
at  the  conduction  band  is  no  larger  than  2.7  eV.  Thus  it  is  probable  that  the  F-N  field  emission 
characteristics  from  the  AIN  is  limited  by  electron  injection  from  the  SiC  into  the  AIN. 

There  have  been  many  studies  of  field  emission  from  point  emitters  (i.e.  Spindt  tips).  The 
sharp  point  emitters  result  in  a  field  enhancement  at  the  tip  and  a  possible  reduction  in  the  work 
function  due  to  the  steps  on  the  surface.  The  I-V  characteristics  from  a  field  emitter  follow  the 
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Fowler-Nordheim  expression.  In  contrast,  the  I-V  dependence  of  an  ideal  NEA  based  emitter 
should  exhibit  emission  at  any  negative  bias.  At  low  fields  the  current  would  be  limited  by  the 
space  charge  in  the  vacuum  around  the  emitter  (following  Child-Langmuir  dependence)  and  at 
higher  fields  the  current  would  be  limited  by  the  resistance  of  the  semiconductor  and  the  contact. 
The  energy  distribution  of  the  emitted  electrons  from  a  NEA  cathode  should  be  very  narrow  (~kT), 
and  the  current  should  exhibit  a  noise  component  related  to  the  resistance  of  the  semiconductor  and 
contact.  This  is  in  contrast  to  either  thermal  emitters  (i.e.  hot  cathodes)  or  field  emitters  that  exhibit 
fluctuations  based  on  the  statistics  of  the  highest  energy  part  of  the  electron  distribution. 

An  electron  emitter  based  on  a  negative  electron  affinity  material  would  have  several  unique 
advantages  over  pointed  field  emitters.  These  would  include  low  turn  on  voltage,  high  current 
density,  low  sputter  erosion,  and  low  noise.  In  addition,  the  field  emitter  requires  a  significant 
field  established  through  a  potential  between  the  tip  and  a  nearby  grid  layer.  In  contrast,  a  true 
NEA  device  would  be  controlled  by  a  small  field  established  by  the  grid  to  modulate  the  anode  to 
cathode  field.  Notice  that  for  an  ideal  NEA  structure  the  grid  potential  would  actually  range  from  0 
to  a  small  negative  value.  Then,  when  the  grid  is  at  the  cathode  potential,  the  potential  established 
at  the  anode  would  control  the  emission.  A  small  negative  grid  potential  would  then  be  used  to 
limit  or  modulate  the  electron  emission. 


Fig.  8.  The  bandgap  vs.  hexagonal  lattice  constant  for  a  group  of  wide  bandgap  semiconductors. 
For  the  cubic  materials,  the  lattice  constant  is  the  unit  cell  in  the  (111)  plane.  The  open  circles 
represent  materials  that  have  been  shown  to  exhibit  a  negative  electron  affinity,  while  the  gray 
circle  represents  the  low  electron  affinity  GaAlN  alloy  studied  here. 
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CONCLUDING  REMARKS 


The  experimental  and  theoretical  results  presented  here  demonstrate  that  a  negative  electron 
affinity  surface  can  be  obtained  for  nitride  and  other  wide  bandgap  semiconductors.  Fig.  8. 
summarizes  the  hexagonal  lattice  constant  and  bandgap  dependence  for  the  nitride  and  carbon 
related  materials.  We  also  show  on  this  figure  the  materials  that  have  been  shown  to  exhibit  a 
NBA.  In  addition  to  the  measurements  described  here,  recent  results  have  demonstrated  that  BN 
exhibits  a  negative  electron  affinity.  [17]  It  is  interesting  to  note  that  all  materials  from  this  group 
which  have  a  bandgap  larger  than  that  of  diamond  exhibit  an  negative  electron  affinity.  The  results 
of  the  alloy  data  presented  here  are  also  consistent  with  this  value. 

For  the  development  of  cold  cathodes,  the  electron  supply  may  be  as  critical  as  the  emission 
properties.  The  potential  of  obtaining  n-type  nitrides  with  a  NBA  offers  the  real  possibility  of  a 
high  current  cold  cathode  emitter.  It  is  possible  that  structures  based  on  this  material  could  produce 
space  charge  limited  currents. 

Studies  of  nitride  surfaces  are  still  at  a  very  early  stage.  While  there  have  been  reports  of 
different  surface  reconstructions,  there  is  still  considerable  uncertainty  as  to  the  stable  structure  of 
the  surfaces  and  the  dependence  on  stoichiometry.  The  theoretical  and  experimental  results 
presented  here  suggest  further  studies  of  well  characterized  surfaces. 
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ABSTRACT 

We  have  observed  a  negative  differential  resistivity  (NDR)  in  metal-semiconductor- 
metal  (M-S-M)  photoconductor  made  from  unintentionally  doped  GaN  grown  by  metalorganic 
chemical  vapor  deposition.  The  threshold  field  for  the  onset  of  NDR  was  found  to  be 
independent  of  the  spacing  of  M-S-M  fingers,  and  was  measured  to  be  1.91x10^  V/cm  for  GaN 
with  an  n-type  carrier  concentration  of  10^'*  cm'^.  We  believe  that  the  observed  NDR  is  due  to 
transferred  electron  effect  in  GaN.  The  threshold  field  value  is  very  close  to  the  value  obtained 
from  the  theoretical  simulation.  This  observation,  to  the  best  of  our  knowledge,  is  the  first 
experimental  evidence  of  transferred-electron  effects  in  GaN,  which  is  important  in 
understanding  GaN  energy  band  structure  and  in  the  application  of  Gunn-effect  devices  using 
GaN  materials. 

INTRODUCTION 

GaN  has  received  extensive  interest  in  recent  years  due  to  its  successful  application  in 
blue  light  emitting  diodes  (LEDs)^  and  its  great  potential  in  high  power  and  high  temperature 
electronic  devices.  It  is  also  predicted  that  GaN  can  be  used  for  high  frequency  devices  such  as 
transferred  electron  devices  (TED)  due  to  its  large  longitudinal  optical  phonon  energy  and  large 
energy  separation  between  the  central  valley  (T)  of  the  conduction  band  and  the  next-lowest- 
energy  minimum^’^  In  1975,  Littlejohn  et  first  predicted  a  negative  differential  resistivity 
(NDR)  in  GaN  under  high  electric  field.  Recently,  Gelmont  et  al.^  showed  through  an  ensemble 
Monte  Carlo  simulation  that  intervalley  electron  transfer  plays  a  dominant  role  in  GaN  in  high 
electric  fields  leading  to  a  strongly  inverted  electron  distribution  and  to  a  large  negative 
differential  resistance.  The  mechanism  responsible  for  the  NDR  is  a  field-induced  transfer  of 
conduction-band  electrons  from  a  low-energy,  high-mobility  valley  to  high-energy,  low-mobility 
satellite  valleys.  The  NDR  is  important  for  microwave  device  applications.  However,  no  direct 
evidence  of  NDR  phenomena  has  been  reported  so  far  in  GaN  materials  or  related  devices.  The 
direct  measurement  of  the  velocity  of  electrons  as  a  function  of  the  electric  field  is  usually 
difficult  in  semiconductors  due  to  oscillations  in  high  conductivity  materials  and  nonuniformity 
of  electric  field  in  low  conductivity  materials,  and  becomes  even  more  difficult  in  GaN  due  to  its 
large  energy  band  gap  which  requires  a  large  threshold  field.  In  this  letter,  we  report  the  first 
observation  of  the  negative  differential  resistance  in  GaN  material  through  a  metal- 
semiconductor-metal  (M-S-M)  system.  The  threshold  field  was  found  to  be  1.91x10^  V/cm  in 
GaN  with  a  background  concentration  of  cm■^ 
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EXPERIMENT 


The  GaN  material  used  in  this  letter  was  grown  on  (0001)  sapphire  by  metalorganic 
chemical  vapor  deposition.  It  is  unintentionally  doped  and  has  a  carrier  concentration  of  lO^'^ 
cm'^  at  room  temperature  as  obtained  from  capacitance-voltage  measurement.  The  M-S-M 
finger-type  patterns,  shown  in  Fig.l,  were  fabricated  using  a  lift-off  technique.  The  fingers  are 
1.5  pm  wide  and  50  pm  long  and  the  spacing  between  the  fingers  are  1.5  mm,  3.0  mm  and  4.5 
mm.  This  M-S-M  structure  was  originally  fabricated  as  a  photodetector.  But  in  this  study,  an 
ohmic  contact  is  needed  rather  than  a  Schottky  contact.  We  made  contacts  by  evaporating 
Au/Al  on  the  GaN  front  surface,  and  alloying  at  450'’C  for  5  min.  The  contact  showed  a  fairly 
good  ohmic  behavior.  Current-voltage  (I-V)  measurements  were  performed  at  room 
temperature  in  dark  conditions  using  a  Keithley  617  Electrometer,  which  is  controlled  by  a 
computer. 


Fig.l.  Metal-semiconductor-metal  structure.  Finger  width=  1,5  pm,  spacing=1.5  pm 
RESULTS 

Figure  2  shows  the  current  of  our  M-S-M  (3  pm  spacing)  as  a  function  of  electric  field 
measured  at  room  temperature.  We  consider  the  electric  field  to  be  uniform  in  the  space 
between  fingers,  and  hence  the  current-electric  field  (I-E)  curves  are  directly  converted  from  I- 
V  curves.  Figure  2  clearly  shows  a  negative  differential  resistivity  in  the  high  electric  field 
region  when  the  electric  field  is  beyond  the  threshold  point  of  1.91x10^  V/cm.  There  are  two 
most  likely  causes  which  are  responsible  for  the  observed  NDR  phenomenon.  One  is  field 
enhanced  trapping^,  which  is  a  thermal  effect  in  the  high  electric  field  region  due  to  the 
accumulation  of  heat  between  fingers.  Another  possible  cause  is  the  transfer  of  electrons  from 
the  central  valley  to  higher  energy  valleys,  which  is  the  so-called  transferred-electron  effect 
(TEE)’. 


790 


Electric  Field  (x10^  V/cm) 

Fig. 2. 1-E  curve  at  room  temperature  for  the  GaN  M-S-M  system. 

If  there  is  a  negatively-charged  impurity  center  in  a  semiconductor,  the  capture  of  an 
electron  is  strongly  influenced  by  the  presence  of  the  potential  barrier  arising  from  the  Coulomb 
repulsion.  The  heated  electrons  tend  to  have  increased  probability  of  tunneling  through  the 
barrier,  and  so  have  an  increased  capture  rate.  The  resultant  fall  in  electron  density  would  cause 
bulk  negative  differential  resistivity.  However,  we  have  found  that  the  I-E  curve  was  repeatable, 
and  the  curve  shape  did  not  change  after  several  consecutive  runs.  This  indicates  that  the 
thermal  effect  is  unlikely  to  be  the  cause  of  NDR  in  our  case  because  the  capture  of  electrons 
would  tend  to  saturate  after  several  voltage  scans,  which  would  change  the  shape  of  I-E  curves. 
We  also  measured  the  I-E  characteristics  for  M-S-Ms  with  different  spacing,  and  found  that  M- 
S-Ms  with  different  spacing  show  almost  the  same  threshold  electric  field,  as  shown  in  Fig.  3, 
suggesting  that  the  onset  of  NDR  is  uniquely  determined  by  the  electric  field.  Therefore  we 
believe  that  the  observed  NDR  in  Fig. 2  is  due  to  the  transferred-electron  effect  in  our  case. 

It  should  be  pointed  out  that  not  every  GaN  sample  could  show  the  NDR  phenomenon. 
We  tried  very  low  resistivity  materials  and  semi-insulating  materials,  and  only  observed  NDR  in 
the  sample  with  a  background  concentration  of  10^“*  cm’^.  For  the  low-resistivity  material,  the 
carrier  mobility  in  central  valley  could  be  small,  and  not  able  to  show  this  effect.  On  the  other 
hand,  in  semi-insulating  materials  the  threshold  field  could  be  very  high,  beyond  the  limit  of  our 
measurement. 
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1  2  3  4  5 


FINGER  SPACING  (pm) 

Fig.3.  Threshold  electric  field  vs  the  finger  spacing  of  M-S-M  system. 

The  measured  threshold  electric  field  (1.91x10^  V/cm)  in  GaN  is  much  higher  than  those 
in  other  III-V  semiconductors,  such  as  GaAs  (3x10^  V/cm)  and  InP  (l.lxl0'‘  V/cm).  This  is 
reasonable  because  GaN  is  a  high-band-gap  material  and  the  separation  between  the  central 
valley  and  the  next-lowest-minimum  is  much  higher*  (>1.5eV)  compared  to  GaAs  and  InP.  Our 
value  is  very  close  to  the  values  obtained  from  a  Monte  Carlo  simulation  by  Littlejohn  et  al."* 
and  Gelmont  et  al^ 

Finally  it  should  be  stressed  that  the  observation  of  TEE  effects  in  GaN  is  important  in 
understanding  its  energy  band  structure,  and  makes  it  possible  for  the  application  of  Gunn- 
effect  devices  as  predicted. 

CONCLUSIONS 

In  conclusion,  we  have  observed,  for  the  first  time,  the  transferred-electron  effect  in 
GaN  through  a  metal-semiconductor-metal  system.  The  threshold  electric  field  was  found  to  be 
1.91x10^  V/cm,  which  is  consistent  with  the  theoretical  simulation.  This  observation  confirms 
that  the  GaN  material  can  be  used  for  Gunn-effect  devices  for  microwave  applications. 
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ABSTRACT 

We  report  the  optical  and  structural  properties  of  ion  implanted  GaN:Zn.  Post-implant 
annealing  up  to  1 100  ®C  was  performed  under  flowing  N2  in  both  a  tube  furnace  and  a  rapid 
thermal  annealing  (RTA)  system,  with  and  without  SiN^  encapsulation  layers.  The  implantation 
damage  is  quantified  by  transmission  electron  microscopy  (TEM).  Secondary  ion  mass 
spectroscopy  (SIMS)  detects  significant  rearrangement  of  implanted  Zn  only  at  the  highest 
temperatures  and  doses  investigated.  Strain  reduction,  observed  in  GaN:Zn  annealed  at  or  above 
975  °C  by  high-resolution  x-ray  difffactometry  (HRXRD),  indicates  successful  damage  removal. 
The  optical  activation  of  annealed  GaN:Zn  is  measured  by  photoluminescence  (PL).  The  room 
temperature  (RT)  Zn  acceptor  transition  at  ~430  nm  is  consistently  observed  in  annealed  GaN:Zn, 
but  at  low  efficiency.  We  conclude  that  residual  implantation  damage  and/or  N  loss  during 
annealing  limits  the  optical  quality  of  implanted  GaN:Zn. 

INTRODUCTION 

Ion  implantation  is  widely  used  in  semiconductor  device  technology  to  locally  alter  the 
electrical  properties  of  materials,  e.g.  for  doping  or  isolation.  Less  attention  has  been  paid  to  ion 
implantation  as  a  method  for  introducing  optically  active  impurities.  GaN  LEDs  can  luminesce  in 
any  of  the  visible  colors  dependent  on  the  dopant  introduced  [1].  If  it  is  possible  to  realize  good 
optical  quality  implanted  GaN,  LEDs  would  benefit  from  dopants  incompatible  with  epitaxial 
growth  processes.  It  would  also  be  possible  to  fabricate  monolithic  multicolor  LED  arrays  [2]. 

Two  groups  in  the  1970's  reported  PL  in  ion  implanted  GaN.  Pankove  and  Hutchby  [3] 
implanted  35  different  elements  into  GaN,  reporting  on  GaNiZn  in  detail  [4].  Metcalfe  et  al.  [5] 
investigated  As  and  P  doping.  Each  find  that  post-implantation  annealing  activates  the  dopants, 
but  no  estimates  of  the  absolute  PL  efficiency  are  given. 

Our  work  evaluates  ion  implanted,  annealed  GaNrZn  for  optical  device  applications. 

EXPERIMENT 

Our  starting  material  was  1.5  pm  GaN/sapphire  MOVPE  grown  epilayers  [6]  having  a 
background  electron  concentration  of  ~10l^  cm'3  which  exhibit  strong  bandedge  and  negligible 
midgap  PL.  Zn+  ions  were  implanted  up  to  200  keV  and  Zn++  ions  for  400  keV.  Implanted 
samples  were  annealed  (800  -  1 100  ®C)  under  flowing  N2  in  a  tube  furnace  (sample  pairs  face  to 
face)  or  RTA,  some  with  chemical  vapor  deposited  SiN^  encapsulation  layers  deposited  after 
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implantation,  to  inhibit  N  loss.  GaN:Zn  maintains  its  specular  surface  after  1  hr  furnace  anneals  up 
to  1025  °C.  At  higher  temperatures,  unencapsulated  samples  decomposed  leaving  a  liquid  Ga 
surface.  SiN^  (10  -  50  nm)  encapsulation  permits  annealing  up  to  our  experimental  limit  (1 100  °C) 
without  Ga  ioplet  formation.  However,  above  900  ‘’C,  the  SiN^  encapsulation  blisters  badly, 
suggesting  that  significant  N  loss  is  occurring. 

A  Cameca  IMS  5f  SIMS  instrument  rastered  8  keV  02'*'  or  17  keV  Cs'*'  primary  ions  over 
(250  pm)2  to  sputter  flat  bottomed  craters.  GaN:Zn  structural  data  was  recorded  with  a  4-circle 
Philips  MPD  1880  HRXRD  tool  equipped  with  a  Ge  (220)  monochromator  (+-+  arrangement). 
For  PL,  the  signal  excited  by  a  15  mW  HeCd  ultraviolet  laser  was  dispersed  in  a  SPEX  1404 
double-grating  spectrometer  and  detected  by  a  cooled  photomultiplier  and  photon  counting 
electronics. 

RESULTS 

TEM 


A  TEM  cross  section  (Fig.  1)  of  GaN:Zn  (200  keV,  5  x  10^^  cm'^)  illustrates  the 
implantation  damage.  Images  of  lower  doses  (200  keV,  5  x  10^3  cm'^)  are  qualitatively  similar, 
but  the  damage  is  less  pronounced.  Typical  GaN/sapphire  dislocations  propagate  vertically  from 
the  heterointerface.  Within  -260  nm  of  the  surface  heavy  implant  damage  causes  the  dislocations 
to  be  no  longer  resolvable.  Contrast  variations  between  the  next  ~100  nm  and  undamaged 
material  nearer  the  substrate  suggests  scattering  from  additional  point  defects. 


Figure  1.  Bright  field  TEM  image  of  Zn  implanted  GaN  (200  keV,  5  x  10^^  cm'2). 
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SIMS  Zn  depth  profiles  (Fig.  2)  for  ion  energies  of  100  keV  (10^^  cm’^),  200  and  400  keV 
(5  X  10^^  cm-2)  are  plotted.  The  profiles  are  slightly  asymmetric,  falling  off  more  slowly  into  the 
substrate.  Zn  concentration  maxima  occur  at  66  nm,  134  nm,  and  189  nm  penetration  with  full 
width  half  maxima  (FWHM)  of  132, 177,  and  185  nm  for  ion  energies  of  100, 200  and  400  keV, 
respectively.  Comparing  the  SIMS  and  TEM  data,  the  heavily  damaged  uppermost  layer  seen  in 
Fig.  1  extends  roughly  to  the  Zn  concentration  half  maximum  on  the  substrate  side  of  the  peak. 


Figure  2.  SIMS  profiles  of  GaN:Zn  as  a  function  of  Zn  ion  energy. 

Zn  diffusion  in  annealed  samples  (200  keV,  8  x  10^2  _  5  x  iQl^  cm'2)  was  also  studied  with 
SIMS.  We  concentrated  on  higher  annealing  temperatures  than  those  previously  reported  [7,8]. 
Slight  Zn  diffusion  is  observed  in  RTA  (1 100  °C,  10  min)  samples  only  at  doses  above  2  x  lO^'^ 
cm'^.  At  2.5  X  lO^^  cm'^,  significant  redistribution  of  the  Zn  into  a  two  peaked  profile  is  observed 
in  some  cases. 

HRXRD 


Figure  3  contrasts  two  pairs  of  HRXRD  GaN  (00.4)  rocking  curves  from  furnace  annealed 
and  unannealed  GaN:Zn  implanted  at  200  keV,  10^^  cm"^  and  35  keV,  10^^  cm"^.  Higher  doses 
result  in  greater  strain  as  seen  from  the  broader  FWHM  of  the  35  keV  curves,  despite  their  lower 
implantation  energy.  Strain  relaxation  is  seen  only  in  GaN:Zn  furnace  annealed  for  1  hour  at 
975  °C  or  above  in  the  35  keV  sample.  HRXRD  is  not  highly  sensitive  to  implant  damage  and 
annealing  in  the  lower  dose  sample. 

The  inset  of  Fig.  3  compares  the  rocking  curves  of  annealed  (200  keV,  2  x  10^^  cm*^) 
GaN:Zn.  No  relaxation  is  observed  after  15  min  RTA  at  900  °C.  At  1100  °C,  no  further 
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improvement  results  from  a  1  hr  furnace  anneal  compared  to  10  min  RTA.  These  observations 
suggest  that  temperature  plays  a  larger  role  than  the  duration  of  the  anneal. 


GaNrZn  (00.4)  Rocking  Curve 


A0  [deg] 


Figure  3.  High-resolution  x-ray  diffraction  rocking  curves  of  the  (00.4)  GaN  Bragg  peak.  Higher 
doses  produce  greater  damage,  even  at  lower  implant  energy.  Strain  relaxation  is  observed  for 
anneals  975  °C  or  above.  Inset:  Annealing  at  1 100  °C  for  10  min  or  1  hr  produce  identical  results 
while  a  10  min  anneal  at  900  ®C  has  no  effect  on  the  rocking  curve. 

PL 


A  characteristic  RT  Zn  acceptor  transition  at  ~430  nm  is  observed  in  a  wide  variety  of 
samples  (35  -  400  keV,  10^^  -  lO^^  cm'2)  annealed  at  or  above  900  °C.  In  addition,  all  annealed 
GaN:Zn  exhibits  the  oft  seen  yellow  defect  luminescence  suspected  to  derive  from  N  vacancies 
[9].  We  take  the  ratio  of  blue  Zn  to  defect  luminescence  maxima  as  a  figure  of  merit.  Our  best 
results  (Fig.  4)  are  obtained  by  RTA  (1 100  °C,  10  min,  SiN^  cap)  on  a  200  keV,  8  x  lO^^  cm’^ 
sample,  which  yields  roughly  four  times  the  maximum  count  rate  at  430  nm  versus  midgap.  We 
varied  several  parameters  to  observe  their  effect  on  this  ratio.  The  blue  PL  is  enhanced  by  a  factor 
of  16  with  respect  to  the  yellow  when  the  RTA  temperature  (10  min)  is  increased  from  900  to 
1100  °C.  Enhancements  of  roughly  a  factor  of  two  are  realized  by  lengthening  the  RTA  time  from 
1  to  5  min,  or  reducing  the  implanted  dose  from  5  x  lO^*^  to  8  x  10^^  cm'2.  We  observed  no 
enhancement  when  the  substrate  temperature  is  raised  to  600  °C  during  the  ion  implantation. 
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At  77  K  (inset),  the  Zn  signal  in  this  sample  is  greatly  enhanced  both  with  respect  to  the 
defect  level  and  in  absolute  intensity.  Compared  to  epitaxially  doped  GaN:Zn,  the  RT  blue  PL 
intensity  of  the  best  implanted  material  is  1-2  orders  of  magnitude  weaker.  At  77  K,  the  implanted 
Zn  signal  is  still  about  a  factor  of  10  weaker  than  the  epitaxial  GaN:Zn  transition.  Thus,  we  are 
only  partially  successful  in  activating  implanted  Zn  with  our  annealing  conditions.  Furthermore, 
the  RT  blue  PL  of  implanted  samples  is  more  severely  reduced  with  respect  to  the  77  K  signal 
than  in  epitaxial  GaN:Zn.  This  observation  indicates  that  annealing  induced  and  residual 
implantation  defects  are  contributing  to  the  quenching  of  RT  Zn  luminescence. 


Figure  4.  Room  temperature  and  77  K  (inset)  photoluminescence  from  a  RTA  (10  min,  1 100  °C) 
Zn  implanted  GaN  sample  (200  keV,  8  x  10^^  cm'2).  The  low  temperature  PL  is  roughly  a  factor 
of  40  more  intense. 

CONCLUSION 

We  find  that  annealing  removes  much  of  the  implantation  damage  from  GaN  and  optically 
activates  implanted  Zn  impurities.  However,  N  loss  during  annealing  and/or  residual  implant 
damage  severely  limit  the  RT  PL  efficiency  of  GaN:Zn.  Higher  annealing  temperatures  may 
succeed  in  obtaining  high  optical  quality  ion  implanted  GaN:Zn  if  an  improved  encapsulation  layer 
can  be  identified. 
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ABSTRACT 

The  IIl-V  nitride-containing  semiconductors  InN,  GaN,  and  AIN  and  their  ternary  alloys  are 
the  focus  of  extensive  research  for  application  to  visible  light  emitters  and  as  the  basis  for 
high  temperature  electronics.  Recent  advances  in  ion  implantation  doping  of  GaN  and  studies 
of  the  effect  of  rapid  thermal  annealing  up  to  1100  ’C  are  making  new  device  structures 
possible.  Both  p-  and  n-type  implantation  doping  of  GaN  has  been  achieved  using  Mg  co¬ 
implanted  with  P  for  p-type  and  Si-implantation  for  n-type.  Electrical  activation  was 
achieved  by  rapid  thermal  anneals  in  excess  of  1000  "C.  Atomic  force  microscopy  studies  of 
the  surface  of  GaN  after  a  series  of  anneals  from  750  to  1100  *C  shows  that  the  surface 
morphology  gets  smoother  following  anneals  in  Ar  or  N2.  The  photoluminescence  of  the 
annealed  samples  also  shows  enhanced  bandedge  emission  for  both  annealing  ambients.  For 
the  deep  level  emission  near  2.2  eV,  the  sample  annealed  in  N2  shows  slightly  reduced 
emission  while  the  sample  annealed  in  Ar  shows  increased  emission.  These  annealing  results 
suggest  a  combination  of  defect  interactions  occur  during  the  high  temperature  processing. 


INTRODUCTION 

The  III-V  nitride-containing  semiconductors  InN,  GaN,  and  AIN  and  their  ternary  alloys 
are  attracting  renewed  interest  for  application  to  visible  light  emitters  1  >2  and  as  the  basis  for 
high  temperature  electronics.3-5  Their  attractive  material  properties  include  bandgaps 
ranging  from  1.9  eV  (InN)  to  6.2  eV  (AIN),  an  energy  gap  (Eg(GaN)  =  3.39  eV)  close  to  the 
short  wavelength  region  of  the  visible  spectrum,  high  breakdown  fields,  high  saturation  drift 
velocities  and  relatively  high  carrier  mobilities.^ 

There  have  been  limited  reports  of  the  implantation  properties  of  the  III-V  nitrides.’^ 
Early  work  by  Pankove^  focused  on  the  optical  properties  of  GaN  implanted  with  an  array  of 
elements  while  Khan  investigated  the  implantation  of  Be  or  N  in  GaN^  and  AlGaN^b  to 
improve  Schottky  barrier  characteristics.  Recently  there  have  been  reports  on  the  implant 
isolation  properties  of  Ill-Nitride  materials^  12,  13  there  has  been  only  one  report  of  the 
achievement  of  implantation  doping  of  GaN.l^  In  this  work  we  report  in  more  detail  on  the 
properties  of  implantation  doping  in  GaN.  Specifically,  Hall  data  for  the  sheet  carrier 
concentration  versus  annealing  temperature  is  reported.  Variable  temperature  Hall  data  is 
reported  and  used  to  estimate  the  ionization  energy  levels  for  implanted  Mg  and  Si  in  GaN. 
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In  addition,  secondary  ion  mass  spectroscopy  (SIMS)  data  is  presented  for  as-implanted  and 
annealed  samples  to  study  the  redistribution  properties  of  implanted  Mg  and  Si  in  GaN. 
Furthermore,  since  an  implant  activation  anneal  in  excess  of  1000  "C  is  required  to  achieve 
electrical  activation,  data  for  the  effect  of  such  an  anneal  on  the  morphology  and 
luminescence  properties  of  GaN  is  presented.  Results  are  also  given  for  ohmic  contact 
formation  to  Si-implanted  GaN. 


EXPERIMENTAL 

The  GaN  layers  used  in  the  implant  doping  experiments  were  1.5  to  2.0  pm  thick 
grown  on  c-plane  sapphire  substrates  by  metalorganic  chemical  vapor  deposition  (MOCVD) 
in  a  multiwafer  rotating  disk  reactor  at  1040  “C  with  a  ~20  nm  GaN  buffer  layer  grown  at  530 
"C.15  The  GaN  layers  were  unintentionally  doped,  with  background  n-type  carrier 
concentrations  <  5xl0l6  cm'3.  The  as-grown  layers  had  featureless  surfaces  and  were 
transparent  with  a  strong  bandedge  luminescence  at  3.484  eV  at  14  K.  The  GaN  layers  used 
in  the  annealing  experiments  were  also  grown  by  MOCVD  but  in  a  RF-heated,  horizontal 
geometry  reactor  consisting  of  a  double  walled  deposition  chamber,  a  rectangular-section 
flow -liner,  and  an  uncoated  graphite  susceptor  angled  for  optimum  uniformity.  This  GaN 

was  grown  on  solvent  cleaned,  a-plane  [1120]  oriented,  sapphire  substrates.  The  growth 
sequence  involved  a  thin  GaN  buffer  at  480  "C  followed  by  a  ~5  |im  GaN  layer  at  1025  “C 
with  a  2  |im/hr  growth  rate.  The  as-grown  GaN  is  colorless,  has  a  specular  morphology, 
shows  a  typical  n-type  background  doping  in  the  6x10^ ^  cm”^  to  3x10^^  cm’3  range,  a 
mobility  between  200  and  600  cm^/V-s,  and  an  x-ray  rocking  curve  FWHM  of  approximately 
200  arc  seconds. 

For  implantation  doping,  the  samples  were  implanted  with  either  28$!  (5x10^4  cm'2 
200  keV),  24Mg(5xl0l4cm-2,  ISOkeV),  or  24Mg-i-31p(5xl0l4  cm’^,  180/250  keV).  The 
samples  were  annealed  from  700  to  1100  “C  for  10  s  in  a  SiC  coated  graphite  susceptor  in 
flowing  N2.  Electrical  characterization  was  performed  by  van  der  Pauw  Hall  measurements 
using  alloyed  (350  “C,  10  s)  Hgin  contacts  at  the  corners  of  each  sample. 

For  the  annealing  experiment,  the  anneals  were  done  in  a  similar  fashion  as  above 
except  for  15  s  and  in  one  of  three  ambients:  4%H2:96%N2,  Ar,  or  N2.  The  samples  surface 
morphology  were  characterized  by  atomic  force  microscopy  (AFM)  with  a  Digital 
Instruments  Dimension  3000  AFM  operating  in  the  tapping  mode  with  a  silicon  tip  by  taking 
10  p.m  X  10  |im  images  at  three  points  on  each  sample.  Each  image  was  then  analyzed  for  the 
RMS  surface  roughness.  The  as-grown  material  and  the  Ar  and  N2  1100  “C  annealed  samples 
were  also  characterized  by  photoluminescence  using  a  10  mW  HeCd  laser  (325  nm)  excitation 
source  with  the  spectra  taken  at  15  K. 


RESULTS  AND  DISCUSSION 

Figure  l(a,b)  shows  the  sheet  electron  and  hole  concentration  versus  activation 
annealing  temperature  for  Si,  Mg,  Mg-i-P,  or  unimplanted  GaN.  For  Si-implantation  (Fig.  la) 
electrical  activation  first  occurs  after  a  1050  ”C  anneal  with  a  -16  fold  increase  in  sheet 
electron  concentration  which  increases  by  a  additional  factor  of  5  after  a  1 100  “C  anneal.  Co¬ 
implantation  of  P  with  Mg  was  found  to  be  necessary  to  achieve  p-type  material  after  a  1050 
“C  anneal  as  evident  in  Fig.  lb.  In  contrast,  the  Mg-only  sample  remains  n-type  and  shows 
little  difference  from  the  unimplanted  sample.  The  effect  of  the  P  co-implantation  may  be 
explained  by  a  reduction  of  N-vacancies  or  an  increase  in  Ga-vacancies  leading  to  a  higher 
probability  of  Mg  occupying  a  Ga-site.  Co- implantation  of  P  has  also  been  shown  to  be 
effective  in  enhancing  activation  and  reducing  diffusion  for  p-type  implantation  in 
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GaAs.l7»18,19  Figure  2a, b  shows  an  Arrhenius  plot  of  the  sheet  electron  concentration  and 
the  resistance/temperature  product  for  Si-implanted  GaN  after  a  1100  *C  anneal.  Both 
Arrenhius  plots  for  Si  are  included  in  Fig.  2,  since  there  is  some  discussion  regarding  the 
possibility  of  two-band  conduction  in  GaN  and  its  potential  effect  on  the  extracted  ionization 
energy  for  n-type  conduction.^O  By  fitting  the  data  of  Fig.  2,  ionization  levels  for  Si- 
implanted  GaN  of  61  or  29  meV  are  estimated.  These  values  are  in  the  range  reported  for 
epitaxial  Si-doped  GaN.^l  Figure  2c  shows  the  Arrhenius  plot  for  the  sheet  hole 
concentration  for  Mg+P  implanted  GaN  annealed  at  1 100  'C  from  which  an  ionization  of  171 
meV  is  estimated.  This  also  is  consistent  with  the  literature  values  for  Mg-doped  GaN.2 
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FIG  1.  Sheet  carrier  concentration  versus  annealing  temperature  for  unimplanted  and  a)  Si- 
implanted  or  b)  Mg  and  Mg-f-P  implanted  GaN. 
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FIG  2.  Arrhenius  plots  of  a)  the  sheet  electron  concentration  and  b)  the  resistance/temperature 
product  for  Si-implanted  and  c)  the  sheet  hole  concentration  for  Mg-implanted  GaN  annealed 

at  1100  “C. 

When  applying  ion  implantation  doping  to  device  structures,  knowledge  of  impurity 
redistribution  during  the  activation  anneal  process  is  needed.  Figure  3a, b  shows  the  SIMS 
profiles  for  Mg  and  Si  implanted  GaN  either  as  implanted  or  after  a  15  s,  1050  or  1150  "C 
anneal.  For  Mg,  the  annealed  samples  show  a  slight  shift  towards  the  surface  that  is  estimated 
to  be  50  nm  near  the  profile  peak.  Based  on  a  50  nm  diffusion  length,  an  upper  limit  on  the 
diffusivity  of  Mg  in  GaN  at  1 150  “C  of  6.75x10-13  cm^/s  is  estimated.  Profiles  for  Mg  co¬ 
implanted  with  P  gave  similar  results.  For  Si  (Fig  3b)  no  measurable  redistribution  has 
occurred  after  a  1050  *C  anneal.  Using  a  conservative  estimate  of  the  depth  resolution  of  the 
SIMS  measurement  of  20  nm,  an  upper  limit  of  2.7x10"  13  cm^/s  is  estimated  for  the 
diffusivity  of  Si  in  GaN  at  1050  “C. 
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FIG  3:  SIMS  plots  for  a)  Mg-implanted  (SxlO^^,  100/140  keV)  or  b)  Si-implanted  (SxIQI^ 
100  keV)  GaN  either  as  implanted  or  annealed  at  the  temperature  listed  in  the  legend. 
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FIG  4:  Average  RMS  roughness  of  GaN  versus 
annealing  temperature  for  anneals  in  Ar  or  N2. 


Turning  to  the  effect  of  high 
temperature  anneals  on  the  surface 
morphology  of  GaN  films,  Fig.  4  shows 
the  evolution  of  the  root-mean-square 
(RMS)  surface  roughness  versus  annealing 
temperature  for  samples  annealed  in  Ar  or 
N2.  The  roughness  of  these  samples 
decreases  with  increasing  annealing 
temperature.  Figure  5  shows  three 
dimensional  AFM  images  of  the  as-grown 
and  1100  °C,  N2  annealed  samples.  The 
annealed  sample  is  seen  to  be  smoother 
with  less  fine  structure. Samples 
annealed  in  forming  gas  (4%H2:96%N2) 
were  also  studied  and  showed  visual 
evidence  of  decomposition  via  Ga-droplet 
or  Ga-puddle  formation  on  the  surface. 
Therefore,  a  valid  assessment  of  the 
surface  roughness  of  these  samples  could 
not  be  made  due  to  the  Ga-rich  regions  and 
thus  data  for  forming  gas  annealed 
samples  are  not  included  in  Fig.  4. 
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FIG  5:  Three  dimensional  AFM  images  of 
GaN  a)  as-grown  and  b)  after  a  15  s,  1100 
°C  anneal  in  N2. 
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FIG  6.  Specific  contact  resistance  of  Ti/AI 
and  sheet  resistance  versus  contact  annealing 
temperature  for  Si-implanted  GaN  (5x10 
40  keV,  7.5x1014^  100  keV)  annealed  at 
1150  “C  for  15  s. 


To  further  understand  the  effect  of  high 
temperature  annealing  on  GaN, 
photoluminescence  measurements  were 
performed  on  as-grown  and  annealed 
samples, 22  Samples  annealed  at  1100  °C  in  Ar 
or  N2  demonstrated  stronger  bandedge 
emission  (2x  for  Ar,  4x  for  N2)  than  the  as- 
grown  sample.  This  suggests  that  non- 
radiative  defect  levels  are  being  removed  by 
the  annealing  process.  The  annealed  samples 
also  showed  more  intensity  modulation  of  the 
Fabry-Perot  interference  fringes  associated 
with  the  deep  level  emission.  We  attribute  the 
enhanced  interference  to  the  smoother  surfaces 
of  the  annealed  samples  as  seen  from  the  AFM 
data  of  Figs.  4  and  5.  Finally,  both  annealed 
samples  have  higher  ratios  of  the  bandedge  to 
deep  level  emission  than  the  as-grown  sample. 
Improvements  in  this  ratio  are  often  taken  to 
correspond  to  improved  material  quality. 
Further  structural  and  chemical  analysis  is 
required  to  fully  understand  the  mechanisms 
responsible  for  the  material  improvements 
resulting  from  the  high  temperature  anneals. 
In  particular,  since  studies  on  other  compound 
semiconductors  have  shown  that  changes  in 
photoluminescence  properties  resulting  from 
thermal  treatments  often  depend  on  the 
condition  of  the  starting  material,  more  work  is 
needed  to  correlate  the  luminescence 
improvements  with  the  characteristics  of  the 
as-grown  material. 

Finally,  we  have  done  preliminary  work 
on  ohmic  contact  formation  to  n-type 
implantation  doped  GaN.  Figure  6  shows  the 
specific  contact  resistance  and  sheet  resistance 
of  Si-implanted  GaN  contacted  with  Ti/Al  (20 
nm/200  nm)  metallization  versus  the  contact 
annealing  temperature.  A  minimum  specific 
contact  resistance  of  lx  10’ 5  Q-cm2  was 
realized  after  a  550  °C  anneal  which  is  in  the 
range  typically  reported  for  contacts  to  n-type 
GaN.  Further  optimization  of  the  implant  and 
anneal  to  reduce  the  sheet  resistance  of  the 
implanted  region  will  improve  this  contact 
resistance. 


CONCLUSION 

Ion  implantation  is  expected  to  play  an  enabling  role  in  the  realization  of  many  high 
performance  devices  in  the  Ill-Nitrides  as  it  has  in  other  mature  semiconductor  material 
systems.  To  this  end,  we  have  reported  on  the  realization  of  n-  and  p-type  doping  of  GaN  by 
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implantation  of  Si  and  Mg+P,  respectively.  The  high  temperature  anneal  required  for  implant 
activation  was  also  shown  to  cause  minimal  redistribution  of  Si  and  Mg. 
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ABSTRACT 

Ion  damage  build  up  has  been  measured  by  ion  channeling  in  good  quality  epitaxial  GaN 
films  on  sapphire.  GaN  is  found  to  be  remarkably  resistant  to  ion  damage,  with  extremely 
efficient  dynamic  defect  annihilation  occurring  at  liquid  nitrogen  temperature  during  ion 
implantation.  When  disorder  does  accumulate  at  doses  around  10^^  cm'^  of  90  keV  Si  ions,  the 
surface  appears  to  be  a  strong  sink  for  damage  build  up  and  possibly  the  nucleation  of 
amorphous  layers.  Once  ion  disorder  has  been  produced  in  GaN,  it  is  extremely  difficult  to 
remove  by  annealing.  GaN  exhibits  disordering  and  annealing  behaviour  which  is  somewhat 
similar  to  that  in  high  Al-content  AlGaAs. 

INTRODUCTION 

III-V  nitrides  and  GaN  in  particular  are  generating  considerable  interest  for  sources  of  blue- 
green  light,  high  temperature  electronics  and  as  passivating  films  [1-7].  Successful  doping  of 
selected  areas  of  such  layers  by  ion  implantation  (particularly  for  p-type  doping)  would  be 
potentially  advantageous  for  device  fabrication  [8]  but  the  removal  of  implantation  damage  must 
be  achieved.  Indeed,  there  have  been  no  studies  to  date  on  ion  damage  production  and  its 
removal  in  GaN.  In  this  paper,  we  report  on  Si  ion  damage  production  (and  preliminary 
annealing)  in  high  quality  epitaxial  GaN  films  on  sapphire  and  compare  the  results  with  ion 
damage  in  AlGaAs  layers  of  various  A1  contents  [9]. 

EXPERIMENTAL 

Layers  of  high  quality  GaN  were  grown  epitaxially  on  sapphire  by  MOCVD  at  Emcore 
Corp.  Ion  channeling  was  used  to  assess  the  crystalline  perfection  of  the  layers.  In  all  cases  the 

minimum  yield  (Xmin)  was  measured  to  be  <  4%  for  GaN  films  of  the  order  of  or  greater  than 
Ijim  in  thickness.  This  is  close  to  what  would  be  expected  from  perfect  epitaxial  GaN  films  [10] 
and  confirms  the  very  high  quality  of  the  epitaxial  layers. 

These  layers  were  implanted  with  90  keV  Si  ions  to  various  doses  in  the  range  4  x  10^^ 
cm‘2  to  2.4  X  10^6  cm*2  at  liquid  nitrogen  (LN)  temperature.  Similar  implants  were  carried  out 
into  AlGaAs  of  various  A1  compositions  [9]  for  comparison.  Ion  channeling,  using  2  MeV  He+ 
ions,  was  used  to  monitor  the  ion  damage  build  up  in  these  samples  with  increasing  ion  dose. 
Annealing  was  carried  out  in  flowing  Ar  in  a  tube  furnace  for  10  mins  at  800  °C  to  study  the 
removal  of  disorder  in  such  cases.  Cross  sectional  transmission  electron  microscopy  (XTEM) 
was  used  to  study  the  microstructure  of  selected  samples  but  details  of  such  results  will  be  given 
elsewhere. 

RESULTS  AND  DISCUSSION 

Fig.l  shows  ion  channeling  spectra  (at  glancing  angle  geometry  to  improve  near-surface 
depth  resolution)  illustrating  the  build  up  of  damage  in  G^  as  a  function  of  90  keV  Si  ion  dose 
at  LN  temperature.  Note  diat  the  unimplanted  spectrum  indicates  a  very  high  quality  single 

crystal  GaN  layer  with  a  Xmin  of  ~  3.5%.  The  implantation  results  indicate  that  the  GaN  is 
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Fig.l  2MeV  He+  ion  channeling  spectra  illustrating  the  build  up  of  90  keV  Si  disorder  (LN 
temperature)  in  epitaxial  GaN  on  sapphire. 


remarkably  resistant  to  ion  damage  even  at  LN  temperatures.  A  dose  of  8.4  x  cm-^ 
produces  less  than  a  twofold  increase  in  both  Xmin  and  the  surface  peak  area,  whereas  an  order  of 
magnitude  lower  dose  into  GaAs  [9]  would  have  produced  a  continuous  amorphous  layer 
extending  to  a  depth  of  about  1200  A.  This  suggests  that  dynamic  annealing  involving 
annihilation  of  implant-induced  defects  is  extremely  efficient.  Indeed,  by  a  dose  of  7.2  x  lO^^ 
cm’^,  the  ion  channeling  spectrum  still  has  not  reached  the  random  level  (complete  disordering) 
even  though  every  lattice  atom  at  the  peak  of  the  damage  distribution  (~  900  A)  has  been 
displaced  more  than  100  times.  It  is  interesting  that  the  damage  (when  it  does  accumulate)  builds 
up  both  at  the  ion  range  (arrowed)  and  at  the  surface.  By  a  dose  of  7.2  x  10^^  cm"^  there  is  little 
evidence  for  amorphous  material  as  obtained  from  TEM.  However,  when  the  surface  peak 
reaches  the  random  level  the  damage  extends  back  into  the  bulk  from  the  surface  at  higher  doses 
(e.g.  2.4  X  10^6  cm'^).  The  surface  appears  to  be  a  strong  sink  for  defects  and  the  results  suggest 
that  the  surface  may  eventually  be  a  nucleation  site  for  growth  of  the  amorphous  phase,  although 
this  has  not  been  confirmed  as  yet  by  TEM. 
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Fig.2  2  MeV  He+  ion  channeling  spectra  illustrating  the  build  up  of  90  keV  Si  disorder  (LN 
temperature)  in  Alo.95Gao.05As  on  GaAs.  Note  that  a  GaAs  cap  layer  of  <  lOOA  is 
present  on  the  sample. 


90  keV  Si  — >  Al,Gai_/s  and  GaN 


Fig.3  Disorder  (Xmin)  from  ion  channeling  as  a  function  of  Si  dose  (90  keV,  LN)  for  AlGaAs 
of  various  composition  compared  with  GaN. 
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The  strong  dynamic  annealing  in  GaN  and  the  extreme  difficulty  in  producing  an 
amorphous  phase  by  ion  bombardment  of  this  material  are  features  somewhat  similar  to  AlGaAs 
material  of  high  A1  content.  We  illustrate  this  comparison  in  Figs,2  and  3.  Fig.2  shows 
channeling  spectra  illustrating  damage  build  up  (90  keV  Si  ions)  at  LN  temperature  in 
Alo.95Gao.05As.  In  this  latter  material  a  dose  of  5  x  10^^  cm'^  is  required  [9]  to  generate  a  buried 
amorphous  layer  (centred  around  lOOOA).  Note  that  a  strong  surface  peak  also  results  in  this 

case  but  it  is  attributed  to  a  GaAs  cap  layer  of  <  1(X)  A  thickness  which  was  necessary  to  stop  the 
AlGaAs  layer  from  oxidation.  In  comparison  with  AlGaAs,  GaN  appears  to  be  even  more 
difficult  to  amorphise.  This  is  further  illustrated  in  Fig.3  where  the  Xmin  (from  ion  channeling)  is 
plotted  as  a  function  dose  for  AlGaAs  layers  of  different  composition  and  also  for  GaN.  In  high 
Al-content  AlGaAs  it  has  been  shown  previously  [9,11]  that  amorphization  is  preferentially 
nucleated  at  high  doses  on  either  crystalline  defects  (dense  loop  concentrations)  close  to  the  Si 
ion  end  of  range  or  at  surfaces  and  interfaces.  In  GaN,  the  surface  appears  to  be  the  preferred 
site  for  the  accumulation  of  gross  damage  (amorphization). 

In  Fig.4  we  illustrate  typical  annealing  results  by  a  set  of  ion  channeling  spectra.  Annealing 
at  800  °C  for  10  min  only  results  in  a  small  change  in  the  damage  level  as  measured  by 
channeling.  Again,  this  result  is  very  similar  to  AlG^s  where  cryst^line  defects  (loops,  etc.) 
are  extremely  difficult  to  remove  by  annealing  [9]  and  also  amorphous  layers  are  found  to 
crystallize  into  very  defective  layers  containing  a  high  density  of  twins,  low  angle  boundaries 
and  other  defects.  Preliminary  TEM  on  our  GaN  layers  indicates  similarly  defective  material 
after  annealing.  Thus,  it  is  clearly  desirable  to  select  implantation  conditions  (low  doses  and 
presumably  elevated  temperatures)  for  GaN  to  limit  implantation  damage  so  that  the 
complications  of  poor  annealing  behaviour  are  minimised. 
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Fig.4  2  MeV  He+  ion  channeling  spectra  illustrating  the  annealing  behaviour  (8(X)  °C,  10  min) 
for  a  2.4  x  10  cm-2  Si  implant  of  GaN  at  LN. 
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In  summary,  we  have  shown  that  GaN  is  remarkably  resistant  to  implantation  damage  even 
at  LN  temperature.  The  surface  appears  to  be  a  favourable  sink  for  defect  accumulation  at  high 
implantation  doses  and  may  be  a  nucleation  site  for  the  amorphous  phase.  When  ion  disorder 
forms  in  GaN,  it  is  extremely  difficult  to  remove  by  an  annealing  step. 
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ABSTRACT 

MOCVD  and  MBE  grown  GaN  were  implanted  with  Ar,  Mg,  Si,  Be,  C,  and  O,  and 
annealed  in  a  conventional  oven  under  flowing  NH3  or  N2  gas.  Absorption  measurements 
confirmed  that  implantation  damage  was  annealed  out  after  90  minutes  at  a  temperature  of  1 000 
°C.  Surface  damage  caused  by  NH3  annealing  was  evident  in  absorption  and  photoluminescence 
measurements  for  annealing  temperatures  of  over  1000  °C.  Although  most  of  the  implants 
showed  no  unique  luminescence  peaks,  systematic  changes  in  the  relative  intensities  of  the 
exciton,  donor-acceptor  pair,  and  yellow  peaks  were  noted.  The  Mg  implanted  samples  showed 
evidence  of  the  acceptor  bound  exciton  line  at  3.44  eV,  and  a  unique  peak  at  3.3  eV  possibly  due 
to  a  Mg  free-to-bound  transition. 

INTRODUCTION 

Several  luminescence  studies  of  ion  implanted  GaN  have  appeared  in  the  literature  [1-3]. 
Pankove  and  Hutchby  [1]  observed  unique  luminescence  peaks  associated  with  Mg  at  3.2  eV,  As 
at  2.58  eV,  and  Be  at  2.16  eV,  and  these  peaks  were  quite  broad  in  nature.  Metcalfe,  Wickenden, 
and  Clark  [2]  found  a  similar  broad  peak  at  2.58  eV  after  As  implantation.  Chung  and 
Gershenzon  [3]  identified  an  oxygen  related  peak  at  3.424  eV.  In  all  of  these  studies,  the 
annealing  conditions  were  not  reported  in  detail,  nor  were  variations  in  annealing  conditions 
reported.  Furthermore,  high  peak  dopant  concentrations  above  5xl0'^  cm’^  [3]  or  shallow 
implanted  depths  of  a  few  hundred  A  were  used  [1,2].  The  present  study  addressed  a  wide 
variety  of  annealing  conditions  including  annealing  method,  annealing  temperature,  and 
annealing  gas  environment  for  samples  implanted  with  peak  concentrations  of  ~10^*  to  3x10^^ 
cm'^  and  peak  ranges  of  >2000  A,  so  the  implanted  peak  would  be  well  below  the  surface. 

EXPERIMENT 

GaN  was  grown  on  sapphire  by  low-pressure  MOCVD  [4]  or  gas-source  MBE  [5]. 
Samples  were  implanted  with  the  parameters  given  in  Table  I.  Annealing  was  performed  in  a 
conventional  tube  furnace  at  temperatures  ranging  from  600  to  1100  °C  under  an  atmosphere  of 
flowing  NH3  or  N2.  Several  unimplanted  samples  were  annealed  under  conditions  identical  to 
the  conditions  used  for  the  implanted  samples  in  order  to  observe  any  effects  purely  due  to 
annealing  of  the  undoped  GaN.  Rapid  thermal  annealing  (RTA)  was  also  performed  under 
vacuum  at  temperatures  about  1000  °C  for  90  sec. 

Photoluminescence  (PL)  was  performed  at  2  K  using  a  frequency-doubled  argon  ion  laser 
operating  at  257.2  nm,  3/4-meter  spectrometer,  and  C31034  PMT  tube.  Room  temperature 
absorption  measurements  were  carried  out  using  a  Perkin-Elmer  Lambda  19  UV/VIS 
spectrophotometer. 
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Table  I.  Implanted  ion  species  including  the  implantation  energy  and  dose.  The  peak  range  and 
peak  concentration  were  calculated  using  the  PROFILE  Code  [6]. 


Species 

Energy  (keV) 

Dose  (cm‘^) 

Range  (A) 

Peak  Cone,  (cm'^) 

Ar 

390 

5x10^^ 

2211 

2.6x10'^ 

Mg 

300 

2.2xl0‘^  8.2x10^^ 

3035 

7.4xl0’^  2.7xl0'^ 

Si 

390 

5xl0’^ 

3339 

1.6x10’^ 

Be 

200 

5xl0’^ 

4270 

1.5x10** 

C 

390 

Ixio’^ 

4990 

3.1x10** 

0 

390 

IxlO*"^ 

4203 

3.3x10** 

RESULTS  AND  DISCUSSION 


Low  temperature  PL  of  unimplanted 
GaN  annealed  in  NH3  and  N2  revealed 
significant  changes  in  luminescence  due  to 
annealing.  The  NH3  annealed  samples 
showed  a  distinct  increase  in  donor-acceptor 
pair  (D-A)  emissions  as  annealing  temperature 
was  increased  as  shown  in  Figure  1. 
However,  all  of  the  annealed  samples  showed 
a  factor  of  2  to  3  drop  in  exciton  intensity 
compared  to  their  unannealed  counterparts. 
The  yellow  peak  intensity  also  dropped  by  a 
factor  of  2  for  the  highest  anneal 
temperatures.  Samples  armealed  in  N2  at  the 
same  temperature  and  for  the  same  annealing 
time  show  only  a  decrease  in  overall 
luminescence  by  a  factor  of  about  2.  No 
increase  in  the  D-A  peak  intensity  was  found 
for  N2  annealing.  Absorption  measurements 
of  the  bandedge  show  almost  no  change  in 
slope  with  annealing  for  90  minutes  at 
temperatures  ranging  from  600  to  1050  °C. 

Argon  is  an  inert  element,  and  was 
therefore  implanted  into  GaN  to  study  the 
damage  created  by  implantation  and  its 
subsequent  annealing.  In  contrast  to  earlier 
reports  [1,2],  the  Ar  implanted  samples  did 
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Figure  1.  Photoluminescence  of  as-grown,  MOCVD 
GaN  samples  annealed  in  NH3  for  90  min  at  temperatures 
of  600  to  1050  °C. 


not  show  any  unique  PL  peaks.  In  all  Ar  implanted  and  annealed  samples,  the  D-A  band 
dominated  the  spectrum.  The  PL  peaks  in  the  NH3  annealed  sample  were  better  resolved  than 
the  N2  case.  However,  the  absorption  edge  showed  identical  damage  recovery  for  both  N2  and 
NH3  annealing.  Near  the  bandedge,  the  absorption  data  revealed  an  exponential  tail  of  states. 
The  length  of  which  could  be  characterized  by  an  energy  Eq,  which  is  given  by 
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Figue  2.  Recovery  of  the  room  temperature  absorption  edge  of 
Ar-implanted  MOCVD  grown  GaN  with  increasing  annealing 
temperature. 


l/Eo=d(lna)/d(hv)  [7].  Here  a  is  the 
absorption  coefficient,  and  hv  is  the 
incident  photon  energy.  The  room 
temperature  absorption  edge  of  the  Ar- 
implanted  MOCVD  GaN  is  shown  in 
Figure  2.  The  longest  tail  was  observed 
in  the  as-implanted  material,  and  a  steady 
decrease  in  Eq  was  observed  as  annealing 
temperature  was  increased.  The  1050 
anneal  showed  significantly  increased 
absorption  at  longer  wavelengths 
compared  to  lower  anneal  temperatures. 
Identically  prepared  samples  annealed  in 
N2  gave  values  of  Eq  =  34.7  meV  for  the 
800  °C  anneal  and  29.4  meV  for  the 
lOOO^C  anneal  which  compare  very 
closely  with  the  values  for  the  NH3 
anneals. 

Magnesium  implanted  samples 
either  showed  strong  D-A  peaks  at  3.27 
eV  with  several  90  meV  LO  phonon 
replicas  or  a  set  of  peaks  ne2ir  the 
bandedge.  The  sample  annealed  in  NH3 
at  1000  °C  for  90  minutes  exhibited  the 
donor-bound  exciton  at  -3.47  eV  as  was 
observed  in  the  GaN  prior  to 


implantation,  but  after  implantation  a  strong  shoulder  appeared.  The  shoulder  appeared  at  3.44 
eV,  which  was  approximately  the  energetic  location  expected  for  the  Mg  acceptor-bound  exciton 
[8].  Also,  a  new  peak  appeared  just  above  the  energetic  location  of  the  D-A  band  as  shown  in 
Figure  3.  This  peak  was  found  at  3.30  eV  making  it  too  deep  to  be  an  LO  phonon  replica  of 
either  exciton  peak.  The  energetic  location  and  the  presence  of  the  Mg  acceptor-bound  exciton 
line  suggests  the  origin  of  this  peak  as  a  Mg-related  free-to-bound  transition  or  a  closer  pair 
dominant  D-A  transition. 

MBE  grown  GaN  was  also  implanted  with  Mg  and  annealed  in  N2  at  temperatures  of  700, 
800,  and  900  °C.  A  peak  at  3.43  eV  was  observed  for  these  samples  as  well  as  blue  emissions 
peaking  near  2.8  eV  as  shown  in  Figure  4.  Prior  to  implantation,  this  sample  had  low  temperature 
cathodoluminescence  peaks  at  3.448  eV  and  3.402  eV.  However,  implantation  induced 
broadening  could  have  resulted  in  the  overlap  of  the  original  two  peaks  into  one  structure  at  3.43 
eV. 


The  other  implanted  species  resulted  in  no  unique  PL  peaks,  and  only  shifts  in  the  relative 
intensities  of  the  exciton,  D-A,  or  yellow  bands  as  shown  in  Figure  5.  Some  general 
observations  can  be  made  however.  Silicon  implanted  GaN  always  showed  strong  D-A 
emissions  with  the  exciton  and  yellow  bands  usually  being  quenched.  This  result  is  similar  to 
the  PL  reported  for  GaN: Si  grown  by  MOCVD  [9].  Carbon  implants  always  resulted  in  a  strong 
yellow  band;  however,  some  oxygen  implants  also  gave  the  same  result.  This  result  is  not 
inconsistent  with  the  results  suggesting  that  carbon  is  linked  to  the  yellow  band  [10].  The 
oxygen  implanted  samples  did  not  show  a  peak  at  3.424  eV  as  observed  by  Chung  and 
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Wavelength  (nm)  Gershenzon  [3].  However,  the  oxygen 

390  385  380  375  370  365  360  355  350  concentration  necessary  to  observe 

this  peak  was  ~10^”  cm*^,  which  was  well 
above  the  concentration  used  in  this  study. 
Samples  implanted  with  beryllium  and 
annealed  in  either  NH3  or  N2  showed 
nearly  complete  recovery  of  the  original  PL 
spectrum  as  anneal  temperature  was 
increased.  Furthermore,  an  Arrhenius  plot 
of  the  natural  log  of  the  exciton  peak 
intensity  against  l/kXA,  where  is  the 
anneal  temperature,  results  in  an  activation 
energy  of  880  meV.  The  yellow  peak  did 
not  show  significeint  enhancement  in 
contrast  to  a  previous  report  on  Be 
implanted  GaN  [1]. 

After  RTA  at  a  temperature  of 
about  1000  ®C,  the  samples  still  showed 
discoloration  due  to  implantation.  Also, 
annealing  did  not  show  complete  recovery 
of  the  absorption  bandedge,  and  no 
photoluminescence  could  be  detected. 
Therefore,  temperatures  higher  than  1000 
°C  must  be  required  for  RTA. 

Figure  3.  Photoluminescence  of  Mg-implanted  MOCVD  ^  annealing  showed 

grown  GaN  annealed  at  1000  °C  for  90  min  in  NH3.  1  ‘j  4.-  1  r  .ii.  /->  xt 

nearly  identical  recovery  of  the  GaN 

absorption  edge.  This  demonstrates  that  recrystallization  of  the  heavy  lattice  damage  due  to 

implantation  is  recovered  substantially  at  annealing  temperatures  of  800  °C,  and  almost  fully  at 

1000  °C.  The  fact  that  NH3  annealing  results  in  a  substantial  increase  in  D-A  emissions  and  N2 

annealing  does  not  can  be  related  to  the  surface  decomposition  of  GaN  at  elevated  temperatures. 

Especially  at  an  anneal  temperature  of  1050  °C,  serious  surface  degradation  becomes  evident  in 

the  NH3  anneals  but  not  in  the  N2  anneals.  The  likely  mechanism  of  decomposition  is  GaN->Ga 

+  V2N2,  which  proceeds  more  quickly  in  an  NH3  atmosphere.  The  D-A  emissions  are  therefore 

related  to  the  formation  of  N  vacancies,  V^,  near  the  GaN  surface. 

The  D-A  peak  was  also  present  in  the  photoluminescence  of  many  NH3  annealed, 

implanted  samples.  The  luminescence  intensity  of  other  peaks  observed  from  the  implanted  and 

annealed  samples  was  always  of  lower  intensity  than  the  corresponding  peaks  before 

implantation.  Furthermore,  N2  annealed  samples  always  resulted  in  a  drop  in  luminescence 

intensity.  From  this,  it  can  be  concluded  that  implantation  damage  and  the  effects  of  annealing 

certainly  result  in  an  increase  in  non-radiative  recombination.  This  problem  must  be  addressed 

before  fabricating  optoelectronic  devices  reliably  using  the  ion  implantation  technique. 

Implantation  did  not  result  in  any  unique,  deep  PL  peaks  as  reported  by  other  researchers 

[1,2],  nor  were  any  unique  implantation  related  peaks  observed  after  high  temperature  annealing. 

Since  redistribution  of  implanted  ions  is  not  considered  significant  during  annealing  [11],  it  is 

likely  that  the  implanted  doses  are  below  the  threshold  for  observation  of  such  deep  level 

luminescence  bands.  It  is  also  possible  that  surface  effects  may  have  been  necessary  for  the 

formation  of  such  deep  bands,  which  would  not  be  evident  here  due  to  the  depth  of  the  implants. 
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Since  annealing  resulted  in  a  recovery  of 
the  absorption  edge  and  a  measurable  PL 
signal,  the  levels  formed  by  the  implanted 
ions  must  be  either  non-radiative  or  be 
related  to  the  centers  responsible  for  the 
D-A  and  yellow  peaks  found  in  as-grown 
material.  The  only  exception  was  Mg 
implantation,  which  showed  two  unique 
PL  peaks.  These  peaks  only  appeared  in 
the  1000  °C  anneal,  whereas  the  900  °C 
anneal  showed  significant  D-A  emissions. 
Just  the  opposite  would  have  been 
expected  if  these  peaks  were  due  to 
annealing  in  NH3,  since  NH3  annealing  has 
been  shown  to  increase  the  D-A  band. 
Further  work  is  necessary  to  more  closely 
examine  the  activation  taking  place  from 
the  900  to  1000  °C  anneals. 


Wavelength  (nm) 

700650  600  550  500  450  400  350 


Figure  4.  Photoluminescence  of  Mg  implanted  MBE  grown 
GaN  annealed  at  700  to  900°C  for  90  min  in  N2. 

CONCLUSIONS 

At  a  given  annealing  temperature 

and  time  duration,  both  N2  and  NH3 

annealing  resulted  in  similar  recovery  of  the 

sharp  GaN  absorption  edge.  An  anneal  ’| 

temperature  of  1000  °C  for  90  min  was 

found  sufficient  for  a  nearly  full  recovery.  S 

However,  visible  surface  degradation  was 

observed  with  NH3  armealing  at  S 

temperatures  over  1000  °C,  whereas  N2  — 

annealing  showed  almost  no  surface  Q- 

degradation.  Furthermore,  low  temperature 

PL  showed  a  substantial  increase  in  D-A 

luminescence  with  increasing  annealing 

temperature  in  NH3  anneals  but  not  in  N2 

anneals.  The  D-A  has  been  attributed  to 

which  are  formed  when  GaN  decomposes. 

RTA  at  similar  temperatures  for  90  sec  was 

insufficient  to  anneal  out  implantation  ja 

^  Figure  5.  Photoluminescence  of  Be,  C,  O,  Mg,  Si,  and  Ar- 

damage.  implanted  MOCVD  grown  GaN. 
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Of  the  several  species  implanted,  only  Mg  resulted  in  unique  PL  peaks.  The  Mg  acceptor 
bound  exciton  line  near  3.440  eV  was  observed  as  well  as  a  previously  unreported  line  at  3.43 
eV,  which  may  be  a  ffee-to-bound  transition  to  a  Mg  level  lying  about  200  meV  above  the 
valence  band  or  a  closer  pair  dominant  D-A  transition.  The  other  implants  may  he  associated 
with  PL  peaks  already  present  in  the  as-grown  material  such  as  the  D-A  and  yellow  bands. 
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ABSTRACT 

The  reactions  between  Au,  Au/Ni  and  Au/C/Ni  thin  films  on  p-GaN  have  been  studied 
using  current-voltage  (I-V)  measurements,  Auger  electron  spectroscopy  (AES)  and  secondary  ion 
mass  spectrometry  (SIMS).  The  metallization  schemes  consisted  of  ~2000A  sputtered  Au,  lOOOA 
Au/500A  Ni,  and  lOOOA  Au/IOOA  C/500A  Ni  electron  beam  evaporated.  The  Au/Ni 
metallization  scheme  is  of  particular  interest  since  it  is  the  basis  for  the  most  commonly  used 
ohmic  p-type  contacts  for  blue  GaN  LED’s.  Au  does  not  decompose  the  GaN  matrix,  while  Ni 
has  been  shown  to  react  with  GaN  above  a  temperature  of  400  °C  for  times  longer  than  5  minutes. 
Upon  decomposition  of  the  GaN  by  Ni,  incorporation  of  C  at  the  metal/GaN  interface  occurred. 

It  is  believed  that  a  regrowth  of  GaN  occurred,  with  the  surface  region  being  doped  with  C. 
Attempts  at  increasing  this  doping  concentration  by  introducing  an  interfacial  C  layer  were  not 
successful. 

INTRODUCTION 

The  group  Ill-nitrides,  in  particular  GaN,  are  promising  materials  for  semiconductor 
device  applications  in  the  blue  and  ultra-violet  (UV)  wavelength  region,  particularly  in  the  field  of 
optical  emission  and  data  storage.  GaN  tends  to  auto-dope  n-type  with  the  native  defect  believed 
to  be  nitrogen  vacancies.'"^  This  tendency  to  intrinsically  dope  n-type  has  presented  difficulties  in 
the  generation  of  p-type  conductivity  in  the  material.  This  obstacle  has  been  overcome  through 
the  use  of  a  high  temperature  anneal  in  N2  following  the  growth  of  the  GaN,'**’  or  a  low-energy 
electron  beam  irradiation  (LEEBI)  treatment.^’  With  the  ability  to  reproducibly  grow  both  n- 
and  p-type  GaN,  LED’s  have  been  demonstrated  by  various  groups.’’*  For  n-type  material,  low 
resistance  contacts  have  been  reported  using  Ti/Al,^  while  the  problem  of  producing  a  low 
resistance  contact  to  p-type  material  still  exists. 

For  the  formation  of  low  resistance  ohmic  contacts  the  dominant  carrier  transport 
mechanism  should  be  tunneling  through  the  potential  barrier  present  at  the  metal/semiconductor 
interface.  The  tunneling  probability  can  be  increased  by  lowering  the  potential  barrier  through  the 
use  of  a  high  work  ftmction  metal,  and/or  by  increasing  the  carrier  concentration  in  the 
semiconductor.  The  Fermi  level  in  GaN  is  reported  to  be  unpinned,  so  a  low  resistance  ohmic 
contact  should  be  possible  by  choosing  a  metal  with  a  work  function  approximately  equal  to  the 
sum  of  the  semiconductor  band  gap  and  it’s  electron  affinity.  GaN,  with  a  band  gap  of  ~3A  eV 
and  an  electron  affinity  of  x=2.7  eV,  would  require  a  metal  with  a  work  function  of  »6.1  eV  for 
alignment  of  the  energy  levels.  This  is  a  problem  because  metal  work  functions  are  never  much 
larger  than  5  eV.^°  Since  selection  of  the  proper  work  fiinction  is  unlikely  to  lead  to  ohmic 
contacts  to  p-GaN,  methods  to  increase  the  carrier  concentration  need  to  be  investigated.  By 
increasing  the  carrier  concentration  in  the  near-surface  region  of  the  semiconductor,  the  depletion 
width  in  the  semiconductor  would  be  decreased.  With  this  decreased  depletion  width,  the  amount 
of  carrier  transport  would  be  greater  from  a  higher  tunneling  probability,  resulting  in  low 
resistance  ohmic  contacts.  Early  research  on  contacts  used  thin  films  of  Au, while  the 
commercially  available  LED’s  reported  by  Nakamura  et  used  a  Au/Ni  contact  scheme. 
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However,  there  have  been  no  reports  in  the  literature  of  the  conduction  processes  that  occur  in 
these  Au/Ni  contacts  on  p-GaN.  This  research  has  investigated  the  interfacial  reactions  that  occur 
between  the  Au/Ni  contact  and  p-GaN  when  a  nearly  ohmic  contact  was  achieved. 

EXPERIMENT 

Contacts  were  deposited  on  MOCVD  grown  p-GaN  doped  with  Mg  with  carrier 
concentrations  of  5x10'^  and  2x10’’  cm'^.  The  GaN  was  cleaned  with  acetone,  methanol,  and  de¬ 
ionized  water  for  5  minutes  each  before  deposition.  Three  metallization  schemes,  Au,  Au/Ni,  and 
Au/C/Ni  were  investigated.  In  all  cases,  dot  contacts  (diameter=0.8  mm)  were  patterned  during 
deposition  using  a  stainless  steel  shadow  mask.  Pure  Au  contacts  2000A  thick  were  DC 
magnetron  sputter  deposited  using  a  2  inch  diameter  US  Gun.  The  sputtering  atmosphere  was  25 
mTorr  argon  with  a  power  of  40  W.  The  lOOOA  Au/500A  Ni  and  lOOOA  Au/IOOA  C/500A  Ni 
contacts  were  both  deposited  using  an  Airco  Temescal  electron  beam  evaporator,  with  a  base 
pressure  of  »6xl0'’  Torr  for  each  element.  All  samples  were  heat  treated  at  200'’C,  400'’C,  and 
600 °C  in  an  Applied  Test  Systems  conventional  tube  furnace  under  a  flowing  forming  gas  (90% 
Nj,  10%  Hj)  ambient  for  5,  15  and  30  minutes.  Following  each  heat  treatment,  I-V  data  were 
measured  over  a  range  of  -5V  to  +5V  using  a  Tektronix  577  Curve  Tracer  with  a  177  Standard 
Test  Fixture.  Compound  formation  and  elemental  concentrations  at  the  surface  and  metal/p-GaN 
interface  were  evaluated  using  a  Phi  660  Scanning  Auger  Microprobe  and  a  Phi  6600  secondary 
ion  mass  spectrometer  to  perform  surface  analysis  and  depth  profiles.  The  AES  data  was 
collected  at  an  accelerating  voltage  of  5  keV  with  a  beam  diameter  of  '-I  pm,  and  the  SIMS 
analysis  used  3  and  5  keV  Cs^  beam  with  a  current  of  30  nA  and  a  raster  size  of  300x300  pm^. 

RESULTS 

The  optimum  heat  treatment  conditions  and  thermal  stability  of  the  different  metallizations 
schemes  were  determined  using  I-V  measurements  between  two  front  surface  dot  contacts, 
initially  representing  back-to-back  reverse-biased  rectifying  contacts,  as  discussed  below.  Au  with 
(|)„=5. 1  eV  was  not  expected  to  make  an  ohmic  contact  due  to  the  large  offset  present.  For  the 
sputtered  Au  contacts,  the  I-V  curves  were  rectifying  as-deposited  and  remained  rectifying  upon 
all  heat  treatments  (Figure  1).  There  was  a  reduced  offset  at  400  “C  for  5  minutes,  but  the  offset 
increased  again  upon  heat  treating  at  600  ®C  for  5  minutes  as  shown  in  Figure  1 .  AES  depth 
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Fig.  1  I-V  data  for  Au/p-GaN. 
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Fig.  2  AES  plots  for  Au/p-GaN  as-deposited  and  after  400  “C,  5  min.  heat  treatment. 

profiles  were  employed  to  determine  if  any  interfacial  reactions  were  occurring  between  the  Au 
and  GaN.  In  Figure  2,  data  from  an  as-deposited  sample  and  one  annealed  at  400°C  for  15 
minutes  are  compared.  It  can  be  seen  that  Au  does  not  decompose  the  GaN  matrix  in  either  case, 
since  the  slope  of  the  Au  signal  at  the  Au/GaN  interface  did  not  change  upon  heat  treatment. 

Since  a  good  ohmic  contact  was  not  obtained  with  Au,  introduction  of  a  metal  that  would 
interact  with  the  GaN  was  investigated.  A  5 00 A  interfacial  Ni  layer  was  deposited  onto  the  clean 
GaN  surface  for  this  purpose.  Bermudez  et  al.  have  shown  that  Ni  films  on  GaN  will 
decompose  the  GaN  film  upon  heat  treatment.  I-V  results  were  again  rectifying  as-deposited  and 
remained  so  at  200”C  for  up  to  30  minutes  (Figure  3).  When  the  temperature  was  increased  to 
400 “C  for  5  minutes,  the  I-V  curve  became  nearly  linear  with  a  slight  offset.  Once  again, 
annealing  to  600°C  caused  degradation  of  the  contacts  (Figure  3).  AES  and  SIMS  depth  profiles 
of  the  heat  treated  sample  were  used  to  determine  the  cause  of  the  changes  in  electrical  behavior. 
In  Figure  4  an  AES  depth  profile  is  shown  from  the  Au/Ni/p-GaN  sample  annealed  at  600  "C  for 
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Fig.  3  I-V  data  for  Au/Ni/p-GaN. 
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Fig.  4  AES  of  AiVNi/p-GaN,  heat  treated  600 “C,  15  min. 

15  minutes.  In  this  figure,  it  can  be  seen  that  Ni  has  diffused  both  towards  the  surface  and  also 
into  the  GaN.  The  Ni  profile  into  the  GaN  and  the  increased  Ga  signal  at  the  surface  indicates 
that  Ni  caused  dissociation  of  GaN  and  out-diffusion  of  Ga  to  the  surface.  Presumably  N  is 
incorporated  into  a  Ni-N  solid  solution.  Decomposition  of  the  GaN  surface  leads  to  increased 
doping  of  the  near  surface  region.  Doping  could  result  from  formation  of  Ga  vacancies  acting  as 
p-type  dopant  sites  analogous  to  the  well  known  nature  of  N  vacancies  to  act  as  dopant  sites. It 
is  further  believed  that  upon  the  formation  of  Ga  vacancies,  C  located  at  the  interface  may  be 
incorporated  into  the  GaN  where  it  has  been  shown  to  act  as  a  p-type  dopant.*®  Along  with  the 
movement  of  the  Ni  layer  into  the  GaN,  Ni  also  is  shown  to  diffuse  through  the  Au  film  towards 
the  surface  of  the  contact.  There  is  a  strong  driving  force  for  the  formation  of  a  Au-Ni  solid 
solution  which  we  believe  provides  a  driving  force  for  regrowth  of  GaN  from  the  Ga  and  N  in 
solution  in  Ni.  We  postulate  that  this  regrown  GaN  layer  has  been  doped  with  C  in  the  near¬ 
surface  region,  leading  to  a  p^  layer  which  will  lower  the  depletion  width.  This  will  lead  to  a 
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Fig.  5  I-V  data  for  Au/C/Ni  and  Au/Ni  on  p-GaN. 
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Fig.  6A  SIMS  for  Au/C/Ni/p-GaN  as-deposited. 


Fig.  6B  SIMS  for  Au/C/Ni/p-GaN  heat  treated  at  400  “C,  15  min. 


higher  probability  of  tunneling,  reducing  the  resistance  of  the  contacts.  Evidence  of  C  at  the 
metal/GaN  interface  has  also  been  detected  using  SIMS. 

Since  the  improved  ohmic  character  of  the  contacts  is  postulated  to  result  from  C  doping 
from  adventitious  contamination,  we  attempted  to  incorporate  an  even  higher  concentration  of  C 
at  this  interface  through  deposition  of  a  lOOA  C  layer  between  the  Ni  and  Au.  I-V  data  showed 
the  as-deposited  contacts  were  rectifying,  and  the  rectifying  nature  remained  even  upon  heat 
treatments  to  400“ C  for  30  minutes.  The  offset  voltage  was  reduced  by  heat  treatment,  but  it 
remained  larger  than  for  Au-Ni  contacts.  Figure  5  shows  I-V  data  from  Au/C/Ni  and  Au/Ni 
contacts  on  samples  from  the  same  GaN  wafer.  The  electrical  behavior  of  the  Au/C/Ni  contacts  is 
more  rectifying  than  for  Au/Ni.  SIMS  results  (Figure  6A)  showed  abrupt  interfaces  between  all 
layers  for  as-deposited  samples,  with  an  increased  C  signal  at  the  metal/GaN  interface.  Upon 
heating  to  400  “C  for  30  minutes  (Figure  6B)  the  interfaces  broadened.  As  in  the  Au/Ni  contacts. 
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there  is  an  increased  C  signal  at  the  metal/GaN  interface  and  evidence  of  Ni  diffusion  throughout 
the  Au  contact  to  form  the  Au-Ni  solid  solution  and  force  regrowth  of  GaN.  Ni  also  diffused  into 
the  p-GaN.  However,  since  the  I-V  characteristics  are  less  favorable  than  for  Au/Ni  contacts, 
additional  C  at  the  Au/Ni  interface  does  not  improve  the  contact.  The  increased  carbon 
concentration  may  lead  to  cari)on  complexes  or  amphoteric  behavior  in  GaN,  which  would  lower 
the  carrier  concentration  of  the  near-surface  region.  Formation  of  carbon  complexes  may  also  be 
increased  due  to  the  use  of  graphitic  carbon  as  the  deposition  source.  A  possible  solution  to  this 
problem  is  the  use  of  a  thinner  C  layer.  However,  more  research  needs  to  be  done  to  precisely 
determine  the  role  of  C  in  the  ohmic  contact  mechanism  to  p-GaN. 

CONCLUSIONS 

Interfacial  reactions  between  Au,  Au/Ni,  and  Au/C/Ni  thin  films  and  p-GaN  have  been 
investigated  for  as-deposited  samples  and  following  various  heat  treatments  at  T^bOO^C.  Au  has 
been  shown  to  result  in  a  rectifying  contact  for  both  as-deposited  and  heat  treated  samples,  with 
no  diffusion  into  the  GaN  matrix.  The  addition  of  a  SOOA  Ni  metallization  between  the  Au  and  p- 
GaN  led  to  nearly  linear  I-V  curves  after  heat  treating  at  400 °C  for  5  minutes.  This  Ni  layer 
decomposed  the  GaN  which  provided  the  opportunity  for  doping  of  the  surface  region  of  the 
GaN.  It  was  postulated  that  C  doped  the  GaN  which  increased  tunneling  transport.  A  regrowth 
of  GaN  doped  with  C  was  postulated  to  be  driven  by  formation  of  a  Au-Ni  solid  solution. 
Attempts  at  lower  contact  resistance  with  a  lOOA  layer  of  C  between  the  Au  and  Ni  were 
unsuccessfiil,  possibly  due  to  the  formation  of  carbon  complexes. 
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ABSTRACT 

The  microstructural  properties  and  interdiffusion  reactions  of  Au/Ge/Ni,  Ti/Pt/Au,  WSix 
and  AuBe  contacts  on  GaN  and  Ino.sGao  sN  have  been  examined  using  Scanning  Electron 
Microscopy  and  Auger  Electron  Spectroscopy.  The  WSix  contacts  possess  excellent  thermal 
stability  and  retained  good  structural  properties  at  annealing  temperatures  as  high  as  800°C  on 
GaN.  The  electrical  characteristics  of  WSix  contacts  on  InosGao  sN  had  a  specific  contact 
resistivity  of  1.48xlO'^S2cm^  and  an  excellent  surface  morphology  following  annealing  at 
700®C.  The  increase  in  contact  resistance  observed  at  higher  temperatures  was  attributed  to 
intermixing  of  metal  and  semiconductor.  In  contrast  the  Ti/Pt/Au  and  Au/Ge/Ni  contacts  were 
stable  only  to  <  SOO^C.  AuBe  contacts  had  the  poorest  thermal  stability,  with  substantial 
reaction  with  GaN  occurring  even  at  400°C.  The  WSix  contact  appears  to  be  an  excellent 
choice  for  high  temperature  GaN  electronics  applications. 

INTRODUCTION 

Owing  to  their  large  band  gaps  and  high  dielectric  constants,  III-V  nitrides  are  very 
attractive  for  high  temperature  electronics  and  blue  and  UV  optoelectronic  device 
applications.  Improved  material  properties  have  recently  led  to  a  variety  of  devices  being 
demonstrated.^^^  Blue  light-emitting  devices  (LED’s)^^’^^  and  metal-semiconductor  field-effect 
transistors  (MESFET’s)  have  been  successfully  fabricated.®  However,  forming  low 
resistance,  thermally  stable  and  uniform  ohmic  contacts  to  a  wide  band  gap  semiconductor, 
such  as  GaN  with  a  band  gap  about  3.4  eV,  constitutes  a  major  obstacle  to  the  furtherment  of 
nitride  based  devices.  All  these  devices  provide  high  efficiency  and  high  reliability  only  if 
their  contacts  are  stable  and  have  low  resistance  ohmic  characteristics. 

In  an  earlier  attempt  to  achieve  ohmic  contacts  on  GaN  epilayers,  Foresi  et  al.^^^  used  A1 
and  Au  contacts  with  575®C  anneal  cycle.  However,  the  specific  contact  resistivity  of  these 
contacts  was  relatively  poor  (lO'^Qcm^).  Khan  et  al.^^^  used  Ti/Au  to  contact  n-type  GaN  and 
measured  a  contact  resistance  of  7.8x10"'*  Qcm^  after  annealing  at  250°C  for  30s.  Nakamura  et 
al.®  have  used  Au  (and  later  Au/Ni  and  Al)  as  p  and  n-type  contacts  respectively  in  their  LED 
structures.  While  the  contact  resistances  were  not  reported  in  their  LED  structures,  an 
operating  voltage  of  4V  and  20mA  forward  bias  is  clear  evidence  that  reasonable  contact 
resistances  were  obtained.  Recently  Lin  et  al.^^^  have  obtained  extremely  good  ohmic  contacts 
on  n-type  GaN  layers  grown  on  sapphire  substrates.  Using  Ti/Al  metallization  scheme  they 
were  able  to  obtain  specific  contact  resistivities  as  low  as  8xlO'‘^Qcm^  after  annealing  at 
900°C  for  30s.  Lin  et  al.^’^  also  demonstrated  a  novel  ohmic  contact  scheme  to  GaN  using  an 
InN/GaN  short-period  superlattice  (SPS)  and  an  InN  cap  layer.  Ohmic  contact  resistivities  as 
low  as  6xl0'^Qcm^  were  achieved  even  without  any  post-annealing. 
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An  ohmic  contact  study  of  four  standard  metallization  schemes:  Ti/Pt/Au,  Au/Ge/Ni, 
WSix  and  AuBe/Au  has  been  undertaken  in  this  work,  Also  we  investigated  a  novel  scheme 
which  had  an  InGaN  layer  on  top  of  GaN,  The  InGaN  has  a  lower  bandgap  than  GaN  and 
should  produce  lower  contact  resistance.  WSix  was  used  for  metallization  to  the  InGaN  layer. 
Electrical  characterization  of  the  contacts  was  done  using  standard  transmission  line 
measurements  (TLM)  and  materials  characterization  including  Scanning  Electron  Microscope 
(SEM)  and  Auger  electron  Spectroscopy  (AES). 

EXPERIMENTAL 

The  GaN  and  Ino.5Gao.5N  was  grown  on  GaAs  at  800®C  using  (CH3)3Ga  and  an 
Electron  Cyclotron  Resonance  plasma  generated  N2  flux  in  a  Metal  Organic  Molecular  Beam 
Epitaxy  system.  The  samples  predominantly  consisted  of  the  cubic  phase,  with  typical  x-ray 
FWHM  of  300-500arc-sec.  The  n-type  doping  level  in  the  ternary  was  -lO^^cm'^,  while  the 
GaN  was  typically  <10^^cm'^. 

Four  different  metallization  schemes  common  in  III-V  technology  were  investigated, 
i.e.  Ti/Pt/Au,  Au/Ge/Ni,  AuBe  and  WSix-  The  contact  metals  were  deposited  using  two 
techniques,  namely,  electron  beam  evaporation  and  sputtering.  The  deposition  sequences  and 
the  layer  structures  were  as  follows:  (l)Ti-250A/Au-1000A;  (2)Ge-50A/Ni-50A/Au-Ge- 
268A-132A/Au-1100A;  (3)AuBe-200A/Au-1000A  and  {4)WSix-1000A.  Also  WSix  contacts 
having  thickness  of  1000 A  was  deposited  on  an  Ino.5Gao.5N  sample.  The  above  three 
metallizations  were  performed  using  electron  beam  evaporation  in  a  Temescal  system.  Prior  to 
loading  in  a  UHV  system  the  wafers  were  rinsed  in  a  solution  of  H20:NH40H  =  20:1  for  1 
minute  to  remove  the  native  oxide  from  the  GaN  samples  in  order  to  ensure  uniform  contact 
properties  upon  subsequent  deposition  and  alloying.  After  a  pump  down  to  a  pressure  of  about 
2x10'^  Torr  and  in-situ  Ar^  ion  beam  sputtering  for  oxide  removal  the  metallization  schemes 
were  evaporated  with  an  electron  gun. 

The  WSix  (x~0.45)  contact  was  deposited  using  the  sputtering  technique.  Prior  to 
loading  the  samples  in  the  deposition  chamber  a  1  minute  rinse  in  a  H20:NH40H  (20:1) 
solution  was  done  after  which  the  contacts  were  deposited  by  sputtering  with  an  Ar  discharge 
at  a  bias  voltage  of  90-100V.  The  contact  metal  was  deposited  onto  square  openings  (100  x 
100p.m^)  linearly  spaced  (with  intervals  of  2  to  16p.m)  in  a  photoresist  layer.  Subsequently, 
InGaN  mesas  were  etched  to  give  the  required  one-dimensional  current  flow.  After  the 
metallizations  were  performed  the  samples  were  each  split  into  pieces  and  thermally  annealed 
at  a  temperatures  range  from  400-900°C  for  30s  in  a  N2  ambient  using  rapid  thermal 
annealing  technique  (AG  Heatpulse  410  System. 

RESULTS  AND  DISCUSSION 

The  Au/Ge/Ni  sample  was  annealed  at  temperatures  of  400°C,  500®C,  600°C  and 
700°C.  The  Au/Ge/Ni  sample  heat  treated  at  600®C  showed  signs  of  degrading  (Figure  1).  The 
surface  is  no  longer  smooth  and  as  the  sample  annealing  temperature  is  increased  further  to 
700®C  the  SEM  micrograph  at  a  magnification  of  10,000  reveals  many  shallow  small  pits. 

The  Ti/Pt/Au  samples  were  heat  treated  at  temperatures  of  500“C,  700'’C,  800°C  and 
900°C  for  30s.  sample  that 

was  annealed  at  500®C  showed  signs  of  degradation  and  at  700°C  the  surface  becomes  more 
degraded.  The  formation  of  little  islands  seem  to  be  more  apparent  and  the  size  and  density  of 
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these  islands  increase  at  800®C.  The  maximum  temperature  for  annealing  these  contacts 
would  be  around  450-500°C  which  is  approximately  about  the  temperature  used  for  obtaining 
low  temperature  Ti/Pt/Au  contacts  on  GaAs  samples/®^ 


Figure  1.  Surface  morphology  of  Au/Ge/Ni/GaN  contacts  (magnification  xl  0,000);  (top 
left)  as-deposited,  (top  right)  annealed  at  500°C,  (bottom  left)  annealed  at  600°C  and 
(bottom  right)  annealed  at  700°C. 


The  WSix  contacts  on  GaN  samples  were  heat  treated  at  temperatures  of  400®C, 
700°C,  800°C  and  900°C  for  30s.  The  SEM  studies  performed  on  these  samples  revealed  that 
the  as-deposited  sample  exhibited  a  very  smooth  surface  and  that  there  was  no  change  in  the 
surface  morphology  of  samples  annealed  at  temperatures  of  400®C  and  700“C.  The  surface 
morphology  of  the  samples  annealed  at  900°C  showed  only  a  small  amount  of  surface 
roughness.  The.  maximum  annealing  temperature  to  obtain  good  surface  morphology  WSix 
contacts  on  InGaN  samples  would  therefore  be  in  the  range  700-800'*C. 

The  AuBe  samples  were  annealed  at  temperatures  of  400°C,  500°C,  600°C  and  700®C 
for  30s.  The  as-deposited  AuBe  sample  was  characterized  by  a  smooth  surface  through  the 
sample  annealed  at  400°C  already  showed  amount  of  roughness.  It  was  clearly  evident  from 
the  micrograph  of  the  sample  annealed  at  700“C  that  the  sample  surface  was  badly  degraded. 

The  Auger  depth  profile  of  as-deposited  Au/Ge/Ni  contacts  on  GaN  indicated  a  slight 
interdiffusion  between  Au  and  Ni  and  extensive  interdiffusion  between  Ni  and  Ge.  The 
penetration  of  Au  into  the  GaN  was  insignificant.  The  suggestion  of  interdiffusion  of  Ni  and 
Ge  agrees  with  results  of  Au/Ge/Ni  contacts  on  GaAs  samples. 

The  Auger  depth  profile  of  the  as-deposited  Ti/Pt/Au  sample  seen  in  Figure  2  did  not 
show  much  interdiffusion  between  the  metals  compared  to  the  Au/Ge/Ni  as-deposited  sample. 
In  comparison  to  the  as-deposited  sample  the  sample  that  was  heat  treated  at  600®C  showed 
extensive  interdiffusion  between  Ti  and  Pt  (Figure  2).  There  appears  to  be  more  Ga 
outdiffusion  into  the  metal  layers  in  the  heat  treated  sample  compared  to  the  as  deposited 
sample.  The  depth  profiles  of  the  as-deposited  and  annealed  samples  of  WSix  shown  in  Figure 


3a  and  3b  indicated  that  the  900°C  annealed  sample  showed  more  intermixing  of  the  metal 
and  GaN  at  the  interface  compared  to  the  as-deposited  sample. 


SPUTTER  TIME  (min) 


(>) 


Figure  2.  AES  depth  profiles  of  TiPtAu  contacts  on  GaN  (a)as-deposited  and 
(b)  after  annealing  at  700°C  for  30secs. 


(b) 


Figure  3.  AES  depth  profiles  of  WSix  contacts  on  GaN  (a)  as-deposited  and 
(b)  after  annealing  at  900®C  for  30  secs. 
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The  contact  and  sheet  resistance  of  the  contact  can  be  derived  from  a  plot  of  measured 
resistance  versus  gap  spacing.  The  method  of  least  square  fit  was  used  to  get  a  linear  fit  to  the 
experimental  data  which  typically  yielded  correlation  coefficient  of  0.9972  or  better. 

The  specific  contact  resistivity  (pc)  is  calculated  from  a  measurement  of  the  effective 
contact  resistance  {R^),  the  contact  width  (W)  and  the  transfer  length  (Lp); 

e,  =  R,WLr  (1) 

The  specific  contact  resistance  dropped  from  5.95x10'^  on  the  as-deposited  sample  to 
3.92x10'^  after  annealing  at  400®C.  The  contact  resistance  reached  a  minimum  value  of 
1.48x10'^  after  annealing  at  700°C  (Figure  4)  The  trends  are  similar  to  those  of  WSix  on 
InGaAs.^’’ 

It  has  been  noted  that  the  Ti/Au  contacts  on  GaN^*^^  have  large  contact  resistance  even 
after  thermal  annealing.  The  Ti/Au  contacts  generally  suffer  from  the  problem  of  spiking  into 
the  underlying  semiconductor  upon  annealing.^^*^^  To  mitigate  this  problem,  Pt  which  is  a  very 
good  diffusion  barrier  has  been  used  between  Ti  and  Au  to  prevent  Au  spiking.  In  our  work  a 
similar  kind  of  observation  was  made.  The  AES  studies  of  the  as-deposited  sample  did  not 
show  intermixing  of  metals  and  the  SEM  studies  confirmed  these  results  since  the  sample 
surface  appeared  to  be  smooth.  From  the  AES  studies  of  the  sample  annealed  at  600°C  it  was 
realized  that  Au  does  not  interact  with  Ga  which  confirms  that  the  Pt  barrier  has  prevented  the 
Au  spiking  into  the  underlying  GaN.  This  solid  phase  reaction  between  Ti  and  GaN  forming 
TiN  can  help  the  contact  operate  through  a  tunneling  mode.  From  the  AES  depth  profile  it  can 
be  seen  that  for  the  sample  annealed  at  600°C,  Ga  has  penetrated  through  most  of  the  Ti  film. 
In  our  case  if  we  suppose  N  is  extracted  from  the  GaN  without  decomposing  GaN,  then  an 
accumulation  of  N  vacancies  would  be  created  in  the  GaN  near  the  junction.  Since  N 
vacancies  most  likely  act  as  donors,  this  region  would  be  heavily  doped  n-GaN  which 
provides  the  configuration  needed  for  tunneling  contacts.  Thus  annealing  temperatures  of 
about  500®C  would  be  optimum  for  obtaining  thermally  stable  Ti/Pt/Au  ohmic  contacts  but 
temperatures  higher  than  that  may  lead  to  extensive  reaction  at  the  interface  which  obviously 
implies  degrading  of  the  sample. 


Figure  4,  WSix  specific  contact  resistivity  on  Ino.5Gao.5N  versus  annealing  temperature. 
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CONCLUSION 


Processing  of  FET  devices  involve  a  high  temperature  annealing  step  for  implant 
activation,  typically  >900°C  The  stability  of  the  WSix/Ino.sGao.sN  contacts  are  high  enough 
to  allow  dopant  activation  in  HBT  or  FET  processing.  The  contact  degradation  at  higher 
annealing  temperature  was  related  to  increased  in  the  sheet  resistance  which  in  turn  resulted 
from  the  degradation  of  the  metal-semiconductor  interface. 

The  AuBe/GaN  contact  system  showed  poor  thermal  stability  while  Au/Ge/Ni/GaN 
contact  was  thermally  stable  up  to  temperatures  of  500®C.  The  Ti/Pt/Au  contacts  were  found 
to  remain  substantially  stable  at  450-500°C.  There  is  no  penetration  of  Au  into  GaN  which 
was  prevented  owing  to  the  Pt  diffusion  barrier.  These  contacts  exhibited  better  structural 
properties  than  Ti/Au  contacts  deposited  on  GaN. 

The  scope  of  future  work  in  the  field  of  WSix/InGaN  system  is  probably  to  experiment 
with  the  In  concentration  to  lower  the  banddgap  of  InGaN.  The  contact  resistance  could  be 
measured  as  a  function  of  annealing  temperature  and  the  condition  mechanisms  and  thermal 
stability. 
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ABSTRACT 

Schottky  barrier  heights  of  Ni,  Pt,  Pd,  and  Au  on  n-type  GaN  were  measured  using  current- 
voltage  and  capacitance-voltage  techniques.  Measurements  from  the  I-V  technique  yielded 
barrier  heights  of  0.95,  1.01,  0.94,  and  0.87  eV  for  Ni,  Pt,  Pd,  and  Au,  respectively.  Barrier 
heights  of  1,13, 1.16, 1.07,  and  0.98  eV,  for  Ni,  Pt,  Pd,  and  Au,  respectively,  were  obtained  using 
C-V  measurements. 

INTRODUCTION 

There  is  significant  interest  in  gallium  nitride  (GaN)  and  related  compounds  due  to  the  wide 
band  gaps  which  correspond  to  energy  transitions  in  the  visible  wavelengths.  This  property 
makes  these  materials  very  useful  for  short  wavelength  light  emitting  diodes  and  laser  diodes. 
Another  area  of  potential  application  is  high  temperature  transistors.  For  this  application,  high 
quality  Schottky  barrier  contacts  with  adequate  barrier  heights  are  required  for  field  effect 
transistors.  These  factors  have  prompted  recent  reports  on  the  contact  characteristics  of  GaN 
with  various  metals.  Hacke  et  al.  [1]  reported  a  barrier  height  of  0.84  eV  and  an  ideality  of  ~1.03 
for  Au  using  I-V  measurements,  with  corresponding  C-V  measurements  giving  a  barrier  height 
of  0.94  eV.  Binari  et  al.  [2]  reported  an  ideality  factor  of  1.28  for  Ti/GaN  contacts  and  Schottky 
barrier  heights  of  0.58  and  0.59  eV  for  Ti  by  I-V  and  C-V  measurements,  respectively.  Work  on 
Schottky  barrier  contacts  have  also  been  reported  by  Guo  et  al.  [3]  for  Pd  and  Pt.  The  I-V  and 
C-V  characteristics  yielded  barrier  heights  of  1.03  and  1.04  eV,  respectively,  for  Pd,  and  0.91 
and  0.94  eV,  respectively,  for  Pt.  The  ideality  factor  measured  by  Guo  et  al.  [3],  however,  was 
1.14  for  Pd  and  1.21  for  Pt.  In  this  paper,  we  report  our  work  on  the  measurement  of  Schottky 
barrier  heights  of  various  metals  on  n-GaN.  The  metals  investigated  were  Ni,  Pt,  Pd,  and  Au. 
Current-voltage  and  capacitance-voltage  measurements  were  carried  out  to  determine  ideality 
factors  and  barrier  heights.  The  results  obtained  are  compared  with  those  previously  reported  by 
other  authors  [1-3]. 

EXPERIMENT 

The  Schottky  barrier  contacts  in  this  work  were  patterned  on  4  pm  layers  of  GaN  which  was 
epitaxially  grown  by  metal-organic  chemical  vapor  deposition  (MOCVD)  on  the  (0001)  surface 
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of  sapphire  substrates.  Hall  measurements  revealed  a  bulk  carrier  concentration  of  cm'^ 
due  to  unintentional  doping.  The  room  temperature  electron  mobility  was  measured  to  be  -250 
cm^A^-s.  A  ohmic  contact  with  300  ftm  diameter  openings  was  first  patterned  on  the  samples. 
The  ohmic  contact  consisted  of  Ti/Al  which  were  deposited  by  electron  beam  and  thermal 
evaporation,  respectively.  The  samples  were  then  alloyed  in  an  N2  atmosphere  using  rapid 
thermal  annealing  (RTA).  Schottky  contacts  of  250  pm  diameter  were  patterned  at  the  center  of 
the  ohmic  contact  openings  using  metal  lift-off  techniques.  The  exposed  GaN  surface  was 
cleaned  in  the  following  sequence:  descummed  in  an  O2  plasma  asher,  dipped  in  diluted  HCl, 
rinsed  in  DI,  and  blown-dry  with  N2.  Surface  oxides  formed  in  the  plasma  asher  are  removed  by 
the  HCl  solution.  The  samples  were  then  immediately  transferred  into  an  evaporator.  Nickel, 
palladium,  and  platinum  were  each  deposited  by  electron  beam  evaporation,  while  gold  was 
deposited  thermally.  The  Ni,  Pd,  and  Au  were  deposited  to  thicknesses  of  100  nm.  The  Pt, 
however,  was  deposited  to  a  thickness  of  50  nm  due  to  thermal  cracking  of  thicker  layers.  The  I- 
V  characteristics  were  measured  using  a  four  point  technique  with  an  HP4142  semiconductor 
parameter  analyzer.  An  HP4280  was  used  for  C-V  measurements  at  a  frequency  of  1  MHz. 

RESULTS  AND  DISCUSSION 

The  current-voltage  measurements  were  analyzed  using  the  thermionic  emission  theory. 
Accordingly,  the  current-voltage  relationship  is  given  by 

I  =  for  V»kT/q  (1) 

and 

I,=AA**TV<'*b/«'  (2) 

where  R  is  the  series  resistance,  n  is  the  ideality  factor,  T  is  the  measurement  temperature,  A  is 
the  area  of  the  diode.  A**  is  the  effective  Richardson  constant,  and  (t)b  is  the  effective  barrier 
height.  An  effective  electron  mass  of  mJi  =  0.22mo  was  used  to  determine  the  theoretical  value 
of  the  Richardson  constant  which  is  26.4  A  cm'2  K*2  [4].  When  R  is  small,  a  log  I  vs.  V  plot  of 
the  forward  characteristics  yields  a  linear  region  in  which  a  fit  can  be  used  to  calculate  the  barrier 
height  and  ideality  factor  from  the  y-intercept  and  slope,  respectively.  Figure  1  shows  the 
forward  characteristics  (Log  I  vs.  V)  of  the  four  metals  investigated  in  this  work.  For  Ni,  Pt,  Pd, 
and  Au,  the  barrier  heights  are  0.95,  1.01,  0.94,  and  0.87  eV,  respectively,  while  the  ideality 
factors  are  1.04, 1.05, 1.04,  and  1.04,  respectively.  The  electron  affinity,  Xs>  is  determined  using 
the  relation  Xs  =  ‘I’m  -  <l’b*  Th®  metal  work  function,  (j)m,  is  5.15  eV  for  Ni,  5.65  eV  for  Pt,  5.12 
eV  for  Pd,  and  5.1  eV  for  Au  [5].  Therefore,  the  electron  affinity  from  I-V  measurements  for  Ni, 
Pt,  Pd,  and  Au  are  4.20, 4.64,  4.18,  and  4.23  eV,  respectively. 
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FIG.  1.  Forward  Log  I  vs.  V  characteristics  for  Ni,  Pt,  Pd,  and  Au  Schottky  barrier  contacts. 

The  reverse  I-V  characteristics  of  the  four  metals  are  shown  in  Figure  2.  The  reverse  bias 
leakage  current  for  the  Ni  and  Pd  diodes  were  nA  at  -lOV.  For  the  Pt  and  Au  diodes,  the 
leakage  current  at  -10  V  was  ~1  fiA  and  -100  nA,  respectively.  The  I-V  characteristics, 
however,  were  found  to  degrade  once  the  reverse  bias  exceeded  the  breakdown  voltage.  In 
particular,  the  diodes  were  observed  to  have  increased  reverse  bias  current  leakage  and  degraded 
forward  characteristics.  These  observations  were  made  for  all  the  metals  investigated  in  this 
work. 


Applied  Bias  (V) 

FIG.  2.  Reverse  bias  characteristics  of  the  Schottky  barrier  contacts. 
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The  relationship  between  the  capacitance  and  voltage  is  given  by 

C  =  A[EqNd/2(V<,-V)P,  (3) 

Figure  3  shows  a  plot  of  the  l/C^  vs.  V  data  for  all  four  metals.  From  this  plot,  the  ionized 
dopant  concentration  and  built-in  potential  are  calculated  from  the  slope  and  x-intercept, 
respectively.  The  x  intercept,  or  Vq,  and  the  built-in  potential,  Vi,  are  related  by  Vq  =  Vi  -  kT/q. 
The  effective  barrier  height  can  then  be  calculated  by 

(|.b  =  V„+Vi  (4) 

where 

Vn=(kT/q)ln(Nc/Nd)  (5) 

and  Nc  =  2(27cmnkT/ is  the  conduction  band  effective  density  of  states.  Using  these 
equations,  the  C-V  measurements  yielded  a  barrier  height  of  1.13  eV  for  Ni,  1.16  eV  for  Pt,  1.07 
eV  for  Pd,  and  0.98  eV  for  Au.  These  and  the  other  quantities  determined  in  this  work  are  listed 
in  Table  I. 


-1  -0.5  0  0.5  1  1.5 
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FIG.  3.  Capacitance-voltage  characteristics  of  the  Ni,  Pt,  Pd,  and  Au  Schottky  barrier 
contacts  on  n-type  GaN. 

Discrepancies  between  the  barrier  heights  determined  from  C-V  and  I-V  are  often  attributed 
to  image  force  barrier  lowering.  However,  the  differences  for  the  results  presented  in  this  paper 
are  too  large  to  be  accounted  for  in  this  manner.  The  ideality  factor  and  barrier  heights  for  Au 
obtained  in  this  work  agree  with  that  obtained  by  Hacke  et  al.  [1]  for  n-GaN  with  the  same  level 
of  doping.  They  have  also  noted  the  disparity  between  the  C-V  and  I-V  barrier  height 
measurements  which  was  attributed  largely  to  a  thin  interfacial  oxide  layer. 
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SUMMARY 


The  Schottky  barrier  heights  of  Ni,  Pt,  Pd,  and  Au  on  n-type  GaN  were  presented.  Both  I-V 
and  C-V  measurements  were  taken  and  compared.  The  effective  Schottky  barrier  heights  for  Ni, 
Pt,  Pd,  and  Au  were  0.95,  1.01,  0.94,  and  0.87  eV,  respectively,  from  I-V  measurements  and 
1.13,  1.16,  1.07,  and  0.98  eV,  respectively,  from  C-V  measurements.  The  ideality  factors  are 
close  to  unity  which  is  an  indication  of  carrier  transport  by  thermionic  emission. 


TABLE  I.  Summary  of  Schottky  characteristics  of  Ni,  Pt,  Pd,  and  Au  on  n-type  GaN. 


I-V 

Ni 

C-V 

I-V 

Pt 

C-V 

I-V 

Pd 

C-V 

I-V 

Au 

C-V 

Barrier  Height 
<t>b(eV) 

0.95 

1.13 

1.01 

1.16 

0.94 

1.07 

0.87 

0.98 

Ideality,  n 

1.04 

1.05 

1.04 

1.04 

Carrier  Cone. 
Nd(cm-3) 

_ 

6.5E+16 

4.4E+16 

6.0E+16 

6.7E+16 

Electron  Affinity 
Xs(eV) 

4.2 

4.02 

4.64 

4.49 

4.18 

4.05 

4.23 

4.12 

Built-in  Potential 
Vi  (V) 

0.87 

1.05 

0.93 

1.08 

0.86 

0.99 

0.79 

0.90 
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ABSTRACT 

Schottky  barriers  were  formed  on  p-GaN.  p-GaN  layers  doped  with  Mg  were 
grown  by  metalorganic  chemical  vapor  deposition  (MOCVD).  6H-SiC  wafers  were 
used  as  substrates.  The  barriers  were  made  by  vacuum  thermal  evaporation  of  Au. 
Capacitance-voltage  (C-V)  and  current-voltage  (I-V)  characteristics  of  the  barriers  were 
investigated.  The  concentration  of  the  ionized  acceptors  in  the  p-layers  was  measured 
to  be  about  -10^^  cm'3.  The  barrier  height  was  determined  to  be  2.48  eV  by  C  -  V 
measurements  at  room  temperature.  The  forward  current  flow  mechanism  through  the 
barriers  is  discussed. 

INTRODUCTION 

Recently  extensive  study  has  been  done  on  Schottky  barriers  formed  on  group  III 
nitrides  [1-3],  The  parameters  of  Au  Schottky  barriers  to  n-GaN  were  studied  in  detail 
[1,2].  In  paper  [2]  we  reported  the  characteristics  of  Au  barriers  formed  on  n-GaN 
layers  grown  on  SiC  substrates:  barrier  height  was  determined  to  be  1.03  eV  using  both 
C-V  and  I-V  characteristics.  The  electron  affinity  for  GaN  was  calculated  to  be  4.1  eV 
using  the  Au-n-GaN  barrier  characteristics  {both  from  C-V  and  I-V  data).  Much  less 
information  is  available  on  Schottky  barriers  to  p-type  A^N  materials.  M.A,  Khan  et  al 
[4]  used  Ti/Au  Schottky  barriers  formed  on  p-GaN  to  fabricate  a  photodetector,  but 
barrier  characteristics  were  not  published.  In  this  paper,  the  electrical  characteristics  of 
Au  Schottky  barriers  formed  on  p-GaN  layers  are  reported. 

EXPERIMENTAL  PROCEDURE 

GaN  layers  were  grown  by  MOCVD  on  SiC  substrates  at  Cree  Research,  Inc.  [5]. 
The  substrates  used  were  n-type  6H-SiC  wafers.  GaN  was  deposited  on  the  (OOOl)Si 
face  of  the  substrate.  First  a  Si-doped  n-GaN  layer  about  2  pm  thick  was  grown.  The 
donor  concentration  Np  in  the  layer  was  -2x10^^  cm'^.  Then  a  Mg-doped  GaN  p-layer 
about  1  |im  thick  was  grown  on  top. 

Schottky  barriers  were  formed  by  vacuum  thermal  evaporation  of  high  purity  Au 
on  samples  which  were  previously  etched  in  a  KOH-water  solution  for  2  min  and  then 
boiled  in  deionized  water.  Before  evaporation,  the  gold  was  cleaned  in  organic  solvents 
and  acids.  The  gold  was  evaporated  in  a  vacuum  of  ~3xl0'3  Pa  through  shadow  masks. 
The  area  of  the  Schottky  contact  was  IxlO'^  cm^  and  the  thickness  of  the  evaporated 
metal  ranged  from  0.1  to  0.15  pm.  The  thickness  of  evaporated  metal  and  the  effective 
area  of  the  Schottky  contact  were  measured  by  electron  microscopy  using  electron  beam 
induced  current  (EBIC)  and  back  scattered  electron  modes.  Pd  was  evaporated  on  the 
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perimeter  of  the  samples  to  form  an  ohmic  contact  to  p-GaN.  A  planar  device  geometry 
(Fig.  1)  was  used. 

The  C-V  measurements  were  performed  using  a  computer  controlled  system  at  a 
test  frequency  of  1  MHz  and  a  test  signal  of  20  mV  rms.  The  I-V  characteristics  were 
measured  in  the  temperature  range  from  300  to  600  K.  The  measurements  were  done  in 
a  cryostat  where  the  sample  temperature  was  maintained  with  an  accuracy  of  0.1  K, 


Pd  Au  Pd 


Fig.l.  Cross  section  of  a  wafer  with  the  Au  Schottky  barriers  and  ohmic 
contact  formed  on  p-GaN. 

RESULTS  AND  DISCUSSION 


Capacitance  -  voltage  characteristics 

The  C-V  characteristics  were  linear  when  plotted  in  C‘2  -  V  coordinates  (Fig.  2). 
This  fact  indicates  that  the  doping  depth  profile  was  uniform  and  that  the  barrier  height 
was  not  dependent  on  applied  voltage. 


Fig.2.  Capacitance  -  voltage  characteristic  for 
Au-p-GaN  (1  MHz,  300  K). 


Distance  (|jm) 

Fig.3,  Concentration  depth  profile. 


In  this  case,  the  well-known  equations  were  used  to  determine  the  barrier 
characteristics  and  impurity  concentration  in  the  semiconductor  [6]: 
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^-2  2(K  +  F) 

(I) 

N„-^[  ‘'’f  ] 

(2) 

where  V  -  the  applied  voltage,  Vc  -  the  cut-off  voltage  of  the  C-V  characteristic,  £3  -  the 
dielectric  constant  of  the  semiconductor,  Ng  -  the  concentration  of  ionized  acceptors  and 
S  -  the  effective  contact  area.  The  effective  contact  area  of  the  barrier  measured  using 
EBIC  was  determined  to  be  close  to  the  metal  area  measured  by  optical  microscopy. 
This  fact  indicates  a  good  mechanical  contact  between  the  metal  and  semiconductor. 
The  concentration  of  ionized  acceptors  Ng  was  determined  using  C-V  data  to  be  about 
IxlQl^  cm'3  (Fig.  3).  The  barrier  characteristics  were  calculated  using  the  equations: 

V  =V+kT/ 
bi  c  /q 

(3) 

'Pbp“‘l''c+Ef +kT 

(4) 

where  Vbi  -  the  barrier  built-in  potential,  (pbp  -  the  barrier  height,  and  Ef  -  the  difference 
in  the  energies  between  the  top  of  the  valance  band  and  the  Fermi  level.  The  cut-off 
voltage  was  extracted  from  the  C-V  measurements  to  be  2.32  V  (see  Fig.  2).  Ef  was 
estimated  to  be  0.13  eV.  The  calculations  gave  Vbi  =  2.35  V  and  (pbp  =  2.48  eV. 
According  to  Schottky's  theory  [7],  the  barrier  height  may  be  determined  by: 

=  (5) 

where  Eg  is  the  band  gap  energy  (for  GaN  Eg  ~  3.4  eV,  300  K),  (pm  is  the  work  function 
of  the  metal  ((pm  Au  =  5.1  eV  [8])  and  Xs  is  the  semiconductor  electron  affinity. 
Assuming  that  the  Fermi  level  in  GaN  is  not  pinned  [9],  we  calculated  that  Xs  -  4.17  eV. 
This  value  is  close  to  the  GaN  electron  affinity  value  of  4.1  eV  calculated  for  Au-n-GaN 
barrier  characteristics  [2]. 

The  sum  of  the  barrier  heights  for  barriers  formed  on  samples  having  n-  and  p- 
conductivity  must  be  equal  to  the  band  gap  width  of  the  semiconductor: 

For  Au  Schottky  barriers  formed  on  n-GaN,  the  height  was  found  to  be  (pbn  =  1-03 
eV  [2].  According  to  (6)  we  calculated  Eg  caN  to  be  3.51  eV,  which  is  close  to  the 
experimental  value  of  3.4  eV  measured  by  optics. 
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Current  -  voltage  characteristics 


The  leakage  current  was  100  fiA  at  a  reverse  voltage  of  10  V  at  room  temperature. 
The  forward  I-V  characteristics  at  different  temperatures  are  shown  in  Fig.  4.  At  a 
forward  voltage  ranging  from  ~3  kT/q  to  ~  1  V,  straight  lines  were  obtained  in  log  (I)  - 
V  coordinates  for  currents  ranging  4  orders  of  magnitude.  The  ideality  factor  ti  = 
qdV/kTd(ln  I)  was  found  to  be  temperature  dependent  (Fig.  5).  The  ideality  factor 
ranged  from  2.0  to  1.27  with  temperature  changes  from  300  to  600  K.  It  was  found  that 
the  ideality  factor  may  be  described  by: 

^  =  I  +  (  Y  f  (7) 

where  To  =  304  K.  Data  with  a  similar  ideality  factor  temperature  dependence  has  been 
observed  for  Shottky  barriers  formed  on  Si  and  GaAs  and  was  attributed  to  carrier 
tunneling  through  the  barrier  [10].  However,  the  background  carrier  concentration  was 
determined  to  be  too  small  (lO^^  cm’^)  making  the  carrier  tunneling  through  the  An-p- 
GaN  barrier  unlikely.  As  known,  the  value  of  the  ideality  factor  is  determined  by  the 
nature  of  the  current  through  the  barrier.  It  is  close  to  1.0  if  the  current  is  due  to 
thermionic  emission.  A  possible  reason  for  deviation  from  ideal  behavior  of  the 
Schottky  barrier  is  due  to  carrier  recombination  [7].  In  the  case  of  pure  recombination 
current,  the  ideality  factor  is  equal  2.0  [7].  The  effect  of  recombination  is  more 
pronounced  at  low  temperatures.  We  propose  that  in  our  case  the  current  transport 
was  due  to  both  recombination  and  thermionic  emission.  We  assume  that  these  two 
mechanisms  act  simultaneously. 


Fig.4.  Forward  I-V  characteristics  for  a  Au-p-GaN  Fig. 5.  Dependence  of  the  ideality  factor  on 

barrier:  1  -  300  K,  2  -  400  K,  3  -  500  K,  4  -  600  K.  temperature. 
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SUMMARY 


Au  Schottky  barriers  were  formed  on  p-GaN.  The  barrier  height  was  determined  to 
be  2.48  eV  by  C-V  measurements  at  room  temperature.  The  sum  of  this  barrier  height 
and  the  Au-n-GaN  barrier  height  of  1.03  eV  determined  previously  equals  3.51  eV 
which  is  close  to  the  GaN  band  gap  of  3.4  eV.  The  forward  current  ideality  factor  was 
found  to  be  temperature  dependent  and  may  be  expressed  as  t)  =  1  +  (To/T)2,  where  To 
=  304  K.  We  propose  that  the  current  flow  is  due  to  both  recombination  of  carriers  in 
the  depletion  regions  through  deep  centers  and  thermionic  emission  of  carriers.  We 
assume  that  these  two  mechanisms  act  simultaneously. 
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ABSTRACT 

Thermally  stable  contacts  to  GaN  that  also  have  desirable  electrical  characteristics  are  re¬ 
quired  for  the  further  development  of  optoelectronic  and  high  temperature  devices  based  on 
GaN.  To  make  improvements  on  existing  contacts  or  to  develop  new  ones,  information  on 
the  metallurgy  of  potential  contact  systems  is  needed.  In  this  work,  the  Metal-Ga-N  ternary 
phase  equilibria  and  the  contact  metallurgy  are  examined  for  Ti,  Re,  and  Ni.  Annealed  con¬ 
tacts  of  these  metals  have  been  examined  with  x-ray  diffraction  and/or  x-ray  photoelectron 
spectroscopy,  and  the  observed  metallurgical  reactions  are  discussed  in  light  of  estimated  or 
experimentally  determined  Metai-Ga-N  phase  diagrams.  Particular  attention  is  paid  to  the  gas 
phase  equilibria  and  the  role  of  the  annealing  environment  on  the  metallurgical  reactions.  Fi¬ 
nally,  the  consequences  of  this  work  for  the  design  of  thermally  stable  contacts  are  consid¬ 
ered. 

INTRODUCTION 

Researchers  of  contacts  to  the  other  lll-V  semiconductors  have  long  recognized  the  utility  of 
Metal-lll-V  phase  diagrams  for  designing  thermally  stable  electrical  contacts  and  for  better  un¬ 
derstanding  the  reactions  that  occur  when  metal  contacts  are  not  in  thermodynamic  equilib¬ 
rium  with  the  semiconductor  [I -4].  Unfortunately,  no  Metal-Ga-N  phase  diagrams  are  avail¬ 
able  in  the  literature.  Thus,  there  is  a  lack  of  information  on  the  metallurgy  of  the  Metal/GaN 
systems  just  when  it  could  prove  extremely  valuable:  during  the  early  stages  of  development 
of  electrical  contacts  to  GaN.  We  have  previously  estimated  the  phase  equilibria  for  the  Tran¬ 
sition  Metal-Ga-N  systems  through  thermodynamic  calculations  [5].  In  this  work,  we  discuss 
In  greater  detail  the  contact  metallurgy  of  one  metal  from  each  of  three  groups  in  the  periodic 
table:  TI  from  the  early  transition  metals,  Re  from  the  middle  transition  metals,  and  Ni  from 
the  late  transition  metals.  The  features  of  the  contact  metallurgy  that  may  be  important  for 
the  development  of  electrical  contacts  to  GaN  are  emphasized,  including  the  role  of  the  gas 
phase  equilibria  and  the  effect  of  the  annealing  environment  on  the  reactions  in  Metal/GaN 
contacts. 

Ti/GaN  CONTACTS 

The  early  transition  metals  all  form  metal  nitrides  of  considerable  thermodynamic  stability, 
some  of  which  exist  over  a  wide  compositional  range.  They  also  form  metal  gallldes,  and 
Metal-Ga-N  ternary  phases  have  been  reported  for  Ti  [6],  V  [7-9],  Nb  [7],  and  Ta  [7].  For 
those  metals  for  which  no  ternary  phases  have  been  reported  (Sc,  Y,  Zr,  La,  and  Hf),  sufficient 
thermodynamic  data  is  available  to  estimate  the  M-Ga-N  phase  diagrams.  The  common  fea¬ 
ture  of  these  diagrams  is  a  tie-line  between  GaN  and  a  metal  nitride  of  nominal  composition 
MN;  thus,  the  MN  phases  are  predicted  to  be  in  thermodynamic  equilibrium  with  GaN  over 
at  least  a  portion  of  their  ranges  of  homogeneity.  Experimentally  we  have  confirmed  the  exis¬ 
tence  of  the  TIN-GaN  tie  through  a  phase  equilibria  study  of  pressed  powder  samples  an¬ 
nealed  at  800  °C,  and  the  relevant  portion  of  the  phase  diagram  from  this  study  is  shown  in 
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Fig.  I.  Because  of  the  stability  of  the  MN/GaN  interface,  MN  phases  such  as  TiN  could  be  di¬ 
rectly  deposited  onto  GaN  to  form  thermally  stable  contacts  for  high  temperature  electron¬ 
ics,  provided  the  electrical  characteristics  of  such  a  contact  are  satisfactory.  Some  of  the  early 
transition  metal  nitrides  have  already  been  used  in  microelectronics,  and  many  of  them  have 
been  reported  to  have  resistivities  below  50  mn-cm  (TiN,  ZrN,  and  HfN  [10])  and  work 
functions  below  4  eV  (TiN,  ZrN,  VN,  and  NbN  [I  I]).  In  fact,  these  nitrides  have  already  at¬ 
tracted  attention  as  ohmic  to  n-type  GaN,  partly  because  of  the  anticipated  dependence  of  the 
Schottky  barrier  height  on  the  work  function  of  the  metal  [12,  13]. 


N2  (1  atm) 


Figure  I.  Tie-lines  in  the  Ti-Ga-N  system  at  800  °C  from  the  phase  diagram  experiment. 

The  great  stability  of  the  early  transition  metal  nitrides  also  influences  the  way  that  early  tran¬ 
sition  metal  contacts  may  interact  with  their  environment  during  annealing.  The  diagram  of 
Fig.  I  can  be  used  to  discuss  the  role  of  the  Nj  partial  pressure  In  the  annealing  environment 
on  the  metallurgical  reactions  in  Ti/GaN  contacts.  According  to  the  diagram,  if  a  Nj  pressure 
of  I  atm  were  continuously  maintained  over  the  contact,  the  Ti/GaN  contact  would  actually  be 
thermodynamically  favored  to  extract  nitrogen  from  the  annealing  environment,  ultimately 
resulting  in  a  TiN/GaN  contact.  This  result  Is  expected  since  only  TiN  and  GaN  are  simulta¬ 
neously  in  equilibrium  with  Nj  gas  at  I  atm  (the  pressure  represented  in  the  nitrogen  corner 
of  the  hypothetical  diagram).  The  contact  would  therefore  come  to  equilibrium  with  GaN 
without  any  net  consumption  of  GaN  through  reaction  with  the  metal.  However,  there  may 
be  competition  between  nitrogen  incorporation  into  the  film  and  metallurgical  reaction  at  the 
non-equilibrium  Ti/GaN  interface  during  the  intermediate  stages  of  reaction. 

On  the  other  hand,  if  the  exchange  of  elements  with  the  annealing  environment  is  insignificant, 
a  Ti  contact  would  react  with  GaN  to  ultimately  form  TiN  and  liquid  Ga  on  the  remaining 
GaN.  This  situation  could  occur  when  contacts  are  annealed  under  a  lesser  Nj  partial  pres¬ 
sure  or  when  the  incorporation  of  nitrogen  from  the  environment  is  kinetically  hindered.  This 
situation  is  the  “closed  system”  case  that  has  been  described  previously  for  the  final  equilib¬ 
rium  reaction  products  for  other  Metal/lll-V  contacts  [I -4]. 
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Our  experimental  investigation  examines  this  issue.  Titanium  films  100  nm  thick  were  evapo¬ 
rated  onto  n-type  GaN  cleaned  In  5  %  HF  for  I  min  prior  to  deposition.  Two  annealing  envi¬ 
ronments  were  examined:  Ar  gas  and  Nj  gas  at  I  atm.  On  n-type  GaN  (n  =  6.8  x  lO'^cm'^), 
annealing  times  and  temperatures  that  resulted  In  a  change  from  rectifying  to  linear  l-V  charac¬ 
teristics  of  the  Ti/GaN  contacts  were  identified,  and  they  were  found  to  be  the  same  regard¬ 
less  of  the  annealing  environment  Metallurgical  studies  of  these  contacts  were  then  conducted 
by  XPS  depth  profiling.  Profiles  for  a  sample  that  was  not  annealed  (Fig.  2a)  and  samples  an¬ 
nealed  in  Nj  (Fig.  2b)  and  Ar  (Fig.  2c)  are  shown  for  one  of  these  annealing  conditions  (700  °C 
for  I  h). 


Figure  2.  XPS  depth  profile  for  Ti/GaN  contacts  (a)  as-deposited  and  annealed  at  700  °C  for 
I  h  in  (b)  N2  gas  and  (c)  Ar.  Some  oxygen  contamination  (not  shown)  was  also  de¬ 
tected  in  the  annealed  and  as-deposited  films. 
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It  is  interesting  to  note  the  nitrogen  incorporation  at  the  contact  surface  for  the  contact  an¬ 
nealed  in  Nj  but  not  for  the  contact  annealed  in  Ar.  The  interfacial  region  at  the  Ti/GaN  in¬ 
terface,  however,  appears  very  similar  for  both  samples.  Hence,  reaction  at  the  Nj  gas/Ti  and 
Ti/GaN  interfaces  occur  at  comparable  rates,  and  the  similar  reaction  at  the  Ti/GaN  interface 
appears  to  be  responsible  for  the  change  in  the  electrical  characteristics  in  both  samples. 
However,  there  is  still  a  difference  in  these  contacts  from  the  point  of  view  of  long-term 
thermal  stability.  The  contact  annealed  in  Nj  gas  has  less  Ti  remaining  to  react  with  and  con¬ 
sume  the  underlying  GaN  upon  continued  exposure  to  elevated  temperatures,  since  much  of 
the  Ti  has  already  been  nitrided  by  the  annealing  environment. 

Re/GaN  CONTACTS 

Both  W  and  Re  are  expected  to  be  in  thermodynamic  equilibrium  with  GaN  at  room  tem¬ 
perature  and  at  600  °C.  The  W-Ga  and  Re-Ga  binary  phase  diagrams  are  characterized  by  an 
absence  of  intermediate  phases  under  atmospheric  pressure  and  negligible  miscibility  between 
liquid  Ga  and  the  metals.  Although  metal  nitrides  have  been  reported,  but  none  of  them  are 
expected  to  be  stable  at  600  °C  under  I  atm  or  lower  N^  pressures.  The  calculated  Re-Ga-N 
diagram  at  600  °C  is  shown  in  Fig.  3. 


N2  (1  atm) 


Figure  3.  Calculated  Re-Ga-N  diagram  at  600  °C. 

Our  study  of  annealed  Re/GaN  contacts  is  consistent  with  these  calculations.  Sputtered 
Re  films  50  nm  thick  were  deposited  on  polycrystalline  GaN  and  annealed  at  600  °C  for  I2  h 
in  flowing  Nj  gas.  The  films  were  examined  by  glancing  angle  x-ray  diffraction  before  and  after 
annealing,  and  in  each  case,  only  Re  and  GaN  were  observed.  Based  on  thermodynamic  argu¬ 
ments,  the  N^  partial  pressure  in  the  annealing  environment  should  not  influence  the  metal¬ 
lurgical  stability  of  the  Re/GaN  contact  unless  the  Nj  partial  pressure  at  which  bare  GaN  de¬ 
composes  is  approached. 

Ni/GaN  CONTACTS 

The  near  noble  transition  metals  (Ni,  Pd,  and  Pt)  have  been  widely  used  in  contacts  to  other 
lll-V  semiconductors  and  have  recently  been  used  in  contacts  to  GaN.  There  is  particular  in¬ 
terest  in  these  metals  because  of  their  high  work  functions  and  the  anticipated  dependence  of 
the  Schottky  barrier  height  on  the  work  function  of  the  metal  [1 2,  1 3].  These  Metal-Ga-N  sys¬ 
tems  are  characterized  the  absence  of  reported  metal  nitrides  that  are  equilibrium  phases  un- 
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der  typical  processing  conditions  for  contacts.  However,  these  metals  form  many  metal  gal- 
lides,  some  of  which  have  been  demonstrated  to  have  desirable  properties  for  use  in  contacts 
to  other  lll-V  semiconductors  [14].  No  ternary  phases  have  been  reported  in  these  systems, 
and  attempts  to  synthesize  ternary  phases  in  the  Ni-Ga-N  system  met  with  failure  [15]. 

Phase  equilibria  in  these  systems  has  been  estimated  and  found  to  vary  with  temperature  [5]; 
however,  the  distinguishing  characteristic  of  these  diagrams  is  the  presence  of  tie-lines  be¬ 
tween  the  metal  gallides  and  GaN,  with  no  tie-line  between  the  metal  and  GaN  at  elevated 
temperatures.  In  contrast  to  the  early  transition  metals  on  GaN,  loss  rather  than  incorpora¬ 
tion  of  nitrogen  from  the  environment  is  expected  to  be  important  for  the  late  transition 
metal  contacts  to  GaN. 


N2  (1  atm) 


(a) 


N2  (lO'^atm) 


(b) 


Figure  4.  Calculated  Ni-Ga-N  diagram  at  600  °C.  The  nitrogen  corner  of  the  diagram  rep¬ 
resents  (a)  Nj  at  I  atm  and  (b)  10’^  atm  pressure. 

The  Ni-Ga-N  diagram  has  been  calculated  at  600  °C  [5]  using  experimentally  determined 
thermodynamic  data  for  the  Ni-Ga  binary  system  at  600  °C  from  [16]  and  data  for  GaN  from 
Karpinski  and  Porowski  [IT].  At  600  °C,  a  tie-triangle  between  NiGa,  GaN,  and  gas  at  I 
atm  is  predicted,  as  shown  in  Fig.  4a.  Assuming  that  the  Ni  contact  is  much  thinner  than  the 
underlying  GaN,  the  phase  diagram  predicts  that  Ni/GaN  is  favored  to  react  until  the  entire 
contact  is  ultimately  converted  to  NiGa/GaN  under  I  atm  of  N^.  Nitrogen  gas  would  be  re¬ 
leased  during  this  reaction,  even  in  an  annealing  environment  of  I  atm  N^.  If  the  Nj  partial 
pressure  in  the  annealing  environment  is  reduced  to  10'^  atm,  however,  the  phase  diagram 
should  be  redrawn  for  a  Nj  pressure  of  10'^  atm  at  the  top  corner.  NiGa  is  no  longer  in  equi¬ 
librium  with  GaN  under  the  reduced  Nj  partial  pressure,  and  a  tie-triangle  is  found  between 
NijGaj,  GaN,  and  Nj  gas  at  10'^  atm.  This  diagram  is  shown  in  Fig.  4b.  In  this  case,  the  reaction 
would  be  driven  further  due  to  the  lower  Nj  partial  pressure,  and  thermodynamic  equilibrium 
would  not  be  achieved  until  all  of  the  Ni  contact  was  converted  to  NijGaj.  A  further  decrease 
in  the  Nj  partial  pressure  to  2  x  10'*  atm  places  a  tie-triangle  between  the  gas  phase,  GaN,  and 
liquid  Ga  with  5  atomic  %  Ni  dissolved  in  it.  For  comparison,  GaN  in  the  absence  of  Ni  is  not 
expected  to  decompose  until  the  Nj  partial  pressure  is  below  2  x  10'^  atm  at  600  °C,  based  on 
the  thermodynamic  data  for  GaN  from  Karpinski  and  Porowski  [IT].  It  is  important  to  note 
that  although  errors  in  the  experimentally  determined  thermodynamic  data  could  result  in  er¬ 
rors  in  the  predicted  tie-lines  in  the  Ni-Ga-N  diagrams,  the  trends  discussed  in  this  section 
should  be  preserved. 
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The  predictions  for  the  reaction  of  Ni/GaN  contacts  under  reduced  partial  pressures  of 
are  qualitatively  consistent  with  the  study  of  Nl  films  on  GaN  by  Bermudez  et  al.  [18],  who 
used  Auger  electron  spectroscopy,  electron  energy  loss  spectroscopy,  ultraviolet  photoemis¬ 
sion  spectroscopy,  and  low  energy  electron  diffraction  to  analyze  their  films  in  vacuum.  They 
observed  chemical  interaction  of  the  Ni  with  GaN  even  near  room  temperature,  as  well  as 
desorption  of  nitrogen  from  the  film  surface  accompanied  by  extensive  intermixing  of  Ni  and 
Ga  at  600  °C. 

CONCLUSIONS 

From  estimated  Metal-Ga-N  phase  diagrams,  trends  in  the  equilibrium  reaction  products  of 
Metal/GaN  contacts  are  predicted  based  on  the  position  of  the  metal  in  the  periodic  table.  For 
the  early  transition  metals,  MN  phases  are  predicted  to  be  in  thermodynamic  equilibrium  with 
GaN,  and  their  stability  influences  the  interaction  of  early  transition  metal  contacts  with  the 
annealing  environment  There  is  a  strong  driving  force  for  these  metals  to  be  nitrided  under 
I  atm  Nj  gas,  and  for  Ti/GaN  contacts,  this  reaction  is  observed  to  compete  with  the  reaction 
at  the  non-equilibrium  Ti/GaN  interface.  Some  of  the  transition  metals  in  the  middle  of  the 
periodic  table  (Re  and  W)  are  predicted  to  be  in  thermodynamic  equilibrium  with  GaN,  even 
at  elevated  temperatures,  consistent  our  experimental  investigation  of  annealed  Re/GaN  con¬ 
tacts.  For  the  late  transition  metals,  particularly  the  near  noble  transition  metals,  loss  of  ni¬ 
trogen  to  the  annealing  environment  becomes  an  important  issue,  and  the  reaction  products 
of  these  annealed  Metal/GaN  contacts  are  predicted  to  be  metal  gallides  and  gas. 
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ABSTRACT 

We  present  calculations  of  the  specific  contact  resistance  for  metals  to  GaN.  Our 
calculations  include  a  correct  determination  of  the  Fermi  level  taking  into  account  the  effect  of  the 
degenerate  doping  levels,  required  in  creating  tunneling  ohmic  contacts.  Using  a  recently 
reported  improved  WKB  approximation  suitable  in  representing  the  depletion  width  at  the  metal- 
semiconductor  interface,  and  a  two  band  k*p  model  for  the  effective  masses,  specific  contact 
resistance  was  determined  as  a  function  of  doping  concentration.  The  specific  contact  resistance 
was  calculated  using  the  best  data  available  for  barrier  heights,  effective  masses  and  dielectric 
coefficients  for  GaN.  Because  the  barrier  height  at  the  metal-semiconductor  interface  has  a  very 
large  effect  on  the  contact  resistance  and  the  available  data  is  sketchy  or  uncertain,  the  effect  of 
varying  the  barrier  height  on  the  calculated  specific  contact  resistance  was  investigated.  Further, 
since  the  III-V  nitrides  are  being  considered  for  high  temperature  device  applications,  the  specific 
contact  resistance  was  also  determined  as  a  function  of  temperature. 


INTRODUCTION 

The  III-V  nitrides  are  promising  materials  for  short  wavelength  light  emitting  diodes 
(LED’s)  and  semiconductor  lasers  because  of  their  wide  direct  band  gaps,  ranging  from 
Eg  =  1.97  eV  for  InN  [1] ,  Eg  ==  3.45  eV  for  GaN  [2],  to  Eg  =  6.03  eV  for  AIN  [1],  In  this  paper 
we  calculate  Fermi  levels,  specific  contact  resistance  and  related  parameters  useful  in  modeling  for 
device  applications.  The  data  presented  is  restricted  to  GaN  due  to  its  being  the  most  studied  of 
the  III-V  nitrides,  and  space  restrictions.  In  order  to  account  for  all  possible  doping  levels,  we 
calculated  Fermi  levels  of  GaN  with  a  method  valid  for  both  non  degenerate  doping  and 
degenerate  doping,  which  is  then  used  in  the  determination  of  specific  contact  resistance  for 
assumed  barrier  heights.  The  results  are  general  and  therefore  a  helpful  reference  for  both 
theoretical  and  experimental  researchers  working  on  GaN. 


FERMI  LEVELS 

The  fundamental  relationship  used  to  calculate  the  Fermi  level  is  the  charge  neutrality 
equation.  [3] 

p-n  +  N'^-N~-(i  (1) 

in  which  the  usual  notation  is  used.  For  the  degenerate  doping  levels  the  full  half-order  Fermi 
integral  should  be  used  in  solving  Eq.  (1)  for  the  Fermi  level,  viz., 


^1/2(7) 


exp(x  -  77) 


-dx 


(2) 


with  !  kT',  rfy -{Ey  Ep.)/kT  .  (3) 

For  non-degenerate  doping  the  Fermi  integral  is  approximated  with  the  usual  Boltzmann 
approximation, 
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tt  =  F,/2(7)«exp(77) 


or  7  =  In  M 


for  (7<-3) 


(4) 


but  for  degenerate  doping,  a  correction  term^M),  due  to  Nilsson[4],  is  added  to  the  non¬ 
degenerate  expression  for  rj.  Nilsson’s  f(u)  covers  the  whole  range  of  doping  from  non¬ 
degenerate  to  degenerate  concentrations  and  is  given  by: 

/(a)  =  a[64  +  0.05524a(64  +  Va)]'''"  (5) 

Nilsson's  equation  is  used  in  our  calculation  of  Fermi  levels.  The  temperature  dependence  of  the 
bandgap  was  also  accounted  for,  [1],  for  both  Fermi  level  and  contact  resistance  calculations. 


CONTACT  RESISTANCE  MODEL 

Electrical  access  to  semiconductor  devices  is  gained  through  metal-semiconductor  (MS) 
ohmic  contacts,  the  resistance  of  which  must  be  small  so  that  the  power  dissipated  in  the  contact 
is  negligible  compared  with  the  semiconductor  junction  power.  So-called  ohmic  contacts  are  in 
reality  tunneling  Schottky  contacts  with  near  linear  IV  characteristics. 

The  behavior  of  an  electron  transported  across  the  potential  barrier  is  described  by  a  wave 
fimction  which  can  be  numerically  determined  with  the  Schrodinger  equation 


dx 


1  d^if(x) 
tn(x)  dx 


+  ^[E-qV(xj\^^(x)  =  0 


(6) 


in  which  mix)  and  E  are  the  effective  mass  and  energy  of  the  electron  crossing  the  MS  barrier. 

In  a  one  band  model,  m(x)  is  a  constant,  m*  (estimated);  but  for  a  more  realistic  two  band 
model  [7] 


m{x)  = 


E+E-V{x) 


with  /w(o)  =  OT* 


(7) 


mQ  is  a  constant  (called  the  tunneling  mass),  and  Eg  is  the  band  gap  of  the  semiconductor, 

Many  authors  use  the  WKB  approximation  to  calculate  the  tunneling  probability. 
However,  the  conventional  WKB  method  is  not  appropriate  for  potentials  with  an  abrupt 
discontinuity,  which  is  characteristic  of  a  metal-semiconductor  interface.  Furthermore,  incident 
particles  with  energies  greater  than  the  barrier  peak  energy  are  treated  as  if  emitted  over  the 
barrier  unimpeded  by  quantum  mechanical  reflection,  resulting  in  large  errors  in  the  calculated 
transmission  coefficient. 

An  improved  WKB  method  reported  by  Betser  et.  al.,  [8]  which  is  applicable  above, 
below,  and  near  the  potential  peak,  gives  the  tunneling  probability  valid  in  all  regions  of  the 
barrier. 

This  improved  WKB  calculation  yields  a  result  which  is  indistinguishable  from  a  numerical 
integration  of  the  Schrodinger  equation,  and  therefore  is  chosen  in  our  calculation  for  its 
accuracy  and  simplicity. 

The  contact  resistance  was  determined  by  taking  the  derivative  of  the  total  current  density 
which  flows  between  the  metal  and  semiconductor  [9]. 
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J= 


AnqmJcT 


T{E)\n 


1  +  exp 


m 


and  thus  the  specific  contact  resistance,  r^,  is  expressed  as[10] 

T{E) 


1  _ 

_  ATrni^q^ 

_dy\ 

gl  +  expl 


E-E, 

kT 


-dE 


(8) 


(9) 


In  both  equations,  Ep^=Ep-  E^  is  the  difference  between  the  Fermi  level  and  the  conduction  band 
edge. 


RESULTS  AND  DISCUSSION 

With  the  methods  discussed  earlier,  we  calculated  the  Fermi  levels  of  GaN  as  a  function  of 
temperature  in  the  range  10  to  lOOOK  and  doping  concentration  in  the  range  10^'^  to  10^1  cm”^, 
to  cover  possible  working  temperatures  and  impurity  concentrations  for  contact  fabrication  and 
device  applications.  These  calculations  indicate,  that  for  n-type  GaN  the  material  becomes 
degenerate  if  the  impurity  concentration  is  higher  than  10 18  cm“3  at  300K.  While  for  p-GaN, 
degeneracy  requires  a  higher  doping  concentration,  which  is  close  to  10^^  cm~^.  These 
differences  reflect  the  difference  in  effective  masses  of  electrons  and  holes  in  GaN.  Parameters 
used  in  the  calculation  were  nin  =  0.2mo,  rrip  =  l.Onio,  Ss  =  9.28o  [1],  [1 1],  [14]. 

The  improved  WKB  method  was  used  to  calculate  the  transmission  probability  and 
contact  resistance  using  the  Fermi  level  results  discussed  above.  The  results  for  both  the  one  band 
model  and  two  band  model  were  compared,  indicating  that  the  resistance  calculated  for  the  one 
band  model  is  consistently  larger,  by  up  to  a  factor  of  2,  compared  to  the  two  band  model.  In 
the  following  discussion,  we  will  consider  the  two  band  model  only. 

Reliable  barrier  height  information  is  not  available  for  the  III-V  nitrides  consequently  we 
used  the  observed  barrier  height  distributions  for  the  usual  III-V  materials  as  a  guide.  It  is 
observed  that  barrier  heights  in  these  materials  are  clustered  around  Ejj  =  ^^^E^  for  one  doping 
type  leading  to  Efj  =  2/3  Eg  for  the  other  polarity.  For  completeness,  a  barrier  height  equal  to 
one  half  the  bandgap  was  also  chosen.  The  results,  shown  in  Figs.  1  and  2,  verify  that  the  contact 
resistance  depends  dramatically  on  barrier  height  in  these  wide  band-gap  materials. 

For  the  high  barrier  heights  used  for  GaN,  it  is  difficult  to  make  the  contact  ohmic  even  at 
a  doping  concentration  as  high  as  10^0  cm~3  for  both  p-  and  n-type  materials  as  indicated  in 
Figs.  1  and  2.  With  decreasing  doping  concentration,  contact  resistance  increases  drastically  and 
is  definitely  non-ohmic  for  the  doping  lower  than  about  10^8  cm"^  for  every  barrier  height  value 
used  for  GaN. 

We  also  compared  the  temperature  dependence  of  contact  resistance  for  n-  and  p-type 
GaN.  Results  are  normalized  to  the  resistance  value  at  300K  as  shown  in  Figs.  3  and  4.  It  is 
easily  seen  that  the  resistance  drops  as  temperature  increases  due  to  the  increasing  contribution 
from  thermionic  emission.  Changes  in  effective  mass  with  temperature  and  doping  were  not 
considered.  The  temperature  dependence  of  the  contact  resistance  is  also  critically  dependent  on 
the  doping  concentration.  The  higher  the  doping  concentration,  the  less  dependent  the  contact 
resistance  is  on  the  temperature  as  the  tunneling  probability  increases  and  becomes  less 
temperature  sensitive.  At  the  other  end  of  the  temperature  scale,  however,  the  contact  resistance 
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Contact  Resistance  of  n-GaN  Contact  Resistance  of  p-GaN 
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3  Contact  resistance  of  n-GaN  normalized  to  the  Fig.  4  Contact  resistance  of  p-GaN  normalized  to  the 

values  at  300K  for  three  different  doping  concentrations.  values  at  300K  for  three  different  doping  concentrations. 

Two  band  model  is  used  and  barrier  height  is  taken  to  Two  band  model  is  used  and  barrier  height  is  taken  to 

be  1.7  eV.  be  1.7  eV. 


Contact  Resistance  of  n-GaN 


would  increase  greatly  as  the  temperature  decreases  toward  0°K,  no  matter  what  value  the  doping 
concentration  is. 

CONCLUSION 

We  have  calculated  the  Fermi  levels  for  p  an  n-type  GaN  with  degenerate  and  non¬ 
degenerate  doping.  The  Fermi  levels  were  then  used  to  calculate  the  specific  contact  resistance, 
of  contacts  to  both  materials.  The  dependence  of  contact  resistance  on  doping  concentration, 
barrier  height  and  temperature  were  also  obtained  and  shown  graphically.  The  calculated  contact 
resistance,  r^,  will  undoubtedly  change  with  improved  data  for  the  effective  mass  and  barrier 
height.  Improved  data  for  the  barrier  height  of  metals  on  the  nitrides,  Eb,  effective  masses,  w* 
and  dielectric  constants,  Ss,  are  needed.  Changes  in  effective  mass  change  the  location  of  the 
intrinsic  energy  with  respect  to  the  conduction  and  valence  band  edges  but  have  very  little  effect 
on  the  Fermi  energy.  However,  large  changes  can  be  expected  for  calculated  values  of  the 
contact  resistance  r^,  because  the  tunneling  probability  is  very  sensitive  to  the  magnitude  of  the 
tunneling  effective  mass,  the  dielectric  coefficient  and  the  barrier  height.  This  can  be  seen  in  the 
Padovani  and  Stratton  model  [5]  for  heavily  doped,  tunneling  MS  interfaces  which  predicts  that 
the  contact  resistance  will  vary  according  to 

r,  oc exp(E,  •  ^m^zjN)  (10) 

where  iV  is  the  number  of  ionized  donors  or  acceptors.  Low  resistance  ohmic  contacts  to  the  wide 
band-gap  III-V  nitrides  will  be  difficult  to  fabricate  and  may  require  compositional  grading  [12]  as 
described  by  Woodall  et  al,  or  tunneling  superlattice  contacts  as  described  by  Lin  et  al  [13]. 
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Abstract 

We  report  on  ohmic  contacts  to  Si-implanted  and  un-implanted  n-type  GaN  on  sapphire. 
A  ring  shaped  contact  design  avoids  the  need  to  isolate  the  contact  structures  by  additional 
implantation  or  etching.  Metal  layers  of  A1  and  Ti/Al  were  investigated.  On  un-implanted  GaN, 
post  metalization  annealing  was  performed  in  an  RTA  for  30  seconds  in  N2  at  temperatures  of 
700,  800,  and  900“C,  A  minimum  specific  contact  resistance  (rc)  of  1.4x10'^  Q-cm^  was 
measured  for  Ti/Al  at  an  annealing  temperature  of  SOOT.  Although  these  values  are  reasonably 
low,  variations  of  95%  in  specific  contact  resistance  were  measured  within  a  500  |j.m  distance  on 
the  wafer.  These  results  are  most  likely  caused  by  the  presence  of  compensating  hydrogen. 
Specific  contact  resistance  variation  was  reduced  from  95%  to  10%  by  annealing  at  900°C  prior 
to  metalization.  On  Si-implanted  GaN,  un-annealed  ohmic  contacts  were  formed  with  Ti/Al 
metalization.  The  implant  activation  anneal  of  1 120"C  generates  nitrogen  vacancies  that  leave  the 
surface  heavily  n-type,  which  makes  un-annealed  ohmic  contacts  with  low  contact  resistivity 
possible. 

Introduction 

Obtaining  stable,  low  resistance  ohmic  contacts  is  essential  for  the  fabrication  of  most 
practical  semiconductor  devices.  For  GaN  and  other  highly  ionic  semiconductors,  evidence 
suggests  that  contact  barrier  heights  depend  directly  on  the  difference  between  the  work  function 
of  the  metal  and  the  electron  affinity  of  the  semiconductor  [1].  Consequently,  of  the  common 
metals  used  in  semiconductor  processing,  we  expect  A1  and  Ti  to  form  ohmic  contacts  to  n-type 
GaN  fairly  easily  due  to  their  relatively  small  work  functions  [2,3].  The  quality  of  ohmic  contacts, 
however,  will  be  greatly  influenced  by  the  condition  of  the  semiconductor  surface  prior  to 
metalization  as  well  as  heat  treatment  of  the  material  after  the  contacts  have  been  formed.  In  this 
paper  we  present  the  results  of  our  investigations  of  the  formation  of  ohmic  contacts  to  Si- 
implanted  and  un-implanted  n-type  GaN.  Surface  preparation,  pre-metalization  and  post- 
metalization  treatments  are  discussed. 

Experiment 

Annealed  Ohmic  Contacts  to  Undoped  GaN 

Metal  was  deposited  by  evaporation  at  5x10'^- 10"^  Torr.  Ring  shaped  contacts  were  then 
formed  using  a  photolithography  and  liftoff  process.  The  ring  shaped  contact  design  avoids  the 
need  to  isolate  the  contact  structures  by  additional  implantation  or  etching.  For  a  large  ring  to 
gap-spacing  ratio,  the  ring  contact  geometry  reduces  to  the  standard  transmission  line  model 
(TLM)  structure  [4].  For  practical  ring  radii  (200  pm)  and  spacings  (5-45  pm),  though,  small, 
geometrical  correction  factors  are  necessary  to  compensate  for  the  difference  between  the  TLM 
and  ring  layouts. 


855 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®  1996  Materials  Research  Society 


Our  studies  indicate  that,  while  A1  forms  an  ohmic  contact  to  undoped  n-type  GaN,  the 
specific  contact  resistance  for  this  metalization  is  very  high.  This  is  probably  due  to  the  presence 
of  an  oxide  layer  on  the  GaN  surface  which  reacts  with  the  A1  to  form  insulating  AI2O3. 
Furthermore,  A1  on  GaN  ‘balls’  or  forms  into  puddles  when  annealed  at  temperatures  above  the 
melting  pointing  of  A1  (660°C)  requiring  the  presence  of  either  a  ‘wetting’  metalization  below  or  a 
‘capping’  metalization  above  the  Al.  Consequently,  contacts  of  A1  only  to  GaN  are  undesirable. 

Metal  layers  of  Ti/Al  deposited  on  4  pm  thick  undoped,  n-type  GaN  [5]  were  also 
investigated  with  Ti  thicknesses  of  150,  300,  and  500  A  covered  with  2000  A  of  Al.  Ohmic 
contacts  to  undoped  n-type  GaN  are  obtained  with  each  of  the  above  Ti/Al  metalizations  after 
rapid  thermal  annealing  ^TA).  As-deposited  metal  contacts  exhibited  Schottky  behavior  or 
extremely  large  contact  resistance.  Heat  treatment  was  performed  in  a  RTA  system  for  30 
seconds  in  N2  at  temperatures  of  700,  800,  and  900®C.  Lower  temperatures  were  investigated, 
but  gave  rc  results  that  were  generally  inferior.  The  specific  contact  resistance  varies  with 
annealing  temperature  as  indicated  in  Fig.  1  below.  A  minimum  specific  contact  resistance  of  1 .4 
X  10"^  Q-cm^  is  reached  with  the  300  A  Ti  metalization  at  an  annealing  temperature  of  800‘’C. 
From  our  study,  the  optimum  titanium  thickness  is  300  A.  We  do  not  observe  any  significant 
alloying  of  the  annealed  Ti/Al  metalization  into  the  GaN  as  measured  by  surface  profilometry  after 
stripping  of  the  metalization  in  HF  and  H2SO4. 
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Figure  1.  Specific  Contact  Resistance,  fc,  vs.  Anneal  Temp  for  three  different  Ti  thicknesses  in  a  Ti/Al 
metalization  on  GaN.  The  Al  thickness  is  2000A.  The  optimum  Ti  thickness  is  300A  and  the  optimum 
anneal  temperatme  is  800°C. 


Variation  in  specific  contact  resistance  across  samples  is  observed  for  all  of  the 
metalizations  examined.  Typical  TLM  data  that  we  obtained  is  shown  in  Fig.  2.  In  this  figure,  the 
data  denoted  by  circles  was  taken  from  a  site  adjacent  to  the  site  designated  by  squares.  The 
sheet  resistances  (Rgh),  which  are  found  from  the  slopes  of  the  lines  through  the  data,  are  the  same 
for  both  sites,  but  the  contact  resistances,  which  are  found  from  the  intercepts,  differ  significantly. 
The  contact  resistance  is  indicative  of  properties  of  the  surface,  whereas  the  sheet  resistance  is  a 
characteristic  of  the  bulk  semiconductor.  Although  it  is  not  immediately  obvious  why  the  surface 
electrical  properties  should  vary  so  dramatically,  any  variation  at  the  surface  will  probably  not  be 
reflected  by  sheet  resistance  measurements  due  to  the  thick  GaN  layer  (4  |im).  Donor- 
compensating  hydrogen  in  the  GaN  [6]  and  inadequate  pre-metalization  surface  treatment  are  two 
conditions  that  could  have  an  adverse  effect  on  the  GaN  surface.  Since  improvement  in  the 
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contact  resistance  is  observed  using  a  NtijOH.DI  pre-metalization  dip,  our  surface  treatment  is 
probably  sufficient.  This  fact  leaves  hydrogen  as  the  probable  cause  of  the  non-uniformity;  a 
conclusion  supported  by  the  noticeable  drop  in  sheet  resistance  after  further  annealing  at  800“C. 
In  his  studies  of  p-type  GaN  grown  by  MOCVD,  Nakamura  [7]  found  that  20  min.  anneals  in 
nitrogen  at  temperatures  above  500“C  were  effective  in  driving  out  H2  and  improving  the 
conductivity  (sheet  resistance)  of  GaN.  It  is  reasonable  to  assume  that  since  the  annealing  time 
used  in  our  work  is  only  30  sec.  that  a  higher  temperature  would  be  needed  to  drive  out  the 
hydrogen. 

The  reason  for  the  drop  in  contact  resistance  as  the  anneal  temperature  is  increased  from 
700  to  800"C  is  not  certain.  Titanium,  which  is  known  to  getter  hydrogen  [8],  could  be  acting  as 
a  catalyst  in  the  removal  of  H2,  which  would  in  turn  increase  the  electron  concentration  at  the 
surface  and  reduce  the  contact  resistance.  Alternatively,  rc  could  be  decreasing  due  to  a  deeper 
alloy  of  the  Ti/Al  metalization  into  the  semiconductor. 


Figure  2.  Resistance  between  ring-shaped 
contacts  as  a  function  of  the  gap  between 
contacts.  Variation  in  the  contact  resistance 
can  be  seen  from  the  y-axis  intercepts  and 
slopes  of  the  fitted  lines,  respectively. 


Figure  3.  The  resistance  between  contacts  vs. 
the  spacing  for  GaN  sample  pre-annealed  at 
900°C  for  30  sec.  before  Ti/Al  metalization. 
The  improvement  in  uniformity  can  been  seen 
by  the  fact  that  the  various  gap  spacings  fall 
on  the  same  line. 


Due  to  the  belief  that  hydrogen  is  present  in  the  material,  we  decided  to  investigate  the 
influence  of  high  temperature  annealing  of  the  wafer  prior  to  metal  evaporation.  At  the  very  least, 
this  technique  should  liberate  hydrogen  near  the  surface  and  increase  the  conductivity  in  that 
region.  Without  the  anneal,  it  is  possible  that  the  contact  metalization  itself  may  trap  the 
hydrogen  in  the  GaN.  The  results  of  our  pre-metalizations  aimeal  study  are  shown  in  Fig.  3. 
Both  the  uniformity  of  the  specific  contact  resistance  across  the  sample  and  the  curve  fit  to  the 
data  are  significantly  improved  by  pre-annealing  the  GaN  piece  at  900‘’C  in  flowing  nitrogen.  This 
supports  our  theory  that  hydrogen  compensation  can  influence  ohmic  contact  formation  in 
undoped  GaN.  Secondary  ion  mass  spectroscopy  (SIMS)  analysis  of  our  GaN  material  was 
performed  to  determine  the  hydrogen  concentration.  However,  the  hydrogen  concentration  that 
we  expect  to  be  present  in  the  material  (about  10^^  cm'^  or  lower)  is  extremely  difficult  to  detect 
by  this  or  any  other  technique  and  the  results  were  inconclusive. 
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In  subsequent  Ti/Al  contact  experiments  on  other  GaN  wafers,  we  have  found  that  high 
temperature  annealing  does  not  always  prevent  sheet  resistance  or  contact  resistance  non¬ 
uniformities  in  undoped  GaN.  Variations  in  the  material  thickness  or  defect  concentration  could 
also  be  affecting  the  ohmic  contact  results.  Nevertheless,  we  treat  the  pre-anneal  as  a  preliminary 
step  to  eliminate  unwanted  hydrogen  given  the  good  chance  that  it  is  present  in  MOCVD-grown 
GaN. 


Non-Annealed  Ohmic  Contacts  to  Si  Implanted  GaN 

To  obtain  more  control  over  the  electronic  properties  of  GaN,  as  opposed  to  relying  on 
the  reproducibility  of  unintentionally  doped  GaN,  silicon  donor  implantation  has  also  been 
studied.  In  addition,  the  implant  increases  the  electron  concentration  at  the  near  surface,  therefore 
improving  the  tunneling  process  involved  in  forming  an  ohmic  contact  to  n-type  GaN.  A  two-step 
implant  was  performed  with  doses  of  5x10^'*  cm'^  and  7.5x10*'*  cm'^  and  energies  of  40  and  100 
keV,  respectively  on  4  |j,m  thick  GaN  grown  on  both  a-plane  and  c-plane  sapphire.  This  double 
implant  is  intended  to  give  approximately  3x10*^  cm'^  donor  atom  concentration  through  the  first 
3500  A  of  the  material.  We  expect  about  10%  activation  of  the  Si  donors  given  previous  results 
on  implanted  EMCORE  material.  The  implant  activation  anneal  employed  a  temperature  of 
1 120‘’C  for  15  sec  in  flowing  N2. 

The  sheet  resistance  of  the  GaN  does  not  change  appreciably  after  the  implant  due  to  the 
thickness  of  the  epilayer  as  compared  to  the  implant  depth.  This  ratio  is  about  10:1.  Typical 
sheet  resistances  of  the  a-  and  c-plane  material  are  about  1500-2000  H/square  and  6000-7000 
Q/square,  respectively. 

Our  experiments  on  Si-implanted  material  show  that  un-annealed  Ti/Al  ohmic  contacts 
with  low  specific  contact  resistances  are  possible.  The  lowest  rc  that  we  obtained  for  un-annealed 
contacts  is  1.0  x  10'^  f2-cm^.  This  same  metalization  deposited  on  un-implanted  material  yields 
Schottky  or  rectifying  characteristics  when  annealing  is  not  used.  This  result  implies  that  the 
implantation  and/or  activation  anneal  process  leaves  the  top  surface  of  the  GaN  very  heavily  n- 
type.  To  determine  whether  the  Si  donors  or  the  1120°C  anneal  are  responsible  for  the  high 
electron  concentration  at  the  surface,  we  compared  the  contact  resistance  of  a  Ti/Al  contact  on  an 
un-annealed,  un-implanted  GaN  wafer  and  an  1120°C  annealed,  but  un-implanted  sample.  The 
non-alloyed  contact  on  the  un-annealed  sample  was  Schottky  as  usual,  but  the  non-alloyed 
contact  on  the  1120°C  wafer  was  ohmic  with  a  contact  resistance  of  1.3x10'^  f2-cm^  (see  Fig.  6, 
wafer  IlOA  result).  Clearly,  the  annealing  increases  the  electron  concentration  at  the  surface. 
The  most  probable  mechanism  is  through  desorption  of  nitrogen  [9]  fi'om  the  GaN  at  high 
temperature  leaving  nitrogen  vacancies  that  behave  as  donors  in  GaN  [10], 

After  the  1120°C  anneal  for  15  sec.  in  N2,  we  do  not  observe  Ga  puddled  on  the  surface 
either  optically  or  in  a  scanning  electron  microscope  (SEM).  If  any  Ga  were  left  on  the  surface, 
however,  the  contact  resistance  should  be  very  sensitive  to  the  surface  chemical  treatment  used 
before  metal  deposition.  A  wafer  clean  that  uses  a  corrosive  1 : 1  H2S04:H202  acid  etch  intended 
to  remove  Ga  left  on  the  surface  after  the  high  temperature  anneal  does  not  appear  to  change  the 
quality  of  the  ohmic  contact  significantly  as  shown  in  Figs.  4  and  5.  The  rc  results  shown  in  Fig.  4 
and  5  also  indicate  that  any  potential  oxide  left  by  the  anneal  is  better  removed  by  NH4OH  than  by 
HCl. 
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Figure  4.  The  specific  contact  resistance  of 
Ti/Al  non-alloyed  contacts  to  Si-implanted 
GaN  grown  on  a-plane  sapphire  (wafer  184a) 
as  a  fimction  of  wafer  clean  (acid-etch  or  no 
etch)  and  the  surface  treatment  (NH4OH  or 
HCl)  just  prior  to  placing  the  material  in  the 
metal  evaporator. 


Figure  5.  The  specific  contact  resistance  of 
Ti/Al  non-alloyed  contacts  to  Si-implanted 
GaN  grown  on  c-plane  sapphire  (wafer  184c) 
as  a  function  of  wafer  clean  (add-etch  or  no 
etch)  and  the  surface  treatment  (NH4OH  or 
HCl)  just  prior  to  placing  the  material  in  the 
metal  evaporator. 


Figure  6.  The  specific  contact  resistance  data  contained  in  Figs  4  and  5  compared  to  two  other  samples.  1  lOA  is 
un-implanted  and  annealed  at  1 120°C  prior  to  metalization  and  168c  is  Si  implanted  and  aimealed  at 
1120°C. 
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Conclusions 


Specific  contact  resistances  of  1.4  x  10'^  Q-cm^  have  been  obtained  for  a  300  A  Ti/2000  A  A1 
metalization  annealed  at  800°C  for  30  seconds  in  N2.  We  have  observed  that  pre-annealing  of 
undoped,  n-type  GaN  at  900®C  for  30  seconds  improves  the  uniformity  of  the  specific  contact 
resistance  across  the  material.  We  attribute  this  result  to  release  of  compensating  hydrogen 
during  the  high  temperature  pre-processing  anneal.  For  both  Si-implanted  and  un-implanted  GaN, 
annealing  at  1 120“C  in  flowing  N2  for  15  seconds  prior  to  processing  yields  ohmic  contacts  for  as- 
deposited  (un-annealed)  Ti/Al  metalizations.  This  result  is  explained  by  the  creation  of  nitrogen 
vacancies,  which  are  known  to  behave  as  donors,  at  the  surface  of  the  GaN.  For  p~type  MOCVD 
grown  III-N’s  where  a  high  temperature  anneal  is  commonly  used  to  drive  out  compensating 
hydrogen,  a  capping  film  may  be  necessary  to  avoid  compensation  of  acceptors  due  to  nitrogen 
vacancies  at  the  near  surface. 
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ABSTRACT 

Ohmic  contact  strategies  for  n-  and  p-type  GaN  have  been  investigated  electrically,  chemically,  and 
microstmcturally  using  transmission  line  measurements,  high-resolution  EELS  and  cross-sectional 
TEM,  respectively.  The  contributions  to  contact  performance  from  work  function  differences, 
carrier  concentrations,  annealing  treatments,  and  interface  metallurgy  have  been  examined.  The 
contact  materials  of  Ti,  TiN,  Au,  and  Au/Mg  were  deposited  via  electron  beam  evaporation;  A1  was 
deposited  via  thermal  evaporation.  As-deposited  A1  and  TiN  contacts  to  highly  doped  n-GaN  were 
ohmic,  with  room-temperature  specific  contact  resistivities  of  8.6x10-^  Q-cm^  and  2.5x10-^ 
Q-cm2  respectively.  The  Ti  contacts  developed  low-resistivity  ohmic  behavior  as  a  result  of 
annealing;  TiN  contacts  also  improved  with  further  heat  treatment.  For  p-GaN,  Au  became  ohmic 
with  annealing,  while  Au/Mg  contacts  were  ohmic  in  the  as-deposited  condition.  The  perform¬ 
ance,  structure,  and  composition  of  different  contact  schemes  varied  widely  from  system  to 
system.  An  integrated  analysis  of  the  results  of  this  study  is  presented  below  and  coupled  with  a 
discussion  of  the  most  appropriate  contact  systems  for  both  n-  and  p-type  GaN. 

INTRODUCTION 

The  majority  of  successful  ohmic  contact  systems  that  have  so  far  been  implemented  with  the 
more  conventional  compound  semiconductors  such  as  GaAs  and  InP  have  relied  upon  alloying 
(liquid-phase  reaction)  or  sintering  (solid-phase  reaction)  via  post-deposition  annealing  treatments, 
and/or  the  presence  of  high  carrier  concentrations  near  the  interface  [1-4].  Another  consideration 
involves  the  Schottky-Mott-Bardeen  (SMB)  model  of  semiconductor  interfaces  [5,6].  The  III-V 
nitride  compounds  are  more  ionically  bonded  than  their  phosphide  and  arsenide  counterparts,  as  a 
result  of  larger  electronegativity  differences  between  the  component  elements.  According  to  the 
observations  of  Kurtin  et  al.  [7],  this  fact  indicates  that  the  barrier  heights  of  contacts  to  the  nitrides 
should  be  more  dependent  on  the  contact  material  than  is  the  case  with  the  more  conventional  and 
more  covalent  semiconductors  such  as  Si,  GaAs,  InP,  SiC,  etc.  [8].  Such  behavior  has  indeed 
been  observed  for  the  metals  investigated  to  date  in  the  work  of  Foresi  and  Moustakas  [9,10], 
Hacke  et  al  [11,12],  Binari  et  al.  [13],  and  the  present  authors,  and  is  receiving  increasing 
attention. 

Contact  metals  and  processing  schemes  for  the  present  study  were  chosen  on  the  basis  of  the 
considerations  described  above.  Efforts  were  made  to  minimize  barrier  heights  through  work 
function  contributions,  and  to  increase  carrier  concentrations  at  the  contact  interfaces  through  met¬ 
allurgical  reaction  and  addition  of  dopant  impurities.  The  nitride-forming  metals  Al  and  Ti  were 
compared  as  contacts  to  n-GaN,  and  a  comparison  was  also  made  between  elemental  Ti  and  TiN  as 
a  contact  metal.  The  contact  metals  deposited  on  p-GaN  were  Au  and  a  Au/Mg/ Au  multilayer 
contact. 

EXPERIMENTAL 

The  substrates  used  for  Ill-nitride  film  growth  were  6H-SiC  wafers  supplied  by  Cree  Re¬ 
search,  Inc.  Two  growth  methods  have  been  used  for  the  deposition  of  III-N  films  for  these 
contacts  studies:  ECR  plasma-enhanced  gas-source  molecular  beam  epitaxy  (MBE)  and  metal- 
organic  vapor  phase  epitaxy  (MOVPE).  The  dopants  of  Ge  and  Si  were  introduced  via  MBE  and 
MOVPE  respectively  to  achieve  n-type  material.  The  p-type  GaN  described  here  was  grown  via 
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MBE,  using  Mg  as  the  acceptor  impurity  (p=lxlO^^  cm-^).  Dopant  levels  and  carrier  concen¬ 
trations  for  the  n-GaN  films  varied.  The  nitride  films  were  cleaned  with  a  50:50  HC1:H20  dip  and 
carefully  pulled  dry  from  the  solution,  prior  to  deposition  of  the  metals.  Any  remaining  cleaning 
solution  was  blown  dry  with  Nj.  Where  the  equipment  used  for  metallization  provided  the 
capability,  the  GaN  samples  were  also  thermally  desorbed  in  vacuum  at  700°C  for  15  min  prior  to 
metal  deposition. 

The  A1  layers  were  deposited  in  a  conventional  thermal  evaporator;  the  Ti,  Au  and  Au/Mg/Au 
layers  were  deposited  by  means  of  electron  beam  evaporation.  Titanium  nitride  was  grown  by 
means  of  ion  beam-assisted  deposition  (IB  AD),  using  electron  beam  evaporation  of  Ti  and  purified 
N2  activated  by  a  Kaufman-type  ion  gun.  Both  the  Ti  and  the  TiN  growth  were  performed  at  a 
substrate  temperature  of  350°C  and  a  deposition  rate  of  10-15  A/min.  All  other  metallizations  were 
performed  at  room  temperature.  After  deposition,  I-V  measurements  were  taken  using  tungsten 
probe  tips  and  an  HP  4145C  Semiconductor  Parameter  Analyzer.  Annealing  treatments  for  most 
of  the  samples  were  performed  in  a  flowing  N2  atmosphere  at  successively  higher  temperatures 
using  a  Heatpulse  410  rapid  thermal  annealing  (RTA)  furnace.  The  TLM  measurements  were 
taken  using  the  method  described  by  Reeves  and  Harrison  [14].  The  mathematical  assumptions 
and  pattern  geometry  inherent  in  this  model  yield  values  for  that  represent  an  upper  limit;  thus, 
the  measured  values  are  conservative  assessments  of  performance.  Analytical  and  high-resolution 
transmission  electron  microscopy  were  performed  on  the  contact-GaN  interfaces;  conditions  for  the 
study  were  reported  previously  [15]. 

RESULTS  AND  DISCUSSION 
A1  contacts  on  n-GaN 

Aluminum  contacts  (single  A1  layers  2500  A  thick)  deposited  on  Ge-doped  n-GaN 
(n=5xl0i9  cm-3)  were  ohmic  and  exhibited  low  contact  resistivity  in  the  as-deposited  condition. 
The  I-V  relationship  of  the  A1  contacts  on  Ge:GaN  was  completely  linear;  from  TLM  measure¬ 
ments,  the  contact  resistivity  at  room  temperature  was  found  to  be  8.6x10-^  i^-cm^.  These 
results  compare  very  favorably  with  those  reported  by  Foresi  and  Moustakas  [9,10],  and,  more 
recently,  Lin  et  al.  [16],  who  obtained  p^,  values  of  IxlO’^  O-cm^  and  approximately  1  ti-cm^ 
respectively.  In  both  cases,  the  carrier  concentration  of  the  unintentionally  doped  n-type  GaN  used 
was  -10*^  cm-3  However,  as  noted  above,  the  n-GaN  films  used  in  the  present  study  for  these  Al 
contact  measurements  were  highly  doped  and  thus  had  characteristics  favorable  for  low-resistivity 
contact  formation.  The  samples  were  annealed  at  200,  350,  450,  550,  and  650°C  for  3  min  at  each 
temperature;  TLM  measurements  were  performed  after  every  heat  treatment.  The  effect  of  this  heat 
treatment  on  the  contact  resistivity  is  plotted  in  Figure  1.  From  room  temperature  through  450°C, 
the  behavior  of  the  Al  contacts  was  essentially  unchanged  from  the  as-deposited  condition. 
However,  the  550°C  and  650°C  anneals  resulted  in  an  overall  increase  of  contact  resistivity, 
reaching  2x10-^  H  cm^  after  annealing  to  650°C. 

The  Al  film  as  initially  deposited  was  polycrystalline  with  quasi-columnar  growth,  which  was 
oriented  randomly  with  respect  to  the  GaN  surface.  Annealing  resulted  in  grain  growth  in  the  Al 
layer,  but  no  change  in  the  random  orientation  with  respect  to  the  GaN  lattice.  In  addition,  this 
analysis  also  revealed  that  a  new  phase  formed  at  the  Al/GaN  interface  as  a  result  of  heat  treatment. 
Cross-sectional  TEM  images  of  the  interface,  both  as-deposited  and  annealed  at  650°C  for  3  min, 
are  shown  in  Figure  2.  These  second  phase  particles  at  the  interface  consisted  of  Al  and  N;  they 
did  not  form  a  continuous  layer  and  ranged  in  size  from  about  50-800  A.  Smaller  particles  of  the 
same  phase  were  found  farther  into  the  Al  layer,  about  10-100  A  in  size.  The  appearance  of  this 
interfacial  phase  as  a  result  of  annealing  correlated  with  an  increase  in  contact  resistivity,  which 
suggests  the  formation  of  a  higher-resistivity  material  at  the  interface,  namely  AIN  [15]. 
Spectroscopic  analysis  via  EELS  revealed  the  presence  of  nitrogen  in  the  Al  layer,  but  no  appre¬ 
ciable  amounts  of  Ga.  Some  oxygen  was  also  found  in  the  Al  layer,  though  at  this  time  it  is  not 
clear  how  much  of  this  oxygen  originated  at  the  GaN  surface  prior  to  metal  deposition  and  how 
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much  of  it  was  incorporated  into  the  A1  film  during  thermal  evaporation  in  a  non-UHV  environ¬ 
ment. 


Figure  1.  Room-temperature  specific  contact 
resistivity,  p^.,  of  Al/n-GaN  contacts  as  a 
function  of  annealing  temperature. 


Ti  and  TiN  contacts  on  n-GaN 

The  as-deposited  Ti  contacts  on  Si- 
doped,  MOVPE-grown  n-GaN  (n=  1.2x1  O'* 
cm-*)  exhibited  rectifying  behavior  and  high 
resistance.  The  TiN  contacts  deposited  on 
GaN  of  two  different  carrier  concentrations 
(n=l .2x10'*  cm-*  and  n=7.4xl0'*  cm-*); 
were  ohmic  in  the  as-deposited  condition, 
though  the  higher-doped  samples  showed 
substantially  lower  resistance  in  current- 
voltage  measurements.  For  the  lower-doped 
n-GaN,  TLM  measurements  yielded  as- 
deposited  pj.  values  of  650  Gl-cm^.  The 
very  high  resistivities  in  the  as-deposited 
Ti/n-GaN  and  TiN/n-GaN  (n=1.2xl0i*  cm-*) 
contacts  decreased  sharply  in  response  to 
annealing,  as  shown  in  Figure  3.  After  the 
600°C  anneal,  the  Ti  contacts  lost  most  of 
their  rectifying  character  and  the  overall 
resistance  decreased  markedly.  With  sub¬ 
sequent  anneal  steps  through  900°C,  the  p^ 
of  both  contacts  dropped  substantially;  the 
TiN  contacts  reached  l.lxlO-^  H-cm^  and 


Figure  2.  High-resolution  TEM  images  of  an 
A1  /GaN  interface,  (a)  as-deposited;  (b)  an¬ 
nealed  at  650°C  for  3  min.  A  new  A1  and  N- 
containing  crystalline  phase  formed  at  the 
Al/GaN  interface  as  a  result  of  annealing. 
N.P.=new  phase. 


Figure  3.  Specific  contact  resistivity  p^.  of 
Ti/n-GaN  and  TiN/n-GaN  contacts  (n=: 
1.2x10'*  cm-*)  as  a  function  of  annealing 
temperature,  showing  substantial  decrease  in 
Pc  as  a  result  of  heat  treatment. 


the  Ti  contacts  reached  9.9x10  *  ^2■cm2.  The  TiN  contacts  on  the  more  highly  doped  GaN  (n= 
7.4x10'*  cm-*)  exhibited  low-p^  behavior  is  the  as-deposited  condition;  TLM  measurements 
revealed  a  low  room  temperature  specific  contact  resistivity  of  2.5x10-5  O-cm^.  In  contrast  to  the 
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TiN  contacts  on  the  lower-doped  GaN,  the  already  low-p^,  behavior  did  not  change  as  a  result  of 
annealing  treatment. 

TiN  is  metallic  in  electrical  behavior,  in  contrast  to  the  insulating  nitride  formed  by  Al.  Both 
AIN  and  TiN  have  highly  negative  free  energies  of  formation  and  are  therefore  thermodynamically 
favored.  As  described  in  the  preceding  section,  the  nitridation  of  Al  at  the  contact  interface  results 
in  increasing  resistivity.  By  comparison,  the  formation  of  metallic  TiN  at  the  contact  interface  is 
expected  to  improve  contact  characteristics;  a  substantial  decrease  in  as  a  function  of  annealing 
was  indeed  observed.  The  role  of  Ti  nitridation  in  the  formation  of  low-resistivityTi-containing 
contacts  to  n-GaN  has  been  discussed  by  Lin  et  al.  [16].  The  results  of  the  present  study  indicate 
that  high-temperature  annealing  benefits  both  Ti  and  TiN  contacts.  The  roles  played  by 
microstructural  changes  and  loss  of  N  from  the  GaN  at  high  temperatures  are  being  investigated  by 
means  of  cross-sectional,  high-resolution  TEM  analysis,  currently  underway. 


Au  contacts  on  Mg: GaN 

The  as-deposited  Au/p-GaN  contacts  were  rectifying.  They  exhibited  linearly  ohmic  I-V 
behavior  after  annealing  at  sufficiently  high  temperatures  (>650°C).  Annealing  at  800°C  for  10 
minutes,  after  earlier  anneals  at  lower  temperatures,  resulted  in  a  p,.  of  53  Q-cm^.  This  change  in 
contact  behavior,  shown  in  Figure  4(a),  was  associated  with  some  visible  roughening  of  the  Au 
surface,  indicative  of  interfacial  roughening,  and  noticeable  intermixing  of  the  metallic  elements  at 
the  interface  was  observed  in  Auger  depth-profiling  analysis.  Cross-sectional  microstructural 
characterization  by  means  of  TEM  revealed  that  the  Au  layer  (2500  A  thick)  was  polycrystalline 
as-deposited,  and  while  grain  growth  in  the  Au  film  occurred  during  annealing,  no  particular 
crystallographic  orientation  or  relationship  was  observed  between  the  Au  and  the  GaN. 


Figure  4.  (a)  I-V  behavior  of  Au/p-GaN  contacts  as  a  function  of  annealing  temperature,  showing 
transition  to  ohmic  behavior,  (b)  High-resolution  X-TEM  image  of  Au/GaN  interface, 
annealed  at  800°C  for  10  min,  showing  formation  of  amorphous  phase  as  a  result  of  high- 
temperature  annealing.  R.P.  =  reaction  product. 

High-resolution  images  showed  that  interfacial  reaction  did  indeed  occur  as  a  result  of  annealing  at 
high  temperature.  Figure  4(b)  shows  the  formation  of  an  amorphous  phase  at  the  annealed  Au- 
GaN  interface.  In  the  preparation  of  TEM  specimens,  it  was  observed  that  there  was  poor 
adhesion  of  the  Au  to  the  GaN  surface  in  both  the  as-deposited  and  annealed  conditions.  Some 
cavities  were  also  seen  at  the  interface,  which  almost  certainly  contributed  to  the  poor  adhesion. 
Spectroscopic  analysis  by  means  of  EELS  revealed  the  presence  of  nitrogen  throughout  the  Au 
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layer;  compositional  characterization  of  the  amorphous  regions  revealed  the  presence  of  Au,  Ga, 
and  N. 

Au/Mg/Au  contacts  on  p-GaN 

A  three-layer  Au/Mg/Au  (320  A/320  A/1700  A)  contact  system  was  deposited  on  Mg-doped 
GaN  by  means  of  electron  beam  evaporation.  In  contrast  to  the  Au  single-layer  contacts,  the 
Au/Mg/Au  contacts,  having  a  320  A  Au  layer  in  direct  contact  with  the  GaN  suiface  followed  by 
the  Mg  layer,  were  linearly  ohmic  in  the  as-deposited  condition.  Contact  resistivity  measurements 
yielded  a  room-temperature  p^.  of  214  tl-cm^.  This  behavior  remained  essentially  unchanged  after 
heat  treatments  of  575°C  and  650°C,  for  15  s  each.  After  further  annealing  at  725°C  for  15  s,  the 
contacts  became  substantially  more  resistive. 

As  was  observed  for  the  Au/p-GaN 
contact  samples,  there  was  poor  adhesion 
of  the  metal  layers  to  the  GaN  surface  in 
both  the  as-deposited  and  annealed  con¬ 
ditions.  However,  it  was  possible  to  ob¬ 
tain  some  TEM  images  of  the  contact 
interface.  Figure  5  shows  the  presence  of 
Mg  metal  in  direct  contact  with  the  GaN 
in  a  sample  annealed  at  725°C  for  15  s. 

In  the  as-deposited  contact,  the  initial 
320  A  Au  layer  was  found  to  be  con¬ 
tinuous,  thus  the  change  in  microstructure 
was  a  result  of  the  annealing  process. 

While  Mg  serves  as  an  acceptor  impurity 
in  GaN  and  thus  should  help  to  dope  the 
p-GaN  surface,  elemental  Mg  metal  has  a 
low  work  function  ((|)j^g=3.7  eV)  and  thus 
as  a  contact  metal  would  contribute  to  a 
higher  barrier  at  the  interface  in  com¬ 
parison  to  the  high  work  function  Au 
((1)^„=5.3  eV).  This  barrier  effect  is  be¬ 
lieved  to  be  the  cause  of  the  increase  in 
contact  resistance  as  a  result  of  annealing. 

CONCLUSIONS 

The  work  conducted  in  this  study  to  date  has  shown  that  it  is  possible  to  form  metal  contacts  with 
ohmic,  linear  I-V  behavior  to  both  n-type  and  p-type  GaN  films.  The  A1  contacts  on  highly  doped 
n-type  GaN  had  very  good  low-resistivity  characteristics  and  remained  stable  to  at  least  450°C.  At 
higher  temperatures,  the  of  the  A1  contacts  increased  as  a  result  of  interfacial  AIN  formation. 
Both  the  Ti  and  the  TiN  contacts  to  n-GaN  (n=1.2xl0i^  cm-^)  showed  substantial  drops  in  p^  as  a 
result  of  high-temperature  annealing,  while  TiN  on  more  highly  doped  GaN  (n=  7.4x10'*  cm'^) 
showed  thermally  stable,  low-p^.  behavior.  Gold  contacts  to  p-GaN  were  rectifying  in  the  as- 
deposited  condition,  and  became  linearly  ohmic  as  a  result  of  high-temperature  annealing,  A 
multilayered  Au/Mg/Au  contact  to  p-GaN  was  ohmic  in  the  as-deposited  condition.  However,  it 
increased  in  resistivity  as  a  result  of  heat  treatment.  Further  characterization  of  the  Ti  and  TiN 
contacts,  particularly  the  microstructural  information  obtained  from  cross-sectional  TEM  analysis, 
will  yield  greater  understanding  of  the  chemical  and  structural  contributions  to  low-p^  contact 
behavior.  Additional  investigation  of  the  addition  of  dopant  impurities  to  contact  metals  is 
recommended.  Further  progress  towards  the  goal  of  achieving  low-p^  performance  is  needed, 
especially  for  p-type  GaN. 


Figure  5.  High-resolution  TEM  image 
of  Au/Mg/Au/p-GaN  interface,  an¬ 
nealed  at  725°C  for  15  s,  showing  the 
presence  of  Mg  metal  in  direct  contact 
with  the  GaN  surface. 
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ABSTRACT 

AlGaN/GaInN  double  hetero structures  (DH)  were  fabricated  by  metalorganic  vapor  phase 
epitaxy  on  the  (OOOl)si  6H-SiC  substrate.  A  cleaved  edge  shows  a  very  flat  surface  with 
roughness  on  the  order  of  one  monolayer.  Stimulated  emission  and  laser  action  from  the  UV 
to  blue  region  was  observed  by  optica!  pumping  at  room  temperature  (RT).  The  threshold 
power  density  was  27KW/cm^  which  is  smaller  than  that  of  the  same  structure  grown  on  a 
sapphire  (0001)  substrate  by  a  factor  of  four.  A  AlGaN/GaInN  DH  UV  light  emitting  diode, 
using  undoped  GaInN  is  fabricated.  The  power  efficiency  and  spectra  width  of  this  LED  is 
comparable  or  superior  to  that  of  an  LED  having  the  same  structure  but  grown  on  sapphire. 


INTRODUCTION 

Special  attention  is  paid  to  the  group  III  nitrides  because  of  their  large  and  direct  band- 
gaps  ranging  from  1.9eV  to  6.2eV.  Applications  as  new  light  sources  and  detectors  in  the 
short  wavelength  region  are  expected.  Moreover,  they  are  promising  for  application  as 
high-power  microwave  devices  because  they  also  have  high-thermal  conductivity  and  large 
electron  saturation  velocity, 

Significant  pioneering  work  has  been  done  in  the  early  1970s  by  Maruska  and  Tietjen  [1], 
Pankove  [2],  and  Maruska  et  al.  [3]  on  the  crystal  growth,  the  characterization  of  basic 
properties,  and  the  fabrication  of  the  first  MIS-type  blue  light  emitting  diode  (LED)  of  GaN. 

However,  the  difficulty  in  growing  high-quality  films  due  to  the  lack  of  substrate  materials 
with  lattice  constant  and  thermal  expansion  coefficients  close  to  those  of  group  El  nitrides, 
and  the  difficulty  in  obtaining  p-type  films  have  long  prevented  their  use. 

In  1986,  we  succeeded  in  growing  high-quality  GaN  on  sapphire  substrate  by  metalorganic 
vapor  phase  epitaxy  (MOVPE)  using  a  low-temperature  deposited  AIN  buffer  layer  [4].  Low- 
temperature  deposited  GaN  buffer  layer  also  showed  similar  effect  [5].  In  1989,  p-type  GaN 
was  realized  for  the  first  time  by  low-energy  electron  beam  irradiation  (LEEBI)  treatment  of 
MOVPE-grown  Mg-doped  highly  resistive  film  [6].  P-type  GaN  has  also  been  obtained  by 
thermal  treatment  in  hydrogen-free  atmosphere  [7].  Hydrogen  passivation  of  the  doped  Mg  is 
proposed  [7-9]. 

Based  upon  the  above  mentioned  findings  together  with  the  use  of  alloys  to  control  the 
emission  wavelength  [10],  bright  blue  light  emitting  diodes  (LED)  composed  of  group  III 
nitrides  have  become  commercially  available  [11-14]. 

One  of  the  next  steps  may  be  the  realization  of  laser  diodes  (LD).  Dingle  et  al.  reported, 
for  the  first  time,  stimulated  emission  (SE)  and  laser  action  by  optical  pumping  from  a  GaN 
needle  crystal  at  4.2K  with  the  threshold  power  density  (Pth)  of  0.3MW/cm^  [15].  Cingolani  et 
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al.  reported  the  SE  from  a  GaN  needle  crystal  and  epitaxial  layers  at  up  to  120K  [16],  with  a 
Pth  of  about  3MW/cm^.  They  emphasized  the  origin  of  the  SE  is  electron  hole  plasma 
(EHP).  Some  of  the  present  authors  reported  the  first  room  temperature  SE  from 
epitaxial  GaN  film  grown  on  sapphire  using  an  AIN  buffer  layer  with  Pth  of  0.7MW/cm^ 
[17],  and  also  claimed  in  the  following  papers  that  Pth  can  be  reduced  by  using  the  double 
heterostructure  (DH)  for  optical  and  carrier  confinement  [18-21],  In  the  case  of  GaN  grown  on 
sapphire,  it  is  difficult  to  observe  mode  separation  of  the  Fabry-Perot  resonator  due  to  the 
difficulty  in  fabricating  resonator  mirrors  by  cleavage.  Yang  et  al.  [22]  reported  mode 
separation  in  SE  from  GaN  grown  on  sapphire.  They  made  the  resonator  mirrors  by  polishing. 
Very  recently,  Zubrilov  et  al.  [23]  used  6H-SiC(0001)si  as  the  substrate  ,  from  which,  it  is 
easy  to  make  edge  mirrors  by  cleavage,  and  observed  the  mode  separation.  Unfortunately,  Pth 
for  SE  is  higher  than  that  of  GaN  grown  on  sapphire. 

In  this  paper,  we  fabricate  a  group  HI  nitride  based  DH  for  the  reduction  of  Pth 
for  SE  and  characterize  the  properties  of  edge  mirrors.  We  also  fabricate  a  DH  LED  to 
characterize  the  performance  of  the  device  on  6H-SiC. 

EXPERIMENTS 

Figure  1  schematically  shows  the  structure  of  the  DH.  Mechanically  polished  6H- 
SiC(0001)si  is  used  as  the  substrate.  TMGa,TMAl  and  TMIn  were  used  as  the  organometallic 
source  gases,  while  the  NH3  was  used  as  the  nitrogen  source  gas,  respectively. 

At  first,  an  AIN  layer  about  0.  Ifxm  is  grown.  The  effects  of  the  AIN  buffer  layer  on  the 
growth  of  GaN  on  6H-SiC  (0001)  had  been  already  reported  by  T.W.Weeks,Jr.,  et  al.  [24] 
and  F.A.Ponce  et  al.  [25], 


Gai.yliiy  N:0<y<0.2 
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After  growing  undoped  GaN  layer  about  2p,ni  thick,  an  AlxGai-xN/Gai.ylnyN/AlxGai-xN 
DH  was  grown.  The  density  of  threading  dislocation  is  about  2  X  10® cm' ,  which  is 
comparable  structures  grown  using  an  AIN  buffer  layer  on  the  sapphire  substrate. 

Figure  2  shows  a  cross  sectional  transmission  electron  micrograph  of  the 
GaN/Gao.9lno.iN  double  heterostructure.  A  clear  and  flat  interface  between  GaN  and  GaInN 
can  be  observed.  Full  width  at  half  maximum  of  the  double  crystal  X-ray  rocking  curve  from 
(0002)  plane  of  GaN  grown  on  6H-SiC  is  about  116sec,  which  is  almost  the  same  as  that  of 
GaN  grown  on  sapphire. 


Fig.2  Cross  sectional  TEM  photograph  of  the  DH  grown  on  6H-SiC.  InN  molar  fraction  in 
GaInN  active  layer  is  0. 1 . 
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Fig.  3  AFM  image  of  the  cleaved  edge  of  GaN  grown  on  6H-SiC. 


Then  the  wafers  were  cut  into  narrow  bars.  The  width  of  the  bar  is  0.5  to  1.0mm.  Edge 
mirrors  were  made  by  cleavage.  The  cleaved  face  is  (1010)  for  both  group  HI  nitride  and 
6H-SiC.  Flatness  of  the  cleaved  edge  was  characterized  by  atomic  force  microscopy  (AFM). 
Figure  3  shows  the  AFM  image  of  the  cleaved  edge  of  the  GaN  layer  grown  on  6H-SiC.  The 
roughness  is  0.267nm  in  average.  Small  undulation  is  also  observed,  the  height  of  the  peak  to 
valley  is  3  monolayers  in  maximum.  From  this  result,  it  can  be  said  that  mirror  facet  is  achieved 
by  cleavage  in  case  of  6H-SiC  substrate. 

Optical  pumping  was  performed  at  room  temperature  using  pulsed  nitrogen  laser  with 
maximum  power  density  of  0.2MW/cm^  as  the  excitation  source.  Neutral  density  filters  were 
used  to  control  the  excitation  power  density.  Fig.4  shows  the  configuration  of  the 
measurement  of  SE. 
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Figure  5  schematically  shows  the  structure  of  the  DH  LED.  In  this  case,  a  Si-doped 
AJo.2Gao.8N  layer  was  used  as  the  intermediate  layer  between  the  6H-SiC  and  the  nitride,  thus 
making  an  electrical  connection  between  the  6H-SiC  and  the  nitride. 


Nitride  on 
6H-SiC 


Fig.4  Configuration  to  measure  the  lasing  characteristics  of  DH  on  6H-SiC 


Ti/Ni 

Fig  .  5  Structure  of  the  DH  LED. 
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Emission  Intensity  [arb.  units] 


RESULTS 


Figures  6(a)  and  (b)  show  the  spectra  from  the  cleaved  edge  of  the  DH  with  different 
InN  molar  fractions  in  the  active  layer  [26,27],  The  excitation  power  density  is  0.2MW/cm^ 
in  both  cases.  Strong  and  narrow  SE’s  are  observed  overlapped  with  the  wide  spontaneous 
emission.  Beam  divergence  is  veiy  roughly  20*^  X  40°  .  Mode  separation  is  also 
observed.  The  wavelength  difference  between  mode  is  about  0.03nm  and  0.02nm  for  fig.6  (a) 
and  fig. 6  (b),  respectively,  which  are  in  close  agreement  with  the  resonator  length  and  the 
refractive  indices  of  DH.  In  fig.6(a),  another  wide  mode  with  difference  of  about  0.5nm  is  also 
observed,  which  may  be  caused  by  resonation  between  cracks  [22], 


Wavelength  [nm] 


Wavelength  [nm] 


(a) 


(b) 


Fig.6  Spectra  of  SE  from  DH  with  low  InN  content  of  about  0.07(a),  and  medium 
InN  content  of  about  0. 1(b). 
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Figure  7  shows  the  dependence  of  the  emission  power  from  the  DH  of  fig. 4(a)  on  the 
excitation  power  density.  Mode  separation  as  shown  in  figs.6(a)  and  (b)  and  the  steep  rise  of 
the  emission  power  above  Pth  suggests  that  lasing  might  be  present  but  a  better  clarified  mode 
structure  and  a  study  of  the  far  field  pattern  would  be  needed  to  verify  lasing..  The  Pth  is 
27KW/cm^,  which  is  smaller  than  that  from  the  same  structure  grown  on  sapphire  (0001)  by  a 


Fig.  7  Intensity  of  total  photon  from  DH  as  a  function  of  excitation  power  density. 
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factor  of  four  [28],  The  corresponding  current  density  is  7.4KW/cm^,  which  is 
realizable  for  current  injection. 


370  375  380  385  390  395 

Wavelen^h  [nm] 


Fig.  8  EL  spectra  of  DH  LED  shown  in  fig.  5. 

Figure  8  shows  the  EL  spectrum  at  RT  from  DH  LED  shown  in  Fig,  5.  The  power 
efficiency  of  this  LED  is  2-3%,  which  is  comparable  to  those  of  LED  having  the  same  structure 
grown  on  sapphire.  The  spectrum  width  is  about  7nm,  which  is  close  to  or  narrower  than  that  of 
LED  grown  on  sapphire. 

CONCLUSION 

High-quality  group  HI  nitride  based  DH  can  be  grown  on  6H-SiC(0001),si  by  MOVPE 
using  AIN  intermediate  layer.  Very  low-threshold  stimulated  emission  and  laser  action  by 
optical  pumping  can  be  observed  at  room  temperature.  High  performance  DH  LED  is  also 
fabricated.  Therefore,  6H-SiC  is  promising  as  the  substrate  of  the  laser  diode  based  on  group 
in  nitride. 
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ABSTRACT 

InGaN  single-quantum-well-structure  (SQW)  light-emitting  diodes  (LEDs)  with  an 
emission  wavelength  between  violet  and  orange  were  fabricated.  The  maximum  on-axis 
luminous  intensity  of  green  LEDs  was  12  cd  and  the  external  quantum  efficiency  was  as  high  as 
6.3  %  at  a  forward  current  of  20  mA,  while  those  of  blue  LEDs  were  2  cd  and  9.1  %, 
respectively.  The  peak  wavelength  and  the  full  width  at  half-maximum  of  the  green  LEDs  were 
520  nm  and  30  nm,  respectively,  while  those  of  blue  LEDs  were  450  nm  and  20  nm, 
respectively.  The  color  of  green  InGaN  SQW  LEDs  was  greener  than  those  of  conventional 
GaP  and  AlInGaP  LEDs. 

INTRODUCTION 

Much  research  has  been  done  on  high-brightness  blue  light-emitting  diodes  (LEDs)  and 
laser  diodes  (LDs)  for  use  in  full-color  displays,  full-color  indicators  and  light  sources  for 
lamps  with  the  characteristics  of  high  efficiency,  high  reliability  and  high  speed.  For  these 
purposes,  E-VI  materials  such  as  ZnSe  [1],  SiC  [2]  and  HI-V  nitride  semiconductors  such  as 
GaN  [3]  have  been  investigated  intensively  for  a  long  time.  However,  it  was  impossible  to 
obtain  high-brighmess  blue  LEDs  with  brighmess  over  1  cd  and  reliable  LDs.  Recent  research 
on  III- V  nitrides  has  paved  the  way  for  the  realization  of  high-quality  crystals  of  GaN,  AlGaN 
and  GaInN,  and  of  p-type  conduction  in  GaN  and  AlGaN  [4].  High-brighmess  blue  LEDs  have 
been  fabricated  on  the  basis  of  these  results,  and  luminous  intensities  over  2  cd  have  been 
achieved  [5].  These  LEDs  are  now  commercially  available.  In  order  to  obtain  blue  and  blue- 
green  emission  centers  in  these  InGaN/AlGaN  double-heterostructure  (DH)  LEDs,  Zn  doping 
into  the  InGaN  active  layer  was  performed.  Although  these  InGaN/AlGaN  DH  LEDs  produced 
a  high-power  light  output  in  the  blue  and  blue-green  region  with  a  broad  emission  spectrum 
(full  width  at  half-maximum  (FWHM)=70nm),  green  or  yellow  LEDs  which  have  peak 
wavelengths  longer  than  500  nm  have  not  been  fabricated.  On  the  other  hand,  in  conventional 
green  GaP  LEDs,  the  external  quantum  efficiency  is  only  0.1  %  due  to  the  indirect  transition 
band-gap  material  and  the  peak  wavelength  is  555  nm  (yellowish  green)  [6].  As  another 
material  for  green  emission  devices,  AlInGaP  has  been  used.  The  present  performance  of  green 
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AUnGaP  LEDs  is  an  emission  wavelength  of  570  nm  (yellowish  green)  and  maximum  external 
quantum  efficiency  of  1%  [6].  When  the  emission  wavelength  is  reduced  to  the  green  region, 
the  external  quantum  efficiency  drops  sharply  because  the  band  structure  of  AlInGaP 
approaches  an  indirect  transition  band  structure.  Therefore,  high-brightness  pure  green  LEDs, 
which  have  high  efficiency  of  above  1  %  at  the  peak  wavelength  between  510-530  nm  with  a 
narrow  FWHM,  have  not  been  commercialized  yet.  Among  II- VI  materials,  ZnSSe-  and 
ZnCdSe-based  materials  have  been  intensively  studied  for  use  in  green  light-emitting  devices, 
and  much  progress  has  been  made  recently.  The  recent  performance  of  II- VI  green  LEDs  is  an 
output  power  of  1.3  mW,  external  quantum  efficiency  of  5.3  %  at  10  mA  and  peak  wavelength 
of  512  nm  [7].  However,  the  lifetime  of  H-VI-based  devices  is  still  short,  which  prevents  their 
commercialization  at  present. 

Recently,  high-brightness  single-quantum-well-structure  (SQW)  blue,  green  and  yellow 
InGaN  LEDs  with  luminous  intensity  above  10  cd  for  green  LEDs  have  been  achieved  and  now 
commercialized  [8,9].  Here,  recent  performance  of  m-V  nitride  based  SQW  LEDs  is  described. 

EXPERIMENT 

III-V  nitride  films  were  grown  by  the  two-flow  metalorganic  chemical  vapor  deposition 
(MOCVD)  method.  Details  of  the  two-flow  MOCVD  are  described  elsewhere  [10].  The  growth 
was  conducted  at  atmospheric  pressure.  Sapphire  with  (0001)  orientation  (C  face)  and  of  two- 
inch  diameter  was  used  as  a  substrate.  The  growth  conditions  of  each  layer  are  described 
elsewhere  [11]. 
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Fig.l.  Structure  of  a  blue  SQW  LED. 
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A  blue  LED  device  structure  (Fig.  1)  consists  of  a  300  A  GaN  buffer  layer  grown  at  a 
low  temperature  (550  “C),  a  4-|J.m- thick  layer  of  n-type  GaN:Si,  a  20-A-thick  active  layer  of 
undoped  Ino.2Gao.8N,  a  1000-A-thick  layer  of  p-type  Alo.2Gao.8N:Mg,  and  a  0.5-pm-thick 
layer  of  p-type  GaN:Mg.  The  active  region  forms  a  SQW  structure  consisting  of  a  20  A 
Ino.2Gao.8N  well  layer  sandwiched  by  4  pm  n-type  GaN  and  1000  A  p-type  Alo.2Gao.8N 
barrier  layers.  The  indium  mole  fraction  of  the  InGaN  active  layer  was  varied  between  0.05  and 
0.8  in  order  to  change  the  peak  wavelength  of  the  InGaN  SQW  LEDs  from  blue  to  orange. 
Fabrication  of  LED  chips  was  accomplished  as  follows.  The  surface  of  the  p-type  GaN  layer 
was  partially  etched  until  the  n-type  GaN  layer  was  exposed.  Next,  Ni/Au  contact  was 
evaporated  onto  the  p-type  GaN  layer  and  a  Ti/Al  contact  onto  the  n-type  GaN  layer.  Then  the 
wafer  was  cut  into  rectangles  (350  pm  x  350  pm).  These  chips  were  set  on  a  lead  frame,  and 
were  then  molded.  The  characteristics  of  LEDs  were  measured  under  direct  current  pC)-biased 
conditions  at  room  temperature. 

RESULTS  AND  DISCUSSION 


Fig.2.  Electroluminescence  of  (a)  blue,  (b)  green  and  (c)  orange  SQW  LEDs  at  a  forward 
current  of  20  mA. 
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Figure  2  shows  the  typical  EL  of  the  blue,  green  and  orange  SQW  LEDs  with  different 
indium  mole  fractions  of  the  InGaN  well  layer  at  a  forward  current  of  20  mA.  The  longest  peak 
wavelength  is  610  nm  (orange).  The  peak  wavelength  and  the  FWHM  of  the  typical  blue  SQW 
LEDs  are  450  nm  and  20  nm,  respectively,  those  of  green  SQW  LEDs  520  nm  and  30  nm, 
respectively,  and  those  of  orange  SQW  LEDs  610  nm  and  80  nm,  respectively.  When  the  peak 
wavelength  becomes  longer,  the  FWHM  of  the  EL  spectra  increases,  probably  due  to  the  strain 
between  well  and  bairier  layers  of  the  SQW  which  is  caused  by  the  mismatch  of  the  lattice  and 
the  thermal  expansion  coefficients  between  weU  and  barrier  layers. 


Forward  Current  (mA) 


Fig.3.  Output  power  of  (a)  blue,  (b)  green  and  (c)  orange  SQW  LEDs  as  a  function  of  forward 
current. 
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The  output  power  of  the  SQW  LEDs  is  shown  as  a  function  of  the  forward  current  in 
Fig.3.  The  output  power  of  the  blue  SQW  LEDs  slightly  increases  sublinearly  up  to  40  mA  as  a 
function  of  the  forward  current.  Above  60  mA,  the  output  power  almost  saturates,  probably 
due  to  the  generation  of  heat.  At  20  mA,  the  output  power  and  the  external  quantum  efficiency 
of  blue  SQW  LEDs  are  5  mW  and  9.1  %,  respectively,  which  are  much  higher  than  those  of 
InGaN/AlGaN  DH  LEDs  (3  mW  and  5.4  %).  Those  of  the  green  SQW  LEDs  are  3  mW  and 
6.3  %,  respectively,  and  those  of  orange  SQW  LEDs  are  0.5  mW  and  1.25  %,  respectively. 
The  output  power  of  green  and  orange  SQW  LEDs  is  relatively  small  in  comparison  with  that  of 
blue  SQW  LEDs,  probably  due  to  poor  crystal  quality  of  the  InGaN  well  layer  which  has  large 
lattice  mismatch  and  difference  in  thermal  expansion  coefficients  between  well  and  barrier 
layers.  The  maximum  on-axis  luminous  intensity  of  green  SQW  LEDs  with  10°  cone  viewing 
angle  is  12  cd  at  20  mA.  The  conventional  green  GaP  LED  with  a  peak  wavelength  of  555  nm 
has  an  output  power  of  0.04  mW  [6].  In  comparison,  the  output  power  of  green  AlInGaP 
LEDs  with  a  peak  wavelength  of  570  nm  is  0.4  mW.  Therefore,  the  output  power  of  green 
InGaN  SQW  LEDs  is  much  higher  than  that  of  conventional  yellowish  green  LEDs.  Also,  the 
luminous  intensity  of  InGaN  green  SQW  LEDs  (12  cd)  is  about  100  times  higher  than  that  of 
conventional  green  GaP  LEDs  (0.1  cd),  and  the  color  of  InGaN  SQW  LEDs  is  greener  than 
those  of  conventional  GaP  and  AlInGaP  LEDs.  A  typical  example  of  the  I-V  characteristics  of 
the  blue  SQW  LEDs  shows  that  the  forward  voltage  is  3.6  V  at  20  mA. 
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Fig.4.  External  quantum  efficiency  as  a  function  of  emission  wavelength  of  InGaN  SQW 
LEDs. 
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Figure  4  shows  the  external  quantum  efficiency  as  a  function  of  the  emission  wavelength 
of  InGaN  SQW  LEDs.  The  external  quantum  efficiency  of  the  SQW  LEDs  exceeds  10  %  at  the 
emission  wavelengths  shorter  than  400  nm.  When  the  emission  wavelength  exceeds  500  nm, 
the  external  quantum  efficiency  drops  shaiply  because  of  the  large  strain  between  well  and 
barrier  layers. 


Fig.5.  Chromaticity  diagram  in  which  blue  InGaN  SQW  LED,  green  InGaN  SQW  LED,  green 
GaP  LED,  green  AlInGaP  LED  and  red  GaAlAs  LED  are  shown. 
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Figure  5  is  a  chromaticity  diagram  in  which  blue  and  green  InGaN  SQW  LEDs  are 
shown.  Commercially  available  green  GaP  LEDs,  green  AlInGaP  LEDs  and  red  GaAlAs  LEDs 
are  also  shown.  The  color  range  of  light  emitted  by  a  full-color  LED  lamp  in  the  chromaticity 
diagram  is  shown  as  the  region  inside  each  triangle  which  is  drawn  by  connecting  the  positions 
of  three  primary  color  LED  lamps  in  the  diagram.  Three  color  ranges  (triangles)  are  shown  for 
differences  only  in  green  LEDs  (green  InGaN,  green  GaP  and  green  AlInGaP  LEDs).  In  this 
figure,  the  color  range  of  lamps  composed  of  three  primary  color  LEDs,  namely,  a  blue  InGaN 
SQW  LED,  green  InGaN  SQW  LED  and  red  GaAlAs  LED,  is  the  widest  compared  with  other 
color  ranges  obtained  using  a  different  green  LED,  such  as  green  GaP  LED  and  green  AlInGaP 
LED.  This  means  that  the  InGaN  blue  and  green  SQW  LEDs  show  much  better  color  and  color 
purity  in  comparison  with  other  blue  and  green  LEDs. 


Table  1.  Comparison  of  various  red,  green  and  blue  LEDs  at  a  forward  current  of  20  mA  except 
n-VI  based  LEDs  which  were  measured  at  a  forward  current  of  10  mA. 


Color 

Material 

Peak 

Wavelength(nm) 

Luminous 
Intensity  (mcd) 

Output 
Power  (pW) 

External  Quantum 
EfTiciency(%) 

Red 

GaAlAs 

660 

2000 

4800 

13.0 

Green 

AlInGaP 

570 

1000 

400 

1.0 

GaP 

555 

100 

40 

0.1 

ZnTeSe  * 

512 

4000 

1300 

5.3 

InGaN 

520 

12000 

3000 

6.3 

Blue 

SiC 

470 

20 

20 

0.04 

ZnCdSe* 

489 

700 

327 

1.3 

InGaN 

450 

2500 

5000 

9.1 

Under  a  forward  current  of  20  mA 
♦Under  a  forward  current  of  10  mA 
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Table  1  shows  the  comparison  of  commercially  available  red,  green  and  blue  LEDs  in 
terms  of  luminous  intensity,  output  power  and  external  quantum  efficiency.  This  table  shows 
that  the  peak  wavelengths  of  green  and  blue  InGaN  SQW  LEDs  are  much  shorter  than  those  of 
conventional  green  GaP  and  blue  SiC  LEDs.  Also,  the  output  power  and  the  external  quantum 
efficiency  of  III-V  nitride  LEDs  are  much  higher  than  those  of  conventional  green  and  blue 
LEDs  and  almost  comparable  to  those  of  red  GaAlAs  LEDs.  Judging  from  this  table,  InGaN 
SQW  LEDs  have  the  highest  performance  in  terms  of  luminous  intensity,  output  power  and 
external  quantum  efficiency,  compared  with  green  and  blue  LEDs  fabricated  using  other 
materials.  As  for  II- VI  materials,  ZnTeSe  DH  green  LEDs  have  been  reported  [7].  The  output 
power,  external  quantum  efficiency  and  peak  wavelength  of  those  II- VI  LEDs  are  1.3  mW,  5.3 
%  and  512  nm,  respectively,  at  a  forward  current  of  10  mA.  In  contrast,  ZnCdSe  DH  blue  LED 
has  output  power,  external  quantum  efficiency  and  peak  wavelength  of  0.3  mW,  1.3  %  and 
489  nm,  respectively,  at  a  forward  current  of  10  mA.  The  lifetime  of  these  E-VI  based  LEDs  is 
still  short,  which  prevents  their  commercialization  at  present. 

SUMMARY 

InGaN  SQW  LEDs  with  an  emission  wavelength  between  violet  and  orange  were 
fabricated.  The  luminous  intensity  of  green  LEDs  was  12  cd  and  the  external  quantum 
efficiency  was  as  high  as  6.3  %  at  a  forward  current  of  20  mA  at  room  temperature.  The  peak 
wavelength  and  the  FWHM  of  the  green  LEDs  were  520  nm  and  30  nm,  respectively,  while 
those  of  blue  LEDs  were  450  nm  and  20  nm,  respectively.  The  color  of  green  InGaN  SQW 
LEDs  was  greener  than  those  of  conventional  GaP  and  AlInGaP  LEDs.  Fabrication  of  practical 
visible  LEDs  in  the  range  from  blue  to  orange  is  possible  using  III-V  nitride  materials  at 
present.  The  luminous  intensity  of  green  InGaN  SQW  LEDs  (12  cd)  was  about  100  times 
higher  than  that  of  conventional  green  GaP  LEDs  (0.1  cd).  By  combining  high-power  and 
high-brightness  blue  InGaN  SQW  LED,  green  InGaN  SQW  LED  and  red  GaAlAs  LED,  many 
kinds  of  applications,  such  as  LED  full-color  displays  and  LED  white  lamps  for  use  in  place  of 
light  bulbs  or  fluorescent  lamps,  are  now  possible  with  characteristics  of  high  reliability,  high 
durability  and  low  energy  consumption.  The  III-V  nitride  green,  blue,  violet  or  uv  LDs  with 
high  reliability  will  be  realized  in  the  near  future  because  high-quality  ni-V  nitride  films  as  well 
as  high-power  green,  blue  and  uv  LEDs  with  quantum  well  structures  are  already  available. 
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ABSTRACT 

Asymmetric  double  heterostructures  (ADH)  of  AlGaN/GaInN/GaN  blue  light  emitting 
diodes  (LEDs)  and  GaInN/GaN  multiple  quantum  well  (MQW)  LEDs  were  fabricated  by 
metalorganic  vapor  phase  epitaxy  (MOVPE).  The  ADH  LEDs  had  spectral  emissions 
peaking  at  450  nm  and  the  luminous  intensity  was  2.5  cd  at  20  mA  The  output  power 
was  3.6  mW  at  20mA  and  the  external  quantum  efficiency  was  as  high  as  5.1  %  at  20  mA. 
The  GaInN/GaN  MQW  structure  was  grown  successfully  by  MOVPE.  Fine  multi-layer 
structures  7  -  9  nm  thick  were  detected  by  secondary  ion  mass  spectroscopy  and 
transmission  electron  microscopy  (TEM).  The  dislocation  density  in  the  MQW  was  as 
high  as  0.5-2x10^  cm'^  by  TEM  The  optical  efficiency  of  the  MQW  layer  was  higher  than 
that  of  a  bulk  GaInN  layer.  The  intensity  of  U  V  emission  from  MQW  LEDs  was  greater 
than  that  of  blue  light  from  ADH  blue  LEDs.  The  UV  emission  increased  as  a  super-linear 
function  of  injection  current  at  -100°C. 

INTRODUCTION 

GaUium  nitride  (GaN)  semiconductors  have  great  potential  for  short  wavelength 
devices  such  as  light  emitting  diodes  (LEDs),  laser  diodes  (LDs),  and  photo  diodes  (PDs). 
To  accommodate  the  peak  wavelength  of  the  emission  spectra,  AlGaN,  GaInN,  and 
AlGaInN  can  be  applied  by  adjusting  the  AIN  and  InN  molar  fraction  of  AlGalnN.  High 
optical  efficiency  GaN  grown  by  MOVPE  was  achieved  by  low  temperature  growth  of  an 
AUSf  buffer  layer  on  a  sapphire  substrate  [1-2],  In  1993,  the  brightest  blue  LEDs  of 
wavelength  485  nm  peak  were  metal-insulating  GaN-n  type  (m-i-n)  GaN  structure  LEDs 
emitting  200  mcd  at  10  mA  [3].  P-type  conducting  GaN  was  achieved  for  the  first  time 
through  Mg-doping  and  low  energy  electron  beam  irradiation  (LEEBI)  treatment  [4]  , 
followed  by  heat  treatment  [5].  The  external  quantum  efficiency  of  GaN -based  blue  LEDs 
increased  in  1992  [6]  after  tihe  realization  of  p-type  conversion  technology. 

In  1994,  candela-class  GalnN/AlGaN  DH  LEDs  were  reported  [7].  Since  we  reported 
p-n  junction  type  GaN  LEDs  of  which  the  external  quantum  efficiency  was  1.5%  in  1992 
[6],  we  continued  to  increase  the  efficiency  by  applying  homo  p-i-n  GaN  LEDs,  single 
heterostructure  (SH)  AlGaN/GaN  LEDs,  and  asymmetric  double  heterostructure 
AlGaN/GaInN/GaN  LEDs.  Over  the  past  three  years,  the  brightness  increased  from  0.2 
cd  to  2.5  cd  for  the  above  mentioned  p-n  types  of  LEDs.  The  external  quantum  efficiency 
increased  to  3.9  %  at  20  mA  as  a  result  of  the  ADH  AlGaN/GaInN/GaN  LEDs  [8]. 

GaN -based  quantum  wells  (QWs)  have  been  intensively  investigated  for  short 
wavelength  Hght-emittmg  devices  [9-13].  The  advantages  of  QWs  include  lower 
threshold  current  density  for  LDs  and  reduced  sensitivity  to  temperature.  Previous 
research  [10]  was  concerned  mainly  with  quantum  size  effects,  such  as  the  shift  of 
photoluminescence  (PL)  peak  energy  to  higher  energies.  Quite  recently,  high  efficient 
GaN-based  single  quantum  wells  (SQW)  LED  have  been  reported,  which  apply  to  visible 
light  regions  such  as  blue,  green,  and  yellow  LEDs  [14]. 


889 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®  1996  Materials  Research  Society 


In  this  paper,  high  efficiency  GaN-based  blue  and  UV  LEDs  including  active  layers 
of  undoped  GaInN/GaN  MQW  are  reported.  The  superlattices  of  GaInN/GaN  MQWs  are 
evaluated  by  SIMS  and  TEM.  The  thickness  and  number  of  GaInN  quantum  wells  are 
described  in  terms  of  the  MQW  optical  efficiency. 

EXPERIMENT 

GaN  epitaxial  films  were  grown  on  a  sapphire  substrate  by  MOVPE  using  an  AIN 
buffer  layer.  The  Al,  Ga,  In,  and  N  source  gases  were  trimethylaluminum  (TMA), 
trimethylgallium  (TMG),  trimethylindium  (TMI),  and  ammonia  (NH3),  respectively. 
Silane  (SiH4)  was  used  as  the  Si  source  gas.  The  Mg  source  gas  was 
biscyclopentadienylmagnesium  (bis-CpaMg).  Other  growth  conditions  were  the  same  as 
the  previous  report  [8].  The  Si-doped  n+-GaN  layer  was  approximately  5  fxm  thick  and 
the  carrier  concentration  was  about  1x10^^  cm‘^.  The  emitting  layer  of  GaInN  was  doped 
with  donors  or  acceptors  as  recombination  centers.  The  InN  molar  fraction  of  GaInN 
active  layer  was  approximately  0.08.  Mg-doped  p-AlGaN  and  p-GaN  layers  were 
deposited  sequentially  on  the  bulk  GaInN  or  the  GaInN/GaN  MQW  layers  and  were 
converted  to  p-type  conduction  by  LEEBI  treatment  after  the  growth.  The  GaN-barrier 
and  GaInN -well  MQW  was  grown  by  controlling  growth  conditions  for  MOVPE  such 
as  the  flow  rate  of  gas  sources  and  the  growth  temperature.  Ohmic  contacts  to  the  p-  and 
n-GaN  were  Au/Ni. 

For  evaluating  the  optical  properties  of  GaInN  bulk  layer  and  GaInN/GaN  QW  layers, 
cathodoluminescence  (CL)  and  PL  measurements  were  applied  mainly  at  room 
temperature.  The  penetration  depth  of  the  incident  electrons  was  estimated  to  be  around 
100  run  at  an  accelerating  voltage  of  5  kV. 

RESULTS 


High  efficient  ADH  blue  LEDs 

The  ADH  of  p-AlGaN/GaInN/n-GaN  was  fabricated  for  highly  efficient  blue  LEDs. 
The  detailed  structure  of  the  LED  chip  is  shown  in  Fig.  1.  The  active  layer  of  GaInN  was 
doped  with  Zn,  etc.  Figure  2  shows  the  electroluminescence’  (EL)  spectra  of  devices 
described  in  Fig.  1  at  room  temperature.  The  main  peak  wavelength  was  blue  emission  of 
450  nm  and  the  full  width  at  half-maximum  (FWHM)  of  the  spectra  was  70  nm  at  room 
temperature.  Ultra-violet  (UV)  emissions  also  appeared  in  the  peak  wavelength  of  385  nm 
as  shown  in  Fig.  2.  The  intensity  ratio  of  UV  to  blue  emissions  increased  with  increasing 
forward  current.  The  UV  emission  originated  from  recombinations  between  shallow 
donors  and  the  valence  band.  The  multi-peak  spectra  of  blue  emission  could  be 
understood  by  the  interference  of  blue  light  within  the  GaN-based  epitaxial  layers.  The 
emission  built  up  at  about  1  mA  and  increased  linearly  with  forward  current  up  to  about 

25  mA  The  luminous  intensity  was  typically  2  cd  at  20  mAat  a  viewing  angle  of  16°  . 
The  highest  brightness  was  2.5  cd  at  20  mA  and  its  total  output  power  was  3. 6  mW  at  20 
mA,  3.5  V.  The  external  quantum  efficiency  was  5.1  %  maximum.  Figure  3  shows  the 
current  and  voltage  (I-V)  characteristic  of  the  ADH  blue  LED.  The  lowest  forward  voltage 

at  20  mA  was  3.3  V  and  the  reverse  voltage  at  -10  pA  was  as  high  as  -25V. 
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Fig.  1 :  Layer  structure  of  ADH  GaN-based  blue  LED  pig.  2:  EL  apectra  of  ADH  AlGaN/GalnN/GaN  LEDs 


Fig.  3:  I-V  characteristics  of  ADH  LEDs  at  RT. 

GaInN/GaN  OW  active  layer 

CL  efficiency  of  the  GaInN/GaN  QW  active  layer  was  higher  than  that  of  the  bulk 
GaInN  layer.  Figure  4  shows  a  schematic  diagram  of  the  GaInN/GaN  MQWs  for  SIMS 
and  CL  measurement.  Figure  5  shows  the  Ga,  In,  and  N  profiles  in  the  MQW  layer  from 
a  surface  of  the  MQW  layer  in  the  direction  of  substrate  taken  by  SIMS.  The  SIMS 
instrument  was  a  CAMECA-ims-4f.  In  this  case,  the  MQW  layer  was  grown  as  six 
GaInN  QWs,  each  7  nm  thick  (Lz=7  nm)  and  seven  GaN  quantum  barriers  (QBs),  each  9 
nm  thick  (Lb=9  nm).  The  InN  molar  fraction  of  GaInN  QWs  was  0.08.  The  abruptness 
at  the  interface  between  the  GaInN  QW  and  the  GaN  QB  was  approximately  2  nm,  as 
shown  in  Fig.  5. 
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GaN  MOW  by  SIMS  analysis 


Fig.  6:  CL  spectra  of  GaInN/GaN  MQW 
with  different  quantum  well  thickness. 


Based  on  the  abruptness  of  InN  molar 
fraction,  we  decreased  the  QW  thickness 
from  10  to  3  nm.  Figure  6  shows  the  CL 
spectra  of  the  MQWs  with  changing  well 
thickness.  The  UV  emission  due  to  band 
edge  recombination  increased  and  the  peak 
wavelength  became  short  with  decreasing 
well  thickness.  The  peak  shift  towards 
higher  energy  as  a  result  of  decreasing  the 
well  thickness  could  be  understood  by 
quantum  size  effects  [10]. 

Active  layer  GaInN/GaN  MQWs  were 
applied  to  the  DFI  LED  as  shown  in  Fig.  7, 
which  was  similar  to  that  of  DH  stripe 
lasers  diodes.  UV  light  was  emitted  from 
the  edge  face.  Stripe  windows  were  made 
in  Si02  films  evaporated  on  top  faces.  The 
stripe  widths  (W)  were  5,  10,  and  30  fim. 
The  stripe  lengths  (L)  were  200,  300,  500, 
and  1000  fim.  Figure  8  shows  the  TEM 
bright  field  image  of  a  cross  section  of  the 
MQW  DH.  The  TEM  image  was  taken 
with  a  JEM-4000EX  microscope. 
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Fig.  7:  Schematic  diagram  showing  Fig-  8:  TEM  micrograph  showing 

MQW  heterostnicture  LED.  MQW  heterostructure  layers  and 

dislocations. 


350  400  450  500 

W avelength  [n m] 


Fig.  9:  EL  spectra  of  MQW  LED  at  -1 00“C. 


The  GaInN  QWs  were  observed  as  five 
dark  layers  in  the  TEM  image. 
Dislocation  Imes  propagated  in  a 
direction  normal  to  the  substrate.  The 
dislocation  density  in  the  MQW  was  in 
the  range  of  0.5-2x10^  cm*^. 

Figure  9  shows  the  EL  spectra  at  - 
100“C  emitted  from  the  MQW  DH  LED; 
W=5  ^m,  L=200  fim.  The  peak 

wavelength  and  FWHM  was  393  nm  and 
11  nm  (91  meV),  respectively.  Figure  10 
shows  light-current  characteristics  from 
an  edge  facet  of  the  MQW  DH  LEDs. 
When  the  current  was  increased  to  200 
mA  (200  kA/cm^),  the  light  output  (L) 
increased  as  a  super-linear  fonction 
with  the  current  (I)  as  shown  in  Fig.  10. 
However,  the  spectra  did  not  show 
clearly  the  spectral  narrowmg  that  is  a 
typical  characteristic  of  laser  operation. 

As  described  above,  we  examined  the 
QW  thickness  in  terms  of  CL  efficiency. 
The  number  of  QWs  also  was  studied  by 
comparing  the  EL  intensities  of  MQW 
DH  LEDs  with  three,  six,  and  15  wells. 


Figure  11  shows  the  band  edge  EL 
intensity  at  room  temperature  as  a  function  of  the  number  of  quantum  wells.  The  well 
thickness  of  the  MQWs  was  kept  at  constant  so  that  the  total  well  thickness  increased  with 
increasing  number  of  QWs.  The  peak  emissions  from  the  MQW  occurred  at  386  nm.  The 


indium  mole  fraction  of  the  MQW  was  0.08.  The  peak  intensity  of  the  QW  DH  LED  with 
three  QWs  was  one  order  of  magnitude  greater  than  that  of  the  QW  DH  LED  with  15 


QWs  at  20mA. 
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Fig.  10;  EL  peak  intensity  of  MQW  LED  Fig.  11:  EL  peak  intensity  of  MQW  LED 

asa  function  of  current  at  -100“C.  as  a  function  of  number  of  QWs  at  room 

tenperature. 


CONCLUSIONS 

The  very  high  efficiency  GaN-based  blue  LEDs  with  2.5  cd  at  20  mA  were  fabricated 
by  using  a  bulk  GaInN  light  emitting  layer  which  was  doped  with  Zn,  etc.  The  output 
power  at  20  mA  was  approximately  3.7  mW  and  the  external  quantum  efficiency  was  as 
high  as  5.1%  at  room  temperature.  The  high-quality  Ga0.92In0.08N/GaN  MQW 
heterostructure  was  successfully  fabricated  with  cladding  layers  of  p-AlGaN  and  n- 
AlGaN  by  MOVPE.  The  fine  superlattice  structure  was  directly  detected  by  TEM  and 
SIMS  analysis.  The  MQW  extremely  enhanced  the  optical  efficiency  in  non-doped 
MQWs  compared  with  bulk  GaInN  layer.  GaInN/GaN  MQW  is  consequently  promising 
for  the  active  layers  of  LEDs  and  LDs. 

The  UV  emission  from  the  MQW  heterostructure  diodes  increased  as  a  super-linear 
function  with  the  current.  Although  the  FWHM  of  the  spectra  did  not  become  narrow 
with  increased  current,  the  active  layer  of  GaInN/GaN  MQWs  indicated  the  possibility  of 
lasing  by  current  injection. 
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ABSTRACT 

We  have  shown  the  ability  to  grow  thin,  high  mobility,  GaN  channel  layers  on  high  quality, 
highly  resistive  GaN.  The  growth,  characteristics,  and  device  results  of  two  types  of  MESFET  structures 
were  discussed.  The  first  device  structure  consists  of  a  2000A,  2  x  lo’^cm'^  Si-doped  channel  layer, 
grown  on  3pm  of  highly  resistive  GaN,  while  the  second  structure  (recessed-gate  MESFET)  had  a  lOOOA, 
1  X  lO’^cm’^  Si-doped,  n^  capping  layer  deposited  on  a  2000A ,  2  x  lO'^cm’^  Si-doped  channel  layer.  The 
first  MESFET  structure  was  operational  at  500°C  which  is  the  highest  reported  operating  temperature  for 
a  GaN  device  while  the  recessed-gate  MESFET  had  a  g^,  as  hi^  as  41mS/mm,  which  is  the  highest 
reported  value  for  a  GaN  MESFET. 

INTRODUCTION 

The  GaN-based  material  system  is  of  great  interest,  not  only  because  of  the  recent  high-efficiency  blue 
and  green  LEDs,  but  also  because  of  their  potential  in  high  temperature  electronics,  power  electronics, 
and  high  power  microwave  devices[l].  GaN  is  an  attractive  material  for  these  electronic  applications 
because  of  the  low  thermal  generation  rates  and  high  breakdown  fields  inherent  in  wide  bandgap 
semiconductors.  For  the  fabrication  of  high  frequency  FETs,  thin  high  mobility  semiconductor  layers  are 
required.  The  epitaxial  growth  of  these  active  layers  has  historically  required  the  use  of  appropriate 
buffer  layers  to  spatially  separate  the  active  channel  from  defects  and  impurities  which  often  lie  at  the 
epitaxial  layer/substrate  interface.  In  the  case  of  GaN  FETs,  the  “buffer  layer'’  (thick  highly  resistive 
layer  below  the  thin  chaimel  layer)  takes  on  added  importance  due  to  the  large  lattice  mismatch  between 
GaN  and  sapphire  which  results  in  a  highly  defective  region  near  the  GaN/sapphire  interface{2].  It  is 
therefore  necessary  to  grow  a  thick  (>I)a.m),  highly  resistive  GaN  buffer  layer  upon  which  a  high  mobility 
FET  charmel  layer  can  be  grown.  For  GaN  grown  on  sapphire,  the  unintentional  electron  concentration  is 
typically  in  the  mid-10‘®cm'^  or  higher  range,  and  the  growth  of  highly  resistive  GaN  is  challenging. 
When  highly  resistive  films  are  grown,  it  is  often  due  to  a  high  degree  of  compensation.  For  FET 
applications,  it  is  essential  to  grow  highly  resistive  films  that  are  also  of  high  quality  in  order  to  obtain 
high  mobilities  in  the  doped  channel  layer.  In  this  paper,  state-of-the-art  GaN  growth  by  low  pressure 
organometallic  vapor  phase  epitaxial  (OMVPE)  will  be  discussed  with  respect  to  the  requirements  of 
MESFET  devices. 

EXPERIMENTAL 

An  inductively  heated,  water  cooled,  vertical  OMVPE  reactor  operated  at  57torr  was  used  for  the  growth 
as  previously  described  in  the  literature[3].  The  structures  discussed  in  this  paper  were  grown  on  a-plane 
(1120)  sapphire  substrates.  A  200 A  AIN  nucleation  layer  was  deposited  at  450°C  using  triethylaluminum 
and  ammoniaCNHj)  as  the  reactant  sources.  The  GaN  films  were  grown  using  trimethylgallium(TMG) 
and  NH3  at  a  growth  temperature  of  1040°C.  Disilane  was  used  as  the  dopant  source  (8ppm  in  H2)[4]  . 
The  325nm  line  of  a  HeCd  laser  was  used  as  the  excitation  source  for  the  low  temperature  (6K) 
photoluminescence  (PL)  measurements.  Double  crystal  x-ray  diffractometry  of  the  (0002)  peak  was  used 
to  assess  film  crystallinity,  while  Van  der  Pauw  Hall  measurements  (2240G)  were  performed  using  a 
clover  leaf  geometry  using  In  contacts.  Capacitance-voltage  (C-V)  measurements  were  also  performed 
using  Pt/Au  Schottky  barriers.  Details  about  the  device  fabrication  have  been  previously  described  in 
the  literature  [5], 
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RESULTS  AND  DISCUSSION 


Growth  of  highly  resistive  GaN 

The  growth  of  thin,  high  mobility  GaN  deposited  directly  on  sapphire  is  not  possible  because  of  the  large 
lattice  mismatch  between  GaN  and  sapphire.  Therefore,  the  first  growth  obstacle  to  be  overcome  before 
GaN  FET  structures  can  be  grown  is  the  ability  to  grow  highly  resistive  GaN,  which  is  also  of  high 
quality.  Often  times  when  the  growth  conditions  are  not  optimized,  highly  resistive  GaN  can  be  grown. 
However,  if  this  material  is  highly  resistive  because  it  is  heavily  compensated,  then  upon  doping  these 
films  with  Si,  high  mobilities  are  not  obtained.  We  have  been  successful  in  obtaining  high  quality,  highly 
resistive  GaN  by  continuing  to  optimize  parameters  that  we  have  previously  shown  to  be  critical  for  the 
growth  of  high  quality  GaN,  e.g.  nucleation  layer  temperature[6],  nucleation  layer  thickness,  NHj/TMG 
ratio,  and  GaN  growth  temperature[3].  For  the  MESFET  structures  described  in  this  paper,  a-plane 
sapphire  (1120)  was  used  as  the  substrate  because  we  have  previously  shown  that  for  our  growth 
conditions,  we  can  more  easily  obtain  high  mobility  GaN  films  on  a-plane  sapphire  over  a  wider  range  of 
conditions  than  the  corresponding  growth  on  c-plane  sapphire[3J.  Irrespective  of  whether  c-plane  or  a- 
plane  sapphire  is  used  as  a  substrate,  the  resulting  GaN  films  are  oriented  with  the  c-plane  parallel  to  the 
substrate. 

Characterization  of  highly  resistive  GaN 

Since  it  is  difficult  to  make  contacts  to  GaN  when  the  carrier  concentration  is  below  low  lo'^cm^.  Hall 
measurements  cannot  be  used  to  characterize  these  highly  resistive  films.  X-ray  rocking  curves  are  also 
not  very  useful  since  the  FWHM  of  the  (0002)  peak  does  not  show  a  direct  correlation  with  the  electrical 
properties.  For  GaN  films  grown  that  are  typically  3jim  thick,  the  FWHM  (typically  250-350  arcsec) 
does  not  track  changes  in  mobilities,  and  cannot  distinguish  the  difference  between  low  mobility 
conq)ensated  films  and  higher  quality  films.  In  addition,  the  FWHM  of  the  (0002)  peak  cannot 
distinguish  the  difference  between  films  with  a  high  background  carrier  concentration  (mid-10  cm'  or 
higher)  or  highly  resistive  films.  The  mobility  of  the  doped  channel  layers  grown  on  the  highly  resistive 
GaN  thick  buffer  layer  is  a  powerful  characterization  tool  and  gives  some  indication  of  the  quality  of  the 
underlying  highly  resistive  GaN  layer  (high  quality  highly  resistive  GaN  exhibits  higher  mobilities  when 
doped  than  highly  compensated  lower  quality  GaN).  In  the  present  study,  the  highly  resistive  GaN  that 
was  grown  can  siqjport  a  two-point  probe  voltage  of  >1000V  without  exhibiting  breakdown.  This  does 
confirm  that  the  GaN  films  are  highly  resistive  (estimated  to  be  approximately  lO'^^Q-cm  from  I-V 
measurements  on  samples  with  large  area  In  contacts),  but  it  cannot  be  used,  however,  to  determine  the 
difference  between  low  quality  heavily  compensated  GaN  and  high  quality  highly  resistive  GaN. 
Therefore,  we  have  used  low  temperature  photoluminescence  to  access  the  quality  of  the  undo|)ed  GaN 
films.  For  unintentionally  doped  GaN  whose  background  electron  concentration  is  mid-io'^cm'^  or 
higher,  the  dominant  feature  in  the  photoluminscence  ^ectra  is  typically  the  exciton  bound  to  a  neutral 
donor.  As  shown  in  Figure  1,  besides  observing  the  exciton  bound  to  a  neutral  donor,  GaN  free  excitons 
are  also  observed  at  3.4924  and  3.5052eV  in  a  low  temperature  PL  q)ectra  of  our  undoped  GaN.  The  fact 
that  we  observe  free  excitons  in  unintentionally  doped  material  indicated  that  the  highly  resistive  material 
is  of  high  quality.  Also  shown  in  Figure  1  is  a  typical  low  temperature  PL  spectra  of  our  Si-doped  GaN 
which  shows  the  exciton  bound  to  a  neutral  donor  at  3.4785eV.  The  intensity  of  the  PL  signal  from  the 
Si  doped  film  is  approximately  20  times  stronger  than  the  undoped  film.  In  addition,  there  is  only  a  small 
indication  of  the  deep  level  2.2eV  band  which  is  commonly  observed  in  GaN  films.  The  origin  of  this 
deep  level  is  currently  not  known,  but  it  may  be  associated  with  compensation  in  the  GaN  films  involving 
deep  donor  states  and  shallow  acceptor  states[7]. 

Growth  of  MESFET  structures 

Once  the  ability  to  grow  high  quality  highly  resistive  GaN  had  been  demonstrated,  a  thin  high  mobility 
layer  then  needs  to  be  deposited  on  this  resistive  GaN  in  order  to  fabricate  MESFET  devices.  Without 


898 


able  to  grow  high  quality  highly  resistive  GaN,  and  subsequently  grow  high  mobility  n-type  doped  layers 
using  disilane  as  the  dopant  source[41.  Since  having  a  high  mobility  layer  in  the  MESFET  device  is 
important,  we  targeted  a  Si  doping  level  of  t^proximately  1-2  x  lO^’cm"^  since  this  is  a  doping  level  that 
we  can  controllably  achieve  high  mobility  filmslS].  In  the  present  pa^er,  we  report  on  two  types  of 
MESFET  structures.  The  first  consists  of  a  2000A,  2  x  10”cm‘^  Si-doped  channel  layer  grown  on  Spm  of 
highly  resistive  GaN,  and  the  second  structure  has  a  similarly  doped  chaimel  layer,  but  with  an  additional 
lOOOA,  1  X  10'*cm'^  Si-doped,  n^  capping  layer.  The  n^  layer  was  used  to  reduce  the  ohmic  contact 
resistance  as  well  as  the  source  and  drain  access  resistances. 
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Figure  1.  Low  temperature  (6K)  photoluminescence  spectra  of  a  Si-doped  GaN  film  and  an  undoped 
highly  resistive  GaN  film  (magidfied  23X  to  normalize). 


Characterization  of  MESFET  structures 


Hall  measurements  have  been  done  in  order  to  characterize  these  doped  charmel  layers,  and  we  have 
achieved  room  tenqierature  mobilities  iq)  to  ^proximately  600cm^V*s  ’  for  a  2500 A  channel  layer 
grown  on  3  pm  of  highly  resistive  GaN.  The  first  MESFET  structure  whose  device  diaracteristics  will  be 
discussed  in  the  present  pqter  had  a  300K  Hall  mobility  of  410cm^V‘'s  '.  A  carrier  concentration  profile 
obtained  fiom  Schottky  barrier  capacitance-voltage  (C-V)  measurements  from  this  Si-doped  channel 
layer  is  shown  in  Figure  2.  Previous  SIMS  analysis  of  the  Si-doped  channel  layers  indicates  nearly 
complete  activation  of  the  silicon,  when  compared  to  electron  concentrations  obtained  fiom  Hall 
measurements{8}.  Nearly  complete  activation  of  the  silicon  level  is  consistent  with  our  variable 
temperature  Hall  measurements  which  give  a  donor  ionization  energy  of  26meV  for  the  Si-doped 
samples.  This  donor  ionization  energy  is  obtained  simply  by  fitting  the  carrier  concentration  vs  1/T,  and 
assuming  that  twice  the  activation  energy  is  the  donor  ionization  energy.  SIMS  analysis  also  has  shown  a 
relatively  sharp  interface  between  the  Si-doped  channel  layers  and  the  highly  resistive  GaN  which 
indicates  that  Si  diffiision  during  the  growth  is  minimal[8].  In  the  unintentionally  doped,  highly  resistive 
GaN  layer  (below  the  channel  layer)  the  Si  level  is  below  the  detection  limit  of  Si  in  the  SIMS  equipment 
(spproximately  1-2  x  10*®cm‘^). 

Device  Results 


Details  of  the  device  fabrication  can  be  found  in  a  previously  publi^ed  p^er[5].  The  Si-doped 
MESFETs  had  a  maximmn  transconductance  of  23mS/mm  and  were  completely  pinched  off  at  -1 IV.  For 
a  0.9  um  gate  length,  the  ft  and  f^axWere  5  and  1  IGHz  .  The  elevated  temperature  performance  is  shown 
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in  figure  3  which  shows  that  at  400°C,  the  devices  still  have  good  pinch-off  characteristics  and  a  g^,  of 
lOmS/mm.  Although  gate  leakage  prevented  complete  channel  pinch-off  at  500°C,  the  devices  were  still 
operational  at  this  temperature  and  had  a  g^  of  8mS/mm.  TTus  is  the  highest  operating  temperature 
reported  for  a  GaN  device  to  date.  Recessed-gate  MESFETs  were  fabricated  with  the  films  that 
contained  the  1  x  lO’^cm'^  Si-doped,  n^  coping  layer  and  had  a  g^,  as  high  as  41mS/nim.  This  is  the 
highest  reported  value  for  a  GaN  MESFET.  Gate  leakage  currents  were  excessive  due  to  the  close 
proximity  of  the  gate  metal  to  the  n^  cap.  For  a  1.3um  gate  length,  the  ft  and  f^a^were  5  and  9GHz, 
respectively. 


Figure  2.  Carrier  concentration  profile  obtained  from  C-V  measurements  on  MESFET  device. 


Figure  3.  Drain  characteristics  of  Si-doped  MESFET  device  at  400  and  500C 


SUMMARY 

In  this  paper,  we  have  reported  on  the  ability  to  grow  high  quality,  highly  resistive  GaN.  We  have 
observed  free  exitons  in  the  low  temperature  photoluminescence  spectra  of  this  material  and  also  have 
demonstrated  the  growth  of  high  mobility  channel  layers  (up  to  600cm“V's'')  on  this  highly  resistive 
GaN.  We  were  able  to  grow  these  high  mobility  layers,  simply  by  doping  with  Si.  and  without  changing 
the  reactor  conditions.  MESFET  devices  have  been  fabricated  from  these  structures  and  were  operational 
up  to  500°C.  Recessed-gate  MESFETs  with  a  n^  cap  were  also  demonstrated. 
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AlGaN/GaN/AlGaN  double-heterojunction  blue  LEDs  on  6H-SiC  substrates 

Hua-Shuang  Kong,  Michelle  Leonard,  Gary  Bulman,  Gerry  Negley  and  John  Edmond 
Cree  Research,  Inc.,  Durham,  N.C.  27713,  USA 

ABSTRACT 

Blue  LEDs  with  double-heterojunction  (DH)  have  been  produced  in  AlN-GaN  system 
grown  on  n-type  6H-SiC  substrates  via  metalorganic  chemical  vapor  deposition  (MOCVD). 
These  devices  employ  a  GaN  active  layer  bordered  by  Mg  doped  p-type  Alo.1Gao.9N  and  Si 
doped  n-type  Alo.1Gao.9N.  A  vertical  device  design  was  utilized  with  a  p-type  Au  contact 
centered  on  the  chip  top  side  for  wire  bonding.  The  backside  contact  to  the  SiC  is  Ni.  The  peak 
emission  from  these  devices  is  430  nm  with  a  FWHM  of  65  nm,  producing  a  deep  blue  color. 

The  output  power  is  1 .7  mW  at  20  mA  which  corresponds  to  an  external  quantum  efficiency  of 
3%. 

INTRODUCTION 

The  wurtzite  polytypes  of  InN,  GaN,  and  AIN  form  a  continuous  alloy  system  with  direct 
band  gaps.  The  band  gap  of  this  system  ranges  from  1 .9  eV  (InN)  to  6.2  eV  (AIN).  Thus, 
optical  devices  fabricated  in  this  system  are  capable  of  generating  light  from  red  to  UV.  In  fact, 
InGaN-based  LEDs  with  peak  emissions  from  orange  to  UV  have  been  demonstrated  [1]. 
Furthermore,  nitride  blue  LEDs  have  recently  been  commercialized,  which  proved  the  viability  of 
the  nitride  system. 

Two  kinds  of  substrates  were  used  in  commercial  nitride  blue  LEDs.  They  are  sapphire 
and  6H-SiC.  Sapphire  substrates  have  16%  lattice  mismatch  with  GaN  and  are  insulating 
material.  LEDs  fabricated  on  sapphire  substrates  require  two  top  side  contacts  to  pass  current 
through  the  p-n  junction.  On  the  other  hand,  SiC  substrates  have  a  lattice  mismatch  of  3.5%  with 
GaN  and  is  conductive  which  allows  for  the  fabrication  of  a  vertical  device  structure.  In  addition, 
SiC  substrates  have  a  high  thermal  conductivity  of  5  W/cmK  and  have  multi-cleavage  planes. 
These  properties  are  important  for  fabrication  of  laser  diodes.  Therefore,  research  efforts  have 
been  focused  on  epitaxial  growth  on  SiC  substrates  at  Cree  Research.  Epitaxial  layers  of  GaN 
and  AlGaN  have  been  grown  on  6H-SiC.  They  are  smooth,  featureless  and  crack-free.  To  obtain 
high  brightness  LEDs,  AlGaN/GaN/AlGaN  DH  has  been  successfully  grown  on  n-type  6H-SiC 
substrates.  GaN:SiC-based  blue  LEDs  are  now  in  mass  production.  The  LED  output  power  of 
1 .7  mW  at  20  mA  was  obtained.  In  this  paper,  optical  and  electrical  characterizations  of  GaN 
epilayers  and  DH  LEDs  on  6H-SiC  substrates  will  be  presented  and  discussed. 

EXPERIMENT 

High  quality  GaN  and  AlGaN  alloy  thin  films  were  epitaxially  grown  on  6H-SiC  substrates 
with  a  diameter  of  35  mm  via  MOCVD.  The  substrates  were  Si-face  and  n-type  with  typical 
resistivity  of  0.02-0.04  Q-cm.  The  growth  temperature  is  in  the  range  of  1000-1050  °C.  Si  and 
Mg  were  doped  into  the  nitride  films  as  n-  and  p-type  dopants,  respectively.  DH  LED  emission 
region  was  grown  on  Si-doped  GaN  layer.  First,  Si-doped,  n-type  Alo.1Gao.9N  was  grown. 

Then,  GaN  active  layer  and  Mg-doped,  p-type  Alo.1Gao.9N  were  subsequently  grown.  Finally, 
a  Mg-doped,  p-type  GaN  was  grown  as  p-type  contact  layer. 

Room  temperature  photoluminescence  (PL)  was  used  to  characterize  n-  and  p-GaN.  The 
excitation  source  was  a  10  mW,  325  nm  He-Cd  laser.  The  laser  spot  size  on  samples  was 
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approximately  50  pm  in  diameter.  A1  and  An  were  used  as  Ohmic  contacts  for  measuring  n-  and 
p-type  specific  contact  resistance,  respectively.  Secondary  ion  mass  spectroscopy  (SIMS)  was 
used  to  determine  atomic  concentration  of  Mg  in  GaN  epilayers.  Conventional  vertical  geometry 
was  utilized  in  LED  fabrication.  Ni  and  Au  were  used  as  Ohmic  contacts  for  backside  contact  to 
SiC  and  for  top  side  contact  to  Mg-doped  GaN  layer,  respectively.  The  characteristics  of  LEDs 
were  measured  at  room  temperature  and  under  DC  bias. 

RESULTS  AND  DISCUSSION 

Characterization  of  GaN  Enilavers 

GaN  epilayers  grown  on  6H-SiC  substrates  were  controllably  doped  in  the  carrier 
concentration  ranges  of  lO^^-lO*^  cm'^  for  n-type,  and  10 ’5-6x10'’^  cm-^  for  p-type, 
respectively.  Dislocation  density  as  low  as  10^  cm‘2  have  been  obtained  as  verified  by  plan- view 
transmission  electron  microscopy  [2].  A1  and  Au  were  used  as  n-  and  p-type  Ohmic  contact, 
respectively,  to  study  specific  contact  resistance.  Arrays  of  transfer  length  measurement  (TLM) 
structures  were  formed  on  electrically  isolated  n-  and  p-type  GaN  epilayers.  The  specific 
contact  resistances  were  extracted  from  the  resistance  vs.  contact  spacing  data.  The  best  specific 
contact  resistances  measured  so  far  were  2x1 0'^  Oi-cm^  for  Ohmic  contact  on  n-GaN  and  3x1 0'2 
Q-cm2  for  Ohmic  contact  on  p-GaN,  respectively.  Figure  1  shows  typical  I-V  characteristics  of 
Ohmic  contacts  on  n-  (Figure  la)  and  p-GaN  (Figure  lb)  epilayers. 


-5-4-3-2-10  i  2  3  4  5 


-5  -4  -3  -2  -1012  3  4  5 


Voltage  (V)  Voltage  (V) 

(a)  (b) 

Figure  1 .  Current- voltage  characteristics  of  (a)  A1  Ohmic  contact  on  Si-doped  GaN  and  (b) 
Au  Ohmic  contact  on  Mg-doped  GaN. 


Room  temperature  photoluminescence  spectra  of  undoped  and  Mg-doped  GaN  films  were 
measured.  PL  of  undoped  GaN  epilayers  exhibit  an  emission  dominated  by  the  band  edge 
exciton  of  3.41  eV  (Figure  2a).  The  defect  luminescence  at  2.2  eV  was  not  observed.  PL  spectra 
of  a  Mg-doped  GaN  epilayer  is  shown  in  Figure  2b.  The  peak  emission  is  at  435.4  nm.  The 
peak  emission  wavelength  changes  with  Mg  doping  concentration  as  observed  on  Mg-doped  GaN 
films  grown  on  sapphire  substrates  by  other  researchers  [3].  PL  measurements  were  also 
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performed  on  undoped  AlGaN  films.  A1  composition  was  in  the  range  of  0-10%.  No  2.2  eV 
defect  emission  was  observed  on  any  of  these  samples. 


Figure  2.  Room  temperature  photoluminescence  spectra  of  (a)  undoped  GaN  and  (b)  Mg- 
doped  GaN. 


Perkin-Elmer  6300  SIMS  system  was  used  in  the  analysis  of  Mg-doped  GaN  epilayers. 

Mg  atomic  concentration  of  as  high  as  4x1 0^®  cm"^  was  measured  in  GaN  layer.  By  changing 
growth  conditions.  Mg  doping  levels  can  be  well  controlled  and  repeated.  Figure  3  shows  a  SIMS 
depth  profile  of  Mg-doped  GaN  epilayer  with  two  doping  levels.  In  the  top  layer  which  is  about 
0.9  fim  thick,  the  Mg  atomic  concentration  is  about  1x1 0^0  cm-3.  The  Mg  concentrations  remain 
quite  constant  through  both  Mg-doped  epilayers. 


Figure  3.  SIMS  profile  of  a  Mg-doped  GaN  epilayer  with  two  doping  levels  grown  on  a 
6H-SiC  substrate. 
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Electrical  and  Optical  Properties  of  Blue  LEDs 


A  typical  I-V  characteristics  of  a  LED  chip  is  shown  in  Figure  4a.  The  forward  voltage  of 
the  vertical  device  is  typically  in  the  range  of  4-5  V  at  20  mA.  The  output  power  of  1 .7  mW  at 
20  mA  was  obtained.  This  corresponds  to  an  external  quantum  efficiency  of  3%.  The  LEDs 
emit  a  deep  blue  color.  The  emission  spectra  are  shown  in  Figure  4b.  The  peak  emission  is  430 
nm  at  a  forward  current  up  to  40  mA.  The  FWHM  at  20  mA  was  measured  to  be  65  nm.  Life 
test  results  indicate  expected  lifetimes  in  excess  of  100,000  hours  at  30  mA  at  room  temperature. 


Forward  Voltage  (V) 

(a) 


Wavelength  (nm) 

(b) 


Figure  4.  Characterization  of  DH  blue  LEDs  on  SiC  substrates  showing  (a)  typical  I-V 
characteristics  of  a  LED  chip  and  (b)  LED  emission  spectra  with  1 0-40  mA  drive  current. 


CONCLUSIONS 


The  growth  of  AlGaN/GaN/AlGaN  DH  LED  structures  on  6H-SiC  substrates  is  now  a 
routine  process  for  mass  production  of  high-brightness  blue  LEDs.  These  LEDs  emit  deep  blue 
color  with  a  peak  wavelength  of  430  nm.  The  output  of  1 .7  mW  at  20  mA  has  been  obtained. 
This  corresponds  to  an  external  efficiency  of  3%.  The  forward  voltage  at  20  mA  is  in  the  range 
of  4-5  V.  Life  test  results  indicate  that  the  degradation  is  similar  to  other  LED  technologies. 
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ELECTRIC  BREAKDOWN  IN  NITRIDE  PN  JUNCTIONS 
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ABSTRACT 

Electric  breakdown  of  mesa  terminated  GaN  and  AlGaN  pn  diodes  was 
investigated.  The  nitride  pn  structures  were  grown  on  6H-SiC  (0001)  wafers  by 
metalorganic  chemical  vapor  deposition  (MOCVD).  Mesa  structures  were  fabricated  by 
reactive  ion  etching  (RIE).  Capacitance-voltage  (C-V)  and  current-voltage  (I-V) 
characteristics  of  the  pn  junctions  were  measured.  It  was  found  that  the  junctions  were 
linearly  graded.  Microplasmic  breakdown  was  observed.  The  breakdown  voltage  for 
GaN  and  AlGaN  diodes  ranged  from  40  to  150  V  and  from  40  to  100  V,  respectively. 
The  electric  breakdown  field  and  temperature  coefficient  of  the  breakdown  voltage 
were  measured. 

INTRODUCTION 

Recently  high  quality  GaN  layers  and  pn  structures  were  grown  on  SiC  substrates 
[1,2].  It  was  shown  that  these  structures  have  a  high  potential  for  light  emitters.  Edge 
electroluminescence  of  the  structures  was  also  investigated  [3].  In  this  paper  we  report 
on  the  reverse  current-voltage  (I-V)  characteristics  of  the  nitride  pn  junctions.  Two 
types  of  junctions  were  investigated:  GaN  pn  junctions  and  AlGaN  pn  junctions. 

EXPERIMENT 

Multilayer  nitride  structures  were  grown  by  MOCVD  [1].  Substrates  were  6H-SiC 
(0001)  Cree  wafers.  Si  and  Mg  were  used  as  donor  and  acceptor  dopants,  respectively. 
The  properties  of  GaN  and  AlGaN  layers  grown  on  SiC  substrates  have  been  described 
elsewhere  [1-4].  Mesa  structures  100  -  300  |am  diameter  were  fabricated  by  RIE  [5].  Pd 
and  A1  were  used  as  ohmic  contacts  for  p-GaN  and  n-GaN,  respectively.  A  planar 
device  geometry  was  employed  to  prevent  the  effect  of  SiC /GaN  heterojunctions  on  the 
experimental  results.  The  C-V  characteristics  of  the  diodes  were  measured  at  a 
frequency  of  1  MHz.  The  I-V  characteristics  were  measured  in  the  temperature  range 
from  200  to  600  K.  The  position  of  the  pn  junction  in  the  structure  was  determined  by 
electron  beam  induced  current  (EBIC). 

GaN  pn  junctions. 

N-type  and  p-type  GaN  layers  were  grown  subsequently  in  the  same  epitaxial  run. 
Typical  thicknesses  for  the  n-  and  p-layer  were  ~2  jxm  and  -0.5  [im,  respectively.  C-V 
characteristics  of  the  diodes  were  linear  when  plotted  in  V-C^/^  coordinates.  This 
indicates  that  the  pn  junctions  had  a  linear  impurity  distribution.  The  built-in  voltage, 
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Vbi,  determined  by  C-V  measurements  ranged  from  2.2  to  2.6  V.  The  impurity  gradient 
in  the  pn  jimction  was  calculated  to  be  from  2x10^  to  2x1023  cmr^  for  different  samples. 

The  diodes  had  good  rectifying  I-V  characteristics  (Fig.  1).  The  reverse  I-V 
characteristics  showed  an  abrupt  electric  breakdown  having  a  microplasmic  nature. 
The  breakdown  voltage,  Vb,  ranged  from  40  to  150  V.  At  reverse  voltages  less  than 
breakdown  voltage  (V  <  0.9xVb),  the  leakage  current  density  at  room  temperature  was 
less  than  10-2  A/cm2.  Taking  into  account  that  the  pn  junctions  were  linearly  graded, 
the  strength  of  electric  breakdown  field  was  estimated  using  the  well-known  equation 
16]: 


=  (1) 

3  3  q 

where  E  is  the  strength  of  the  electric  breakdown  field,  W  is  the  width  of  the  space 
charge  region  at  the  breakdown  voltage,  es  is  the  dielectric  constant  of  the 
semiconductor,  and  a  is  the  impurity  gradient.  The  values  for  W  and  a  were  extracted 
from  C-V  characteristics.  Using  equation  (1),  it  was  found  that  the  strength  of  the 
electric  breakdown  field  for  the  GaN  pn  junctions  ranged  from  1.5  to  3  MV/cm  (Fig.  2). 
This  value  is  approximately  4  times  higher  than  the  maximum  breakdown  field  for  a 
linearly  graded  GaAs  pn  junction  at  the  same  impurity  gradient  (see  ref.  [6]).  The 
maximum  breakdown  field  of  3  MV/cm  was  measured  for  an  impurity  gradient  of 
2xl023  cm-4.  It  was  found  that  Vb  increases  with  temperature.  The  temperature 
coefficient  of  Vb  ranged  from  lxlO‘2  to  2xl0‘2  V/K  (Fig.  3). 


Figure  1.  Current- voltage  characteristics  of  a  GaN  pn  diode  (300  K). 
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Breakdown  voltage  (V) 


Figure  2.  Breakdown  field  as  a  function  of  impurity  gradient  in  a  GaN  pn  junction. 
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Figure  3.  Temperature  dependence  of  the  breakdown  voltage  for  two  GaN  pn 

structures. 


AlGaN  pn  junctions. 


The  structures  investigated  were  as  follows:  n-GaN  /  n-AlGaN  /  p-AlGaN  /  p'*"- 
GaN.  The  structure  was  grown  in  a  single  epitaxial  run.  First,  the  n-GaN  layer  was 
grown  and  then  the  AlGaN  pn  junction  was  formed.  The  AIN  concentration  in  the  alloy 
was  from  2  to  8  mol.%.  Thickness  of  the  AlGaN  layers  ranged  from  0.1  to  0.5  |Lim.  A  p+- 
GaN  cap  layer  about  0.5  |im  thick  was  grown  on  the  top  of  the  AlGaN  pn  junction.  A 
detailed  description  of  the  structures  was  given  in  [2]. 

C-V  characteristics  indicated  that  these  junctions  were  also  linearly  graded.  Reverse 
I-V  characteristics  showed  an  abrupt  breakdown  at  40  -  100  V.  The  breakdown  field 
was  estimated  to  be  not  less  than  2  MV/ cm. 

CONCLUSIONS 

The  electrical  characteristics  of  GaN  and  AlGaN  pn  junctions  were  investigated.  The  C- 
V  characteristics  showed  that  the  junctions  were  linearly  graded  having  an  impurity 
gradient  ranging  from  2x10^2  to  2x10^^  cm"^.  For  GaN  pn  junctions,  the  built-in 
potential  was  from  2.2  to  2.6  V. 

Reverse  I-V  characteristics  showed  an  abrupt  breakdown  having  a  microplasmic 
nature.  The  breakdown  voltage  ranged  from  40  to  150  V  for  GaN  diodes  and  from  40  to 
100  V  for  AlGaN  diodes.  For  GaN  pn  junctions,  the  breakdown  electric  field  was 
measured  to  be  1-3  MV/cm  depending  on  the  impurity  gradient  in  the  junction.  The 
temperature  coefficient  of  the  breakdown  voltage  was  determined  to  be  ~10-2  V /K. 
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ABSTRACT 

We  review  our  recent  results  on  GaN  based  optoelectronic  devices,  which  include  InGaN- 
AlGaN  Light  Emitting  Diodes  (LEDs),  GaN  photoconductive,  Schottky  barrier,  and  p-n 
junction  ultraviolet  detectors,  and  optoelectronic  AlGaN-GaN  Heterostructure  Field  Effect 
Transistors.  GaN-based  optoelectronic  devices  cover  a  wide  spectral  range  and  demonstrate 
visible  blind  operation.  A  high  quality  of  the  epitaxial  layers,  the  recent  development  of  high 
performance  GaN-based  heterostructure  field  effect  transistors,  and  transparent  substrates 
make  this  material  system  uniquely  suited  for  optoelectronic  integrated  circuits  operating  in 
visible  and  ultraviolet  range. 


1.  INTRODUCTION 

Unique  optical  and  electronic  properties  of  the  GaN/AlGaN  material  system  open  up 
numerous  opportunities  for  visible-blind  optoelectronic  devices.  These  devices  have  a  high 
sensitivity  and  a  large  gain-bandwidth  product  and  can  be  integrated  with  GaN/AlGaN  field 
effect  transistors  which  have  already  demonstrated  an  operation  at  microwave  frequencies.  A 
transparent  sapphire  substrate  also  makes  AlGaN/GaN  based  devices  uniquely  suited  for 
optoelectronic  applications.  Figure  1  compares  the  energy  gaps  of  wide  band  gap 
semiconductor  materials  with  the  spectral  sensitivity  of  a  human  eye.  As  seen,  GaN  and 
related  materials  (which  include  AIN,  InN,  and  AlGaN  and  InGaN  solid  state  solutions)  span 
the  range  from  visible  to  UV.  Since  these  are  direct  gap  materials,  they  are  better  suited  for 
optoelectronic  applications  than  SiC  polytypes. 

Wavelength  (pm) 

2  1  0.8  0.5  0.4  0.3  0.2 

I  I  I  I  I  I  I 

AIN 

GaN 

SiC  (2H) 

SiC  (6H) 

SiC  (3c) 

InN 


I  ,  I  I  ....  I  ....  I  , 

0  1  2  3  4  5  6  7 

Energy  Gap  (eV) 

Figure  1:  Energy  gaps  of  wide  band  gap  semiconductor  materials  with  the  spectral  sensitivity  of  a  human  eye. 

In  this  paper,  we  review  our  recent  results  on  GaN  based  optoelectronic  devices,  which 
include,  InGaN-AlGaN  Light  Emitting  Diodes  (LEDs),  GaN  p-n  junction  ultraviolet  detectors, 
and  optoelectronic  AlGaN-GaN  Heterostmcture  Field  Effect  Transistors. 
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11.  EPITAXIAL  LAYERS 


All  these  devices  use  the  epitaxial  layers  deposited  using  low  pressure  MOCVD  over  basal 

plane  sapphire  substrates.  As  reported  elsewhere  ^  we  use  triethylgalium, 

triethylaluminum  and  ammonia  as  the  precursors  for  ‘Ga’,  ‘Al’  and  ‘N’.  Typical  growth 

pressure  and  temperature  are  76  torr  and  1000  ^C.  As  deposited  the  GaN  layers  are  highly 

resistive  with  a  carrier  density  well  below  lO^^  cm'3.  The  insulating  GaN  layers  can  be  doped 
either  n-  or  p-type  using  disilane  (Si)  or  bis-Mg  (Mg)  as  the  dopants. 

The  single  epilayers  and  the  heterojunctions  were  characterized  for  their  electrical  and 
optical  properties.  The  two  dimensional  electron  gas  at  the  AlGaN/GaN  heterointerface 
exhibits  room  temperature  mobilities  in  excess  of  1200  cmW-sec  and  over  5000  cmW-sec  at 
80  K.  3,  4 

III.  PHOTOCONDUCTIVE,  SCHOTTKY  DIODE  AND  P-N  JUNCTION 
DETECTORS 


We  fabricated  GaN  based  photoconductive  and  photovoltaic  ultraviolet  (UV)  detectors.  ^  ’ 

As  an  example,  we  show  in  Figure  2  the  current-voltage  curves  for  a  p-n  junction  GaN  UV 
detector.  The  doping  level  of  the  p-  and  the  n-type  layers  in  the  junction  region  was  around 
5x10'®  cm’^.  A  1.5  V  tum-on  and  a  reverse  breakdown  in  excess  of  10  V  is  observed.  Figure 
3  shows  the  responsivity  of  this  detector  as  a  function  of  wavelength.  As  seen  no 
photoresponse  is  observed  for  wavelengths  larger  than  the  band  gap  (365  nm).  Below  365 
nm.  the  responsivity  is  nearly  independent  of  the  wavelength  indicating  a  very  low  surface 
recombination.  This  visible-blind  detection  feature  was  also  observed  for  our  GaN 
photoconductive  and  Schottky  barrier  detectors.  ^ 


Voltage  (V) 


Figure  2:  I-V  curve  of  p-n  junction  GaN  UV 
detector.  ^ 


Figure  3;  The  photoresponsivity  of  GaN  p-n 
junction  versus  wavelength.  ^ 


IV.  LIGHT  EMITTING  DIODES 

Figure  4  we  present  the  light  emission  from  a  GaN  homojunction  for  a  forward  current  of  20 
mA  across  a  200x200  micron  LED.  ^  We  have  also  demonstrated  optically  pumped  stimulated 
emission  from  GaN  ’  and  InGaN  '®.  These  layers  were  deposited  over  basal  plane  sapphire 
substrates.  A  threshold  power  of  around  1  MW/cm^  was  measured  in  each  case.  Figure  5 
shows  the  vertical  cavity  photoluminescence  signal  from  a  GaN-InGaN  heterojunction  as  a 
function  of  wavelength  using  a  pulsed  nitrogen  laser  (337  nm)  for  pumping.  As  seen  from  the 


914 


figure,  Fabry-Perot  fringes  are  clearly  visible  on  the  spontaneous  emission  envelope.  These 
indicate  a  high  Q-value  for  the  vertical  cavity.  The  intensity  of  one  of  the  modes  increases 
superlinearly  with  an  increase  in  the  pump  powers.  From  the  dependence  of  the  output  power 
on  the  input  power,  we  estimated  a  threshold  for  stimulated  emission  to  be  around  200-400 
kW/cm^  (a  clear  improvement  compared  to  our  previous  results). 


Figure  4:  Emission  spectrum  of  GaN 
homojunction  LED  at  current  of  20  mA.  ^ 


Wavelength  (nm) 

Figure  5:  PL  spectrum  of  InGaN/GaN/Al203  using 
pulsed  N2  laser  as  excitation  source.'® 


The  sapphire  substrates  do  not  allow  cleaving  of  parallel  bars.  The  cubic  spinel  substrates 
allow  for  such  cleaving.  Therefore  we  have  recently  deposited  high  quality  wurtzite  GaN 
layers  over  cubic  (111)  spinel  substrates.  These  were  measured  to  have  a  stimulated  emission 
threshold  around  500  kW/cm^  which  is  superior  to  the  threshold  value  for  similar  films  grown 
on  sapphire  substrates.  These  lateral  cavities  are  well  suited  for  studying  optically  and 
electrically  pumped  lasing. 


V.  OPTOELECTRONIC  HETEROSTRUCTURE  FIELD  EFFECT  TRANSIS¬ 
TORS  (HFETs) 

The  HFET  photodetector  * '  is  based  on  a  0.2  micron  gate  AlGaN/GaN  HFET  and  utilizes 
a  shift  in  the  threshold  voltage  caused  by  the  light  generated  carriers  (see  Figures  6  and  7). 


Source  Gate  Drain 


♦ 

Illumination 

Figure  6:  Schematic  diagram  of  optoelectronic  of 
AlGaN/GaN  HFETs.  " 


< 


Gate  voltage  (V) 

Figure  7:  I-V  characteristics  of  AlGaN/GaN  HFETs 
in  the  dark  and  under  light,  ' ' 


This  shift  is  caused  by  trapped  holes.  Figure  8  compares  the  calculated  values  of  the 
responsivity  based  on  this  model  with  the  measured  data. 
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Measured  Calculated 
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Figure  8:  Measured  and  calculated  dependencies  of  the  AlGaN/GaN  responsivities  on  gate  bias.  *  *  Dashed 
and  solid  curves  refer  to  top  and  bottom  illumination,  respectively. 

The  response  of  AlGaN/GaN  Heterostructure  Insulated  Gate  Field  Effect  Transistors 
(HIGFETs),  see  Figure  9,  to  light  is  different  from  that  of  AlGaN/GaN  HFETs,  The  HIGFET 
exhibits  a  low  resistance  state  and  a  persisting  high  resistance  state,  before  and  after  the 
application  of  a  high  drain  voltage,  respectively  (see  Figure  10).  The  device  can  be  returned 
into  the  low  resistance  state  by  exposing  it  to  optical  radiation  with  sensitivity  peaks  at  certain 
wavelengths  (see  Figures  11  and  12).  Electron  trapping  in  the  gate  insulator  near  the  drain 
edge  of  the  gate  is  a  possible  mechanism  for  this  effect  (see  the  insert  in  Figure  10). 


Source  Gate  Drain 


Figure  9:  Schematic  diagram  of  AIGaN/GaN 
HIGFET. 


Figure  10:  Current- voltage  characteristic  collapse. 
Curve  1  shows  the  on-state  (before  the  application  of  a 
high  drain  bias).  Curve  2  line  shows  the  off-state 
(after  the  application  of  a  high  drain  bias).  The  insert 
illustrates  the  suggested  collapse  mechanism  which  is 
the  electron  trapping  in  the  barrier  layer  at  the  drain 
side  of  the  gate. 
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Drain-Source  Voltage  (V)  Drain-Source  Voltage  (V) 
Figure  11:  Current- voltage  characteristics  in  the  dark  and  under  illumination. 


Figure  12;  Dependence  of  the  drain  current  on  the  wavelength  of  the  optical  radiation. 


VI.  CONCLUSIONS 

GaN  based  optoelectronic  devices  include  InGaN-AlGaN  Light  Emitting  Diodes  (LEDs), 
GaN  photoconductive,  Schottky  barrier,  and  p-n  junction  ultraviolet  detectors,  and 
optoelectronic  AlGaN-GaN  Heterostmcture  Field  Effect  Transistors.  These  optoelectronic 
devices  cover  a  wide  spectral  range.  The  GaN-based  detectors  demonstrate  visible  blind 
operation.  A  high  quality  of  the  epitaxial  layers,  the  recent  development  of  high  performance 
GaN-based  heterostmcture  field  effect  transistors,  and  transparent  substrates  makes  this 
material  system  uniquely  suited  for  optoelectronic  integrated  circuits  operating  in  visible  and 
ultraviolet  range. 
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ABSTRACT 

We  have  obseiTed  laser  emission  with  well-defined  cavity  modes  in  optically  pumped 
GaN-Alo.1Gao.9N  double-heterostructure  (DH)  lasers.  The  laser  structures  were  grown  using  an 
elecU'on-cyclotron-resonance  nitrogen-discharge  source  and  gas-source  molecular  beam  epitaxy 
(ECR-GSMBE)  on  thick  (>10  pm)  GaN  buffers  grown  by  hydride  vapor-phase  epitaxy  (HVPE)  on 
c-plane  sapphire.  Transversely  pumped  cavities  using  a  337.1  nm  nitrogen  laser  pump  source  exhibit 
a  threshold  pump  fluence  ranging  from  0.15  to  0.3  mJ/cm2  at  77  K,  a  linear  light  output  above 
threshold,  a  lasing  wavelength  of  358  nm,  and  an  estimated  differential  quantum  efficiency  of  1%. 
The  room-temperature  threshold  is  about  1 .7  times  higher.  Longitudinal  mode  structure  has  been 
resolved  in  a  shorter-cavity  (23  pm)  device  at  77  K.  The  measured  mode  spacing  of  0.56  nm 
comesponds  to  a  group  index  of  5.0.  Fai-field  measurements  in  a  plane  perpendicular  to  the  plane  of 
the  heterostructure  indicate  a  double-lobed  pattern  for  a  1000  A  thick  GaN  active  region,  and  a  single 
lobe  with  a  FWHM  of  60°  for  a  4000  A  active  region.  The  thick  HVPE  GaN  buffer  layer  provides 
for  a  lattice-matched  growth  and  results  in  improved  nucleation  in  MBE,  as  indicated  by  a  high- 
quality  reflection-electi'on-diffraction  pattern  of  the  as-loaded  wafers.  The  surface  moiphology  of  the 
MBE  layers  on  the  HVPE  buffer  shows  improved  optical  smoothness  as  compared  to  layers  grown 
directly  on  sapphire  using  a  low-temperature,  MBE-grown  GaN  buffer.  Laser  facets  were  formed 
either  by  saw  cutting  or  cleaving  of  the  GaN  buffer  and  epilayer  along  a7stal  planes.  Details  of  the 
material  development  and  laser  performance  ai*e  described. 

INTRODUCTION 

The  demonstration  of  efficient  light  emitting  diodes  in  the  group  Ill-nitride  material  system 
[1]  indicates  that  there  is  an  excellent  prospect  for  realizing  diode  lasers  which  span  the  visible  to  the 
ultraviolet.  This  would  enable  many  low-cost  applications  based  on  diode  lasers,  such  as  optical  data 
recording/reading,  chemical  sensing,  and  displays.  While  the  development  of  efficient,  long-lived 
diode  lasers  in  5iis  wavelength  range  is  the  eventual  objective,  optical  pumping  is  a  convenient 
technique  for  evaluating  the  optical  propeities  of  GaN  laser  structures  without  the  added 
complications  posed  by  electrical  injection.  Optically  pumped  lasing  has  been  demonstrated  [2-3], 
and  there  have  been  a  number  of  reports  of  stimulated  emission  [4-8];  however,  high  thi'eshold  power 
densities  observed  in  the  optical  pumping  experiments  indicate  Aat  the  realization  of  a  low  threshold 
cun-ent  density  diode  laser  will  require  improvements  in  the  material  and  laser  structures. 

We  have  found  that  a  limiting  factor  in  the  gain  chaiacteristics  of  GaN  is  the  surface 
moiphology  of  the  epitaxial  film,  which  is  intimately  dependent  on  the  substrate  used  for  epitaxial 
growth.  Moiphology  affects  the  gain  by  conuibuting  a  scattering  factor  as  the  optical  mode  is  guided 
thi'ough  the  lasing  medium.  The  suength  of  this  scattering  depends  on  the  characteristic  length  scale 
of  the  surface  ripple.  Unfortunately,  the  length  scale  of  surface  ripple  of  GaN  heteroepitaxially  grown 
on  (0001)  sapphire,  at  least  by  ECR-MBE,  contributes  to  high  scattering  losses  in  the  guid^  mode 
for  GaN/AlG^  DHs  in  the  UV  wavelength  range.  This  is  true,  at  least  in  our  experiments,  despite 
the  fact  that  the  surfaces  appear  to  be  "min'or  smooth"  at  visible  wavelengths.  These  scattering  losses 
should  impact  visible-wavelength  lasers  as  well  because  of  the  wavelength  reduction  in  the  material 
due  to  the  GaN  refractive  index. 

Here,  we  demonstrate  that  the  morphology  of  the  epitaxial  GaN  film  can  be  improved  by 
using  a  GaN  buffer  grown  by  HVPE  on  (0001)  sapphire  as  the  starting  substrate.  The  advantage 
of  the  HVPE  buffer  is  that  the  moiphology  is  optically  smoother  in  the  UV  than  for  GaN  material 
grown  by  ECR-MBE  on  sapphire  using  a  low-temperature  buffer  (two-step  process).  The  HVPE 
buffer  enables  homoepitaxiaJ  growth  which  replicates  the  starting  surface  morphology.  The 
moiphology  of  the  HVPE  buffer  at  present  exhibits  a  variety  of  growth  features  cha'acteristic  of 


919 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  395  ®  1996  Materials  Research  Society 


the  HVPE  process,  but  by  mechanically  polishing  these  buffers,  high-quality,  planar  surfaces  can 
be  obtained.  It  should  be  noted,  however,  that  stimulated  emission  is  observed  from  layers  grown 
on  both  as-grown  and  polished  surfaces.  Using  these  buffers,  we  have  observed,  for  the  first 
time,  optically  pumped  laser  emission  exhibiting  cavity  modes  in  GaN/AlGaN  DHs  grown  by 
ECR-MBE. 

EXPERIMENTAL 

The  details  of  the  HVPE  process  have  been  published  elsewhere  [9].  The  HVPE  buffers, 
initially  ~15  pm  in  thickness,  grown  on  (0001)  sapphire,  are  mechanically  polished  to  remove 
growth  hillocks  with  a  resulting  thickness  of  ~8  pm.  The  substrates  are  chemically  cleaned  using 
solvents  and  1:1  H2SO4  :  H2O2  to  remove  contaminants,  and  chemically  etched  with  1:1 
H2SO4  :  H3PO4  prior  to  loading  into  the  MBE  system. 

The  MBE  system  is  a  Varian  gas-source  modular  GEN  II,  pumped  by  a  2200  1/s  turbo- 
molecular  pump,  backed  by  a  dry-pumping  system.  The  nitrogen  source  is  an  ASTeX  model 
AX4300  compact  ECR  source.  Effusion  sources  are  used  for  elemental  gallium  and  aluminum. 
The  substrates,  typically  1  inch  in  diameter  or  a  quadrant  of  a  2  inch  wafer,  are  mounted  in  a 
nonbonded  holder.  These  substrates,  after  loading  in  the  MBE  system,  are  heat  cleaned  in  a 
nitrogen  plasma. 

Growth  of  the  GaN/AlGaN  DH  structure  is  initiated  at  the  preferred  GaN  growth 
temperature,  estimated  to  be  700  to  750  °C,  without  the  need  for  a  low-temperature  GaN  buffer. 
Figures  la  and  lb  show  the  reflection  electron  diffraction  (RED)  patterns  after  100  A  of  GaN 
growth.  The  growth  conditions,  arrived  at  by  a  study  of  the  GaN  material  quality  and  growth  rates 
as  a  function  of  the  ECR  source  parameters,  substrate  temperature,  and  N2  mass  flow,  are  as 
follows:  ECR  forward  power  of  40  to  60  W,  N2  mass  flow  of  3.3  seem,  and  substrate 
thermocouple  temperature  of  950  °C.  These  conditions  result  in  300  K  Hall  electron  mobilities  of 
200  to  270  cm^/V-s  for  GaN  with  2  x  lO^^  cm-3  electron  concentrations,  grown  on  (0001) 
sapphire.  These  mobility  values  are  typical  for  this  growth  method  [10,11],  and  the  growth 
conditions  are  assumed  to  be  optimal  for  the  laser  structures.  GaN  growth  rates  are  as  high  as 
0.18  pm/h.  The  first  DH  grown  consisted  of  a  top  cladding  layer  of  Alo.1Gao.9N,  1000  A  thick, 
followed  by  the  GaN  active  layer,  1000  A  thick,  and  a  bottom  cladding  layer  of  Alo.1Gao.9N,  5000 
A  thick.  In  a  second  heterostructure,  the  active  layer  thickness  was  increased  to  4(K)0  A. 


(a)  <  1 120>  orientation  (b)<  1T00>  orientation 

Figure  1.  RED  patterns  after  100  A  of  GaN  growth. 


RESULTS 

Figure  2  shows  a  scanning  electron  micrograph  (SEM)  of  the  surface  morphology  of  the 
DH  laser  grown  on  the  polished  HVPE  substrate.  For  comparison.  Figure  3  shows  the  surface 


1  nm 

Figure  2.  SEM  of  DH  surface  morphology  grown 
on  polished  HVPE  GaN  buffer. 


Figure  4.  SEM  of  DH  surface  morphology  grown 
on  unpolished  (as-grown)  HVPE  GaN  buffer. 


1  pm 

Figure  3.  SEM  of  DH  surface  morphology  grown 
directly  on  (0001)  sapphire. 


Figure  5.  PL  of  DH  grown  on  polished  HVPE 
GaN  buffer.  Backscattering  geometry  from 
surface. 


Figure  6  (right).  Transversely  optically  pumped 
edge  emission  output  energy  as  a  function  of 
normalized  pump  pulse  energy  at  77  and  295  K 
for  DH  grown  on  polished  HVPE  GaN  buffer 
(65  |jm  long  cavity,  saw-cut  facets). 
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morphology  of  the  DH  waveguide  grown  on  (0001)  sapphire  using  the  two-step  process  with  a 
100  A  thick  low-temperature  GaN  buffer.  While  both  surfaces  are  textured,  the  fine-grain 
morphology  observed  in  layers  grown  directly  on  sapphire  by  ECR-MBE  is  absent  in  layers  grown 
on  the  HVPE  buffer.  The  remaining  features  of  the  material  grown  on  the  HVPE  buffer  may  result 
from  the  polishing  and  cleaning  processes  prior  to  growth,  and  are  not  necessarily  due  to  growth- 
induced  defects.  This  is  supported  by  the  morphology  obtained  by  growth  on  unpolished  HVPE 
buffers,  as  shown  in  Figure  4,  where  the  scalloped  pattern  of  the  polished  GaN  buffers  is  absent. 

Figure  5  shows  the  77  K  photoluminescence  (PL)  spectrum  of  the  DH  on  the  polished 
HVPE  GaN  buffer  obtained  in  a  backscattering  geometry  using  a  266  nm  radiation  from  a 
frequency-quadrupled  Q-switched  Nd:YAG  laser.  The  PL  intensity  and  linewidths  are  greatly 
improved  over  those  of  the  DH  grown  directly  on  sapphire. 

Figure  6  shows  the  output  energy  as  a  function  of  pump  fluence  of  a  65  |im  long  cavity,  at 
77  and  300  K.  Both  curves  show  a  threshold  and  a  linear  dependence  above  threshold, 
characteristic  of  stimulated  emission.  Based  on  the  focused  pump  beam  spot  size  of  2  x  0.2  mm, 
the  calculated  pump  fluence  is  0.3  mJ/cm^  at  77  K,  and  0.5  mJ/cm^  at  300  K.  The  optical 
modes  for  this  cavity  length,  however,  could  not  be  resolved.  The  77  K  emission  spectrum  from  a 
shorter,  saw-cut,  23  pm  cavity  is  shown  in  Figure  7,  where  the  cavity  modes  are  clearly  visible. 
The  measured  mode  spacing  of  0.56  nm  corresponds  to  a  group  refractive  index  of  5.0,  which  is 
in  agreement  with  the  refractive  index  data  of  GaN  [12]. 

Measurements  of  the  far-field  radiation  pattern  of  the  laser  indicated  a  double-lobed 
intensity  pattern  in  the  plane  perpendicular  to  the  plane  of  the  heterostructure,  indicative  of  poor 
confinement  of  the  optical  field  to  the  1000  A  thick  GaN  active  layer.  In  order  to  improve  the 
mode  confinement,  a  second  structure  was  grown  with  a  4000  A  thick  GaN  active  layer,  this  time 
on  an  unpolished  HVPE  buffer.  The  laser  cavity  was  formed  by  breaking  along  the  GaN  cleavage 
planes  of  the  thick  buffer.  The  resulting  intensity  vs  pump  characteristic  and  the  layer  structure  are 
shown  in  Figure  8  for  a  1  mm  long  cavity  at  77  K.  The  emission  spectrum  near  threshold  and 
above  threshold  is  shown  in  Figure  9.  No  attempt  has  yet  been  made  to  resolve  mode  structure 
with  a  short  cavity  for  this  heterostructure.  The  calculated  threshold  fluence  is  0.15  mJ/cm2 
(threshold  pump  power  of  0.25  MW/cm2).  The  far-field  pattern  shown  in  Figure  10  exhibits  an 
angular  width  (FWHM)  of  60°,  which  is  consistent  with  the  4000  A  thick  active  layer.  Based  on 
the  far-field  pattern,  and  measurements  of  the  output  energy  of  the  laser,  the  estimated  external 
quantum  efficiency  is  1%. 

DISCUSSION 

Thick  GaN  buffers,  grown  by  HVPE,  have  proven  to  be  effective  as  substrates  for  the 
overgrowth  of  GaN  and  AlGaN  by  ECR-GSMBE.  The  RED  patterns  of  the  GaN  films 
demonstrate  high-quality  crystalline  structure  and  growth  initiation  behavior.  Compared  to  the 
MBE  growth  of  GaN  directly  on  sapphire,  the  use  of  these  buffers  has  resulted  in  improvements  in 
both  the  morphology  and  the  optical  properties  of  the  material,  as  illustrated  by  the  results  in 
Figures  2  and  5.  At  present,  the  main  limitation  of  the  method  for  device  applications  is  the  surface 
morphology  of  the  as-grown  HVPE  GaN,  which  exhibits  significant  nonplanarity,  due  to  the 
presence  of  growth  hillocks.  Mechanical  polishing  is  an  effective  way  to  planarize  the  surface,  and 
the  resulting  surface  quality  after  chemical  preparation  is  sufficient  for  growth.  Further 
development  work  on  this  process  is  required  to  obtain  a  smoother  morphology  which  will  reduce 
scattering  effects  and  result  in  lower  laser  thresholds.  The  surface  quality  of  structures  grown  on 
as-grown  HVPE  buffers  is  also  sufficient  to  obtain  laser  quality  material,  but  the  large-scale  HVPE 
growth  hillocks  interfere  with  subsequent  lithography  steps. 

A  second  advantage  of  the  thick  GaN  buffer  grown  by  HVPE  is  that  the  cleavage  of  the 
epilayer  along  the  GaN  cleavage  planes  is  enhanced  due  to  the  greater  thickness  of  material.  This 
can  overcome  the  fact  that  the  GaN  cleavage  planes  for  (0001)  growth  are  rotated  by  30°  from  the 
sapphire  cleavage  planes.  An  SEM  of  this  type  of  cleaving  is  shown  in  Figure  4.  As  indicated  by 
the  results  of  Figures  8  and  9,  an  effective  optical  cavity  can  be  formed  by  cleaving  the  thick  GaN 
buffer.  Compared  to  thin  GaN  films  on  sapphire,  the  thick  GaN  buffer  can  also  provide  a  lower 
series  resistance  contact  for  a  laser.  In  addition,  if  the  GaN  buffer  could  be  separated  from  the 
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Figure  7.  Emission  spectrum  of  23  |Jm  long  cav¬ 
ity  at  77  K  (saw-cut  facets).  Vertical  dashed  lines 
indicate  mode  positions  (mode  spacing  0.56  nm). 


WAVELENGTH  (nm) 


Figure  9.  Emission  spectrum  at  threshold 
(Ep  =  0.14  mJ/cm^)  and  above  threshold 
(Ep  =  0.38  mJ/cm^)  for  DH  (Figure  8)  grown 
on  unpolished  HVPE  GaN  buffer  (cleaved  facets). 


PUMP  PULSE  ENERGYrrHRESHOLD  ENERGY 


Figure  8.  Transversely  pumped  edge  emission 
output  energy  as  a  function  of  normalized  pump 
pulse  energy  at  77  K  for  DH  grown  on 
unpolished  HVPE  GaN  buffer  (1  mm  long 
cavity,  cleaved  facets).  Inset  indicates 
structure. 


ANGLE  (deg) 


Figure  10.  Emission  far-field  output  beam 
profile  of  DH  (Figure  8)  grown  on  unpolished 
HVPE  GaN  buffer  (cleaved  facets). 
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sapphire  to  yield  a  free-standing  device  film,  this  would  be  an  added  advantage  in  diode  laser 
fabrication. 

The  threshold  pump  power  observed  for  the  GaN/AlGaN  DHs  is  higher  than,  but 
comparable  to,  the  value  reported  by  Akasaki  et  al.  [5]  for  optically  pumped  GaN  films  grown  by 
OMVPE.  These  results  suggest  that  the  optical  quality  of  the  ECR-MBE  material  may  be 
comparable  to  OMVPE  materid  for  laser  applications. 

As  indicated  by  the  far-field  patterns,  the  optical  field  is  poorly  confined  in  the  thinner  GaN 
active  layer,  suggesting  that  the  thicker  active  layers  are  required  for  effective  confinement,  due  to 
the  small  index  difference  between  GaN  and  Alo.1Gao.9N.  For  the  4000  A  thick  active  layer,  the 
spontaneous  emission  intensity  is  significantly  reduced  above  threshold,  suggesting  that  the  tail  of 
the  optical  field  into  the  GaN  buffer  has  been  reduced.  To  our  knowledge,  this  is  the  first  report  of 
far-field  patterns  from  GaN  DH  laser  structures  and  illustrates  some  of  the  problems  that  will  arise 
with  the  design  of  a  diode  laser. 

The  observation  of  the  mode  structure  for  the  23  |xm  cavity  laser  is  of  interest  because  we 
believe  it  to  be  the  first  report  of  optical  mode  spacing  that  is  consistent  both  with  the  physical 
cavity  length  and  with  independent  data  on  the  refractive  index  of  GaN. 

CONCLUSION 

The  use  of  HVPE  buffers  as  substrates  has  enabled  the  convincing  demonstration  of  laser 
action  with  mode  structure  for  GaN/AlGaN  DHs  grown  by  ECR-GSMBE.  This  establishes  the 
feasibility  of  using  HVPE  GaN  buffers,  grown  on  sapphire,  as  substitutes  for  bulk  GaN 
substrates.  The  results  also  indicate  that  ECR-MBE  has  potential  as  a  technique  for  the 
development  of  GaN/AlGaN  diode  lasers. 
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ABSTRACT 

Optical  gain  of  wurtzite  GaN/AlGaN  quantum  wells  has  been  studied  from  a  first- 
principles  calculation  using  the  k  •  p  method.  Most  of  the  parameters  in  the  k  •  p  method 
were  determined  by  fitting  the  band  structures  by  the  first-principles  calculation.  Owing 
to  the  small  spin-orbit  splitting  energies  of  the  wurtzite  GaN  and  AIN,  the  optical  gain  has 
been  calculated  using  the  6x6  Hamiltonian  for  the  valence  band.  It  is  found  that  the  large 
hole  effective  masses  and  the  small  spin-orbit  splitting  cause  the  higher  threshold  current 
density  of  wurtzite  GaN/AlGaN  quantum  well  lasers. 

INTRODUCTION 

Since  high  efficient  short  wavelength  light  emitting  diodes  (LEDs)^  were  successfully 
fabricated  recently  using  wurtzite  GaN  and  related  nitrides,  the  study  of  their  laser  diodes 
has  been  performed  vigorously.  Generally,  most  optical  and  transport  phenomena  in  semi¬ 
conductor  devices  involve  only  a  small  region  of  k-space  centered  around  a  particular  wave 
number  ko  which  is  an  extremum.  As  a  result,  the  physics  of  these  systems  is  governed 
by  the  band  structure  in  the  immediate  vicinity  of  ko.  The  k  ■  p  method  is  an  appropriate 
approach  not  only  to  determine  the  electronic  states  but  also  to  design  quantum  devices. 
The  parameters  in  the  k  ■  p  method  are  usually  determined  from  measurements  but  the 
most  of  them  for  the  Group-III  nitrides  have  not  been  measured  yet.  Recently,  we  have 
derived  the  unknown  parameters  of  the  k  •  p  method  of  of  GaN  and  AIN  by  fitting  the 
energy  dispersions  in  terms  of  the  first-principles  calculations^.  In  this  paper,  we  have  in¬ 
vestigated  the  optical  gain  of  wurtzite  GaN/AlGaN  quantum  well  structure  using  the  k  •  p 
method  with  the  parameters  based  on  first-principles  calculation.  The  detailed  derivation 
of  the  parameters  has  been  discussed  in  ref.  2.  Since  the  spin-orbit  splitting  energies  are 
less  than  20  meV  for  AIN  and  GaN,  we  should  construct  the  6x6  effective  Hamiltonian  and 
have  studied  the  valence  subband  structures,  to  analyze  the  optical  gain.  It  is  found  that 
the  large  hole  effective  masses  and  the  small  spin-orbit  splitting  cause  the  higher  threshold 
current  density  of  wurtzite  GaN /  AlGaN  quantum  well  laser  diodes. 

OPTICAL  GAIN  FROM  FIRST-PRINCIPLES  CALCULATIONS 

The  N  atom  has  such  a  strong  electron  affinity  that  the  valence  charges  of  GaN  and 
AIN  tend  to  be  localized.  Therefore,  a  conventional  pseudo-potential  method  based  on 
the  plane  wave  is  not  adequate.  We  have  used  the  full-potential  linearized  augmented 
plane  wave  (FLAPW)  method^,  within  the  local  density  functional  approximation  (LDA)'*. 
Generally,  the  LDA  gives  a  reduced  energy-gap,  but  the  LDA  wavefunctions  are  not  so 
different  from  the  corrected  ones.  Therefore,  the  mixing  among  the  bands  would  be  given 
correctly  as  long  as  the  energy-gap  was  large.  The  k  ■  p  Hamiltonian  for  the  band  edge 
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near  the  F  point  of  wurtzite  structure  is  given  by, 


H(k)  = 


(1) 


Hc„  indicates  the  direct  interaction  between  the  conduction  band  minimum  (CBM)  and  the 
valence  band  maximum  (VBM).  H^c  and  indicate  the  conduction  band  and  the  valence 
band  without  the  interaction  between  CBM  and  VBM,  respectively.  The  interactions  with 
the  other  bands  were  treated  as  the  second  order  perturbation.  is  given  by, 


where 


H 


CV 


Q  Q  R  ^  Q*  0 
0  g  0  0  g* 


R  =  —{S\p^\z)K  =  P\\K. 


(2) 


Note  that  Hct,  includes  (5|pi|z)(z  =  x^y^z),  which  is  related  to  the  dipole  matrix  element. 
Owing  to  the  large  energy-gaps  of  GaN  and  AIN,  the  8x8  Hamiltonian  can  be  splitted  into 
the  2x2  Hamiltonian  for  the  conduction  bands  and  the  6x6  Hamiltonian  for  the 
valence  bands.  Hct,  was  renormalized  into  the  matrix  elements  of  and  They  are 

given  by. 


where 
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H..,  = 


Er 


=Z  E'^  4- 
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F  —  Ai  +  A2  -f  A  +  G  =  Ai  —  A2  +  A  -f 


(3) 


(4) 
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Fig.  1.  Valence  band  structures  of  GaN  by  k  •  p  method  and  FLAPW. 


H  =  iAekzk^  —  I  =  iAek^k^ A^k^, 

K  ~  Ask^^  A  =  \/2A3,  a  =  Ep  +  Aik^  4- 

0  =  Askl  -1-  A4k\,  k±  =  k^±  iky,  k\  =  kl-\-  k^. 

Ai  and  A2,3  represent  the  crystal-field  and  spin-orbit  splitting  energies,  respectively.  A, 
correspond  to  the  Luttinger  parameters  in  the  zincblende  crystals.  Then,  the  parameters 
in  and  were  determined  independently,  by  reproducing  the  band  structures  near 
the  band  edge.  The  valence  band  structure,  fitted  by  the  k  •  p  method  (dashed  lines)  is 
shown  in  Fig.  1.  The  open  circles  are  result  from  the  FLAPW  method.  The  parameters 
in  the  k  •  p  calculation  are  indicated  in  Table  1 .  1 1  and  ±  mean  the  directions  parallel  and 
perpendicular  to  the  c-axis,  respectively.  The  effective  hole  masses  of  GaN  from  the  A,-  are 
mpg  =  1.1,  mpg  =  1.65  and  very  heavy.  There  are  three  bands,  labeled  Fg,  F^,  and  F^  at 
the  F  point.  These  eigenstates  can  be  approximately  expressed  by, 

|r,±2>  =  \x±iY,±\) 

|r?±i>  ~  |Z,±i), 

due  to  Aao  ~  0.  Therefore,  in  the  k^  direction,  the  conduction  band  is  strongly  coupled 
with  the  only  Fy  state  through  k^pg  perturbation  and  it  causes  the  only  F^  hole  mass  to 
be  light.  On  the  other  hand,  in  the  kg;  direction,  the  conduction  band  is  strongly  coupled 
with  the  mixed  state  (jFg  ±  f )  +  IF^  T  ~  1^))-  Then,  only  one  mixed  band  at  the  finite 
wavenumber  has  small  effective  hole  mass. 
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Fig.  2.  Subband  structures  in  kj;-ky  plane. 


When  the  heterojunction  is  perpendicular  to  the  c—axis,  k^  becomes  an  operator  in 
and  The  subband  structures  are  evaluated  by  solving  the  matrix  differential 

eigenvalue  problems.  We  have  explained  the  method  to  solve  it  in  detail  in  ref.  5.  Figure 
2(a), (b)  show  the  valence  subband  structures  of  GaN/Alo.2Gao.8N  quantum  well  with  the 
well  length  T  =  30  A  and  T  =  70  A,  respectively.  The  parameters  in  the  calculation  are 
shown  in  the  Table  1.  The  band  off-sets  and  the  other  parameters  in  ternary  layer  are 

Table  I.  Electron  effective  masses,  the  square  of  the  momentum  matrix  elements,  Luttinger- 
like  valence  band  parameters  and  splitting  energies,  m^,  A,-  and  Aj  are  in  units  of  mo, 
Ryd?i^/2mo,  ^^/2mo  and  meV,  respectively. 


mj 

mi 

^if 

PI 

AIN 

0.33 

0.25 

GaN 

0.20 

0.18 

0.96 

1.13 

A2 

A3 

A4 

■^5 

Ae 

Aj 

Ai 

A2 

A3 

AIN 

-3.95 

-0.27 

3.68 

-1.84 

-1.95 

-2.91 

0 

-58.5 

6.8 

6.8 

GaN 

-6.56 

-0.91 

5.65 

-2.83 

-3.13 

-4.86 

0 

72.9 

5.2 

5.2 

determined  by  the  virtual  crystal  approximation.  The  band  off-set  AEy  between  GaN  and 
AIN  was  0.82  eV  by  the  first-principles  calculation.  This  value  is  merely  derived  from  the 
difference  in  energy  of  the  Fgs  between  GaN  and  AIN  .  Here  we  labeled  the  subbands  as 
HH,  (Fgiheavy  hole),  LH,-  (Fjdight  hole)  and  CH,-  (F^xrystal  field  splitting),  whose  naming 
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Carrier  Density  (x  lO^cm'^) 


Fig.  3.  Maximum  gain  as  a  function  of  carrier  density. 


corresponds  to  the  case  in  K-ky  plane.  Note  here  that  the  subband  energy  dispersions 
have  a  clear  trace  of  the  bulk  ones  due  to  the  fact  that  the  point  group  of  the  quantum 
well  structure  is  still  the  same  C^v  as  the  bulk.  Since  the  hole  masses  of  Fg  and  Fy  are 
almost  same  along  the  direction,  the  subband  wavefunctions  of  HHi  and  LHi  become 
almost  same  as  well.  Therefore,  the  mixing  through  between  HHj  and  LH,-  with  the 
same  indices  of  the  subbands  is  strong  but  the  other  mixings  are  very  weak.  As  a  result, 
there  are  strong  mixings  but  the  nonparabolicities  of  the  dispersion  are  weak.  The  hole 
masses  of  HH,-  and  LH^  in  the  k^  —  ky  plane  cannot  be  less  than  those  of  bulk.  As  for  the 
CH  subbands,  the  only  CHi  is  a  bound  state  in  Fig.2(a)  and  is  mixed  with  LH2  through 
Aq.  Thus,  the  density  of  states  (DOS)  of  the  only  LH2  is  enhanced.  When  the  well  length 
is  increased,  the  CH2  subband  also  becomes  a  bound  state  in  the  well.  The  mixing  between 
CH2  and  LHi  makes  the  DOS  of  the  LHi  enhanced,  as  shown  in  Fig.  2(b).  Generally,  these 
properties  would  be  observed  for  the  other  Group-III  nitrides  materials  since  the  spin-orbit 
coupling  is  negligible  in  a  N  atom^. 

Since  we  have  derived  the  values  of  the  dipole  matrix  elements  and  subband  energies 
with  the  eigenfunctions,  the  optical  gain  can  be  calculated  by, 

g{u))  = 

n,m  itj. 

X  +  (5) 

n  is  index  number  of  the  active  layer.  n,m  are  the  subband  indices  of  the  conduction  and 
valence  bands,  respectively,  f^fv  are  electron  and  hole  distribution  functions.  Figure  3 
shows  the  maximum  gain  of  TE  mode  as  a  function  of  the  carrier  density  in  the  wells, 
varying  the  well  length  from  30  to  70  A.  The  other  parameters  are  as  same  as  in  the 
calculation  of  the  subbands.  When  the  well  length  is  beyond  50  A,  the  transparent  carrier 


929 


density  becomes  extremely  increased.  The  reason  is  that  the  CH2  subband  becomes  the 
bound  state  in  the  well  and  the  DOS  of  the  LHi  subband  is  enhanced.  The  threshold  carrier 
density  of  GaN/AlGaN  quantum  well  lasers  would  be  two  times  or  more  than  that  of  the 
conventional  ones,  if  their  cavity  losses  and  the  optical  confinements  could  be  assumed  to 
be  same.  This  is  mainly  caused  by  the  large  hole  effective  masses  and  the  small  spin-orbit 
splitting  energy  of  the  GaN/AlGaN  quantum  well, 

CONCLUSIONS 

We  have  studied  on  the  optical  gain  of  wurtzite  GaN/AlGaN  quantum  wells,  from 
the  first-principles  calculation  by  way  of  the  k  •  p  method.  According  to  the  calculated 
parameters,  the  wurtzite  GaN/AlGaN  quantum  well  structure  has  the  large  hole  effective 
masses  and  the  small  spin-orbit  splitting  energy.  It  causes  the  higher  carrier  density  to 
obtain  the  enough  optical  gain.  To  overcome  this  problem,  the  excitonic  effect,  proposed 
by  the  author®,  might  be  useful.  Since  the  wide-gap  materials  have  large  exciton  binding 
energies,  excitonic  effect  can  realize  large  optical  gain  with  small  carrier  density,  by  adding 
a  localized  state  in  the  energy-gap. 
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ABSTRACT 

We  report  on  the  current  status  of  room-temperature  life  testing  of  Nichia  NLPB-500 
blue  light  emitting  diodes.  So  far,  two  tests  have  been  completed.  During  the  first  1000-h 
test,  a  constant  current  of  20  mA  was  maintained  in  all  devices.  During  the  second  1650 
h  test,  groups  of  3  or  4  devices  were  driven  at  currents  ranging  from  20  mA  to  70  mA. 
Very  little  degradation  has  been  observed  in  devices  driven  at  normal  conditions  (20-30 
mA),  with  a  noticeable  increase  in  degradation  rate  above  60  mA. 

INTRODUCTION 

Short-wavelength  visible  light-emitting  optoelectronic  devices  are  needed  for  a  wide 
range  of  commercial  applications,  including  high-density  optical  data  storage,  full-color 
displays,  underwater  communications,  photolithography,  etc.  For  example,  the  current 
trend  in  both  magneto-optic  and  photoiefractive  storage  is  to  shift  the  recording  and 
reading  wavelengths  towards  green^lue,  as  the  storage  density  increases  quadratically 
with  decreasing  wavelength. 

Until  vety  recently,  efforts  to  develop  short-wavelength  visible  light  souiees  concen¬ 
trated  on  either  II-VI  materials,  or  second  harmonic  frequency  doubling  of  GaAs/AlGaAs 
lasers.  The  situation  has  changed  dramatically  following  the  commercial  introduction  by 
Nichia  Chemical  Industries  of  high-brightness  blue  LEDs,  based  on  gallium  nitride  and 
related  compounds  InGaN/AlGaN  [1].  The  Nichia  diodes  are  100  times  brighter  than  SiC 
blue  LEDs  available  previously  on  the  market.  These  developments,  combined  with  re¬ 
ports  of  serious  degradation  problems  in  H-VI  lasers,  demonstrate  that  group-in  nitrides 
represent  the  most  promising  family  of  semiconductor  materials  for  short-wavelength 
optoelectronic  devices.  These  materials  combine  a  wide,  direct  bandgap  with  refractory 
properties  and  high  physical  strength.  By  controlling  the  active  region  composition, 
group-in  nitrides  can  emit  light  from  deep  UV  to  orange. 

A  major  problem  encountered  in  epitaxial  growth  of  group-III  nitrides  is  the  lack  of 
suitable  substrates  that  match  the  nitrides  in  lattice  constant  and  in  thermal  expansion 
coefficient.  Large  lattice  mismatch  between  GaN  and  sapphire,  used  as  a  substrate  in 
Nichia  blue  LEDs,  raises  concern  about  the  possible  negative  impact  of  defects  on  device 
lifetime. 

So  far,  no  studies  of  degradation  in  Nichia  blue  LEDs  under  normal  cw  operating 
conditions  have  been  reported.  In  this  paper,  we  describe  the  performance  of  the  diodes 
under  room-temperature  cw  low-to-moderate  current  excitation. 
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LIFE  TESTING  SETUP 


The  life  test  fixtures  were  assembled  at  Sandia  National  Laboratories.  All  LEDs  were 
mounted  inside  a  large  environmental  chamber  maintained  at  a  constant  temperature  of 
23  °C.  The  light  output  of  each  LED  is  sampled  by  a  separate  optical  fiber  connected  to 
its  own  photovoltaic  detector  located  outside  the  chamber.  The  LED-to-fiber  connection 
is  both  mechanically  stable  and  light-tight,  eliminating  intensity  variations  due  to  me¬ 
chanical  misalignments  and  ambient  light.  The  system  uses  a  switching  device  to  select  a 
single  detector’s  current,  which  is  fed  to  a  meter  for  automated  reading  of  each  LED's 
output. 

Two  separate  driving  circuits  were  used  in  the  first  life  test,  one  based  on  op-amps,  the 
other  on  current-limiting  resistors.  Each  circuit  was  powered  by  a  supply  which  main¬ 
tained  a  constant  output  voltage.  Currents  through  each  LED  were  held  approximately 
constant  by  two  different  methods.  In  the  op-amp  circuit,  there  was  a  current  feedback 
loop  for  each  LED  which  regulated  LED  drive  current.  In  the  resistor  circuit,  a  current 
limiting  resistor  was  placed  in  each  parallel  leg  of  the  circuit  to  prevent  excessive  current 
through  any  one  LED  should  any  legs  become  short  circuited.  The  simple  resistor  circuit 
is  being  compared  to  the  more  complicated  op-amp  circuit  because  life  testing  of  the 
LEDs  also  relies  on  the  consistent  performance  of  each  circuit  component  during  the  test. 
The  Op-amp  circuit  theoretically  provides  better  current  regulation,  but  it  may  prove  to  be 
less  reliable  during  sustained  life  testing. 

The  test  was  fiilly  computer  controlled,  with  data  automatically  gathered  every  12 
hours  or  at  the  operator’s  request. 

Eighteen  Nichia  NLPB-500  LEDs  (numbered  1-18  for  the  test)  were  from  a  new 
"improved"  batch  (4B(X)01).  The  test  also  used  two  devices  (numbered  19  and  20)  from 
batch  S403024,  acquired  a  year  earlier.  Two  additional  "improved"  devices  (labeled  A, 
B)  were  left  untested  to  serve  as  controls.  The  LEDs  were  placed  in  cw  operation  after 
pre-test  power  measurements  had  been  taken  on  all  20  devices.  Ten  LEDs  were  tested  in 
the  resistor  circuit,  and  ten  in  the  op-amp  circuit. 

The  pre-test  and  post-test  LED  power  measurements  were  computer  automated.  The 
conversion  of  photodetector  current  into  optical  power  was  made  assuming  a  center 
wavelength  of  450  nm. 

ROOM-TEMPERATURE  20-mA  TEST 

The  first  test  began  on  May  3,  1995,  and  ran  for  1000  hours  under  normal  operating 
conditions  (20  mA  cw  current  at  23  °C),  ending  on  June  13,  1995.  Fig.  1  shows  ihie  rela¬ 
tive  luminous  intensity  from  all  20  devices  tested,  normalized  to  their  initial  readings. 
The  thick  line  represents  the  chamber  temperature.  Two  periods  of  increased  temperature 
during  the  test  are  reflected  in  the  intensity  traces.  The  general  trend  for  the  18  newer 
LEDs  was  for  the  output  intensity  to  increase  at  a  faster  rate  within  the  first  50  h,  and 
then  at  a  slower  rate  over  the  remainder  of  the  test.  The  output  intensity  of  the  two  older 
LEDs  increased  within  the  first  50  h,  and  then  decreased  during  the  remainder  of  the  test. 
No  hard  failures  were  observed  during  this  1000-h  test.  Post-test  LED  power  meas¬ 
urements  were  compared  to  pre-test  data.  This  was  done  to  study  whether  the  intensity 
changes  observed  during  the  life  test  were  due  to  changes  in  LED  performance  or  some 
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other  factor,  such  as  a  change  in  coupling  efficiency  from  the  LED  to  the  monitoring  fi¬ 
ber. 

To  study  the  apparent  increase  in  relative  LED  intensity  observed,  two  older  LEDs 
were  tested  at  100-h  and  25-h  cycle  times.  To  collect  their  output  power  at  a  constant 
temperature,  the  devices  were  placed  in  an  integrating  sphere  inside  the  environmental 
chamber.  These  short-cycle  tests  showed  that  the  output  of  the  older  LEDs  did  initially 
increase,  just  as  it  had  in  the  first  1000-h  life  test. 


Fig.  1.  Time  evolution  of  the  output  of  20  Nichia  LEDs  subjected  to  a  constant-current 
(20  mA)  room-temperature  test  for  1000  h. 

ROOM-TEMPERATURE  TEST  AT  VARIOUS  CONSTANT  CURRENTS 

The  output  power  from  all  devices  was  measured  after  the  first  1000-h  life  test.  Subse¬ 
quently,  a  new  set  of  cw  testing  conditions  was  chosen,  aimed  at  accelerating  the  degra¬ 
dation  processes  in  some  devices  under  test.  The  previously  tested  eighteen  devices  from 
the  new  batch  were  divided  into  six  groups  of  three.  Each  group  was  driven  at  one  of  six 
current  levels:  20,  30,  40,  50,  60  ,0r  70  mA.  Of  the  two  older  devices,  one  (#19)  was 
subjected  to  a  high  current  of  70  mA,  and  the  other  (#20)  remained  driven  at  20  mA.  The 
maximum  current  level  of  70  mA  is  close  to  the  condition  producing  a  maximum  cw 
output  power  from  the  LEDs.  At  80  mA,  we  observed  the  onset  on  thermal  rollover,  with 
slightly  decreased  output.  We  therefore  expected  the  current  of  70  mA  to  be  sufficiently 
high  to  cause  measurable  degradation  after  a  few  hundred  hours. 

The  second  test  began  on  August  17,  1995.  Readouts  of  LED  current,  LED  voltage, 
and  detector  current  were  automatically  generated  every  12  hours.  This  test  continued  for 
1650  h  and  was  completed  on  October  25, 1995. 
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The  relative  intensity  of  one  of  the  older-generation  devices  (#19)  dropped  to  about 
half  of  its  initial  value  after  approximately  250  h  and  this  device  removed  from  the  test 
on  August  28,  1995.  In  this  case,  the  high  current  (70  mA)  had  indeed  caused  a  rapid 
failure.  The  remaining  devices  driven  at  the  same  current  level,  however,  have  performed 
much  better:  After  a  relatively  fast  drop  in  their  relative  intensity  (10-15%  over  the  first 
750  h),  their  degradation  rate  has  slowed  (see  Fig.  2). 
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Fig.  2.  Time  evolution  of  the  output  of  the  same  devices  as  those  used  in  the  first  l(X)0-h 
life  test,  now  subjected  to  various  constant  currents  (20  to  70  mA  in  groups  of  3-4  de¬ 
vices)  at  23  °C  for  an  additional  1650  h. 

DISCUSSION  AND  CONCLUSIONS 

Our  first  two  life  tests  of  Nichia  blue  LEDs,  with  the  cumulative  test  time  of  2650  h, 
failed  to  inflict  significant  degradation  on  any  of  the  devices  driven  at  currents  smaller 
than  60  mA.  As  a  matter  of  fact,  the  output  intensity  in  many  devices  continued  to  in¬ 
crease,  rather  than  decrease.  These  results  indicate  that  Nichia  devices  exhibit  a  remark¬ 
able  longevity  in  spite  of  their  high  density  of  defects  [2,3].  We  are  conducting  for  a 
third  test  that  will  involve  stepping  up  the  ambient  temperature,  in  addition  to  20-  to  70- 
mA  driving  currents.  To  identify  the  main  degradation  mechanisms,  we  will  follow  up 
with  failure  analysis  of  devices  whose  relative  intensity  drops  below  50%  of  its  original 
level  during  any  one  phase  of  testing. 
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ABSTRACT 

Studies  of  electrical  characteristics  of  nitride-based  light  emitting  diodes  (LEDs)  are  of  interest  as  they 
can  shed  light  on  carrier  transport  across  the  p-n  heterojunction.  In  addition,  they  provide  a  convenient 
way  of  investigating  degradation  processes  associated  with  high  electrical  stress.  We  present  electrical 
characteristics  of  Nichia  NLPB500  blue  LEDs  based  on  AlGaN/InGaN/GaN  material  system  in  the 
temperature  range  of  9-340  K.  Two  components  of  current  are  identified.  High-density  current  stress 
leads  to  diode  degradation  by  shunt  formation  caused  by  metal  electromigration.  At  8  K,  blue  emission 
was  observed  at  currents  as  small  as  20  nA. 

INTRODUCTION 

Wide-bandgap  semiconductors  GaN  and  InGaN  are  promising  materials  for  application  as  laser  active 
media  in  the  emission  range  from  visible  to  UV.  Carrier  injection  across  a  heterojunction  is  of  great  in¬ 
terest  as  the  most  convenient  technique  for  pumping  the  active  material.  So  far,  electrical  characteristics 
of  GaN-based  diodes  have  not  been  extensively  investigated,  and  carrier  transport  mechanism  has  not 
been  weU  identified.  In  this  paper,  we  discuss  electrical  properties  of  high-brightness  Nichia  NLPB500 
AlGaN/InGaN/GaN  double-heterostructure  blue  LEDs  grown  on  sapphire  substrate  [1],  with  emphasis 
on  carrier  transport  through  the  diode.  Carriers  injected  into  the  active  region  can  recombine  radiatively, 
resulting  in  an  efficient  blue  emission  related  to  impurity  centers  at  intermediate  currents,  and  UV  band- 
edge-related  emission  at  high  currents.  Previously,  we  have  identified  the  mechanism  of  photopumped 
visible  emission  in  these  devices  at  room  temperature  (RT)  and  at  20  K  as  radiative  transitions  involving 
three  acceptor  levels  related  to  Zn  impurity,  combined  with  series  of  local  (configuration-coordinate) 
phonon-replicas  [2]. 

EXPERIMENT 

The  LED  structure  [I]  is  shown  schematically  in  Fig.  1.  Both  electrical  contacts  are  situated  at  upper 
side  of  the  diode  chip,  with  insulating  sapphire  substrate  at  the  bottom  side.  The  junction  area  is  typically 
4.6x10’^  cml  The  active  In^tGai-xN  layer  {x  =  0.06)  is  codoped  with  Zn  and  Si  and  is  ~50  nm  thick.  Mg- 
doped  nitrides  form  the  p-side  of  the  diode  with  0.15-iim-thick  Alo.15Gao.85N  cladding  and  0.5-iim-thick 
GaN  contact  layers.  Two  groups  of  devices  were  studied  -  “old  generation”  LEDs  acquired  in  early  1994 
(lot  S403024)  and  “new  generation”  LEDs  acquired  a  year  later  (lot  4B0001).  Several  devices  were 
tested  at  different  conditions  of  electrical  load,  including  dc  measurements  of /-V  characteristics  in  a  wide 
temperature  range  and  stress-testing  under  high-bias  electrical  pulses.  Electrical  characteristics  were 
studied  in  the  range  of  9  -  340  K,  with  no  total  freeze-out  of  the  diode  conductance  even  at  the  lowest 
temperatures.  Direct-current  I-V  measurements  were  performed  using  an  HP  4 HOB  picoamperometer, 
which  enables  the  measurements  down  to  the  level  of  10  *^  A.  For  the  temperature  measurements  above 
80  K,  the  diode  was  fixed  inside  a  micro  refrigeration  device  (MMR  Technologies,  model  K2001)  which 
can  cool  the  sample  down  to  80  K  using  Joule-Thompson  effect.  Lower  temperatures  were  attained  using 
a  closed-cycle  refrigerator  (CTI-Ciyogenics,  model  22).  Typical  range  of  dc  forward  bias  voltages  was 
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Fig.  1.  Sketch  of  the  Nichia  NLPB-500  DH  blue  LED  with 
InGaN  active  layer  (after  [1]): 

1  -  Sapphire  substrate, 

2  -  GaN  buffer  layer  (30  nm), 

3  -n-GaN:Si  layer  (4000  nm), 

4  -  n-Alo.i5Gao.85N:Si  layer  (150  nm), 

5  -  In  o.o6Gao.94N:Zn,Si  emitting  layer  (50  nm), 

6  -p-Alo.i^ao85N;Mg  layer  (150  nm), 

7  -p-GaN:Mg  layer  (500  nm) 

0  -  5  V,  giving  a  maximum  current  of  -100  mA.  High-bias  tests  were  performed  using  100-ns  forward- 
current  pulses  with  1  kHz  repetition  rate  and  amplitudes  exceeding  1.5  A. 

The  diode  characteristics  are  relatively  stable  up  to  moderately  high-bias  pulses,  but  above  1.5  A  some 
changes  may  be  detected  by  electrical  and  electroluminescent  measurements.  Minor  and  partially  reversi¬ 
ble  diode  damage  manifested  itself  in  changes  in  reverse-bias  I-V  curves  and  small  changes  in  the  light 
emission  efficiency.  Some  devices  became  heavily  degraded  (great  loss  of  light  emission  efficiency)  under 
forward-bias  overload  (at  current  pulse  amplitudes  significantly  larger  than  1,5  A).  Failure  analysis  was 
performed  on  these  devices  in  order  to  identify  defects  responsible  for  the  degradation  [3]. 

RESULTS 

Low-current  I-V  characteristics 


Fig.  2  shows  typical  I-V  curves  taken  at  temperatures  of  9,  81,  170  and  340  K.  In  the  voltage  range 
between  0.6  V  and  2.8  V,  the  slope  on  semilog  plot  appears  to  be  temperature  independent,  indicating  that 
the  dominant  carrier  transport  mechanism  is  not  thermally  assisted.  Instead,  a  tunneling  process  seems  to 
dominate  In  this  voltage  range.  We  represent  this  portion  of  the  I-V  characteristic  by  the  following  ap¬ 
proximate  expression 

I  =  Ioexp{eVlEo)  ,  (1) 

where  V  is  the  diode  voltage.  At  340  K,  the  slope  corresponds  to  the  energy  parameter  Fo  =  180  meV.  The 
parameter  Eo  changes  only  by  4%  in  the  temperature  range  of  80-340  K.  As  shown  in  Fig.  2,  the  pre-ex¬ 
ponential  factor  lo  demonstrates  some  temperature  dependence,  and  it  can  be  expressed  in  the  form  of  lo  = 
loi  exp(T/ro),  with  To  =  66  K  in  the  range  77  -  340  K.  Above  200  K,  the  temperature  dependence  can  be 
also  represented  in  thermal-activation  (Arrhenius-type)  form  of  lo  =  I02  exp(-£'a/fc7),  with  Ea  =  80  meV 
and  I02  ~  10'*^  A.  Note  that  although  the  9  K  curve  represents  a  new  generation  sample,  the  low-current 
slope  of  the  I-V  characteristic  is  very  close  to  that  of  the  other  curves  in  Fig.  2.  The  parameter  Eo  sli^tly 
increases  with  decreasing  temperature,  with  maximum  increment  of  -20%. 

At  lowest  temperatures,  we  have  observed  visible  emission  at  very  small  currents.  The  smallest  current 
at  which  light  could  still  be  seen  by  eye  was  only  20  nA,  with  the  diode  temperature  of  8  K.  The  device 
was  emitting  from  the  entire  junction  area,  indicating  that  the  junction  is  the  main  contributor  to  chip 
resistivity,  preventing  any  current  crowding  even  at  lowest  temperatures. 

Moderate-current  I-V  characteristics 


hi  the  voltage  range  of  2.9  -  3.6  V,  the  I-V  curves  are  influenced  by  two  factors,  namely,  by  a  change  in 
the  dominant  carrier  transport  mechanism  across  the  injecting  junction,  and  by  an  increasing  contribution 
of  the  series  resistance  to  the  diode  voltage.  The  change  in  carrier  injection  mechanism  is  reflected  in  a 
slight  increase  of  the  I-V  curve  slope  in  the  semilog-scale  above  V  =  3  V,  where  the  forward  bias  of  the 
junction  appears  to  approach  the  diffusion  potential  of  the  junction  {cf.  Fig.  2).  This  additional  current 
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Fig.2.  LV  characteristics  of  unstressed  LEDs  at  different 
temperatures:  #124  ('new  generation")  at  9  K  and  #48  ('old 
generation")  at  81, 170  and  340  K 


Diode  voltage  [V] 


component  may  be  extracted  by  subtracting  the  temperature-independent-slope  component,  extrapolated 
from  the  low-current  region,  from  the  total  current  (see  Fig.  3).  This  operation  gives  an  exponential  func¬ 
tion  of  the  type  represented  by  Eq.  (1),  but  with  different  parameters. 

In  general,  the  diode  voltage  can  be  expressed  in  the  following  form 


V=lR,-\-Vi  . 


(2) 


where  Rs  is  the  series  resistance  and  V}  is  the  junction  voltage,  controlling  numerous  current  components 
that  combine  into  the  total  current 


/  =  j:/iexp(eV/£,)  , 


(3) 


with  different  parameters  /,•  and  E,  attributed  to  each  component.  The  differential  resistance  of  the  diode  is 


Fig.3.  Analysis  of  intermediate-range  l-V characteristics 
of  unstressed  LED  #48  at  340  K: 

Dots  -  experimental  points  of  current  versus  diode  voltage, 
Line  1  -  low  current  component  {Eo  =  180  meV), 

Circles  -  difference  between  dot-points  and  Une  1  (second 
current  component  versus  diode  voltage). 

Crosses  -  second  current  component  versus  junction  voltage. 
Dashed  lines  -  exponential  functions  =  kT  and  Eq  =  2kT. 
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(4) 


dVIdl^Rs  +dVj/dI  , 

In  the  case  of  a  single  exponential  function  in  Eq.  (3),  the  differential  resistance  may  be  represented  as 
follows 


dVldI  =  Rs+EoleI  .  (5) 

The  voltage  drop  across  the  series  resistance  Rs  of  the  diode  can  then  be  estimated  using  a  plot  of  the  dif¬ 
ferential  resistance  versus  the  inverse  of  the  forward  current.  The  extrapolation  of  the  straight  line  to  zero 
value  of  1/7  gives  the  value  of  7?^ .  The  slope  of  the  dV/dl  plot  gives  the  quantity  Eq.  Thus,  this  technique 
allows  us  to  identify  the  exponential  function  of  type  (1)  when  both  voltage  drops  across  the  junction  and 
across  the  passive  regions  contribute  to  the  diode  voltage.  It  gives  the  series  resistance  value  if  the  ex¬ 
trapolation  to  1/7  =  0  corresponds  to  an  unambiguous  straight  line  over  the  whole  scale.  If  the  straight-line 
approximation  is  not  possible,  this  may  be  an  indication  that  several  components  of  current  may  have 
comparable  magnitudes. 

The  differential-resistance-vs-1/7  plot  was  nonlinear  in  the  case  of  helium-temperature  measurements, 
and  a  simple  interpretation  could  not  be  invoked,  most  probably  due  to  diode  heating  at  moderate  cur¬ 
rents.  On  the  other  hand,  the  determination  of  R^  seemed  to  be  possible  above  80  K,  and  the  temperature 
dependence  of  Rs  was  obtained.  The  series  resistance  is  ~400  Q  at  80  K  and  goes  down  along  with  the 
temperature  increase,  reaching  the  minimum  of  15-30  Q  near  RT.  Above  RT,  it  increases  again.  This 
non-monotonic  behavior  of  Rs  may  be  explained  by  the  influence  of  temperature  on  the  equilibrium  carrier 
density  (causing  a  decrease  of  resistivity  with  increasing  temperature)  and  by  the  influence  of  temperature 
on  carrier  mobility  (causing  an  increase  of  passive  material  resistivity  above  RT,  where  the  carrier  den¬ 
sity  remains  practically  constant). 

The  next  step  in  our  analysis  of  the  I-V  characteristics  was  identification  of  the  intermediate-current 
component  as  one  related  to  visible  emission  from  the  diode.  A  fraction  of  the  I-V  curve  measured  at  340 
K  is  shown  in  Fig.  3  for  the  range  of  V  from  2.0  to  3.3  V.  The  low-current  “tunneling”  component  is  ap¬ 
proximated  by  an  exponential  function  with  £0  «  180  meV  and  extrapolated  into  the  intermediate-current 
range.  Open  circles  show  the  second  current  component  which  is  obtained  by  subtraction  of  the  first  one 
from  the  total  current.  When  the  voltage  drop  on  the  series  resistance  is  subtracted  from  the  diode  voltage 
V,  the  plot  of  this  current  component  versus  the  junction  voltage  V}  seems  to  be  closer  to  a  simple  expo¬ 
nential  function,  with  the  slope  corresponding  to  the  energy  parameter  Ei  of  44-48  meV.  As  shown  in  Fig. 
3,  this  curve  is  contained  between  characteristic  exponential  functions  of  the  slope  kT  and  2kT,  which 
suggests  the  involvement  of  thermal  diffusion  transport  across  the  junction  barrier  in  contrast  to  tunnel 
transport  at  lower  bias.  Similar  procedure  for  component  identification  was  performed  at  other  tempera¬ 
tures.  At  r  =  290  K,  the  total  current  is  divided  into  two  components  with  energy  parameters  £0  «  182 
meV  and  £/ »  57.5  meV  (2.3kT),  At  90  K,  it  is  also  possible  to  identify  intermediate  current  component, 
with  energy  parameters  £0  «  187  meV  and  £7  «  59  raeV  (7.6  kT).  Thus,  the  intermediate-current  compo¬ 
nent  has  the  slope  weakly  dependent  on  temperature  (from  59  meV  at  90  K  to  ~46  meV  at  340  K).  This 
indicates  that  at  least  at  low  temperature  the  transport  mechanism  is  not  a  simple  thermal  diffusion,  but  it 
is  obstructed  by  a  penetration  through  some  residual  barrier  (“thermo-tunneling”  mechanism).  The  inter¬ 
mediate  current  component  seems  to  be  related  to  blue  emission  occurring  above  V  =  2.8  V.  At  very  low 
temperatures,  the  blue  emission  is  also  seen  above  2.8  V,  but  a  second  current  component  cannot  be  eas¬ 
ily  identified. 

High-current  stress 

LEDs  subjected  to  100  ns,  1  kHz  current  pulses  with  amplitudes  up  to  1.5  A  manifest  minor  changes  in 
electrical  characteristics  which  can  be  interpreted  in  terms  of  the  micro-shunt  formation  resulting  from 
localized  overheating  by  high-density  current.  The  main  signatures  of  this  process  are  a  decrease  in  the 
zero-bias  differential  resistance  and  an  increase  in  the  reverse-bias  current.  At  forward  bias,  the  low- 
current  part  of  the  I-V  curve  is  also  affected  by  the  stress.  Fig.4  shows  the  effect  of  stress  on  this  part  of 
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Fig.  4.  change  oil-V  characteristics  of  blue  LEDs 

induced  by  hi^-current  stress; 

1  -  unstressed  LED  #48 , 

2  {dots)  -  stressed  LED  #45, 

3  -  current  via  shunt  of  7  kOhm  resistance, 

4  -  current  limited  by  series  resistance. 


the  /-K  characteristic.  The  I-V  curve  of  a  stressed  device  is  located  between  between  the  lines  representing 
the  shunting  and  series  resistances,  i.e.,  the  diode  current  can  not  be  smaller  than  supplied  by  the  shunt 
bridges  and  larger  than  limited  by  series  resistance.  When  the  added  shunt  resistance  is  larger  than  7-8 
kfl,  it  is  manifested  mostly  at  bias  below  2.7  -  2.9  V,  hence  there  is  only  minor  degradation  of  the  light 
emission  at  higher  bias.  Smaller  shunt  resistance  can  inflict  noticeable  degradation  of  the  L-I 
characteristics,  as  summarized  in  Table  1.  The  stressed  sample  was  tested  under  high-current  pulses 
during  ~1  h.  Degraded  samples  were  created  by  accidental  overload  for  less  than  a  minute.  The  latter 
behave  like  shortened  diodes,  but  with  no  sign  of  damage  to  contacts;  thus,  the  damage  is  associated  with 
internal  diode  properties  and  not  with  the  electrode  wires. 


Table  1.  Results  of  high-current  tests 


Sample 

Stress  conditions 

Estimated  shunt 
resistance,  k£2 

Unstressed 

None 

>10^ 

Stressed 

Up  to  1.5  A  100-ns  pulses 

5-8 

Pulses  over  1.8  A,  >100ns 

0.001-0.020 

DISCUSSION  AND  CONCLUSIONS 

Analysis  of  electrical  characteristics  of  blue  LEDs,  and  especially  those  measured  at  low  temperatures, 
indicates  that  the  radiative  current  flows  through  the  junction  by  a  tunneling  process  rather  than  by 
thermally-activated  diffusion.  To  provide  the  Zn-ielated  blue  luminescence  at  low  junction  voltage  (below 
the  diffusion  potential),  tunneling  to  impurity  levels  from  conductive  states  at  the  opposite  side  of  the 
junction  has  to  occur.  As  Zn-related  centers  have  large  capture  cross-section  for  electrons,  it  is  possible 
that  the  blue  emission  occurs  in  the  space-charge  region  by  radiative  capture  of  electrons,  tunneling  from 
the  wide-bandgap  n-side.  At  higher  voltages,  this  type  of  emission  is  admixed  to  normal  Zn-related 
emission  in  the  bulk  that  occurrs  when  carriers  are  injected  across  the  junction  into  the  active  region. 

The  absence  of  a  total  conductance  freezing  even  at  8  K  may  be  explained  by  a  degenerate  state  of  all 
layers  involved  in  current  conduction.  Such  a  state  can  be  expected  at  the  n-side  with  lO’^  cm'^  shallow 
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donors.  With  respect  to  the  p-side,  such  assumption  cannot  be  easily  made,  as  Mg  acceptors  introduce 
rather  deep  levels  (-180  meV  above  the  valence-band  edge).  The  maximum  hole  density  in  /7-GaN  is 
usually  estimated  to  be  only  (3-7)xl0’’  cm*^  which  is  much  less  than  the  effective  valence-band  density 
of  states.  However,  it  has  been  also  established  that  the  low-temperature  resistivity  does  not  strongly 
freeze-out  either  in  n-GaN  [4]  or  in  p-InGaN  [5],  approaching  some  “floor”  value.  It  was  concluded  in 
Ref.  [4]  that  significant  fraction  of  electron  transport  takes  place  by  hopping  in  the  compensation  centers, 
leading  to  low  mobility  as  compared  to  normal  conduction  electrons.  This  process  becomes  dominant  at 
lower  temperatures.  The  residual  density  of  holes  in  the  low-temperature  limit  (13  K)  in  Mg-doped 
Ino.o9Gao,9iN  was  found  to  be  ~10’®  cm'^  [5].  We  expect  a  similar  behavior  in  jp-GaN  and  /7-AlGaN.  In 
these  materials,  like  in  the  n-type  materials,  there  is  a  high  density  of  background  donors.  They  are 
overcompensated  with  a  high  density  of  acceptors,  so  both  kinds  of  centers  are  surrounded  with  numerous 
centers  of  the  opposite  type.  Possibly,  such  a  situation  occurs  also  in  the  space-charge  region  of  the 
junction,  so  non-injection  transport  through  the  junction  (of  tunneling  or  mixed  thermo-tunneling  types)  is 
related  to  the  residual  low-temperature  conductivity  in  bulk  materials. 

Diode  degradation  under  high-current  stress  occurs  via  the  formation  of  shunting  defects  in  the  junction 
region,  and  as  described  in  Ref.  [3],  the  electromigration  of  contact  metals  may  be  responsible  for  such 
phenomenon.  The  micro-shunts  cause  the  luminescence  degradation  by  creating  parallel  leakage  paths, 
which  decreases  the  fraction  of  the  uniform  junction  current  in  the  total  current  of  the  diode.  Degree  of 
degradation  can  be  represented  by  the  shunt  resistance  of  stressed  diode.  It  is  5  -  10  kXi  in  stressed 
devices  (moderate  influence  on  the  luminescence  performance)  but  can  drop  to  a  few  £2  in  heavily 
degraded  devices.  In  the  latter  case,  the  luminescence  is  suppressed  because  the  diode  current  passes 
through  the  shunting  bridges  instead  of  the  junction. 

In  conclusion,  we  have  studied  the  electrical  characteristics  of  AlGaN/InGaN/GaN  double- 
heterostructure  LEDs  over  a  wide  range  of  temperatures  and  current  densities.  Dominant  low-density 
current  component  through  the  junction  has  been  identified  to  be  of  tunneling  type  with  a  logarithmic 
slope  weakly  dependent  on  temperature.  Another  current  component  appearing  at  higher  voltages  seems 
to  be  related  to  efficient  blue  light  emission  via  Zn-related  centers.  Light  emission  was  observed  at  the 
lowest  temperature  (8  K)  and  at  very  small  current  (20  nA). 
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Correlation  of  surface  morphology  and  optical  properties 
of  GaN  by  conventional  and  selective-area  MOCVD 

X.  Li,  A.  M.  Jones,  S.  D.  Roh,  D.  A.  Turnbull,  E,  E.  Reuter,  S.  Q.  Gu,  S.  G.  Bishop 
and  J.  J.  Coleman 

Microelectronics  Laboratory,  University  of  Illinois,  Urbana,  IL  61801 
ABSTRACT 

We  have  studied  GaN  films  grown  by  atmospheric  pressure  metalorganic  chemical  vapor 
deposition  (MOCVD)  on  sapphire  substrates  using  different  buffer  layer  structures.  Surface 
morphology  was  characterized  by  scanning  electron  microscopy  (SEM).  Optical  properties  were 
measured  using  photoluminescence  (PL),  cathodoluminescence  (CL)  spectroscopy  and  catho- 
luminescence  wavelength  imaging  (CLWI)  method.  It  is  found  that  the  hexagonal  pit-like  defects 
in  morphology  are  associated  with  the  D-A/e-A  transition  band  in  the  PL  and  CL  spectra.  The 
same  correlation  of  morphology  with  optical  properties  is  observed  for  the  GaN  films  grown  by 
selective  area  epitaxy  (SAE).  In  addition,  the  possibility  of  improving  optical  quality  by  SAE  is 
investigated.  The  SAE  depth  profile  is  simulated  for  the  first  time,  and  satisfactory  results  are 
obtained. 

INTRODUCTION 

The  GaN  based  III-V  nitride  semiconductor  system  is  an  interesting,  challenging  and  tech¬ 
nically  important  one  because  of  its  potential  applications  in  optical  devices  operating  in  the  blue 
and  UV  wavelength  range  and  electronic  devices  operating  under  high  frequency  and  high  power 
conditions.  Considerable  effort  has  been  devoted  to  crystal  growth  and  device  fabrication  in  this 
system,  as  reviewed  recently  by  several  groups. '  However,  efforts  in  optimizing  growth  condi¬ 
tions  including  developing  new  buffer  layer  structures  and  exploring  new  substrates  are  indispen¬ 
sable  in  order  to  reduce  the  strain  due  to  lattice  mismatch  and  thus  reduce  defect  density.  Under¬ 
standing  the  native  defects,  impurities,  dislocations  and  dopants  is  also  important  in  order  to 
produce  efficient,  reliable  and  reproducible  devices.  We  report,  in  this  paper,  the  correlation  of 
surface  morphology  with  optical  properties  through  the  study  of  GaN  films  grown  on  different 
buffer  layers  and  by  selective  area  epitaxy. 

EXPERIMENT 

GaN  films  were  grown  using  (0001)  sapphire  substrates  by  vertical  atmospheric  pressure 
MOCVD.  Please  refer  to  our  previous  paper  for  details  of  the  growth  conditions.^  Briefly, 
trimethylgallium  (TMG),  trimethylaluminum  (TMA)  and  ammonia  (NH3)  were  used  as  the  Ga, 
A1  and  N  sources,  respectively.  H2  was  used  as  a  carrier  gas.  Buffer  layers,  varying  from  a  single 
GaN,  a  single  AIN  and  a  double  buffer  layer  consisting  of  GaN  and  AIN,  were  grown  at  560°C. 
The  epilayer  growth  temperature  was  ~1040°C.  Selective  area  epitaxy  (SAE)  was  done  using 
conventional  photo-lithography  methods.^  The  growth  mask  used  consisted  of  50,  75,  100  and 
125  |im  stripe  openings  separated  by  500  pm  center  to  center  spacing.  The  patterned  samples 
were  immediately  placed  in  the  MOCVD  reactor  where  they  were  heated  under  NH3  until  the 
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temperature  reached  ~1020°C  when  the  GaN  growth  took  place.  Film  morphology  was  charac¬ 
terized  by  scanning  electron  microscopy  (SEM).  The  optical  properties  were  examined  by  pho¬ 
toluminescence  (PL)  and  cathodoluminescence  (CL)  spectroscopy.  PL  measurements  were  taken 
using  a  325  nm  HeCd  laser  as  the  excitation  source  and  detected  by  a  GaAs  PMT.  The  CL  was 
collected  by  a  parabolic  mirror,  and  detected  by  a  GaAs  PMT. 

RESULTS  AND  DISCUSSIONS 

1.  PL,  CL  and  CLWI  study  of  GaN films  grown  on  different  buffer  layers 

Under  the  experimental  conditions  described  in  detail  in  our  previous  paper, ^  a  single 
buffer  layer  of  GaN  leads  to  a  opaque  (hazy)  surface  with  many  hexagonal  pit-like  defects  of 
sub-|im  size  distributed  uniformly  across  the  whole  surface,  as  shown  by  the  scanning  electron 
microscopy  (SEM)  image  in  Fig.  la.  A  single  buffer  layer  of  AIN  yields  an  extremely  non- 


Fig  1  SEM  images  (60  )im  x  60  pm)  for  a  0.7  pm  thick  GaN  film  grown  on  (a)  an  optimized  single 
GaN  buffer  layer  and  (b)  a  double  buffer  layer  consisting  of  GaN  and  AIN.  The  SEM  image  of  the  GaN 
film  grown  on  a  single  AIN  buffer  layer  was  similar  to  (a)  in  the  center  area  and  (b)  in  the  outer  area. 

uniform  surface,  with  morphology  ranging  from  defect-free  in  the  outer  areas  to  hexagonal  defects 
in  the  center.  In  contrast,  the  double  buffer  layer  structure,  consisting  of  200  A  of  GaN  and  500 
A  of  AIN,  leads  to  near  featureless  SEM  image  (Fig.  lb).  When  the  thickness  is  increased  to  3 
pm,  the  SEM  image  becomes  entirely  featureless. 

In  order  to  study  the  correlation  of  morphology  with  emission  centers  microscopically, 
we  have  mapped  out  the  GaN  films  using  cathodoluminescence  wavelength  imaging  (CLWI).  To 
our  knowledge,  this  is  the  first  report  on  CLWI  of  GaN  films.  In  CLWI,  the  wavelength  at  which 
there  is  a  peak  in  the  intensity  of  a  luminescence  spectrum,  is  determined  as  a  function  of  spatial 
position,  and  a  color  or  gray  scale  image  directly  mapping  these  wavelengths  is  generated."*  CLWI 
has  been  found  particularly  useful  for  the  characterization  of  strained-layer  systems. We  have 
performed  preliminary  CLWI  study  of  our  GaN  films  grown  on  sapphire  substrates.  In  general, 
inhomogeneous  patterns  are  observed  using  CLWI  for  GaN  films  including  the  ones  grown  on  the 
double  buffer  layer,  indicating  the  optical  non-uniformity  of  the  film.  Shown  in  Fig.  2  a  and  Fig. 
2b  are  the  CL  images  taken  at  the  near-band-edge  emission  wavelength  (370  nm)  for  the  films  in 
Fig.  la  and  Fig.  lb,  respectively.  As  can  be  seen  that  the  inhomogeneity,  evidenced  as  intensity 
contrast  in  the  image,  increases  as  the  film  surface  morphology  becomes  rougher.  The  dark  spots 
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in  Fig, 3a  correspond  to  the  pits  in  the  SEM  images  while  no  obvious  correlation  can  be  found  for 
the  less  bright  spots  in  Fig.  2b. 

Fig.  2  (a)  and  (b) 
are  CL  images  (45 
jim  X  45  }im)  taken 
at  the  near-band- 
edge  emission 
wavelength  (370 
nm)  for  the  films  in 
Fig.  la  and  Fig.  lb, 
respectively. 

We  have  also  performed  photoluminescence  (PL)  and  cathodoluminescence  (CL)  spectro¬ 
scopic  studies  on  GaN  films  grown  on  different  buffer  layers.  As  shown  in  Fig.  3,  for  a  2.7  jjm 
thick  GaN  film  grown  on  the  double  buffer  layer,  the  PL  spectrum  obtained  at  5K  shows  a 
strong  and  sharp  (FWHM  =  4.7  meV)  exci- 
ton  peak  at  3.484  eV  and  a  high  energy 
shoulder  peak  at  3.490  eV.  They  are  identi¬ 
fied  as  the  neutral  donor  bound  exciton  and 
the  free  exciton,  respectively.^  Virtually  no 
peaks  are  found  in  the  energy  range  corre¬ 
sponding  to  the  D-A  or  e-A  pair  recombina¬ 
tion  band.’’^  The  yellow  band  centered 
around  2.2  eV  is  found  to  be  more  than  two 
orders  of  magnitude  weaker  than  the  exciton 
peak.  For  a  thinner  film  (0.7  jim),  which 
shows  only  a  few  more  hexagonal  pits  than 
the  thick  film,  the  e-A  and  D-A  transition 
becomes  visible.  In  addition,  the  exciton 
peak  is  broadened,  and  a  shoulder  on  the  low 
energy  side  appears  (Fig.  3  inset).  This  low 
energy  shoulder  is  attributed  to  be  the  accep¬ 
tor  bound  exciton  peak.  Not  much  variation 
in  peak  intensity  and  bandwidth  is  observed 
for  PL  or  CL  spectra  taken  at  different  posi¬ 
tions  across  the  film. 

The  GaN  films  grown  on  a  single  GaN  buffer  layer  show  stronger  D-A/e-A  band  in  com¬ 
parison  to  those  grown  on  the  double  buffer  layer.  However,  the  exciton  peak  shows  similar 
peak-width  and  intensity.  It  appears  that  the  hexagonal  pit-like  defects  (Fig.  la)  do  not  degrade 
the  near-band  edge  emission  but  only  enhance  the  D-A/e-A  transition. 

For  the  GaN  film  grown  on  a  single  AIN  buffer  layer  where  nonuniform  morphology  is 
found  across  the  surface,  several  interesting  features  are  revealed.  First,  the  spectra  taken  at  dif- 


and  a  0.7  pm  (dotted  line)  thick  GaN  films 
grown  on  the  double  buffer  layer.  Vertical  scale 
at  energies  lower  than  3450  meV  is  magnified 
by  10  times.  Inset  shows  the  near-band-edge 
emission  (normalized). 
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ferent  positions  on  the  sample  show  variations  in  peak  positions  across  the  sample  surface  (Fig. 
4),  consistent  with  the  non-uniform  morphology.  The  exciton  peak  shifts  to  lower  energy  by  as 

much  as  18  meV  from  sample  edge  to  center. 
This  suggests  that  less  strain  remains  in  the 
center  area  (opaque)  than  the  edges 
(transparent).  In  view  of  the  morphology 
observed  by  SEM,  the  crystal  strain  relief 
must  be  achieved  by  the  degradation  of  sur¬ 
face  morphology  (pits  formation).  Similar 
effects  have  been  reported  in  other  systems 
where  films  become  rough  to  reduce  strain 
energy  due  to  lattice  mismatch  between  the 
film  and  the  substrate.^  Secondly,  the  exciton 
peak  in  the  opaque  area  is  three  times 
broader  than  in  the  transparent  area.  This 
can  be  attributed  to  the  inhomogeneity  of  the 
materials  in  the  opaque  area.  The  third  fea¬ 
ture  exhibited  in  Fig.  4  is  the  intensity  varia¬ 
tion  of  the  exciton  peaks.  The  exciton 


Energy  (meV) 

Fig.  4  PL  spectra  (5K)  taken  at  two  positions 
of  a  0.7  pm  thick  GaN  film  grown  on  a  single 
AIN  buffer  layer. 


peak  from  the  center  area  (opaque)  is  more  than  twice  as  strong  as  that  from  the  edge 
(transparent  area).  This  is  not  intuitive  because  the  macroscopically  better  surface  morphology 
does  not  show  stronger  luminescence.  This  may  imply  that  some  high  quality  material  that  can 
yield  strong  luminescence,  is  concealed  in  between  the  small  pits  in  the  apparently  defective  ma¬ 
terial.  This  is  analogous  to  improving  material  quality  by  selective  area  growth.  The  selective  area 
growth  is  thought  to  accommodate  lattice  mismatch  by  confining  the  defects  to  the  interfaces  and 
thus  prevent  dislocations  from  propagation  to  or  generation  at  the  surface. 


I.SAEofGaN 

Selective  area  epitaxy  (SAE)  is  an  attractive  growth  technique  that  enables  growing  epi¬ 
taxial  layers  in  selected  regions  of  a  wafer.  It  is  achieved  by  using  an  inhibition  dielectric  mask  of 
Si02  or  SiNx  patterned  by  conventional  photolithography.  Ideally,  growth  takes  place  only  on 
unmasked  regions.  This  technique  makes  it  possible  to  fabricate  devices  with  different  wave¬ 
lengths  on  the  same  wafer  for  integrated  optoelectronic  applications  and  greatly  simplifies  the 
subsequent  processing.  The  flexibility  and  reproducibility  of  SAE  are  important  for  device  per¬ 
formance.  The  potential  of  SAE  in  the  preparation  of  optoelectronic  devices  demonstrated  in 
GaAs  and  InP  based  compound  semiconductors  will  definitely  draw  attention  to  the  research  on 
this  topic  in  GaN  based  materials.  In  addition,  the  lack  of  a  suitable  wet  etching  method  for  GaN 
material  makes  SAE  an  important  technique  for  practical  device  fabrication  in  this  system. 

Only  very  preliminary  experiments  were  reported  so  far  on  the  SAE  of  GaN  sys- 
tem.^^’^"^’'^  We  have  performed  SAE  of  GaN  on  GaN/sapphire,  AIGaN/Sapphire  and 
AlN/GaN/Sapphire  substrates  by  atmospheric  pressure  MOCVD.  GaN  growth  shows  excellent 
selectivity  on  GaN/Sapphire  substrates,  as  reported  previously'^’''*,  as  well  as  on  all  other  sub¬ 
strates  examined,  using  Si02  stripes  defined  by  conventional  photolithography. 

We  have  found  that  growth  conditions  are  critical  to  the  morphology  and  thus  optical 
properties  of  the  selectively  grown  films.  When  the  same  V/III  ratio  is  used  as  in  broad  area 
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growth,  the  edges  of  the  selective  growth  windows  show  poor  morphology  with  many  pit-like 
defects,  as  shown  in  Fig.  5a.  This  edge  effect  has  been  removed  (Fig.  5b)  by  increasing  the  V/III 
ratio  by  25%.  This  suggests  that  the  excess  supply  of  gallium  (Ga)  species  at  the  edges,  due  to 


Fig.  5  SEM  images 
of  a  125  pm  oxide 
opening  grown  with 
(a)  4  slm  and  (b)  5 
slm  NHj  flow. 


diffusion  from  the  oxide  mask  region,  reduces  the  V/III  ratio  locally  and  thus  deteriorates  the  sur¬ 
face  morphology.  PL  spectra  obtained  on  these  SAE  samples  indicate  that  the  poor  morphology 
leads  to  stronger  D-A/e-A  band,  accompanied  by  a  stronger  acceptor  bound  exciton  peak.  This 
result  verifies  that  the  pit-like  defects  are  associated  with  the  D-A/e-A  transition  band.  However, 
even  the  good  morphology  film  grown  by  SAE  still  shows  more  D-A/e-A  transitions  that  those 
from  broad  area  growth.  In  contrast,  when  the  V/III  ratio  was  increased  by  25%  during  the  GaN 
broad  area  growth  on  a  single  GaN  buffer  layer,  the  exciton  peak  becomes  even  stronger  than  that 
of  the  featureless  films.  This  is  probably  because  the  higher  V/III  ratio  improved  morphology  at 
the  boundaries  of  the  pits  (no  growth  or  less  growth  areas),  as  is  the  case  for  SAE  grown  films. 
The  growth  on  a  single  GaN  buffer  layer  is  analogous  to  a  maskless  SAE.  This  result  suggests 
that  the  patterned  widths  need  to  be  reduced  to  the  dimension  of  the  hexagonal  pits  which  is  on 
the  order  of  sub-pm,  in  order  for  the  SAE  films  to  obtain  optical  quality  superior  to  the  broad 
area  grown  films.  The  dependence  of  stress  relief  through  SAE  on  the  patterned  width  has  been 
reported  before  for  other  systems."^’"’'^ 

We  have  observed  ridge  growth  on  oxide  defined 
stripes  of  50  -  200  pm  width.  Growth  thickness  profiles, 
were  obtained  using  conventional  profilometry  and  are 
shown  by  the  solid  line  in  Fig.  6.  No  substrate  orienta¬ 
tion  dependence  of  the  growth  profile  is  found  for  the 
size  range  we  studied.  In  addition  to  the  experimental 
work,  we  have  performed,  for  the  first  time,  some  simu¬ 
lations  using  a  computational  diffusion  modef.  This 
model  utilizes  diffusion  equations  and  boundary  condi¬ 
tions  derived  from  basic  MOCVD  theory,with  self- 
consistent  reaction  parameters  derived  from  experimental 
results,  to  predict  the  concentration  of  each  column  III 
constituent  throughout  the  concentration  boundary 
layer.  Solutions  to  these  equations  are  found  using  the 
two  dimensional,  finite  element  method.  The  simulated 
growth  profiles  for  GaN  stripes  using  this  model  are  shown  in  Fig.  6  by  the  dotted  lines.  It  can  be 
seen  that  good  agreement  between  the  experimental  and  the  predicted  results  was  observed.  This 
model  can  also  predict  the  composition  profiles  of  ternary  or  quaternary  alloys.^  The  success  of 


0 

-100  -50  0  50  100 

Relative  Horizontal  Position  (nm) 
Fig.  6  Comparison  of  predicted 
(dotted  line)  and  measured  (solid 
line)  growth  thickness  profiles  for 
50  and  125  pm  GaN  stripe  open¬ 
ings.  Broad  area  growth  thickness 
has  an  enhancement  factor  of  1. 
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this  model  allows  us  to  predict  the  selective  growth  thickness  for  more  complex  structures  and 
design  device  structures  accordingly. 

CONCLUSIONS 


We  have  studied  the  GaN  films  grown  on  sapphire  substrates  using  different  buffer  layer 
structures  by  PL,  CL  spectroscopy  and  CLWI  method.  Those  grown  on  the  double  buffer  layer 
demonstrated  better  optical  qualities  than  those  grown  on  single  GaN  or  AIN  buffer  layers.  It 
was  found  that  the  hexagonal  pit-like  defects  in  morphology  are  associated  with  the  D-A  or  e-A 
pair  recombination  band  emission  in  the  PL  and  CL  spectra.  The  same  correlation  of  morphology 
with  optical  properties  was  observed  for  the  GaN  films  grown  by  SAE.  It  was  also  observed  that 
higher  V/m  ratio  has  to  be  used  for  SAE  than  that  for  broad  area  growth  in  order  to  obtain 
smooth  morphology  at  the  growth  boundaries.  In  addition,  the  SAE  depth  profile  was  simulated 
for  the  first  time,  and  good  agreement  with  the  experimental  results  was  found. 
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ABSTRACT 

Edge  emission  characteristics  of  optically  pumped  GaN-AlGaN  double  heterostructures  and 
quantum  wells  are  examined.  The  samples,  which  were  grown  by  metalorganic  vapor  phase 
epitaxy,  are  photoexcited  with  light  from  a  pulsed  nitrogen  laser.  The  pump  light  is  focused  to  a 
narrow  stripe  on  the  sample  surface,  oriented  perpendicular  to  a  cleaved  edge,  and  the  edge 
luminescence  is  collected  and  analyzed.  We  first  compare  emission  characteristics  of  highly 
excited  GaN-AlGaN  double  heterostructures  grown  simultaneously  on  SiC  and  sapphire 
substrates.  Polarization  resolved  spectral  properties  of  edge  luminescence  from  both  structures  is 
studied  as  a  function  of  pump  intensity  and  excitation  stripe  length.  Characteristics  indicative  of 
stimulated  emission  are  observed,  particularly  in  the  sample  grown  on  SiC.  We  then  present 
results  demonstrating  laser  emission  from  a  GaN-AlGaN  separate-confinement  quantum-well 
heterostructure.  At  high  pump  intensities,  band  edge  emission  from  the  quantum  well  exhibits  five 
narrow  ('-I  A)  modes  which  are  evenly  spaced  by  lOA  to  within  the  resolution  of  the  spectrometer. 
This  represents  the  first  demonstration  of  laser  action  in  a  GaN-based  quantum-well  structure. 

INTRODUCTION 

The  III-V  nitrides  are  important  candidate  materials  for  short-wavelength  optical  emitters. 
Light-emitting  diodes  based  on  InGaN  have  been  reported  [1,2]  and  are  commercially  available. 
While  injection  lasers  based  on  the  III-V  nitrides  have  yet  to  be  realized,  recent  results  from  a 
number  of  groups  bode  well  for  GaN-based  lasers.  Photoluminescence  features  characteristic  of 
stimulated  emission,  such  as  line  narrowing  and  superlinear  input/output  power  dependence  at  high 
intensity,  have  been  obseiwed  in  GaN  [3-5]  and  InGaN  [6]  films,  InGaN-AIGaN  [7]  and  GaN- 
AlGaN  double  heterostructures  [8],  and  GaN-AlGaN  superlattices  [9].  Laser  modes  have  been 
clearly  observed  in  the  edge  emission  from  optically  pumped  GaN  films  grown  on  sapphire  [10] 
and  SiC  [1 1]  substrates.  Most  recently,  we  have  demonstrated  an  optically  pumped  GaN-AlGaN 
vertical-cavity  surface  emitting  laser  gi'own  on  sapphire  [12]. 

In  this  work,  we  study  the  polarization  and  spectral  properties  of  edge  luminescence  from 
optically  excited  GaN-AlGaN  double  heterostructui'es  and  quantum  wells.  TTie  excitation  geometry 
and  high  excitation  intensities  used  in  these  experiments  are  selected  to  provide  information 
relevant  to  laser  structures.  Our  results  include  what  we  believe  to  be  the  fu'st  observation  of  laser 
action  from  a  III-V  nitride  quantum-well  heterostructure. 

CRYSTAL  GROWTH  AND  OPTICAL  CHARACTERIZATION 

The  samples  studied  in  this  work  were  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE) 
in  a  vertical  reactor  operating  at  100  Torr.  Trimethylgallium  (TMGa),  trimethylaluminum  (TMAl), 
and  ammonia  were  used  as  precursors,  with  H2  as  the  carrier  gas.  In  all  samples,  growth  of  the 
GaN  and  AlGaN  layers  was  performed  at  1  lOO^C  following  deposition  of  a  150  A  AIN  buffer 
layer  at  550oC. 

Two  types  of  stiuctures  were  grown:  The  first  is  a  double  heterostmctui'e  consisting  of  a  750 A 
GaN  active  layer  sandwiched  between  a  0.2  pm  Alo.15Gao.85N  cap  layer  and  a  3  pm 
Alo.15Gao.85N  lower  cladding  layer.  This  double  heterosti’ucture  was  gi’own  simultaneously  on  a 
6H-SiC  substrate  and  a  (0001)  c-plane  sapphire  substrate.  The  second  is  a  step-index  separate- 
confinement  quantum- well  heterostructure  gi'own  on  a  6H-SiC  substi*ate.  The  active  region  of  this 
structure  consists  of  a  150 A  GaN  quantum  well  sandwiched  between  300A  Al0.07Ga0.93N 
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waveguide  layers,  which  is  in  turn  sandwiched  between  a  0.2  tim  Alo.15Gao.85N  cap  layer  and  a  3 
pm  Alo.15Gao.85N  lower  cladding  layer. 

High-intensity  (-MW/cm^)  photoluminescence  experiments  were  performed  using  focused 
light  from  a  nitrogen  laser.  A  somewhat  unusual  excitation  geometry  was  used,  in  which  the 
sample  was  excited  in  a  variable-length  rectangular  stripe  with  a  width  of  approximately  50  pm.  In 
this  configuration,  the  stripe  length  is  determined  by  the  position  of  a  shadow  plate  which  is 
mounted  on  a  mircometer-controlled  translator  and  positioned  partially  in  the  pump  beam. 
Apertures  and  a  cylindrical  lens  are  used  to  achieve  narrow  stripe  width.  The  sample  is  oriented 
such  that  the  pump  light  is  incident  normal  to  the  sample  surface  and  the  excitation  stripe  intersects 
the  cleaved  sample  edge  at  a  right  angle.  The  excitation  stripe  is  colinear  with  the  input  axis  of  the 
spectrometer  in  this  configuration. 

Light  emanating  from  the  cleaved  sample  edge  was  focused  into  a  0.64m  monochrometer, 
after  passing  through  a  polarization  analyzer  at  the  input  slit,  and  dispersed  by  a  UV  diffraction 
grating  into  a  cooled  S-1  photomultiplier  tube.  Excitation  pulse  energies  were  measured  using  a 
pyroelectric  detector  and  a  photodiode.  Pump  power  densities  were  calculated  from  the  measured 
pulse  energy,  the  50  pm  stripe  width,  the  measured  stripe  length,  and  the  0.8  ns  pulse  duration 
specified  %  the  manufacturer  of  our  laser.  Pump  intensities  reported  in  this  work  represent 
incident  power  densities  at  the  sample  surface. 

RESULTS  AND  DISCUSSION 


Edge  Emission  from  GaN-AlGaN  Double  Heterostiiictures 


Polarization-resolved  edge  emission  spectra  obtained  at  a  pump  intensity  of  10  MW/cm^  are 
shown  in  Fig.  1  for  double  heterostructures  grown  on  SiC  and  sapphire  (hereafter  DH/SiC  and 
DH/sapphire,  respectively).  These  spectra  were  obtained  using  a  100  pm  excitation  stripe.  Note 
that  the  emission  for  the  DH/SiC  sample  (left)  is  much  more  intense  than  that  of  the 
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Fig.  1  Polarization-resolved  edge-emission  spectra  for  GaN-Alo.15Gao.85N  double 
heterostructures  grown  simultaneously  on  SiC  (left)  and  sapphire  (right)  substrates. 
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DH/sapphire  sample  (right)  grown  in  the  same  run,  and  that  the  DH/SiC  emission  is  strongly  TE 
polarized  (note  multiplication  factors).  The  ratio  of  peak  intensities  for  TE  and  TM  emission  (i.e. 
with  the  electric-field  vector  within  and  normal  to  the  layer  plane,  respectively)  is  ~9:1  at  this  pump 
intensity  and  excitation  stripe  length  in  the  DH/SiC  sample.  The  dependence  of  this  ratio  on  pump 
intensity  is  explored  further  for  this  sample  in  Fig.  2,  which  shows  peak  emission  intensity  as  a 
function  of  pump  intensity  for  both  polarizations.  The  emission  intensity  clearly  exhibits  a 
threshold  behavior  near  a  pump  intensity  of  5  MW/crh^,  above  which  the  output  intensity  increases 
rapidly  and  becomes  strongly  TE  polarized.  Similar  behavior,  while  much  less  pronounced,  was 
also  observed  for  the  DH/sapphire  sample  (data  not  shown). 


Pump  Intensity  (MW/cm2) 

Fig.  2  Polarization-resolved  peak  emission  intensity  for  edge  luminescence  from  a  GaN- 

Alo.i5Gao.85N  double  heterostructure  grown  on  a  SiC  substrate. 

The  effects  of  both  pump  intensity  and  excitation  stripe  length  on  the  TE-polarized  edge 
emission  spectra  are  explored  for  the  DH/SiC  and  DH/sapphire  samples  in  Fig.  3.  Results  for  the 
DH/SiC  sample  (left)  will  be  discussed  first.  Spectrum  (a)  was  obtained  at  a  pump  intensity  of  10 
MW/cm2  and  an  excitation  stripe  length  of  200  pm.  Halving  either  the  pump  intensity  (spectrum 
(b))  or  the  excitation  stripe  length  (spectrum  (c))  has  significant  and  qualitatively  similar  effects: 
The  luminescence  intensity  is  substantially  reduced,  the  spectrum  is  blue  shifted,  and  significant 
spectral  broadening  occurs.  Stripe  length  also  has  a  substantial  effect  on  the  polarization  ratio:  The 
TE:TM  polarization  ratio  at  a  pump  intensity  of  10  MW/cm^  increases  from  9:1  to  130:1  as  the 
stripe  length  is  increased  from  100  pm  to  200  pm  (data  not  shown).  Similar  behavior,  albeit  less 
pronounced  again,  is  observed  for  the  DH/sapphire  sample  (right).  Spectrum  (a)  was  obtained  at  a 
pump  intensity  of  30  MW/cm2  and  an  excitation  stripe  length  of  200  pm.  Reducing  the  pump 
intensity  by  a  factor  of  3  (spectrum  (b))  or  halving  the  excitation  stripe  length  (spectrum  (c))  clearly 
reduces  the  emission  intensity  in  a  nonlinear  way  and  broadens  and  blue  shifts  Ae  spectiiim. 

These  results,  particularly  for  the  DH/SiC  sample,  are  strongly  suggestive  of  stimulated 
emission.  Output  intensities  increase  in  a  superlinear  fashion,  the  emission  becomes  strongly 
polarized,  and  spectral  narrowing  is  clearly  observed  with  increasing  pump  intensity  in  these 
highly  excited  structures.  That  similar  behavior  is  observed  with  increases  in  excitation  stripe 
length  strengthens  this  conclusion,  since  it  provides  direct  evidence  of  optical  gain  along  the  stripe. 


951 


Wavelength  (nm) 


c 

=} 


j6 

w 

c 

B 

c 


c 

o 


E 

UJ 


GaN-AIGaN  DH  on  Sapphire 

—  750A  GaN  Active  Layer 
TE  Emission 

-  T=300K 


Ipump 

Lex 

(MW/cm2)  (pm) 

(a) 

30 

200 

(b) 

10 

200 

(c) 

30 

100 

360  370  380 

Wavelength  (nm) 


Fig.  3  TE-polarized  edge-emission  specti'a  for  GaN-Alo.15Gao.85N  double  hetero¬ 
structures,  grown  on  SiC  (left)  and  sapphire  (right)  substrates,  obtained  at  various 
photoexcitation  intensities  and  excitation  stiipe  lengths.  (Note  multiplication  factors.) 
Increases  in  either  photoexcitation  intensity  or  excitation  stripe  length  yield  superlinear 
intensity  increases  and  spectral  nan*owing,  particularly  in  the  sample  grown  on  the  SiC 
substrate. 

Laser  Emission  from  a  GaN-AIGaN  Quantum  Well  Structure 

Experiments  similar  to  those  described  above  were  performed  on  the  separate  confinement 
quantum-well  heterostructure  (SCQWH).  Standard  surface  photoluminescence  spectra  were  also 
obtained  for  this  structure,  however,  and  will  be  discussed  first.  In  Fig.  4  (lower  trace),  we  show 
the  spectrum  of  unpolarized  surface  luminescence  for  this  sample  obtained  at  low  excitation 
intensity  using  a  CW  HeCd  laser  as  a  pump  source.  A  strong  feature  peaked  just  below  360  nm  is 
clearly  evident,  and  presumably  originates  from  the  fundamental  transitions  in  the  GaN  quantum 
well.  This  feature  is  peaked  at  a  slightly  shorter  wavelength  than  the  emission  from  the  double 
heterostructures  discussed  above,  as  can  be  expected  from  small  compressive  strain  and  quantum- 
confinement  effects  in  the  150A  well.  The  position  of  the  shorter  wavelength  (~340  nm)  feature  in 
this  spectrum  is  consistent  with  emission  from  the  Al0.07Gap.93N  waveguide  layers. 

Under  sufficiently  high  excitation,  using  the  pulsed  nitrogen  laser  and  the  excitation  stripe 
geometry,  sharp  features  evolve  from  the  low  energy  side  of  the  quantum  well  photoluminescence 
peak.  The  emission  spectrum  obtained  at  a  pump  intensity  of  15  MW/cm^,  shown  in  Fig.  4  (upper 
trace),  exhibits  five  sharp  (~1  A)  lines  which  are  evenly  spaced  by  lOA  to  within  the  resolution  of 
the  spectrometer.  This  linewidth  and  spacing  is  consistent  with  Fabry-Perot  mode  structure  in  a 
short-cavity  edge-emitting  laser.  The  emission  is  strongly  TE  polarized,  with  the  TE:TM 
polarization  ratio  exceeding  100:1  at  this  pump  intensity. 

We  examined  the  pump-intensity  dependence  of  the  emission  spectrum  for  this  stmcture,  and 
found  positions  and  spacing  of  the  modes  to  be  stable  over  a  wide  range  of  pump  intensities.  We 
also  studied  the  dependence  of  the  TE  polaiized  emission  intensity  on  pump  intensity.  Output 
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intensities,  integrated  over  the  full  quantum- well  emission  spectrum  (from  356  nm  to  374  nm),  are 
shown  in  Fig.  5  for  pump  intensities  ranging  from  5  to  14  MW/cm^.  A  sharp  threshold  clearly 
exists  at  1 1  MW/cm^.  The  emergence  of  sharp,  evenly  spaced,  highly-polarized  peaks  above  a 
clear  photoexcitation  threshold  is  strong  evidence  that  the  SCQWH  sample  is  lasing  at  pump 
intensities  above  1 1  MW/cm^, 


Fig.  4  Photoluminescence  from  a  GaN-AlGaN  SCQWH  sfructure  obtained  from  the 
sample  edge  at  high  photoexcitation  (upper  trace)  and  from  the  sample  surface  at  low 
photoexcitation  (lower  trace).  At  high  excitation,  five  nanow  (~1A)  lines  spaced  evenly  by 
lOA  emerge  from  the  quantum  well  photoluminescence  peak  near  360  nm. 

The  lOA  spacing  of  the  modes  observed  in  the  emission  spectrum  at  high  excitation  levels 
corresponds  to  a  cavity  length  in  the  15-20  pm  range,  depending  on  the  wavelength-dependent 
refractive  index  assumed  for  this  SCQWH  structui'e.  Since  we  did  not  intentionally  create  a  cavity, 
we  assume  that  the  Fabry-Perot  modes  must  be  arising  from  a  cavity  created  by  parallel  cracks  in 
the  epitaxial  film  and  perhaps  the  cleaved  sample  edge.  Similar  results  were  obsei*ved  for  a  bulk 
GaN  film  grown  on  SiC  by  Zubrilov  and  co-workers  [1 1]. 
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CONCLUSIONS 

In  conclusion,  we  have  investigated  the 
polarization  and  spectral  properties  of  edge 
luminescence  from  GaN-AlGaN  hetero¬ 
structures  grown  by  MOVPE  and  optically 
excited  using  a  stripe  geometry.  Double 
heterostructures  grown  simultaneously  on  SiC 
and  sapphire  were  studied,  and  the  sample 
grown  on  SiC  showed  superior  emission 
characteristics.  Large  nonlinear  increases  in 
output  intensity  and  TE:TM  output  polarization 
ratio  with  increasing  pump  intensity  were 
observed  above  a  well  defined  excitation 
threshold,  and  were  accompanied  by 
substantial  spectral  narrowing.  These  emission 
characteristics  are  strongly  suggestive  of 
stimulated  emission,  particularly  since  similar 
trends  were  observed  with  increasing  excitation 
stripe  length.  We  also  examined  edge  emission 
from  a  separate-confinement  quantum  well 
heterostructure  with  a  150A  quantum  well. 

Five  sharp  (-lA),  evenly  spaced  (lOA),  highly 
TE-polarized  (TE:TM>100:1)  modes  emerge 
from  the  low  energy  side  of  the  luminescence 
spectrum  at  excitation  intensities  above  a  well 
defined  threshold.  We  believe  that  this  is  the 
first  demonstration  of  laser  emission  reported 
for  a  ni-V  nitiide  quantum-well  structure. 
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Pump  Intensity  (MW/cm^) 

Fig.  5  Integrated  intensity  of  edge  photo¬ 
luminescence  from  a  highly  excited  G^-AlGaN 
SCQWH  structure.  A  clear  threshold  is  evident 
near  a  pump  intensity  of  1 1  MW/cm^. 
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ABSTRACT 

GaN  ultraviolet  photovoltaic  and  photoconductive  detectors  were  grovm  on  sapphire 
substrates  by  metalorganic  chemical  vapor  deposition.  The  spectral  response  was  analyzed 
considering  the  detector  structure  of  a  p-n  junction  connected  back-to-back  with  a  Schottkty 
barrier.  Based  on  the  one-dimensional  model  of  abrupt  p-n  junctions,  the  diffusion  length  of 
minority  carriers  was  derived  to  be  about  0. 1  pm  in  n-GaN.  To  further  characterize  the  n-GaN 
material,  photoconductivity  experiments  have  also  been  realized.  The  majority  carrier  lifetime  of 
about  0.1  ms  was  obtained  by  analyzing  the  voltage-dependent  responsivity  of  GaN 
photoconductors.  The  current-responsivity  under  a  bias  of  8  V  was  about  1  AAV. 

INTRODUCTION 

The  III-V  nitrides,  with  wide,  direct  bandgap,  are  attractive  materials  for  developing  high 
performance  solar  blind  photodetectors  in  the  UV  region.  These  detectors  have  numerous 
applications  such  as  the  detection  of  solar  UV  rays  reflected  from  orbiting  craft,  engine 
monitoring  and  flame  detection,  whenever  there  is  a  visible  or  infrared  background.[l]  In  this 
paper  we  report  the  growth  and  characterization  of  GaN  photovoltaic  and  photoconductive 
detectors. 

EXPERIMENT 

Material  Growth  and  Characterization 


The  GaN  epitaxial  layers  were  grown  in  a  metalorganic  chemical  vapor  deposition  reactor 
(MOCVD).  Trimethylgallium,  trimethylaluminum  and  ammonia  were  used  as  Ga,  A1  and  N 
source  materials,  respectively.  The  Mg  source,  bis-cyclopentadienylmagnesium,  was  used  as  an 
acceptor  dopant  in  GaN.  The  growth  temperature  was  about  1000°C,  and  the  growth  rate  was 
0.5-1  pm/h.  The  carrier  concentration  for  autodoped  n-GaN  was  lO^Lio**  cm'^.  The  as-grown 
GaN; Mg  layer  was  semi-insulating.  After  annealing  in  N2-ambient  at  the  Mg  in  the  layer  was 
effectively  “activated”  to  produce  p-type  GaN,  with  a  typical  carrier  concentration  of  '  10*^ 
cm‘\  Further  details  and  characterization  results  have  already  been  reported. [2-4]  Optical 
evidence  of  the  transformation  to  p-type  GaN  is  seen  in  the  photoluminescence  data  for  the  p- 
GaN  film,  as  shovm  in  Figure  1 .  The  emission  from  p-type  GaN  was  broadband  and  red-shifted 
with  respect  to  the  position  of  the  peak  for  n-type  GaN,  ^cause  of  the  transition  from  the  donor 
level  to  the  acceptor  level  rather  than  from  the  donor  level  to  the  valence  band. 
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Figure  1 .  A  schematic  cross-section  of  the  GaN  photovoltaic  structure  with 

photoluminescence  of  the  n-  and  p-type  layers. 

Photodetector  Devices 


Both  a  photodiode  and  a  photoconductor  were  realized  using  GaN.  The  photodiode 
structure  is  shown  in  Figure  1.  The  substrate  used  was  sapphire  (00*1).  The  GaN  homo  p-n 
junction  had  a  0.5  pm  thick  n-  GaN  layer  and  a  2  pm  thick  p-GaN  layer.  The  geometry  of  the 
contacts  employed  circumvents  the  difficulties  in  etching  the  top  p-type  GaN  layer.  Instead  of  the 
classical  mesa  structure,  both  of  the  indium  contacts  were  put  on  the  p-type  layer.  The  small, 
center  contact  was  in  the  path  of  illumination  coming  from  the  backside  through  the  sapphire 
substrate.  The  much  larger  indium  metal  contact,  which  ran  around  the  perimeter  of  the  device, 
contacted  the  n-type  layer  through  the  p-type  layer  and  was  masked  from  the  illumination.  The 
separation  distance  of  the  contacts  was  on  the  order  of  2  mm.  Since  the  work  function  of  indium 
is  lower  than  that  of  p-GaN,  Schottky  contact  characteristics  for  p-GaN  are  expected.  [5] 

Figure  2  shows  the  structure  of  the  photoconductor.  The  substrate  used  was  sapphire 
(01 '2).  The  thickness  of  the  AIN  buffer  layer  and  the  n-GaN  layer  were  0.6  pm  and  5pm  thick, 
respectively. 


Figure  2.  A  schematic  cross-section  of  the  GaN  photoconductive  structure  with 
photoluminescence  of  the  n-type  layer. 

Ti/Au  contacts  were  evaporated  onto  n-GaN  for  a  thickness  of  200  A  and  1400  A,  respectively. 
The  stripe-contact  pattern  was  made  using  standard  photolithographic  techniques.  The  distance 
between  the  two  contacts  was  950  pm.  The  resistance  of  the  material  between  these  contacts  was 
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about  320  Q.  The  I-V  behavior  of  this  device  was  linear  in  both  the  forward  and  reverse-bias 
cases. 

Measurement  Methods 


The  spectral  responsivity  was  measured  using  a  Xe  lamp  light,  which  was  chopped  at  400 
Hz  and  focused  into  a  monochromator.  The  GaN  detector  was  placed  at  the  exit  slit  of  the 
monochromator,  and  a  standard  synchronous  detection  scheme  was  used  to  measure  the  detector 
signal.  The  optical  power  density  at  a  given  distance  from  the  output  slit  of  the  monochromator 
was  determined  after  a  calibration  of  the  optical  system  using  detectors  with  known  responsivities. 
We  were  then  able  to  normalize  the  spectrum  to  account  for  the  non  uniform  power  output  of  the 
lamp  at  different  wavelengths. 

RESULTS 

Figure  3  shows  the  spectral  response  of  a  GaN  photovoltaic  device.  Two  peaks  of 
opposite  signs  are  evident  in  this  spectral  response.  A  narrow,  positive  peak  is  observed  at  a 
shorter  wavelength  (X=362  nm).  The  photovoltaic  response  showed  a  negative  photovoltage  at 
longer  wavelengths,  peaking  at  375  nm.  The  spectral  response  of  the  photovoltaic  structure  can 
be  interpreted  by  considering  the  absorption  of  light  through  successive  layers,  at  the  p-n  and  the 
metal-semiconductor  junctions.  First,  the  photons  arrive  at  the  sapphire  substrate  and  are  not 
absorbed,  because  sapphire  is  transparent  for  the  photon  energies  considered  here.  AIN,  the  next 
layer  that  the  photons  pass  through,  acts  as  an  optical  filter  and  allows  only  photons  with 
wavelengths  greater  than  200  nm  to  pass  through,  while  absorbing  those  with  wavelengths  less 
than  200  nm.  Of  the  UV  radiation  that  can  reach  the  n-GaN  layer,  the  photons  with  wavelengths 
close  to  200  nm  are  absorbed  near  the  AIN  surface  and  photons  with  wavelengths  close  to  365nm, 
the  cutoff  wavelength  of  GaN,  are  absorbed  near  the  p-n  junction.  The  photogenerated  carriers 
created  shortly  after  the  AIN  interface  cannot  reach  the  depletion  region  of  the  p-n  junction 
because  the  diffusion  length  of  minority  carriers  is  typically  shorter  than  0. 1  pm.  This  explains 
why  the  spectral  photoresonse  is  almost  nonexistent  until  near  the  cut-off  wavelength  of  GaN. 
Photons  not  absorbed  near  the  p-n  junction  finally  are  absorbed  near  the  metal  contact,  which 
forms  a  Schottky  barrier  junction  with  p-GaN.  There  are  two  contributions  to  the  measured 


Wavelength(nm) 

Figure  3.  Spectral  responsivity  of  GaN  photovoltaic  device. 
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photovoltage;  one  results  from  carriers  swept  across  the  p-n  junction,  the  other  from  carriers 
swept  across  the  Schottky  junction.  At  wavelengths  very  close  to  365  nm,  the  photogenerated 
carriers  from  the  p-n  junction  are  dominant,  which  leads  to  a  large,  narrow  positive  peak  at  362 
nm.  In  contrast,  the  photogenerated  carriers  from  the  Schottky  barrier  are  dominant  at  slightly 
longer  wavelengths.  Thus,  a  relatively  small,  wide  negative  peak  appears  around  365  nm. 

The  peak  positions  and  intensity  are  dependent  on  the  thickness  and  doping  levels  of  the 
n-  and  p-GaN  materials.  Using  the  one-dimensional  model  of  abrupt  p-n  junctions  and  taking  into 
account  three  UV  absorption  regions  (p-GaN,  n-GaN  and  p-n  junction),  the  photoresponse  near 
362  run  was  calculated  and  fit  to  the  experimental  data,  as  shown  in  Figure  3.  Based  on  the 
theoretical  analysis  of  the  spectral  response,  the  diffusion  length  of  the  minority  carriers  was 
derived  to  be  about  0. 1  pm.  [6] 

The  current-voltage  (I-V)  characteristics  of  the  detector  show  a  forward  bias  tum-on 
voltage  of  about  4  V  and  a  reverse  bias  breakdown  voltage  of  -15  V.  The  series  resistance  is 
found  to  be  about  60  O.  The  p-type  layer  provides  the  load  resistance  to  the  junction. 

To  further  characterize  the  material  which  makes  up  the  photodiode,  an  n-type 
photoconductor  was  grown  and  characterized  to  obtain  information  such  as  majority  carrier 
lifetime  and  kinetics.  The  spectral  response  of  the  GaN  photoconductive  detector  shows  that  the 
cutoff  wavelength  was  about  365  nm.  Figure  4  shows  voltage-dependent  current  responsivity  at 
given  wavelength  of  360  nm,  where  the  peak  of  the  spectral  response  is  located. 


3 
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Figure  4.  The  Voltage-dependent  current  responsivity  and  lifetime  of  the  GaN  photoconductor. 

The  responsivity  increases  with  applied  voltage  up  to  6  V.  Above  6  V,  it  saturates.  Based  on 
simple  photoconductive  theory,  we  estimated  the  carrier  lifetime  from  the  voltage-dependent 
responsivity  to  be  about  0.1  ms,  as  shown  in  Figure  4.  Upon  further  analysis  of  these 
photoconductors,  it  was  found  that  there  is  a  linear  dependence  of  the  photocurrent  on  the 
incident  optical  power  and  a  logarithmic  dependence  of  the  responsivity  on  the  frequency  of  the 
incident  light. 

CONCLUSIONS 

Photodiodes  and  photoconductors  were  fabricated  using  GaN  grown  on  sapphire  by 
MOCVD.  The  spectral  response  of  the  photodiode  was  analyzed.  The  diffusion  length  of  holes  in 
the  n-GaN  layer  was  derived  using  the  one-dimensional  model  of  abrupt  p-n  junctions  and  found 
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to  be  about  O.l  |Lim.  The  cutoff  wavelength  for  the  photoconductor  was  about  365  nm  at  room 
temperature.  Based  on  the  voltage-dependent  responsivity,  a  lifetime  of  electrons  in  n-GaN  of  0. 1 
ms  was  estimated. 
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